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1.Motivation

1 Motivation

Copper alloys have an excellent electrical conductivity and, for this reason, have been used
widely for many years in power grids. However, the price of the copper alloys has increased
over time and a demand for new non-copper based conductive alloys has risen. The new alloys
should satisfy the required mechanical and electrical properties. The new alloys must have
high or comparable creep resistance, because the working temperature of the power grids
remains normally at 140 °C but can increase for short periods to 200 °C. Additionally, new
alloys should have high electrical conductivity and a reasonable price. Aluminum alloys are

among the most promising candidates.

Aluminum has a high electrical conductivity (2.65x 108 Q.m), which satisfies this requirement
for power grids. On the other hand, creep mechanisms in aluminum alloys are active at
temperatures of more than approximately 0.5 of the homologous temperature, which is equal
to 193.65 °C for pure aluminum, which is in the range of the working condition of the power
grids. In order to use aluminum alloys in the power grids, it is necessary to develop alloys with
an improved strength and creep resistance through different strengthening mechanisms.
There are different strengthening mechanisms such as work hardening, solid solution
hardening, precipitation hardening and dispersion hardening. Work hardening cannot in
practice be considered, because the material recovers at operation temperatures. Solid
solution hardening shows detrimental effects because high amount of substitutional or
interstitial atoms decreases electrical conductivity. Therefore, solid solution hardening (dilute
alloys), dispersion and precipitation hardening are the only possible useful mechanisms that
can be applied. Nevertheless, the typical age hardening aluminum alloys are not useful in
power grids, because the precipitates must be highly stable at the relatively high operation
temperatures. To meet these requirements only a handful of elements can be considered.
These elements are Cr, Cu, Fe, Mg, Mn, Ni, Si and Zr. Based on the mentioned elements, new
aluminum alloys were produced and investigated in the frame of ALLEE project. The produced
aluminum alloys were AA1070 (as a reference for the best electrical conductivity in aluminum
alloys), AA6101A, AA8076A, AA3105, AA6101 + Zr, AA6101 + Ni and different alloys in AINi,
AlNiFe, AlZr and AlZrFe systems.

In order to achieve our goal and have a well-directed structure, the following questions are

going to be examined in this dissertation in three chapters.
1



1.Motivation

1.1 Scientific questions
1- How can precipitation be simulated and which classical nucleation and growth models
can simulate the growth and dissolution kinetics of metastable phases? Can DSC curves
be used to calibrate these models and is this kind of calibration preferable to microscopy
imaging techniques? If so, is DSC sufficient? How far can this method substitute other
experimentally expensive techniques?
In order to predict the correct sequence of metastable phases, a model is needed which
should contain nucleation, growth and incubations models. The usual Zener growth law is not
able to simulate the dissolution of the particles at lower temperatures compared to the phase
diagram. In order to solve this problem, another growth law has to be implemented in the
code. Furthermore, the model needs calibration. Calibration used to be based on TEM
investigation which was time consuming. However, DSC curves could be useful tools to
validate the precipitation sequence. DSC experiments show the precipitation sequence and
the nucleation, growth and dissolution of the precipitates. Increasing the heating rate
increases nucleation, growth and dissolution temperatures and shifts the DSC curves to higher

temperatures.

A common method to calibrate this kind of models is TEM investigations, in which the phases,
the size of the precipitates, are determined. But it is time consuming and costly. The DSC
measurement can be a useful method to calibrate a model and reduce the TEM

measurements.

2- Can a simulation model help to tune alloys, old or newly designed for preselected
properties, in particular creep resistance and conductivity?

In order to obtain the maximum precipitation hardening, the precipitates should have a

certain size (ro), which corresponds to the particle radius at which the Orowan and the cutting

stresses for dislocations to cut particles are equal.

Models for the prediction of the yield stress and the hardness were also implemented in the
code to calculate the yield stress and consequently the hardness of the materials. Therefore,
the maximum yields stress during a heat treatment can be calculated and the results are
helpful to tune the strength of the simulated alloys. There are also functions to simulate the

electrical conductivity of the alloys based on the chemical composition of the materials.
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3- Which creep mechanisms are active at the application temperature and under different
stresses? How can we optimize the creep resistance of aluminum alloys without
compromising the electrical conductivity?

To address this question, the creep mechanisms which are active at the application

temperature should be determined through creep tests at different temperatures and

stresses. TEM investigations should prove if the defined creep mechanisms through the creep
tests are valid. If dislocation glide is the dominant creep mechanism, solid solution hardening

(dilute alloys), dispersion hardening and precipitation hardening could be helpful

strengthening mechanisms to produce new aluminum alloys, which are creep resistant and

have a comparable electrical conductivity with the copper alloys.
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2 Literature review

2.1 Precipitation hardening in aluminum alloys

2.1.1 Precipitation hardening

One of the most important processes for strengthening materials is age hardening. Through
age hardening the strength/density ratio increases, which is an important parameter in the
aerospace industry. Age hardened aluminum alloys are also the base materials used in
automotive applications. Precipitation hardening is the principle of age hardening, in which
second phase particles precipitate from a supersaturated solid solution. Precipitates and
matrix interface can be coherent, partially coherent or incoherent. The type of interface can

determine decisively how a dislocation interacts with a precipitate (e.g. [1]-[5]).

If a quenched super saturated solid solution is tempered at low temperatures, metastable
phases can appear. These particles usually have coherent or partially coherent phase
boundaries. In such cases, dislocations commonly cut the particles (see Figure 2.1.a). This
process will produce new interfaces, which increases the free energy of the crystal. This
energy must be compensated by the applied stress causing the dislocation motion[1]. The
strengthening contribution of the particles when cut depends on the particle radius and their

volume fraction (Eq. 1) (e.g. [1]):

_ ]73/2 N
ATC = T\/T\/6_Ev Eq. 1

where f is volume fraction, ¥ is an effective interface energy, r is the particle radius and E,, is
the energy of an edge dislocation. If the heat treatment is conducted for a long time, the
metastable particles grow and transform into stable phases that form incoherent boundaries
with the matrix. In this case, the dislocations can only bypass the particles (see Figure 2.1.b)
[1]. The stress which is necessary for dislocations to bypass particles, can be calculated

according to Orowan mechanism (Eq. 2) as [1]:

Gb
Tor = — f qu

r

Figure 2.2.a shows the theoretical dependence of strengthening on particle size. There is

always an optimum radius (Eq. 3) which delivers the maximum strength [1].

2
n="-V3 Eq. 3
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If the precipitates are smaller than r, dislocations pass them by cutting and if their radius is
bigger than rc, they will be by passed by the Orowan mechanism([1]. Figure 2.2.b shows the

effect of particles’ volume fraction on the Hardness [6].
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Figure 2.1. A dislocation-particle interaction (a) by the cutting mechanism (b) by Orowan’s
mechanism [1], [2].
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Figure 2.2. The dependence of strengthening on particle size. (a) Schematic from theories;
(b) effect of particles’ volume fraction on the Hardness [6].

2.1.1.1 2xxx, bxxx and 7xxx series aluminum alloys

Typical examples of age hardenable aluminum alloys are the 2xxx series aluminum alloys
containing Cu and Mg with copper as the major alloying element. Additionally, 6xxx series
aluminum alloys containing Mg and Si have been considered as the most promising age-
hardenable materials for automotive applications as well as the 7xxx series aluminum alloys

containing Zn, Mg and Cu with zinc as the major alloying elements [1], [7]-[10].

The 2xxx series aluminum alloys become hardenable mainly by the addition of Cu [11]-[14].
The maximum solubility of Cu in Al is 5.56% at 548 °C and it decreases to less than 1% at room

temperature. In order to observe the age hardening effect, the chemical composition of the
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alloy must be in a composition range that at high temperatures allows all the elements to be
in a solid solution whereas at lower temperatures the solid solution decomposes into two
phases. Figure 2.3.a shows the Al-Cu phase diagram on the Al-rich side. If a sample with a
composition close to the a-b-c line in Figure 2.3 is quenched after homogenization at 548 °C,
it will result in a super saturated solid solution. Afterward, if the sample is heat treated at
temperatures higher than room temperature but substantially lower than the solvus
temperature, the hardness of the sample will increase due to the nucleation and growth of
particles of a secondary phase (see Figure 2.3.b). The first hardening stage can be attributed
to the GP zones formation. By increasing time or temperature, a second peak is observed. This
is caused by the formation of 8’ phase. If the heat treatment continues further, the
precipitates grow further and the hardness decreases due to the Ostwald ripening [15]. The
sequence of formation of precipitates in 2xxx series aluminum alloys was described by
GPI+GPIll zones - 68’ - 6 (Al,Cu) or GPll zones - S”" - S’ - S1 and S2 (Al,CuMg)[1], [16]. The
formation of the S or 8 phase depends on the chemical composition of the alloy. Artificial

ageing can be done at the range of 130-170 °C for 2xxx series aluminum alloys [17]—[20].
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Figure 2.3. (a) The Al-Cu phase diagram o the Al-rich side, (b) age hardening curves of Al-
4%Cu-1%Mg [1], [21].

The 6xxx series aluminum alloys have been also the subject of several studies in recent years.
In particular, Al-Si-Mg alloys have displayed excellent mechanical properties owing to
substantial age-hardening upon heat treatment [3], [22]-[28]. These alloys are used widely
for automotive and aircraft applications. In commercial 6xxx series aluminum alloys, the

amount of magnesium and silicon content are set in such a way that allows forming a quasi-
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binary Al-Mg5Si alloy (Mg:Si 1.73:1). It is also possible to permit an excess of silicon, which is
needed to form Mg,Si. To tailor the mechanical properties in these alloys, it is essential to
know the exact precipitation sequence and their corresponding kinetics of precipitation and
growth. In this regard, there have been experimental investigations that have showed that the
precipitation hardening response is related to the Mg-Si phases [9], [29]-[31]. The sequence
of precipitation formation from the solid solution condition in Al-Mg-Si alloys can be described
as cluster - GP zones = B - B’ = B (Mg2Si), whereas the precipitation sequence of Al-Mg-
Si alloys with a high silicon content is believed to be GP zones - small precipitates with an

unknown structure - B” - B’ = Si > B (Mg,Si) [32]-[38].

The metastable precipitates are in nano-scale, therefore TEM is used to characterize them.
Figure 2.4 shows the bright field image of an AA6022 aluminum alloy, which is heat-treated to
260 and 300 °C at 10 °C/min after solutionizing and quenching [39]. TEM images have shown
that at 260 °C the precipitates are needle-like, between 20-40 nm long and with a diameter
between 2-5 nm. The overlap of diffraction patterns of the precipitates on the matrix
diffraction pattern can be observed along [010]Al zone axis due to the needle-like morphology
of the precipitates. The cross section of the precipitates of the quenched sample at 300 °C is

rectangular. This shape has been attributed to the B’ lath-like precipitates [28], [30], [39], [40].

In the as-cast condition, there are two types B precipitates. They are shown in Figure 2.5. One
type is shown to precipitate on the boundaries of the primary solidified a-Al(Mn,Fe)Si
particles. The mentioned precipitates are spherical and generally bigger than 2um. The second
ones are observed to appear in the matrix. These particles precipitate from the super
saturated solid solution. These latter precipitates are plate-like or needle-like and usually
smaller than 0.5 um. It is also stressed that higher content of the Fe leads to a lower volume
fraction of the Mg-Si phases. This is attributed to the absorption of the Si by a-Al(Mn,Fe)Si
phase and consequently lower Si content available in the matrix for the formation of the

particles Mg-Si particles [41].
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Figure 2.4. Bright-field TEM micrographs ([001]Al zone axis) of a AA6022 aluminum alloy
heated to (a) 260 °C and (b) 300 °C at 10 °C/min immediately after solutionizing and
quenching [39].

Figure 2.5. Optical micrographs of an Al-Mg-Si alloy [41].

In order to determine the precipitated phase in the matrix, a selected area electron diffraction
(SAED) pattern of the precipitates must be compared with known structures. Figure 2.6 shows
the predicted diffracted pattern of a [001] Al zone axis which contains needle-like precipitates
along the [010] and [100] zone axis of matrix. This pattern should be compared with the
experimental SAED patterns from the precipitates [30]. The structure of metastable and stable

Mg-Si phases are discussed in [28], [42].



2.Literature review

@ (001)AZmatrix orientation —0O |£_l| ® Al oQ o B
[100]
O+ x4 #ux t69 ek +xk + O . E . .
° ° ° ° ° (0221)p
3 i 3 3 ] o
:-r tx+.q¢)l = :m :u.+=- +: |3|§|h,1'
: 3 § H H :
- - - - - [
O+ w4 s#x « @ % ma +xx + O~ |00
» * * * " ] L 2 '. a ®
! ? ? ? *
; + tx+;qu * ; * :wm;+n + ;
? ? ? 1 ?
o o ° ° o
O+ sx4ssx #0% wx+xw +0
© 15° below (001 ] c
o15° fnbf" 33‘} needle along [010] . e ™
15° below (001
3 1s° above (o0y) { "eed'e atong|100]
« double diffraction

Figure 2.6. Predicted diffracted patterns of (a) a [001]Al zone axis which
contains needle-like precipitates B” along [010] and [100] zone axis of
matrix [30] (b) B’ and Q" with a same orientation relation[28].

The 7xxx series aluminum alloys deliver the highest precipitation hardening contribution
among all aluminum alloys. 7xxx series aluminum alloys contain Zn and Mg. The sequence of
precipitation formation from the solid solution in Al-Zn-Mg alloys is described as:
solid solution = GP-zones = n’ = n -MgZn; [43]-[47]. Studies have shown that the highest
contribution of the particles on the strengthening of the 7xxx series aluminum alloys is
observed after a single ageing at temperatures in the range 120-135°C. At higher
temperatures of 160-170 °C, the strength of the material decreases drastically due to the

formation of n or n’ phases [9].

The 3xxx series aluminum alloys have been used widely in packaging. The 3xxx series
aluminum alloys are denoted as non-heat treatable alloys. The diffusion of Fe and Mn, which
are the main alloying elements in the 3xxx series aluminum alloys, are rather low in the
aluminum matrix. Therefore, the usual strengthening mechanism in these alloys is work
hardening [48]—[50]. However recent reports have shown that a precipitation process occurs
in an as-cast AA3004 alloy and improves the mechanical properties and electrical conductivity
[51]-[57]. The partially coherent a-Al(Mn,Fe)Si dispersoids precipitated during heat
treatment and simultaneously primary Als(Mn,Fe) particles dissolved [58]-[60]. Figure 2.7
shows a 3D representation of the diffraction pattern. It indicates the dissolution and

precipitation of different phases during heating at 50°C/h up to 550°C for a 3003 aluminum
alloy [59].
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Figure 2.7. 3D representation of the diffraction pattern of a 3003 aluminum alloy during
continuous heating at 50°C/h up to 550°C [59].

2.2 Differential scanning calorimetry

Owing to the difficulty of directly observing the precipitation sequence, differential scanning
calorimetry has been used to determine the temperatures associated with precipitation and
thus capture the precipitation behavior indirectly [28], [35], [39], [61]—[67]. The method was
developed in 1962 by E. Watson [68]. In this method, a sample and a reference material are
heated simultaneously. During the heating of the sample, different physical transformations
can occur. These transformations release or absorb energy and thus influence the
temperature. Simultaneously, the differences between the sample’s temperature and the
temperature of the reference material are recorded. The recorded data can be converted to
energy changes, which occur in the samples during heating or cooling. During a DSC
measurement, the temperature is increased with a constant rate with respect to the time. As
long as no reaction happens in the sample, the temperature difference of the sample and the
reference material is zero. If an endothermic transformation occurs, the sample absorbs

energy and causes a delay in the temperature rise. When the transformation is completed,

10
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the system goes back to a dynamic equilibrium condition, meaning that the sample
temperature change approaches that of the reference material. If the transformation is
exothermic, the sample temperature rises and for a while, the temperature of the sample is
higher than the reference material [68]. The result of the DSC measurement is a curve of heat
flow with respect to temperature. An advantage of DSC measurements is that the recorded
curves shows clearly the precipitation and dissolution of precipitates [63], [69]. As an example,
Figure 2.8 shows the DSC curve of an Al-Mg-Si alloy at different heating rates. The first
exothermic peak A is attributed to the formation of solute atom clusters. Peak B shows the
dissolution of them. Peak C is due to the B precipitates which are needle-like. The next peak
D is interpreted as the growth process of B’ needles into B’ rods. The reaction E is probably
from the B-Mg.Si precipitation. It is also known that the excess Si accelerates formation of
cluster or B”. Figure 2.8 shows that increasing the heating rate shifts the peaks to higher

temperatures [34], [36].

D = 10K/ min
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| i e
4mwW of B === 50K/min

Figure 2.8. DSC curves of an Al-Mg-Si alloy at
different heating rates [34].

Osten et al. [70] investigated the effect of different heating rates on the precipitation
sequence and dissolution of particles in different 6xxx series aluminum alloys. They reported
that the initial microstructure affected strongly the dissolution and precipitation behavior of
the materials. Figure 2.9 shows the DSC curves of AA6005A and AA6016 with different heating
rates for the same initial conditions. The peaks shifted to higher temperatures by increasing
the heating rate. It has been claimed that the area under the peaks decreases by increasing
the heating rates [70]. This is attributed to the suppression of the diffusion process. When the

heating rate is higher, the precipitation sequence cannot be completed. Additionally, the

11
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precipitation and dissolution processes are diffusion controlled processes and their
dependency on heating rate is observable by following the evolution of peak H at different
heating rates in Figure 2.9. When the heating rate is higher, there is not enough time for
diffusion and the peaks are smaller and are shifted to higher temperatures. The different
height of the peaks c and d is related to the overlap of exothermic and endothermic reactions,
in which a faster dissolution kinetic and slower precipitation reaction are superimposed[67],
[70]. The kinetic and precipitation sequence of the T6 (artificially aged conditions) and the T4
(naturally aged) conditions are similar. Specifically, there are no peaks a and c. This is because
of precipitation of GP zones and B”, which formed previously during the T6 process. These
particles are dissolved at T4. The further sequence correlates with the development of the T4
natural aged condition. In order to show the different initial conditions, different aluminum
alloys were used. For a higher content of Mg and Si, formation of clusters (peak a) is observed
in the EN-AW6016 specimens in T4 condition. This peak followed the endothermic peak B,
which is attributed to the dissolution of the clusters. The peaks ¢ and d were reported
frequently as formation of B”and B’ precipitates. Consequently, peaks F and H are
endothermic reactions of the dissolution of these precipitates and g is the exothermic peak of
B formation. According to the EN-AW6016 samples, by overlapping of the dissolution and

precipitations, the peak formation of B was not observed.

This analysis shows that DSC is a powerful method to observe the precipitation kinetic in
materials, however it is necessary to use alternative methods to determine the phases which

are precipitated at certain temperatures.

2.3 Modelling of precipitation

Formation of new particles from a super saturated solid solution is termed precipitation and
can be considered as a reaction in a closed region in space and described in a thermodynamic
system. The free energy of the thermodynamic system, which is described by Gibbs free

energy G, can be considered as the driving force of the phase transformation[71]:
G=U+PV-TS Eq. 4

where U internal energy, P and V are pressure and volume. T is temperature and S is entropy.

The partial derivatives of the Gibbs free energy with respect to the states parameter are[71]:

12
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(a) T4 EN AW-60054, EN AW-6016 (b) T6 EN AW-6005A (T6 + overaged), EN AW-6016
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Figure 2.9. DSC curves of AA6005A and AA6016 with different heating rates for the initial
conditions (a) T4. (b) T6 [70].

(z_:)p,,\,i == Eq.5
(3—,5)T,Ni =V Eq. 6

Here p; is chemical potential of component i and N; is the number of moles of component i.
The precipitation process is considered in an isothermal and isobaric system. Therefore, the
chemical potential in the Eq. 7 is more important for the precipitation process. The Gibbs
energy of a system is described by the summation of the chemical potential of all the

components[71].

G= il N; Eq. 8
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Figure 2.10 shows a typical sketch of Gibbs energy vs composition. The driving force for the
precipitation of the B phase (dﬁ ) from a super saturated solid solution is described by

chem

Eq. 9 [71]:

b = — Zin(uf—uf‘) Eq. 9

chem

where Xiﬁ is molfe fraction of phase (.
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Figure 2.10. A typical Gibbs energy vs composition with an evaluation procedure for driving
force calculation [71].

Beside the chemical driving force, the capillary force and the elastic misfit stress (AGE))
reduce the driving force for precipitation. The capillary force stems from the pressure exerted
by the curvature of the interface on its surface. The second back driving force is the volumetric

lattice mismatch between matrix and precipitate that causes an elastic distortion and thus, an

increase of the free energy in the system[71].

2.3.1 Nucleation of precipitates

In 1935 Becker and Doring [72], [73] introduced a kinetic equation for the nucleation of
droplets from a super saturated vapor. This equation has been proven to be valid as long as
the amount of the phases are not comparable to each other. It is necessary to know the total

formation energy of a spherical nucleus to calculate the energy barrier at critical radius AG*
AG*(r) = AgT-%”r3 +y - 4mr? Eqg. 10
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where y and Agr are the interfacial energy and chemical driving force per volume. 7 is the
radius of the particle. The total formation energy has a maximum value, which can be
calculated according to the Eq. 12. The critical radius is the radius of nucleus at the maximum

value which can be calculated using Eq. 10.

. 2y
= Eq. 11
—dhem_pGEL,
3

G !
e
3. _%+A6vol

Here v*and AG{?})I are the molar volume of a phase and the elastic energy per volume,
respectively. The probability of a thermal fluctuation to be sufficient for nucleation is

calculated by an Arrhenius term, hence the nucleation rate (J) can be written as:

J=N exp(-22) Eq. 13

KT

where N describes the density and frequency of nucleation attempts, which will be discussed

in detail for the ClaNG model [71].

2.3.2 Growth and coarsening of precipitates

2.3.2.1 Zener growth model

The first theory of coarsening was proposed by Lifshitz and Slyozov [74]. Almost
simultaneously, Wagner described the coarsening with another model [15]. The Lifshitz model
was based on Zener’s growth law. Zener’s growth law is valid for spherical precipitates in a
binary alloy and is described by [75], [76]:

ar _ p;cf-cBr)

prriiaiion —Cf—ci“/ﬁ(r) Eqg. 14

Here D; is diffusion coefficient of element i in matrix. Cl.'g (r) and C{(r) are the concentration

of element i in the particle and in the matrix. Cia/ﬁ (r) is the concentration of element i at the
particle interface in the matrix and can be calculated by the Gibbs-Thomson equation. The
Gibbs-Thomson equation describes the effect of the curvature at the interface. According to
Zener’s law, the equilibrium concentration is only valid for a planar interface. The Gibbs-

Thomson equation can be described by [75]-[78]:
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2y.ym
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2.3.2.2 SFFK growth model

In 2004, Svoboda, Fischer, Fratzl and Kozeschnik developed a new growth model based on the
mean chemical composition of the matrix. This model is valid for all stages of the evolution of
the particles in a multi component system. It applies the extremum principle on the Gibbs
function and has proven to be in good agreement with other established simulation

techniques [79], [80]. Eq. 16 gives the growth rate of the precipitates in the SFFK model.

-1

Agr—(L cB_ca)’

o= 29T (r)[ ?=1(‘a )] Eq. 16
RTT cop;

2.3.3 Data representation

The first implemented nucleation and growth model was reported by Langer and Schwartz.
They considered the processes of nucleation, growth and coarsening to proceed
simultaneously. Their model describes droplet formation and growth in near critical fluids
[81]. The model delivers a time evolution of droplet density and mean radius. Later, the Langer
and Schwartz model was improved by Kampmann and Wagner [82] using a model for a
supersaturated solid solution. In the mentioned models, a single radius was used instead of a
precipitation size distribution. Later on, Wagner and Kampmann introduced a size distribution
to their model. The model can predict the evolution of the precipitation size distribution [83].
The evolution of the precipitation size distribution can be implemented with different
approaches. For instance, the mean radius approach, Lagrange-like approach and Euler-like
approach are three methods for the implementation of the radius of the precipitates in the
model. In simple cases, they deliver the same results but in more complex situations multi-
class approaches are necessary [84]. In the following two multi-class approaches will be

explained.

2.3.3.1 Euler-like approach

In this method, the precipitation size distribution is discretized in several size classes, and
there is a flux of the particles occurring at the boundaries of the fixed classes as particles
change their size. This is the method which Kampmann and Wagner used. Later on, Myhr et
al. proposed to keep the volume constant in the growth stage [85]. In this method, the time
increments must be calculated in a way that the highest change in a precipitation radius is
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equal to half of the class width. A new population of a class is calculated from the number
density and growth rate of the neighbor classes. The shifted amount of precipitates at the
boundaries is added to the neighboring classes. Figure 2.11 shows the growth of the particles
in the Euler-like approach. The flux between neighbor classes is calculated at each time step

[84].
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Figure 2.11. The growth of the particles in the Euler-like
approach[84].

2.3.3.2 Lagrange-like approach

Maugis et al. proposed the Lagrange-like approach [86]. In this approach, the population of
the classes is unaffected by growth; only nucleation and dissolution affect the populations.
Growth is considered by altering the size corresponding to each class. As usual, too short time
steps lead to slow simulations, and too large time steps lead to numerical instabilities.

Figure 2.12 shows the nucleation and growth steps within a Lagrange-like approach [84].
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Figure 2.12. Nucleation and growth steps within a Lagrange-like approach [84].
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2.3.4 DSC modeling

DSC measurements are an excellent tool to validate simulation models. Understanding the
precipitation kinetics during the isothermal and non-isothermal heat treatment is essential to
predict microstructure evolution and tailor the alloy to specific applications. For this purpose,
in recent years, the simulation of isothermal heat treatments has been investigated widely
[75], [85], [87], [88]. However, simulations of non-isothermal heat treatments, which are more
relevant for technical applications, have been less frequent, in particular, in conjunction with
a comprehensive validation. This last point is very relevant because in most cases the
validation of the models have relied on observations with poor statistics such as particle size
or volume fraction, which are performed by TEM microscopy, owing to the very small size of
the particles[88]. Evidently, dissolution and precipitation of phases are difficult to characterize
accurately by this method. An alternative to this method is the use of DSC measurements that
can capture such events depending on the type of the reaction. In fact, DSC curves have been
frequently utilized to characterize phase transformations, and in the specific case of Al alloys,
these curves have been even recently simulated. For instance, Khan et al. introduced a first
model for the simulation of DSC curves [89], [90] that was used by Falahati et al. [91]-[93] to

simulate DSC curves in two aluminum alloys, 6xxx and 2xxx. Khan et al. defined the heat flow

¢ as:

_ sys Al T d(hsys hAl) AT
¢ = (e —cp) x5 = A & Eq. 17
Sys . i ey
where pr and c,‘,‘” are the alloy and pure reference aluminum specific heat capacities,

respectively; hYS and h“! are the alloy and pure Al specific enthalpies, respectively and AT/At
is the heating rate. It is noted that in this model the effect of interfacial energy on the heat

flow had not been considered.

Hersent et al. calculated the released and/or absorbed energy by using the classical Gibbs

model [94]:
w _1 .gss Agy!
Gsys N 4 (Vss p fv Vsys) Eq 18

where Gg) is the total Gibbs energy per unit volume of the system, g is the Gibbs molar
enthalpy, Agy' is the difference of the Gibbs molar energy between the precipitates and the

solid solution, and V' and V™ are the molar volumes of the solid solution and the
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precipitates, respectively. f,, is the volume fraction of the precipitates and A is the total
interface area developed by the precipitates. These models or slight variations of them have
been used to predict DSC curves. For instance, Starink et al. [89], [95] simulated the DSC curves
of a 2024-T351 Al-Cu—Mg alloy using basically Khan’s model (Eq. 1). They studied also the
effect of the heating rate, which shifts the peaks, in a 2024-T351 alloy. In their approach, they
implemented a time delay which depends on the interfacial energy, which in turn varies with
the temperature [89]. These models have simulated the DSC curves with good accuracy.
However, it must be stressed that some improvements can still be done by considering the
effect on the energy of nucleation at preexisting lattice defects and explicit incubation time
models. In the present study, a new model to describe endothermic und exothermic reactions

during heat treatment of Al-Mg-Si alloys was developed and DSC curves used for calibration.

2.4 Creep mechanisms in aluminum alloys

High creep resistance is important for the conductor metals in power grids, because of the
high working temperatures and stresses, which leads to activation of the creep mechanisms.
Creep is a deformation mechanism which occurs in metals at high temperatures under a
constant load or stress[1], [96]. Creep is a thermally activated process. According to
established understanding, it needs a high vacancy concentration and thermal movement of
atoms. Figure 2.13.a shows a typical creep curve, which shows the strain with respect to time
and Figure 2.13.b shows the strain rate as a function of time. Increasing the stress at a constant
temperature or increasing the temperature at a constant stress decreases the steady-state

creep region [1].

The creep deformation is divided into three areas:

1. Primary creep: The strain increases with decreasing strain rate
2. Secondary creep: The strain increases linearly with a constant strain rate
3. Tertiary creep: The strain increases exponentially with increasing strain rate

until fracture

The secondary stage of creep (steady-state creep) is the most important stage. It depends on
temperature and the applied stress[96]. Steady-state creep refers to the region in the creep
curves in which essentially, the substructure is quasi-static as dislocation multiplication and

dynamic recovery are in balance. Whereas, the substructure formation depends on the
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formation of a dislocation network. The secondary creep refers to the same region in the curve
and is a region between tertiary and primary creep [97]. If a second and tertiary creep stage
is not clearly observed, the minimum creep rate is used instead. The steady-state creep rate

€ can be described as a function of stress o (known as “power-Law”) and temperature T:

1

increasing o, T

I T

| increasingo, T |

€= [ ! —+

N ol e

(@) (b)

Figure 2.13. (a) A typical creep curve: strain as a function of time. (b) schematic curve of
strain rate as a function of time [1].

€ = Ao exp (— k%) Eq. 19

where A is material and Temperature dependent [1]. The n-value is the creep stress exponent,

Q is the activation energy and K is the Boltzmann constant.

There are different mechanisms which may contribute to creep. A common classification is
dividing the creep mechanisms into: Dislocation creep, Grain boundary sliding and Diffusion

flow caused by vacancies[98].

2.4.1 Dislocation creep

Dislocation motion is separated to two different types: slip and climb. Slip means dislocation
motion in their slip planes. Whereas in climb, the motion is normal to the slip plane. If the
stress is above the yield stress (on the order of a tenth of the theoretical shear strength (G/10),
dislocation glide is the active deformation mechanism. If the stress is lower, as is usually the
case in creep, continued slip of dislocations is only possible in combination with climb of the

dislocations. In any case, whether the slip is accompanied with climb or not, dislocation
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multiplication takes place with increasing strain. This leads to an increased critical stress, i.e.
work hardening. In a creep experiment, the external stress is kept constant. This means that
the creep rate decreases with increasing strain. However, there are also recovery processes,
i.e. a reduction of dislocation density. When the dislocation multiplication and the recovery
processes reach a balance, a quasi-steady state condition is reached. This is one possible

explanation of the secondary creep stage.

Recovery is governed by the slip and climb of the dislocations, which also depends on the
vacancies diffusion. It is common to consider the same activation energies for self-diffusion

and for creep [98].

2.4.2 Grain boundary sliding

Grain boundary sliding (GBS) is known as a process in which the grains slide along their
common boundaries (see Figure 2.14) [99]-[101]. Surface marker lines were used by Moore
et al [102], [103] to observe the developed step at the intersection of the line with the grain
boundaries. GBS was observed in different materials [104]-[106]. Grain boundary sliding is
divided into Rachinger sliding [107] and Lifshitz [74] sliding. In Rachinger sliding, the grains
keep their original shape, but they are displaced with respect to each other. This occurs under
creep condition in polycrystalline samples when the number of grains increases along the
tensile direction within the gauge length. The second one occurs in Nabarro-Herring and Coble
diffusion creep and develops an offset between the markers as a direct consequence of the
stress-directed diffusion of vacancies [108]. GBS may be responsible for 10—65% of the total
creep strain. The contribution of the GBS to the creep strain increases with increasing the
temperature and decreasing grain diameter[101]. The latter means that in order to minimize
grain boundary sliding, the grains should be large. Unfortunately, this also means that any
strengthening effect related to grain boundaries is not a good option to minimize creep. For
instance, the Hall Petch stress increases the strength of the material at low grain diameters
[109], [110], but at the same time low grain diameters promote higher creep rates due to grain
boundary sliding. Additionally, grain boundaries are sources of vacancy formation, such that
a higher amount of grain boundaries leads to higher vacancies presence, which will increase
the dislocation climb[98]. Eq. 20 [111]-[113] and Eq. 21 [114] are models to calculate the

steady-state creep rate in GBS.

. , 2
g(dg<subgrains size) = A (b/dg) (O'/G)Z (ngGb /kT) Eq- 20
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. , 1
€(dg>subgrains size) = A (b/dg) (0/6)3 (ngGb /kT) Eq. 21

Figure 2.14. The occurrence of GBS revealed by the boundary offsets in a
transverse marker line for an Mg-0.78%Al alloy tested under creep condition at
200 °C. The tensile axis is horizontal [101].

2.4.3 Diffusion flow caused by vacancies:
The diffusion creep mechanisms can be divided in three regimes, which are characterized by
their stress exponents (see Figure 2.15). One for low stress exponent (n = 1-2), one for

intermediate stress exponent (n = 4-5/3-6) and one for high stress exponent.

g > dy > 9y

Y m———— - - -

toglégs) [arbitrary units)

loglo) [arbitrary units]

Figure 2.15. Creep regimes in
dependence on stress. [96]
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2.4.3.1 Nabarro-Herring creep

Nabarro reported that in polycrystalline materials, self-diffusion within the grains causes
yielding. Nabarro claimed that the effective viscosity is proportional to the square of the grain
diameter (dg). Figure 2.16 shows the self-diffusion path of the elements in this creep
mechanism. This phenomenon leads to creep at very high temperatures and very low stresses.
Afterward Herring has explained that the presence of a pressure gradient leads to a diffusion
flux of atoms in a direction which will relieve the inequality of pressure. This pressure gradient
is energetically advantageous to move the lattice defects. In absence of a pressure gradient,
diffusion flux of atoms is proportional to the gradient of the concentration of these lattice

defects. Herring has proposed a model to calculate the steady-state creep rate Eq. 22 [115].
¢ =100 D, /(dy)” kT Eq. 22

where () is the atomic volume and D;is lattice diffusion coefficient.

!

— B
/ ;

E MACROSCOPIC
STRESS

Figure 2.16. The self-diffusion within grains which
causes creep in polycrystalline materials [115].

2.4.3.2 Coble creep

In 1963 Coble has developed a model for grain boundary diffusion controlled creep in
polycrystalline materials. Coble found that the diffusion coefficients calculated via the
Nabarro-Herring model from experimental creep rates were much larger than the self-
diffusion coefficients. He explained the discrepancy by the diffusion through the grain
boundaries [116]. He found that the stress exponent for both the lattice and grain boundary

diffusion is the same. Thus, the only method to distinguish between the models is the grain
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diameter dependency. Coble proposed that the exponent p in 0/(dg)p is equal to 2 in the

lattice diffusion model, and equal to 3 for boundary diffusion (see Eq. 23).
¢ =148 (DypW) Q /(d,)” kT Eq. 23

Here W is the effective boundary width and Dg, is the boundary diffusion coefficient.

2.4.3.3 Harper-Dorn creep

The Harper-Dorn creep mechanism is active at extremely high temperatures and at very low
stresses, which explains the dislocation-climb theory. The Harper-Dorn mechanism is
dominant in stress range up to 2.0 MPa [117]. Figure 2.17 shows the Harper-Dorn regime and
Nabarro-Herring for different grain diameters for a pure Al [118]. The activation energy at high
temperatures is equal to the activation energy for the self-diffusion mechanism, which is also
the same as for the Nabarro-Herring creep mechanism, but the subgrain boundary formation
shows that dislocation climb does occur. At high temperatures, the dislocations, which are
piled up at the barrier, can escape the traps by climb. The observed steady-state creep is about
1400 times more than the Nabarro-Herring creep mechanism[117]. Yavari et al. [118]

proposed the steady-state creep rate:

— 1
& = Ayp (0/G)* (D,Gb /kT) Eq. 24
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Figure 2.17. The temperature compensated shear strain
rate vs. normalized shear stress (t/G) for pure Al [118].
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2.4.4  Low-temperature creep

In 2013, Matsunaga et al. reported that at low temperatures (Less than 0.4 melting
temperature) a new creep mechanism can be active. This new creep mechanism was added
to the deformation mechanism maps. Figure 2.18 shows the new deformation mechanism
map[119]. The grain diameter exponent (p value) is equal to zero, which means that the new
creep mechanism is independent of the grain diameter. The creep exponent is 4 and increases
to 6 when the temperature increases and the activation energy is 30 kJ/mole. 30 kJ/mole is
less than the self-diffusion activation energy and implies that the self-diffusion processes are
not dominant [119]. The rate controlling process is dislocation annihilation by cross slip at cell
walls (see Figure 2.19). Table 2.1 shows the exponents n and p and the activation energy for

different regimes [119].
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Figure 2.19. TEM images of cell walls taken
after 8.6 x 10°s creep under 30MPa at 300K
for 5N Al [119].

Figure 2.18. The re-drawn maps for 5N Al
with d = 140 um [119].

Table 2.1. Creep parameters n, p and Q for different creep regimes [119].

Creep region n P Q
New low-temperature creep 4 0 30kJ/mol
Low-temperature dislocation creep 6 0 82 kJ/mol
High-temperature dislocation creep 4 0 142 kJ/mol
Coble creep 2 3 84 kJ/mol
N-H creep 1 2 142 kJ/mol
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2.4.5 Methods to improve creep resistance
Dislocation motion and diffusion are two main creep mechanisms that control the creep rate.
Retarding the dislocation motion and diffusion are important to improve the creep resistance

of alloys.

In order to reduce the dislocation motion under a certain stress, the metals with higher
melting temperature are preferred. Additionally, introducing obstacles which increase the
needed stress to move the dislocations through a lattice by the Orowan mechanism, is useful.
Additionally, metals with bigger grain diameters contain less grain boundaries, which are
considered as fast diffusion paths. A larger grain diameter reduces the amount of grain
boundaries and is used to reduce the fast diffusion paths. Therefore, Coble creep takes place
through longer diffusion paths, and the steady-state creep rate decreases. In addition, the
impact of grain boundary sliding decreases. Additionally, it is important to note that a grain
refinement as a strengthening mechanism for low temperature applications of a material will
have negative effects on the creep resistance [120]. On the other hand, solid solution
hardening and precipitation hardening are the most useful methods. Solute atoms reduce the
electrical conductivity, therefore solid solution hardening is not a useful method for power
grids. In the following, the effect of precipitation of the secondary phases on the strain rate

and creep behavior will be explained in detail.

Precipitates restrict the mobility of dislocations and reduce the steady-state creep rate which
is controlled by dislocation climb. Precipitates can also reduce the grain boundary sliding, if
the precipitations are placed at grain boundaries. An optimum increase of creep resistance
can be achieved by forming equally dispersed fine particles which are also thermally stable.
The precipitations should not dissolve or coarsen during the application at high temperatures.
Coarsening causes a decrease of strength, because the dislocations need lower stress to
bypass the precipitates [120], [121], and dissolution would remove their strength contribution
entirely. This holds for normal deformation (including work hardening) as well as creep.
Therefore, a small diffusion coefficient of particle elements is ideal to prevent any change of
particles. A low solid solubility is preferable because of low resistivity, and because all material
tends to be consumed by the particles. Both properties are important factors for the
precipitations to remain stable at high temperature applications and keep a constant

effectiveness in hindering the dislocations from moving through the crystal [121].
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Figure 2.20 shows the decrease of the Orowan stress with increasing precipitation radius for
different precipitate volume fractions. Unlike the nickel base super-alloys for example, the
dislocations in aluminum are also able to bypass precipitations by climbing out of their glide

plane, which reduces the creep resistance compared to nickel base alloys.

An elongation of the dislocation length results during the bypass of the precipitations and
leads to an increase of the needed stress to keep the dislocation movement, which results in
the occurrence of a threshold stress, called the Orowan stress. As long as the precipitations
are not sheared, a smaller size of the precipitates is accompanied with a higher creep
resistance and also a higher threshold stress. Therefore, it can be assumed that smaller
particles are always preferred. In the climbing mechanism, which is different from Orowan by-
passing, the elongation during this climb leads to a threshold stress, which is also proportional

to the Orowan stress [121]—-[124].

If the precipitations are coherent, elastic interactions can also increase the threshold stress.
The elastic interaction energy depends on the size of the particles and their shear modulus. If
the shear modulus is higher, the interaction energy is higher [125]. In addition, the surface
energy between the precipitation and the matrix decreases with higher coherency. Therefore,
the driving force for precipitation coarsening is reduced when the precipitations are coherent
and the stability of the precipitations at higher temperatures is increased. This is why coherent
precipitations are preferred over incoherent particles [121]. However, they should be large

enough in order not to be sheared by dislocations.

If too many precipitates are formed, they can also act as crack nucleation points, when the
precipitates appear as a chain through the crystal. The large interface area will act as a

predetermined breaking point [120].

In the 2xxx series aluminum alloys, the maximum allowable working temperature is less than
120 °C, above this temperature coarsening occurs. In order to improve the creep resistance of
2xxx series aluminum alloys, new elements were added to form dispersoids [9]. One of the
aluminum alloys which poses a creep resistance up to 50 000 hours at moderate temperatures

is AA2618 (RR85). Even in this case, the maximum temperature does not exceed 120 °C [9].

Figure 2.21 shows the creep rate dependence on the applied stress for a particle reinforced

alloy. At low stress regime, the creep exponent is 1, which implies that the precipitates have
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stopped the dislocation motion, therefore either the diffusion creep mechanism is the
predominant creep mechanism or the dislocations pass the particles via climb [96]. The active
creep mechanism in the low stress regime could be either Coble, Harper-Dorn or Nabarro-
Herring creep. At higher stresses the precipitates can be bypassed. The minimum necessary
stress to observe dislocation creep is the threshold stress ory,. The most widely used approach

to describe the effect of stable precipitates on the steady-state creep rate is:
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Figure 2.20. The Orowan stress as a function of mean precipitate radius
[121].

¢ =4y ((0—orp)/G)" exp(—Qo /kT) Eqg. 25

Where o — ary, is the effective stress [96], [126]-[129] ,Q is the activation energy, T is the

absolute temperature, and K is Boltzmann constant.

Figure 2.22 shows the effect of precipitation hardening and solid solution hardening on
shifting the creep rate vs. stress curves to higher stresses. It should be mentioned that solid
solution hardening shifts the curve roughly uniformly. The Al-Mg alloy is an example of solid

solution hardening. In the Al-Mn alloy, which is an example of precipitation hardening, the
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shifting of the curve is not uniform. In other words, at low stress and high temperatures the

effect of precipitates are more dominant than at lower temperatures and high stresses [126].
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Figure 2.21. Schematic creep rate dependence on the applied stress for a
particle reinforced alloy [96].
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Figure 2.22. The creep rate vs. applied stress for different aluminum alloys
[126].
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Aluminum has a low melting temperature and hence, at relatively low temperatures the creep
mechanisms are active in aluminum alloys. For this reason aluminum is one of the few metals
which has been subjected to deeper creep investigations. Therefore, more accurate equations
are available to evaluate the creep process, as well as, already investigated n and Q values of
different alloys, which can be used as a reference. Eq. 26 shows the dependency of the steady
creep rate on stress and temperature. It is a more accurate form of Eq. 19 for most aluminum

alloys. [120]

s = A+ 22 (LY (2) exp (- 2) £q. 26

It has to be noted that the form of the formula may change in different publications and for

different alloys, so a comparison of values and results has to be done carefully. In pure

aluminum, the active creep mechanisms are the same as mentioned in all other pure metals.

Determination of the dominant creep mechanism becomes more complicated in alloys
compared to the pure metals. The influence of precipitations, intermetallic compounds and
impurity atoms have to be considered. The first regime (purely diffusion creep, Nabarro-
Herring, Coble and Harper-Dorn Creep) and third regime (power law breakdown) remain
mostly unchanged. The second regime (creep controlled by dislocation motion), can now be

divided into three sub-regimes (see Figure 2.23) [120].

llc IIb lla

log(€ss) [arbitrary units]

log(o) [arbitrary units]

Figure 2.23. An example for n-values of alloys and solid solutions [120].
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The first and third part in the second regime (lla, lic) are similar to the second regime in pure
metals. The creep velocity is controlled by climb as it is the slowest mechanism. The reason
for the sub-regime in the second regime is the attraction between dislocations and solute
atoms. For lower stresses the velocity of the dislocation climb mechanism is lower than the
diffusion rate of the solute atoms and the stress exponent is equal to pure metals with
dislocation controlled creep. If the stress rises the dislocation climb velocity surpasses the
diffusion velocity of the solute atoms. In this regime, the climb of the dislocations is restricted
by the solute atoms, because the solute atoms are attached to the dislocation, so the
dislocation movement is restricted and the slower mechanism controls the creep velocity (lIb)
(“viscous drag”). If the stress rises more, the dislocations can break free from the solute atoms

and dislocation climb is the controlling mechanism again [120], [130], [131].

The influences of alloying on the dominant creep mechanism depends strongly on the alloying

elements and their concentration and it is not possible to give a general statement. [120]

In order to investigate the creep behavior of the materials, it is important to know that a high
n-value may not always be accompanied by a low creep resistant alloy. A high n-value can also
follow on a region, in which an increased creep resistance is present. This low creep rates are
caused by inhibiting of the dislocation movement, for example by precipitations. These
precipitations form a border, which the dislocations cannot surpass until a certain stress is
reached. If this threshold stress is surpassed, the steady creep rate increases rapidly, until it is
in the range of the steady-state creep rate of pure metal, or matrix. The steady-state creep
rate will then proceed parallel to the curve of the matrix element. The upper line in

Figure 2.21 shows a pure metal, while the lower one represents a reinforced alloy [120]-[121].

The threshold stress often marks a border at which a change in the creep mechanism takes
place. Dislocation motion can be suppressed up to a certain stress by the precipitations. By
exceeding that stress the precipitations can be surpassed by different mechanisms, like
cutting, Orowan by-pass and climb. In most cases, the Orowan mechanism, or in general
bypassing mechanisms are the most common assumption, over cutting mechanisms [120]. If

a threshold stress is determined, Equation Eq. 26 is reformulated as:

s = a0 x 2 () (55) e (—53) £q.27
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An investigation by Deshmukh, Mishra, & Kendig showed that most of the used models to
calculate the threshold stressin aluminum alloys are not able to represent the actual threshold
stress, which was measured in experiments (see Figure 2.24). The experiments with the Al-
6Mg-2Sc-1Zr alloy showed a strong decrease of the threshold stress with temperature. It drops

from 97 MPa at 150 °C down to 8 MPa at 260 °C [132] [133].
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Figure 2.24. A comparison between calculated and measured threshold stresses [133].

To determine the threshold stress, the stress is plotted against the creep rate to the power of
1/n on a double linear scale, for different stress exponents (n). If the points are fitted to a
straight line at constant temperature, according to the Eq.27 an extrapolation to zero strain
rate gives the value of grj. This method is not related to the double logarithmic methode,
which used to calculate the n-value. An example is shown in Figure 2.25. The left picture shows
a stress exponent equal to 3, while the right picture shows a stress exponent equal to 8. The
middle picture represents the fitting stress exponent equal to 5. The intersection with the x-
axis shows the point where the creep rate is zero, even though the applied stress is not zero.
This value is considered as the threshold stress for the respective temperature [134]. The
stress exponent equal to 3 is for creep dislocation glide [135], [136], equal to 5 is related to
dislocation climb (lattice diffusion) [135], [137], [138] and equal to 8 is for lattice diffusion-

controlled creep with a constant structure [139].
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Figure 2.25. Graphic determination of a threshold stress [134].
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3.Modelling of differential scanning calorimetry of precipitates

3 Modelling of differential scanning calorimetry of precipitates

3.1 Introduction

6xxx series aluminum alloys containing Mg and Si have been considered as the most promising
age-hardenable materials for automotive applications. These alloys have been the subject of
several studies in recent years (e.g. [3], [7], [8], [22], [23]). In particular, Al-Si-Mg alloys have
displayed excellent mechanical properties owing to substantial age-hardening upon heat
treatment. To tailor precisely the mechanical properties of these alloys, it is fundamental to
know the exact precipitation sequence and their corresponding kinetics of precipitation and
growth. In this regard, experimental investigations have shown that the precipitation
hardening response is related to the Mg-Si phases [9], [29]-[31]. The sequence of precipitate
formation from the solid solution condition in Al-Mg-Si alloys with moderate Si content can
be described as clusters > GP zones - B” - B’ = B (MgzSi), whereas the precipitation
sequence of Al-Mg-Si alloys with high Si content has been described to be GP zones - small

precipitates with an unknown structure - B - B’ = Si = B (Mg2Si) [32].

Owing to the difficulty of direct observation of the precipitation sequence, DSC has been used
to determine the temperatures associated with precipitation and to capture the precipitation
behavior indirectly, and has been simulated by means of the ClaNG model, which is based on
the classical nucleation and growth theory. An advantage of DSC measurements is that the
recorded curves show the precipitation and dissolution of precipitates in-situ [63], [69]. For
this reason, DSC is also an option to validate simulation models. Understanding the
precipitation kinetics during isothermal and non-isothermal heat treatments is essential to
predict microstructural evolution and to tailor the alloy to specific applications. For this
purpose, in recent years, the simulation of isothermal heat treatments has been investigated
widely [75], [85], [87], [88]. However, either simulations of isothermal heat treatments were
conducted (e.g. [140]—-[142]) or simulations of non-isothermal heat treatments, which are
more relevant for technical applications. Simulations of non-isothermal heat treatments have
been less frequent to our knowledge, in particular, in conjunction with a comprehensive
model validation (e.g. [89], [91]-[93], [95], [143]). This last point is very relevant because in
most cases the validations of precipitation models have relied on observations with poor
statistics owing to the very small size of the particles, such as particle size or volume fraction

derived by Transmission Electron Microscopy (TEM) [88]. Evidently, dissolution and
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precipitation of phases are difficult to characterize accurately by this method. An alternative
approach is the use of DSC measurements that can capture such events depending on the type
of the reaction. In fact, DSC curves have been frequently utilized to characterize phase
transformations. In the specific case of Al alloys, DSC curves have also been simulated recently.
For instance, Khan et al. introduced a first model for this purpose [89], [90] which was used
by Falahati et al. [91]—-[93] to simulate DSC curves in two aluminum alloys, 6xxx and 2xxx. Khan

et al. defined the heat flow ¢ (unit: W/g) as:

d(hSyS_hAl) .

¢=(c;° —cf) T=———T Eqg. 28

p

Sys . S ey
where ¢’® and clé“ are the alloy and pure reference aluminum specific heat capacities,

p

respectively; hSYs and h2! are the alloy and pure Al specific enthalpies, respectively, and T is
the heating rate. It is noted that in this model the effect of interfacial energy on the heat flow
has not been considered. Hersent et al. calculated the released or absorbed energy by using

the classical Gibbs model [94]:

w o 1(g5 | Agp LA
Gsys_p(vggl i fvtvy Vors Eq. 29

where G‘s"g,s is the total Gibbs energy per unit mass of the system, p is the mass density, g&s is
the Gibbs molar enthalpy of the solid solution, Aggl is the difference of Gibbs molar energy
between the precipitates and the solid solution, and Vgu and Vgn are the molar volumes of the
solid solution and the precipitates, respectively. fy is the volume fraction of the precipitates
and A is the total interface area developed by the precipitates. These models or slight
variations thereof have been used to predict DSC curves. For instance, Starink et al. [89], [95]
simulated the DSC curves of a 2024-T351 Al-Cu—Mg alloy using basically Khan’s model (Eq. 1).
They also studied the effect of the heating rate, which essentially shifts the precipitation
reaction on the time axis, in a 2024-T351 alloy. In their approach, a time delay At = AT/T was
implemented that accounts for the fact that a certain undercooling AT is required to provide
the energy needed to create the interface [89]. These models have simulated their specific
DSC curves with good accuracy. In the present work, further improvements are made by
accounting for the duration of precipitate nucleation after the particular phase becomes

stable. In addition, nucleation at preexisting lattice defects is considered. The new model is
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used to describe endothermic und exothermic reactions during heat treatment of an Al-Mg-Si

alloys, and it is validated and calibrated by measured DSC curves.

3.2 Method

3.2.1 Experimental

AA6016, AA6005 and AA3105 aluminum alloys were investigated. The as-cast ingot of AA6016
was provided by Aleris Rolled Products Germany GmbH, and thermomechanically processed
on an industrial scale at Aluminium Norf GmbH. For this work, the material was first cold rolled
to a thickness of 1.15 mm. The material was then solution heat treated (SHT) in an air furnace
at 560 °Cfor 5 minutes. TEM investigations were performed to determine the size and number
density of particles for the following conditions: 20min, 1h, 4h, 24h artificial ageing at 185 °C.
TEM foils with 3 mm diameter and about 0.1 mm thickness were cut and double jet-polished
with an electrolytic solution of water-free A2 at 15 °C and 25—-30 Volts. The TEM foils were
imaged in a JEM FX2000. The precipitates were characterized by length and area of cross
section with an estimated measurement error of 1 nm and 1 nm?, respectively. The measured
area of cross section was corrected with regard to the elastic coherency strain surrounding
the particle [3]. The as-cast ingot of AA6005 and AA3105 aluminum alloys were provided by
Hydro Aluminium Rolled Products GmbH. The as cast ingots of AA6005 and AA3105 aluminum
alloys were homogenized for 24 h at 550 °C and subsequently hot extruded at 480 °C to a

10 mm thick by 50 mm wide rectangular profile.

For the validation of the model, an effective spherical radius of precipitates was calculated
from the transformed volume of the assumed cylindrical particles into that of a sphere. For
the calculation of the number density, the thickness of TEM samples was determined via the
convergent beam electron diffraction (CBED) method together with a correction of the

average particle length[144].

The DSC tests were conducted under argon atmosphere using a NETZSCH STA 449C device
with two different heating rates of 5 and 10 K/min. The DSC measurements of AA3105 and
AA6005 alloys were conducted at the Faculty of Mechanical Engineering and Marine
Technology of University of Rostock using a Setaram 121 DSC device at by Richard Kemsies
and Julia Osten under supervision of Prof. Kessler. The DSC tests of AA6016 alloy were
conducted under argon atmosphere using a NETZSCH STA 449C device with two different

heating rates of 5 K/min and 10 K/min. The tests were performed at temperatures between
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100 °C and 500 °C to analyze the precipitation behavior of the samples. The samples have a
cylindrical geometry with a dimension of @6 mm x 1 mm. In order to obtain corrected DSC
curves, pure Al (99.999%) was used to measure the baseline of the device-specific heat-flow
curvature. Its data was subtracted from the measured DSC curves of sample material to show
the real heat effects of phase transitions. Moreover, during the measurements, samples are
scanned against a similar empty crucible to ensure the symmetry of the tests. In addition, all
measurements are started and ended with an isothermal step of 30 minutes taking account
of the thermal inertia of device. DSC tests were repeated two times for each heating rate. The

results presented are the averaged values of those measurements.

3.2.2 Simulation

Simulations were conducted with the ClaNG model [75], [145], which is based on the
Kampmann and Wagner [83] numerical approach and is a classical nucleation model. The
model includes homogeneous and heterogeneous nucleation. In the case of heterogeneous
nucleation, the precipitation at grain boundaries and at dislocations were considered. In the
computer program, a heat treatment was discretized into finite time intervals. All phases were
described by size distributions. In each step, the critical nucleation radius and its respective
critical nucleation work were calculated. Based on the Becker and Doéring theory, the
nucleation probability was calculated and added to the particle size distribution [27]. Then,
growth and coarsening of the size classes are calculated. The mean radius, volume fraction,
number density and heat flux are calculated at each time step. After each time step the new
chemical concentration of the matrix was calculated and used in the next time step. Figure 3.2

shows the flow chart of the new ClaNG model.

3.2.2.1 Size distribution representation

The particle size distribution in the model is a combination of the Lagrange and Euler like
approaches. This means that at each nucleation step one Gauss distribution of the particles
will be added which can grow or shrink like a Lagrange like approach. Figure 3.1 shows the

schematic of the combination of the Lagrange and Euler approaches.
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Figure 3.1. A schematic of the combined Lagrange and Euler approaches.
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Figure 3.2. The flow chart of the ClaNG model.

3.2.2.2 Nucleation model

Here, the nucleation rate J is given by:

AG* (r,
J = NyZv exp (— ﬁ) n(t) Eq. 30
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where Np is the number density of possible nucleation sites. For homogenous nucleation, No
equals to all atomic sites. In turn, heterogeneous nucleation sites are grain boundaries and

dislocations. For the respective defects, the absolute number of nucleation sites is calculated

by:
N _ 3

gb = aZDg Eq 31
Naisio = P/a Eq. 32

where Ng;, and Ny, are the number density of possible nucleation sites at grain boundaries
and dislocations, respectively. p is the dislocation density, a is the mean atomic distance and

Dy is the grain diameter. In Eq. 33, Z denotes the Zeldovich non-equilibrium factor:

1
_ (et aehy 2
Z=f (WZRBT. yg) Eq. 33
2
y = ZCeh)l Eq. 34

a
here, v is the rate of atomic attachment to a growing nucleus. Kz is the Boltzmann’s constant,
T is the absolute temperature and AG* is the work of nucleation. In the present model, only
dislocations and grain boundaries were considered as nucleation sites. rc¢ is the critical

nucleation radius which can be calculated by:

r =f-2 Eq. 35

—Ag¢

where y is the interfacial energy, which was calculated based on by Nearest-Neighbor Broken-
Bond model [146][71] and Ag, is the chemical driving force as calculated by the ChemApp
thermodynamic model based on the CalPhad approach and provided by GTT Technologies

[147], [148]. The activation factor had originally been introduced [33] as

T
t)=e - Eq. 36
n(®) = exp (- ) g
where to is the point in time when the particular phase reaches thermodynamic stability, and
Tis the incubation time given by [149] :

_ 1
T anz?v

Eq. 37
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Where the factors Z and v, and hence T strongly depend on temperature. In order to account
for temperature changes T in the activation factor, the present work defines n by an activation

rate 1(T) and

n(e) = ;" T) dt’ Eq. 38
such that for T = 0, eq. (10) transforms into Eq. 36. In order to account for a heating rate T,

the usage of an activation rate #(t', T) is proposed in Eq. 38. For simplicity, 7 is only

approximated by a numerical approach:

(o))
topptAt toff

a(t,T) = m Eq. 39

where At is the time increment between subsequent time steps t' and t*!, and
tsz = —1/In (n(ti)) is an effective, adjusted time (replacing the dependence on t’) with the

initiation tl(0) = 0 at the time t'=0.

A comparison of the heat flux and classical nucleation models have showed that any
nucleation and growth of the precipitates are endothermic processes until the precipitates
are 50% larger than the calculated critical size (see Figure 3.3 ). For this reason, a factor fin

Eqg. 4 was introduced and set to 2.0. Similar approaches have been also used before [90][150].

3.2.2.3 Growth model

In the ClaNG model, the SFFK growth and coarsening model is implemented based on a mean
field approach [79], [80] . To be able to predict particle dissolution in the non-equilibrium
condition [79], a growth model described below was used. In this model, the evolution of the
precipitate radii r is determined by the growth rate, which in turn is defined by the chemical

driving force and the capillary force.

fzm-(AgT—z—y) Eq. 40

r

Here m is the diffusion-controlled mobility of the interface, which is calculated from

2
m_1=%'RT'T'M Eq. 41
M CoDo
Here, M'Fis an interfacial friction factor [71], which is fixed at 0.8. The respective data were

directly taken from literature [151]. Cxg and Cyg are the concentrations of element B in the
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B

d

precipitate and in the matrix, respectively. y is the interfacial energy of different phases, %
is the chemical driving force for nucleation, which is derived by the software package
ChemApp, and Do is the diffusion constant of the elements in the matrix, which was obtained

from literature[151].

Surface energy

Free energy of
nucleation

Free energy

Volume energy

Figure 3.3. The free energy of a nucleation of a particle as
a function of its radius.

3.2.2.4 Heat flux model

In order to calculate the heat flux, a system where the precipitates appear from a
supersaturated solid solution was considered. The precipitates were considered spherical and
their interfacial energy y was assumed to be independent of the precipitate—matrix
orientation relationship and temperature. Dislocations and grain boundaries were considered
as possible heterogeneous nucleation sites. Under these considerations, the total change of

the free energy AG vyields:

AG =Y N (AG™(ry) — AG g (k) — AGgisi(7k)) Eq. 42
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where ng is the number of particles in class k and AG’(r) is the driving force and AGgyp and
AG 4 are the grain boundary energy and dislocation energy released during precipitation of

disk-like particles, respectively. The nucleation work at a grain boundary was assumed to be:
AGgy, = 2mr?y Eqg. 43

where vy is the interfacial energy, r is the radius of the particles. AG,;g is the energy of
dislocations released during precipitation at dislocation lines [1]. The nucleation work is in

turn calculated as:
AGdiSl = Edislo * ZTC = GbZT'C EC| 44

The energy calculation in the model is conducted with units of (J/mole). With the purpose of
comparing with the DSC curves, the energy is divided by the density p of the alloy to yield the

total energy per unit mass:

q= %Zk N (AG™ (1) — AGgp(ri) — AGaisi(ri)) Eq. 45
and the heat flux is calculated by:

i =2 Tk m(AG™ (1) = DGgy(ri) — AGaisi(ri)) ) Eq. 46

3.2.2.5 Strength model

Myhr et al. [88] used an strengthening model to calculate yield stress of an aluminum alloy.
The model contains the intrinsic yield stress of pure aluminum (g;), solid solution hardening
potential (gss) and precipitation hardening (op). In the ClaNG model this model was

implemented.

0y = 0; + 055 + 0y Eq. 47

The intrinsic yield stress of pure aluminum (og;) is 10 MPa. The solid solution hardening
potential (o) is the summation of the contribution of each element:

Ogs = 2 I(J-Cjz/3 Eq. 48
here C; is the concentration of an element in solid solution and K; is the corresponding

scaling factor.

The precipitation hardening (o)
M _ 3\ =
0, = - (2Gb?)1/2 (L) F3/2 Eq. 49
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where M is the Taylor factor and equal to 3.1, b is the burgers vector, G is the shear modulus
of the aluminium matrix and £ is a constant close to 0.5. 7 is mean particle size, f is mean

particle size and F is the mean obstacle strength:

F= i Eq. 50

where N; is the number density of particles of a given size class. F; is the obstacle strength.

Fi = 266Gb? (%) Eq. 51

c

here r; is the particle radius and . is the critical size (rc = 5x10). If the particle is larger than
critical size (?) is equal to 1.
c

The yield stress is then converted to hardness HV.

HV = 0.33ay + 16.0 Eq. 52
3.3 Results

3.3.1 Initial simulations results

At the beginning of the study, simulations were conducted to plan mandatory changes and to
improve the simulation capability of the ClaNG model. Figure 3.4 shows a DSC simulation of
AA3105. The model did not contain metastable phases, the dissolution of the particles does
not take places over the time ,but instantaneously, and the heat flux model and strength
model were not implemented. Accordingly, virtually no agreement between simulations and
measurements had been found. Additionally particle distribution presentation was done by
the Euler-like approach which is slow. Therefore, the following changes were made to improve

the ClaNG model (see section 3.2.2):

1- A new database were added

2- A new growth law was implemented in code.

3- A combination of Lagrange and Euler like approaches were used.

4- A heat flux model was implemented.

5

A Strength model was implemented.
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Figure 3.4. Example for the first comparisons between simulated and experimental DSC

curves of AA3105 at 5 K/min.

3.3.2 Validation (6016)

In order to validate the models of nucleation and growth of the metastable and stable phases
in the Al-Si-Mg system an isothermal heat treatment of an aluminum 6016 alloy was
conducted at 185 °C. The model described in section 3.2.2 was used to simulate the number
density and the mean radius evolution of the particle. The parameters used for the simulations

are listed in Table 3.1.

Table 3.1. List of the parameters used in the simulations

Parameter Eq. Value Unit Physical meaning
Critical radius correction factor (f) 33 2.0 1 see discussion
Dislocation density 30 1x10% 1/m? | For an as-cast condition
Nucleation factor B (fv) 32 3x10* 1 Size effect
Nucleation factor B’ (fv) 32 6x10° 1 Size effect
Nucleation factor B (fv) 32 6x10°® 1 Size effect
Zeldovich correction factor (f2) 31 6.3 1 Size effect

Figure 3.5 shows a comparison of the simulated evolution of the mean radius and number
density of the particles and the experimentally measured values. A good agreement is
observed. The first stage of the simulation corresponds to the nucleation of metastable phases
at the grain boundaries and dislocation sites. It continues until all of the nucleation sites are
saturated. Then, the normal growth stage takes place until the matrix is depleted from the

elements Mg and Si, and finally Ostwald ripening occurs.

44



3.Modelling of differential scanning calorimetry of precipitates

I ) - - - Mean radius of "
e L a - - Mean radius of p*
= Total mean radius
[} . .
Q = Experimental mean radius
@ 108
© [
< n
[} L e
S B : []
ot L
= -
k=]
s
c
I L
o)
=
10-9 1 1 1 1 1 1 1 1 1 1
0 2x10*  4x10* 6x10* 8x10*  1x10°
Time, (s)
% 5x102 H b) - — Mean number density of '
g -+ + +Mean number density of B"
3: - Total Mean number density
2 4x10%° - m  Experiment
£ i
% n
T 3x10% -
5 n
2 L
E 2x10%2 |
c
© L
£ X107 -
© L
o
0

0 4x10* 8x10* 1x10° 2x10°
Time, (s)

Figure 3.5. The evolution of (a) mean radius and (b) number
density of the B” and B’ particles at 185 °C respectively.

In the model, the balance between the chemical driving force and the capillary force
determines whether a particle grows or dissolves. If the driving force is higher than the
capillary force of the particles, the particles grow. When the concentration of dilute atoms in
the matrix decreases, the capillary force becomes dominant for smaller particles and causes

their dissolution leading to the growth of the larger particles.

Figure 3.6.a and b show the simulated and experimental DSC curves of the investigated
AA6016 aluminum alloy obtained for heating rates of 5K/min and 10K/min, respectively. At
247 °C (in the experiment), an exothermic reaction corresponding to the precipitation of the
B” precipitates was observed. The same occurred at 292 °C, when the precipitation of the B’
phase occurred. By increasing the temperature further, the B” and B’ particles dissolved and
at 375 °C, and stable B particles precipitated. Finally, at 410 °C, the silicon rich particles
precipitated [70]. In turn, Figure 3.6.b shows the DSC curves measured with a heating rate of

10K/min. At 252 and 300 °C, the exothermic reactions of B” and B’ precipitation were
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observed, consequently. By increasing the temperatures, the B” and B’ particles dissolved and
at 389 °C the stable B particles precipitated [70]. The precipitation of the silicon rich particles
occurred at 447 °C. The simulations showed the same tendency. However, the rate of the
energy change was faster than in experiments. This is due to a higher nucleation rate and

faster growth kinetics, compared to the experiments.

Figure 3.6.c and d show the simulated and experimental DSC curves of the investigated
AA6005 aluminum alloy obtained for heating rates of 0.6 K/min and 6 K/min, respectively. As
the material did not contain an excess of Si, the peak of the Si precipitates is not observed.

Increasing the heating rate causes a shift of the peaks to higher temperatures.

Figure 3.6.e and f show the simulated and experimental DSC curves of the investigated AA3105
aluminum alloy obtained for heating rates of 0.6K/min and 1.2K/min, respectively. According
to the TEM investigation on DSC samples, a new peak occurs at 375 °C and 0.6 K/min. This is
attributed to the formation of the a-Al(Mn,Fe)Si phase. This section is just about the modeling

and the TEM investigations will be discussed more in detail in section 4.3.

Figure 3.7.a shows the simulated and experimental enthalpy change of the AA6016 aluminum
alloy obtained for heating rates of 5K/min from a supersaturated solid solution. In order to
compare the curves, the enthalpy change for the GP Zone region and the Fe and Mn primary
precipitates, which were already present in the matrix, were subtracted. This data is shown in
Figure 3.7.b. The simulated change of enthalpy for the same heating rates is of the same order
of magnitude as that of the experimental results and, more importantly, shows exactly the
reactions as the experimental one. Figure 3.7.c-f show the simulated and experimental
enthalpy change of the AA6005 and AA3105 aluminum alloys obtained for heating rates of 0.6
and 1.2 K/min from a supersaturated solid solution and as-cast conditions, which show same
trend of the precipitation. In Figure 3.7.b and d, the simulated curves end at the same energy
level where they start, this reflects the fact that before and after the heat treatment all foreign
atoms were fully solved in the matrix. This is due to the dissolution of the Mg-Si and Si
particles, but in AA3105 aluminum alloy the end point is not zero. This is due to the low

diffusivity of the Fe atoms, which caused the a -Al(Mn,Fe)Si to not dissolve completely.

Figure 3.8.a-b show the simulated evolution of particle number density for different heating

rates of AA6016 aluminum alloy. Increasing number density shifts all the peaks to lower
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temperatures and the number densities are also higher. Additionally, the particles are

dissolved at lower temperatures when the heating rate is slower.

Figure 3.8.c-d show the evolution of the mean radius for different DSC curves of AA6016
aluminum alloy. With 10K/min heating rate, the B” precipitation occurred at 200 °C and the
last precipitates dissolved at 320 °C. Decreasing the heating rate led to a shifting of the
nucleation growth and dissolution to lower temperatures. The maximum mean radius was
higher in the samples annealed at a lower heating rate. The mean radius of Si precipitates
showed a serration, which is attributed to the increase of the driving force of the silicon
particles nucleation due to the solute enrichment of the matrix resulting from the dissolution

of the formerly stable B particles.

Figure 3.8.e-f show the volume fraction of different phases during DSC test of AA6016
aluminum alloy. Decreasing the heating rate shifts the peaks to a lower temperature, but the
height of the peaks is higher. This means the maximum volume fraction of the particles is
larger than at the higher heating rate condition. This is attributed to the growth time, which

is longer for the lower heating rate.
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Figure 3.6 The simulated and experimental DSC curves of an AA6016 aluminum alloy with a
heating rate of with (a) 5K/min and (b) 10 K/min, an AA6005 aluminum alloy with a heating
rate of with (c) 0.6 K/min and (d) 6 K/min and an AA3105 aluminum alloy with a heating rate
of with (e) 0.6K/min and (f) 1.2 K/min respectively.
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Figure 3.7. The simulated and experimental enthalpy change with and without considering
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Figure 3.8. Simulated (a,b) particle number density, (c,d) mean radius and (e,f) phase
fraction for a heating rate of (a,c,e) 5 K/min and (b,d,f) 10 K/min.

Figure 3.9 shows the particle number density, mean radius and phase fraction of precipitates

for different heating rates of AA6005 aluminum alloy. The microstructure contains just Mg-Si

particles, and the Si content is not high enough to precipitate Si particles.
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Figure 3.9. The simulated (a,b) particle number density, (c,d) mean radius and (e,f) phase
fraction for a heating rate of (a,c,e) 6.0 K/min and (b,d,f) 0.6 K/min of AA6005 aluminum
alloy.

The evolution of the particle number density, mean radius and phase fraction of precipitates
of AA3105 aluminum alloy during DSC measurement is shown in Figure 3.10. Two different
heating rates were simulated. Figure 3.10.a, c and e show the simulations for a heating rate
of 0.6 K/min and (b,d,f) for 1.2 K/min. The microstructure contains Mg-Si particles and a-

Al(Mn,Fe)Si.
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Figure 3.10. The simulated (a,b) particle number density, (c,d) mean radius and (e,f) phase
fraction for a heating rate of (a,c,e) 1.2 K/min and (b,d,f) 0.6 K/min of AA3105 aluminum
alloy.

The simulation results were compared to results of the DSC experiments. The simulation

results showed a very good agreement with the experimental results. The model can be used

to predict results of a new proposed heat treatment.
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3.Modelling of differential scanning calorimetry of precipitates

3.3.3 Proposed heat treatment for AA3105

In order to obtain a creep resistant AA3105 aluminum alloy and improve its high temperature
mechanical properties, the validated model was used. Randomly distributed fine Al(Mn,Fe)Si
particles, which are more stable than Mg-Si particles at high temperatures, were used to

obtain an improved creep resistant AA3105 Aluminum alloy.

An isothermal heat treatment was simulated at 265°C for 25 hours. Figure 3.11 shows the
hardness change with respect over the time. The first peak which is observed after 8 hours is
obtained from fine Mg-Si particles. After 8 hours, overaging and coarsening take places and
the contribution of Mg-Si particles to the hardness decreased. Simultaneously, nucleation of

a -Al(Mn,Fe)Si particles was observed, which increased the hardness again after 15 hours.

The simulations shows that AA3105 can be optimized for high temperature application. The
fitting parameters for the simulated hardness during the heat treatment were valid for Mg-Si
particles and we assumed that the a -Al(Mn,Fe)Si particles have the same fitting parameters.
This assumption reduce the accuracy of the data. In chapter 5 experimental heat treatments

were conducted to find the best heat treatment to get the maximum hardness.
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Figure 3.11. The simulated isothermal heat treatment of AA3105 aluminum alloy at 265°C.

3.4 Discussion

3.4.1 Microstructure evolution and DSC curves interpretation
The TEM investigation on the DSC AA3105 samples showed that the precipitation sequence of
the AA3105 from the as-cast condition is not the same as the precipitation sequence after

homogenization. Details of the TEM investigations will be explained in chapter 4. Here the
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3.Modelling of differential scanning calorimetry of precipitates

relevant information for the model validation are explained. TEM diffraction patterns showed
that the formation B” and B’ occurred at temperatures between 230 - 330 °C. At higher
temperatures two peaks were observed. The first peak, which has not been reported
previously, is attributed to the precipitation and growth of a-Al(Mn,Fe)Si particles. The
formation of a-Al(Mn,Fe)Si particles from the as-cast condition is due to the solidification of
the alloys in a non-equilibrium condition, in which the diffusion of solute elements in the melt
is higher than that in the solid. Therefore, the final composition of the matrix is not same as
the expected equilibrium matrix concentration. From Figure 4.1 and Figure 4.2 the
precipitation sequence of the AA3105 aluminum alloy from the as-cast condition can be
described as GPI zones - B - B’ = a -Al(Mn,Fe)Si - B (Mg:Si). A different heating rate

shows that the increasing heating rate shifted the peaks to higher temperatures.

The thermodynamic assessment of the metastable phases was based on the CALPHAD
approach [93]. The evolution of metastable and stable particles and the heat flux evolution
during DSC of the alloy in continuous heating experiments were simulated. Simulation results
of isothermal heat treatment of a 6016 aluminum alloy at 185 °C showed a good agreement
with experimental findings. As the B” and P’ particles could not be discriminated
experimentally in TEM investigations, a separate particle number density was not measured.
The simulations showed that the precipitated B” particles dissolved and more stable B’

particles precipitated and grew.

Simulation of non-isothermal heat treatment were calculated for the AA6016 alloy based on
Eqg. 46, in which, the interfacial energy was considered as the barrier energy for homogenous
nucleation at grain boundaries whereas the elastic energy of dislocations and the formation
enthalpy of the phases were considered to be released when precipitates formed. However,
according to thermodynamic models, the chemical driving force decreases with decreasing
concentration of solute atoms and with increasing temperature, which lead to a wrong energy
release, although the particles are not dissolved. This leads to an energetic discrepancy
between the endothermic and exothermic reactions, as indicated in Figure 3.12.Here, a closed
loop of precipitation and dissolution at two constant temperatures, T1 and T2, is plotted in
the AA6016 phase diagram, which was calculated using FactSage software [152]. If an isolated
system was considered, according to the first law of thermodynamics, the energy released

during the nucleation and growth of precipitates should be the same as the one absorbed
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during dissolution. For precipitation which is occurring during cooling from T,=723 Kto T1 =

718 K in a super saturated solid solution FCC-Matrix M with a composition xo,
M(x0) = M(x) + B”, AHR(T1) =-19,623 )

During heatingto T2 =723 K,

M(x) + B” = M(x0), AHR(T2) = +19,634 )

However, dissolution occurs when the temperature is increased, and the precipitated phase
is not thermodynamically stable anymore. Therefore, without correction, the driving force for
the calculation of the heat flux is zero in this case, which is physically inconsistent. To
overcome the problem of calculating a chemical driving force for the dissolution of particles
at non-equilibrium temperatures (particles are unstable at dissolution temperature), this
force was considered constant and equal to the chemical driving force at a fixed reference
temperature, which was chosen to be 25°C. During precipitation, the entropy decreases, and
enthalpy becomes dominant. During dissolution, the entropy, which would compensate an
equal amount of the enthalpy released during nucleation and growth, is absorbed. This means
that the particles simply collapse under the effect of the capillary force of their interface. This
assumption was a necessary step in order to calculate reasonable enthalpy change curves in
Figure 3.6, where in good agreement between experiments and simulations, the total

enthalpy change after formation and dissolution of several phases must be close to zero.
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Figure 3.12. A Phase diagram of precipitation and dissolution of a ' from aluminum matrix.

55



3.Modelling of differential scanning calorimetry of precipitates

Figure 3.6.a-f show that the implemented incubation model calculated the incubation time
correctly. The model was able to predict the shifts in temperature of the reactions caused by
the different heating rates and different chemical compositions. Increasing the heating rate
decreased the period and it led to the shifting of the nucleation to higher temperatures.
Unfortunately, Figure 3.6.b does not contain the dissolution of the Mg,Si and Si particles
because the experimental tests were conducted only up to 500°C, therefore the simulated
dissolution of the Mg,Si and Si particles cannot be compared with experiments. Figure 3.7.a-
b shows the simulated and experimental enthalpy change of the AA6016 aluminum alloy. The
excess C,, is the first derivative of the energy with respect to the temperature. A higher
simulated excess C,, compared to the experimental one is related to a higher nucleation rate
in the simulations. Nevertheless, the released total energy was the same. In the other words,
comparing the DSC curves without comparing the enthalpy change is not enough to assert the
accuracy of the simulations. The enthalpy change curves show the total energy, which is
released and absorbed during the heat treatment. The amount of the released and absorbed
energy before the precipitation and after dissolution of the particles should be the same. The
DSC curves are the summation of the exothermic and endothermic reactions in a material.
During the heating, Mg atoms can precipitate in the form of the Mg-Si stable and metastable
phases. By increasing the temperature their chemical driving force decreased and they
dissolved. The difference between experimentally measured enthalpy change and simulated
enthalpy change between 100-230 °C is attributed to the dissolution of the GP zones, which
are not considered in the model and are not available in the database. Additionally, the shift
along the enthalpy change axis is related to the Fe and Mn primary precipitates, which are
already present in the matrix. These particles originated during solidification. For this reason,
their released energy cannot be measured using the DSC device. Figure 3.7.b shows the
enthalpy change for the same condition without considering the GP zones and primary
precipitates. The simulation results showed a tendency similar to the experiment. As spherical
particles have the lowest surface to volume ratio and only spherical precipitates are
considered in the model, a higher enthalpy change in the simulation result was expected and

observed dominantly at higher temperatures.

The precipitation sequence of AA6016 aluminum alloy according to the simulations was

B" > B' = Si—> B (Mg:Si). This sequence is consistent with literature [153]. As the Mg.Si phase
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is not stable at temperatures higher than 475 °C, it is not possible to determine its
precipitation at 450 °C. However, the Si particles are stable at higher temperatures. The peak
at 375 °Crepresents nucleation and growth peak of Si-rich particles. In other sources, the peak

is attributed to uncertainties in the base line construction in DSC experiments[91].

Figure 3.8 show the dissolution of the stable and metastable precipitates at different
temperatures and for different heating rates. According to the phase diagrams, different
particles can be stable and stay in the matrix until the temperature reaches the border of the
phase diagram, but different DSC simulations with different heating rates showed different
nucleation and dissolution temperatures for the same phases. When the heating rate is high,
the precipitates nucleate later and at higher temperatures. Therefore, the particles are bigger.
As the temperature increases with a constant heating rate, the driving force decreases and
eventually becomes smaller than the capillary force. In the case of a lower heating rate, the
particles are smaller, and they will precipitate at lower temperatures. Although they have
more time to grow, the increase of temperature causes the particles to be unstable and the
capillary force becomes dominant. Therefore, the particles dissolve at lower temperatures
compared to the higher heating rates. This description is important to understand the effect
of the capillary force also for coarsening and the kinetic of the stable precipitates formation

from metastable precipitates.

3.5 Conclusion

In this study, the microstructural evolution of a homogenized AA6016, AA6005 and an as-cast
AA3105 aluminum alloy was simulated by means of the ClaNG model. The ClaNG model was
coupled with a thermodynamic database. Isothermal and non-isothermal heat treatments
were conducted. A new model was used to simulate the incubation time. The heat flux
evolution during DSC of the alloy in continuous heating experiments was simulated. The
simulations were in a good agreement with experimental data. The evolution of the
metastable and stable phases was well reproduced by the computer simulations. Additionally,
the results point out that the DSC curves are better tools to calibrate the models than TEM
investigations. The DSC simulation can be used to interpret the DSC curves. DSC curves with

different heating rates are useful tools to validate the models.
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4 Effect of Mg content on the precipitation sequence of as-cast
AA3105 aluminum alloys

4.1 Introduction

AA3xxx series aluminum alloys are mainly used in architecture and packaging, applications in
which high ductility and corrosion resistance are needed. The main alloying element in these
alloys is Mn [9]. During heat treatment different phases from metastable to stable particles
can precipitate. These precipitates have an influence on the microstructure evolution during
the processing of the alloys as they affect and influence recrystallization, texture formation,
grain diameter, and more importantly, mechanical properties as well as electrical conductivity
[154], [155]. AA3xxx alloys are considered as non-heat-treatable alloys. In the binary systems
Al-Mn or Al-Fe, the decomposition from the supersaturated solid solution is very slow [48],
[58], [156], [157] owing to the low mobility of Mn and Fe in the Al matrix. Recently, Liu et al.
reported that precipitation of dispersoids in an as-cast AA3004 alloy improved the mechanical
properties and electrical conductivity [51], [52]. Liu et al. investigated the effect of Fe on the
precipitation hardening of AA3004 and reported that an alloy with 0.3 wt.% Fe has the best
combination of yield strength and creep resistance due to the uniform distribution of fine size
dispersoids [158]. A way to improve the yield strength in these alloys is adding Mg to promote
dispersion hardening and solid solution strengthening [159]. In addition, additions of Si can be
used to increase the precipitation rate of second-phases [156], [160]. During the ageing of
AA3xxx alloys, a significant precipitation strengthening was achieved through precipitation of
partially coherent a-Al(Mn,Fe)Si dispersoids [53]-[57]. Besides precipitation of a-
Al(Mn,Fe)Si dispersoids in AA3xxx alloys, the dissolution of Alg(Mn,Fe) particles has been
observed [58], [59]. AA3xxx alloys usually contain Mg, Si and Fe as well as Mn and show the
same precipitation sequence as AA6xxx alloys. The presence of the Mg and Si elements, which
are the major elements in AA6xxx series aluminum alloys, have great influence on the
precipitation behavior of the AA3xxx alloys. These alloys have been investigated widely in
recent years because of their age-hardening potential and are used in the automotive industry
as body sheet material [3], [22], [23]. Al-Si-Mg aluminum alloys show a remarkable response
to age-hardening. As a result, the precipitation behavior of Al-Si-Mg aluminum alloys has been
studied extensively (e.g. [9], [29]-[31]). The precipitation hardening response in Al-Si-Mg

aluminum alloys is related to the Mg-Si phases. The sequence of the precipitation formation
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from a solid solution condition in Al-Mg-Si alloys is described as cluster - GP zones > > [’
- f (Mg2Si)[30], [161], but the precipitation sequence of Al-Mg-Si alloys with high silicon
content is described as GP zones - small precipitates with an unknown structure - f” - B’

> Si > S (Mga2Si)[32].

In the present chapter, the precipitation sequence of a AA3105 aluminum alloy with and
without Mg addition is elucidated by means of TEM measurements and DSC [63], [69].
Additionally, phase identification is conducted for AA3105 alloy, particularly for the peak at

375°C. These determined phases were used to validate the simulations of DSC curves.

4.2  Methods

The chemical composition of the alloys, received in as-cast condition, is listed in Table 4.1. The
chemical composition of the whole materials in this study were measured with Atomic
emission spectroscopy. The ingot was provided by Hydro Aluminium Rolled Products Germany
GmbH. TEM investigations were performed using a FEI Tecnai F20 microscope operated at 200
kV to determine the size of the particles for different conditions by S. Zischke at Central Facility
for Electron Microscopy, RWTH of Aachen. TEM samples were ground down to 4000 grit and
then electro polished with AC2 at 17 °C and 30% HNO3 and 70% Methanol at -30 °C. DSC tests
were conducted using a Setaram 121 DSC device at 0.01 K/s. These DSC samples were
prepared at the University of Rostock, Faculty of Mechanical Engineering and Marine

Technology, Chair of Materials Science, by R. H. Kemsies under supervision of Prof. O. KeRler.

Table 4.1. The chemical composition of the AA3105 aluminum alloy
with and without Mg addition

Alloy Si(wt.%) | Fe(wt.%) | Cu(wt.%) | Mn(wt.%) | Mg(wt.%) | Al
AA3105 0.48 0.38 0.145 0.7 0.6 balanced
AA3105 0.50 0.38 0.142 0.71 - balanced

4.3 Result and discussion

Figure 4.1.a shows the experimental DSC curve of the AA3105 aluminum alloy with a heating
rate of 0.01K/s. Figure 4.1.b-f show the dark-field and selected-area electron diffraction
(SAED) pattern of the samples, which were heated up to temperatures of 240, 300, 375, 405
and 500 °C and subsequently quenched. The chosen temperatures are at the exothermic or

endothermic peaks, which may indicate nucleation or dissolution of particular phases. The
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first exothermic reaction at 240 °C corresponds to the precipitation of the needle-like B”
precipitates. This was verified by comparing the SAED pattern with the same patterns found
in the literature[30], [162]. At 300 °C, an endothermic reaction signifying the dissolution of the
B’ precipitates was observed. By increasing the temperatures further, the f” and probably p’
particles, which were not verified by SAED pattern, dissolved. The evaluation of SAED patterns
and STEM images of dominant precipitates at 375 °C showed that the particles with a mean
radius of 12 £ 4.8 nm have a coherent phase boundary with the matrix. According to the
calculated lattice plane spacing (d), the a-Al(Mn,Fe)Si has the best fit between the
experiments and literature [163]. The Energy-dispersive X-ray Spectroscopy (EDS)
measurements showed that the phase contains the elements Al, Fe, Mn and Si. At 405 °C, the
B particles precipitated. These particles have a larger mean radius compared to the o-
Al(Mn,Fe)Si particles. The mean radius of the a-Al(Mn,Fe)Si particles is 46 + 18.5 nm. By
increasing the temperature to 500 °C, the B precipitates are dissolved and coarsening
occurred. Afterwards, the mean radius of a-Al(Mn,Fe)Si particles was found to be 73 + 31.5
nm. Simultaneously, the a-Al(Mn,Fe)Si particles became entirely incoherent, which explains
that no SAED diffraction patterns of particles (superstructures) were visible. To summarize,
the most probable precipitation sequence of the AA3105 aluminum alloy was found to be: (GP
zones) = f” > [ - a-Al(Mn,Fe)Si - S (Mg.Si). The proposed precipitation sequence does
not claim that the a-Al(Mn,Fe)Si particles precipitate directly from metastable phases or that

S precipitates are precipitated from the a-Al(Mn,Fe)Si particles.
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Figure 4.1. (a) The experimental DSC curves of the AA3105 alloy at 0.01 K/s in as-cast condition
(Measurement performed by R. H. Kemsies) and (b-f) the dark-field and SAED pattern of the
samples, which are quenched at 240, 300, 375, 405 and 500 °C, respectively. (Image acquired
by S. Zischke)
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Figure 4.2.a shows the experimental DSC curve of the AA3105 aluminum alloy without Mg
annealed at a heating rate of 0.01 K/s from the as-cast condition. The STEM and SAED patterns
of the quenched samples are shown in Figure 4.2.b-e. At 310 °C, an exothermic reaction
signifies that precipitation occurred. It was not possible to observe the diffraction pattern of
these precipitates because the volume fraction of the precipitates was too low. This made an
identification of the precipitates impossible. The mean radius of the unknown precipitates was
6 + 1.2 nm. By increasing the temperatures further to 400 °C, an endothermic dissolution
reaction of the unidentified precipitates was observed. Simultaneously, precipitation of other
precipitates took place. The mean radius of this phase was 16 + 3.7 nm. The evaluation of
SAED patterns showed that these precipitates have a semi-coherent phase boundary with the
matrix and according to the calculated d-spacing from its SAED pattern, it was ascertained that
the particles corresponded to a-Al(Mn,Fe)Si particles. Li et al. [53] also reported a-
Al(Mn,Fe)Si to be partially coherent. At 400 °C, the a-Al(Mn,Fe)Si phase precipitated, and
they grew at temperatures from 400 — 460 °C. By increasing the temperature to 500 °C,
coarsening and the dissolution of the a-Al(Mn,Fe)Si particles occurred. The mean radius of
the a-Al(Mn,Fe)Si particles at 550 °C was equal to 86 + 36.1 nm. Like in the Mg containing
alloy, the a-Al(Mn,Fe)Si particles became entirely incoherent, showing no superstructures.
The precipitation sequence of the AA3105 aluminum alloy without Mg can be summarized as:
small precipitates with an unknown structure - a-Al(Mn,Fe)Si. Evidently, the formation of 5

and f’ precipitates was not observed.
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Figure 4.2. (a) experimental DSC curves of the AA3105 alloy with 0.01 K/s in as-cast condition
(Measurement performed by R. H. Kemsies) and (b-e) the dark-field and SAED pattern of the
samples which are quenched at 310, 400, 460 and 550 °C, respectively. (Measurement
performed by S. Zischke)
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A comparison of the precipitation sequences shows that the addition of Mg accelerated and
shifted the precipitation of the a-Al(Mn,Fe)Si phase to lower temperatures. Lodgaard et al.
[164] proposed that a u-phase, which is an unknown phase, precipitate on the surface of the
metastable Mg-Si, and the u-phase acts as heterogeneous nucleation sites of the a-
Al(Mn,Fe)Si dispersoids, which consume the u-phase entirely. However in this study,
nucleation of other nucleus was not observed at metastable Mg-Si phases. The accelerated
nucleation of the a-Al(Mn,Fe)Si dispersoids by Mg is therefore attributed to the localized
enrichment of the matrix with Mg and Si, in particular due to the dissolution of the metastable
phases and the precipitation of stable phases. The stable Mg,Si phase contains a lower content
of Si (higher Mg:Si ratio), which leads to a local enrichment of Si in the matrix during the
dissolution of the metastable phases and precipitation of stable phases. It is suggested that
these Si enriched sites accelerated the nucleation of the a-Al(Mn,Fe)Si phase. Figure 4.3 shows
the TEM dark-field microstructure of the AA3105 alloy after continuous heating to 375 and
405 °C. A few unknown rod-like precipitates were observed in the sample at 375 °C, but the
precipitation of a-Al(Mn,Fe)Si dispersoids did not occur at or even near this unknown phase.

At 405 °C, no u-phase precipitates were observed in the microstructure.

Figure 4.3. TEM dark-field micrograph of the AA3105 alloy after continuous heating to (a)
375 °Cand (b) 405 °C. (Image acquired by S. Zischke)

By comparing the size of the unknown particles at around 300 and 400 °C in both conditions,

it can be concluded that the particles present in the samples without Mg addition were three

64



4 Effect of Mg content on the precipitation sequence of as-cast AA3105 aluminum alloys

times smaller than those in the Mg-containing AA3105 aluminum alloy. This implies that Mg
accelerates the precipitation and growth of these particles, by the localized enrichment of the

matrix (assuming they were of the same phase not only at 400 °C, but at 300 °C as well).

4.4 Conclusion

In this study, the precipitation sequences of an as-cast AA3105 aluminum alloy with and
without Mg addition were investigated. The TEM investigation shows that the precipitation
sequence of the AA3105 aluminum alloy is: (GP zones) - " - [ - o-Al(Mn,Fe)Si - S
(Mg2Si). The precipitation sequence of the AA3105 aluminum alloy without Mg is: small
precipitates with an unknown structure - o-Al(Mn,Fe)Si. The a-Al(Mn,Fe)Si is a semi-
coherent phase, the precipitation of which is not observed after standard heat treatments and
is only detected in the as-cast condition. It was evinced that Mg addition shifts the
precipitation temperature of the a-Al(Mn,Fe)Si to lower temperatures. Moreover, the
precipitation of Mg-Si particles were not observed by eliminating the Mg content from the
matrix. This shows that the precipitation of a-Al(Mn,Fe)Si and Mg-Si particles are parallel

processes and the precipitates at low temperature are Mg content precipitates.
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5 Optimization of chemical composition and improved precipitation
strengthening for elevated temperature applications

5.1 Introduction

In the literature, aluminum alloy optimizations have been mainly confined to the mechanical
properties and electrical conductivity. An optimum chemical composition, size and
distribution of the dispersoids or precipitates in the matrix of aluminum alloys improves the
mechanical properties and electrical conductivity [48], [88], [165]-[168]. The optimization
processes were considered for homogenization, recrystallization, age-hardening and alloy
composition designs. These optimization processes were based on the experimental
investigation or usage of classical nucleation and growth models to define new production
processes. These optimization methods were used in automotive manufacturing such as the
paint baking processes, structural applications for extruded load-bearing components,

electrical applications and welded fuselage panels (e.g. [144], [160], [169]-[173]).

Additionally, precipitation of dispersoids from an as-cast condition was observed during the
ageing of AA3xxx alloys, and it was suggested that a significant precipitation strengthening can

be achieved through precipitation of partially coherent a-Al(Mn,Fe)Si dispersoids [53]-[57].

The precipitation sequence in the as-cast condition and homogenized condition are not the
same in aluminum alloys. One model to calculate the non-equilibrium as-cast condition is the
Scheil-calculation. This model determines the phases occurring during a non-equilibrium
solidification[78], [174]-[176]. In this model the following assumptions are made. Firstly,
diffusion of the solute in the solid is considered negligible whereas the diffusion of the solute
in liquid is assumed to be infinitely fast. Moreover, the interface is assumed to be in local
equilibrium [2], [174]. In the present work, a Scheil calculation was used to calculate the
difference between equilibrium and non-equilibrium solidification. The aim of this study is to
determine an optimum heat treatment for the conventional AA3105 and optimized AA3105
aluminum alloys by means of hardness measurement and TEM investigation. The optimized
heat treatment should effectuate the maximum contribution of precipitation hardening of a-

Al(Mn,Fe)Si.
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5.2 Experimental procedure

In this study, two different aluminum alloys were produced in an induction furnace. The
chemical compositions of the aluminum alloys are shown in the Table 5.1. In each charge,
135 gr molt is preheated to 850 °Cin a vacuum chamber and then cast into a cold copper mold
or a sand mold. The samples were cut from the ingot and then each heat treated with three

different heat treatment paths.

e Path A: An isothermal heat treatment at 250, 275, 325, 350, 375 and 400 °C.

e Path B: A double isothermal heat treatment with a pre-isothermal heat treatment at
185 °C for 6 hours which is followed by the second heat treatment at 325, 350, 375
and 400 °C.

e Path C: A non-isothermal heat treatment with a heating rate of 0.01 K/s from room
temperature to the target temperature (350, 375, 400, 425 °C), and a subsequent

isothermal heat treatment at the target temperature.

The hardness measurements were conducted by a Wolpert hardness device with a load of

10 Kg.

The SEM images were taken by a Zeiss Leo 1530 FEG (Field emission gun). TEM foils with 3 mm
diameter and about 0.8 mm thickness were cut and then ground down to 0.1 mm thickness
and then double jet-polished with an electrolytic solution of 30% HNOs and 70% Methanol at
-30 °C and 15-17 Volts. The TEM foils were imaged in a FEI Tecnai F20, which is equipped with
an EDS detector.

Table 5.1. The chemical composition of the commercial and optimized
AA3105 aluminum alloy.

Alloy Fe Si Mg | Mn Cu Al
Commercial AA3105 038 | 0.5 | 0.6 | 0.7 | 0.145 Balanced
Optimized AA3105 088 | 0.6 | 0.6 | 0.7 | 0.145 Balanced

The amount of solute atoms in the matrix, and clusters or vacancies are microstructure
features known to change the electrical conductivity [177]-[179]. In order to estimate if the
new optimized AA3105 alloy is comparable in electrical resistivity to the commercial AA3105,

the necessary time for 100 nm diffusion distance for Fe atoms were calculated for different
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temperatures. The 100 nm distance is assumed to be the maximum distance which is
necessary for Fe atoms to reach a particle. Figure 5.1 shows that after 10hours at 325°C, the

majority of the Fe solute should have reached the particles.
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Figure 5.1. Diffusion time vs. Temperature of Fe atoms for 100 nm diffusion distance.

5.3 Results and discussion

5.3.1 Hardness measurements

In order to find the best heat treatment to have the highest contribution of the particles to
the precipitation hardening, three different heat treatment paths were introduced. Path A is
the conventional heat treatment at constant temperatures and the temperatures are 250,
275, 325, 350, 375 and 400°C. Figure 5.2. a-c shows the hardness results of this path for the
commercial and optimized as-cast AA3105 aluminum alloy, which were cast into different
molds. Isothermal heat treatments were conducted at 250-425 °C. The samples which were
cast into a copper mold had a higher hardness (see Figure 5.2.b). Additionally, the hardness of
the optimized AA3105 aluminum alloy increased by decreasing the heat treatment
temperatures. The hardness of the conventional AA3105 aluminum alloy, which was cast in a
sand mold, was constantly 45 HV10 during isothermal heat treatment and for the optimized
AA3105 aluminum alloy after 24 hours heat treatment at 425 °C was also 45 HV10, which was
considered as the lowest hardness of the material. However by remelting the same samples
and casting them into the cold copper mold, the material becomes age hardenable from the
as-cast condition and the maximum hardness was found to be 64 HV10 after 15 hours of
isothermal heat treatment at 250 °C (see Figure 5.2.b). Figure 5.2.c shows that the maximum

hardness of the newly designed alloy is 76 HV10 after 10 hours isothermal heat treatment at
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250 °C. It is also important to mention that at 250 °C, 3 different peaks at 2, 10 and 20 hours
are observed. The peaks could be attributed to the Mg-Si particles and a-Al(Mn,Fe)Si particles
as described previously in section 4. In order to understand which phase has the highest
contribution to the precipitation hardening, TEM investigations were conducted. Three
samples were quenched after heat treatment for 2, 10 and 20 hours at 250 °C. Figure 5.3
shows the conventional TEM image and diffraction pattern of the optimized AA3105 castin a
copper mold after 10 and 20 hours heat treatment at 250 °C and quenching to room
temperature. An overlap of diffraction patterns of the precipitates on the matrix diffracted
pattern cannot be observed along lines [010]Al and [100]Al. However, in chapter 4, the
precipitation sequence of AA3105 aluminum alloy had been determined. By comparing the
morphology of the particles, the two peaks indicated in Figure 5.2 with arrows were attributed

to the formation of the " and B’ precipitates.
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Figure 5.2. The hardness results of the commercial AA3105 alloy in an as-cast condition with

heat treatment path A, (a) cast in a sand mold, (b) cast in a copper mold; (c) optimized
AA3105 in a copper mold.
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Figure 5.3. (a,b) The conventional TEM image and (c,d) diffraction pattern of the optimized
AA3105 in a copper mold which are quenched at 250 °C after (a,c) 10 hours and (b,d)
20 hours, respectively. Specific diffraction pattern were not recognized but the morphology
of the particles suggests that they are B’ and B’ precipitates. (TEM performed by S. Zischke)

Figure 5.4.a and b show the hardness results of the commercial and optimized AA3105
aluminum alloy which were heat treated according to the second path, B (Figure 5.4.c). The
results show that the hardness of the samples had increased to 72 HV10 for the commercial
AA3105 aluminum alloy (see double arrow on Figure 5.4.a) and 97HV for the optimized
AA3105 aluminum alloy after isothermal heat treatment at 180 °C for 6 hours (see double
arrow on Figure 5.4.b). Any further heat treatment at higher temperatures led to a drastic

drop of the hardness. Thereafter the hardness results remained constant. For the
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conventional AA3105 aluminum alloy the maximum hardness after second heat treatment is
52 HV10, which was obtained by a heat treatment at 425 °C for 4 hours (see solid arrow on
Figure 5.4.a), while the maximum hardness was achieved for the optimized AA3105 aluminum

alloy 63HV after 2 hours for the same temperature (see solid arrow on Figure 5.4.b).

The increase of the hardness reached in the first part of heat treatment was attributed to the
precipitation of the Mg-Si particles at 185 °C, which was same as with a peak aging heat
treatment [87], [179]. After heat treatment the hardness drops, because the particles were
either dissolved or they got larger and their interface became incoherent during Ostwald
ripening. It was expected that the precipitation of the a-Al(Mn,Fe)Si particles contributed to
precipitation hardening, but this was not observed. However, the hardness was more than 45
HV. Probably the precipitation of the a-Al(Mn,Fe)Si particles is not uniformly distributed, and

their sizes are not small enough to increase the hardness significantly.
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Figure 5.4. The hardness results (a) of the commercial AA3105 alloy in an as-cast condition
in a sand mold, (b) of the optimized AA3105 in a copper mold with path B and (c) The heat
treatment path B.
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Figure 5.5 a and b show the hardness change of the samples which are heat treated according
to path C (Figure 5.5 c). The hardness of the commercial AA3105 aluminum alloy was between
45-58 HV10, and the maximum was achieved after 5 hours heat treatment at 400 °C (See
Figure 5.5.a). The hardness of the optimized AA3105 aluminum alloy was higher compared to
the commercial AA3105 aluminum alloy, and the maximum hardness is 65.5 HV10 for the
sample which was heat treated at 400 °C for 3 hours. For all the samples which were heat
treated at temperatures higher than 350 °C, the increased hardness must be due to the a-
Al(Mn,Fe)Si particles, because all other particles are either dissolved or too large. This

indicates that, as was aspired, these alloys can be used for high temperature applications.

80 80
70 +
S S
< <
7} 7}
1% 1%
Q [0}
c c
B B
3 3
T T
50 - --—- 425°C
400°C
- - -375°C - - -375°C
@ — 350°C |£_).| — 350°C
40 Il Il Il T 40 Il Il Il T
0 2 4 6 8 10 0 2 4 6 8 10
Time, (h) Time, (h)
40F— e e e e e — - - -
O 300
g
2
o
@ 200
[=8
£
()
hd
100 1 —— Path C-425
- - - Path C-400
-+ - Path C-375
—-—- Path C-350
0
0 20

Time, (h)

Figure 5.5. The hardness results (a) of the commercial AA3105 alloy in an as-cast condition
in a sand mold, (b) of the optimized AA3105 in a copper mold with path C and (c) The heat
treatment path C.

The comparison of the three different paths shows that the achieved hardness through the
path A was higher for the samples which were cast into a copper mold than other paths.

However for the samples which were cast into sand mold, the path C was also an alternative
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which has improved the mechanical properties significantly. The path B did not show a

significant improvement in the hardness.

The highest hardness was achieved by path C from the optimized AA3105 aluminum alloy,

which makes this alloy a good alternative for high temperature applications.

5.4 Conclusion

In this study, the precipitation hardening of an as-cast commercial and optimized AA3105
aluminum alloy were investigated. The hardness measurements showed that the maximum
achieved hardness was equal to 76 HV10, which was achieved after a heat treatment of the
optimized AA3105 aluminum alloy according to path A for 10 hours at 250 °C. The TEM
investigations proved that the Mg-Si particles had the highest contribution to the hardness in
this samples. For the commercial AA3105 aluminum alloy, the maximum hardness of 58 HV10
was achieved after a heat treatment according to the path C for 5 hours at 400 °C. For high
temperature applications, the optimized AA3105 aluminum alloy after ramp had the highest
hardness at 400 °C after 1 hour, which was 65.5 HV. This hardness is the highest one achieved
by the precipitation of the a-Al(Mn,Fe)Si particles. These particles are stable at the application
temperature and the optimized AA3105 aluminum alloy can be considered as a high creep
resistance aluminum alloy at this temperature. The new optimized AA3105 alloy is comparable

in electrical resistivity to the commercial AA3105.
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6 Creep behavior of AA3105 and Al-Zr-Fe aluminum alloys

6.1 Introduction

Creep refers to a permanent deformation of a material that occurs over time at high
temperatures under a constant stress. As has been mentioned in chapter 2, creep has been
observed in all metals at temperatures higher than 0.3 of the homologous melting
temperature [96]. Precipitation hardening, solid solution hardening, increasing grain diameter
and introducing preferred texture are the most important methods to improve creep
resistance. The aim of using these methods is to prevent all possible mechanisms of creep at
the same time. This means that the fast diffusion paths (like in grain boundaries) need to be
avoided, and the strength must be improved by solid solution and particle hardening. The

latter mechanism needs to prevent both slip and climb of dislocations.

Electrical conductivity in alloys decreases with increasing the alloying content in the matrix
[2], [52]. Recently, Liu et al. reported that precipitation of dispersoids in an as-cast AA3004
alloy improved the mechanical properties and also electrical conductivity. Dispersion
hardening is also a useful method to increase the creep resistance and also to increase the

electrical conductivity [51], [52].

The aim of this study is to determine the dominant creep mechanism of the commercial
AA3105 aluminum alloy and an Al-Fe-Zr alloy. Conventional tensile creep test were conducted,

and creep samples were investigated by means of SEM and TEM.

6.2 Experimental procedure
The chemical composition of the extruded alloys is listed in Table 6.1. The TEM investigation

method is explained in section 4.2.

Table 6.1. The chemical composition of the extruded aluminum alloy.

Alloy Si(wt.%)  Fe(wt.%) Cu(wt.%) Mn(wt.%) Mgwt%) Zr(wt.%) Al
AA3105 0.48 0.38 0.145 0.7 0.6 0 balanced
Al-Fe-Zr - 0.1 - - - 0.15 balanced

Tensile tests and creep tests were conducted with a DZM machine at room and elevated
temperatures. Before each test, the samples were kept for 15 minutes to have a homogenous

temperature distribution. Figure 6.1 shows the dimensions of the tensile test specimens. The
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creep tests were conducted in the application temperature range 373K — 473K (100 - 200 °C),

which corresponds to 0.399 < T/Tm < 0.5. The tensile stresses were in the range 30 - 100 MPa.
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Figure 6.1. Geometry of the tensile samples in units of mm.

The TEM samples were also examined by utilizing a cross beam XB 1540 FIB instrument (Carl
Zeiss SMT AG, Germany) with EDAX detector [180]. The SEM was operated at 20 KV
accelerating voltage and beam current is 2.7 nA by S.J. Schréders. During EBSD data
acquisition, exposure time was 0.03 s, pixel binning was 96 x 96 pixels and step-size was

0.25 pm.

6.2.1 Sample preparation for AA3105 aluminum alloy

Figure 6.2. shows a high resolution high-angle annular dark-field (HAADF) STEM image of the
extruded AA3105 aluminum alloy. Brightness in a HAADF image shows the atomic number
contrast [181]-[183]. The TEM micrographs show that two different precipitates are present
in the matrix. Figure 6.2.b shows an EDS line scan on two precipitates which are close to each
other. The EDS measurement demonstrates that one of the precipitates corresponded to a
Mg,Si particles whereas the other to an a-Al(Fe,Mn)Si. At temperatures above 100 °C, the Mg-
Si particles cannot improve the creep resistance over a long time span, because the Mg and Si
elements diffuse fast enough to encourage growth and coarsening of the Mg-Si particles.
Figure 6.3.a shows the metastable Mg-Si particles in samples which were kept for 1000 hours
at 140 °C, and Figure 6.3.b shows the SAED pattern of the same area. The precipitates were

the needle-like B” precipitates. This was verified by comparing the SAED pattern with the
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patterns found in the literature [30], [162], and these metastable particles in the matrix are
not stable and can grow further. In order to eliminate the Mg-Si particle contribution to the
strength, the samples were heat treated at 300 °C for 24 hours, which lead to the precipitation
of MgaSi particles, which are so coarse that their contribution is negligible. This condition was

considered as the initial condition of the AA3105 aluminum alloy.
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Figure 6.2. (a) HAADF image and (b) Line scan of X-ray spectrum of a
dispersed particles. The main elements are: Al, Si, Mn, Mg and Fe.
(TEM performed by S. Zischke)
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Figure 6.3. (a) The conventional TEM micrograph and (b) the SAED pattern of the same
area of the heat treated sample at 140 °C for 1000 hours. (Image acquired by S. Zischke)

6.2.2 Sample preparation for Al-Zr-Fe aluminum alloy
The initial condition of Al-Zr-Fe aluminum alloy is the as-extruded sample, with an extrusion

at a temperature of 480°C, after 3 hours of homogenization at 600°C.

6.3 Results of AA3105 aluminum alloy

6.3.1 Creep tests

The tensile creep tests were carried out at different temperatures ranging from 100 °C to
200 °C (373K — 473K) under different applied stresses. Figure 6.4 shows the creep curves,
which are expressed as true strain against dwell time. Increasing the temperature activated
different deformation mechanisms and accelerated the deformation. Therefore, the true
strain increased under a constant stress with increasing temperature, and it increased by

increasing the stress at a constant temperature.
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Figure 6.4. Creep strain over time for the AA3105 aluminum at different temperatures.
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In order to define the dominant creep mechanism at a condition in which the steady-state
creep rate is too short, the minimum creep rates were assumed to be the steady-state creep

rate.

Eq. 26 describes that the steady creep rate depends on stress and temperature in a wide range
of strain rates. The shear modulus depends on temperature [184]-[186] and the following
equation was used to consider temperature dependence of the shear modulus of the material

[186]:

where G, is 3.022x10* MPa and Gy is the variation of the shear modulus per degree Kelvin
and is equal to 16.0 MPa.KX. Figure 6.6 shows the minimum creep rates in the Arrhenius
diagram. According to the activation energies, three different regimes are recognized, one low
temperature regime and two high temperature regimes. At low temperatures the average
activation energy is 15.3 kJ/mole; at high temperatures and low stresses, the average

activation energy is 89.3 klJ/mole, and at high stresses it is around 174.9 kl/mole.

In order to calculate the stress exponent, on a double logarithmic scale the minimum creep
rates were plotted against normalized stress (see Figure 6.7). Based on the creep exponents,
two distinct regimes are observed at low and high stresses. In the lower stress regime, the
stress exponent is in the range of 2-3 and at higher stress is in the range of 9-11. High stress
exponents indicate the presence of a threshold stress [187]. The threshold stress (o) was
determined by plotting the strain rate raised to the power 1/n (¢/™) as function of stress at
different temperatures, following the procedure of Ref. [188]. The threshold stresses were in
the range of 28-45 MPa and decreased with increasing the temperature. Figure 6.5 shows the
strain rate raised to the power 1/n as a function of stress at 200 °C. By considering the results
of all the temperatures, it was found that the stress exponent of 5 yields the best linear fit

between &1/

vs 0. The threshold stresses were determined for all the temperatures. Figure
6.5.b shows the threshold stress as a function of reciprocal absolute temperature. The results
show that the experimental value of the threshold is temperature dependent and is

represented by the following equation [188]:
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Here, Qois an activation energy and By is a constant. The fitted Qo is 6.410 kJ/mole, which was

determined from Figure 6.5.b. The results are consistent with literature [189].

Additionally, a comparison is made between the calculated threshold stress in this work and
the predicted results from various models proposed for dispersion hardened alloys in the
literature [125], [189]-[195]. Figure 6.5.b shows the temperature dependency is compared to
the Orowan, climb and threshold stresses from different models. In the calculations, the
average planar spacing is approximately 400 nm and the average particle size is 150 nm. The

results show that the experimental results are consistent with the predictions.
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Figure 6.5. (a) The strain rate raised to the power 1/n as a function of stress at 200 °C. b) the
comparison between temperature dependence of normalized threshold stress and those
predicted from various models proposed for dispersion hardened alloys [188].

The mentioned data were used to determine the stress exponent based on Eq.27. At higher
stresses, the stress exponents were from 5 to 6 and at low stresses was in the range of 0.5-

1.0 (see Figure 6.7)
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Figure 6.6. The minimum creep rates vs. reciprocal temperature at different stresses for
AA3105 aluminum alloy.
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Figure 6.7. The minimum creep rates vs. normalized stress at different temperatures a)
without considering the threshold stress and b) with considering threshold stress for
AA3105 aluminum alloy.

6.3.2 Microstructure observation

It is generally accepted that in extruded samples, grains are elongated. This was also observed
in the present SEM micrographs. Figure 6.8.a shows the Inverse Pole Figure (IPF) map of the
extruded AA3105 aluminum alloy. The IPF map shows the orientation of the grain boundaries.

The IPF verified that the microstructure was completely recrystallized and the grains were
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elongated and had a preferred orientation. Figure 6.8.b shows the grain boundary
misorientation distribution in 25 grains. Around 45% of all the grain boundaries were low angle
grain boundaries (<15°). Figure 6.8.c and d present TEM micrographs of the extruded AA3105
aluminum alloy. Figure 6.8.d shows same dislocations in the aluminum matrix at a higher
resolution. Dislocation forests and pile-ups were not observed. a-Al(Fe,Mn)Si particles were
randomly distributed in the matrix, and primary precipitates were observed at grain

boundaries.
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Figure 6.8. (a) The EBSD map, (b) histogram of the misorientation angle from 2-65° and (c-
d) TEM dark-field micrograph of the extruded AA3105 aluminum alloy in the initial
condition. (SEM performed by S.J. Schroders)
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Figure 6.9 shows the TEM dark-field image of the AA3105 aluminum alloys after creep at
175 °C under different stresses and different creep times. The samples were taken from
samples which were deformed up to around 80% of fracture strain and were both in the steady
state area. Comparing the images reveals that the crept sample under 40 MPa had a lower
dislocation density. Arrows show the high dislocation density in the crept sample under
85 MPa stresses. Additionally, a brightness change of the matrix within a grain was observed
at higher stress which indicates that a high amount of the geometrically necessary dislocation
(GND) were formed in the matrix. The GNDs are responsible for the orientation variation
within grains[196]-[198]. Due to the orientation of the grains, an observation of the

dislocations was not possible in all of the grains.

Figure 6.9. TEM dark-field micrographs of the crept AA3105 aluminum alloy (a) under
40 MPa after 14 hours and (b) 85 MPa after 2 hours at 175 °C. The arrows show areas with
high dislocation density. (TEM performed by S. Zischke)

Figure 6.10 shows the microstructure evolution of the samples after 1 and 14 hours under
40 MPa. Figure 6.10.b shows a dislocation pile-up and also dislocation dipoles (see arrows). By
passing the time, recovery processes were activated and dislocation annihilation has occurred
locally. Low angle grain boundaries were formed. Still, comparing the Figure 6.10.a and ¢
shows that the dislocation density has increased over time as a result of creep (see arrows on
Figure 6.10.c). Additionally, at high temperature, dislocation cell walls were observed, which
indicates the dislocations were rearranged and new subgrains were formed (see arrows on

Figure 6.10.c). Figure 6.11 shows the kernel average misorientation maps (KAM) of the same
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samples [196], [198]. The KAM maps show that the dislocation density has not increased
drastically but the amount of the areas which had low confidence index (black areas) [199]-
[201], has also increased, which shows that the dislocation density has increased locally.
Additionally, Figure 6.11.c and d show that the fraction of the low angle grain boundaries with
misorientation angle less than 8° decreased over time, compared to the low angle grain
boundaries with a misorientation angle of more than 8°. This shows that the dislocations were

recovered at grain boundaries and high angle grain boundaries were formed.

500 nm

Figure 6.10. TEM dark-field micrograph of the crept AA3105 aluminum alloy under 40 MPa
(a-b) after 1 h and (c-d) after 14 h at 175 °C. The arrows show dislocation pile-up and also
dislocation dipoles. (Image acquired by S. Zischke)

84



6.Creep behavior of AA3105 and Al-Zr-Fe aluminum alloys

Figure 6.12 shows the dark field image of the AA3105 aluminum alloy after 25 mins and
2 hours under 85 MPa tensile stress. Figure 6.12.a and b show the dislocations pile-up behind
a precipitate (see arrows on Figure 6.12.b). Figure 6.12.c and d show that, compared to the
40 MPa samples, a higher amount of dislocations are produced. They have formed smaller
subgrains even though the time periods were shorter compared to the 40 MPa samples.
Arrows on Figure 6.12.c show a few low angle tilt subgrain boundaries, which were made of a
set of edge dislocations. The dislocation density was low after 25 mins but over time, the

amount of dislocations had increased drastically.
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Figure 6.11. (a-b) Kernel average misorientation angle maps and (c-d) histograms of the
misorientation angle from 2-65° of the crept AA3105 aluminum alloy at 175 °C under
40 MPa after (a,c) 1 h and (b,d) 14 h. (SEM performed by S.J. Schroders)
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500 nm

Figure 6.12. TEM dark-field micrographs of the crept AA3105 aluminum alloy at 175 °C
under 85 MPa after (a,b) 25 mins and (c,d) 2 h. The arrows show dislocations pile-up behind
a precipitate and a subgrain formation. (Image acquired by S. Zischke)

Additionally, in some areas the dislocations had enough time to annihilate, which lead to
higher misorientation angles at grain boundaries compared to the samples which were crept

under 40 MPa.

Figure 6.13 shows the KAM maps of the AA3105 aluminum alloy tested under 85 MPa after
25 mins and 2 h. The KAM maps show that the dislocation density increased drastically
compared to the low stresses (More green areas). Also the amount of the area with a low

confidence index increased, which also verified that the dislocation density has increased
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locally (More black areas). Additionally, Figure 6.13.c and d show that the fraction of the low
angle subgrain boundaries (less than 8°) compared to the initial condition has increased.
Additionally, compared to the low angle grain boundaries with a misorientation angle more
than 8°, the amount of the low angle grain boundaries increased. It shows that the dislocations

were annihilated at grain boundaries and high angle grain boundaries were formed.
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Figure 6.13. (a-b) Kernel average misorientation angle maps and (c-d) histograms of the
misorientation angle from 2-65° of the crept AA3105 aluminum alloy under 85 MPa load
after (a,c) 25 mins and (b,d) 2 h. (SEM performed by S.J. Schroders)
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6.3.3

Discussion of creep mechanisms of the AA3105 alloy

It was mentioned that the AA3105 aluminum alloy contained precipitates and dispersions.

Due to the high temperature heat treatment of the initial condition, coarsening occurred and

the Mg-Si particles did not make a contribution to the strengthening after the heat treatment.

However the a-Al(Fe,Mn)Si particles are the stable precipitates, which cannot grow at 140 °C.

The effect of a-Al(Fe,Mn)Si particles on the creep behavior of the AA3105 aluminum alloy was

investigated. The investigation shows that the three following creep regimes are active and

dominant at different stress and temperature ranges.

1-

Low stresses at low temperature region:

It was found during the evaluation of the strain rate with respect to the normalized
stress that the a-Al(Fe,Mn)Si particles have reduced the dislocation motion during the
creep tests. The determined stress exponents were in the range of 0.5-1.0 at low
stresses. The average activation energy is 15.3 kl/mole, therefore a non-diffusional
mechanism could be responsible for it. A possible non-diffusional process is cross slip.
Atomistic simulations showed that cross slip mechanisms have activation energy of 57
via Fleischer mechanism [202] to 2 kJ/mole via Friedel and Escaig mechanism [203],
[204] at zero temperature in aluminum [205]. Increasing the temperature and stress
decrease the activation energy for cross slip. Thus the most probable creep mechanism
is cross slip, which is also reported by Matsunaga et al. [119]. Thus according to [119]
the most probable creep mechanism is dislocation annihilation by cross slip at cell
walls. This mechanism has not been observed or mentioned for the present alloy in
der literature.

Low stresses at high temperature region:

It was observed that at high temperatures and low stresses the average activation
energy of the creep mechanism is 89.3 kJ/mole which is close to the diffusion through
the dislocation core [206]. Additionally, the stress exponent is close to 5, which
indicates that dislocation motion is the dominant creep mechanism. Therefore, the
most probable creep mechanism according to the Table 6.2 is pipe-diffusion-controlled
dislocation climb. Figure 6.10 also shows that the dislocation density has increased at
40 MPa at 175 °C, and comparing the samples with undeformed samples (Figure 6.8)
verifies that the recovery processes are active and subgrain boundaries were formed.

At the beginning of the creep, the dislocation motion leads to an increase of the
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dislocation density over time. The increase of the misorientation angle at subgrain
boundaries verifies that the dislocation density has increased at grain boundaries and
also dislocations are partially annihilated, which lead to the increasing misorientation
angle at subgrains to up to 15 degree. At some areas the deformation is so high that
the indexing of the EBSD patterns is impossible, and over time these unindexed areas

were increased.

Table 6.2. n, p and Q values for creep in pure aluminum

Q
Qu = 142kJ [120]

Mechanisms n

Nabarro-Herring Creep

Coble creep Qgb = 85kJ [120]

Harper-Dorn creep Q. = 142kJ [120]

Grain boundary sliding (d, < subgrains) Qgb = 85k [108]

Grain boundary sliding (d, > subgrains) Q. = 142 Kj [108]

W[l N| R R R
ol r| N| O]l W| M| T

Dislocation climb 4.5 QL =142k [136]

Dislocation glide 2-3 1-2 | Qu=142kJ [132], [137]

3- High stresses at high temperature region:
At high stresses and temperatures, the stress exponent is equal to 6. This indicates that
the dislocation motion is the active deformation mechanism. On the other hand, the
average activation energy is 174.9 kl/mole and is higher than the accepted activation
energy for self-diffusion through lattice (Qsq = 142 kJ/mole), which is same as noted in
precipitation hardened alloys [207]—-[209]. This suggests that the dominant creep
mechanism is self-diffusion controlled dislocation climb creep with drag stress.
Dislocation glide was also observed in Figure 6.13, which shows that the dislocation
density has increased drastically. The unindexed areas are more than the unindexed
areas in the 40 MPa sample after 14 h. Additionally, over time, the area of the
unindexed points increased mainly at grain boundaries. On the other hand, the
misorientation angles at grain boundaries increased, not only at subgrains, but also at
high angle grain boundaries. The increase of the misorientation angles suggested the

activation of the recovery processes, which leads to the rearrangement and

89



6.Creep behavior of AA3105 and Al-Zr-Fe aluminum alloys

annihilation of the dislocation at grain boundaries, which leads to the increase of the

grain boundaries misorientation angle [210]-[212].

The suggested creep mechanisms based on the creep tests for the AA3105 aluminum alloy
show a good agreement with the developed features of microstructure on SEM and TEM

images.

6.4 Results of Al-Zr-Fe aluminum alloy

6.4.1 Creep tests
The tensile creep tests were carried out at different temperatures ranging from 100 °C to

200 °C (373K — 473K) under different applied stresses. Figure 6.14 shows the creep curves.

Some parts of experimental details, results and conclusions of this part of the thesis are based
and taken from the Bachelor thesis of Simon Arnoldi, entitled “Creep behaviour of Al-Fe-Zr

alloys”, written under my supervision [213].

As it was explained in section 2.4, the dominant creep mechanism was determined using the
minimum creep rates at different temperatures under different stresses. Figure 6.15 shows
the minimum creep rates vs. reciprocal of the absolute temperature at different stresses for
the Al-Zr-Fe aluminum alloy. According to the activation energies, three different regimes are
observed: one low temperature regime and two high temperature regimes. At low
temperatures the average activation energy is 25.63 kl/mole and at high temperatures and
low stresses, the average activation energy is 67.7 klJ/mole, and at high stresses is around
137.2 kJ/mole. Unlike in the case of AA3105 (Figure 6.6), a continuous transition from the low

stress regime to the high stress regime is observed at high temperature.
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Figure 6.14. The creep strain over time for the Al-Zr-Fe aluminum at different temperatures.
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Figure 6.15. The minimum creep rates vs. reciprocal of the absolute temperature at
different stresses for Al-Zr-Fe aluminum alloy.

Based on the fitted creep exponents, two distinct regimes are observed at low and high
stresses (see Figure 6.16). In the lower stress regime, the stress exponent is in the range of 3-
6, which indicates that the dislocations motion is the dominant deformation mechanism. At
higher stresses, the stress exponent is 26, which is considered as the power-law breakdown

region [186].
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Figure 6.16. The temperature dependence of minimum creep rates at different tensile
stresses, to determine Q-values for Al-Zr-Fe aluminum alloy.
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6.4.2 Microstructure observation

Figure 6.17 shows the SE image of the extruded Al-Zr-Fe aluminum alloy, which is considered
as the initial condition. The SEM micrographs show that there are coarse precipitates present
in the matrix. EDS measurements demonstrated that the precipitates are the Al-Fe particles
(see Figure 6.2.c). The Zr content stays in the matrix as solute atoms. The grains were
elongated in extrusion direction. IPF images show big grains which are elongated along one
direction. The mean grain diameter cannot be measured or determined, since the grains were

too big and hence too few to reflect enough grains in an IPF.

Figure 6.18 shows the TEM dark-field image of the Al-Zr-Fe after creep samples under 40 MPa
and 75 MPa at 125°C in the steady-state region. Comparing the images reveals that the sample
under 40 MPa had a lower dislocation density. Under higher stress (75MPa) dislocation

density is high, but due to a preparation artifact, they are not clearly visible.

Figure 6.19 (a,b) shows the kernel average misorientation maps (KAM) of the crept Al-Zr-Fe
aluminum alloy at 125 °C under 40 MPa and 75MPa in the steady-state region. The KAM maps
show that by increasing the stress the dislocation density has increased at subgrain boundaries
(green lines in the figure). Additionally, Figure 6.11.c and d show that the fraction of the low
angle grain boundaries with misorientation angles below 8° is higher in the sample which was
tested under 40MPa. However, at higher stress, the misorientation angle increased and the
fraction of low angle grain boundaries with a misorientation angle more than 8° was higher in
the sample which was tested under 75 MPa. This shows that the dislocations were consumed

at grain boundaries and high angle grain boundaries were formed.
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Figure 6.17. (a) SEM image, (b) EBSD map, (c) the EDS analysis and (d) histogram of the
misorientation angle from 2-65° of the Al-Zr-Fe aluminum alloy in as-extruded condition.
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500 nm

Figure 6.18. TEM dark-field micrographs of the crept Al-Zr-Fe aluminum alloy at 125 °C (a,b)
under 40 MPa and (c,d) 75 MPa in the steady-state region. Arrows show subgrain
boundaries and dislocation dipoles. (Image acquired by S. Zischke)
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Figure 6.19. (a-b) Kernel average misorientation angle maps and (c-d) histograms of the
misorientation angle from 2-65° of the crept Al-Zr-Fe aluminum alloy at 125 °C (a,c) under
40 MPa and (b,d) 75 MPa in the steady-state region. (SEM performed by S.J. Schréders)

Figure 6.20 shows the microstructure evolution of the Al-Zr-Fe aluminum alloy after creep at
175 °C under 40 MPa and 75 MPa in the steady-state region. In Figure 6.20 (a,b) no
dislocations were observed. Subgrain boundaries were observed (see arrows on Figure 6.20.
a and b). Additionally, the brightness of the matrix within a grain has changed, which may be
attributed to the presence of the geometrically necessary dislocation. At lower temperature
the contrast change was not observed [196]-[198]. Figure 6.20 (c,d) shows dislocations and
low angle grain boundaries and subgrain boundaries. Dislocations were recovered and low
angle grain boundaries and subgrains were formed compared to the 125 °C.
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500 nm

Figure 6.20. TEM dark-field micrographs of the crept Al-Zr-Fe aluminum alloy at 175 °C (a-
b) under 40 MPa and (c-d) 75 MPa in the steady-state region. Arrows show subgrain
boundaries, dislocations and low angle grain boundaries. (TEM performed by S. Zischke )

Figure 6.21 shows the Kernel average misorientation angle map and histogram of the
misorientation angle from 2-65° of the crept Al-Zr-Fe aluminum alloy at 175 °C under 40MPa
and 75 MPa tensile creep stress. The dislocation density was higher for the samples after creep
at 175 °Cunder 75MPa. The green line shows the areas which had higher misorientation angle
and consequently higher GND density. Figure 6.21.a shows that the GNDs are not dominant

in the matrix and the matrix is not deformed drastically. Figure 6.21.c and d show the
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distribution of the misorientation angle in the matrix. At lower stress the amount of low angle

grain boundaries is much higher than at high stress.
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Figure 6.21. Kernel average misorientation angle maps and histograms of the misorientation
angle from 2-65° of the crept Al-Zr-Fe aluminum alloy at 175 °C (a,c) under 40 MPa and (b,d)
75 MPa in the steady-state region. (SEM performed by S.J. Schréders)

6.4.3 Discussion of creep mechanisms of the Al-Zr-Fe alloy

Al-Zr-Fe did not contain Al-Zr nano-precipitates, therefore the creep behavior of the Al-Zr-Fe
aluminum alloy was not influenced by nano-precipitates and dispersions. On the other hand,
the matrix contained the elements Zr and Fe, which reduce the motion of the dislocations.

The microstructure investigations show that the initial condition contained large grains with a
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preferred orientation. Al-Fe particles were also observed in the matrix, however, the

precipitation density is not high enough to contribute toward strengthening the material. The

investigation shows that three different creep mechanisms are active at different stress and

temperature ranges.

1-

Low temperature region:

It has been suggested that viscous dislocation glide is characterized by a stress
exponent of 3 at low temperatures and 5 at high temperatures; the respective
activation energies increases continuously from 25.6kJ/mole to around 68 kJ/mole.
The stress exponent of the Al-Zr-Fe aluminum alloy at low temperatures and low stress
is 3 and the average activation energy was found to be 25.6kJ/mole. Matsunaga et al.
[119] suggested dislocation annihilation by cross slip at cell walls as a new creep
mechanism at low temperature. As it was explained in section 0, activation energy of
cross slip at zero temperature in aluminum via Fleischer mechanism is 57 kJ/mole and
[202] via Friedel and Escaig mechanism is 2 kJ/mole [203]-[205]. Thus, the most
probable creep mechanism for low temperature creep behavior of the Al-Zr-Fe
aluminum alloys is cross slip at cell walls.

Low stress at high temperature region:

It was observed that at high temperatures and low stresses the average activation
energy of the creep mechanism is 67.7+17 kl/mole, which is close to that of pipe
diffusion. Therefore, the most probable creep mechanism is pipe-diffusion-controlled
dislocation climb. Comparing the samples with undeformed samples verifies that the
recovery processes have occurred and subgrain boundaries were formed (see Figure
6.17.d and Figure 6.21.c).). Increasing the misorientation angle at subgrain boundaries
verifies that the dislocation density has increased at grain boundaries and also
dislocations are partially annihilated, which leads to an increase of the misorientation
angle at subgrains up to 15 degree.

High stresses at high temperature region:

At high stresses and temperatures, the activation energy of the creep mechanism
increases continuously to 137.77 kJ/mole, which is close to the accepted activation
energy for self-diffusion through lattice (Qsq¢ = 142 kJ/mole), but the stress exponent is

equal to 26, which is much higher than the defined stress exponents and the
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mentioned mechanism are not valid any more (power-law breakdown) [186]. The

transition from low stress to high stress creep mechanism occurred continuously.

The developed features of microstructure on SEM and TEM images are consistent with the

suggested creep mechanisms based on the creep tests for the AA3105 aluminum alloy.

6.5 Comparison of the two alloys

In order to compare two different alloys, the relative creep rate éKT/D,4bG was plotted
against o/G on a log-log diagram (see Figure 6.22 ). It is observed that the Al-Zr-Fe aluminum
alloy has a lower creep rate at low stresses, which is attributed to the strengthening of the
alloy due to the solid solution hardening. However the lower steady-state creep rate is just
valid up to 75 MPa. At higher stresses deformation occurred faster, which is attributed to the
low yield stress due to the large grain diameter and low work hardening ability. The steady-
state creep rate of AA3105 aluminum alloy is less than the Al-Zr-Fe aluminum alloy in the same
ranges of stress (<75 MPa) and temperature (100-150°C). The AA3105 aluminum alloy shows
a much better creep resistance at high stresses and temperatures, which could be due to the
smaller grain size (Hall-Petch effect )[109], [110], [214] and, more importantly, precipitation

hardening.
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Figure 6.22. The temperature compensated strain rate vs.
normalized stress for AA3105 and Al-Zr-Fe aluminum alloys.
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6.6 Conclusions

In this chapter, the creep behavior of AA3105 and Al-Zr-Fe aluminum alloys were investigated.

The n and Q values were determined and creep regimes were identified for each aluminum

alloy.

1-

2-

The creep mechanism of the AA3105 aluminum alloy at low stresses and low
temperature was determined to be dislocation annihilation by cross slip at cell walls.
At low stresses and intermediate temperatures, the most probable creep mechanism
is pipe-diffusion-controlled dislocation climb. Under high stresses at high temperature,
creep appears to be self-diffusion controlled dislocation climb with drag stress.

Three creep regions were observed in the Al-Zr-Fe aluminum alloy. Under low stresses
and at low temperature, the creep mechanism was concluded to be dislocation
annihilation by cross slip at cell walls. Under low stresses and at high temperatures,
the creep mechanism was pipe-diffusion-controlled dislocation climb. The creep
mechanism under high stresses and at high temperature was not determined due to
the power-law breakdown.

Comparison of the creep behavior of AA3105 and Al-Zr-Fe aluminum alloy shows that
the Al-Zr-Fe aluminum alloy has a lower creep rate at low stresses, which is attributed
to the strengthening of the alloy due to the solid solution hardening, but at stresses
higher than 75 MPa, the steady-state creep rate of the AA3105 aluminum alloy is lower

than Al-Zr-Fe aluminum alloy.
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/7 Summary

In this study, the microstructural evolution of a homogenized AA6016, AA6005 and an as-cast
AA3105 aluminum alloy was simulated by means of the ClaNG model, and the precipitation
sequences of an as-cast AA3105 aluminum alloy with and without Mg addition were
investigated. Finally, the creep behavior of AA3105 and Al-Zr-Fe aluminum alloys was

evaluated.

7.1 Essential model improvements

In order to simulate precipitation kinetics and DSC curve, the following improvements to the

ClaNG model were made.

e A new database were added including metastable phases.

e A new growth law based on a mean field approach was implemented in code.

e A combination of Lagrange and Euler like approaches were used.

e A heat flux model was implemented to calculate DSC curves.

e A Strength model was implemented to derive mechanical properties immediately.

e A new model was used to simulate the incubation time of nucleation.

The improvements make the simulation of nucleation and growth of precipitates of aluminum
alloys during isothermal and non-isothermal heat treatments by means of the ClaNG model

possible.

7.2 Precipitation simulation and kinetics

The ClaNG model coupled with a thermodynamic database was used to simulate isothermal
and non-isothermal heat treatments. The heat flux evolution during DSC of the alloy in
continuous heating experiments was simulated as well. The simulations were in a good
agreement with experimental data. The evolution of the metastable and stable phases was
well reproduced by the computer simulations. Additionally, the results pointed out that the
DSC curves are better tools to calibrate the models, and that DSC simulations are extremely
useful to interpret the DSC curves. TEM investigations showed that the precipitation sequence
of AA3105 from as-cast condition is GPl zones - B’ - B’ - a-Al(Mn,Fe)Si - B (Mg:Si). The
precipitation sequence of the AA3105 aluminum alloy without Mg is: small precipitates with
an unknown structure > a-Al(Mn,Fe)Si. The a-Al(Mn,Fe)Si phase is semi-coherent, its

precipitation is not observed after standard heat treatments and is only detected in the as-
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cast condition. It was evinced that Mg addition shifts the precipitation temperature of the o-
Al(Mn,Fe)Si to lower temperatures. Based on the new understanding of the precipitation
sequence and the kinetics, new heat treatments were proposed and tested in order to
improve the strength and the creep resistance. The new improved heat treatment may guide
industrial production, the homogenization path in particular, towards improved mechanical
properties. For the commercial AA3105 aluminum alloy, the maximum hardness was achieved

by the precipitation of the long-term stable a-Al(Mn,Fe)Si particles.

7.3 Creep behavior of the new aluminum alloys
Finally, the creep behavior of AA3105 and Al-Zr-Fe aluminum alloys was investigated and
interpreted. Comparing the determined stress exponent and activation energies with

literature, the creep regimes were identified for each aluminum alloy.

The creep mechanism of AA3105 aluminum alloy at low stresses and low temperature can be
dislocation annihilation by cross slip at cell walls. Under low stresses and higher temperatures,
the most probable creep mechanism is pipe-diffusion-controlled dislocation climb. Under high
stresses at high temperature, the creep mechanism is probably dislocation glide with a drag

stress.

Three creep mechanisms were also determined for an Al-Zr-Fe aluminum alloy. Under low
stresses at low temperature, the creep mechanism can be dislocation annihilation by cross
slip at the cell walls. Under low stresses at high temperature, the creep mechanism is probably
pipe-diffusion-controlled dislocation climb. The creep mechanism under high stresses at high

temperature could not be determined.

A comparison of the creep behavior of AA3105 and Al-Zr-Fe aluminum alloy shows that the
Al-Zr-Fe aluminum alloy has a lower creep rate at low stresses, which is attributed to the
strengthening of the matrix due to the solid solution hardening. But at stresses higher than
75 MPa the steady-state creep rate of the AA3105 aluminum alloy is lower than Al-Zr-Fe

aluminum alloy.

Based on the achieved results, a new homogenization path is proposed for AA3105 aluminum
alloy to reduce the steady-state creep rate of the AA3105 aluminum alloy. Further research
into creep behavior and electrical conductivity of it is suggested to compare the results with

the required norms for the power grids.
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Abstract

Due to their high electrical conductivity and relatively high melting temperature compared to
other highly conductive metals (1.72x10® Q.m), copper alloys have been used widely in
power grids. However, in the recent decades, the price of copper alloys has increased
substantially. For this reason, the demand for new alloys which can be used instead of copper
has increased. The working temperature of the power grids is 140 °C, with short periods of up
to 200 °C. Therefore, new developed materials should possess equal or better mechanical
properties (creep resistance) at these temperatures, as well as high electrical conductivity,
and also a reasonable price compared to copper alloys. For these reasons, aluminum alloys

are among the most promising candidates.

In this study, new aluminum alloys have been developed and investigated. Aluminum alloys
have a high electrical conductivity, which satisfies this requirement for the power grids.
However due to their low melting temperature, creep mechanisms are active in the
temperature range of the working condition of power grids. In order to use aluminum alloys
in power grids, it is necessary to develop alloys with high strength and creep resistance. Based
on the mentioned demands, new aluminum alloys were produced and investigated in this
work. The strain hardening mechanism is known to deteriorate the electrical conductivity.
Therefore, AA3105 aluminum alloy as a precipitation hardened alloy and Al-Zr-Fe aluminum

alloy as a solid solution hardened alloy were produced and investigated.

In order to optimize the mechanical properties of AA3105 aluminum alloys, the precipitation
sequence of the alloys were investigated by means of DSC measurements, Transmission
Electron Microscopy (TEM) and Scanning Electron Microscopy (SEM) investigations,
simulations and creep tests. The precipitation behavior of as-cast AA6016, AA6005 and A3105
aluminum alloys was simulated by means of a classical nucleation and growth model. The
model was coupled with a thermodynamic database containing the elements Al, Mg, Si, Fe,
Cu and Mn with their corresponding stable and metastable phases. The focus of the
investigation was laid on the evolution of B”, B’, B (Mg2Si) and Si phases. DSC tests were
conducted in the temperature range of 100-500 °C. The simulation results were compared to
results of the DSC experiments. The simulation results showed a very good agreement with
the experimentally measured DSC curves and the average particle size. TEM investigations

were conducted on the DSC samples in order to identify the precipitated phases at certain
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temperatures and the precipitation sequence was determined for AA3105 aluminum alloy.
The evolution of the a-Al(Mn,Fe)Si phase was studied with and without the presence of Mg-Si
phases. The a-Al(Mn,Fe)Si particles can improve the mechanical properties at elevated
temperatures, unlike the Mg-Si phases. It was found that Mg addition accelerates the
precipitation of the a-Al(Mn,Fe)Si particles, and it shifts the precipitation to lower
temperatures during DSC measurement. This effect appears to be caused by local enrichment
of the matrix, rather than direct phase transformation, since heterogeneous nucleation of a-
Al(Mn,Fe)Si particles on the u-phase was not observed during the investigations. With high
probability, the precipitation sequence of the AA3105 aluminum alloy with Mg was: (GP zones)
- B> [ = a-Al(Mn,Fe)Si - [ (Mg2Si). Without Mg, the sequence was described as: small
spherical precipitates with an unknown structure - a-Al(Mn,Fe)Si. Based on the simulations,
new heat treatments were proposed and investigated. From their results, a new production

process was proposed.

The creep behavior of the as-cast Al-Zr-Fe and AA3105 aluminum alloys was also investigated.
The creep mechanism of AA3105 and Al-Zr-Fe aluminum alloys at low stresses and
temperatures is dislocation annihilation by cross slip at cell walls. At low stresses and
intermediate temperatures, the pipe-diffusion-controlled dislocation climb dominates. For
AA3105 aluminum alloys, dislocation glide with a drag stress is dominant at high temperatures
and high stresses. However, for Al-Zr-Fe, a power-law break down occurs at high temperatures
and high stresses. Comparing the creep behavior of the AA3105 and Al-Zr-Fe aluminum alloys
shows that the Al-Zr-Fe aluminum alloy has a better creep resistance at low stresses up to 65
MPa, due to the solid solution hardening, but at high stresses the AA3105 aluminum alloy
shows a better creep resistance, which is due to the smaller grain diameter and precipitation

hardening.

Based on the conducted study and understanding of the precipitation kinetics of AA3105
aluminum alloy, and also the creep behavior of both alloys, a new production chain is
proposed for AA3105 aluminum alloy which is expected to lead to a higher creep resistance
compared to the conventionally produced AA3105 aluminum alloy, and which is expected to

fulfil the requirements of power grids.
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Kurzzusammenfassung

Kurzzusammenfassung

Aufgrund der hohen elektrischen Leitfahigkeit und einer relativ hohen Schmelztemperatur im
Vergleich zu anderen hoch elektrisch leitenden Metallen werden Kupferlegierungen in
groRem Umfang in Stromnetzen eingesetzt. In den letzten Jahrzehnten hat sich der Preis der
Kupfer-Legierungen erhoht. Deshalb hat sich die Nachfrage nach neuen Legierungen, die
anstelle der Kupferlegierungen verwendet werden kann, erhoht. Die Arbeitstemperatur der
Stromnetze liegt bei 140 °C, kurzzeitig auch bis zu 200 °C. Daher missen neu entwickelte
Materialien bei verniinftigem Preis vergleichbar gute mechanische Eigenschaften bei hohen
Temperaturen (Kriechfestigkeit) sowie eine vergleichbar hohe elektrische Leitfahigkeit wie
kommerzielle Kupferlegierungen besitzen. Aluminium-Legierungen gehdéren hierbei zu den

erfolgversprechenden Kandidaten.

In dieser Studie wurden neue Aluminiumlegierungen entwickelt und untersucht. Aluminium-
legierungen haben eine hohe elektrische Leitfahigkeit, die die Anforderungen fiir Stromnetze
erfullt. Jedoch sind in Aluminium aufgrund der niedrigen Schmelztemperatur relativ zur
Einsatztemperatur der Stromnetze Kriechmechanismen aktiv. Um Aluminiumlegierungen in
Stromnetzen zu verwenden, ist es notwendig, Legierungen mit einer hohen Kriechfastigkeit zu
entwickeln. Auf der Grundlage dieser Anforderungen wurden neue Aluminiumlegierungen
hergestellt und im Rahmen dieser Arbeit untersucht. Als vielversprechendste Legierungen sind
AA3105 Aluminiumlegierung, eine neue ausscheidungsgehartete Legierung sowie Al-Zr-Fe
Aluminiumlegierung ausgewahlt, die eine mischkristallsgehartete Legierung ist. Um die
mechanischen Eigenschaften von AA3105 Aluminiumlegierung zu optimieren, wurde die
Ausscheidungssequenz der Legierungen mittels Differenzial-Scanning-Kalorimetrie (DSC),
Transmissionselektronenmikroskopie (TEM) und Rasterelektronenmikroskopie (SEM) sowie
Computersimulationen und Kriechversuchen untersucht. Das Ausscheidungsverhalten aus
dem Gusszustand von AA6016, AA6005 und AA3105 Aluminiumlegierungen wurde mittels
einem klassischen Keimbildungs- und Wachstumsmodell simuliert. Das Modell wurde mit
einer thermodynamischen Datenbank, die die Elemente Al, Mg, Si, Fe, Cu und Mn mit ihren
entsprechenden stabilen und metastabilen Phasen enthalt, verkniipft. Der Schwerpunkt der
Untersuchungen lag auf der Entwicklung von B“, B‘, B (Mg2Si) und Si-Phasen. DSC-Tests
wurden im Temperaturbereich von 100-500 °C durchgefiihrt. Die Simulationsergebnisse

wurden mit den Ergebnissen der DSC-Experimente verglichen. Die Simulationsergebnisse
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zeigten eine sehr gute Ubereinstimmung mit den experimentell gemessenen DSC-Kurven und

der mittleren PartikelgrofRRe.

TEM-Untersuchungen wurden an den DSC-Proben durchgefiihrt, um die bei bestimmten
Temperaturen ausgeschiedenen Phasen zu bestimmen und die Reihenfolge der Ausscheidung
zu identifizieren. Die Entwicklung der a-Al (Mn, Fe) Si-Phase wurde mit und ohne Mg-Gehalt
untersucht. Im Gegensatz zu den Mg-Si-Phasen kénnen die a-Al(Mn,Fe)Si Partikel die
mechanischen Eigenschaften bei erhohten Temperaturen verbessern. Es wurde festgestellt,
dass Mg die Ausscheidung der a-Al(Mn,Fe)Si Partikel beschleunigt, und es verschiebt die
Ausscheidungstemperaturen wahrend der DSC-Messungen zu niedrigen Temperaturen.
Dieser Effekt scheint durch lokale Anreicherung der Matrix verursacht zu werden. Mit hoher
Wahrscheinlichkeit lautet die Reihenfolge der Ausscheidung fiir AA3105 Aluminiumlegierung
mit Mg: GP-Zonen - " = ' a-Al(Mn,Fe)Si - B (Mg:Si). Ohne Mg lautet die Sequenz: kleine
kugelfoérmige Teilchen einer noch unbekannten Struktur - a-Al(Mn,Fe)Si. Auf der Grundlage
dieser Ergebnisse wurde ein neues Herstellungsverfahren fir AA3105 Aluminiumlegierung

vorgeschlagen und untersucht.

Das Kriechverhalten von stranggepresstem Al-Zr-Fe und AA3105 Aluminiumlegierungen
wurde untersucht. Deren Kriechmechanismus bei niedrigeren Temperaturen und Spannungen
ist die Versetzungsausléschung durch Quergleiten an Zellwanden, bei hohen Temperaturen
und niedrigen Spannungen das durch Diffusion im Kern kontrollierte Versetzungsklettern. Bei
hohen Spannungen und Temperaturen liegt in AA3105 Versetzungsgleiten mit einer
Reibungskraft vor, aber fiir Al-Zr-Fe fiihrt die Erhdhung der Spannungen zum Ausfall des
Potenzgesetzes. Der Vergleichen des Kriechverhaltens der AA3105 und Al-Zr-Fe-Legierungen
zeigt, dald die Al-Zr-Fe infolge der Mischkristallhdrtung eine bessere Kriechfestigkeit bei
geringen Spannungen von bis zu 65 MPa hat, aber bei hohen Spannungen zeigt AA3105
Aluminiumlegierung eine bessere Kriechbestandigkeit, die auf die kleinere KorngréRe und vor

das Ausscheidungsharten zurtickzufiihren ist.

Fiir die AA3105 Aluminiumlegierung wurde, basierend auf der durchgefiihrten Studie und dem
verbesserten Verstandnis der Ausscheidungskinetik, ein Vorschlag zur Verbesserung der
Prozesskette erarbeitet. Es wird erwartet, dass die neue vorgeschlagene Produktionskette im
Vergleich zu der konventionellen Produktionskette fliir AA3105 Aluminiumlegierung zu einer
hoheren Kriechfestigkeit flihren und die Anforderung der Stromnetze erfiillen wird.
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