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Internal Mismatch Stresses in Nickel-Based Superalloys: A Finite Element
Approach

A. Hazotte, A. Racine and S. Denis

Laboratoire de Science et Génie des Matériaux Métalliques, URA 159 du CNRS, Ecole des Mines, Parc de
Saurupt, 54042 Nancy cedex, France

Abstract. A three-dimensional finite element (F.E.) model is used to estimate the mismatch stresses at a
microscopic scale in y - ¥ * single-crystal nickel-based superalloys. F.E. calculations point out the specificity of
stress/strain distributions in these alloys, in particular the fact that internal stresses concentrate in the connected Yy
matrix. The analysis of stress/strain ficlds and elastic energy evolution as a function of precipitate morphology and
volume fraction allows to explain some atypical precipitate shape changes such as “splitting” during precipitation
treatments or “raftening” during high temperature creep tests.

1. INTRODUCTION

Nickel-based superalloys used to manufacture single-crystal turbines blades are strengthened by
precipitation of a high volume fraction of an intermetallic Ni3Al-based phase (v’ phase) in the Ni-based
matrix (y phase). Figure 1 shows their typical microstructure after standard precipitation heat treatment.
Both y and y’ phases have f.c.c. crystallographic lattices. They are in coherence after standard heat
treatments, although they present a small (less than 1%) difference of parameter. The existence of this
lattice mismatch results in internal stresses which strongly influence the high temperature mechanical
behaviour of these alloys, as well as their microstructural evolution during service. In particular, these
mismatch stresses have been unambiguously related to the occurence of precipitate shape changes during
either precipitation or ageing treatments.

Most part of the theoretical studies concerning these internal mismatch stresses have been based on the
analytical or numerical resolution of the Eshelby’s problem. They give access to the mean value of internal
stress and energy in both phases, as a function of precipitate size and for different simple shapes chosen a
priori to be as close as possible to the observed ones [1-5]. However, they are generally limitated to simple
precipitate shapes and low precipitate volume fractions.

Figure 1: Typical microstructure of a single crystal Ni-
based superalloy (alloy “CMSX-2") after a standard heat
treatment (3h. at 1315°C; Sh. at 1050°C; 20h. at 870°C).
The single crystal is observed by S.E.M. in secondary
electron mode, along one {001} plane. The darker phase is
v ’ phase; the clearerone isy .

The present paper proposes a synthesis of different recently published [6-9] or unpublished works in
which a finite element approach of this problem was carried out. We estimate the internal stress and strain
fields associated with a mismatching coherent precipitate, using a periodic 3D finite element model and
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assuming an anisotropic elastic behaviour for both y and y * phases. Firstly, we compare the results of our
model with data available from other analytical and numerical approaches. Then, we focus on the evolution
of the local stress and strain fields as a function of precipitate volume fraction, which allows to point out the
specificity of nickel-based superalloys in terms of internal stress distribution. Lastly, we discuss precipitate
shape changes observed during precipitation and ageing heat treatments as well as during the early stage of
a creep test.

2. NUMERICAL MODELLING

2.1 Finite Element Model

As a basic assumption, we consider an ideal y-y * alloy in which y’ precipitates are periodically
distributed on a cubic array (Figure 2a). This allows to limitate the analysis to a cubic unit cell
representative of the whole material. As illustrated in Figure 2b, this unit cell encloses one eighth of a
single precipitate and one half of the surrounding matrix. Within this unit cell, different y-v°’
microstructures were modelled, using different vy’ phase volume fractions and shapes. The y’ volume
fractions tested ranged between 1 % and 80 %. The different vy’ shapes are illustrated in Figure 3. The
cubic shape is close to the most current v’ morphology after standard heat treatment (cf Fig. 1). As it will
be discussed in the following, "octet" and "star" morphologies are observed during the v’ precipitation
process, while an evolution towards "infinite plate” morphology occurs during high temperature creep
tests. The unit cells were discretized in finite element meshes such as the one showed in Figure 2b. In fact,
the meshes varied with on the y-y ’ configuration but they were typically constituted of about 2500
elements. The lattice mismatch between y and vy * phases was introduced as an isotropic initial deformation
of the v’ elements. In some cases, an uniaxial tension or compression stress parallel to the Oz direction
was applied on the external xOy face of the elementary cell. Symmetry and periodicity were imposed by
constraining three contiguous faces of the cell to deform along their initial plane, while the three other faces
had to remain parallel to their opposite face. The mechanical behaviour of both y and y’ phases were
assumed to be elastic and anisotropic.

Finite element calculations allow to obtain the strain and stress fields associated with a given precipitate
morphology Mk and a given volume fraction Vvy. The internal elastic energy per volume of unit cell is
deduced as :

Ee(Mk,Vy) = 122 Z1 [ 61§ (. () ]

where cjj (1) and €jj(1) are the ij components of the stress and strain tensors, calculated for each mesh
element 1 of the unit cell. Note that analytical expressions of the elastic energy associated with precipitates
with “cube”, “octet” and “infinite plate” morphologies are available from the works of Khachaturyan et al.
[2], provided that there is no interaction between precipitates (very low volume fraction), and that
precipitate and matrix have the same elastic behaviour.

All calculations were performed using the finite element code SYSWELD [10].

Figure 2: a) Ideal periodic distribution of precipitates ; b) unit cell used for the finite element calculations. The illustration
is relative to a distribution of 10 % of perfectly cubic precipitates.
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infinite plate

Figure 3: Different precipitate shapes tested in the present work. Crosshatched zones represent the eighth of the
precipitate which is taken into account in the calculation cell. Lines are not related to the finite element mesh.

2.2 Input data

The discrepancy between yand v’ crystallographic lattices is usually quantified by the misfit parameter
defined as & = 2(a'-a)/(a'+a), where a and a' are the lattice parameters of yand y * phases, respectively. In
the case of industrial superalloys, & is negative and ranges between about - 0.1 % and - 0.5 % at high
temperature. A value of -0.4 % was used for the most part of the calculations reported in the present paper.
Nevertheless, in the elastic case, stress levels are directly proportionnal to & (and elastic energy to &), thus
the conclusions presented in the following will remain qualitatively valid for other values of 3, as far as the
elastic assumption is supported.

The elastic constants of y and y ° phases were extracted from the literature. Experimental data relative to
pure Ni or y model alloys and to pure Ni3Al or ¥’ model alloys were analysed by two different ways. On
one hand, the evolution of the Young’s moduli along the <001> directions, Eggj, was reported as a
function of temperature (Figure 4; [6]). The Poisson’s ratio v and the anisotropy ratio E111/Egop1 were
supposed to be constant and equal for the two phases. Values of 0.35 and 2.4, respectively, were chosen
from experimental results on y-v * superalloys. On the other hand, the evolution of Cjj constants was
directly reported as a function of temperature, as illustrated in Figure 5 [8,9]. As these two ways of
analysing data lead to slightly different sets of elasticity constants, the Cjj values used for the different
cases treated in the following will be indicated at each time.

Whenever it was necessary to take into account the interfacial energy associated with a given
microstructure, we assumed that y/y ’ interfacial tension o is isotropic. With regard to the large dispersion
of o in the literature, we used a constant value of 14 mJ/m2, which appeared to be intermediate in the

experimental range.
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Figure 5: Experimental temperature dependence of elastic constants Cjj (in GPa), in the case of pure Ni or ¥ model
alloys (a) and of pure Ni3Al or ¥ model alloys (b) (cf. [6,8] for references)

3. RESULTS AND DISCUSSION
3.1 Comparison between different approaches

Table 1 gives the values of elastic energy Ee] (Mk,0.01) calculated in the case of a precipitate occupying 1
% of the elementary cell and presenting the different morphologies shown in Fig. 3. First line reports the
results of analytical calculations obtained from the formulae proposed by Khachaturyan et al. [2], assuming
that the two phases have the same elastic behaviour. Second and third lines concern finite element
calculations, assuming that the two phases have the same or different elastic properties, respectively. Note
that the values reported are relative to the elastic energy per volume of elementary cell. Two main comments
can be made from Table 1. Firstly, the results of analytical and finite element approaches are in very good
agreement. This proves that the discretization inherent in the finite element method does not lead to large
bias in the estimation of elastic energy. Secondly, assuming different Cij coefficients for the two phases
does not lead to drastically different results, at least for the set of input data used in our calculations. This
confirms that the part of internal energy resulting from the difference of elastic moduli between the two
phases can be reasonably neglected with regard to the other components, as assumed by Khachaturyan et
al. and by other authors. In the following, the results will concern calculations with different properties for

the two phases. The differences of elastic energy as a function of precipitate morphology will be discussed
later.

Table 1: Elastic energy per volume of elementary cell associated with a mismatching precipitate { 8=-0.4% )
occupying 1 % of the elementary cell volume ( unit=10% J/m3; C11=120 GPa, C12= 69 GPa and C44=85 GPa
for both 'y and v’ phases in lines 1 and 2 and for ¥ * phase in line 3; C11=169 GPa, C12=121 GPa and C44~=81

GPa for y phase in line 3)

CUBE OCTET STAR 1 STAR 2 PLATE
analyt. calcul. with Cij (y) = Cij(y) 2.562 2.401 - - 1.754
F.E. calcul. with Cij (y) = Cij(y') 2.581 2.392 2.601 2.654 1.736
F.E. calcul. with Cij (y) # Cij (") 2.556 2.365 2.579 2.635 1.738

We also compared the results of our F.E. approach with those of a self-consistent model developed by the
group of P. Franciosi in LPMTM, Villetaneuse, France [11]. In this model, the y -y * microstructure was
idealized by an elementary symmetric pattern of several spheroids -seven in the example illustrated here-
embedded in a mean medium. The vy’ volume fraction was taken equal to 68 %, which is a typical value for
superalloys after a standard heat treatment (cf Fig. 1). Different misfit values were tested, as well as
different mono- and multiaxial loadings along the <100> directions. The results were compared in terms of
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mean values of the stress components in each phase. As an example, Table 2 shows the results obtained in
the case of a misfit value of -0.115% and of a biaxial loading along the Oz and Oy axes. The results of the
two models are in very good agreement, the calculated values being always closer than 2 MPa for all the
tested conditions.

Table 2: Comparison between the mean values of Oy, Oy and O stresses in y and 7y * phases, calculated using either
a Finite Element or a Self-consistent model (the two-phase material is loaded in biaxial tension of 100 Mpa along Oy
axis and 300 MPa along Oz axis; 8 = - 0.115 %; C11=152 GPa, C12=82 GPa and C44=100 GPa for y phase and
C11=141 GPa, C12= 76 GPa and C44=93 GPa for 'y * phase). See [11] for more details.

matrix ~ precipitate

Ox O'y Oz Ox Gy Oz

Finite element model

-82.8 | 21.4 1229.5) 38.6 |136.6]332.9

.81.2 | 22.5 [229.7] 38.2 |136.5] 333.1 [SC!T-consistent model

3.2 Stress distribution in the standard microstructure

Figure 6 shows the evolution of oy, Oy and o stresses along the Ox axis of the elementary F.E. cell, for
different volume fractions of precipitates with a cubic shape and a misfit of - 0.4 % (same Cij values as in
Table 1, third line). Note that along Ox axis these stress components are also the principal stresses. Fig. 6
points out the main specificity of the stress/strain field distribution in y- y * superalloys. In the most usual
case of alloys strengthened by a relatively low volume fraction of coherent precipitates, the higher
stress/strain levels are found within the precipitates and near the interface. Increasing the volume fraction of
precipitates - without inverting the relative connectivity of the phases - leads to transfer the stress/strain
maxima from the embedded precipitates to the embedding matrix.This is illustrated in an other way in
Figure 7 which shows that increasing y > volume fraction leads to increase the proportion of elastic energy
stored in y phase. In the case of the standard microstructure of industrial superalloys illustrated in Fig. 1
(about 70 % of cuboidal precipitatés with a negative misfit at high temperature), the y channels appear to
be highly stressed in biaxial compression, while y * cuboids are stressed in isotropic tension but of a lower
level (cf Figure 6 and 8).
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Figure 6: Evolution of Gy (a), and Oy and G, (b) stresses (expressed in MPa) along the Ox axis of the elementary
F.E. cell, for different precipitate volume fractions (8 = - 0.4 %; same Cij as in Table 1, 3rd row)

Several macro- and microscopical effects confirm this specific stress/strain distribution. The distortion
of coherent y and vy’ crystal lattices results in a broadening of X-ray, gamma-ray and neutron diffraction



C1-124 JOURNAL DE PHYSIQUE IV

patterns, which hinder the measurement of lattice parameters. At the light of FE calculations, we showed
that the difference in broadening of {002} and {022} gamma-ray diffraction peaks at high temperature is
related to the high biaxial (“tetragonal”) distortion of the y phase [7]. Miiller et al. gave a similar
interpretation to the broadening of neutron diffraction peaks [12]. At a microstructural scale, coherence
stresses have also been associated with a shifting of “equilibrium” chemical composition of yand y’
phases [13]. The variations of stress level within y channels illustrated in Fig. 8 have also been related to
the presence of chemical gradients [14,15].

Internal stresses in y - ¥ ’ superalloys noticeably influence their metallurgical and mechanical behaviour
at high temperature. Some related microstructure evolutions will be discussed in the two next paragraphs.
In the case of the standard microstructure, internal stresses are directly responsible for the alignment of the
v’ cuboids along the <001> crystal directions, as well as for the sharpening of their size distribution
during isothermal “optimization” heat treatments. The periodic pattern of cubic precipitates with
homogeneous size therefore appears to be a metastable “self-blocking’ structure which has been shown to
remain stable up to higher temperatures during a dissolution process [16,17]. In terms of mechanical
behaviour, internal stress/strain fields interact with the dislocations which preferentialy move in the matrix
phase at high temperature. Passing over the local stress maxima require a cooperative motion of several
dislocations [18], which obviously has an additional strengthening effect.

Equivalent stress
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Figure 7: Proportion of elastic energy stored in y phase Figure 8: Distribution of the equivalent VonMises
as a function of precipitate volume fraction stresses resulting from lattice mismatch (§ = - 0.4 %;

same Cij as in Table 1, 3rd row)

3.3 Morphological evolutions during vy’ precipitation

In previous experimental works, we studied the v’ precipitation during continuous cooling from the vy
domain [16,19]. Microstructural observation of samples quenched from different temperatures during the
precipitation process (between 1250°C and 1150°C) showed that a growing precipitate encounters
successive shape changes. In the case of a growth without interaction between precipitates (low nucleation
density and low volume fraction), these changes follow the sequence “sphere -> cube -> octet -> dendrites”
illustrated in Figure 9. Sphere-to-cube and cube-to-octet transitions have been clearly related to the presence
of internal mismatch stresses and to the anisotropic elastic behaviour of y and vy’ phases {2,5]. In this
paragraph, we will focus on the cube-to-octet transition, also denoted “y’ splitting”. A typical
microstructure illustrating this phenomenon is presented in Figure 10.

Figure 9: Schematization of the shape changes encountered by an isolated 7y * precipitate during its
coarsening or growth
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Figure 10: Microstructure observed in the case of a
Nickel-based superalloy (AM1) quenched at 1225°C
during a continuous cooling precipitation heat treatment
(cooling rate = -0.17°C/s). See [16] for experimental
details

Table 1 shows that splitting effectively leads to a decrease in elastic energy. This does not mean that this
morphology should be the more stable, since the splitting of a cube also results in a doubling of
v /v’ interface area, i.e. in an increase of interfacial energy. As the mismatch elastic energy is proportional
to the volume of the precipitate while the interfacial energy is proportional to its surface, it should be a
critical precipitate size above which the splitting is favourable. This is confirmed by Figure 11a where the
gain of total internal energy (elastic plus interfacial) resulting from splitting is plotted as a function of
precipitate size. From an energetical point of view, the shape transition from cube to octet is expected as the
precipitate coarsens. For a smaller precipitate size the "gain" appears to be negative, indicating that the
compact single cube is stable because of the preponderance of interfacial energy. Above a critical cube size
ac->o the gain of total energy corresponding to the transition from cube to octet becomes positive,
indicating that the latter shape becomes more favourable. With our set of input data (5 = -0.4 % ; same Cij
as in Table 1, 3rd line; ¢ = 14 mJ/m2), we found that a¢c->o = 0.44 ym.

60 ¢ o — —y— 40
so Fa] [ 3= D] 1% fin% 3a
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40 / o 20
30f / 2 /. // 110

20 E / § ——— 4/ LLU% 0
10 foctet _expected / ] %v/ 10
E :‘g ~ r I

() S SR e ° h\ -20

-10 f : 5 F . i-30

50 fCube_expected 1e | - .+\\‘ 1 a0
0.2 0.4 0.6 0.8 13 0.2 0.4 0.6 0.8 1°
precipitate size (um) precipitate size ( um )

Figure 11: Evolution of the splitting energy of a coarsening precipitate as a function of its size: a) case of non
interactive precipitates; b) case of interactive precipitates (3 = - 0.4 %; same Cij as in Table 1, 3rd line; 6 = 14 mJ/m2)

As EE. approach allows to take into account the elastic interaction between precipitates, it is possible to
study the evolution of ac->p as a function of precipitate volume fraction Vy. Calculations showed that
increasing the volume fraction results in a dramatic decrease of the elastic driving force for splitting, that is
in an increase of ac->q. As illustrated in Figure 11b, Vy values equal to 10 %, 19.5 % and 30 % led to a¢-
>o values of 0.59 um, 0.74 um and 2.55 pm, respectively ( for legibility purpose, the corresponding part
of curve "30 %" is not represented ). Note that Fig. 11b corresponds to the case of precipitates coarsening
at constant volume fraction, that is during isothermal treatment. To describe a precipitation during
continuous cooling, one has to suppose that all precipitates nucleate at the same time, with a nucleation
density Ny. In this case, the precipitate volume fraction Vy is related to the precipitate size a by Vy =

a3Ny. Figure 12 shows the evolution of the splitting energy during precipitate growth, as a function of
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precipitate size and for different values of Ny. Note that the curve relative to a “free” growth in Fig. 12 is
the same as the curve noted “1 %” in Fig. 11. Fig. 12 shows that the splitting phenomenon is expected to
occur during precipitation as far as the nucleation density is not too high. In this case, the critical size ac->0
is not very dependent on Ny, which results from the fact that the transition size is reached at low volume
fractions of precipitated phase (typically lower than 10 %). As the nucleation density increases, a critical
value is reached, above which the splitting never occurs. For the set of input data used in our calculations,
the critical density was about 1.1 um-3 which corresponds to a distance between precipitate nuclei of 0.96
um. At higher values of Ny the precipitate is expected to remain compact during the whole precipitation
process. It is important to note that the non-occurrence of splitting is not related to a "geometric" effect (
when the critical size is higher than the distance available for growth ) but that it actually results from the
long-range elastic interaction between neighbour precipitates. The agreement between these conclusions
and experience is good, as discussed in details elsewhere [8,9].

40 vy v .
30 ——"free” growth / 3

growth in interaction /
20 p .4

10 Nvz0.5

Figure 12: Evolution of the splitting energy
of a growing precipitate as a function of its size NY
and for different values of nucleation density Ny : \
(8 = - 0.4 %; same Cij as in Table 1 3rd row; G E \ \
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However, finite element calculations lead to conclude that the "star" morphology -an initially cubic
precipitate elongated along the <111> directions- is never expected to be favourable in terms of internal
energy, since the cube-to-star evolution involves an increase of both elastic (cf. Table 1) and interfacial
energies. Nevertheless, the typical distorded morphology illustrated in Fig. 10 is actually very often
observed during the y' precipitation process [8,19,20]. This disagreement between modelling and
experiment is explained by the fact that the model does not take the kinetics aspect of the process into
account, while the star morphology is clearly a transient stage of the shape evolution during precipitate
growth. Using a model based on the microscopic diffusion and elasticity theories, Wang et al. [21] recently
proved that the elongation of y' cubes along the <111> directions is a kinetic instability due to a
preferential solute atom supply at the corners. In the same way, the evolution towards dendritic structures
is clearly driven more by long range diffusion rather than by elastic accomodation.

3.4. Morphological evolution during isothermal thermo-mechanical treatments

Table 1 also shows that, from an elastic point of view, the “infinite plate” morphology is the more stable
among the different shape tested. Khachaturyan et al. effectively noted that it is the shape of lowest elastic
energy in the case of a couple matrix/precipitate with a negative elastic anisotropy [2]. In terms of total
internal energy, the evolution towards plate morphology is expected if the volume fraction of precipitates is
sufficiently high, typically higher than 30 %. This evolution is actually observed during long isothermal
heat treaments at intermediate temperatures (around 1000°C), the successive shapes changes during
coarsening being described in this case by the sequence “sphere -> cube -> aligned cubes -> plate” [8]. In
this sequence, the “aligned cubes’ structure is the optimum one previously discussed. We never observed
the splitting phenomenon during ageing treatments at intermediate temperature, which supports the remarks
of former paragraph, but desagrees which some propositions of the literature.

In the case of an homogeneous alloy submitted to an ageing treatment, the evolution towards plates
occurs by equiprobable selection of one of the three available <001> crystal directions, which leads to a
homogeneous distribution of small platelets. However, any disturbance of the local cubic symmeitry can
promote one or two preferential orientations, which finally leads to a highly anisotropic structure of aligned
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rods or plates. As far as we know, this phenomenon, often denoted “y’ raftening”, has been observed in
the presence of two asymmetry causes. The first one is a large-scale chemical gradient, resulting either
from segregation due to the solidification process [22] or from long range diffusion [23, 24]. In this case,
the plates align perpendicular to the main chemical gradient [14]. The driving force for this phenomenon is
not elucidated at the present time. The second one is an applied load, especially if loading direction is close
to-one <001> crystal axis. Raftening under applied stress has been largely studied since it is known to
occur in turbine blades during service. In this case, the direction of platelets depends on the direction and
sign of the applied stress as well as of the sign of the y-y' misfit. Typically, an alloy with a negative misfit
will develop platelets perpendicular to a tensile applied stress and rods parallel to a compressive one, the
evolution being inverted for a positive misfit, and no clear trend being detected for a misfit close to zero.
This clearly shows that this phenomenon is related to the presence of mismatch stresses. However, its
driving mechanisms are still in discussion (see [25-27] for a review). Actually, the main open question is to
know if internal stresses are directly responsible for raftening, or if they induce it indirectly by way of
guiding the creep plastic deformation within the matrix channels. In other words, is raftening able to occur
in a purely elastic regime or does it require a preliminary plastic deformation ? In a recent experimental
work, we acquired evidence for the first alternative to be possible [14]. Indeed, in the case of samples
quenched in the very early stages of high-temperature low-stress creep tests, we detected preliminary signs
for raftening (slight elongation of precipitates; chemical gradients between y channels) before evidence for
creep deformation (dislocations in y channels). Figure 13 shows the stress fields calculated in the case of a
v -v' standard structure submitted to an uniaxial tensile (13a) or compressive (13b) loading along the [001]
direction, assuming that both phases deform elastically. It can be seen that the addition of internal and
applied stresses effectively results in a local mechanical anisotropy. This anisotropy is supposed to be at the
origin of shape evolution. This explanation is supported by the fact that inverting the stress direction
(tension or compression) or the misfit sign leads to invert the direction of stress/strain gradient. However,
at the present time, the kinetics aspect of this stress-induced shape evolution cannot be treated in our
approach, for at least two reasons, a technical and a theoretical one. Firstly, as illustrated in the previous
paragraphs, the current finite element approach only allows to compare stress/strain states between different
microstructures. To describe the continuous evolution from one microstructure to another, it has to be
associated with a kinetics approach such as Monte-Carlo (M.C.) method (see [28] for an example of
combination of F.E. with M.C. approaches). Secondly, the basic mechanisms of the coupling between
stress/strain fields and shape evolution are still not well known. This coupling can be considered to take
place through a stress-induced diffusion mechanism, through the selection of preferential interfaces during
coarsening process, through a local modification of the equilibrium state of the two-phase material, etc...
The choice of a shape evolution criterion will obviously require a better knowledge of the mechanism(s)
which drive(s) the raftening.

Equivalent stress Equivalent stress

(in MPA) (in MPA)
A. 100 A. 100
B. 150 L B. 150
C. 200 A C. 200
D. 250 D. 250
E. 300 G E. 300
F. 350 F. 350
G. 400 G. 400
H. 450 H. 450
4, H

Figure 13: Distribution of the equivalent VonMises stresses in the case of a single-crystal superalloy submitted to a
tension (a) or compression (b) stress of 300 MPa along Oz direction (8= - 0.3%; C11=109 GPa, C19=59 GPa and C44=72
GPa for ¥ phase and Cy1=125 GPa, C12= 67 GPa and C44=82 GPa for vy ’ phase)
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4. CONCLUSIONS

Finite element micromechanical modelling was shown to be a powerful tool for analyzing the
morphological changes encountered by coherent precipitates under the influence of mismatch stresses. It
gives access to the stress/strain fields and to-the internal energy associated with various morphologies and
different volume fractions of precipitation. Thus, on the basis of an energetical criterion, it becomes
possible to determine the precipitate shapes expected to be observed during a near-equilibrium thermo-
mechanical treatment, and to study the influence of material properties (mismatch, interfacial tension, elastic
anisotropy ) and of treatment parameters (temperature, applied stress or strain, cooling or heating rate ...)
on this microstructural evolution. Its major limitations are found in the lack of accurate data for the
parameters required for the calculation, but above all in the fact that it does not take into account the kinetics
angle of the evolution process.
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