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Tensile tests of 50-nm-thick single-crystalline (001) gold thin films containing nanotwins are monitored in situ
with x-ray diffraction (XRD) and transmission electron microscopy (TEM). It is argued that for uniaxial tensile
tests along the [110] direction, the induced average stress in the films during loading hardly depends on whether
they are deposited onto a polymeric substrate (for XRD) or free-standing (for TEM). When straining along
this direction, XRD experiments show an impressive ≈500% increase in the twin volume for two favorably
twin orientations at an applied strain of only 4.0%. Furthermore, the twin volume increase is accompanied
by a twin rotation. Submicron scale TEM observations show that the increase in volume is correlated with
the glide of partial dislocations, either along the coherent twin boundaries (TB) or at the incoherent TBs, or
close to microstructure imperfections. In the last case, twins coalesce and acquire a micrometer size. An intense
dislocation activity occurs in these large twins, still increasing the strain concentration and resulting in crack
expansion. The multiplicity of plasticity mechanisms suggests that the twinning quantification may significantly
depend on the initial defect type (twins, dislocations, nanometric holes) and density. The twin rotation is also
observed postmortem in TEM. However, the XRD data analysis shows that twinning is not the only plasticity
mechanism: first, the yield point of the film supported on a substrate is ≈0.5%, but the twinning starts only at
1.0%, and, second, at an applied strain of 4.0%, the plastic strain induced by the twin is less than 0.8%.

DOI: 10.1103/s5l4-z48r

I. INTRODUCTION

Published in 2004, the seminal paper of L. Lu et al.
showed that submicrometric grain-sized nanotwinned (NT)
copper samples present exceptional mechanical resistance,
good ductility, and an electrical resistivity close to that of
coarse-grained metals [1]. Since then, many studies have
concentrated on the influence of twin thickness λ (i.e., the
distance between the coherent twin boundaries, or CTBs)
reporting, e.g., a maximal strength at λ = 15 nm in Cu [2],
a continuous increase of strength down to λ = 2.9 nm (at the
expense of ductility) in Ni [3] or from λ > 1 µm to 15 nm
in Ag [4]. The importance of the grain size d has also been
studied, e.g., a very high hardness was found in Ag for λ < 7
nm and d = 50 nm [5]. This dependence on λ and d indicates
that plasticity mechanisms are controlled by both twin and
grain boundaries (GBs). In particular, the importance of GBs
as dislocation sources in NT metals was emphasized [6]. Early
GB cracking induced by GB sliding was predicted in Ni when
λ < 6 nm and d = 20 nm [7]. Moreover, common plasticity
mechanisms were observed in Ni, Cu, Ag, and Al, like jogged
dislocations that expand across all CTBs for very small λ

and threading dislocations that glide between two CTBs when
λ > 5 nm [7]. It was also shown that the stability of GBs

*Contact author: pierre.godard@univ-poitiers.fr

and of TBs in Cu was increased via the introduction of Cr
impurities that segregate at the CTBs kinks [8] or with W
nanoparticles [9].

In addition to the growth twins mentioned above, deforma-
tion twins appear as an alternative to dislocations, particularly
in single crystals [10–14]. Electron microscopy and molec-
ular dynamics simulations were combined in studies of the
tensile strain of gold {110} nanowires [15,16]. The stress-
strain curves clearly depended on the defect content of the
samples: nanowires of high crystalline quality exhibited nu-
merous active dislocation sources that created many small
twins; smooth stress-strain curves resulted. On the other hand,
nanowires with rough surfaces contained nucleation sites for
partial dislocations; the emission of these dislocations induced
steps at the surface, which ultimately led to large twins, lo-
calized plasticity, and early stress drops. In the latter case,
twin coalescence was observed, and the twins grew until they
met an obstacle like a twin in a conjugate slip plane, which
stopped the plasticity and led to sample fracture. In another
study on gold {110} nanowires, cyclic compression-tension
tests were applied. During the first compression, only perfect
dislocations appeared. Then, twinning occurred in tension,
and detwinning in compression [17].

The study of twinning in gold thin films has a long his-
tory [18]. J.W. Matthews studied in [19] single-crystalline
(001) metallic thin films strained along [100] and along [110].
Twinning was observed in both cases through the extension
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of growth twins. Moreover, the twinning induced a thinning
of the film, and this entailed an early failure of the sample.
The impact of the film thickness on the flow stress of gold
single crystals loaded along [100] was assessed by P. Gruber
et al. with synchrotron x-ray diffraction (XRD) [20]. The flow
stress increased by a factor of 6 when the thickness decreased
from 850 to 50 nm, and then stabilized or slightly decreased to
31 nm. However, the microstructure was not homogeneous, as
the thinnest films contained holes and more twins. Concern-
ing the second point, during sample elaboration, twins grew
from the interface with the substrate. As the films thickened,
some twins intersected other twins, and some twins ended be-
fore the film surface with an incoherent twin boundary (ITB);
as a result, fewer twins crossed the entire film thickness.
Note that the films were supported on a compliant substrate;
the load was applied to the substrate, along a direction that
corresponds to [100] in the crystalline film.

The plasticity mechanisms occurring in gold single-crystal
(001) films with twins were thoroughly studied in [21], for
thicknesses ranging from 40 to 160 nm. The [100] loading was
monitored by in situ transmission electron microscopy (TEM).
The multiplication of dislocations was rarely observed. Dis-
location nucleation was generally localized close to defects
(nanoparticles in epitaxy with the film at the surface, twin
boundaries, or holes for the thinnest films). The authors also
showed that the thinnest films deformed mainly by the glide
of isolated partial dislocations or perfect dislocations; these
were highly curved and frequently underwent cross-slip. The
thickest films had straight, perfect dislocations, which left seg-
ments at the interface with the polymeric substrate during their
glide. At large deformation, they glided in the noncompact
{001} planes.

In this paper, we combine different in situ approaches in or-
der to better understand deformation mechanisms in gold thin
films containing a single crystalline matrix and nanotwins.
Two complementary techniques were used: in situ XRD to
calculate the stress applied to the sample and the twin volume
evolution through pole figures, and in situ TEM to observe
the key plasticity mechanisms. Though these mechanisms
are not described at an atomic scale, the combination of the
two techniques makes it possible to quantify and interpret
the microstructure evolution. Moreover, while XRD gives the
sample behavior in areas over (100 µm)2 large, the submi-
crometric TEM observations show that this behavior results
from different mechanisms, developing in the present case in
homogeneous matrix areas and close to cracks.

Pole figures give quantitative information on the grain ori-
entations in a sample. They were used to study, for instance,
anisotropic growth of thin films [22], pseudoelasticity in shape
memory alloys [23], twinning during shock compression in
polycrystals [24] or single crystals [25]. We are not aware
of any XRD pole figures taken in situ in NT samples, apart
from the previous study from our group [26]. In situ TEM
allows the direct observation of the plasticity mechanisms
at the nanoscale [27]. During mechanical tests, it showed
the existence of stable single-arm sources in submicrometric
samples [28], the emission of partial dislocations at surface
steps in samples smaller than 10 nm [29], or CTBs sliding
and migrating [30]. Concerning polycrystalline NT samples,
N. Lu et al. observed two types of TB-dislocation interactions,

FIG. 1. (a) Experimental {111} pole figure before loading test.
The center of the figure is [001]. It shows four main peaks, corre-
sponding to the matrix, and small spots associated to the twins. (b)
Sketch showing the orientation relationship between the matrix (gray
disks) and a T (111) twin (blue triangles): the [111] poles are coinci-
dent while the three others are symmetric with respect to the (111)
plane. (c) Sketch corresponding to the complete pole figure when
considering the four poles of each crystalline orientation (the matrix
and the four twin families). The circled poles are the ones analyzed
in Figs. 2 and 3. (d) Representation in sample space of the coherent
twin boundaries of each twin family. The light gray arrows represent
the loading direction; the other arrows indicate the Burgers vectors of
the slip systems with the highest Schmid factors for a [110] loading
(in black for perfect dislocations, dark gray for partials, see Sec. 4.4
for details). (e) Bright field image of the initial microstructure; the
beam direction was perpendicular to the foil plane, and the diffraction
vector was �g = 200. Contrasts with horizontal fringes like T1 are
from the T (111) or T (1̄1̄1) twin families; contrasts with vertical
fringes like T2 belong to T (1̄11) or T (11̄1). One also observes many
dislocations, like the one exemplified with a D.

depending on the twin size [31]. This was confirmed in [32]
for grain sizes over 10 nm, with a critical twin thickness that
was grain size dependent.

The XRD analysis of the present article is based on the
same data as in [26]. Methods are detailed in Sec. II, results
are presented in Sec. III, and discussed in Sec. IV.

II. METHODS

A. Sample preparation and microstructure

The gold thin films were elaborated by Ar beam sputtering
at a sufficient temperature to obtain an orientation epitaxy
between the (001) NaCl substrates and the gold deposit. By
dissolving the salt into water, the 50-nm-thick films were
transferred onto 50 µm-thick polyimide films (Kapton®) with
cruciform shapes for the XRD experiments or a copper grid
for the TEM measurements. The orientation of the thin film
with respect to the polyimide or copper grid determined the
load direction. More details can be found in [26]. A {111} pole
figure taken before the mechanical tests is shown in Fig. 1(a);
a matrix-twin relationship is exemplified in Fig. 1(b); and each
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spot of the full pole figure is attributed to a grain orientation
in Fig. 1(c).

The four possible matrix-twin relationships with 180◦ ro-
tations along the different 〈111〉 directions appear; the films
thus contain four twin families, and we denote by T (hkl ) the
twin family obtained by a twist along [hkl]. We remark that
the CTB separating a T (111) twin and the matrix has a (111)
orientation, and similarly for twins in the other families, Fig.
1(d). Let us finally note that the twin families split into two
sets: the T (111) and T (1̄1̄1) families whose CTBs normals
project onto the (001) plane along the load direction, and the
T (1̄11) and T (11̄1) families whose CTBs contain the load
direction, see Fig. 1(d). Figure A-1 in the Supplemental Ma-
terial (SM) illustrates the different crystallographic directions
contained in a section of a matrix (11̄0) plane [33].

Figure 1(e) shows a bright field (BF) image of the mi-
crostructure of the film before straining. It was obtained using
a �g = 200 diffraction vector with a film surface plane perpen-
dicular to the electron beam. At a larger scale, a few porosities
can be evidenced. The microstructure seen here is composed
of nanotwins and perfect dislocations. Twins appear in pro-
jection about 35 nm wide and 30 to 100 nm nm long. Their
long facets correspond to CTBs in one of the four {111} plane
families, all inclined at 55◦ from the film normal. Because
of the projection effect, the T (111) and T (1̄1̄1) families are
indistinguishable and oriented in the image along the [11̄0]
direction (horizontal in Fig. 1(e), see, e.g., T1) while the
T (1̄11) and T (11̄1) families are oriented along the [110]
direction (vertical, like T2). When viewed in cross section,
the twins are about 6 nm thick, and their height equals the
height of the films [26]. Hence, in plane view, the twinned vol-
ume cannot be observed because it overlaps with the matrix,
and the contrast of the nanotwin is similar to that of stack-
ing faults with thickness fringes. The end parts of the twin
correspond to ITBs.

B. In situ XRD

The in situ XRD measurements were made at the DiffAbs
beamline of the synchrotron radiation source SOLEIL [34].
The x-ray beam had an energy of 9.000 keV, a divergence of
0.20◦ × 0.014◦, and an intensity full width at half-maximum
of about 300 × 270 µm2 (horizontal times vertical). The
detector was an XPAD S140 [35,36], which, when located at
621 mm from the sample, offers a field of view of ≈7◦ × 4◦
around the {111} reciprocal lattice nodes. The installation of a
biaxial tensile tester is possible on the six-circle goniometer,
as described in [37]. This machine loads the four arms of the
cruciform substrate by pairs, so that a large range of strain
ratios can be achieved.

The pole figures were obtained at a scattering angle of
2θ111 = 34◦, thus probing the {111} lattice spacing. The polar
angle ψ was varied from 0 to 81◦ while the azimuthal angle φ

range extends over 210◦. The exposure time was 0.1 s. Only
three twin families appeared in the truncated pole figures; nev-
ertheless, taking into account the symmetry of the straining
directions with respect to the crystallographic orientations,
the behavior of representative elements in each twin family
was captured. The analysis of the data was similar to the one
described in [38].

The macroscopic strains were measured by digital image
correlation (Corelli software [39]), thanks to an optical camera
placed below the substrate [37].

Choosing the sample coordinate system with z along the
normal of the thin film, x and y respectively along and per-
pendicular to the straining direction, 24 pole figures were
recorded up to a strain εs,xx of 4%, while εs,yy was kept smaller
than 0.2% during the whole tests—as shown in SM 1 and
discussed in Sec. 4.1, a uniaxial strain test in gold along
[110] leads to an applied stress very close to being uniaxial
along [110]. Then, an unloading down to 2% in seven steps
was applied; the sample did not remain flat during further
unloading. While straining, the strain rate was 0.06 s−1, but
the recording of a pole figure took ≈30 min. To avoid sample
drift, the strains were measured with respect to a 10 N equib-
iaxial pretension reference state.

C. In situ TEM

The 50 nm gold films were transferred from NaCl to copper
grids with 80 × 80 µm2 holes, that were then glued on a
straining grid fitting between the two grips of the straining
holder. The presence of a grid with relatively small holes
slowed down the cracking of the film.

A JEOL 2010 microscope operating at 200 kV and
equipped with a LaB6 source was used for the in situ ex-
periments. Uniaxial load tests were performed using a Gatan
straining holder (model 654). Video stills were recorded by
an SIS Megaview III camera, with a 688 × 516 resolution
and a recording rate of 25 images per second. Furthermore,
postmortem automated crystallographic orientation mapping
was performed using the ASTAR system on a CM20FEG
microscope operated at 200 kV using electron precession.
6 × 1 µm2 maps were recorded using a step size of 10 nm and
a spot size less than 10 nm so that patterns did not overlap.

III. RESULTS

A. In situ XRD

The twin volume evolution is probed through the integra-
tion of the signal around the poles located at ψ = 16◦, after
background subtraction. These poles are chosen because they
are (i) at a low declination angle, and so weakly affected by
defocalization, and (ii) far from matrix poles. The background
was a linear interpolation, for each pole and at each applied
strain, of the intensity measured at φ = ±15◦ away from
the pole. As already shown in Ref. [26], the [110] straining
direction distinguishes two sets of twin families, Fig. 2.

On the one hand, the T (1̄11) family shows a moderate
decrease of 20%; by symmetry (Fig. 1), we suppose that the
T (11̄1) family has the same behavior. On the other hand,
the T (111) and T (1̄1̄1) families (whose intersection between
their CTBs and the film surface is perpendicular to the strain
direction) show an impressive 400 to 500% increase at an
applied strain of only 4%. We also observe that the increase
starts only at ε ≈ 1.0%, and becomes linear after ε ≈ 1.5%.
Finally, when unloading, the volume of the T (111) and
T (1̄1̄1) twin families starts to decrease at ε ≈ 3.0%. While
straining the film, streaks develop in the radial directions of
the pole figures for twins in the T (111) and T (1̄1̄1) families.
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FIG. 2. Integration of the scattered intensity around the twin
poles measured in in situ XRD for a [110] straining test; the legend
corresponds to twin families [see Figs. 1(c) and 1(d)] and not to
diffraction peaks.

The streaks go from the twin poles at ψ = 16◦ to higher
values. To show them, line cuts in the pole figures are shown
in Fig. 3.

These streaks evidence a rotation of the twins along the
[11̄0] direction; the angle between their CTBs and the surface,
initially of 55◦, decreases. The schematic in SM Fig. A-1
illustrates this rotation in sample space. We note from Figs. 2
and 3 that each twin family had (at least partly) reversible
twin volume and twin orientation evolutions. The use of a
two-dimensional detector allows tracking the angular position
of the Bragg peak during the test. From this, we deduce the
elastic strain along the [111], [11̄1], and [1̄1̄1] directions in
the matrix. The results are shown in Fig. 4.

We observe an elastic regime up to ε ≈ 0.5% (the first six
measurements fit a straight line), and a slow decrease of the
strain after 1.5%.

Because the film was plastically elongated during the load-
ing and was adherent to a substrate with a high yield point, it
entered into a compressive state during the unloading. The un-
loading steps were then too large to unambiguously determine
the elastic limit. The macroscopic strain ε ≈ 3.0%, where
detwinning of the T (111) and T (1̄1̄1) twin families started,
corresponds to an elastic strain ε(111) = ε(1̄1̄1) ≈ −0.20%.

B. In situ TEM

Figure 5(a) shows a BF image at the early straining stage
taken with �g = 11̄1, i.e., with the foil sample inclined 32◦
around the [110] direction.It shows two long nanotwins of the
T (111) family. Twinning dislocations visible in particular at
the tip were identified as 1/6[1̄1̄2] Shockley partials using the
extinction criterion (�g · �b = 0 when �g = 31̄1). The alternate
dark and bright contrasts, highlighted in the zoomed view,
are typical of groups of Shockley partials gliding in adjacent
planes [40]. Upon further straining, different mechanisms can
be evidenced. The first one corresponds to dislocation emis-
sion from twins. Figures 5(b) and 5(c) present two snapshots
and an image difference that highlights motions. In Fig. 5(b),

FIG. 3. Line cuts from the pole figures to show the twin rotation
during loading (top panel) and unloading (bottom). The peak at 16◦

comes from the (111) planes of the T (1̄1̄1) twin family; the peak
from the (111) planes of the matrix is at 55◦. During loading, the
curve corresponding to ε = 0.97% is superimposed with the one at
ε = 0%. The curve before the test is shown in a dashed line in the
unloading panel for comparison.

a perfect 1/2〈110〉 type dislocation moves either in the (111)
or (1̄1̄1) plane ahead of the nanotwin. This observation is
reminiscent of the emissary dislocations observed in α-iron
[41] that accommodate deformation ahead of twins. Surpris-
ingly, some perfect dislocations were found emitted from the
twin and gliding in the (11̄1) or (1̄11) planes [i.e., gliding
vertically, as in Fig. 5(c)], although the resolved shear stress
is supposed to be low for these slip systems (Table A-1).
Figure 6 shows two series of snapshots illustrating mecha-
nisms leading to nanotwin lengthening and thickening; this
concerns twins from the T (111) and/or T (1̄1̄1) families, and
corresponds thus to the twin volume increase in the XRD data.

In Fig. 6(a), a first group (1) of Shockley partials is emitted
ahead of a twin T 1 from the T (111) or T (1̄1̄1) family, viewed
horizontally. It eventually interacts with another nanotwin
T 2, viewed vertically. The first partials are then stopped and
pushed by a second (2) and a third (3) group of Shockley
partials gliding in parallel planes, leading to the formation
of a pileup. The first group eventually overcomes the twin
and escapes rapidly. During the Shockley dislocation motion,
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FIG. 4. Elastic strain in the matrix, probed with different {111}
diffraction peaks, that is, along different directions in sample space.
The points where, according to Fig. 2, twinning (� symbols) and
detwinning (�) appear in the T (111) and T (1̄1̄1) twin families are
noted.

the twin length of T 1 increases in the [1̄10] direction. The
collective motion of twinning dislocations in parallel planes
also increases twin thickness in the [111] or [1̄1̄1] direction
by an amount equal to a/

√
3 per dislocation, a being the

lattice parameter. That the partials belong to adjacent planes
cannot be inferred from the images, but is deduced from
the similarity with [40]. Moreover, this is corroborated by
the twin thickening that has been observed in XRD, during
pause in in situ TEM, and postmortem (see below). Figure
6(b) highlights the interaction of moving Shockley partials
(1) with a perfect dislocation D. Here again the motion of
the Shockley dislocations is blocked temporarily by D leading
to the piling of the partial dislocations (note the thinning of
the black contrast indicating the shortening of the distance
between the partials). The dislocation D eventually reacts with
the partials, which become free again to move. The details of
the interaction cannot be interpreted here, but may lead to a
sessile dislocation in the twin plane. Overall, nanotwin growth
is a major deformation mechanism, in particular because it
is able to overcome blocking dislocations and other existing
nanotwins. The lengthening of twins from the T (111) and/or
T (1̄1̄1) families is also evidenced in Fig. 7.

It was observed either homogeneously (away from any
crack tips), as highlighted in Fig. 7(a), showing the lengthen-
ing of several nanotwins in the ±[1̄10] directions, or, for larger
twins, close to porosities or crack tips, as displayed in Fig.
7(b). Figure 7(b) shows first the nucleation and lengthening
of two parallel nanotwins (marked by red arrows), followed
by the rapid propagation of a larger twin T 0 by the motion of
a sharp tip. Here, the twinned area is large enough to reveal
in projection the two CTBs delineated by the white dashed
lines. Observations at a larger scale reveal indeed the presence
of several micron-long deformation twins, in most cases in
front of crack tips. Figures 8(a) and 8(b) show two twins with
lengths equal to 7 and 21 µm, respectively, and up to 4 µm
large. An enlarged view of the right part of one of these twins

is shown in Fig. 8(c). The twinned area appears highly de-
formed with a high dislocation density. Elongated contrasted
areas marked by arrows can also be evidenced. They probably
correspond to some matrix area retained during the growth
and coalescence of nanotwins. Finally, a postmortem crystal-
lographic orientation map was obtained in an area containing
a large twin. Figure 9(a) shows a BF image of the twin that
emerges from a crack on the left.

Figure 9(b) is an inverse pole figure along the normal to
the foil, which hence corresponds to the [001] direction for
the matrix and [221̄] for the twin. Contrary to the BF image,
which is strongly impacted by local elastic distortions around
the twin, the orientation map clearly reveals the twin shape. It
forms an elongated needle, less than 100 nm thick at the tip
and about 500 nm at the base, close to the crack. It is, in fact,
composed at its extremity of two tips, and this is reminiscent
of the coalescence of two parallel twins. Interestingly, the
orientation in the twin changes from one end to the other
(from positions 1 to 3). This corresponds to a rotation along
[1̄10] with an increasing angle, as shown by the cumulative
rotation angle in Fig. 9(c). The twin rotation and its axis are
in agreement with the XRD data presented in the previous
subsection. Describing the theoretical twin orientation as the
one obtained from the matrix with a rotation of 109.5◦ around
[1̄10], the misorientation between the twin and the matrix
(3–3’) is 103.8◦ close to the twin tip, about 6◦ away from a
perfect twin orientation. Close to the crack (1–1’), it is about
86.8◦, which, taking into account the matrix rotation by a few
degrees, is close to a �17a GB.

IV. DISCUSSION

A. Average applied strain and stress fields in supported
and free-standing films

In the XRD experiment, the stress field applied to the film
was dictated by the strain imposed on the substrate: indeed, we
showed in [42,43] that the in-plane strain components are fully
transmitted from the substrate to the film, no matter the elastic
anisotropy of the latter. In the present experiment, we applied
a force along [11̄0] to cancel the Poisson effect and obtain
an in-plane strain ratio εs,yy/εs,xx = ε[11̄0]/ε[110] ≈ 0. We show
with Eq. (A-7) in SM A.1.2 that under these conditions, the
in-plane stress ratio satisfies Rσ := σs,yy/σs,xx ≈ −0.028.

In the TEM experiment, the film was freestanding. The
applied stress was uniaxial, so Rσ = 0. The comparison be-
tween the two applied stress ratios shows that a [110] uniaxial
strain test (as obtained with the biaxial machine) and a [110]
uniaxial load test (as in freestanding films) are very similar.
This is confirmed with the Schmid factors, given for the two
tests in columns B and D of Table A-1.

Given the gold stiffness coefficients, this similarity is spe-
cific to the [110] direction. For example, we show with
Eq. (A-5) in SM A.1.2 that Rσ ≈ 0.46 for a uniaxial [100]
strain test. In the previous studies of single-crystalline gold
thin films deposited onto a polyimide [20,21], uniaxial
stresses were applied to the substrate along the [100] direction
of the film. In this case, the in-plane stress-ratio is Rσ ≈ 0.14,
SM A.1.3. In other words, a uniaxial stress test on the sub-
strate imposes a biaxial stress on the film, and a uniaxial
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FIG. 5. (a) Two nanotwin tips observed at early straining, viewed inclined 32◦ from the foil surface with �g = 11̄1. In the insert, four groups
of Shockley partials (1–4) are highlighted. (b) and (c) Examples at further straining of dislocation emission (indicated by arrows) ahead of the
nanotwin tips. Left and middle: two BF images taken with a time interval dt ; right: the corresponding image difference. The coordinate system
shown in (c) applies to (b) as well.

tensile tester may impose on supported films stress ratios Rσ

quite different from 0.
Finally, the uniaxial strain tests imposed in our XRD ex-

periments avoid the development of buckles parallel to the
loading direction, as is seen when comparing the optical im-
ages from [44] and [45].

B. Mechanical resistance

P. Gruber et al. measured, for a supported 53 nm thin film
loaded along [100], a longitudinal flow stress of ≈500 to 600
MPa, and a lateral flow stress of ≈100 to 150 MPa [20]. The
ratio is close to the linear elasticity prediction given in the
previous subsection, Rσ ≈ 0.14. In our case, the maximum
elastic strain was ε(111) = 0.24% (Fig. 4); from Eqs. (A-14)
and (A-7) in the SM, we deduce longitudinal strain and
stress values of εs,xx ≈ 2.6 × 2.4 10−3 ≈ 6.1 10−3 and σs,xx ≈
500 MPa. The maximum stress values in [20] and the present
work were thus similar, even if, besides the mechanical tests,
the twin configurations were very different; indeed, in [20],
the twins were, before the test, already micrometer long, and
often ran from one hole to another one.

We are not aware of any previous studies on the strength
of gold single-crystalline thin films loaded along [110]. How-
ever, in nanowire geometry, the authors of [46] or [15]
obtained a maximum stress of ≈1600 MPa, though the flow

stress was 200 MPa [46] and 400 to 700 MPa [15] when large
twins developed.

C. Elastic energy density

When a strain is applied to a bicrystal, the elastic
anisotropy can drive grain boundary migration [47,48]. In
particular, H. Xie et al. correlated in [49] the migration of a
{112} ITB with the elastic energy stored in the two crystalline
orientations. The {112} ITB consists of a set of partial dislo-
cations whose Burgers vectors sum to zero. In other words,
the ITB migration did not contribute to a macroscopic strain
but led to a state of lower energy due to the elastic anisotropy.
We examine in this subsection whether the twin volume evo-
lution could be induced by such a phenomenon. The elastic
energy density U = 1

2εi jσi j is computed for a given strain and
straining direction in homogeneous single crystals having the
crystallographic orientation of the matrix or of the twins. The
coefficients of the gold stiffness tensor are given in SM A.1.2.
The orientation is indicated with θ , the rotation angle between
[100] and the straining direction, here orthogonal to [001].
U was computed in the matrix thanks to the hypothesis of
vanishing stress normal to the surface: σs,zz = 0. An arbitrary
applied strain εs,xx = 1% has been chosen, but the ratios ob-
tained are independent of it. The result is shown in Fig. 10,
where the fourfold symmetry of the [001] axis has been used
to limit θ to [0, 90°].
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FIG. 6. BF images showing in (a) the propagation of Shockley partials (1–3) along a nanotwin (T1) and their interaction with a grown-in
nanotwin (T2), and in (b) the interaction between Shockley partials (1) and a perfect dislocation D.

FIG. 7. (a) BF images taken at different times showing the lengthening of several parallel nanotwins under stress (white arrows). (b) A
series of images highlighting the nucleation of nanotwins (red dashed lines) and the expansion of a large twin T 0 whose CTBs are marked by
white dashed lines. The coordinate system is the same as in Fig. 6.
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FIG. 8. (a) Overview showing a large twin ahead of a ductile crack. C is the crack tip. (b) A microtwin with a sharp tip. (c) Zoom in of the
largest area of (b) showing a highly deformed area in the twin, compared to the original matrix (M). Note the presence of trapped elongated
regions in the twin indicated by arrows.

It is seen that, for the matrix, the [100] and [110] straining
directions are the two extreme cases: [100] is the straining
direction that costs the least energy, while [110] (θ = 45◦)
requires the most energy. The difference is significant, with
a ratio of 2.7/4.0 = 0.67.

We also computed the elastic energy density in the twins,
still using the σs,zz = 0 hypothesis (which is an approximation
for thin twins [50]). Because εs is invariant with respect to
180◦ rotations around [001], the elastic energy density is equal
in the T (111) and T (1̄1̄1) twin families, as well as in the
T (1̄11) and T (11̄1) twin families. There is a degenerate case
when θ = 0◦, that is, for a [100] straining, where the four twin
families have equal behaviors. The results are also plotted
in Fig. 10; the values of the two sets of twin families are
interchanged when θ ∈ [90, 180]◦.

In any case, considering samples with (001) planes parallel
to the surface, it is more expensive in energy to elastically
deform a twin than the matrix. When θ belongs to [0, 90]◦, we
note that the elastic energy density in the T (1̄11) and T (11̄1)
twin families weakly depends on the straining direction, in
contrast to the other two twin families. In particular, a [110]
straining induces a value of U that is 28% lower in the T (111)
and T (1̄1̄1) twin families than in the others.

A [100] straining of the sample induces an elastic energy
2.4 higher in the twins than in the matrix; for a [110] straining,
the ratio is 1.2 for the twins that grew up in the in situ exper-
iments, and 1.6 for those that slightly decreased (according
to the XRD data). More generally, since U is smaller in
the matrix than in any twin, the elastic energy imposed by
any [hk0] straining cannot be the driving force for twinning;
this is thus different from what happened with the sample

FIG. 9. (a) BF image of a microtwin in front of a crack. (b) The inverse pole figure normal to the foil corresponding to the red area in (a),
obtained with ASTAR. The twin corresponds to the green area. (c) The cumulative rotation angle along the twin long direction ([1̄10]) starting
close to the crack area. Misorientation with the matrix was measured at three locations (i–i’).
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FIG. 10. The elastic energy density for an elastic strain of 1%
for the matrix and the four twin families (the results being identical
in T (111) and T (1̄1̄1) families, as in T (11̄1) and T (1̄11)), as a
function of the misorientation angle θ between the straining direction
[hk0] and the [100] direction of the matrix. The [100], [110], [010]
straining directions correspond respectively to θ = 0, 45, 90◦.

orientation studied in [49]. On the contrary, the present tensile
tests should favor detwinning rather than twinning.

A final remark is that U does not depend on the sign of the
imposed in-plane strain. Consequently, the above comments
apply to a uniaxial compression test. This may partly explain
the observed detwinning during unloading, when the sample
entered into a compressive stress state.

D. Stress tensors and Schmid factors

The Schmid factors for a [110] loading test are given in the
Table I [see also Fig. 1(d) for an illustration of the slip systems
with the maximum resolved shear stress and Table A-1 for the
Schmid factors of the other tests mentioned in this discussion].

It is seen that the glide systems with the highest Schmid
factors correspond to twinning dislocations in the twins that
are expanding: (111)[112̄] and (1̄1̄1)[1̄1̄2̄]. Four glide sys-
tems associated to perfect dislocations have Schmid factors
of 0.41, which, as compared to 0.47 for the primary glide
systems, is also large. This explains the observation of perfect

TABLE I. Glide systems and Schmid factors for a [110] uniaxial
loading test (very close to a [110] uniaxial straining test). For the
<112 > directions, the last column indicates if the slip corresponds
to a compression (C) or a tension (T) exerted on the sample. The
Schmid factors for (1̄11) or (11̄1) glide planes vanish because the
load direction is contained in these planes.

Plane Direction mf Direction mp C or T

(111) [11̄0] 0 [12̄1] 0.24 C
[101̄] 0.41 [2̄11] 0.24 C
[011̄] 0.41 [112̄] 0.47 T

(1̄1̄1) [1̄10] 0 [21̄1] 0.24 C
[01̄1̄] 0.41 [1̄21] 0.24 C
[1̄01̄] 0.41 [1̄1̄2̄] 0.47 T

dislocations glide along the horizontal directions in the TEM
measurements, Fig. 5(b).

We note also that the other glide systems associated to
partial dislocations have low Schmid factors and correspond
to compression tests. They are therefore probably involved
neither in the loading nor in the unloading presented in the
results section.

E. Plasticity mechanisms

1. Twinning contribution to the applied strain

During the XRD experiments, the twinning volume in-
creases by a factor of ≈5 for the T (111) and T (1̄1̄1) families
for an applied strain of ε = 4%, Fig. 2. We can give an up-
per bound on the contribution of the twinning to the plastic
deformation of the film. Indeed, in the initial state, the twin
volume in the sample is less than 1% (comparing the intensity
in the matrix and twin poles), so less than 0.25% per twin
family. A complete twinning of the film would induce an
elongation of 33% in the [110] direction, as shown in Fig. A-2.
Hence, a fivefold increase in the two twin families T (111) and
T (1̄1̄1) gives a strain of 2 × 0.25/100 × 5 × 33/100 ≈ 0.8%.
Since the true strain of the film is ε = 4% at the end of the
loading, the contribution of the twinning mechanism is at most
0.8/4 = 20% of the total strain.

It is also interesting to note that the elastic limit, estimated
to an applied strain of ε ≈ 0.5%, corresponds to a longitudinal
stress level of σs,xx ≈ 300 MPa, while the twin volume evolu-
tion, appearing at ε ≈ 1.0%, is associated to the flow stress,
that is σs,xx ≈ 500 MPa. Note that these values were obtained
from the data in Fig. 4 and Eqs. (A-14) and (A-7) in the
SM. As revealed by TEM, twinning nucleation processes are
heterogeneous and hence may depend on the type or density
of initial defects. This may affect the value of twin volume
increase or the twinning critical stress depending on the initial
microstructure.

2. Dislocation source

Since, at least in the XRD experiment, the twinning is
not the major plasticity mechanism, it is natural to look for
dislocation nucleation or multiplication. Tschopp and Mc-
Dowell showed by molecular dynamics simulations that the
<110 > axes are those that require the lowest tensile stress for
homogeneous dislocation nucleation in copper; moreover, this
remains true when we normalize by the orientation-dependent
Young modulus [51]. In tension, like in compression, it was
partial dislocation loops that were nucleated. In our TEM
experiments, we did not observe homogeneous nucleation, but
it is most likely due to the high density of defects in the initial
state of the films. It is intriguing that we did not observe either
heterogeneous dislocation nucleation apart from one Frank-
Read source that emitted a single dislocation. In these single
crystals, the dislocation sources could come from dislocation
reactions, but all the reactions we observed seemed to be
without nucleation. Other dislocation sources could be surface
steps that appear when cleaving the rock salt substrate for
deposition; apparently, these steps had no consequences on
the mechanical behavior, at least at the low applied strain im-
posed here to the film. The dislocations we saw gliding were
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initially present: either isolated perfect dislocations, partial
dislocations located at ITBs, or twinning dislocations gliding
along CTBs.

3. CTB-dislocation interaction

The different modes of CTB-dislocation interactions were
described in [52]. The hard modes I and II are characterized
by a gliding plane inclined with respect to the CTB, with
a gliding direction parallel to the CTB in the second case
only. There is also a soft mode, where dislocations are gliding
along the CTB. These three modes were observed when a
uniaxial compression was applied at 90, 0, and 45◦ from
the CTBs planes, respectively. Many authors confirmed these
TB-dislocation interactions, see, e.g., [53].

With respect to the T (111) twin family, dislocations glid-
ing in the (111) planes are in the soft mode, while dislocations
gliding in the (1̄11) or (11̄1) planes are in the hard mode I.
We observed indeed some perfect dislocations gliding in the
matrix and impinging on a CTB (hard mode I). They were
then incorporated into the CTB. After reactions whose details
cannot be interpreted at this scale, twinning partials were
emitted (soft mode), sometimes with sessile defects. These
defects in CTBs may be the source of other dislocations [54]
and/or facilitate the CTB migration [55]. Hence, both the hard
mode I and the soft mode could contribute to the formation of
the large twins observed in Figs. 7(b) and 8.

We note that we never saw a dislocation crossing the two
CTBs of a twin, like, e.g., in [53].

4. Microtwin growth and rotation

Figure 8(c) shows a high plastic activity in the large twins.
Indeed, numerous slip systems with high Schmid factors are
susceptible to being activated in the twinned area, as detailed
in Table A-2. Moreover, the plastic events that elongate the
film along [110] lead to a local thinning of the film; this in turn
entails a stress concentration which localizes the plasticity in a
self-sustaining process up to the crack growth. As a result, the
fracture profile along the crack in Fig. 8(a) presents numerous
ligaments, indicating a large ductility.

The twin rotation quantified with the XRD measurements
and observed in the large twins in TEM has the same axis,
[11̄0]. Among the slip systems with high resolved shear stress
inside a twin from the T (111) family, the glide planes are
either (111), (51̄1̄) or (1̄51̄), with respect to the matrix coor-
dinate system. In the first case, it corresponds to dislocations
gliding in planes parallel to the CTBs. In the other cases,
the dislocations may glide and be stored in the CTBs, which
would contribute to the microtwin rotation. We refer the
reader to [56,57] for other characterizations and discussions
on nanotwins bending.

5. Cracking

First, it is interesting to note that a blocking of crack growth
by TBs was noticed in [57–59]; this increased the toughness
of the sample. However, this effect was not observed in the
present study.

We now discuss the influence of the substrate on the crack-
ing of the films. On the one hand, Figs. 2 and 3 show that
the increase in twin volume and the twin rotation occurred

simultaneously in the film supported by a substrate; they
started at an applied strain slightly larger than 1%, when the
elastic strain in the matrix started to decrease. On the other
hand, Figs. 7 and 8 show that the increase in twin volume in
the freestanding film was important, either in homogeneous
areas of the matrix, or close to crack tips, and the twin rotation
was observed postmortem also in regions close to crack tips,
Fig. 9. Hence, from these two complementary measurements,
it seems that the expansion of the growth twin and their
rotation go in pairs with the propagation of cracks in the film.

There is, nevertheless, an important difference in the two
tests, namely the presence or absence of a substrate. After
their deposition, the films are detached from their original
NaCl substrates. They contain at this stage (before the me-
chanical tests) a significant number of defects, which are
sources of stress concentrations. When transferred on a TEM
grid, the films are freestanding on a large scale, and the ini-
tial microstructure heterogeneities have a huge impact. For
example, it is seen in the left parts of Figs. 8(a) and 8(b) that
many nanotwins kept their original size close to the growth of
a micron-sized twin; one image is zoomed in in Fig. A-3. On
the contrary, it is well known that a compliant substrate (as
the polyimide used in the XRD experiments) prevents, or at
least delays, the strain localization that promotes debonding
and cracking. This was shown with finite-element simulations
[60,61] and has been confirmed experimentally many times
[62–64]. In [63], the measured conductivity of the copper film
agrees very well with theoretical predictions on continuous
films up to a strain larger than 20%. It is therefore questionable
that the pristine roughness and porosity of the film have such
serious consequences on the hundreds of micrometer-scale
properties of the film as probed with x-ray diffraction. For
supported thin films, it was suggested in [65] that, far from
porosities, dislocations could be nucleated at surface or inter-
face steps and, stopped at and stored in CTBs, contributed to
the twin rotations.

Finally, in Fig. 7(a), the nanotwins elongate on both sides;
this is another evidence of an ITB migration mechanism inde-
pendent of the fracture. The elastic repulsion between ITBs, as
shown in [66] for the {112} ITBs, could be the driving force
and needs further studies.

V. CONCLUSION

Gold single-crystalline 50 nm thin films were studied.
Before the tests, the films contained twins a few tens of
nanometers long, less than 10 nm thick. The films were
uniaxially strained on a polyimide under x-ray diffraction
or uniaxially loaded (the in-plane stress ratio Rσ , defined
by σs,yy/σs,xx, vanishes) in a free-standing configuration in a
transmission electron microscope. In gold, a [110] straining
induces a value of Rσ = −0.028 only, so [110] straining and
[110] loading tests are very similar.

The combination of the two techniques makes it possi-
ble to associate precise quantification of nanotwins evolution
(thanks to in situ XRD diffraction) with elementary mech-
anisms identification (thanks to in situ TEM). Despite the
strong interaction a supported thin film has with its substrate,
most of the mechanical behavior seems to be identical for both
experiments.
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The main results are the following:
(1) In tension, glide of partial dislocations is favored by

high values of resolved shear stresses in the (111) and (1̄1̄1)
planes. This is in line with the in situ XRD measurements,
where a 400 to 500% increase of the volume of twins in the
T (111) and T (1̄1̄1) families was observed at an applied strain
of only 4%.

(2) The twin volume increase is accompanied by a twin
rotation around [11̄0].

(3) However, twinning is not the major plasticity mech-
anism in the XRD experiment. The elastic limit is around
0.5%, but the twin volume increase starts at around 1.0%.
Moreover, the twin contribution to the total strain is at most
20% at the end of the test. This value probably depends on
the initial defect type (concerning twins, isolated dislocations,
and nanometric holes) and density.

(4) In compression (obtained while unloading thin films
supported by substrates with a high elastic limit), perfect
dislocations are always favored. The twin volume decreased.

(5) Up to symmetry, the elastic energy associated to a uni-
axial in-plane strain test has two particular strain directions:
[100], where the four twin families have equal energy, and
[110] where the (111) and (1̄1̄1) twin families have an energy
much lower than the other two twin families. In any case, from
the sole point of view of elastic energy, the anisotropy of the
stiffness tensor favors detwinning over twinning in uniaxially
strained (001) face-centered cubic thin films.

(6) No dislocation source was monitored in the ma-
trix in in situ TEM. Besides the glide of isolated
perfect dislocations, we observed, in areas far from initial
microstructure heterogeneities, the glide of partial disloca-

tions, either along the CTBs, contributing to the thickening
of the twins, or at the front of the ITBs, leading to their
migration. This gives the first mechanisms responsible for the
twin volume increase.

(7) The twin volume increase may also come from the
growth of micron-sized twins in front of crack tips, as ob-
served in TEM. These twins localized the deformation, going
in pairs with the growth of ductile cracks. An intense plastic
activity developed in these microtwins, probably at the origin
of their rotation around [11̄0], as evidenced by a postmortem
TEM orientation map.
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