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Abstract 

While the precipitation of α (hcp) from β (bcc) in various Ti alloys has been investigated 

in great detail, less is known about the precipitation of β from α. This study conducts a 

systematic investigation of structures and migrations of interfaces between β 

precipitates and α′ matrix in a Ti-2.6 wt% Mo alloy. Utilizing conventional and high-

resolution transmission electron microscopy (TEM), assisted with molecular dynamics 

and generalized O-element analysis approaches, we unveil the dislocation and atomic 

structures of three typical portions of the interface surrounding a β precipitate, i.e., the 

habit plane, the side facet, and the end face. The habit plane of β precipitates contains 

two sets of dislocations with Burgers vectors b1= 2113 / 6[ ]   [111] / 2   and b4=
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2113 / 6[ ]  [111] / 2 , in contrast to the single set of b1 dislocations previously found 

on the habit plane of α laths precipitated from β matrix in various Ti alloys. Interface 

migrations during shrinkage of β precipitates are characterized via in-situ TEM, 

showing that both the habit plane and side facet migrate through the lateral motion of 

nanometer-high growth ledges. The dislocation structures of various growth ledges 

were obtained through generalized O-element calculations, suggesting a potential non-

conservative dislocation trajectory as semicoherent growth ledges sweep across the 

interface. 

 

Keywords: Interface structure; Interface migration; Titanium alloys; In-situ TEM; 

Molecular dynamics 

 

1. Introduction 

Titanium (Ti) alloys are pivotal in many important structural applications such as 

aerospace, shipbuilding, and biomedicine, owing to their superior specific strength, 

low-temperature performance, and corrosion resistance [1-4]. These properties are 

primarily attributed to the microstructure consisting of two allotropic forms of Ti: the 

hexagonal close-packed (HCP) α phase and the body-centered cubic (BCC) β phase. 

The transformation between these phases in different Ti alloys is a key determinant of 

the microstructures in the alloys, yielding various properties required by the 

applications of the alloys. Such a transformation proceeds through the generation and 

the migration of α/β interfaces, a process governed by the evolution of intricate interface 



 

3 

structures. Thus, a deep understanding of the α/β interface structures and their migration 

modes is essential, not only for comprehending the phase transformation kinetics in Ti 

alloys but also for advancing our ability to control the microstructure and design the 

titanium alloys. 

The orientation relationship (OR) between α and β phases approximates the Burgers 

OR [5], namely 

 (0001)   (0 11) , [1120]   [111] .     (1) 

The variant of the Burgers OR expressed by Eq. (1) is henceforth utilized throughout 

this study. Previous researches have extensively examined the interface structures 

surrounding α precipitates within the β matrix [6-14]. The α precipitate typically 

exhibits a lath morphology with a long axis and its interface consists of a pair of habit 

planes, side facets, and curved end faces. The habit plane is characterized by a single 

set of dislocation lines, while the side facet contains dual sets of parallel dislocations. 

The dislocations in these two portions of the interface all align parallel to the precipitate 

long axis. Using conventional transmission electron microscopy (TEM) [11] and high-

angle annular dark-field scanning transmission electron microscopy (HAADF-STEM) 

[7, 8], the Burgers vectors of dislocations on the habit plane were identified as b1=

2113 / 6[ ]   [111] / 2   (<c+a>/2 type). Further TEM analysis [10] revealed the 

Burgers vectors of fine-spaced and coarse-spaced dislocations on the side facets as b2=

1120 / 3[ ]   [111] / 2
  (a type) and b3= 110 / 3[2 ]   [100]  , respectively. On the end 

face, a set of fine-spaced dislocation lines were observed by TEM [10] and high-

resolution TEM studies [12, 13], with a Burgers vector of b2. Additionally, a dislocation 
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network composed of coarse-spaced segments was observed [6, 10], with TEM 

characterizations determining the Burgers vectors as b1, b3, and b4= 2113 / 6[ ]   

[111] / 2   [6]. Complementing experimental findings, the interface dislocation 

structures of α precipitate were systematically simulated by molecular dynamics [15-

17] and calculated by the generalized O-element approach [15, 18], with results that 

concur with experimental observations. 

Yet, the migration mechanism of the α/β interface, particularly the motion of various 

interfacial dislocations, remains a subject of intrigue. Molecular dynamics simulations 

have been conducted to characterize the migration behavior of the semicoherent α/β 

interface [16, 19]. The simulations have revealed a shear-coupled interface migration 

mode associated with dislocation glide [19], corroborating the interface structure and 

the surface relief associated with α surface precipitates [20]. The α precipitate in bulk 

was suggested to grow through the motion of growth ledges, previously observed to be 

10 nm in height [13]. Nevertheless, the detailed migration modes of the semicoherent 

α/β interfaces in the bulk, especially the intricate details of dislocation movements, were 

not reported. 

In-situ TEM provides a potent avenue for probing the migration of α/β interfaces. 

However, the propensity of Ti to oxidize during in-situ heating poses a significant 

challenge to accurately characterizing this process. Given that oxygen diffusion is 

substantially lower in the α phase than in the β phase [21], studying the interface 

migration of β precipitates within an α matrix might be feasible, as supported by a 

relevant in-situ TEM study [22]. A further question of interest is how dislocations 
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intruding from the matrix may affect the crystallography of precipitates. This can be 

probed by comparing the interface structures generated in α precipitated from β and β 

precipitated from α, the latter of which is much less investigated. Flower et al. showed 

that β precipitates in Ti-Mo alloys align with near Burgers OR and the habit plane 

orientation [23] is similar to that of α precipitates [24]. Nonetheless, the detailed 

interface dislocation structures around β precipitates have not been thoroughly 

characterized, restricting a direct comparison of them with α precipitates. 

This study conducts a systematic investigation of the β precipitate interfaces via TEM 

(Sections 3.1–3.4), complemented by molecular dynamics and geometric calculations 

(Sections 4.1 and 4.2), to reveal the three-dimensional (3D) interface dislocation 

structure. The in-situ TEM study investigates the migration modes of various α/β 

interfaces (Section 3.5), with a subsequent discussion on the potential evolution of 

interface structures during the migration (Section 4.3). Key conclusions are drawn 

together in Section 5. 

 

2. Methodologies 

2.1 Experimental setups 

A Ti-2.6 wt% Mo alloy was selected for the experimental study in this work. A button 

ingot was obtained through vacuum arc melting and then forged in the β phase region 

into a bar with a size of 110 mm × 11 mm × 11 mm. For homogenizing composition, 

the sample was heated at 1100 ℃ for 3 days under an argon-protected environment, 

after a surface oxidation layer of 1 mm was removed. An additional 0.5 mm of the 
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surface layer was removed to avoid oxidized regions due to homogenization. The bar 

was then wire-cut into blocks of 8 mm × 8 mm × 5 mm. The alloy composition was 

determined with an X-ray fluorescence spectrometer (XRF-1800 X), revealing an alloy 

composition of 2.6 wt% Mo. 

For heat treatment, the blocks were sealed in vacuum quartz tubes. Initially, they 

were solution-treated in the β phase region at 1100 ℃ for 30 minutes, followed by water 

quenching to room temperature to achieve an α′ martensitic structure. Subsequently, the 

blocks were resealed in vacuum quartz tubes and tempered at 670 ℃ for 24 hours 

followed by water quenching to room temperature to preserve the tempered 

microstructure. TEM samples for observations of interface structures were prepared by 

a preliminary mechanical thinning down to 40 μm and followed by ion thinning using 

a Gatan PIPS II. Interface characterizations under dark-field conditions were conducted 

using an FEI Tecnai G2 20 transmission electron microscope at 200 kV. 

High-resolution characterizations of the interface structures were performed using 

samples prepared by the focused ion beam, with appropriate foil orientations 

determined by electron backscatter diffraction analysis before preparation. The high-

resolution observations of the interfaces were carried out in a HAADF-STEM mode 

using a double aberration-corrected Titan Themis field emission transmission electron 

microscope at 300 kV. 

To obtain samples for in-situ TEM observations, the same alloy was solution-treated 

at 1100 ℃ for half an hour and then water quenched to room temperature. The samples 

were then tempered at 670 ℃ for 6 hours to form β precipitates of a suitable size for in-
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situ TEM study. TEM foils were prepared in the same way. In-situ TEM observations 

were performed under the microscope vacuum (typically 10-2 Pa) using a JEM2010 HC 

transmission electron microscope at 200 kV, employing a Gatan double-tilt heating 

holder. During the in-situ TEM study, the samples were first heated at 450 ℃. Then, 

the temperature was stepwisely increased by 50 K increments at an average rate of about 

1 K/s and maintained for a few minutes in order to check possible interface migration. 

The temperature was eventually increased up to 950°C where fast interface motions 

were observed during several minutes. 

 

2.2 Theoretical calculations 

The theoretical determination of the preferred OR and habit plane structure between 

α′ and β phases is based on the O-lattice theory [25, 26] under the condition of the O-

line criterion [27]. This criterion requires that the interfacial misfit across the habit plane 

be accommodated by a single set of dislocations, such that these dislocations alternate 

with the O-lines located at the centers of the coherent regions separated by the 

dislocations. The applicability of the O-line model has been substantiated through its 

successful explanation of α/β habit planes observed in previous experimental studies on 

Ti alloys [6, 11]. The Burgers vector of dislocations, acting as a key input, is determined 

based on the experimental observations (see Section 3.3). Since the O-line condition 

does not uniquely limit the OR [27], an additional constraint of the maximum 

dislocation spacing is applied, aligning with the previous study of Ti alloys [11]. The 

O-line calculation is performed using the software PTCLab designed for calculating 
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phase transformation crystallography [28]. The detailed calculation procedures using 

PTCLab for the present system are introduced in the Supplementary Materials. 

Nevertheless, the O-line model does not apply to interfaces other than the habit plane. 

This limitation arises due to the absence of ideal O-lines—periodical locations where 

the misfit equals zero—between the dislocations in these interfaces. To circumvent this 

limitation, we employed the generalized O-element approach [18], which postulates the 

generalized O-elements, where the misfit attains local minima, as the centers of 

potential coherent zones on the interface. Using the OR determined by the O-line model 

as an input, a calculation based on the generalized O-lines can yield complicated 

dislocation structures across interfaces of various orientations. The congruence of this 

approach with both molecular dynamics simulations and experimental observations 

across diverse systems—including small angle grain boundaries, α/γ interfaces in 

duplex stainless steels, and interfaces surrounding α precipitates in Ti—underscores its 

robustness [15, 18]. The calculation details using the generalized O-element approach 

for the present system are elaborated in the Supplementary Materials. 

 

2.3 Simulation setups 

Molecular dynamics simulations are conducted to verify the interface dislocation 

structures predicted by geometric models. The atomic models of α′/β bicrystals are 

designed in alignment with the OR and interface orientations deduced from these 

geometric models. A refinement technique proposed in [29] is utilized to optimize initial 

configurations of the bicrystal model, to ensure that the irrational interfaces are virtually 
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devoid of interstitials and vacancies. Further details regarding the simulation setup, 

including the dimensions and orientations of the simulation box, are provided in the 

Supplementary Materials. 

Initially, the bicrystal models are equilibrated under free boundary conditions at 300 

K for 100 ps, followed by energy minimization using the fast inertial relaxation engine 

(FIRE) [30, 31]. We employed a state-of-the-art deep neural network potential [32, 33] 

recently developed for Ti-Mo alloys [19] to accurately describe the interactions between 

Ti and Mo atoms. The simulations are performed using the LAMMPS software [34, 35] 

in conjunction with the DeePMD-kit package [36, 37]. Given the negligible 

concentration of Mo in the α′ phase during precipitation due to its limited solubility, 

pure Ti is simulated for the α′ phase, with the lattice parameters aα = 2.937 Å and cα = 

4.645 Å. The β phase, validated as stable at 300 K and 0 K for Mo compositions 

exceeding 10 at.% using the current potential, is examined at Mo concentrations of 10 

at.%, 15 at.%, and 20 at.%. The results using the 20 at.% Mo β phase (the lattice 

parameter is aβ = 3.225 Å) are provided in details. Using this composition and the 

selected potential, the nano-sized α′ nuclei can be fully avoided in the random alloyed 

β phase after relaxation, which makes interface energy calculation feasible. The ratios 

of lattice parameters used in the simulation are consistent with those from the present 

experiment (aα = 2.953 Å cα = 4.682 Å, and aβ = 3.263 Å by X-ray diffraction) and from 

the previous studies [10, 11, 14, 24], where the spacing of habit plane dislocations of α 

precipitates is similar to that of β precipitates observed in the present work (Section 

3.3). It is noted that all the simulated interfaces are immobile during the relaxation. The 
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crystal structures in the relaxed bicrystal models are identified using the Polyhedral 

Template Matching method [38] integrated in OVITO [39]. The positions and Burgers 

vectors of interface dislocations on the relaxed interfaces are characterized by a method 

[40] based on singular value decomposition of the Nye tensor [41]. In Table 1, we list 

the Burgers vectors of interface dislocations that may exist on the interfaces 

surrounding a β precipitate, as will be considered later. The notation is consistent with 

the previous study [15]. 

 

Table 1 

Potential interface dislocations with Burgers vectors expressed in α′ and β phases. 

Notations of dislocations Burgers vectors in α′ Burgers vectors in β 

b1 ' 6[ 113]2 /  [111] / 2  

b2 ' 3[ 120]1 /  [111] / 2  

b3 ' 3[ 1102 ] /  [100]  

b4 ' 6[ 113]2 /  [111] / 2  

b5 ' 3[ 210]1 /  [111] / 2  

b6 '[0111] / 2  [010]  

b7 '[0111] / 2  [001]  

 

3. Experimental Results 

3.1 Morphology 

Fig. 1 characterizes α′ martensitic matrix and β precipitates at various magnifications, 

illustrating the microstructures at different spatial scales. As shown in Fig. 1(a), the 

optical micrograph (OM) displays a typical α′ martensitic morphology while the 

precipitates are too small to be visible. Fig. 1(b) shows a scanning electron micrograph 



 

11 

(SEM) after deep etching, where most of the β precipitates exhibit a lath-like 

morphology, with one dimension significantly longer than the others. This study 

primarily focuses on these predominant lath-like precipitates. In the TEM image of Fig. 

1(c), the lath morphology of the β precipitates can also be observed. Multiple variants 

of the precipitates show a long-axis length of about 1 μm, which lies almost parallel to 

the surface of the TEM foil. Fig. 1(d) presents a bright-field image when the long axis 

of the precipitates is parallel to the electron beam direction, revealing that the 

precipitates are approximately 250 nm wide and about 50 nm thick. It is evident that 

the length of the long axis of the lath-like precipitate is substantially greater than its 

other two dimensions. 

 

 

Fig. 1. Morphologies of β precipitates in α′ martensite tempered at 670 ℃ for 24 

hours in a Ti-2.6 wt% Mo alloy, as observed under (a) OM; (b) SEM; (c) TEM image 

of different β precipitates; (d) Bright-field image of a β precipitate in an edge-on 

view; (e) Dark field image ( (020)=g ) of a β precipitate, showing line contrast of 
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dislocations. 

 

3.2 Orientation relationship, orientations of the long axis, and habit plane 

The Kikuchi line method was utilized to precisely determine the OR between the β 

precipitates and their matrix. According to the determined three pairs of parallel unit 

vectors from the two phases, with these pairs being orthogonal to each other, an OR 

matrix was obtained to specify the OR between the two phases. The measured ORs are 

near an ideal Burgers OR ( (0001)   (0 11) , [1120]   [111] , and [1100] ||[211] ), 

as illustrated by (0001) , [1120] , and [1100]  directions in a [001]  pole figure 

(Fig. 2(a)-(d)). The deviations of measured ORs from ideal Burgers OR are less than 1° 

and the averaged OR is expressed as: (0001)   (0.0022 1.0043 1)  with a deviation 

angle of 0.6° from (0 11) , [1120]   [1.01 1 1.01]  with a deviation angle of 0.4° 

from [111] . 

The orientations of habit planes of β precipitates were determined using the software 

τompas [42], an integrated tool for crystallographic analysis of TEM images. By 

obtaining the projection widths and traces of the interfaces at various beam directions, 

the habit plane orientations of β precipitates were solved, as shown in Fig. 2(a) and (e). 

The measured orientations fluctuate within approximately ±5°, all being irrational 

planes with an average of (1.4 1.1 1.0)   (4.0 5.0 1.0 0.29)  . The long axis of the 

precipitates was characterized by the line directions of dislocations on the habit plane 

(Fig. 1(e)), as suggested in the previous studies [11, 24]. Fig. 2(f) shows the measured 

orientations by trace analysis, with an average of [1.8 1.0 1.2]   [2.7 1.0 3.7 0.16]   
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and a fluctuation of about ±6°. The orientations of habit plane and long axis measured 

in the present study are close to the ones observed in α precipitates in Ti-Cr alloys [11, 

13, 24]. 

 

 

Fig. 2. Illustration of the measured ORs, the habit plane normals, and the long axis 

directions of β precipitates in a [001]   polar figure. (b)-(f) are enlarged figures of 

boxed areas in (a). ☆ symbols in (b), (c), and (d) represent [0001] , [1120] , and 

[1100]  orientations in the matrix near the measured precipitates. In (e) and (f), red 

hexagons and squares are measured orientations of habit plane normals and long axis 

directions, respectively, for different precipitates, and black triangles indicate the 

average directions. 

 

3.3 Interface structure of the habit plane 
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Fig. 3 presents HAADF-STEM images of habit planes of a β precipitate viewed along 

[0 11]  [0001] . In Fig. 3(a), the habit plane is seen almost edge-on, consistent with its 

orientation (1.4 1.1 1.0)    (4.0 5.0 1.0 0.29)   approximately containing [0 11]   

[0001]  directions. Fig. 3(b) reveals that the interface is composed of atomic steps, a 

structure that aligns with reports by previous studies [8, 9, 13]. The steps, whose height 

corresponds to twice the atomic spacing between (2200) | (211)    planes, are 

irregularly spaced. They were referred to as structural ledges [13] or disconnections [8]. 

Across the entire interface region of the habit plane observed in this zone axis in TEM, 

no dislocations were detected (in Fig. 3). This is because the dislocations are almost 

parallel to the trace of the habit plane viewed at this beam direction of [0 11]  [0001] ,  

to which the dislocation line direction [1.8 1.0 1.2] is nearly vertical. 

 

 

Fig. 3. HAADF-STEM image of the habit plane of a β precipitate within α′ martensite 

of a Ti-2.6 wt% Mo alloy tempered at 670 ℃ for 24 hours. (a) A low-magnification 

image of edge-on habit planes; (b) A high-resolution image captured from [0 11]   

[0001]  direction. 
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The structure of the habit plane has been examined from another direction, [111] |

[1120] with high-resolution TEM. Fig. 4 shows the high-resolution images from the 

boxed area in Fig. 4(a). Two types of dislocations with different Burgers vectors were 

observed on the habit plane viewed from the beam direction of [111] |[1120] . The 

in-plane components of these two types of Burgers vectors were determined using 

Burgers circuit analysis, as magnified in Fig. 4(c), and (d). Under this zone axis, the 

adjacent atomic columns are linked by three 112   /3 vectors, i.e., v1 = [121] / 3 , 

v2 = [112] / 3 , and v3 = [211] / 3 . The projections of the possible Burgers vectors in 

Table 1 in the direction of [111]  are listed in Table 2, to compare with the measured 

in-plane component of the Burgers vectors. According to the Burgers circuits in Fig. 

4(c) and (d), the two types of in-plane components of the Burgers vectors are v1 and v2, 

respectively. From Table 2, the Burgers vectors of the dislocations on the habit plane 

could be either of the 111 /2 | 2113 /6       (b1 or b4) type or 

010 | 0111 /2      type (b6 or b7). Thus, the information from the above high-

resolution TEM study is insufficient to define the Burgers vectors of the dislocations. 
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Fig. 4. Dislocation structures of habit plane of a β precipitate in α′ martensite tempered 

at 670 ℃ for 24 hours viewed from [111] |[1120] . (a) low-magnification image and 

(b)–(e) HAADF-STEM high-resolution micrographs. (c) and (d) are magnifications of 

the boxed areas in (b), showing detailed structures. (e) depicts the dislocations across 

an entire habit plane of the β precipitate, with the positions of the interface dislocation 

cores marked by circles. Green segments represent the Burgers circuits around the 
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dislocations. Yellow solid and green circles represent the core positions of dislocations 

with two different types of Burgers vectors. 

 

Table 2 

Projected vectors along [111] | [1120]   and g·b results for different possible 

Burgers vectors 

Burgers vectors 
Projected 

vectors 

g·b for different g’s 

(011)=g  (020)=g  (002)=g  (011)=g  

b1=[111] / 2 | [2113] / 6   v1 0 -1 1 1 

b2=[111] / 2 | [1120] / 3   0 1 1 1 0 

b3=[100] | [2110] / 3   v3 0 0 0 0 

b4=[111] / 2 | [2113] / 6   v2 0 1 -1 -1 

b5=[111] / 2 | [1210] / 3   v3 1 1 1 0 

b6=[010] | [0111] / 2   v1 1 2 0 -1 

b7=[001] | [0111] / 2   v2 1 0 2 1 

 

To complete the characterization of the Burgers vectors of these dislocations, 

dislocation contrast analysis was applied under different g conditions. Fig. 5 shows 

various dislocation contrasts in various TEM images. Using (011)=g , the dislocation 

contrast on the habit plane is quite weak, with the dislocations on the habit plane of the 

precipitate in the boxed area in Fig. 5(a) almost completely extinguished. The very 

weak contrast with (011)=g  suggests that g·b = 0. On the contrary, under the other 

three g conditions, i.e., (020)=g  , (002)=g  , and (011)=g  , the contrast of 

interface dislocation is stronger. From Table 2, the g·b analysis suggests that the 

Burgers vectors belong to the 111 /2 | 2113 /6      (b1 or b4) type rather than 

010 | 0111 /2      type (b6 or b7). Therefore, a combination of the results of the 
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contrast analysis with conventional TEM and the Burgers circuits based on the high-

resolution TEM images concludes that the two types of dislocations in the habit plane 

are associated with the Burgers vectors of b1=[111] / 2 |[2113] / 6  and b4=[111] / 2

|[2113] / 6 . This type of Burgers vector is consistent with the conclusions from the 

previous study of α precipitates in Ti alloys [8, 11]. However, in the present study of β 

precipitates, two types of 111 /2 | 2113 /6     dislocations coexist on the habit 

plane instead of only one type in the previous works. These two Burgers vectors are 

symmetric about the c-plane of the HCP lattice. The analysis of the dislocations across 

the entire habit plane of a precipitate is shown in Fig. 4(e). It can be seen that the two 

types of dislocations are distributed in roughly uniform spacing, with a ratio of 

approximately 2:1 for b1 and b4. They constitute the parallel dislocations on the habit 

plane observed in the low-magnification dark-field image. 
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Fig. 5. Dark-field images of β precipitates in α′ martensite tempered at 670 ℃ for 24 

hours under different g conditions. (a) (011)=g , (b) (020)=g , (c) (002)=g , (d) 

(011)=g  

 

3.4 Interface structure of the side facet and the end face 

Fig. 6 is a dark-field image of the interfaces using (1011)=g . Though the contrast 

of the parallel linear defects in the broad interface is significant, fine-spaced 

dislocations on the side facet are visible by careful inspection, especially in the regions 

marked by boxes. The dislocation structure of the side facet was characterized at the 

atomic scale, with high-resolution HAADF-STEM imaging using the precipitate in Fig. 

4(a). Fig. 7(a) shows one set of dislocations, with a projected dislocation spacing of 

~8.5 nm. The Burgers vector of these dislocations was analyzed using the Burgers 

circuit (Fig. 7(b)), with its projection component being v3 = [211] / 3 . According to 

Table 2, the possible Burgers vector is either b3=[100]  [2110] / 3  or b5=[111] / 2  

[1210] / 3  , which are a-type dislocations in HCP. Considering that the weak but 

persistent contrast of dislocations with (1011)=g  in Fig. 6, the plausible Burgers 

vector of the dislocations is b3= [100]   [2110] / 3  . This set of dislocations is 

consistent with a previous TEM characterization of the coarse-spaced dislocations on 

the side facet of α precipitates in a Ti-7.26 wt% Cr alloy [10], while the atomic image 

of this set of dislocation was not reported before. 
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Fig. 6. A dark-field image ( (1011)=g ) of the β precipitates in α′ martensite 

tempered at 670 ℃ for 24 hours. The side facets are marked by boxes. 

 

 

Fig. 7. HAADF-STEM images of the side facet of a β precipitate in α′ martensite 

tempered at 670 ℃ for 24 hours, under [111] |[1120]  zone axis. (a) high-

resolution image of the side facet on the right in Fig. 4(a); (b) Burgers circuit analysis 

of one dislocation in (a). 
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The apparent “side faces” of β precipitates are also characterized from a foil nearly 

parallel to (0 11)  (0002) . Since the long axis approximately lies in (0 11)  (0002) , 

the “side face” of a β precipitate in this orientation is actually the end face (or tip) of 

the β precipitate, as illustrated schematically in Fig. 8(a). The boxed area in Fig. 8(b) is 

characterized using HAADF-STEM imaging. Fig. 8(c) is from a transition zone from 

the habit plane to the end face. It shows a series of nanometer-high ledges, each of 

which is associated with a dislocation. With an enlarged image as in Fig. 8(d), the 

Burgers vector of these dislocations can be identified as b2=[111] / 2 |[1120] / 3 , as 

marked by t1 in Fig. 8(e). This set of dislocations is consistent with the previous 

observations of α precipitates (Fig. 4(a) in Ref. [13] and Figure 5 in Ref. [12]), while 

the atoms on (011)   planes were not resolved in the previous studies. When the 

interface orientation significantly deviates from the habit plane, another type of 

dislocations is identified by a careful examination. The Burgers circuit analysis 

indicates that these dislocations are associated with a Burgers vector with a projected 

vector of t4 = [100] / 2  [2110] / 6 , as shown in Fig. 8(f). The possible Burgers vector 

of this dislocation is either b1=[111] / 2  [2113] / 6  or b4=[111] / 2  [2113] / 6 . 
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Fig. 8. HAADF-STEM images of the end face of β precipitates in α′ martensite 

tempered at 670 ℃ for 24 hours, under [0 11]  [0001]  zone axis. (a) Schematics of 

the foil normal and interfaces around the precipitate; (b) low-magnification image; (c) 

periodic fine-spaced dislocations (inside circles), where red dashed lines are 

approximate positions of terraces; (d) Burgers circuit analysis of dislocations in (c); 
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(e) Possible projected lattice vectors under this zone axis; (f) Burgers circuit analysis 

of two types of dislocations on the end face. 

 

3.5 In-situ TEM observation of interface migration mode 

All β precipitates remain unchanged during in-situ heating until the indicated 

temperature reaches 800 ℃. At the higher temperatures and even above the β transus 

(about 860 ℃ for this alloy), most precipitates are still unchanged, but a few β 

precipitates were found to shrink. A possible reason for those precipitates to remain 

unchanged is that the interfaces between the precipitates and matrix are pinned by the 

foil surface. The few shrinkable precipitates may be coincidently embedded within the 

TEM foil, such that the interface motion is not pinned. According to the phase diagram 

for the alloy, the β precipitates are expected to grow with increasing temperature at this 

temperature range. However, the composition change of the alloy due to heating in the 

atmosphere conditions in TEM may affect the stability of β. For example, possible 

absorption of oxygen may stabilize the α matrix [43]. It is also possible that the interface 

movement process is driven by the interface tension. However, such a process must 

involve precipitate growth, which was not observed. This may be due to a kinetical 

reason because the barrier to shrinking is likely smaller than to growing of β precipitates. 

The growth of β precipitates requires new interfacial defects to be added to the 

interfaces of increasing size. In contrast, migration of interfaces during shrinkage of β 

precipitates only involves the movement of existing interfacial defects. The barrier to 

starting the movement of unpinned existing interfacial defects is expected to be much 
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lower compared to that needed for the nucleation of various interfacial defects. 

The shrinkage process of a β precipitate was recorded at a temperature of 950 ℃ for 

the sample hot stage. Fig. 9 displays the snapshots of this process, in which the 

shrinking β precipitate is pointed by an arrow. The migration of the interface 

surrounding this precipitate exhibits anisotropic kinetics, with the interfaces 

maintaining consistent orientations throughout the process: The broad facet marked by 

‘A’ is hardly mobile until the last seconds when the precipitate rapidly shrinks and 

vanishes (Fig. 9(e) and (f)). The shrinkage of the β precipitate proceeds mainly through 

the prominent migration of the interface portion marked by ‘B’, which is likely the end 

face since it is normal to the line defects visible in the broad facets of several β 

precipitates with the same direction of the long axis. To verify the types of interfaces at 

‘A’ and ‘B’ portions in the in-situ study (Fig. 10(a)), a similar precipitate in Fig. 10(b) 

was characterized in a nearby area after the in-situ heating experiment. By comparing 

the diffraction spots and morphology of the precipitates and the matrix in Fig. 10(a) 

with those in Fig. 10(b), they appear highly similar, sharing the same variant of the OR. 

According to the observation of the parallel dislocation lines and measurement of the 

interface at portion ‘A’, i.e., (1.3 1.3 1.0) , it is confirmed that the interface at portion 

‘A’ is the habit plane and the interface at portion ‘B’ is the end face. 
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Fig. 9. Shrinkage of a β precipitate during in-situ heating. (a) t = 0 s; (b) t = 60 s; (c) t 

= 120 s; (d) t = 180 s; (e) t = 240 s; (f) t = 246 s. In (f), the diffraction pattern of a 

similar precipitate near the vanished one shows [11 1]  and [2113]  zone axes. 

 

 

Fig. 10. (a) Bright-field image of the area observed in-situ and the diffraction pattern in 
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the circled area; (b) Bright-field image of a similar area after in-situ study and 

diffraction patterns resembling those of the precipitate and matrix in (a); (c) Enlarged 

morphology of the precipitate marked with a circle in (b); (d) The corrected migration 

distance with time for the two interfaces of the shrinking precipitate in Fig. 9. 

 

The migration distance of the two interfaces with the projection effect corrected is 

shown in Fig. 10(d). Before 220 s, the migration rates of the habit plane and the end 

face are 2.8 nm/min and 17.3 nm/min, respectively. The precipitate transformed from a 

lath-like to a block-like shape due to the faster migration of the end face. Subsequently, 

the block-like precipitate rapidly contracted and vanished from all directions. 

The anisotropy of interface migration rates can be understood from the different 

migration modes of the interface, in conjunction with the dislocation structures in the 

different portions of the interface. While the end face is likely to move continuously, 

the faceted interfaces cannot be so, as manifested by careful examination of dynamic 

details of the defect structure in the interface surrounding a β precipitate during in-situ 

heating. Coincidently, the end face of this β precipitate does not quickly move for an 

unknown reason, giving a chance to observe the migration mode of different facets that 

contain the parallel defects along the long axis. Both facets are not seen to move 

continuously along their normal. In addition, the parallel defects were not found to 

move continuously normal to the line direction either. The migrations of these facets 

are possibly caused by the lateral motion of the growth ledges with these facets as the 

terrace planes of the ledges. Fig. 11 shows bright field snapshots taken during heating 
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(refer to the Supplementary Movie for more details). One can see various defects with 

dark contrasts that are free to move along the long axis of the precipitate. For example, 

a pair of defects indicated by arrows in Fig. 11 starts from locations near both end faces 

at different sites. These defects already exist in the interface, which are possibly growth 

ledges associated with dislocations as seen in Fig. 8(c). The growth ledges move toward 

each other along the facet (called Facet 1) and eventually annihilate when they meet 

each other. The lateral motion of these growth ledges results in movement of the Facet 

1 towards the β precipitate, leading to its shrinkage. 

 

 

Fig. 11. Motion of linear defects and growth ledges on Facet 1 of a β precipitate 

during the in-situ heating at (a) 155 s, (b) 165 s, and (c) 190 s in the Supplementary 
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Movie. Blue arrows in (a) to (c) point to two growth ledges from opposite directions 

on Facet 1. 

 

Similar to the motion of observed defects on Facet 1, migration of growth ledges on 

another further inclined facet (Facet 2) was also observed. The ledges near the top of 

the precipitates are often associated with a strong contrast, as marked by a set of arrows. 

These are not edge-on ledges, as they are connected to and move together with linear 

defects in Facet 2. Therefore, the linear movable defects are likely also ledges. These 

ledges likely form loops in Facet 2, though the contrast of complete ledge loops is faint. 

As shown in Fig. 12, growth ledges on the Facet 2 primarily emerge near the end face 

(refer to the Supplementary Movie). For example, at 35 s, the growth ledge, marked as 

“1” in the figure, emerges from the end face on the right side and then migrates to the 

left at 45 s and disappears near the opposite end face. Meanwhile, more growth ledges 

are consecutively emitted from the end face on the right side, marked as “2” to “5” in 

the figure. The average migration rate of growth ledges 1, 2, and 3 in Fig. 12 are 8.9 

nm/s, 8.1 nm/s, and 8.3 nm/s, respectively, yielding an average lateral migration rate of 

8.4 nm/s. In contrast to the rather smooth migration along the long axis of the 

precipitates, the overall shapes of the visible ledges are not characterized by smooth 

curvature. The ledges tend to lie along the long axis of the precipitates, leading to kinked 

contrast as seen in Fig. 12(b). It suggests the difficulty for the ledge to migrate in the 

direction normal to the periodic misfit field in the facet (Fig. 8 (a)). This observation 

verifies a terrace-ledge-link model suggested in a previous investigation [13]. 
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Fig. 12. Emission of growth ledges on Facet 2 from the end face of a β precipitate and 

their lateral motion at (a) 25 s, (b) 35 s, (c) 45 s, and (d) 57 s in Supplementary Movie. 

Green arrows point to growth ledges on Facet 2. 

 

The annihilation of growth ledges on Facet 2 is elucidated in further detail in Fig. 13. 
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As seen in Fig. 12, the ledges in pairs, e.g., 3 and 3’ or 4 and 4’, move toward the 

opposite direction, though ledges 3’ and 4’ are much less mobile than ledge 3 and 4. 

The ledges in the same pair possibly initiated from the end faces at different sides. The 

terrace planes of these ledges are all parallel to Facet 2 and they probably carry the same 

types of dislocations. Because the normals of the ledge risers have the opposite direction, 

the signs of Burgers vectors are also opposite. Consequently, when ledge 3 meets ledge 

3’ near the end face on the left side, the dislocations associated with the ledges 

annihilate together with the disappearance of the ledges, as shown in Fig. 13(d). The 

same process possibly occurs for ledge pair marked by 4 and 4’, bounded by a faint 

curved line contrast. The in-situ observation of ledge motions, as shown in Fig. 12 and 

Fig. 13, and Supplementary Movie, evidently indicates the migration of Facet 2 toward 

β and hence the shrinkage of the β precipitate via a process of emission, lateral motion, 

and annihilation of the growth ledges. 
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Fig. 13. Annihilation of growth ledges 3 and 4 on Facet 2 at the opposite side of end 

faces of a β precipitate. Snapshots are taken at (a) 76 s, (b) 80 s, (c) 84 s, (d) 85 s, (e) 

98 s, and (f) 99 s in the Supplementary Movie. 

 

The β precipitates with similar morphology and located in a similar area were 
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characterized post-mortem to elucidate the structures of Facets 1 and 2 since they are 

likely to have the same variant of the same OR. A precipitate, exhibiting a full Facet 1 

and a partially visible end face within the TEM foil, was identified in Fig. 14, where 

Facet 2 was observed to be highly inclined. The Facet 1 orientation was determined 

based on the projection-width method [42] as (1.37 1.14 1.0) || (3.6 4.6 1.0 0.4) , 

akin to the habit plane orientation observed in the longer tempered microstructure 

( (1.41 1.01 1.0) || (4.0 5.0 1.0 0.29) ). Moreover, the long axis of this precipitate, 

identified as [1.6 1.0 1.1]    [2.1 1.0 3.1 0.10]   is also consistent with the previous 

analysis ([1.8 1.0 1.2]   [2.7 1.0 3.7 0.16] ). The dislocation spacing on the Facet 1, 

approximately 10 nm, aligns with findings in Fig. 4(b) and previously reported 

dislocation spacings in α precipitates [8, 11, 24]. Therefore, Facets 1 and 2 in Fig. 11 to 

Fig. 13 are probably the habit plane and side facet of the β precipitate, respectively. 

 

 

Fig. 14. Bright field image of a β precipitate after in-situ study. 

 

Besides the periodic dislocation lines on the habit plane, irregular linear contrasts are 

observed on Facet 1 in Fig. 14. Such irregular linear features were often observed in 
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different precipitation systems, such as α precipitates in Ti alloys [2, 24] and Zr alloys 

[44], and Cr-rich precipitates in Cu [45] and Ni [46-49]. Those irregular linear features 

are likely growth ledges that are associated with dislocations. While it is difficult to 

define the height of growth ledges in Fig. 14, a rough estimation can be made for the 

height of growth ledges on the side facet. They are around several nanometers, as seen 

from the ledge marked by “4” in Fig. 13(d). These growth ledges are similar to the 

growth ledges of 10 nm in height observed from the side facet of α precipitate by 

Furuhara et al. [13, 24]. 

 

4. Theoretical calculation and MD simulations 

4.1 Interface structures of habit planes  

In contrast to a single set of dislocations previously reported on the habit plane of α 

precipitated from β matrix [8, 11], our observations reveal that the habit plane of β 

precipitated from supersaturated α matrix, i.e., tempered martensite, often contains two 

sets of parallel dislocation lines. The Burgers vectors of these dislocations, b1 and b4 

(Table 2), are the same types of corresponding vectors. If either one became the Burgers 

vector of a single set of dislocations in a habit plane, the habit plane of the β precipitate 

would be the same as the habit plane of the α precipitate. Namely, different Burgers 

vectors correspond to different variants of the same OR.  

To examine the variation of the OR and habit plane with the dislocation structures, 

we conducted a series of revised O-line calculations, in which the habit plane contains 

an invariant line and misfit displacement is parallel to a selected Burgers vector or a 
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combination of Burgers vectors. The lattice parameters from experiments (Section 2.3) 

were adopted in the calculation. The misfit displacement in the habit plane aligns in the 

direction defined by one of the following vectors, i.e., b1, −b4, b1 − b4, and 2b1 − b4, 

which is guided by the observed dislocation ratios as seen in Fig. 4(e). The results are 

displayed in a [111]  polar figure (Fig. 15) with quantitative data in Supplementary 

Materials.  

 

 

Fig. 15. Crystallographic features predicted by the O-line model using different misfit 

displacements, plotted in a [111]  polar figure. (b)-(f) are enlarged figures of boxed 

areas in (a). O-line solutions of b1, b4, b1−b4, and 2b1−b4 are represented by green, 

yellow, blue, and cyan. Circles in (b)-(d) represent calculated [0001] , [1120] , and 

[1100]  orientations. (e) and (f) show habit plane normals and long axis directions, 
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respectively, with black triangles as the average directions from experiments. 

   

All the ORs solved corresponding to the habit planes containing one or two sets of 

parallel dislocation in Fig. 15 deviate slightly from the ideal Burgers OR. The specific 

deviation is required for all misfit displacements in the habit plane to align in one 

direction defined by the selected Burgers vector(s). It is likely the Burgers OR 

originates during the nucleation stage and the early growth stage, in which the preferred 

interface probably starts as an atomically flat plane parallel to the good matching plane 

(1100)   (211) . In this interface, the misfit displacement field is in two dimensions, 

with the misfit δ = 1.4% (referred to α) along [0001]   [011]  and δ = 4.3% along 

[1120]  || [111]  . The evolution of the habit plane deviating from (1100)    (211)  

may be understood with two types of rotations, though these two types are not separable 

in real cases. The first type is due to the formation of interfacial steps. The habit plane 

tends to contain atomic steps, also called structural ledges [13] or disconnections [8], 

so that the misfit displacement in a direction near [1120] ||[111]  in the terrace plane 

defined by (1100)   and (211)   can be accommodated by the misfit displacement 

associated with the step, as demonstrated in a 2D invariant line model [50]. Such a 2D 

invariant line probably evolves from the ideal Burgers OR, as shown approximately as 

the trace of the habit plane in Fig. 3(b). If the Burgers OR remains unchanged, the misfit 

between the step heights defined in different lattices will accumulate. The long-range 

effect of this slight misfit can be eliminated via a minor rotation (Type I) between 

(1100)   and (211)   [51, 52]. Consequently, the overall misfit along a direction 
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crossing steps becomes zero, and this direction defines an invariant line in the habit 

plane. It is possible to keep [0001]  and [011]  parallel as the rotation axis for such 

a rotation.  

Though a β precipitate growing along the invariant line does not require any 

dislocations, dislocations are needed to eliminate the long-range misfit strain in the 

interfaces as the β precipitate grows along other directions. It is a property of an 

invariant line strain that the misfit displacement vectors associated with any point in the 

interface containing an invariant line must lie all in one direction [53]. When parallel 

[0001]  and [011]  directions lie in the habit plane containing an invariant line, misfit 

displacement between [0001]   and [011]   defines the misfit displacement of any 

vector in the habit plane. Therefore, the Burgers vector of the dislocations in the habit 

plane must be [0001]  or [011]  defined in different lattices, which is b1 − b4. The 

O-line solutions of the OR, habit plane, and the long axis corresponding to this Burgers 

vector are displayed in Fig. 15. However, this Burgers vector does not agree with the 

observation of mixed dislocations with the Burgers vectors of b1 and b4. One cannot 

rule out the possibility of nucleation of <c> dislocations (Burgers vector of [0001] ) 

from the matrix, followed by its decomposition into a pair of dislocations with smaller 

Burgers vectors of b1 and b4 to reduce the total energy of the dislocations [54]. Note 

that each dislocation with either b1 or −b4, is associated with either inserting or missing 

one layer of terrace plane (211) . This will lead to a rotation with the rotation axis 

parallel to the dislocations, which is almost perpendicular to [0001]   or [011]  . 

When the numbers of b1 and −b4 dislocations are equal, the average of the misfit 
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displacement in the habit plane remains parallel to [0001]  and [011] , which can be 

parallel to each other macroscopically.  

The rotation in the OR in the second step is due to the non-equal number of b1 and 

−b4. When their numbers are different, as observed, there will be an angular deviation 

between [0001]  and [011] , as well as a rotation (Tyep II) between the terrace planes 

defined in different lattices. The total rotation in the OR must permit the total misfit in 

the habit plane to agree with the dislocations of various Burgers vectors, as can be 

determined with the revised O-line condition. The calculated results agree with the 

present experimental data for the Burgers vectors using 2b1 − b4. Because the ratio of 

dislocations with Burgers vectors of b1 and b4 is not constant, the deviation between 

[0001]  and [011]  may lead to a true scatter in the OR, which may be buried in the 

uncertainty in the measurement (Fig. 15 (a)). Based on the revised O-line calculation, 

the invariant line direction and especially the habit plane normals for the b1 and b4 are 

not far from each other, as seen in Fig. 15. This indicates that in this system the 

coexistence of dislocation structures with different Burgers vectors in one interface and 

with one OR may not cause a significant elastic distortion. On the other hand, the size 

of the habit plane in the present study is small (several hundred nanometers) and hence 

a small long-range strain may be tolerated. As the precipitate grows large, the nucleation 

of the habit plane may tend to contain either one of the two type dislocations, since they 

are crystallographically equivalent, as observed in the habit planes of α precipitates 

which usually have considerably large size [11]. 

To determine the structure with two sets of dislocations on the habit plane, we 
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employed the generalized O-element calculation [18]. Fig. 16(a) shows the calculation 

results using the OR solved at the condition that the misfit displacement in the habit 

plane is along 2b1 − b4. In this figure, the dots represent edge-on generalized O-lines, 

and the solid lines in different colors mark the positions of O-cell walls associated with 

different Burgers vectors. The intersections of the habit plane (dashed line) with O-cell 

walls define the possible locations of dislocations with the Burgers vectors of b1 and b4 

in a ratio of 2:1 in the interface. The prediction by the geometric model is corroborated 

by a relaxed bicrystal model using molecular dynamics. In Fig. 16(b), the interface is 

viewed along the [1120]   [111]   direction, which is close to the invariant line. The 

dislocations in the interface and their Burgers vectors have been identified using the 

Nye tensor method (Section 2.2), consistent with the calculation result in Fig. 16(a). 

The two types of dislocations are also verified with Burgers circuits, as in Fig. 16(c) 

and (d), which are fully consistent with the HAADF- STEM image in Fig. 4(e). The 

interface viewed from along [0001]  [0 11]  shows a coherent structure, as seen in Fig. 

16(e), in agreement with the HAADF-STEM image in Fig. 3(b). This is because the 

interface trace line is now almost parallel to the invariant line, along which perfect 

matching can be realized and hence no dislocation is needed.  
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Fig. 16. The α/β habit plane containing two sets of dislocations. (a) Calculation results 

based on the generalized O-element approach. Dots are the edge-on generalized O-lines 

and the solid lines are edge-on O-cell walls, viewed along the invariant line direction. 

The dashed line is the trace of the interface. (b) The atomic images of the interface 

viewed along [1120]  [111] . The red and blue atoms are in α and β phases, respectively. 

Green and yellow atoms are near the dislocation cores of b1 and b4, respectively. (c) An 

enlarged image of a b4 dislocation inside the red rectangle of (b). (d) An enlarged image 

of a b1 dislocation inside the black rectangle of (b). (e) The atomic images of the 

interface viewed along [0001]  [0 11] . 

 

It was shown that the interface containing a single set of dislocations is associated 
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with a local minimum in the interfacial energy [15, 29]. The interfacial energy of the 

interface in Fig. 16(b) has been calculated and compared with that of the interface 

containing only one set of dislocations with the Burgers vector of b1 (with the geometry 

defined in Fig. 2 and interface structure in the Supplementary Materials). Surprisingly, 

the calculated interfacial energies for both interfaces have identical values of 0.28 J/m2. 

This result explains that the interface with two sets of dislocation is also energetically 

favorable as observed experimentally. However, the arrangement of b1 and b4 

dislocations observed in experiments is not strictly periodic as shown in Fig. 16, which 

may result from random nucleation of either type to accommodate the misfit between 

[0002]  and [011] in the terrace plane. Such a non-periodic arrangement may cause 

some fluctuation of local interface geometry (such as OR), while one interface 

geometry is used for each calculation. From Fig. 15, one can see that the fluctuation 

caused by different dislocation arrange is very small in this system, thus it is expected 

to be energetically tolerant. 

Another reason for the observation of two sets of dislocations is possibly related to 

the process of dislocation generation. In contrast to our findings for β precipitates, a 

transition from coherent to semicoherent interfaces containing one set of dislocations 

was observed in α precipitates of varying sizes [55]. Such discrepancies suggest that 

the matrix phase might influence the generation of dislocations on the habit plane. Prior 

investigations [56, 57] have highlighted the pivotal role of matrix dislocations in the 

variant nucleation of precipitates, which may also influence the selection of interface 

dislocations during the coherency loss stage. The primary dislocations existing within 
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the α matrix are <a> type screw dislocations [58-60], which cannot accommodate the 

misfit between [0002]   and [011]   in the habit plane. Instead, they may 

accommodate misfit on the side facets effectively since b2 dislocations on the side facet 

are <a> type dislocations of a near screw character. However, the Burgers vector of 

dislocations on the habit plane, expressed as <111>β/2 in β phase, is a common 

dislocation type in the β matrix. Therefore, a <111>β/2 type dislocation available in the 

β matrix may lead to a preferential dislocation on the habit plane of a nearby α 

precipitate, resulting in a single set of dislocations on its habit plane. As discussed above, 

the two sets of dislocations in the habit plane of β precipitates may initiated from the 

decomposition of <c> dislocations as needed for the misfit strain field in the habit plane. 

Unfortunately, however, the details of dislocation generation and evolution were not 

observed in the present study and are unavailable in the literature. 

 

4.2 Interface structures surrounding a 3D precipitate  

A geometric configuration of the 3D precipitate is approximated using major 

interfaces observed experimentally, namely, the habit plane, side facet, and curved end 

face. In addition to the habit plane, the dislocations structures in a side face and the end 

face were also calculated using the same OR for the habit plane containing two sets of 

dislocations as in Fig. 16. According to the previous study, the orientation of the side 

facet can be calculated by a reciprocal vector of 
(011)

g , defined by 
(011)

g =
(0 11)

g

− (0002)
g   [10]. The calculated interface normal is (0.11 0.62 0.78)    

(0.08 0.10 0.02 0.99) , with an angle of 81.5° to the habit plane. A closed trace of habit 
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planes and side facets is constructed by crossing the edge-on generalized O-lines, as 

shown in Fig. 17(a). The shape of interface traces is in reasonable agreement well with 

the edge-on morphology of β precipitate in Fig. 1(d). 

By employing the generalized O-element approach in the 3D space, the dislocation 

structure of the 3D precipitate is calculated, as depicted in Fig. 17(b). The habit plane 

is characterized by parallel dislocation lines of b1 and b4, aligning with the results 

discussed in the preceding section. The side facet is marked by dislocation lines of b2 

with a fine spacing (1.6 nm) and more widely spaced (7.4 nm) dislocation lines of b3, 

with the latter consistent with HAADF-STEM images in Fig. 6. The absence of 

dislocations with b2 in these images is understandable. This is because the beam 

direction is parallel to b2 so that b2 does not have any component to yield a close failure 

of Burgers circuit associated with the dislocations. The dislocation structures on the end 

face are defined by a coarse-spaced network of b1, b3, and b4 dislocation segments and 

fine-spaced b2 dislocation lines. As can be seen from Fig. 17, the fine-spaced b2 

dislocations in the end face continue from the side face. The existence of this set of 

dislocations is confirmed in Fig. 8(d), observed in the end face. The calculated 

dislocation structure is further validated through molecular dynamics simulations. The 

shape of the interfaces in Fig. 17(b) is taken to construct an atomic bicrystal model. 

Given the low efficiency of the deep neural network potential, the model predominantly 

includes the region proximal to the end face, including the entire end face and marginal 

segments of adjacent habit planes and side facets. This atomic model, comprising 

approximately 2.7 million atoms, undergoes relaxation via molecular dynamics and 
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energy minimization as outlined in Section 2.2. The relaxed dislocation structures, 

showcased in Fig. 17(c) with atoms in the α matrix removed, demonstrate remarkable 

concordance between theoretical predictions and simulations. This study, in contrast 

with previous theoretical analyses of 3D α precipitates satisfying O-line conditions [6, 

15], elucidates the applicability of our theoretical framework to more intricate scenarios 

involving 3D precipitates devoid of single periodic dislocation sets on the habit plane. 

 

 

Fig. 17. Dislocation structures on the interfaces around a 3D precipitate with the habit 

plane containing b1 and b4 dislocation lines. (a) Calculation results based on the 

generalized O-element approach. Dots are the edge-on generalized O-lines and the solid 
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lines are edge-on O-cell walls, viewed along the invariant line direction. The dashed 

lines are the traces of habit planes and side facets. (b) The calculated 3D dislocation 

structure by the generalized O-element approach, with distinct Burgers vectors 

represented by varying colors for clarity. The viewing direction is slightly tilted from 

the long axis. (c) Relaxed dislocation structure in the vicinity of the end face. Blue 

atoms are β phase and the dislocation cores with different Burgers vectors are shown 

by other colors. The remaining regions of the precipitate are delineated by line sketches. 

 

The atomic model of the interfacial structure in Fig. 17(c) can be sliced into foils 

with different normals to compare with high-resolution HAADF-STEM images. While 

the atomic structures of the habit plane are shown in Fig. 16, the illustrations below 

focus on the side facet and end face. Fig. 18 shows the atomic structures of two near 

edge-on interface portions viewed in two orientations, so that the fine-spaced 

dislocations are near edge-on orientations in an end face and a side facet respectively 

(Fig. 18(a)). The interface in Fig. 18(b) is viewed from [111] |[1120] , so the habit 

plane and side face are approximately edge-on. In this figure, b3 dislocations on the side 

facet with a projected spacing of 7.2 nm can be identified by the Burgers circuit. 

However, b2 dislocations are not identified by the Burgers circuit. The result of the 

Burgers circuits in Fig. 18(b) is consistent with that derived from HAADF-STEM 

images in Fig. 7. The interface in Fig. 18(c) is viewed along [0 11]  [0001] , so the 

habit plane and end face are approximately edge-on. The cores of b1, b2, b3, and b4 

dislocations are also identified by the Burgers circuits in Fig. 18(c). It is difficult to 
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identify the coexistence of multiple sets of dense dislocations with high-resolution TEM, 

though two closely located dislocations (b2 and either b1 or b4) have been identified 

experimentally in Fig. 8(c). In contrast to Fig. 18(c), the dislocation lines in Fig. 8 do 

not appear edge-on due to the curvature of the end face, making them difficult to 

investigate in the low-index beam direction. The Burgers vectors and the locations of 

the dislocations in Fig. 18 are characterized by the Nye tensor analysis based on 3D 

atom positions, which demonstrates the advantage of the atomic model in overcoming 

the limitation of the experimental results. 

 

 

Fig. 18. Atomic image of side facet and end face surrounding the simulated 3D β 

precipitate. (a) The positions and orientations of cutting planes with respect to the 

simulated β precipitate. Atoms in the α matrix are removed. (b) Atomic image viewed 

along [1120]  [111] . (c) Atomic image viewed along [0001]  [0 11] . Blue and red 

atoms are identified as β and α phases, respectively. Atoms of other colors are near the 
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dislocation cores of different Burgers vectors. 

 

4.3 Possible structures and migration modes of growth ledges 

The role of the growth ledges brings the motion of terraces, as suggested in the ledge 

mechanism in various books [61, 62], is confirmed in the present in-situ TEM study. 

The fast motion of both the end face and the ledge riser along the invariant line direction 

is evident in the present experimental observation. Our result verifies that the faceted 

interfaces containing the invariant line, both the habit plane and side facet, cannot move 

continuously in the direction normal to themselves at the present experimental 

condition. The movement of the positions of these interfaces is assisted by the motion 

of the growth ledges. Similarly, the ledge riser is unmovable when it contains the 

invariant line. In the present study, the interface migrates as the  precipitate shrinks. 

The formation of a ledge loop does not require the generation of new dislocations 

associated with the ledges. Instead, a ledge often starts near a curved end face and then 

retreats towards the other end face. The ledge disappears somewhere when it meets a 

ledge of the same height generated from the other end face. 

Characterizing the structures of growth ledges on the facets of β precipitates presents 

significant challenges from an experimental point of view. However, the application of 

the generalized O-element approach offers a novel avenue for investigating the 

potential structures of growth ledges. This methodology has been successfully applied 

to the semicoherent growth ledge structures of γ precipitates in duplex stainless steels, 

as illustrated in Fig. 7 of ref. [18]. Due to the quasi-periodic distribution of the 
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generalized O-lines that represent the positions of minimal misfit, there are discrete 

preferred positions of the habit plane and side facet. By connecting facets across 

different layers of generalized O-lines, three distinct types of growth ledges are depicted: 

Fig. 19 (a) presents an edge-on view along the long axis, while Fig. 19(b) offers an 

inclined perspective from the long axis. Because the discrete preferred the positions, a 

certain value approximately exists for a unit height of one type of ledge. That is why 

the ledges initiated from different ends often annihilate when they meet each other. For 

the same reason of discrete preferred positions of terrace planes of ledges, risers of 

growth ledges also tend to stay at certain positions to lower the overall interface energy 

caused by misfit. The smooth migration of any interface containing the invariant line, 

the habit plane, the side facet, or a riser towards a direction perpendicular to itself will 

experience resistance due to the rise of interfacial energy. When the driving force is not 

sufficiently high, probably in the condition of the present in-situ heating, the 

displacement of the habit plane and side facet must be assisted by the motion of the 

growth ledges, and the displacement of the risers must be assisted by the motion of the 

kinks along them. The ledge and kink structures are confirmed in the present 

experiments and a previous study [13]. 

On the habit plane, growth ledge 1 in Fig. 19, is characterized by its minimal height 

and a riser containing a single b2 dislocation (noted for its fine spacing on the side facet). 

It is difficult to ascertain whether the mobile ledges and the irregular defects are this 

type of ledges. This type of ledge has been identified on the habit plane of β precipitates 

in a Zr-Nb alloy (refer to Fig. 3 in [63]), with the observed ledge height (1.5 nm) 
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aligning closely with the present theoretical prediction (1.4 nm) once lattice parameter 

differences between Zr and Ti are considered. Growth ledges 1 may accumulate into 

taller ledges, comprising multiple b2 dislocations, which was observed in ref. [12]. 

Strain accumulation, resultant from the inability of a single set of b2 dislocations to 

accommodate misfit on the riser, may necessitate the introduction of dislocations with 

Burgers vector of b3 for further misfit relaxation—akin to the misfit accommodations 

on the side facet to form growth ledge 2. This type of ledge features multiple b2 

dislocations and a single b3 dislocation, as shown in Fig. 19. While large growth ledges 

on α precipitate habit planes have been documented [14], the structure of this specific 

ledge type warrants further empirical validation through high-resolution TEM.  

Growth ledges on the side facet may incorporate b1 or b4 dislocations on their risers, 

mirroring dislocations in the habit plane. An instance of a growth ledge containing a b1 

dislocation, designated as Growth ledge 3 in Fig. 19 with a 12 nm height, shows 

consistency with prior TEM findings of 10 nm height growth ledges on α precipitate 

side facets [13, 24], possibly corresponding with migrating ledges in Fig. 12 and Fig. 

13. 
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Fig. 19. Possible growth ledge structures on the facets of 3D precipitate based on 

results of the generalized O-element approach. (a) The traces of interfaces and growth 

ledges (dashed lines). Dots are the edge-on generalized O-lines and the solid lines are 

edge-on O-cell walls, viewed along the invariant line direction. (b) The calculated 

dislocation structures on the interfaces and growth ledges surrounding the 3D 

precipitate. Burgers vectors of dislocations are represented by varying colors of solid 

lines for clarity. 

 

Being associated with dislocations, the growth ledges also play a role of 

accommodating misfit strain at the interface. It is complicated that the motion of these 

ledges carries the dislocations of multiple types. The migration probably involves a 

climb motion of the dislocations—a hypothesis proposed by previous research [25], 

since the terrace planes of the ledges do not serve as slip planes for these dislocations. 

Further study, through experimental and simulation methodologies, is required to 
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elucidate the dislocation motion process more comprehensively. 

 It is realized that the growth ledge mechanism is not the sole mode for interface 

migrations containing invariant lines. Continuous motion of such an interface is usually 

associated with a shear deformation [19, 20]. Whether a phase transformation proceeds 

with a growth ledge mode or a shear-coupled mode depends on the transformation 

conditions, such as chemical driving force, mechanical constraints, and thermal 

activations. The ledge mechanism likely works for precipitates transformed in bulk 

when the driving force is not very large since the shear-coupled mode will experience 

a large mechanical constraint inserted by its surrounding matrix. The selection of 

growth mode in a given phase transformation condition remains imperative for future 

quantitative investigations that integrate the thermal dynamics, kinetics, and 

crystallography.   

 

5. Conclusions 

In this investigation, we carefully examined the structure and migration of three 

typical portions of the interface surrounding a β precipitate in the α′ matrix in a Ti-2.6 

wt% Mo alloy. Utilizing a synergistic approach involving TEM, molecular dynamics, 

and generalized O-element calculations, we unveiled the intricate dislocation and 

atomic structures on the habit plane, side facet, and end face surrounding the β 

precipitate. Contrary to a single set of dislocations typically observed on the habit plane 

of α precipitates, our study discovers the coexistence of two sets of dislocations on the 

habit plane of β precipitate, with Burgers vectors b1=
' 6[ 113]2 /

 [111] / 2  and b4=
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' 6[ 113]2 /
  [111] / 2  . The difference in the habit plane dislocations between β 

precipitates (two sets) and α precipitates (one set) may result from the available 

dislocations within the matrix phase. The side facets and end faces of β precipitates 

display dislocation configurations akin to their α counterparts. Specifically, the side 

facets contain two sets of parallel dislocations with b2=
' 3[ 120]1 /

  [111] / 2
 for the 

fine-spaced set and b3=
' 3[ 1102 ] /

 [100] for the coarse-spaced set, while the end face 

contains fine-spaced b2 dislocation lines and coarse-spaced networks consisting of b1, 

b3, and b4 dislocation segments. A continuous picture of interface structures around a β 

precipitate was determined by a combinatorial calculation of the generalized O-element 

approach and molecular dynamics using deep neural network potential. The theoretical 

results on different portions of the interface agree with the TEM observations from these 

interface structures. 

In-situ TEM studies revealed that the migration of habit plane and side facet in β 

precipitates proceed via a lateral motion of nano-sized growth ledges. The dislocation 

structures on the growth ledges are analyzed based on the generalized O-element 

approach, demonstrating potential non-conservative motion of dislocations while the 

growth ledge migrates laterally on the facet on the β precipitate. This finding offers a 

deeper comprehension of the microstructure evolution during phase transformation and 

lays the groundwork for future atomistic and mesoscale modeling of the precipitation 

process in titanium alloys. 
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