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Abstract 

An additively produced AlSi10Mg aluminium alloy was post-processed by Equal Channel Angular 

pressing at 150 ºC. This resulted in a fabrication of the novel submicrometer-grained (SMG) 

microstructure, which was subsequently characterised by optical microscopy, scanning electron 

microscopy, and transmission electron microscopy. In addition, the deformation mechanisms were 

also studied in detail at different scales. The post-deformation studies show that the predominant 

deformation mechanism of the alloy matrix was dislocation slip. However, the heterogeneous 

microstructure also activated another important mesoscale deformation mechanism - the plastic 

deformation gradient (incompatible deformation) that existed between the boundaries of the melt 

pools and their interiors and the Al/Si interfaces. More importantly, the TEM analysis provided 

evidence for the deformation twinning of the hard Si phase as well as for the deformation-induced 

amorphisation of the Si phase. The revealed synergy of different deformation modes sheds light on 

the good balance between strength and ductility and opens a new horizon for the development of 

the next generation of structural materials. 

Keywords: Aluminium alloy, Additive manufacturing, Laser powder bed fusion (LPBF), Equal Channel 

Angular Pressing, Grain refinement, Deformation mechanisms, Dislocation slip, Twinning, Solid-State 

amorphisation, Incompatible deformation. 

1. Introduction 

In recent decades, the accelerated development of the aerospace and transportation sectors has 

led to significant changes in the global climate due to ever-increasing CO2 emissions [1] [2]. Although 

growing political awareness and economic necessity have driven research and development in these 

sectors, current technologies are not yet able to fully address this challenge. 

One way to significantly improve energy savings and thus reduce harmful greenhouse gas emissions 

is to significantly optimize vehicle design, which is strongly related to the materials used. Reducing 

weight by using low-density materials, such as magnesium or aluminuim alloys, instead of high-

density steel is a proven approach to reducing greenhouse gas emissions. Vehicle weight reduction 

leads linearly to a corresponding reduction in fuel consumption, with a general value of 0.5 liters less 

fuel per 100 kg weight reduction [3]. Unfortunately, numerous operational requirements and 

technical criteria, particularly those promoting strength and ductility, limit the benefits of weight 

reduction due to the limited property portfolio of commercially available aluminium alloys and 

require the unfavourable use of a multi-material mix, limiting recyclability at the end of the product 

life. Therefore, the trade-off between strength and ductility becomes a fundamental challenge in the 

fabrication of high performance lightweight structural materials [4]. 

When it comes to metals, the strength is increased mainly by refining the microstructure down to 

the nanometer scale, solid solution, dislocation (cold work) and precipitation (second-phase particle) 
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hardening [5] [6]. However, these strategies are often accompanied by a reduction in ductility [7] due 

to the lack of strain hardening capacity, which is primarily due to inefficient storage of dislocations. 

According to Considère’s criterion for tensile testing, to obtain a large uniform elongation (retarding 

localized deformation or necking phenomenon), a high strain hardening rate and a material with high 

dislocation storage are required [8]. Therefore, microstructures that exhibit a high strain hardening 

capacity are of particular interest. 

As mentioned above, the key principle for achieving synergistic effects between strength and 

ductility is that the microstructure should be designed to sufficiently promote the uniformity of 

plastic flow by delocalizing "localized" strains [4]. For metallic materials with homogeneous 

microstructure, the current strategy is to maximize dislocation motion (suppress localized dislocation 

pile-up) through high entropy effect [9] or alloying [10]. Another approach is to develop a 

heterogeneous (gradient) structure originating from biological material [11], for example, a 

bimodal/gradient/laminated structure [12] [13]. The strain hardening enhancement due to 

heterogeneous microstructure design results from the long-range inter-granular back stress 

strengthening as observed in many heterogeneous materials [14] [15]. 

In numerous references [16] [17] [18] [19] [20], it has been shown that laser powder bed-formed 

alloys (LPBF) represent a novel group of metallic materials with unique heterogeneous 

microstructures and deformation mechanisms that differ significantly from their cast counterparts. 

Considering lightweight SLM materials, most recent research has focused on titanium alloys [21], 

steel and iron alloys [22], nickel alloys [23], high entropy [24], and aluminium alloys [25]. Among the 

aluminium alloys used in additive manufacturing, hypoeutectic Al-SI alloys have been studied quite 

intensively due to their high specific strength, good electrical and thermal conductivity, good 

weldability, and corrosion resistance [26] [27] [28]. This group of alloys has been primarily 

represented by the AlSi10Mg alloy, which has been the most frequently investigated DMLS alloy in 

recent years, probably due to its ease of processing. Obviously, the microstructure of the DLMS alloy 

AlSi10Mg is "plastically inhomogeneous", that is, it consists of interfaces with stronger and weaker 

plastic deformation capability ("harder" and "softer" regions/phases) [29]. The first one is the Si 

phase with cellular morphology and the second one is the melt pool boundary (heat affected zone) 

[30] [31]. Moreover, the presence of a strain gradient, the "hard" Si and "soft" Al phases, leads to 

strain partitioning between them during straining, activating additional deformation modes, for 

example, deformation twins in a harder phase [32], which increase dislocation storage capacity and 

can be used to improve ductility. Therefore, LPBF AlSi10Mg alloy has a work-hardening exponent of 

~0.252, which is almost twice that of PM alloy (~0.127) and more than twice that of the gravity-cast 

alloy (~0.1) [33], making it an ideal material to overcome the "holy grail" of materials science, the 

trade-off between strength and ductility. 

Recently, a novel concept of heterogeneous nanostructured materials (characterised by an 

unusually small length scale of the plastic deformation gradient) has been proposed to achieve 

unprecedented mechanical properties [34]. This is because deformation mechanisms that work at 

the micrometre scale are not applicable at nanometer length scales. For example, recent studies 

have shown that deformation twinning is very sensitive to the size effect [35] [36]. In many cases, DT 

is more pronounced in nanocrystalline materials than in their coarse-grained counterparts [37]. 

In view of the above considerations, the author believes that one of the most studied methods of 

severe plastic deformation (SPD)-equal channel angular pressing (ECAP)-deserves greater attention 

from the additive manufacturing industry. This technique has been used for several decades to refine 

the microstructure of metallic materials [38], and as recently reported [32] [39], the combination of 



both methods can lead to exceptional mutually exclusive properties of AM parts, namely high 

strength with reasonable ductility. 

Although several studies and publications have been carried out on the deformation mechanisms 

of Al-Si alloys produced by AM [40] [41], no attempt has been made to investigate the deformation 

micromechanisms in SPD-processed samples. Therefore, the main objective of this work is to further 

investigate the underlying plastic deformation mechanisms of an ECAP-processed LPBF AlSi10Mg 

alloy in order to correlate them with the macroscopic behaviour reported in a previous article [32]. 

Consequently, this work focuses on two aspects: first, the effect of ECAP on the microstructure of 

LPBF AlSi10Mg alloy; second, the evaluation of the deformation mechanisms based on light, electron 

backscatter diffraction (EBSD) and transmission electron microscopy (TEM) studies. 

The novelty of this work lies in the detailed experimental observations and the identification of 

the active deformation mechanisms acting during severe plastic deformation of the LPBF-AlSi10Mg 

alloy. It is also shown for the first time that under SPD conditions a novel amorphization transition 

process begins with preferential phase transitions at some local sites. The results presented in this 

research article provide valuable information that can be used to improve the overall mechanical 

properties of additively manufactured Al-Si alloys, and this knowledge provides a general theoretical 

background for the development of advanced metallic materials and novel post-processing 

processes. 

2. Methodology 

2.1. Sample fabrication 

The AlSi10Mg alloy samples were obtained by LPBF method on The TruPrint 1000 system using a 

spherical shape powder supplied by Sigma Aldrich (Fig. 1) and the process parameters given in Table 

1. Before running a SLM process powder was sieved with a mesh size of 63 – 80 µm in order to 

separate oversized particles. 

 
Fig. 1. SEM image of AlSi10Mg powder 

Table 1. LPBF process parameters 

Scan speed [mm/s] 1400 

Laser power [W] 175 

Layer thickness [μm] 20 

Hatch distance [μm] 90 

Protective atmosphere Argon 

 



Samples of AlSi10Mg alloy obtained by LPBF method were used for the research. Figure 2 shows 

the external appearances of the sample prior to and after ECAP process. 

 
Fig. 2. Illustration of the test samples – LPBF fabricated (left) and ECAP processed (right) 

The specimens obtained by LPBF exhibited low technological plasticity, which made ECAP 

processing at room temperature difficult; therefore, they were first post-processed according to the 

following heat treatment scheme: 

 Low temperature annealing for 9 minutes at 280 °C. The aim of this treatment was to 

partially eliminate residual stresses and increase technological plasticity. This type of heat treatment 

also allowed the partial preservation of the unique heterogeneous cellular microstructure. 

2.2. ECAP process 

The LabTest 5.2000CT hydraulic press (max. ram speed 400 mm/min) was used for the ECAP 

experiment. In this configuration the ram speed of the hydraulic cylinder of the press was controlled 

by oil pressure with the help of a servo valve and an electric motor. Heating was controlled by a 

dTRON 304 device equipped with a NiCr-Ni thermocouple that could be used up to a maximum 

temperature of 1350°C. Since the friction effect cannot be neglected in ECAP process, a Nicro-

Thermocup 1200 type lubricant was used to reduce the friction coefficient between the ECAP sample 

and the ECAP die. Subsequently, the specimens (14.25 × 14.25 × 60 mm) were pressed once through 

a 90° die once at 150 ºC (introducing an equivalent strain of ε = ~1). 

 

Fig. 3. View of the workstation for material forming using the ECAP process 



2.3.  Microstructural analysis 

SEM and EBSD (electron backscatter diffraction) analyses were performed using a scanning 

microscope ZEISS Supra 35 operating at an accelerating voltage of 20 kV, a working distance of 17 

mm, and a tilt angle of 72°, and using step sizes of 0.12 µm (HT sample) and 0.06 µm (ECAP150 

sample). Samples for metallographic and EBSD analyses were prepared in the conventional way - 

mechanically ground with SiC papers, polished with diamond pastes, and finely polished with 0.04 

µm colloidal silica. The averaged KAM values were used to calculate the total geometrically necessary 

dislocation density (GND) according to methods published elsewhere [42]. For optical metallography, 

the polished surfaces were etched with Keller's reagent to reveal the details of the microstructure. 

X-ray diffraction analysis was performed using a PANalytical X'Pert Pro diffraction system 

(Malvern Panalytical Ltd., Royston, UK) equipped with a CoKα radiation source. To eliminate the error 

in the experimental X-ray diffraction profiles caused by the device broadening, the full width at half 

maximum (FWHM) in the peak profile of a fully annealed pure aluminium was used to determine the 

structural broadening (i.e., the effective FWHM). Phase composition was evaluated from the XRD 

peaks, and dislocation density was estimated from microstrain (ε) and crystallite size (D) using 

software based on the Rietveld refinement method. 

Then, the total dislocation density, ρXRD, was estimated using Eq. (1), 

ρXRD=(ρd×ρs)
1/2 (1) 

where ρs and ρd are the dislocation density due to the size effect and the dislocation density due to 

lattice strain, respectively. 

2.4. Mechanical properties 

Hardness measurements (Hv) were taken for over a rectangular pattern of 14 mm x 14 mm 

dimension (on the cross-sectional planes of the specimens) using a microhardness tester (Future-

Tech FM-ARS), applying a load of 300 g for 15 s. Each indentation was made at equal intervals, 

separating the points at a vertical and horizontal displacement of 0.84 mm. 

3. Results 

3.1. Microstructure evolution 

3.1.1. Microstructural analysis using optical and scanning electron microscopy 

HT sample 

Figure 4 present the optical microscopic (OM) and the SEM microscopic images of the heat 

treated (HT) AlSi10Mg sample. The HT sample in the X-Y plane clearly shows discontinuous laser scan 

tracks with an average width of 90 µm, showing the bidirectional scanning strategy perpendicular to 

the build direction of the sample [43]. In Fig. 4(a), the borders of the laser scan tracks are more 

etched and therefore have brighter outlines. The higher-magnification image of scan track boundary 

region (MPB – melt pool boundary) (Fig. 4(b)) shows three distinct zones formed due to exposure to 

different temperature gradients during the LPBF process. 

(1) Melt pool (MP fine), characterized by a fine cellular microstructure, 

(2) Melt pool coarse (MP coarse), where the width of the cells was almost twice as large as in the 

fine zones, 

(3) Heat-affected zone (HAZ) with a width of 2-3 µm, where isolated Si particles were present. 

Figure 4(c) shows the SEM micrograph of the MP fine zone in greater detail. It shows a nearly 

continuous network of eutectic Si phase (Fig. 4(c)). In addition, nanometric point-like Si precipitates 

can be seen within the confined Si cells, which is typical of stress-relieved LPBF-Al-Si alloys [44] [45]. 



 
Fig. 4. Microstructure of the heat-treated sample a) OM image, b) SEM image showing the laser scan 

track border 

To obtain a solid understanding of the grain structure, an EBSD analysis was performed. Figure 

5(a) shows the inverse pole figure (IPF-Z) obtained from the EBSD with detailed information on grain 

size and orientation. As can be seen, the building strategy has a significant effect on the grain size 

distribution. In particular, the sample exhibits a bimodal grain structure characterized by large 

regions of elongated columnar grains adjacent to the region of fine grains, the melt pool boundary 

(MPB). 

Table 2 shows the microstructural features from the EBSD analysis, where grain boundary angles 

greater than 2° and less than 15° were considered LAGB and grain boundary angles greater than 15° 

and less than 63° were considered HAGB. According to these data, about 80% of the grains are 

considered as grain boundaries with high angle misorientation. On the other hand, about 20% are 

grain boundaries with low angle misorientation. Such LAGBs in AM-produced metals and alloys are 

attributed to cellular (equiaxed or columnar) substructure networks formed due to the high cooling 

rate of the AM process. 

Figure 5(b) shows the geometrically necessary dislocation (GND) maps plotted to provide an 

overview of the density and distribution of dislocations prior to the ECAP process. A maximum 

dislocation angle of 5° and a Burger vector of 2.86 Å were assumed to generate these maps. As can 

be seen, the GND networks cluster within larger grains, so it can be concluded that these particular 

areas are "pre-existing dislocation networks" created by the high temperature gradients of the laser 

melting process. 

 

Fig. 5. IPF-Z image (a) with a grain boundary map (HAGBs, with misorientations greater than 15° were 

marked by green lines, LAGBs, with misorientations 2°<θ<15° were marked by green lines) and (b) 

GNDs map of heat-treated sample 

 



Table 2. Microstructural parameters of heat treated sampleobtained from EBSD analysis 

fLAGBs, % fHAGBs, % Grain size, µm 

20.1 79.9 3.89 

ECAP processed sample 

Figure 6 show the optical microscopic and SEM microscopic images of the ECAP150 sample. 

Metallographic analysis shows that a characteristic microstructure composed of semicircular ("fish 

scale") patterns has formed. Accordingly, it is clear that the density of the melt pool boundaries 

(MPB) has increased dramatically. It is also clear that initially continuous Si network is now partially 

interrupted and coarser (Fig. 6(c)). 

 
Fig. 6. Microstructure of the ECAP150 sample a) OM image, b) SEM image showing the melt pool 

boundary region, c) high magnification SEM image showing the cellular structures inside the MP fine 

zone 

Figure 7 shows the EBSD mapping results of ECAP processed sample. In Fig. 7(a), the band 

contrast (BC) map is shown to highlight the contrast between individual cells (subgrains). In this 

image, areas with higher lattice distortion have lower pattern quality, which is why they are darker. 

Comparing this BC map with the SEM micrograph (Fig. 6(c)), it is clear that the black dots in the BC 

map correspond to Al/Si interfaces, indicating a high dislocation density near these areas. 

Figure 7(b) shows the IPF-Z map obtained from EBSD with detailed information on grain size and 

orientation. As can be seen, the grain size is at least one order of magnitude larger than the cell size. 

In other words, each grain consists of multiple cells (subgrains). From the statistical data in Table 3, it 

is clear that severe grain refinement has occurred, as the average grain size has decreased from 3.89 

µm to 0.35 µm. 

Figure 7(c) shows the grain boundary map. As can be seen about 52% of the grains have high-

angle misorientation. This means that the percentage of HAGBs has decreased by 27% after ECAP, 

indicating the formation of multiple dislocation walls or dynamically recovered small subgrains with a 

low misorientation angle. 

To better understand the heterogeneous deformation of ECAP processed sample, the GND map 

was plotted. As shown in Fig. 7(d), the GNDs accumulate at the Al/Si interfaces and create stress 

concentration points (red "hot spots" on the GND map with ρGND = 4.6*1015m-2) whose density and 

intensity depend on the number of stacked dislocations, confirming that the deformation was 

heterogeneously distributed between the two phases [46]. Interestingly, there is only a small 

increase in GND density from 1.22*1014m-2 to 6.84*1014m-2, suggesting that the high-density GNDs 

were rearranged into subgrain structures, i.e., low-angle grain boundaries (LAGB), to reduce the 

deformation strain distortion energy of the grains [47]. 



 
 

Fig. 7. Results of the EBSD analysis of ECAP150 sample a) band contrast map, b) IPF-Z map, c) grain 

boundary map (HAGBs, with misorientations greater than 15° were marked by green lines, LAGBs, 

with misorientations 2°<θ<15° were marked by green lines), d) GNDs map 

 

Table 3 Microstructural parameters of ECAP-processed sample obtained from EBSD analysis 

fLAGBs, % fHAGBs, % Grain size, µm 

47.1 52.9 0.35 

 

To explain the observed microstructural evolution, one must consider the metal flow and 

theoretical shear patterns in the ECAP process. As the billet passes through the deformation zone in 

the ECAP die, its front part rotates. Then, as the billet moves through the transition between two die 

channels, a strong shear (at an angle of 45° to the top and bottom sample surfaces) occurs [48]. This 

is usually reflected in the formation of a layered (pancaked) grain structure. It is noticeable here that 

the microstructure evolution of the LPBF sample differs from its conventional counterparts. Here, the 

ND-TD plane consisted of a series of semicircular (fish scale-like) patterns (typically observed in the X-

Z plane of LPBF specimens) instead of a series of discontinuous laser scan traces. This microstructural 

evolution is the result of the initial rotation of the front part of the billet. The intense shear then 

changes the shape of the grains; however, in the case of LPBF alloys, it also leads to a reduction in 

the distance between the HAZ zones. This is because the HAZ zone deforms more than the interior of 

the melt pool during ECAP processing, because the Si particles in the heat-affected zones (HAZ) are 

spherical, which contributes to a lower macro yield point of the HAZ due to a weak load transfer 

effect. Therefore, local plastic deformation occurs preferentially in the HAZ [30] [49]. 

 



3.1.2. Microstructural analysis using transmission electron microscope 

HT Sample 

Next, to examine the microstructures of the heat treated and ECAP150 samples in greater detail, 

TEM analyses were performed. Figure 8 shows bright- and dark-field microstructures along the 

building direction (X-Z plane). It confirms that the high solidification rate favours the epitaxial growth 

of columnar grains [50]. Local modulation of the BF contrast of the Al phase indicate that the grains 

are composed of multiple sub-micrometer Al cells (see red dotted line in Fig. 6(a)). A unique feature 

observed in some grains is the intricate network of dislocations, Figs. 6(c) and (d). Several factors can 

cause the formation of dislocations in LPBF components. For example, dislocations can form when 

growing dendrites collide during rapid solidification at a cooling rate of ~105-106 K/s. Furthermore, a 

thermal mismatch between the Al matrix and precipitates usually leads to the formation of 

dislocations during the cooling process [51]. 

 
Fig. 8. Representative TEM images of heat-treated sample showing a high density area a) and c) 

Bright-field TEM b)and d) dark-field TEM images 

ECAP processed sample 

Figure 9(a) shows the low-magnification bright-field TEM image of the ECAP150 sample. As seen, 

extreme shear stresses during the ECAP process led to an additional increase in dislocation density, 

indicating that the deformation of the aluminium phase is mainly controlled by dislocation slip. The 

bright- and dark-field TEM micrographs taken at higher magnification (Fig. 9(b)-(c)) and the high-

resolution TEM images (Fig. 9(d)-(e)) show more details of the substructure of the ECAP150 sample. 

It is visible that the accumulation led to the formation of subgrains separated by boundaries with low 

angles of misorientation. Therefore, it can be concluded that the process of grain refinement of the 

α-Al phase occurred through the transformation of high-density dislocations into subgrain 

boundaries. 



The HRTEM image of the boundary region (highlighted in Fig. 9(c) – see yellow square) confirms 

the presence of LAGBs, as the misorientation angle between two grains is about 4.7º. It is noticeable 

here that this subgrain boundary was formed by localized slip of the screw dislocation. In aluminium 

alloys, screw dislocations can slide crosswise (since aluminium has a high stacking fault energy), 

which allows faster dynamic recovery to compensate for strain hardening during ECAP deformation. 

According to Al-Fadhalah et al. [52] this leads to a faster evolution of the UFG equilibrium structure 

and eventually to saturation in terms of strength and hardness. 

Fig. 9(d) shows the existence of twin bands within the Si precipitates. Interestingly, the Fast 

Fourier transform pattern (with polycrystalline rings) of a boundary region (highlighted in Fig. 9(b)) 

also shows the absence of a periodic structure, indicating a possible deformation-induced 

amorphisation of the silicon phase in the solid state [53]. 

 
Fig. 9. TEM images of ECAP150 sample a) low-magnification image showing a general microstructure, 

b) and c) higher magnification brightfield and darkfield TEM images, d) and e) HRTEM images 

showing the boundary regions highlighted in Figs. 9(b) and (c), respectively. 

The HAADF image and the EDS maps registered near the eutectic region (Fig. 10(a)) clearly 

confirm that, in addition to the aluminium phase, the Si particles  were refined down to about 100 

nm (brighter areas in Fig. 10(a) are enriched in higher atomic number elements). According to the 

EDS element mapping analysis shown in Fig. 10(b)-(d), Mg is uniformly distributed in the aluminium 

matrix, while Si particles with sharp, are preferentially found at the cell boundaries. In addition, 

several Si rich clusters/nanoparticles (~20 nm in size) are seen within the cells, confirming intense 

particle refinement/distribution after ECAP processing. 

 



 
Fig. 10. HAADF image (a) and distributions of (b) Al, (c) Mg, (d) Si observed by EDX mapping 

Examination in HRTEM mode of the Al/Si boundary region (Fig. 11) reveals that multiple stacking 

faults (SFs) and secondary twins forms within another Si nanograin. The measured planar spacing of 

0.313 nm (Fig. 10(a)) corresponds to the cubic Si-I phase [54]. The Fast Fourier Transform (FFT) 

pattern extracted from the interface shows diffuse halo rings, confirming that amorphous structures 

exists near the Si-rich eutectics. The HRTEM image of the magnified region (marked by the yellow 

square in Fig. 10(a)) shows the interior of the Si nanograin with twin bands coherently tilted by 141 °; 

see Fig. 10(b). According to [35], these types of deformation twins in nanocrystalline materials (with 

a 141° grain boundary) arise from the multiplication of partials with the same Burgers vector. 

Interestingly, in the next image taken with the STEM detectors, another polymorphic Si phase was 

identified - bcc Si-III (Fig. 10(c)). Here, even more intense interactions between twin bands and SFs 

can be seen (see white arrows). According to Kivambe et al. [55], these SFs and deformation twins 

within the Si nanograins should have profound effects on the strength and toughness of the studied 

alloy. SFs may not only act as strong barriers to dislocation glide in a similar way to grain boundaries 

and impurities, but also actively participate in dislocation generation. The formation of deformation 

twins can also contribute to plasticity, so that twin bands can play a crucial role in accommodating 

the dislocations. A higher magnification of the area where the twin bands intersect (marked by the 

red square) in Fig. 11(c) reveals the presence of Lomer-Cottrell locks (L-C), represented by the 

pentagon with five red dots at its corners, Fig. 11(e). The second inset (indicated by the green square 

in Fig. 11(c)) confirms that the formation of twin bands was accompanied by the presence of partial 

dislocations (indicated by the blue "L"). Such partial dislocations can resolve the local stress 

concentration leading to twinning or detwinning [56]. It can be speculated that these structural 

defects - stacking faults, deformation twins, and Lomer-Cottrell locks - were induced by ECAP shear 

deformation and synergistically strengthened the hard Si phase, increasing the overall strength of the 

AlSi10Mg alloy. 



 
Fig. 11. The TEM images of ECAP150 sample a) and b) HRTEM images of the nanocrystalline Si phase, 

c), d) and e) STEM images showing highly twinned/faulted Si precipitate 

3.2. XRD and average dislocation density 

Fig. 12 shows the diffraction patterns obtained by XRD scanning of AlSi10Mg alloy samples. The 

main reflections corresponding to the two crystalline phases of aluminium and silicon (Si-I phase) can 

be seen. The inset in Fig. 12 shows broadened and shifted Al(111) peaks in the XRD patterns of the 

ECAP-processed sample, which is a common observation for SPD-processed nanostructured metals. 

The peak shift and broadening are caused by lattice defects, such as internal microstrains, 

dislocations, small crystallite sizes, and additional grain boundaries. 

To better understand the evolution of the microstructure after ECAP processing, the XRD 

measurements are combined with Rietveld analysis (see Table 4). It can be seen that the ρXRD values 

are on the order of 1 × 1014 m-2, much higher than × 109 or × 1010 m-2 for conventional cast or 

wrought metals. Such high ρXRD values for the as-built sample can be attributed to the presence of 

pre-existing dislocation networks. The dislocation density in the AlSi10Mg alloy decreased after heat 

treatment, indicating a partial release of residual stresses. In this condition, the dislocation density 

was comparable to the value of dislocation density of a similar cast alloy [57]. It is also confirmed that 

the dislocation density increased to 2.95 × 1014 m-2 after ECAP treatment. 

It is also noticeable that the Si peaks of the built and heat-treated samples are less intense than 

those of the ECAP150 sample, which could be related to the precipitation of excess Si from the 

supersaturated aluminium matrix. The Si peaks in the diffraction pattern of the ECAP150 sample are 

also broader (even compared to those of the Al phase), indicating the strong refinement of the Si 

crystallites, which is consistent with the TEM results presented above [58]. 



 
Fig. 12. XRD diffraction pattern of the AlSi10Mg alloy in different conditions 

Table 4. Evolution of microstructural parameters from XRD analysis 

 LPBF (SLM) HT ECAP150 

Lattice parameter, Å 4.0495 4.0470 4.0494 

Dislocation density (ρXRD), 

(m−2) 

1.55×1014 6.07×1013 2.95×1014 

 

3.3. Hardness evolution 

Figure 13 presents the results of the Vickers microhardness measurements on the cross sections 

of the samples in a form of colour contour maps, in which the HV values are indicated in the colour 

key to the right of the hardness maps. As can be seen, Fig. 13(a) ,the as-build sample has a relatively 

homogeneous hardness distribution with an average value of 142HV. From Fig. 13(b) it is clear that 

the heat treatment results in a decrease of the HV value to 138HV, which can be attributed to the 

coarsening of the cellular Si network and residual stress removal. The microhardness increases 

inhomogeneously after the ECAP process with noticeably higher values around the top and bottom 

regions compared to a central region of the billet, Fig. 13(c). The average measured HV value of the 

ECAP150 sample is 153HV. 

 
Fig. 13. Vickers microhardness color-coded distribution maps over the cross sections of a) as-built, b) 

heat-treated, c) ECAP150 sample (dark blue “cool spots”  correspond to the hardness value of ~132 

HV while red “hot spots” to the hardness value of ~165 HV) 

 



4. Discussion on deformation mechanisms 

4.1. Dislocation slip 

In materials with face-centred cubic crystal structure (FCC), plastic deformation is caused by 

dislocation slip, in particular by the octahedral {1 1 1} < 1 1 0 > slip systems [59]. The detailed 

microstructural analyses presented in this article confirmed massive dislocation activity and its 

additional accumulation. However, it should be noted here that the increase in hardness reported in 

an earlier subsection (as well as the increase in yield strength reported in an earlier article [32]) can 

only be partially attributed to these dislocation activities, as other strengthening mechanisms 

responsible for the increase in hardness. Figure 14(a) shows a STEM image taken at low 

magnification in which multiple subgrain with a sizes of about 300 nm can be seen. The appearance 

of dislocation loops in Fig. 14(b) shows that the dislocation slip is not continuous, which can be 

explained by the Frank-Read dislocation multiplication mechanism [60]. Careful analysis of this image 

suggests that multiple mobile dislocations accumulated within the α-Al subgrains during the ECAP 

process and that these dislocations interacted locally with fine precipitates (see yellow arrows) 

and/or solute atoms. It can also be assumed that the ECAP processing led to an expansion of the 

solubility of silicon in the aluminium matrix [28], and therefore these solute atoms could also trigger 

a strong drag effect in the dislocation field and block mobile dislocations during deformation. At this 

point, it should be mentioned that solute atoms in the α-Al matrix also play a role in solid solution 

strengthening and may contribute to the anomalous strain hardening [61]. It also appears that in 

addition to the Si precipitates, the eutectic Si network acted as favourable sites for the entanglement 

of mobile dislocations and the formation of accumulated dislocation networks, and together with the 

pre-existing dislocation network structures, contributed to an increase in SSD density of 2.95 × 1014 

m-1 [62] [63]. 

 
Fig. 14. TEM images showing the microstructure of ECAP150 sample, a) STEM micrograph, b) TEM 

micrograph of the Al/Si boundary area, c) HRTEM image showing amorphous nanodomains located 

at the Si phases boundaries (The FFT pattern in (c) indicates that these nanograins have random 

crystallographic orientations and consist of Si-III phase). 



The observed strong grain refinement can be attributed to the simple shear deformation in the 

ECAP process, which leads to a particularly high slip concentration in a {111} plane. In the 

investigated SLM-AlSi10Mg alloy, the Al/Si interfaces as well as the pre-existing dislocation networks 

blocked the dislocation slip, leading to a very rapid accumulation of SSDs and GNDs especially around 

these interfaces [64], which accelerated the refinement of cell blocks (after the ECAP process, new 

subgrains are formed at pre-existing grain boundaries; therefore, it can be assumed that one Si cell 

corresponds to one subgrain), which led to the formation of dynamically recovered subgrains [65] 

with low misorientation angles. This indicates that this post-mortem TEM study shows an early stage 

of the grain refinement process - it is not yet a fully developed nanocrystalline structure [66]; 

however, some DRX grains have formed in the microstructure, Fig. 15. It is worth noting that this 

observation is consistent with the data in this reference [28]. In this article, it is shown that these 

LAGBs transform into HAGBs with increasing strain accumulation, leading to the formation of refined 

polygonalized grains by dynamic recrystallization (DRX). 

 

Fig. 15. GOS map of ECAP150 sample. GOS represents the average deviation between the orientation 

of each point in a given grain and the average orientation of that grain. The grain with threshold 

degree of GOS≤2° can be defined as recrystallized grain. 

4.2. Mechanical twinning 

In Al-Si alloys, the twinning of the Si phase can be caused by several mechanisms. The first 

mechanism, which is frequently described in the literature, is the phenomenon of impurity-induced 

twinning (IIT) [67] [68]. In this case, the twins are formed in the Si precipitate by absorption of the 

atoms of the modifier at the growth stages of the solid-liquid interface [69]. The second mechanism 

is the formation of nantowins during the precipitation treatment. According to the work of Liu et al. 

[70], multiple nantowins can form on the eutectic Si as a result of the rapid precipitation of Si atoms 

during annealing. However, such twins can be easily distinguished because the formation of the 

annealing twin is always accompanied by recrystallization and at least one side of the annealing twin 

is connected to the grain boundary [71]. The third mechanism of twinning is related to large 

undercooling at the Al/Si interface and segregation of dissolved Mg due to rapid solidification. 

However, the resulting crystal defects in the eutectic Si all disappear due to diffusion, accumulation 

and rearrangement of Si atoms during heat treatment [72]. The last commonly described mechanism 

is the formation of mechanical twins after tensile deformation or extreme shear deformation. It is 

believed that deformation twins can contribute significantly to the plastic deformation of Al-Si alloys 



and therefore play an essential role in maintaining a uniform strain hardening condition and 

increasing strength and ductility [73]. 

 
Fig. 16. Results of TEM observation of twinned Si-I precipitate, a) low magnification TEM image 

showing stacking faults, twins, and secondary twins formed in the precipitate (note that this is the 

same Si-I precipitate as in Fig. 11(a)), b) HR-STEM image of the boundary region marked by a red 

square in (a) showing twin bands, stacking faults, and partial dislocation, c) HAADF-STEM image of (b) 

Based on the TEM study, Fig. 16, the IIT mechanism can be excluded, as there is no evident 

element segregation within the twin bands (it is expected that in case of segregation of heavy 

elements at the twin boundaries, it would appear with a much brighter contrast in the HAADF-STEM 

image, since the intensity of the atomic columns in a HAADF image is approximately proportional to 

the square of the atomic number). 

An indication that the observed twins were formed by plastic deformation is the fact that 

annealing twins occur without grain shape. This means that conventional deformation twinning 

usually generates macroscopic strains and change the grain shape. As shown in Fig. 16(a) the grain 

boundary segments are not smooth at locations where they intersect the twin boundaries (see 

yellow dashed lines highlighting the characteristic steps caused by shear deformation). 

The post-mortem HRTEM observations and the analysis of the literature allow to justify the 

mechanical twinning of Si precipitates using strain gradient theory [74]. Due to the pre-existing 

microstructural heterogeneity of the LPBF-AlSi10Mg alloy (soft aluminium matrix/hard Si cell 

boundaries), geometrically necessary dislocations (GNDs) were generated near the heterointerfaces 

(Al/Si interfaces) during severe plastic deformation to support compatible deformation [75]. The 

deformation incompatibility between the two phases resulted in load transfer from the plastically 

deformed α-Al matrix to the hard Si phase. As long as the load transfer occurred, the stresses 

between the phases also increased. When the local stress concentration exceeded the critical shear 

strength of Si (approx. 10 GPa), twin deformation occurred within the Si particles, resulting in 

continuous deformation from the relatively ductile α-Al matrix to the brittle eutectic Si phase [76]. 

In Figure 7(d) it was found that cell boundaries act as heterogeneous sites for the increase in 

GNDs. In his image, "hot spot" areas represent sites of increased shear localization and stress 

accumulation, supporting the hypothesis of stress-induced mechanical twinning. Moreover, it 

appears that these twins were formed by simultaneous and cooperative activation of different 

Shockley dislocations on symmetric {111} slip planes [77] [78], which is a preferred deformation 

mode in nanocrystalline materials. The intersection angle between the two atomic layers thick 

stacking fault and a twin band strictly follows the theoretical angle of 70.5º due to the formation of 

partial dislocations [79], which supports this hypothesis, Fig. 16(a). 

 



The STEM image (Fig. 16(b)) confirms that the partial dislocations originated at the crystal 

boundary and formed a stacking fault behind. It can therefore be assumed that the emission process 

is accompanied by the generation of partial Shockley dislocations. One partial dislocation is immobile 

(located at the interface) while the other partial dislocation moves within the crystal. The mobile 

partial dislocation slides along a crystallographic plane and a stacking fault is formed [80] [81] [82]. 

Further growth of the twin lamella obviously requires increased stress concentration; However, 

when such conditions are met, a stacking fault consisting of few partial dislocations (few atomic 

layers) is generated, and this stacking fault turns into a twin band with a thickness of at least three 

atomic layers [83]. 

Interestingly, it was also observed that the partial dislocations were emitted from an amorphous 

crystalline interface, which according to this study [84] could also be sources emitting partial 

dislocations. This casts doubt on the possibility of a dislocation pileup induced phase transformation 

of the Si phase, which is detailed in the next subsection. According to Chen et al. [85], the stress 

concentration can be relieved not only by phase transformations but also by dislocation propagation, 

cross slip and twin nucleation. Therefore, it seems that we are dealing here with a mixed 

deformation mode that includes phase transformation, amorphization and mechanical twinning, the 

latter being the dominant deformation mode of Si at temperatures in the range of 150–200 °C [86]. 

4.3. Solid state amorphisation 

Amorphisation is proposed as a deformation mechanism that contributes to the release of applied 

strain energy [87]. In general, under extreme shear conditions (e.g., severe plastic deformation), solid 

state amorphization can occur [88]. Nevertheless, there is limited information in the literature about 

the presence of amorphous phases in the LPBF-Al-Si alloy system [89]. For example, very rapid local 

cooling rates during the atomization process can lead to the amorphization of microstructure 

components (e.g., the eutectic silicon phase), which becomes "frozen" in an amorphous or 

disordered crystalline phase [90]. Similar to the surface laser processing of Al-Si alloys [91], the 

formation of the amorphous Si phase in the LPBF-AlSi10Mg alloy was also recently attributed to the 

short existing time of the melt pool (rapid cooling enables transformation of crystalline silicon phase 

to the amorphous state) [92]. However, there is no information in the literature about deformation 

induced solid state amorphization (SSA) in LPBF-Al-Si alloys. 

Fortunately, the transition from crystalline to amorphous state by application of pressure (and/or 

shear) has been extensively studied in the last decades; therefore, there are several molecular 

dynamics simulations (MD) and experimental studies confirming the deformation-induced transition 

from crystalline to amorphous state of silicon phase [53] [93] [94] [95] [96] [97]. Most of the 

aforementioned studies suggest that solid-state amorphization (SSA) is caused by twin/stacking 

faults, which play the role of nucleation sites. The collapse of crystalline structure may also be related 

to the accumulation of dislocations, a substantial increase in the density of linear and point defects at 

the boundaries [98] as high lattice disorder has been observed in areas with high dislocation density 

[99]. Deformation-induced dislocations with high-energy configurations tend to relax by upsetting 

more lattice sites near the amorphous regions. Alternatively, the amorphous phase may arise from 

the dislocation core regions by absorbing more dislocations to reduce the energy of the system. 

Amorphisation in the solid state can also occur when the phase free energy is above the critical 

level [100]. According to the study by Shen et al [101], such transformation is possible when a 

suitably small "critical" grain size (estimated to be in the range of ~3 nm to ~8 nm) is reached so that 

the free energy of amorphous Si is attained. Such grain sizes can obviously be achieved by SPD 



processing. It has also been found that extremely rapid unloading can lead to direct amorphization of 

Si phase, while the slow unloading rate leads to the formation of other crystalline phases such as Si- 

XII, Si- III, Si- IV, Si- III [102] [103]. It has also been reported that the combined effect of rapid 

solidification, SPD processing by high pressure torsion (HPT) and subsequent annealing can lead to 

the formation of homogeneous nanostructured states with different grain sizes (10-200 nm) [104] or 

"amorphous nanoclusters". Therefore, to clarify whether the readily observed amorphisation of the 

Si phase is due to SSA, several Si precipitates from different ECAP150 sample regions were analysed 

by HRTEM in this article (see Figs. 9 and 11). At this point, it should be emphasised that the tendency 

to solid state amporphisation under severe plastic deformation is not the same as the tendency of 

alloys to amorphise under rapid crystallisation conditions (these are controlled by different physical 

parameters) [105]; therefore, each of the above mechanisms is analysed with special attention in this 

subsection. 

The first mechanism considered here, which allows the formation of the amorphous Si phase, is 

the liquid-amorphous transition. Obviously, the cooling rate in selective laser melting is high enough 

to cause the direct formation of an amorphous Si phase. However, according to the in-situ tensile 

tests presented in this article [90], the disordered Si phase in the LPBF-AlSi10Mg alloy tends to 

crystallise during heat treatment at temperatures above 160 °C. On the other hand, it was found in 

this work [106] that complete nanocrystallisation of the Si network can be achieved only by reheating 

at 350 °C. Based on the literature data [90] [106], and considering the post-processing history of the 

AlSi10Mg alloy sample (heat treatment at 280 °C followed by 1 ECAP pass at 150 °C), it can be 

speculated that the high cooling rates during gas atomization or selective laser melting may have 

created favourable conditions for the formation of amorphous grain bodies around the Si 

precipitates. 

The second mechanism which allows the formation of the amorphous Si phase, is related to 

twin/stacking faults or the collapse of the crystalline structure due to the accumulation of 

dislocations. In contrast to previous findings [94], the TEM investigation results presented in this 

article did not provide experimental evidence for amorphisation of the Si phase induced by twin 

interactions. However, since the dislocation motion was strongly hindered due to numerous 

interfaces such as grain boundaries or cell boundaries, the high dislocation accumulation near these 

interfaces could lead to the formation of amorphous regions in the ECAP150 sample. According to 

the work of Li et al. [107], islands of amorphous material form when the defect density in the Si 

precipitates reaches a critical level, creating favourable conditions for solid state amorphisation. 

Although it is difficult at this stage to determine whether the amorphous regions observed by 

HRTEM are due to SSA or the result of melting and quenching, the presence of shear stress during 

the ECAP process can undoubtedly lead to pressure-induced amorphisation and polymorphism; 

therefore, the third mechanism considered here is the localized solid-state amorphisation under the 

extreme deformation conditions. 

Interestingly, the HRTEM analysis described in an earlier section shows the presence of two 

distinct Si phases, fcc Si-I (a common observation in LPBF Al-Si alloys) and bcc Si-III (not previously 

reported in LPBF Al-Si alloys). This raises the following question: What are the mechanisms 

responsible for the formation of the bcc-Si- III phase? In this study [108], it is well documented that 

high stresses (9 - 16 GPa) can lead to the transformation of Si-I into the Si-II phase, which then 

undergoes further transformation into Si- III upon unloading. This raises another question, "Is it 

possible to induce sufficiently high phase stresses to trigger the Si phase transformation?" Obviously, 

the Al and Si phases in the studied AlSi10Mg alloy have different yield strengths and strain hardening 



rates; therefore, the stress of the Si phase also changes during plastic deformation due to a load 

transfer effect. According to these articles [49] [109], the local stress of Si phase increases drastically 

with increasing strain, up to 8 GPa, which may alternatively lead to its fragmentation. On the other 

hand, molecular dynamics (MD) shows that the emission of partial dislocations and/or stacking faults 

requires higher stresses, since silicone behaves elastically up to ∼10 GPa [97]. This suggests that the 

activation of additional deformation modes (mechanical twinning or stacking fault formation) 

requires higher phase stresses (above 10 GPa). Therefore, it can be surmised that the local phase 

stresses were indeed high enough (in the range of 9 - 16 GPa) to cause the transformation of fcc Si-I 

into βSn Si-II, which then transformed into bcc Si-III after ECAP processing (upon unloading). 

The mechanism of the above mentioned Si phase transformation in the LPBF AlSi10Mg alloy can 

be described as follows. During the ECAP process, high stresses build up near the Si phase due to the 

incompatible deformation, inducing the phase transformation from fcc Si-I to βSn Si-II (which is 

associated with a volume decrease of 22% compared to the Si-I phase). Since the Si-II phase is 

unstable, it transforms into the Si-III phase [110] immediately when the stress is relieved (after 

plastic deformation), which is associated with an increase in volume (the Si-III phase has a larger 

structural volume than Si- II). This transformation causes a kind of "explosion" leading to refinement 

of the Si phase [101]. Indeed, the XRD data presented above indicate a strong refinement of the Si 

phase. Moreover, a post-mortem HRTEM analysis of the eutectic region (Fig. 14(c)) documented the 

apparent fragmentation of the bcc Si-III phase. This HRTEM image also shows several amorphous 

nanodomains located exactly at the boundaries of the Si crystallites, supporting the hypothesis of 

deformation-induced solid-state amorphisation at the grain boundaries. It seems that either the high 

defect concentration or the dislocation activities play an important role in triggering the localized SSA 

at defect sites [111]. These results also support the hypothesis that the nanocrystalline structure 

could promote the amorphisation of the silicon phase in the LPBF AlSi10Mg alloy. 

4.4. Incompatible deformation – plastic strain gradient 

Incompatible deformation between different microstructural constituents (phases/grains) is 

another important mesoscale deformation mechanism. In general, LPBF-AlSi10Mg alloy exhibits 

anisotropic mechanical properties, which according to these studies [112] [112] [113] is caused by 

the heterogeneous nature of the microstructure, as the edge of the molten pool has lower strength 

than the interior, as shown by nanoindentation tests [114] [115]. Such a heterogeneous and 

anisotropic microstructure leads to higher strain hardening ability of the alloy [116] and induces long-

range hetero-deformation-induced (HDI) stresses. 

The second source of incompatible deformation is the Al/Si interface (cell boundary). Due to the 

difference in mechanical strength between the soft α-Al matrix and the hard Si cell walls, which is 

about 9.45 GPa according to the publication by Chen et al. [117], large strain gradients occur near the 

domain boundaries during deformation. The inhomogeneous deformation behavior of the Al/Si 

interface can be divided into three phases. In the first phase, plastic deformation occurs due to 

dislocation accumulation in the soft Al phase, leading to the formation of statistically stored 

dislocations (SSDs) within the cells (the soft domains deform first, while the hard domains remain 

elastic) [118] [119]. To maintain deformation continuity, GNDs are then generated at the domain 

interfaces in the soft domain. While these GNDs increase the strength of the soft domain, their 

accumulation at the Al/Si interface leads to forward stresses in the hard domain  [120]and causes 

early plastic deformation of the hard domain, here deformation twins (see above). However, the 

strain gradient still exists between the domains because the deformation rate is different (the soft 



domains deform faster than the hard domains). Therefore, the GNDs evolve continuously until the 

strength level of the two domains becomes similar. These GNDs significantly impede the dislocation 

motion and develop long-range back-stresses and contribute to HDI hardening and strain hardening 

[108]. 

The EBSD analysis in Fig. 7(d) shows significant GND accumulation near the Si cell boundary. These 

GNDs are apparently generated to maintain strain continuity and avoid the formation of stress 

singularities in the interfacial zone [121]. From the comparison of Fig. 7(c) and (d), it can be 

concluded that the LAGBs have higher GND density than other regions, which confirms that the GNDs 

are the sub-grain boundaries that will transform into HAGBs with increasing strain accumulation 

[122]. It is worth noting that the results described in this section are consistent with previous studies 

[123][124], that showed much higher stress in the Si rich phase and a very high density of 

geometrically necessary dislocations (GNDs) near the Al/Si interface. 

5. Conclusions 

In this article, microstructural refinement and deformation mechanisms were studied in detail 

using optical, scanning electron and transmission electron microscopy. The main results of this 

research can be summarised as follows: 

 It was found that post-processing of LPBF AlSi10Mg using ECAP enables the formation of a 

novel submicrometer-grained heterogeneous microstructure. 

 A remarkable refinement of the microstructure down to the ultrafine grain range was 

achieved. According to TEM analysis, the microstructure consisted of subgrains with a size of 

~300 nm formed from the pre-existing cellular structures  

 TEM, the results provided direct experimental evidence that deformation twinning occurs in 

the Si phase, suggesting that the transfer of dynamic stress and strain from the soft phase to 

a hard phase forces the cooperative deformation of the soft phase together with the hard 

phase. 

 ECAP leads to deformation-induced amorphisation of the Si phase and phase transformation 

in the solid state  

 The results presented in this article show that the SLM-AlSi10Mg aluminium alloy with 

submicrometer-grained heterogeneous microstructure exhibits significantly improved 

hardness and high ductility compared to its SLM counterpart, and that its mechanical 

properties can be tuned using severe plastic deformation. 

 The hardness improvement of the heterogeneous material is related to the high dislocation 

density, the reduction in grain size, an increase of Si content in the solid solution, the 

presence of deformation twins, and the hetero-deformation induced strengthening. 

 ECAP processing provides a strategy for developing polymorphic LPBF silicon materials by 

strain engineering. 
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