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Introduction

Due to lower cost and weight, aluminium is often preferred to copper for electrical and thermal conductors [START_REF] Reijnders | Copper substitutability might be about 60% or more of current copper use[END_REF]. Additive manufacturing (AM) and in particular laser powder bed fusion (LPBF) allows highly complex geometries to be produced leveraging the excellent conductivity of aluminium [START_REF] Vayre | Designing for additive manufacturing[END_REF][START_REF] Ituarte | Design and additive manufacture of functionally graded structures based on digital materials[END_REF][START_REF] Leicht | Effect of build geometry on the microstructural development of 316L parts produced by additive manufacturing[END_REF][START_REF]Storyboard: GE9X Additive Parts[END_REF].

Among the most interesting Al alloys with a good strength and conductivity balance, the 6xxx series with Mg and Si additions (after a T6 treatment) unfortunately suffers from poor LPBF processability with a high susceptibility to hot cracking [START_REF] Martin | 3D printing of high-strength aluminium alloys[END_REF][START_REF] Mehta | Additive manufacturing and mechanical properties of the dense and crack free Zr-modified aluminum alloy 6061 fabricated by the laser-powder bed fusion[END_REF][START_REF] Opprecht | An understanding of duplex microstructures encountered during high strength aluminium alloy laser beam melting processing[END_REF]. Various approaches were proposed to modify these systems and optimize process parameters to circumvent the issue, such as: addition of inoculating agents (TiB 2 , TiC) [START_REF] Martin | 3D printing of high-strength aluminium alloys[END_REF][START_REF] Mair | Microstructure and mechanical properties of a TiB2-modified Al-Cu alloy processed by laser powder-bed fusion[END_REF][START_REF] Gao | A high strength AlSi10Mg alloy fabricated by laser powder bed fusion with addition of Al-Ti-C-B master alloy powders[END_REF][START_REF] Opprecht | A solution to the hot cracking problem for aluminium alloys manufactured by laser beam melting[END_REF] or primary phases (the chemically ordered L1 2 -Al 3 X phases with X=Zr, Sc, Ti and a fcc-L1 2 structure) [START_REF] Opprecht | A solution to the hot cracking problem for aluminium alloys manufactured by laser beam melting[END_REF][START_REF] Zhou | Microstructure and mechanical properties of Zr-modified aluminum alloy 5083 manufactured by laser powder bed fusion[END_REF][START_REF] Li | Developing a high-strength Al-Mg-Si-Sc-Zr alloy for selective laser melting: Crack-inhibiting and multiple strengthening mechanisms[END_REF][START_REF] Croteau | Microstructure and mechanical properties of Al-Mg-Zr alloys processed by selective laser melting[END_REF][START_REF] Genc | Optimization of the strength vs. conductivity trade-off in an aluminium alloy designed for laser powder bed fusion[END_REF][START_REF] Leijon | A novel rapid alloy development method towards powder bed additive manufacturing, demonstrated for binary Al-Ti, -Zr and -Nb alloys[END_REF] to promote the heterogeneous nucleation and the formation of finer grains which accommodate thermal strains better; favouring elements that do not extend the solidification range; high temperature powder bed preheating [START_REF] Uddin | Processing and characterization of crack-free aluminum 6061 using high-temperature heating in laser powder bed fusion additive manufacturing[END_REF]. With mixed success, challenges remain associated with solute evaporation, in particular that of Mg during laser processing, and time-consuming post-processing heat treatments including solutionizing and quenching. Recent work on the development of Al alloys for high mechanical and thermal performances highlight the need for disruptive alloy design strategies for LPBF, allowing to address productivity and sustainability growing demands [START_REF] Pauzon | A novel laser powder bed fusion Al-Fe-Zr alloy for superior strength-conductivity trade-off[END_REF].

Material conductivity is sensitive to alloy composition and microstructure [START_REF] Aksöz | Dependency of the thermal and electrical conductivity on the temperature and composition of Cu in the Al based Al-Cu alloys[END_REF][START_REF] Lee | Effect of inhomogeneous composition on the thermal conductivity of an Al alloy during the precipitationhardening process[END_REF]. It is determined by the scattering of electrons by disturbances on the crystal lattice structure which can be crystal defects, thermal vibrations, and solute atoms [START_REF] Klemens | Thermal conductivity of metals and alloys[END_REF]. A good conductivity in aluminium can be obtained by adding elements with very low solid solubility in the cubic matrix. In turn, alloying elements can be selected to fulfil this requirement and contribute to precipitation strengthening. Low diffusivity in the matrix is also an asset to control both in situ precipitation and the ageing response. With this in mind, Fe appears to be an interesting candidate alongside the already popular addition of Zr.

From the ingot metallurgy point of view, Fe in Al alloys is considered detrimental pollution and is a closely monitored impurity. One exception is its addition in the 8xxx series alloys to control the grain size, increase strength and creep resistance [START_REF] Pan | Effect of Fe-rich particles and solutes on the creep behaviour of 8xxx alloys[END_REF]. Still, suffering from its poor reputation, Fe has often been disregarded when designing Al alloys for other processes such as AM, despite the recent work of Qi et al. [START_REF] Qi | Change in microstructural characteristics of laser powder bed fused Al-Fe binary alloy at elevated temperature[END_REF] on binary Al-Fe and that of Pérez-Prado et al. [START_REF] Pérez-Prado | An Al-5Fe-6Cr alloy with outstanding high temperature mechanical behavior by laser powder bed fusion[END_REF] on the ternary Al-5Fe-6Cr. With a very low solubility in the Al matrix, the harmful influence of Fe in ingots is attributed to the formation, readily upon solidification, of coarse Fe-rich intermetallics [START_REF] Feng | In-situ X-ray radiography of twinned crystal growth of primary Al13Fe4[END_REF][START_REF] Song | Growth dynamics of faceted Al13Fe4 intermetallic revealed by high-speed synchrotron X-ray quantification[END_REF]. These exhibit faceted and needleshape morphologies causing loss of strength and ductility. To cope with Fe impurities in Al ingots and push the limits of recyclability, proposed strategies consist in: adding Mn and/or Si to favour the formation of intermetallics with a less detrimental -so-called Chinese scriptmorphology [START_REF] Liu | Effect of Mn, Si, and cooling rate on the formation of ironrich intermetallics in 206 Al-Cu cast alloys[END_REF], improving the melt quality to decrease propensity to form oxide films in the melt that can promote intermetallic nucleation [START_REF] Cao | Morphology of β-Al5FeSi phase in Al-Si cast alloys[END_REF] (e.g., with ultrasonic casting), and increasing the cooling rate upon solidification. Enhanced cooling rates have also shown to be promising to refine Fe intermetallics in Al-Mg and Al-Cu castings and thereby inhibit their detrimental influence [START_REF] Liu | Effect of Mn, Si, and cooling rate on the formation of ironrich intermetallics in 206 Al-Cu cast alloys[END_REF]. Fortunately, during LPBF, Glerum et al. [START_REF] Glerum | Operando X-ray diffraction study of thermal and phase evolution during laser powder bed fusion of Al-Sc-Zr elemental powder blends[END_REF] showed with operando X-ray diffraction during processing of an Al-Sc-Zr ternary alloy that the cooling rates are in the order of 7-8•10 5 K/s, which is very promising for the refinement of possible intermetallics formed upon solidification, and the restoration of Fe as a desirable alloying element.

The present work provides new understanding on the microstructure development and mechanical and thermal performances of an Al-1Fe-1Zr alloy, whose design solely targets the LPBF processing route. The multi-scale microstructural and mechanical characterization with SEM, ACOM (automated crystal orientation mapping) in the TEM coupled with EDS mapping, nanoindentation, macro-tensile testing and in situ tensile testing in the SEM, sheds light on the realization of this new alloy design and the beneficial role of Fe and Zr as alloying elements in the context of Al alloys processed by LPBF.

Materials and methods

Powder feedstock and LPBF fabrication

The Al-1Fe-1Zr powder was produced by gas atomization, with a particle size in the range of 25.2 µm (D 10 ) to 65.6 µm (D 90 ) and a mean particle size of 42 µm (D 50 ), an apparent density of 1.27 g/cm 3 according to ISO 3923/1 and a Carney flowability of 15 (s/50g) according to ASTM B964 [START_REF]Standard Test Method for Flow Rate of Metal Powders Using the Carney Funnel[END_REF]. This feedstock was supplied by Constellium under the trademark Aheadd® CP1. This powder was loaded in an EOS M290 (EOS GmbH) equipped with a Yb-fiber laser and a 100 µm spot size, offering a building area of 250×250 mm 2 . The baseplate made of 5XXX type Al alloy was preheated to 100°C for production. The laser melting was conducted with a 370 W laser power, a 1400 mm/s scanning speed, a 130 µm hatch distance and a 60 µm layer thickness. A striped pattern was applied and rotated by 67° between successive layers. The construction included 6 cubes of dimensions 30×30×30 mm 3 , 4 blocks of 60×60×10 mm 3 and 40 cylinders of 10 mm diameter and 60 mm length, all built vertically. The density of the produced material was measured by X-ray computed tomography using a EasyTom Nano-XL system from RX Solution. A sample with a 1 mm diameter was machined to achieve a resolution of 1.1 µm and the relative density was estimated to be of 99.92%. The minimum equivalent radius of detected defects is of 2.9 µm. A 3D rendering of the porosity realized with the Avizo software is available in Fig. S1. Table 1 gives the composition of the virgin gas atomized powder and that of the LPBF printed material. Overall, the laser melting process is associated with very minor changes in content of alloying and impurity elements. A direct ageing treatment at 400°C with different holding times was investigated. In addition, the impact of a stress-relief consisting of 2h at 300°C was examined. Additional samples for mechanical testing were heat treated at 400°C for 4h corresponding to the peak-aged condition, determined by Vickers hardness measurements.

Microstructural characterization

X-ray diffraction (XRD) was performed to detect the presence of phases in the as-built and aged specimens, using a PANalytical X'Pert Pro MPD diffractometer with a Cu source (1.5041 Å), scanning between 12° and 52°, with a 0.026° step size, a scan step time of 900s, and 1D detector. The ICDD PDF4+ database was used for phase identification (Fig. S2).

The microstructures were examined with a scanning electron microscope (Zeiss Gemini SEM 500 FEG) equipped with an electron backscattered diffraction (EBSD) detector. The samples of interest were polished until a 1 µm diamond suspension and a final vibratory polishing step with a VibroMet TM 2 from Buehler for 4h using a 0.06 µm colloidal silica suspension. EBSD maps were collected with a 300 nm step size at 20 kV. The toolbox MTex in MATLAB [START_REF] Bachmann | Texture analysis with MTEX-Free and open source software toolbox[END_REF] was used for plotting and computing grain sphericity, which is herein defined as the ratio of the grain area to the product of the perimeter and equivalent radius (and therefore equal to 0.5 for a perfectly circular cross-section). The software ImageJ was also employed to perform image analysis such as intermetallic fraction measurement [START_REF]ImageJ: Image Processing and Analysis in Java[END_REF]. Additional transmission electron microscopy (TEM) was performed on a TEM FEG JEOL 2100 equipped with energy-dispersive X-ray spectroscopy (EDS) operating at 200 kV for automated crystallographic orientation mapping (ACOM), and on a TEM LaB6 JEOL 2100 for conventional imaging. The TEM lamellae were mechanically ground and polished until a thickness not more than 100 µm, from which 3 mm disks were extracted and electropolished using a solution of 35% nitric acid and 65% methanol at -30°C and 15V. The ACOM was conducted using ASTAR TM software to retrieve phase and crystallographic orientation information at the melt pool scale and below. This technique is presented in detail in [START_REF] Rauch | Automated crystal orientation and phase mapping in TEM[END_REF] and has been applied successfully to LPBF microstructures, see e.g. [START_REF] Buttard | Multi-scale microstuctural investigation of a new Al-Mn-Ni-Cu-Zr aluminium alloy processed by laser powder bed fusion[END_REF][START_REF] Buttard | Towards an alloy design strategy by tuning liquid local ordering: what solidification of an Al-alloy designed for laser powder bed fusion teaches us[END_REF][START_REF] Després | On the variety and formation sequence of secondphase particles in nickel-based superalloys fabricated by laser powder bed fusion[END_REF][START_REF] Després | Revealing the true partitioning character of zirconium in additively manufactured polycrystalline superalloys[END_REF]. The quasi-parallel electron beam with a spot size of about 1 nm on the TEM lamella was scanned over a region of interest. The nanodiffraction patterns were collected in each location as the beam moved across the area with a 2 nm step size. A 1.2° precession of the electron beam was applied, allowing to smooth out the dynamical signals in the record patterns, and thus enhancing the kinematical one, thereby improving the quality of phase indexing [START_REF] Rauch | Automated crystal orientation and phase mapping in TEM[END_REF]. The phase reliability index R can be overlaid on the patterns and permits to compare the correlation of the two best candidate solutions. Typically, when R is greater than 15, the identified solution can be considered by far the best solutions among all the candidates [START_REF] Rauch | Automated crystal orientation and phase mapping in TEM[END_REF].

The candidate phases for the template matching operation performed on the local nanodiffraction patterns by the ASTAR software were defined based on Thermo-Calc calculations and XRD measurements.

Characterization of properties

At the macroscopic scale, hardness and tensile tests were performed. The Vickers hardness measurements were conducted with a Wilson Tukon 1212 Vickers Tester with a load of 1 kg (HV1). The average and standard deviation of 10 to 15 measures are reported. Macroscopic tensile testing was performed at room temperature on a DY 35 testing machine from ADAMEL with a constant strain rate equal to 10 -3 s -1 and a 20 kN load cell. Cylindrical dog bone specimens with a diameter of 4 mm and 25 mm gauge length, were extracted along the building direction of the as-built cylinders, to be tested as such and in the peak-aged condition (4h at 400°C). A minimum of 3 specimens per condition was tested. At the melt pool scale, to study the effect of the hierarchical microstructure obtained from the process, nanoindentation and in situ tensile tests in the SEM were performed. The nanoindentation maps were collected at room temperature using a Berkovich indenter tip on the as-built and peak aged samples. A UNHT3 Anton Paar system was employed under a constant strain rate loading of 0.05 s -1 until a maximum depth of 75 nm. The local indentation hardness (H IT ) was obtained with the Oliver and Pharr method [START_REF] Oliver | An improved technique for determining hardness and elastic modulus using load and displacement sensing indentation experiments[END_REF], in 600 and 1000 points on the as-built sample and heat treated one at 400°C for 4h, respectively. The analysis of the probed areas was completed by SEM and EBSD analysis.

The in situ tensile testing in the SEM at room temperature were performed on the as-built and peak-aged conditions. Specimens were extracted from the as-built 30×30×30 mm 3 cubes by electro-discharge machining. A Gatan Microtest micro-tensile stage mounted within the SEM was used with a 2 kN load cell, as presented in more details by Dessolier et al. [START_REF] Dessolier | Conducting Controlled In Situ High Temperature Tensile Tests within a SEM[END_REF]. As this micromechanical device only works in displacement control, a LabView interface developed in-house adjusting the displacement throughout the test was used. It permits to achieve a quasi-constant strain rate of 10 -3 s -1 . Prior to tensile testing, an area within the gauge length of each sample was selected and characterized with SEM. For the starting condition and the subsequent loaded stages, high-definition BSE images of 8192 × 6144 pixels were taken at a ×1000 magnification, thereby achieving a resolution of 13.96 nm/pixel. To achieve a high signal to noise ratio, low scanning speeds were chosen, leading an acquisition time of about 20 minutes per frames. The brightness and contrast settings were optimized to achieve the broadest distribution of the grayscale histogram. The post-processing of the acquired stages and the determination of the in-plane deformation was performed with the CMV software as conducted in [START_REF] De Formanoir | Micromechanical behavior and thermal stability of a dualphase α+α' titanium alloy produced by additive manufacturing[END_REF][START_REF] Lechartier | Influence of the Martensitic Transformation on the Microscale Plastic Strain Heterogeneities in a Duplex Stainless Steel[END_REF][START_REF] Mas | Heterogeneities in local plastic flow behavior in a dissimilar weld between lowalloy steel and stainless steel[END_REF]. A 300×300 pixels correlation subset was used (i.e., 3.9 × 3.9 µm 2 ). The plotting of the computed local deformation was performed with in-house Python routines. In addition, for the nanoindentation and in situ tensile tests, distributions of hardness and deformation were plotted using Python scripts and Kernel Density Estimation (KDE) [START_REF] Węglarczyk | Kernel density estimation and its application[END_REF], with a bandwidth of 0.4. The electrical conductivities were measured by the Eddy current method with a NORTEC 600C apparatus from Olympus, using a 20 mm diameter probe operating at 60 kHz. Two calibration samples were employed for the initial adjustments with 17.37 MS/m and 34.56 MS/m. When needed, the electrical conductivity was converted into thermal conductivity using the Smith-Palmer relationship [START_REF] Klemens | Thermal conductivity of metals and alloys[END_REF].

Thermodynamic calculations

Calculations of solidification path at equilibrium and using the Scheil-Gulliver model were performed with Thermo-Calc version 2022b using the TCAL6 Al-Alloys v6.0 database (Fig. S2). Combined with XRD and literature survey, these calculations support the establishment of the candidates list for the ACOM analysis of the studied alloy system. The assumptions of the Scheil Gulliver model, which are infinite diffusion in the liquid, no diffusion in the solid and equilibrium at the solid-liquid interface, are considered to be most representative of the LPBF process conditions. One should bear in mind it neglects solute trapping and backdiffusion in the solid. Still, it permits to predict the phases forming and the composition of the liquid and matrix upon solidification. Additional equilibrium phase diagram is calculated to estimate Fe and Zr solubilities in Al, phase fractions and their compositions at equilibrium.

Results

Hardness, electrical conductivity and macroscopic tensile behavior

The evolution of hardness and electrical conductivity with respect to ageing time at 400°C was studied, see Figure 1a-b). In addition, the influence of a post-fabrication stressrelief heat treatment of 2h at 300°C, as conducted in [START_REF] Pauzon | A novel laser powder bed fusion Al-Fe-Zr alloy for superior strength-conductivity trade-off[END_REF], was considered when applied before the 1h, 4h and 7h ageing treatments at 400°C, and also compared to the as-built state.

It is first noted that the as-built and stress-relief materials have the same hardness (HV1 = 67 kgf/mm 2 ), while the conductivity of the stress-relief one is slightly higher (18 MS/m vs. 17 MS/m). This highlights slight onset of solid solution changes within the stress-relief sample. This minor difference in conductivity is also observed after 1h at 400°C (19 MS/m for the sample subjected to direct ageing 400°C/1h vs. 20 MS/m for the sample subjected to SR+400°C/1h), but it becomes negligible after 4h at 400°C (26.5 MS/m). On the one hand, the peak ageing appears between 4h and 7h. Indeed, the hardness does not seem to vary between 4h and 7h at 400°C but then drops for longer ageing times. On the other hand, the conductivity of 26.5 MS/m after 4h/400°C, continues to increase after 7h for extended ageing time as the solid solution is more and more depleted in solute atoms (30 MS/m after 400°C/96h). Consistently, the microstructure of the sample aged 96h reveals the extensive coarsening of intergranular Fe-rich precipitates (Fig. S3).

These results highlight that the slightly higher conductivity of the SR sample compared to the as-built one, is retrieved by the directly-aged specimens after 4h at 400°C. This is promising to reduce the post-processing time of the LPBF components. For instance, one could imagine performing direct ageing at 400°C for bulky and complex-shaped components while these are still on the baseplate in order to avoid part warping. The measured electrical conductivity after 4h/400°C permits to estimate the thermal conductivity to be about 180 W/m•K using the Smith-Palmer law [START_REF] Klemens | Thermal conductivity of metals and alloys[END_REF].

Based on Vickers hardness and conductivity evolutions, the conditions as-built and directly aged at 400°C for 4h were selected for more advanced characterization. The tensile responses of representative as-built and peak-aged (400°C/4h) samples are displayed in Figure 1c-e), alongside the derived tensile properties in Table 2. Similar yield strength levels and elongations are obtained to those reported for stress-relieved (i.e. YS 0.2% is about 135 MPa and %A ~ 18%) and peak-aged specimens in [START_REF] Pauzon | A novel laser powder bed fusion Al-Fe-Zr alloy for superior strength-conductivity trade-off[END_REF] (YS 0.2% =330 MPa, %A ~ 15%), demonstrating the robustness of the processability of the designed Al-1Fe-1Zr alloy. As strength increases from the as-built to the peak-aged condition by about 100%, ductility reduces slightly. One can note distinct work hardening extents and rates between the two conditions in Figure 1e, which shall be investigated in future work. 

Figure 1: a) Evolution of hardness (HV1) and b) electrical conductivity as a function of ageing time at 400°C, with and without stress-relieving (SR) at 300°C for 2h. c-d-e) Typical engineering and true tensile curves of the the LPBF-produced Al-1Fe-1Zr alloy in the asbuilt and peak-aged conditions. e) Work hardening rate as a function of the net flow stress (substraction of the true yield strength from the true stress ). The results for two samples representative of the tested batches are displayed for clarity. Table 2: Tensile properties of the Al-Zr-Fe LPBF alloy extracted from Figure 1c)-d). YS 0.2% is the yield strength, Rm is the engineering tensile strength, UTS is the true ultimate tensile strength, A is the elongation at failure measured on the engineering tensile response, and the Au is the uniform elongation measured on the true stress-strain curves based on

Microstructure of the as-built and aged alloy

The typical bimodal grain distribution for this alloy processed by LPBF is obtained with fine equiaxed and columnar grain zones (FEZ and CZ, respectively), as seen in Figure 2a) and d), and as reported in [START_REF] Pauzon | A novel laser powder bed fusion Al-Fe-Zr alloy for superior strength-conductivity trade-off[END_REF]. At this scale, the grain structure appears stable following the ageing heat treatment at 400°C. With a sphericity index threshold of 0.35, the FEZ represents a minor fraction of all the grains of about 2% for the as-built and the aged 4h/400°C conditions (Fig. S4). Grains of the FEZ have diameters of about 1 µm, while those in the CZ are typically few micrometers in width and between tens to several hundred micrometers in length.

BSE images reveal the presence of intermetallic particles within and at the grain boundaries with bright contrast, previously identified as Al 13 Fe 4 in the stress-relieved and aged material [START_REF] Pauzon | A novel laser powder bed fusion Al-Fe-Zr alloy for superior strength-conductivity trade-off[END_REF], see Figure 2b-c) and e-f). Additional SEM EDS maps provided in supplementary Fig. S5 confirms that the grain boundary particles are enriched in Fe. In the as-built state, these particles appear with a globular morphology and represent a surface fraction of about 6% measured with ImageJ. No significant variations in size of these particles were observed across the solidified melt pool (Fig. S6). In the aged state, additional particles with faceted aspect are formed. A total fraction of Fe-rich particles of about 9% is measured using ImageJ after ageing at 400°C for 4h. Both values are likely overestimated since Thermo-Calc reports a volume fraction of 1.8% (atomic fraction of 2.2%) of Al 13 Fe 4 under equilibrium conditions.

The combination of EDS and ACOM provides with local chemical, phase, and orientation information. As depicted in Figure 3a-c), it is confirmed that the alloy is characterized by globular Al 13 Fe 4 intermetallic particles formed upon solidification of average diameter 50 nm (measured on SEM-BSE images with ImageJ) composed of many nanocrystals as shown in [START_REF] Pauzon | A novel laser powder bed fusion Al-Fe-Zr alloy for superior strength-conductivity trade-off[END_REF], and faceted Al 13 Fe 4 that have precipitated upon ageing at 400°C, up to hundreds nm in length as seen in Figure 2f). The minor presence of Al-rich oxides is also noted. One can also observe that globular Al 13 Fe 4 intermetallic particles present at the grain boundaries have experienced growth and coarsening upon ageing, which is particularly visible within the FEZ where grain boundary density and diffusion enhances this phenomenon, see Figure 2e). In contrast, the intragranular globular Al 13 Fe 4 do not appear to have changed in size upon ageing for 4h at 400°C.

Next to the ACOM orientation map are displayed nanodiffraction patterns of the Al matrix and of the two types of Fe-rich particles. The local matched templates of the best candidate phases are displayed as well as their corresponding R index. Despite the reliable solutions (R > 14), numbers of diffraction spots are not corresponding to the best candidate phase template, but instead to the surrounding Al matrix. This is because the small precipitates are embedded in a large volume of the matrix with a strong diffraction signal.

Dark field TEM image and selected area diffraction pattern (SAED) in 2-beam condition of the peak-aged Al-1Fe-1Zr specimen, reveal the homogeneous precipitation of a coherent nano-sized phase within the Al grains, see Figure 4a-c). Such fine precipitation is not observed in the as-built specimen, which only features scarce amount of coarser primary L1 2 -Al 3 Zr particles resulting in the formation of the FEZ (Fig. S7). The fine coherent precipitation observed in the 4h/400°C aged material is identified as L1 2 -Al 3 Zr nanoprecipitates, similar to that obtained through ageing of LPBF Al alloys containing Zr [START_REF] Opprecht | A solution to the hot cracking problem for aluminium alloys manufactured by laser beam melting[END_REF][START_REF] Griffiths | Coarsening-and creep resistance of precipitation-strengthened Al-Mg-Zr alloys processed by selective laser melting[END_REF], or Sc and forming Al 3 Sc [START_REF] Spierings | Influence of SLM scanspeed on microstructure, precipitation of Al3Sc particles and mechanical properties in Sc-and Zr-modified Al-Mg alloys[END_REF][START_REF] Jia | Selective laser melting of a high strength Al-Mn-Sc alloy: Alloy design and strengthening mechanisms[END_REF]. A dark field image obtained from the selection of the L1 2 -Al 3 Zr superlattice reflection is displayed in Figure 4c). It corresponds to a magnified region of the BF image in Figure 4a). The fine dispersion of nano L1 2 -Al 3 Zr stands clearly with bright contrast. A local depletion in these particles is evident at the vicinity of the Ferich globular particles depicting precipitate free zones (PFZ). This is consistent on the one hand with the peritectic nature of Zr, and on the other hand with the lower amount of vacancies in regions adjacent to the interface between the Fe-rich intermetallic and the matrix resulting in reduced Zr diffusion and thereby limited nano L1 2 -Al 3 Zr precipitation. Indeed, vacancies are preferential sites for precipitate nucleation and grain boundaries are acting as vacancy sinks [START_REF] Ryumt | The influence of a precipitate-free zone on the mechanical properties of an Al-Mg-Zn alloy[END_REF][START_REF] Unwin | The origin of the grain boundary precipitate free zone[END_REF]. 

Melt pool boundaries (MPBs)

A closer examination of the microstructure at the melt pool scale reveals the presence of distinct melt pool boundaries (MPBs), underlined with yellow dashed lines in Figure 5a). Unlike other LPBF Al alloys benefiting from the role of inoculants [START_REF] Buttard | Multi-scale microstuctural investigation of a new Al-Mn-Ni-Cu-Zr aluminium alloy processed by laser powder bed fusion[END_REF], it can be noted that these MPBs do not always coincide perfectly with the appearance of the FEZ but are shifted several microns underneath, see Figure 5c). In some areas, the cross-section shows the MPB without any associated FEZ.

In addition, the MPBs seem to be connected to both a change in grain growth direction and local intragranular misorientation along the MPBs. The first aspect, grain growth direction change, is clearly observed within the purple-oriented grain in the bottom left section of the EBSD map in Figure 5b). The second feature, intragranular misorientation, is particularly distinguishable on the EBSD map for the uppermost MPBs, see the corresponding area pointed out by the yellow arrow in Figure 5a). This local misorientation was more clearly evidenced using the orientation map collected with ACOM on a TEM lamella over a MPB, see Figure 5d-e). At this MPB, the misorientation is of about 3.5°, see Figure 5f). The STEM-EDS mapping of the same region of interest reveals that MPBs are also subjected to composition variation and especially an important local depletion in Fe. This result is comparable to what was found by Qi et al. [START_REF] Qi | Controllable tensile performance of additively manufactured Al-Fe alloy[END_REF] in a Al-2.5Fe alloy also produced by LPBF, with fine Fe-rich intermetallics below the MPB and a network of coarser ones just above. One should emphasize that even after ageing, this zone of a few hundreds of nanometres depleted in Fe, still does not exhibit the presence of faceted Al 13 Fe 4 precipitates (Fig. S8). The presence of this Fe-depleted zone at the MPBs of LPBF alloys has not been explained in the current literature. This observation will be rationalized in the discussion section.

With SEM no microstructural changes are visible in these MPBs following the ageing treatment at 400°C for 4h. However, dark field TEM imaging and SAED reveal that these zones underwent the homogeneous nano L1 2 -Al 3 Zr precipitation, see Figure 6, which is also observed in the peak-aged Al-1Fe-1Zr material, see Figure 4. The SAED pattern displays the superlattice reflections of the coherent phase, see Figure 6b), and the DF image reveals the fine precipitation with bright contrast. The nano L1 2 -Al 3 Zr precipitation within this Fedepleted zone at the MPBs is consistent with the Zr distribution apparent in Figure 5g). In addition, as expected from the Fe depletion noted in the MPB in the as-built condition, no secondary precipitation of Fe-rich particles is depicted upon ageing either by SEM-BSE or TEM imaging. 

Mechanical response at the melt pool scale

To further investigate the influence of the hierarchical microstructure obtained from the LPBF process, nanoindentation mapping was conducted at the melt pool scale in the asbuilt and peak-aged conditions, see Figure 7 and Figure 8.

In the as-built sample, a clear demarcation in the indentation hardness H IT map is visible and coincides with the MPB, see Figure 7c-d). The hardness values appear to be in average 1140 MPa below the MPB and 990 MPa above. This hardness map is displayed next to the corresponding EBSD orientation map of this region. It turns out that the indentation hardness is not having an obvious relationship with the grain size which may be related to the reduced volume probed by the Berkovich tip, see Figure 7b). The hardest region is located at the top of the previously solidified columnar grains or CZ.

In the peak-aged sample, the hardness disparities across the MPB are no longer visible, and both regions, above and below the MPB, have reached comparable average hardness of about 1420 MPa, regardless of the grain size obtained with EBSD, see Figure 8. Overall, the measurements depict a 40% increase from the as-built to the peak-aged state. Locally, the regions above MPBs have experienced a hardness increase of about 45% and the ones below of about 25% following ageing. The in situ tensile tests of the as-built and peak-aged specimens evidence the presence of local strain heterogeneities, which can be seen as signatures of the local microstructural heterogeneities. To perform these tests, the fine Fe-rich intermetallic particles were used as speckled patterns to be tracked in the high-resolution BSE images of the deformed states using digital image correlation (DIC). Images collected after various strain increments along the tensile curve were recorded. Two steps for both samples are selected and the corresponding normalized tensile strain maps are displayed in Figure 9. The first step is taken shortly after the yield strength (YS 0.2% ) and the second midway between the YS 0.2% and the onset of sample necking. For each step, the colour maps indicate the magnitude of the local strain normalized by the average tensile strain. In addition, the image of the undeformed microstructure is displayed with BSE contrast and overlaid normalized isostrain lines (ɛ 11 /<ɛ 11 > = 1) plotted in plain black. The MPBs are also indicated with white dashed lines on the initial microstructures.

For the as-built sample, some regions exhibit local tensile strain 50% above the macroscopic tensile strain already at the first strain step of ~ 1%, see Figure 9a). The isostrain line overlaid on the microstructure permits to observe that one such region is following closely the bottom right MPB of the analysed region. This MPB is connected to two other MPBs close to the centre of the presented frame. An onset of localised strain from the frame centre towards these two lower-left MPBs can also be noted.

Interestingly, high local tensile strains seem to be situated in the analysed frame´s upper part. This could be connected to the lower nanoindentation values typically obtained in these regions, see Figure 7c), and a transmission of the strain localisation from the bottom right MPB to this region. In addition, the influence of the 3D structure of the melt pools on the 2D strain observations should not be disregarded, since localisation can also occur within the sample thickness. Finally, other areas with locally higher strains can be distinguished such as in the bottom-left corner. Once again this may be attributed to a nearby MPB, beneath and/or not in the observed field, for example in the specimen thickness. At higher macroscopic strain (~ 2.4 %), the strain seems to accumulate at specific locations on the bottom-right MPB, at the centre point where MPBs connect and more diffusely in the upper region, above the MPBs, see Figure 9b).

In the case of the peak-aged specimen, the strain appears more homogeneously distributed across the MPBs, which is in good agreement with the nanoindentation results, see Figure 9c) and Figure 7c). The strain seems to localize in areas where a large density of coarse intergranular Fe-rich intermetallics is observed, see the microstructure within the normalised isostrain lines in Figure 9c). One should underline here that previous TEM analysis revealed such Fe-rich intermetallics can be associated with adjacent PFZ, free of nano L1 2 -Al 3 Zr precipitates, see Figure 4c). A higher density of such PFZ could in part explain the preferential localisation of strain in such zones. For higher macroscopic strain, the deformation continues to localise in these areas, while the rest of the microstructure continues to deform rather homogeneously, see Figure 9d).

Figure 9: Microstructure of the regions of interest analysed by DIC during in situ tensile testing using BSE high resolution images for a-b) the as-built, and c-d) the peak-aged samples. The MPBs are overlaid in dashed white lines and the isostrain lines (ɛ 11 /<ɛ 11 > = 1) in black plain lines. The colour maps of the normalized local tensile strains are displayed for elongation close to the elastic limit and midway to the necking. The loading direction is parallel to the building direction (Z).

To summarize the findings from these tests at the melt pool scale, Figure 10a) and b) display the distributions of the plastic deformation obtained from the in situ tensile tests for the 1 st deformation step (with <ɛ 11 > of about 1%), and the nanoindentation hardness distributions for the as-built and peak-aged materials, respectively. The nanoindentation map of the as-built specimen revealed a spatially heterogeneous response (Figure 7c)), while the corresponding statistical distribution appears rather narrow and centered around the average value of 1010 MPa (Figure 10b)). In comparison, the distribution of tensile plastic deformation in the same material is clearly having a bimodal aspect (Figure 10a)). This bimodal aspect is owing to the pronounced localisation of the deformation in the vicinity of the MPBs, see Figure 9a-b). In contrast, the distribution of the normalized tensile deformation in the peak-aged sample is well centered (Figure 10a)). Interestingly, the peak-aged material which appears to have a more homogeneous spatial distribution of indentation hardness as shown in Figure 8c), is characterized by a distribution partly skewed to the left towards low hardness values, see Figure 10b). The cause of this discrepancy is detailed in the discussion section, as well as the heterogeneities of spatial deformation and indentation distribution in the as-built material. 

Discussion

Alloy performances

An Ashby chart has been proposed to locate the performances of the Al-1Fe-1Zr alloy in as-built and aged conditions with respect to the cast and wrought series as well as relevant other LPBF grades in [START_REF] Pauzon | A novel laser powder bed fusion Al-Fe-Zr alloy for superior strength-conductivity trade-off[END_REF]. This one illustrates how typically conventional Al alloys are either strong or good conductors. The 6xxx series following a T6 heat treatment appears as the only conventional Al alloy family with performances (strength-conductivity trade-off) approaching that of the present grade [START_REF]Granta: CES Selector materials selection software -Material level 2[END_REF]. However, it suffers from poor LPBF processability. Considering well-established grades for LPBF, the AlSi10Mg in stressrelieved condition permits achieving a YS of 200 MPa for a conductivity of 160 W/m•K [START_REF] Eos Gmbh | EOS Aluminium AlSi10Mg Material Data Sheet EOS Aluminium AlSi10Mg Good Strength & Dynamic Load Bearing Capacity[END_REF].

Among other Al-Fe LPBF alloy alternatives for high conductivity, Al-2.5Fe can provide a YS of about 250 MPa and thermal conductivity of about 185 W/m•K after heat treatment of 10h at 300°C, and ductility of about 5% along the building direction [START_REF] Qi | Managing both high strength and thermal conductivity of a laser powder bed fused Al-2.5Fe binary alloy: Effect of annealing on microstructure[END_REF]. Therefore, the present Al-1Fe-1Zr is particularly interesting to achieve a high strength-conductivity trade-off following a direct ageing treatment (YS of 330 MPa and conductivity of 180 W/m•K), while sustaining interesting ductility and benefiting from LPBF design freedom.

Solidification at the melt pool scale

The multi-scale characterization of the Al-1Fe-1Zr alloy as well as the confrontation to recent literature permits to assert that the solidification of the melt pool occurs primarily by epitaxial growth for which there is no nucleation barrier. Atoms from the melt deposit on the existing lattice sites of the adjacent solidified grains; while in the melt, primary L1 2 -Al 3 Zr particles form and initiate the heterogeneous nucleation of the Al matrix. Examples of primary L1 2 -Al 3 Zr particles observed within FEZ grains are presented in supplementary Fig. S7. These two nucleation and growth mechanisms will eventually impede each other. This is schematically represented in Figure 12 and described in more detail below.

Epitaxial growth: planar to cellular growth front

The solidification conditions, namely the solidification front velocity R (m/s) and the thermal gradient G (K/m), determine the amount of constitutional supercooling and thereby the solidification structure at all locations within the melt pool. These solidification conditions have been studied and modelled for LPBF [START_REF] Zhang | Laser powder bed fusion of titanium aluminides: An investigation on site-specific microstructure evolution mechanism[END_REF][START_REF] Van Cauwenbergh | Unravelling the multi-scale structure-property relationship of laser powder bed fusion processed and heat-treated AlSi10Mg[END_REF] and different welding processes [START_REF] David | Welding: Solidification and microstructure[END_REF][START_REF] Mondal | Solidification cracking of a nickel alloy during high-power keyhole mode laser welding[END_REF]. It is rather well-established that the solidification front velocity R is the smallest for 1 st solidified liquid. And in contrast, the thermal gradient G decreases from the first solidified liquid to the last. At the bottom of the melt pool (1 st solidified liquid), both minimal R and maximal G conditions are reunited and thereby promote a planar solidification front (no constitutional supercooling), see Stage I in Figure 12. Typically, within the planar growth region no segregation is encountered, while Fe accumulates ahead of the solid-liquid interface (Stage II). This is highlighted by the integrated FeK EDS signal across a MPB displayed in Figure 11, exhibiting a minimal and steady intensity over the width of the planar growth region. In comparison, the ZrK signal exhibits a peak at the beginning of this region, which is discussed below considering partitioning coefficients. Planar growth at the bottom of the LPBF melt pools has been evidenced in the 316L austenitic stainless steel, see e.g. [START_REF] Dépinoy | Influence of solidification conditions on chemical heterogeneities and dislocations patterning in additively manufactured 316L stainless steel[END_REF]. Herein, the planar growth extends over approximately 500 nm and is observed within the printed material over no more than several hundreds of nm. As solidification continues, R increases and G decreases, and the constitutional supercooling increases. The local perturbations at the solidification interface are thus amplified and become protrusions aligned with the thermal gradient. As a result, the planar growth interface becomes unstable and a transition to a cellular growth front operates (Stage III). Zhu et al. [START_REF] Zhu | Planar-cellular-dendritic transformation in the fusion zone of a GH909 superalloy weldment[END_REF] recall that for laser processes, the instability of the planar growth front may also be promoted by the dynamic melt flow and the vaporization causing pronounced Marangoni flow. As solidification proceeds, Fe is rejected to the liquid in the lateral regions of the cells, while Zr content is higher at the core cells, see depletion of nano Al 3 Zr particles after ageing at the intercellular spaces in Figure 4a). As modelled by Zhang et al. [START_REF] Zhang | Laser powder bed fusion of titanium aluminides: An investigation on site-specific microstructure evolution mechanism[END_REF] for LPBF of titanium aluminides, eventually the initial cell structure undergoes adjustments such as cessation, merging and splitting to minimize the interfacial energy, and thereby establishes stable cell tips. The intercellular regions enriched in Fe result in the Al 13 Fe 4 formation. The alignment of the globular Fe-rich particles along the building direction within the CZ is a signature of the stable cellular front growth in that region (Fig. S9). This microstructure recalls that observed by Gremaud et al. [START_REF] Gremaud | The microstructure of rapidly solidified Al-Fe subjected to laser surface treatment[END_REF] after laser treatment of Al-2Fe (wt.%), for which the authors underline the spheroidization tendency at the interdendritic spaces. Such globular morphology of the Al 13 Fe 4 suggests a solidification in the CZ similar to divorced eutectic, which is common in hypoeutectic alloys with low solute amount [START_REF] Quested | Thermodynamic modelling of growthrestriction effects in aluminium alloys[END_REF].

Figure 11: Integrated EDS signals for Zr and Fe over the width of the ROI displayed in insert along the building direction. L1 2 Al 3 Zr-induced nucleation

The formation of inoculating L1 2 -Al 3 Zr coherent particles (primary phase) is fulfilled after an incubation time (Stage I in Figure 12). The nucleation of the matrix at these particles results in the local presence of FEZ regions. The high conductivity of the present alloy is thought to be responsible for the onset of the epitaxial growth prior to the effective nucleation and growth resulting from the L1 2 -Al 3 Zr formation in the melt, at some of the locations along the MPBs. As a result of this phenomenon and the cross-section of the 3D melt pool structure, an FEZ is not systematically observed just above the MPBs, as highlighted in the EBSD maps shown in Figure 5b) and c). The variation in grain growth direction, sometimes across several layers, is attributed to the epitaxial growth at locations where the solidification conditions did not enable the nucleation and growth of the L1 2 -Al 3 Zr metastable primary phase, but where the thermal gradient direction still changed significantly.

It should be pointed out that the present study reports a FEZ fraction of about 2%, while the previous work on this alloy outlined a fraction of the order of 10-20% [START_REF] Pauzon | A novel laser powder bed fusion Al-Fe-Zr alloy for superior strength-conductivity trade-off[END_REF]. As the processing conditions and characterization methods are comparable in both studies, this difference may be owing to variation in trace elements between the two powder batches employed. In particular, Ti is an element known to have a high growth restriction factor in Al [START_REF] Dantzig | Solidification[END_REF], and is present for 460 ppm in the present material, compared to only 90 ppm in previous one. This hypothesis needs further experimental validation on multiple powder batches. 

Solidification velocity-dependent partition coefficient

With increasing R towards the end of solidification, the reaction time and diffusion for the eutectic formation at the intercellular regions reduce, resulting in a change of morphology from a grain boundary network of particles to finer globular particles and more Fe supersaturation within the matrix. The latter is caused by the acceleration of the S/L interface as solidification progresses and thus the reduced time available to accommodate for solute diffusion [START_REF] Quested | Thermodynamic modelling of growthrestriction effects in aluminium alloys[END_REF]. Despite being a departure from equilibrium (the total Gibbs free energy of the system is not at its lowest point), the S/L interface might still be under local equilibrium. At an even higher velocity of the S/L interface, not necessarily attained upon LPBF, atoms might be trapped by the interface and the effective partition coefficient is then equal to one, corresponding to "solute trapping". A model was proposed by Aziz [START_REF] Aziz | Model for solute redistribution during rapid solidification[END_REF] to depict the variation in effective partition coefficient as it varies between the two extrema, namely the equilibrium phase diagram partition coefficient and the partition coefficient upon solute trapping (equal to 1). The model [START_REF] Quested | Thermodynamic modelling of growthrestriction effects in aluminium alloys[END_REF] is often used to describe the velocitydependent partition coefficient as:

where is the solutal Peclet number given by: where is the width of the solute diffusion zone at the solidification front (taken as 10 nm for the simple calculations shown below) and is the mass diffusivity of the solute element in the liquid. We work under the assumption that the solute diffusivity in the liquid is roughly similar to the solute diffusivity within the S/L interface, originally used by Aziz in his model. The solute diffusivity in the liquid was taken at 928K, which corresponds to the onset of the matrix nucleation from the liquid based on Thermo-Calc calculations. The diffusion of Fe is 2.5×10 -8 m 2 /s based on Table 4 in [START_REF] Du | Diffusion coefficients of some solutes in fcc and liquid Al: Critical evaluation and correlation[END_REF], and that of Zr is 6.8×10 -10 m 2 /s based on in-house ab initio molecular dynamic calculus. The equilibrium partition coefficients for both elements were taken at 928K and are 0.025 and 3.2 for Fe and Zr, respectively, calculated with Thermo-Calc for the Al-1Fe-1Zr system. One can point out these values do not vary significantly upon solidification. One should keep in mind that this model was developed considering a planar growth front. Under this assumption the model highlights that as R increases, tends to unity, see Figure 13. The overlaid range of solidification front velocities for the LPBF process from bottom to top of the melt pool also highlights the expected significant variation in Zr and Fe solute partitioning. Zr is a peritectic element with respect to Al ( > 1), while Fe is eutectic ( < 1). Considering the R values achieved in LPBF, see Figure 13, extended solubility, in other words supersaturation, of Fe can be expected towards the last stages of solidification. Similar predictions and experimental results for Si, which is another eutectic element ( ~ 0.13), confirm extended solubilities under LPBF solidification conditions of an Al10Si0.3Mg [START_REF] Takata | Anomalous strengthening by supersaturated solid solutions of selectively laser melted Al-Si-based alloys[END_REF]. The peak observed for the integrated EDS signal of Zr at the beginning of the planar growth, see Figure 13, can also be explained considering the velocity-dependent partition coefficient of this solute. Towards the end of solidification (corresponding to the CZ just below the melt pool boundary), the of Zr was quite smaller than its equilibrium value. Upon solidification of the first liquid (low R), the of Zr is high, hence the observed peak and decrease with the solidification progression. 

Discontinuous precipitation

Within the aged material, regions of lower indentation hardness values were highlighted by the skewed distribution presented in Figure 8d). The identification of the corresponding indents revealed the presence of an additional population of precipitates in the vicinity of few grain boundaries in the CZ and FEZ of the aged samples, see Figure 14a-c). These fan-like Zr-rich precipitates were revealed by STEM-EDS, see Figure 14d). The BF image in Figure 14d) highlights the presence of both fine and coarse Zr-rich particles. Such morphologies have already been reported by Griffiths et al. [START_REF] Griffiths | Coarsening-and creep resistance of precipitation-strengthened Al-Mg-Zr alloys processed by selective laser melting[END_REF] in an Al-Mg-Zr alloy produced by LPBF and peak-aged at 400°C for 8h. The authors identified these precipitates as coherent L1 2 -Al 3 Zr. This is consistent with the SAED pattern obtained from a region featuring such precipitates in Figure 14e-f). Despite being seldom reported for LPBF Al alloys, this phenomenon has been extensively reviewed for aged grades obtained from other processes such as casting and melt spinning [START_REF] Málek | Structure and properties of rapidly solidified Al-Zr-Ti alloys[END_REF][START_REF] Chen | Microstructural evolution and mechanical properties of rapidly solidified Al-Zr-V alloys at high temperatures[END_REF]. Typically described as discontinuous precipitation, Nes and Billdal [START_REF] Nes | The mechanism of discontinuous precipitation of the metastable Al3Zr phase from an Al-Zr solid solution[END_REF] explained that it is the result of the grain boundary migration within a supersaturated solid solution of Zr. The movement of the grain boundary is associated with the loss of supersaturation and the precipitation is controlled by grain boundary diffusion. Interestingly, while the globular Fe-rich intermetallics, which formed during solidification, can be found within such areas, no faceted intermetallics from ageing are detected close to the discontinuous Al 3 Zr precipitation. It suggests that the faceted Al 13 Fe 4 and fan-like L1 2 -Al 3 Zr precipitation occur within a similar temperature/time range, and that these may impede each other. Additional SEM images highlight that the grain boundary migration is pinned by the coarse intergranular Al 13 Fe 4 , thereby limiting the extent to which discontinuous precipitation can take place, see Figure 14c). From EBSD orientation maps displayed in Figure 2a) and d), one can assert that the local grain boundary migration of a few microns results in insignificant grain growth when compared to the as-built state. High magnification EBSD in such regions shows that the growing grain orientation is conserved. The discontinuous precipitation of coherent L1 2 -Al 3 Zr at grain boundary upon ageing means that some of the Zr remaining in the matrix is locally consumed to form these coarser precipitates instead of contributing to the continuous precipitation of the L1 2 -Al 3 Zr nanoprecipitates within the grains. It should be mentioned that discontinuous precipitation is also sometimes observed within the MPB, which is consistent with the Zr supersaturation of the MPBs in the as-built state (Fig. S10). Due to their large sizes, these fan-like particles do not contribute as much to the material strengthening as the L1 2 -Al 3 Zr nanoprecipitates do, hence the tail in the indentation distribution of the aged material. The observation of the microstructure of the samples aged 1h at 400°C highlights that discontinuous precipitation is already visible at such an early stage (Fig. S11a)). Lowering the treatment temperature for example to 370°C requires longer treatment to compensate for the reduced diffusivities of Zr and Fe. The equivalent time-temperature treatment considering Zr diffusion, 24 hours at 370°C, permits to achieve comparable hardness and conductivity to 4 hours at 400°C, but discontinuous precipitation is still present (see Fig. S11b)). Similar trials at higher temperature for shorter time did not circumvent the issue. Thus, at this stage, the treatment at 400°C for 4h remains a recommended ageing approach for high strength. Despite resulting in a small amount of local discontinuous precipitation (less than 2% based on ImageJ analysis of SEM images), this heat treatment yields an homogeneous distribution of plastic deformation, and a high strengthconductivity trade-off within a reasonably short amount of time.

Strengthening mechanisms Strengthening in the as-built specimen

Overlaid microstructural heterogeneities are present within the melt pool with differences of grain size, precipitation and solid solution. These will result in variations of the different contributions to the alloy strengthening at the melt pool scale. Below, an attempt to evaluate the predominance of these contributions is detailed and presented in Figure 15. A precise quantitative estimate of these contributions would suffer from number of parameters that are either not properly measured or exhibiting important variability. Here, the idea is to weigh each strengthening contribution. Overall, the main contributions to the as-built strength can be summarized as: (i) grain boundary strengthening (Hall-Petch effect), (ii) solid solution strengthening, and (iii) particle strengthening. For simplicity, the contribution from residual stresses and dislocations is disregarded.

(i) The Hall-Petch relationship is employed with the lattice frictional stress of pure Al (10 MPa), the Hall-Petch slope (0.06 MPa.m 1/2 [START_REF] Thangaraju | On the estimation of true hall-Petch constants and their role on the superposition law exponent in al alloys[END_REF]), the average grain diameter taken across the CZ and FEZ (10 µm). The grain boundary contribution is estimated to be about 30 MPa.

(ii) The solid solution strengthening is expected to contribute to some extent to the overall strength of the as-built material, as can be inferred from the velocity-dependent partition coefficients of Fe and Zr in Al, despite their low solubility in Al at equilibrium, see Figure 13. It is also suspected from the increase of conductivity from the as-built to the peakaged state, which highlights the presence of less solute atoms in solution after ageing. As an upper boundary, we can consider that all Zr is supersaturated in solid solution (i.e., 0.3 at. %), thereby neglecting the amount of Zr consumed by the formation of primary L1 2 -Al 3 Zr. Considering that all Fe is totally consumed in the Al 13 Fe 4 after ageing at 400°C/4h (the atomic fraction of the Al 13 Fe 4 phase is 2.2% based on Thermo-Calc calculations under equilibrium conditions), and that the fraction of Fe-rich intermetallics in the as-built state is about two-thirds that of the aged sample (estimations based on image analysis), we can assume that about 0.2 at. % is still in solid solution. Based on the work of Uesugi and Higashi [START_REF] Uesugi | First-principles studies on lattice constants and local lattice distortions in solid solution aluminum alloys[END_REF], the solid solution strengthening contributions of Fe and Zr can be estimated with the following equation: with the Taylor factor (3.06), Poisson´s ratio (0.345), the interaction force range ( , with the Burgers vector i.e., 0.286 nm), the shear modulus of the Al matrix (25.4 GPa), the misfit strains for the solute atoms (i.e., for Fe atoms -4.52% and for Zr atoms 1.23%) and the solute concentration. This yields a total of about 60 MPa, with 50 MPa attributed to Fe and 10 MPa from Zr. As solidification advances, more and more solutes are expected to be saturated in solid solution. The important contribution from Fe to solid solution strengthening is therefore held responsible for the indentation hardness increase towards the top of the CZ region, just below the MPBs in the as-built state, see Figure 7c). For simplicity's sake, these solutes concentration gradients are not considered for the present global estimation.

(iii) The rest of contribution to strengthening can be partly associated to particle strengthening caused by the Fe-rich globular intermetallics observed in the as-built microstructure, to an extent of about 40 to 50 MPa, which is consistent with their relative coarse appearance. These particles may contribute by Orowan dislocation looping strengthening or through a load transfer mechanism within the composite-like microstructure.

Strengthening in the aged specimen 4h/400°C

The aged specimen is characterized by the dual precipitation of nanoprecipitates of the L1 2 -Al 3 Zr phase and faceted Al 13 Fe 4 precipitates, and the associated removal of solute atoms from the matrix. Below, the contributions to strengthening in this peak-aged condition are discussed.

(i) The contribution from Hall-Petch strengthening is considered unchanged from the asbuilt state (~ 30 MPa), since no significant grain size variation is recorded from EBSD, despite the minor local discontinuous precipitation.

(ii) Very low concentration of solutes should remain in the matrix and the solid solution strengthening contribution can be considered negligible in that condition.

(iii) The precipitation of the coherent cubic L1 2 -Al 3 Zr nanoprecipitates is expected to contribute substantially to the strengthening of the alloy. As recalled and detailed by Li et al. [START_REF] Li | Developing a high-strength Al-Mg-Si-Sc-Zr alloy for selective laser melting: Crack-inhibiting and multiple strengthening mechanisms[END_REF], particle strengthening is determined by the minimum value of , and , with the order strengthening, the coherency strengthening, the modulus mismatch strengthening, and the Orowan dislocation looping strengthening. Considering a fraction of L1 2 -Al 3 Zr of 0.015 (equilibrium fraction at 400°C calculated with Thermo-Calc), an average particle radius of 2 nm, we obtain a particle strengthening contribution of about 208 MPa, owing to coherency strengthening (~ 33 MPa), and modulus mismatch strengthening (~ 175 MPa), derived from following equations [START_REF] Li | Developing a high-strength Al-Mg-Si-Sc-Zr alloy for selective laser melting: Crack-inhibiting and multiple strengthening mechanisms[END_REF]. The equations for the calculus of and are provided in the supplementary material. with a constant (2.6), the constrained lattice parameter mismatch at room temperature (0.005), the volume fraction of particles (from Thermo-Calc), the shear modulus mismatch between the matrix and particle (31.6 MPa), the average particle radius (estimation from TEM image) and a constant (0.85).

The rest of the contributions to strengthening is attributed to the presence of the globular and faceted Fe-rich particles. The intragranular globular Fe-rich particles are stable upon heat treatment at 400°C for 4h, see Figure 2c)-f). Thus, it is assumed that the strengthening contribution of the globular Fe-rich intermetallics is unchanged after ageing at 400°C/4h (counting for about 40-50 MPa). However, the precipitation of the faceted Fe-rich particles upon ageing at 400°C (Figure 3) may also bring a non-negligible contribution to the yield strength. Figure 15 gives an overview of the variation of contribution to strengthening from the as-built to the peak-aged condition (4h/400°C). It appears rather clear that while solid solution strengthening contributes importantly to the as-built strength (~ 45%), the homogeneous nanoprecipitation of the L1 2 -Al 3 Zr is the major contribution to the strength of the aged specimens (more than 60%). 

Behavior of melt pool boundaries

At the MPBs, the planar growth region is characterized by an important depletion in Fe as revealed by the characterization of the as-built material. It was previously pointed out that the solid solution strengthening of the Al matrix granted by Fe surpasses that of Zr. In addition, this zone appears precipitation-free in the as-built state. Therefore, despite its small extent within the melt pool, it is expected to be a soft region within the microstructure. As MPBs are interconnected, these are likely forming an actual 3D softer network within the asbuilt bulk material. This is consistent with the plastic deformation map of the in situ tensile test, during which strain amplification is recorded in the MPBs vicinity. Despite this softer network of MPBs, the as-built specimen offers a high ductility also post-necking, also as evidenced from the supplementary Video of the in situ tensile test. Such localisation of the damage at the MPBs is no longer observed in the aged specimen, consistent with the homogeneous nanoprecipitation of the L1 2 -Al 3 Zr phase evidenced throughout the microstructure, see Figure 4 and Figure 6.

Summary and Conclusions

The multiscale microstructural and mechanical characterization of the novel Al-1Fe-1Zr clarifies the origin of its microstructure inherited from LPBF and sheds light on the microstructure-property relationship: -Solidification occurs by epitaxial growth from previous layers, while few primary L1 2 -Al 3 Zr particles are formed in the melt and trigger the Al heterogeneous nucleation resulting in fine equiaxed zones (FEZ). -Epitaxy is initiated with a planar solidification front (high G, low R), leading to particlefree regions in as-built condition at the melt pool boundaries, and rather enriched in Zr, a solute known to show a peritectic behavior when alloyed with Al, while Fe is rejected ahead of the S/L interface (eutectic behavior of Fe in Al). These regions are softer, causing strain localization as seen from the in situ tensile test. -Then the planar epitaxial front becomes unstable due to changes in solidification conditions that are more favorable for constitutional undercooling, and a cellular solidification structure is developed resulting in a network of fine Fe globular intermetallics at the cell walls. -As solidification proceeds, R increases resulting in more Fe solute supersaturation and an increase of its solid solution strengthening contribution as observed by nanoindentation. This complex microstructure obtained from LPBF permits through direct ageing (4h/400°C) to obtain an electrical conductivity of 27 MS/m (i.e., 45.5 % IACS), a thermal conductivity of 180 W/m•K, and yield strength of 330 MPa, via: -Nanoprecipitation of remaining Fe and Zr solutes, increasing both conductivity and strength. Strength is in particular driven by homogeneously precipitated nanoscale L1 2 -Al 3 Zr throughout the microstructure. -Fe-rich intermetallics decorating the grain boundaries in the as-built microstructure which limit the impact of discontinuous L1 2 -Al 3 Zr precipitation on strengthening. As shown by the nanoindentation and in situ tensile tests, the new Al-1Fe-1Zr alloy achieves, after the 4h/400°C heat treatment, a homogeneous strain distribution throughout the melt pools, a high strength and ductility. In contrast, the melt pool boundaries play an important role for tensile strain localization in the as-built material.
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 2 Figure 2: EBSD orientation maps in inverse pole figure (IPF) colouring along the building direction (Z) for a) the as-built material, and d) the aged one at 4h/400°C. BSE images at the melt pool scale b-e), and within the columnar grains c-f), for the as-built and the aged material.

Figure 3 :

 3 Figure 3: Bright Field STEM images and EDS maps of Al, Zr, and Fe for a) the as-built and b) the directly aged material at 400°C for 4h. c) Corresponding ACOM phase map for the aged sample, showing the morphology and distribution of phases identified with ASTAR TM . The phase reliability (R) is overlaid in grey scale on the map. Selected nanodiffraction pattern alongside their R index are displayed. For precipitates, inserts show the overlaid matrix mask highlighting the strong diffraction signal of the matrix.
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 4 Figure 4: Precipitation of nano L1 2 -Al 3 Zr precipitates in the directly aged material at 400°C for 4h: a) BF TEM image where Fe-rich particles have a dark contrast, b) SAED pattern collected in 2-beam condition where superlattice reflections of the coherent nano Al 3 Zr particles are pointed out, c) DF image in the region of interest from the L1 2 -Al 3 Zr reflection selection depicting PFZ at the cell walls.

Figure 5 :

 5 Figure 5: a) BSE image showing several melt pool boundaries, b) Corresponding EBSD orientation map with IPF Z colouring, c) Fine grains from this area considering a diameter below 5 µm and a sphericity index > 0.35, d) STEM BF image of a melt pool boundary, e) Corresponding ACOM orientation map (IPF colour code) in the Z direction, f) local misorientation over the melt pool boundary, g) Fe, Al and Zr EDS maps in the same region of interest.

Figure 6 :

 6 Figure 6: Precipitation of nano L1 2 -Al 3 Zr precipitates within the Fe-depleted region at the MPB of the directly aged material at 400°C for 4h: a) low magnification BF image where the yellow arrow is along the Fe-depleted region at the MPB, the blue frame is within this region of interest; b) the SAED pattern collected within the region of interest in 2-beam condition where superlattice reflections of the coherent nano Al 3 Zr particles are pointed out; c) DF image of the corresponding area from the L1 2 -Al 3 Zr reflection selection where selected nano Al 3 Zr particles are pointed out. The speckle appearance of this image is owing to the fine nanoprecipitation.
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 7 Figure 7: a) Region of interest in the white frame, b) EBSD-IPF map, c) nanoindentation map, and d) H IT distributions in as-built Al-1Fe-1Zr. The MPB is outlined with a white dashed line.
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 8 Figure 8: a) Region of interest in the white frame, b) EBSD-IPF map, c) nanoindentation map, and d) H IT distributions in peak-aged Al-1Fe-1Zr. The MPB is outlined with a white dashed line.The in situ tensile tests of the as-built and peak-aged specimens evidence the presence of local strain heterogeneities, which can be seen as signatures of the local microstructural heterogeneities. To perform these tests, the fine Fe-rich intermetallic particles were used as speckled patterns to be tracked in the high-resolution BSE images of the deformed states using digital image correlation (DIC). Images collected after various strain increments along the tensile curve were recorded. Two steps for both samples are selected and the corresponding normalized tensile strain maps are displayed in Figure9. The first step is taken shortly after the yield strength (YS 0.2% ) and the second midway between the YS 0.2% and the onset of sample necking. For each step, the colour maps indicate the magnitude of the local strain normalized by the average tensile strain. In addition, the image of the undeformed microstructure is displayed with BSE contrast and overlaid normalized isostrain lines (ɛ 11 /<ɛ 11 > = 1) plotted in plain black. The MPBs are also indicated with white dashed lines on the initial microstructures.For the as-built sample, some regions exhibit local tensile strain 50% above the macroscopic tensile strain already at the first strain step of ~ 1%, see Figure9a). The isostrain line overlaid on the microstructure permits to observe that one such region is following closely the bottom right MPB of the analysed region. This MPB is connected to two other MPBs close to the centre of the presented frame. An onset of localised strain from the frame centre towards these two lower-left MPBs can also be noted.

Figure 10 :

 10 Figure 10: a) Distributions of normalized tensile deformation obtained from the 1 st deformation step and determined by DIC, and b) distributions of the nanoindentation hardness for the as-built and peak-aged Al-1Fe-1Zr materials.

Figure 12 :

 12 Figure 12: Microstructure development upon solidification: Stage I is the beginning of the epitaxial growth on the previously formed columnar grains while Al nuclei are formed on the Al 3 Zr primary particles. Stage II highlights the competition of the two growth mechanisms as the solidification front advances. Stage III shows the columnar grain growth at lower solidification depth while the Fe rich particles refine from a continuous network above the planar front to individual globular particles within the columnar grains.

Figure 13 :

 13 Figure 13: Estimated velocity-dependent partition coefficients of Fe and Zr in the Al-1Fe-1Zr system, based on Aziz model calculated at 925K, with equilibrium partition coefficient of 0.025 and 3.2 for Fe and Zr, respectively.

Figure 14 :

 14 Figure 14: a) Indentation hardness distribution of the aged material skewed to the left.b) BSE image of the indented area with low hardness indents circled out and corresponding to hardness to the left of the blue line on the distribution. c) BSE image of discontinuous precipitation observed at grain boundaries typically observed at the indents circled out in b). d) BF STEM image of discontinuous L1 2 -Al 3 Zr precipitation at grain boundaries, and corresponding EDS maps of Aluminium, Zirconium and Iron. e) STEM BF image in zone axis with discontinuous precipitation and f) SAED pattern corresponding to the circular area on the BF image.

Figure 15 :

 15 Figure 15: Estimated contributions to the strengthening of the Al-1Fe-1Zr alloy in the asbuilt and peak-aged conditions (4h/400°C) with the grain boundary strengthening, the solid solution strengthening, the particle strengthening owing to the Fe-rich globular and faceted particles, the particle strengthening owing to the homogeneous L1 2 -Al 3 Zr nanoprecipitation in the aged material.

  

  

Table 1 :

 1 

	Element Virgin powder (wt. %)	Bulk LPBF sample (wt. %)	Method
	Al	Balance	Balance	N. A.
	Fe	1.04	0.997	ICP
	Zr	1.17	1.14	ICP
	O	0.09	0.08	LECO
	H	0.0010	0.0005	LECO

Chemical composition in wt.% of the Al-1Fe-1Zr gas atomised powder, measured by inductively coupled plasma optical emission spectrometry (ICP) and carrier gas hot extraction (LECO).

  Considere's criterion. for necking. 3 tensile tests for each condition are reported.

	Condition YS 0.2% (MPa) Rm (MPa) UTS (MPa)	A (%)	Au (%)
	As-built	134-137	187-188	197-200	18.0 -18.4 5.2 -6.3
	4h/400°C	334-337	340-342	355-357	14.8 -15.0 3.7 -4.1
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