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The structure and mobility of a<001> dislocations in the o phase of an intermetallic TNM-TiAl alloy produced by Spark Plasma Sintering were investigated by transmission electron microscopy. We find that these dislocations are dissociated into two identical superpartial dislocations separated by a stacking fault. Furthermore, a<001> dislocations are elongated along their screw orientation and are anchored to nano-sized precipitates of the o phase. In situ room temperature straining experiments show that dislocation propagation occurs through jumps between these elongated configurations.

Despite the huge interest in -phase-containing TiAl alloys for applications in structural engineering, the structure and mobility of dislocations in the ordered o phase have not been described in detail. Morris et al. [START_REF] Morris | Deformation mechanisms and slip transfer in a Ti-44Al-2Mo alloy[END_REF][START_REF] Morris | Deformation mechanisms within the B2, L10 and DO19 structures of a Ti-44Al-2Mo alloy, Gamma Titanium Aluminides[END_REF] reported that in a Ti-44Al-2Mo (in at.%) alloy, two populations of dislocations can be activated in the o phase, viz., the a<001> dislocations and the a<111> superlattice dislocations. In our recent work [START_REF] Molénat | Plasticity and brittleness of the ordered o phase in a TNM-TiAl alloy[END_REF] on a TNM alloy (Ti-43.5Al-4Nb-1Mo-0.1B (in at.%) [START_REF] Clemens | Design of Novel -Solidifying TiAl Alloys with Adjustable /B2-Phase Fraction and Excellent Hot-Workability[END_REF][START_REF] Mayer | Intermetallic β-solidifying γ-TiAl based alloys: from fundamental research to application[END_REF]), prepared by Spark Plasma Sintering (SPS) [START_REF] Couret | Development of a TiAl Alloy by Spark Plasma Sintering[END_REF], we established that the presence of mobile a<111> superlattice dislocations in the o phase provides sufficient plasticity to avoid initiation of fracture of the specimen in this phase. It was also found that the mobility of these dislocations is hindered by fine nano-sized precipitates of the o phase, which incidentally, have been reported to be present in the o phase of Nb-containing TiAl alloys (see [START_REF] Schloffer | Evolution of the o phase in a -stabilized multi-phase TiAl alloy and its effect on hardness[END_REF][START_REF] Wang | Atomic-scale observations of B2→ ωrelated phases transition in high-Nb containing TiAl alloy[END_REF] for some examples). The present paper reports a study of a<001> dislocations activated in the o phase of the same as-SPSed TNM alloy [START_REF] Molénat | Plasticity and brittleness of the ordered o phase in a TNM-TiAl alloy[END_REF] deformed at room temperature. In our study, we used two TEM (Transmission Electron Microscopy) techniques to explore the behaviour of these dislocations. First, we studied the deformation microstructure of thin foils extracted from bulk samples that were previously deformed (ex situ) in tension at room temperature. The second method consisted of in situ tensile tests inside a TEM to directly observe the dislocation dynamics under stress and in real time. More details on the experimental tools, as well as a description of the microstructure and mechanical properties of the TNM-Ti Al alloy used in this study can be found in our previous work [START_REF] Molénat | Plasticity and brittleness of the ordered o phase in a TNM-TiAl alloy[END_REF].

Figs. 1 and2 show representative a<001> dislocations of the o phase of a TNM sample deformed at room temperature. The determination of the Burgers vectors and the characteristics of these dislocations were verified by studying several other similar dislocation microstructures not shown here. On micrographs taken with a (002) diffraction vector (Figs. 1(a) and 2(a)), the dislocations appear as paired. They are seen to be separated by fringes when using for example, the (101 ̅ ) diffraction vector (Fig. 1(b)). When using the (1 ̅ 10) and (110) diffraction vectors, both the dislocations of a pair are out of contrast in Figs. 2(b) and (c). Hence, the Burgers vector b of these dislocations has to be parallel to the [001] direction. Consistently, these dislocations have been observed to be out of contrast with (200) or (020) diffraction vectors perpendicular to the Burgers vector direction (situations not reproduced here). Furthermore, the similarity in contrast of the two dislocations of a given pair (Figs. 1 (a) and 2(a)) indicates that they have the same Burgers vector.

The presence of a fringe contrast (Fig. 1(b)) implies that a stacking fault (SF) or an antiphase boundary (APB) separates the two dislocations of a pair. The set of micrographs in Figs. 2 (d, e, f) complements Fig. 2 (a); Fig. 2 (d) depicts the contrast obtained with the fundamental diffraction vector of the opposite sign (002 ̅ ), while Figs. 2 (e) and (f) show micrographs obtained with the two superlattice reflections (001) and (001 ̅ ), respectively. Since superlattice reflections do not show fringe contrast, we infer that the fault separating the two paired dislocations is a stacking fault rather than an antiphase boundary. On the other hand, we note that a fringe contrast is detected with the (101 ̅ ) diffraction vector, which is not perpendicular to the Burgers vector direction (Fig. 1 (b)), but this contrast disappears with both the (1 ̅ 10) and (110) diffraction vectors, which are perpendicular to b (Figs. 2 (b) and (c), respectively). This fringe contrast can be fully explained using the classical stacking fault extinction criterion ( = 2g.R = 0, with R=b in this case), which is not satisfied in the case shown in Fig. 1 (b). Furthermore, tilt experiments (not reproduced here) have shown that the stacking fault may be spread in {200} and {110} planes, which are in zone around the direction of the Burgers vector.

Taken together, this whole set of elements is consistent with the following dissociation scheme of the a[001] Burgers vector: a[001] → a/2 [001] + SF + a/2 [001]. We point out here that this type of dislocation is observed in deformed samples as well as in thin foils extracted from undeformed samples. In the latter case, we believe that the deformation microstructure could stem either from the sample preparation procedure or be created during the preparation of the alloy, where thermal stress could be generated during cooling from high temperature.

Consequently, it is difficult to affirm that these dislocations are formed only during the tensile tests. The current TEM work has shown that a<001> dislocations are activated in the o phase of a TNM alloy in addition to the previously observed a<111> superlattice dislocations [START_REF] Molénat | Plasticity and brittleness of the ordered o phase in a TNM-TiAl alloy[END_REF], which is in agreement with the study of Morris et al. [START_REF] Morris | Deformation mechanisms and slip transfer in a Ti-44Al-2Mo alloy[END_REF][START_REF] Morris | Deformation mechanisms within the B2, L10 and DO19 structures of a Ti-44Al-2Mo alloy, Gamma Titanium Aluminides[END_REF] conducted on Ti-44Al-2Mo (in at.%) alloy.

Fig. 1. TEM images of the same a[001]dislocations under two diffraction conditions (see text).

Fig. 2. TEM images of the same a[001]dislocation under six diffraction conditions (see text).

More generally, these two types of dislocations have been observed in other intermetallic alloys with the B2 structure. For example, FeAl and NiAl intermetallic aluminides show different behaviour since the former is deformed only by a<111> dislocations [START_REF] Veyssière | Weak-beam study of <111> superlattice[END_REF][START_REF] Yan | Core structures and planar faults associated with<111>screw superdislocations in B2 alloys[END_REF] and the latter by both a<001> and a<111> dislocations [START_REF] Benhaddan | Core Structure of the a<100><001> Edge Dislocation in a B2 Ordered Alloy[END_REF]. The activation of a<111> dislocations in addition to a<001> has been explained based on the tendency of a<111> superdislocations to dissociate.

Indeed, since the Burgers vector of a/2<111> superpartials is shorter than that of a<001> dislocations [START_REF] Sun | Characteristics of 〈111〉 slip in a NiAl [001] single crystal[END_REF], the dissociation process promotes the motion of the former. Using atomistic calculations, it has been shown that the determination of the active deformation process is linked to an interplay between the mobility of dislocations resulting from their core structure, their energy, and the energy of possible planar faults [START_REF] Lü | Effect of alloying elements on <111> dislocation in NiAl: A first-principles study[END_REF]. In the pile-up PU1, both families of dislocations (a<111> and a<001>) are observed (Fig. 3). As seen at the bottom of Fig. 3(a), this pile-up could have resulted from the interaction of incident twins with a grain boundary, most likely through a deformation transmission process as often observed at lamellar interfaces and grain boundaries of -TiAl based alloys [START_REF] Zghal | Transmission of the deformation through gamma-gamma interfaces in a polysynthetically twinned TiAl alloy -II. Twin interfaces (180 degrees rotational)[END_REF][START_REF] Monchoux | Deformation modes and size effect in near-γ TiAl alloys[END_REF]. The activation of these two dislocation families under identical Schmid factors suggests that they are mobile under equivalent critical resolved shear stresses, which is consistent with their coexistence in the ordered o phase.

The presence of identical a<001> dislocations in bulk deformed samples (Fig. 3) and in in situ experiments (Fig. 4), as well as the simultaneous activation of both a<001> and a<111> dislocations in the same pile up (Fig. 3), allows to conclude that a<001> dislocations are mobilized during plastic deformation of the o phase. These dislocations show very little dissociation, if any (Figs. 3(b) and (e)). The origin of the much wider dissociated a<001> dislocations, as observed in bulk samples (Figs. 1 and 2), remains an open question. It is tempting to speculate that widely dissociated a<001> dislocations are formed at high temperatures during the SPS cycle, prior to the precipitation of o, which is known to occur during subsequent cooling to room temperature [START_REF] Voisin | Temperature control during Spark Plasma Sintering and application to up-scaling and complex shaping[END_REF]. Nonetheless, the detailed examination of these widely dissociated dislocations based on Fig. 1 and 2 allowed to extend our understanding on the general structure of a<001> dislocations.

We have shown that the dissociation of a<001> dislocations corresponds to two identical partial dislocations bordering a stacking fault, according to the scheme: a<001> → a/2<001> + SF + a/2<001>. This dissociation scheme is unexpected, since previously reported literature rather suggests a splitting into two non-identical partial dislocations of the type a/2<111> [START_REF] Lü | Effect of alloying elements on <111> dislocation in NiAl: A first-principles study[END_REF], a dissociation scheme that is clearly incompatible with our TEM observations. Nevertheless, extended fault contrasts associated with a<001> dislocations have been previously observed by Viguier et al. [START_REF] Viguier | Characterization of complex planar faults in FeAl(B) alloys[END_REF] in a B-containing FeAl alloy with a dislocation scheme that corresponds at first approximation, to that proposed in this work, with two identical a/2<001> partial dislocations bordering a fault. However, these authors observed fringe contrasts when using {110} diffraction vectors perpendicular to the fault displacement vector, which were not detected in the present work under the same contrast conditions of. This fringe contrast, which could not be explained by residual contrast or a simple planar fault, was interpreted by Viguier et al. [START_REF] Viguier | Characterization of complex planar faults in FeAl(B) alloys[END_REF] to be due to the presence of a small out-of-plane fault component arising from the segregation of the B atoms (substituting for Al atoms) on the (100) plane, according to the following dissociation scheme: a<001> → a<0𝛿1/2> + a<0𝛿 ̅ 1/2>, where 𝛿 reflects the limited out-of-plane component.

Similar to the a<111> superlattice dislocations analysed elsewhere [START_REF] Molénat | Plasticity and brittleness of the ordered o phase in a TNM-TiAl alloy[END_REF], a<001> dislocations, when observed in motion during in situ straining tests, are clearly seen to be anchored at small pinning points. Because the measured average distances between the pinning points anchoring both a<001> dislocations and a<111> superlattice dislocations are close (45 nm here for a<001>, 35 nm for a<111> in [START_REF] Molénat | Plasticity and brittleness of the ordered o phase in a TNM-TiAl alloy[END_REF]), it appears likely that anchoring of a<001> dislocation also occurs on o precipitates. A more detailed investigation of this nano-precipitation process by combining several electron microscopy techniques such as conventional imaging, lattice imaging, and in situ experiments, is underway.

Several characteristics of a<001> dislocations' mobility can thus be highlighted. Firstly, they are less concentrated in pile-ups than a<111> superlattice dislocations, and decorrelated partial dislocation motions are not observed. Secondly, the dissociation width appears to be quite limited, at least for those cases where we are sure that the dislocations were moving under stress (Figs. 3 and4). Thirdly, a<001> dislocations move by a combination of forward screw segment jumps and lateral propagations of anchored non-screw segments, in combination with larger but limited jumps of the whole dislocation. These three characteristics indicate that the behaviour of a<001> dislocations is similar to that of ordinary dislocations in the  phase of TiAl based alloys. In both cases, gliding of the dislocation is controlled predominantly by a frictional force due to a slight dislocation core spreading, with anchoring on extrinsic chemical pinning points playing only a secondary role [START_REF] Couret | An in situ study of ordinary dislocations glide in TiAl alloys[END_REF].

In conclusion, our TEM analysis reveals that, in addition to the a<111> superlattice dislocations, a<001> dislocations contribute to the deformation of the o phase of a TNM alloy containing nano-sized o precipitates. These dislocations are weakly dissociated into two identical partial dislocations and anchored to these precipitates.
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 313 Fig. 3 (a) shows three pile-ups (marked PU1, PU2 and PU3) in a thin foil extracted from a
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 4 Fig.4shows the movement of a<001> dislocations under stress during an in-situ straining
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 4 Fig. 4. Images extracted from a video showing the movement of a[100] dislocations observed during a tensile test performed inside the TEM. (a)-(d): movement of dislocation D4. (e)-(i) elementary steps in the movement of dislocation D1. All the movements described in the text are indicated in yellow arrows and lettering.
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