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Abstract

Strength-ductility trade-off is usually an inevitable scenario in most engineering materials,
including metal matrix composites (MMCs) where reinforcement particles significantly degrade
ductility. The decrease of ductility is mainly attributed to dislocation pile-ups at the high
mismatch interface between reinforcement particles and matrix, which can’t lead to effective
dislocation multiplication and annihilation, finally leading to a low work hardening rate. To
address this challenge, herein we propose a precipitation-assisted interface tailoring (PAIT)
mechanism to improve the coherency of interface between reinforcement particles and matrix by
introducing an interphase (IP). To achieve this PAIT mechanism, we design a manufacturing
process combining the conventional casting, friction stir processing (FSP), hot extrusion with
heat treatment. A TiB,/Al-Zn-Mg-Cu composite fabricated with this process shows higher
strength and ductility, which stand out from most available Al-based materials. In this composite,
a Mg(Zn15Cups) IP is introduced to improve the coherency and strength of the TiB,/Al interface
by transforming the high mismatch TiB,/Al interface into the low mismatch TiB,/IP/Al multi-
interfaces (i.e. sandwich structure). This effectively promotes dislocation multiplication and
subsequent dislocation annihilation to increase the work hardening rate by restricting the

dislocation pile-ups surrounding the interface, thus leading to a higher ductility. Our study aims
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to overcome the strength-ductility trade-off of MMCs by tailoring interface structure, which can

provide insight into the production of high-performance MMCs.

Keywords: Metal matrix composites (MMCs); Nanoparticles; Interfacial misfit; Mechanical

properties; Dislocation

1. Introduction

Strength and ductility are two baseline mechanical properties in metals. However, they are
usually mutually exclusive, i.e. a gain in strength is inevitably at the cost of ductility and vice
versa [1,2]. Thus, solving this strength-ductility trade-off dilemma has always been a long-term
challenge to material researchers and engineers. With the rise of novel nanocrystalline materials
[3,4], a number of successful strategies have been reported in the past decades, such as
introducing nano-twins [5], gradient nanograined structures [6], lamella [7], hierarchical defects
[8], and chemical boundaries [9] into metals. Generally, their common ground aimed at
promoting a work hardening rate to stabilize uniform plastic deformation by intentionally
generating heterogeneous nanostructures. Despite the promising results, most of previously
reported nanomaterials were produced in laboratories, and the cost are usually soaring due to
their complicated processing technologies, which limits their industrial applications.

Metal matrix composites (MMCs) integrate reinforcements into a metal matrix, leading to
improved mechanical performance, particularly in the case that high strength and Young’s
modulus are necessary [10,11]. As one of the typical nanoscale heterogeneities, ceramic
nanoparticles (CNPs) and carbon nanotubes (CNTSs) have been widely used as the reinforcements
and been verified the success in enhancing the work hardening rate with delaying in plastic
instability [12,13]. It was thus expected, at least theoretically, that MMCs have a strong potential
to evade the strength-ductility trade-off. In addition, the CNPs and CNTSs are thermally stable as
reinforcements in the composites and production scaling up is possible, which makes such
materials even more attractive. However, the current production of composites encounters two
critical problems that restrict their industrial applications.

The first one is the difficulty to uniformly disperse nanosized reinforcements in a metal
matrix, especially via conventional casting [14,15]. At nucleation stage of metal solidification,

the introduced CNPs tend to agglomerate in the melt due to their attractive van der Waals forces



[16]. As a result, such nanosized reinforcements are rejected to the solidification front as clusters
during growth process and subsequently segregate along grain boundaries in the casting [17].
The nanosized reinforcement clusters along grain boundaries can cause severe stress
concentrations during forming process or application, which significantly lowers the ductility of
MMCs [18]. Another issue is the low interface coherency, which weakens bonding strength
between the reinforcement and the metal matrix even though the distribution of the
reinforcement can be dispersed and homogenized [19,20]. Since the conventional CNP/metal
interface is incoherent, the gliding dislocations can be easily trapped and piled up at the
interfaces during plastic deformation, giving rise to stress concentration [21-23]. The dislocation
pile-ups also inhabit the subsequent dislocation movement and multiplication, leading to strain
localization and plastic instability, which lowers ductility.

To solve as above-mentioned problem of strength-ductility trade-off, dispersing the CNPs
and enhancing their interfacial coherency with the matrix become essential and critical. Here we
report a new design strategy, consisting of a three-step microstructure optimization process, to
fabricate Al-based composites with superior balance of strength and ductility. The first step is to
in-situ introduce CNPs into the Al matrix, acquiring ‘clean’ semi-coherent CNP/AI interfaces,
which facilitate the subsequent interface precipitation [24]. Second, we conducted serve plastic
deformation to evenly disperse the high-density CNPs within Al grains. This is finally followed
by heat treatment transforming the initial high mismatch CNP/AI interface into the
CNP/interphase (IP)/Al multi-interfaces via precipitation-assisted interface tailoring (PAIT)
mechanism to further enhance the CNP/AI coherency. To validate this design strategy, we
selected and fabricated a TiB, nanoparticles reinforced Al-Zn-Mg-Cu (7075Al) matrix composite
(hereafter called TiB,/7075Al) as an example material because TiB; is a common grain refiner
for cast Al alloys and ingots [25].

2. Materials and Methods
2.1 Sample preparation

The TiB,/7075Al composite sample was fabricated using the mixed-salt reaction cast
method initially developed by the London scandinavian metallurgical company [24]. First,
K,TiFs and KBF, reactive salts with high purity were mixed and added into molten Al metal in a
high-purity graphite crucible heated at 900 °C in an electrical resistance furnace. The melt was



mechanically stirred at 600 rpm for 15 min, and then poured into a permanent mould to acquire
the pure Al composite reinforced with pre-synthesized master TiB,. Exothermal reactions
associated with this in-situ casting process are following:
3K, TiFs+13Al—>3TiAl3+K3AlIFs+3KAIF,
2KBF4+3AI->AIB,+2KAIF,
AlB,+TiAl;—TiB,+4Al

Then, the pre-synthesized master TiB,/Al composite was re-melted by electrical resistance
furnace and Mg, Zn and AI-Cu master alloy were added into the melt followed by direct chill
casting. Chemical composition of the as-produced sample measured by inductively coupled
plasma atomic emission spectroscopy analysis was 6.9 wt.% Zn, 2.3 wt.% Mg, 2.4 wt.% Cu and
4.5 wt.% TiB,. The volume fraction of TiB; particles is 2.2 vol.%, which is obtained from mass
fraction conversion. The TiB,/7075Al composite plates with a large dimension were cut from the
cast ingot and annealed at 470 °C for 24 h. As detailed in our previous work [26], an optimized
(4-pass) FSP process with a tool rotation rate of 600 rpm, a tool tilt angle of 2.5°, a traverse
speed of 80 mm/min and a processing depth of 8 mm was carried out on the plates. The samples
cut from the nugget zone were homogenized at 470 °C for 24 h and then extruded at 420 °C
using the extrusion ratio of 20:1. Followed by this, the as-extruded samples were subjected to
solution treatment at 477 °C for 70 min, water quenching (WQ) to the room temperature
(referred as TiB,/7075AI-WQ), and finally peak aging (PA) at 120 °C for 24 h (referred as
TiB,/7075AI-PA). Both WQ and PA composite samples together with a PA 7075 alloy sample
(for comparison, referred as 7075AI-PA) were used for tensile testing and microstructure
characterization. As detailed in [27], the alloy sample was subjected to the FSP and PA processes
being comparable to those used for the composite samples.

2.2 Microstructure Characterization using electron microscopy

The samples for scanning electron microscopy (SEM) were cut from the center of the as-
extruded plates and were subjected to mechanical grinding and fine polishing. Grain structure
and fracture surface were examined using a Joel JSM-7800F microscope equipped with an
energy dispersive spectrometer (EDS) and an electron back-scattered diffraction (EBSD)
detectors both from Oxford instruments. Post-treatment of the data analyzed by orientation

imaging microscopy (OIM) was done using CHANNEL 5.0 software package in order to obtain
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information on grain size distribution. The OIM maps were recorded with the step size of 200
nm.

For transmission electron microscopy (TEM) characterization, the standard disk samples
with 3 mm in diameter were punched from a thin foil with the thickness of around 70-80 um
obtained by mechanical polishing. A GATAN model 691 precision ion polishing system was
used for final ion milling. A state-of-the-art ThermoFisher Titan Themis 60-300 microscope
equipped with a probe aberration corrector, operated at 200 kV, was used to acquire (high-
resolution) scanning TEM ((HR)STEM) images. Probe size was set to 0.1 nm with a
convergence semi-angle of 22.5 mrad. Collection angles of the annular dark-field (ADF) and
high-angle ADF (HAADF) detector were set in the range of 10-40 and 80-150 mrad, respectively.
The bright and dark contrasts of the Al-Zn-Mg-Cu matrix in a Z-contrast HAADF image can be
considered as Zn (Cu)-rich and Mg-rich areas, respectively. The equipped highly efficient (4
quadrant) EDS system was used for chemical analyses of possible precipitates formed at the
TiB,/Al interface. Interface characterization was carried out by tilting the Al matrix to the [110]
orientation in terms of the well-documented preferential orientation relationships of the TiB,/Al
interface [28].

2.3 Synchrotron radiation X-ray diffraction (SRXRD) and tensile tests

The SRXRD was conducted at the high energy materials science (HEMS) beamline PO7B
operated by the Helmholtz-Zentrum Hereon at PETRA 11l, DESY. During the SRXRD tests, the
wavelength of X-ray was 0.14235 A, and its incident beam size was 0.7 x 0.7 mm?. A Perkin
Elmer XRD 1622 flat panel detector with 2048 x 2048 pixels and a pixel size of 200 x 200 pum?
was used for obtaining diffraction patterns. The specimen-to-detector distance was 1433 mm,
which was calibrated using a LaBg powder standard. Dislocation density of the samples was
measured from SRXRD using the multiple whole profile (MPW) method for line profile analysis
[29-31]. In this method, one obtains the Fourier transforms of peak profiles by fitting the Fourier
coefficients of ab initio physical functions of the size and strain profiles. The corresponding
fitting parameters are median and the variance of the size distribution function, dislocation
density, dislocation arrangement and dislocation contrast factors. It should be noted that the
measured pattern is separated into single diffraction peaks first, since this method focuses on
individual profiles. This separation can be achieved by a special program, namely MKDAT.

During fitting, the intensities of diffraction peaks are not interpreted physically, thus the intensity of
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measured profiles, Fourier-transforms, and fitting theoretical functions are normalized by
dividing their maximum values in the fitting procedure. The theoretical functions of MPW and
the detailed fitting procedures can be found in Refs. [29-31].

Tensile tests were conducted along the extrusion direction on a Zwick/Roell Z100
instrument using a strain rate of 10“ s at the room temperature. The dog-bone specimens with
the gauge dimensions of 2 x 3 x 15 mm?® was used. The values of mechanical properties of the

samples given in Table 2 are the average of 3 measurements.
2.4 Edge-to-edge matching (E2EM) modeling and first-principales calculations

The E2EM model considers that the maximum atomic matching across an interface between
two crystals can be achieved through matching along atomic rows (matching directions) that are
normally along the close packed or nearly close packed directions in both crystals. These atomic
rows are contained in planes (matching planes) that are also close packed or nearly close packed.
The atomic matching is defined by the misfit along the matching directions and the mismatch
between the matching planes. The major advantage of the E2EM model over other
crystallographic models is its capacity to deal with crystals with complicated structure [32]. The
matching directions and matching planes of the crystals can be identified and the corresponding
misfits and mismatches can be calculated and possible crystallographic orientation relationships
between any two phases can be investigated [33,34].

First-principles calculations were performed with the Vienna Ab initio Simulation Package
(VASP) code [35,36] implementing the projector augmented wave method. The exchange and
correlation effects are described by generalized gradient corrections proposed by Perdew et al.
[37]. The cut-off energy for the plane-wave expansion was set as 500 eV for all the calculations,
together with accurate precision using in VASP. The convergence criteria for the total energy
and forces were set to 10~ eV/atom and 1072 eV/A for all the structure relaxation, together with
Methfessel-Paxton smearing scheme of order 2. For interface models containing more than 100
atoms, only Gamma point was used in k-mesh, as well as only ionic positions are allowed to
relax. The real-space projection scheme was used for cells containing more than about 30 atoms.

The work of adhesion (Wyq) is usually used to investigate the stability of the interface. Larger
value of work of adhesion means stronger cohesion of the interface. As an example, the W4 of

TiB,/Al interface is calculated as:



1
W = ;(EAI + ETiBQ- Eint) (1)

where A is the area of the interface, E; is the energy of Al slab, Er;p, is the energy of TiB; slab,

and E;,,; is the energy of the interface model.

3. Results and analysis
3.1 Microstructure characterization

Fig. 1 shows the equiaxed grain structures of the 7075AI-PA and TiB,/7075Al-PA samples
in three dimensions. The average grain sizes in the ED, LT and ST directions of the 7075-PA
sample are very close of around 4.41, 4.00, and 3.94 um, respectively. Comparatively, the
TiB,/7075AI-PA sample also has a uniformly distributed grain structure; however, the average
grain sizes in the ED, LT and ST directions are smaller of around 2.67, 2.51, and 2.98 pum,
respectively. Note that the grain structure and size of the 7075AI-WQ and TiB,/7075AI-WQ
samples are almost the same as their corresponding 7075AI-PA and TiB,/7075AI-PA samples.

They are not shown here for the reason of simplicity.
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Fig. 1 Grain structures of the 7075AI-PA and TiB,/7075Al-PA samples: (a) and (b) reconstructed
3D inverse pole figure maps of the 7075AI-PA and TiB,/7075AI-PA samples, respectively; (c-e)
corresponding grain size distributions of C, D, and E cross-sections in (a); (f-h) corresponding
grain size distributions of F, G, and H cross-sections in (b); ED, LT and ST in (a) and (b)
indicate extrusion, long transverse and short transverse directions, respectively.



Fig. 2 shows the distribution and morphology of TiB, particles in the TiB,/7075AI-WQ and
TiB,/7075AI-PA samples. For the TiB,/7075AI-WQ sample, the TiB, particles are distributed
uniformly in the grain interior (Fig. 2(a-c)). According to our previous study, the size distribution
of TiB, particles in such a composite prepared by in-situ synthesis follows a log-normal
distribution [38]. It was also quantitatively determined by SRXRD that the majority of TiB,
particles range from several tens to hundreds of nanometers in diameter, and the average radius
size is about 50 nm [38]. The typical TiB, particle has a facetted shape with identified basal,
prismatic and pyramidal facets, which corresponds to {0001}, {0110} and {0111}, respectively
(Fig. 3(a)). For the TiB,/7075AI-PA sample, the homogeneous distribution of TiB, particles in
the grain interior remains unchanged, and the interface precipitation phenomena are largely
visible (Fig. 2(d-i)). Since the TiB,/Al interface is tightly bonded and free of oxides due mainly
to in-situ formation. The PA treatment facilitates the precipitation of IP at the TiB,/Al interfaces
following the specific orientation relationships between TiB, and Al matrix as will be discussed
later in section 3.2. Due to the introduction of IP, the TiB,/IP/Al multi-interface (i.e. sandwich
structure) forms in the TiB,/7075Al-PA sample (Fig. 3(a)). The EDS maps of Zn, Mg and Cu
elements show that this IP is Zn, Mg and Cu rich (Fig. 2(f-i)). The FFT pattern of this IP matches
well with the structure of Mg(Zn;5Cugs) phase, as shown in Fig. 3(b) (Hexagonal, a = 5.124, ¢ =
16.820 A, P63/mmc, No. 194) [39]. Moreover, the measured interplanar spacing of the (0004)
and (1120) planes of IP are 0.420 nm and 0.254 nm, respectively, which also agrees with that of
the Mg(Zn15Cugs) phase (Fig. 3(c) and 3(d)). Thus, this IP is determined as the Mg(Zn;sCugs)
phase. Regarding this, more details can be found in our previous study [33].
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Fig. 2 Distribution and morphology of TiB; particles in (a-c) the TiB,/7075AI-WQ and (d-i) the
TiB,/7075AI-PA samples: (a-b) TEM bright-field and STEM-HAADF images showing the
uniform dispersion of TiB, nanoparticles in the grain interior; (c) the corresponding EDS map of
Ti element of (b); (d-e) TEM bright-field images showing the uniform dispersion of TiB;
nanoparticles in the grain interior of the TiB,/7075Al-PA sample; (f-i) the corresponding EDS
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maps of Ti, Zn, Mg and Cu elements of (e); (j-n) the magnified STEM-HAADF image and
corresponding EDS maps of Ti, Zn, Mg and Cu elements in region 3 of (e). The interfacial
precipitation phenomena are observed in the TiB,/7075AI-PA sample, and some of them are
represented by dashed white circles numbered 1-5. Note that high magnification is necessary to
reveal Cu enrichment in the interface area with tiny interphase of a few nm in size, since the content of
Cu is much lower than those of Zn and Mg in (Zn1.5Cu0.5)Mg interphase.

Interphase

[101] Al <— Interphase 10 nm

Fig. 3 The interfacial precipitation phenomenon and identification of IP in the TiB,/7075Al-PA
sample: (a) STEM-HAADF image showing the TiB,/IP/Al sandwich structure; (b) fast fourier
transform (FFT) of IP of the red area A in (a); (c) and (d) inverse FFT (IFFT) images of IP of the
red area A in (a) with using different reflection pairs selected in corresponding FFT patterns in
insets.
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In addition to IP, a high density of homogeneously distributed finer nanoprecipitates are
also precipitated within the Al grains away from the TiB,/Al interfaces (Figs. 2(d), 2(e) and 4(a)).
They are fully coherent with the Al matrix, including plate-like GP zones and rectangle 1’ phase
(Fig. 4). The average radius size of these nanoprecipitates is about 3 nm in Fig. 4(a). In the study
of Liu et al. [40], the average radius size and volume fraction of nanoprecipitates in Al-6.7Zn-
2.3Mg-2.4Cu (wt.%) alloy after PA, measured by small angle X-ray diffraction, are around 2.81
nm and 1.41%, respectively. Comparatively, our material has the very similar chemical
composition and average radius size of nanoprecipitates. Thus, the volume fraction of 1.41% and

the average radius size of 2.81 nm are reasonably proposed to estimate the precipitation

strengthening increment in the following discussion.
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Fig. 4 STEM-HAADF images of precipitates in TiB,/7075AI-PA sample: (a-b) plate-like GP
zones and rectangle 1’ phase; (c-e) the corresponding FFT images of A, B, C areas in (b). Here A,

B and C represent Al matrix, )’ phase and GP zones; respectively.

3.2 TiB,/Al interface tailoring

Two common crystallographic orientation relationships between TiB; particle and Al matrix
have been reported in our previous study [33]. One is [2110]rig, // [101]a, (0001)vig, // (111)a,
and the other is [2110]rig, // [101]a1, (0110)tig,// (111)a (Fig. 5). Due to the introduction of IP,
the crystallographic orientation relationships between TiB, particle and Al matrix changes. High
resolution STEM-HAADF images (Fig. 5(a) and 5(c)) revealed the coherency evolution of the
interfaces between TiB, and Al matrix before and after PA treatment. Formation of the
TiB,/IP/Al sandwich structure through interfacial precipitation during the PA treatment
significantly enhanced the TiB,/Al interface coherency. For example, the original TiB,/Al
interface parallel to the prismatic {0110}ig, facet shows a high mismatch of 38.03 % (Fig. 5(a)
and 5(b)), while the newly formed TiB/IP interface (0110)ris, // (1128);r and IP/Al interface
(1124)p /1 (111)a; show much lower mismatch values of 2.94 % and 0.08 %, respectively (Fig.
5(c) and 5(d)). Here, the calculation process of misfit dislocation interval is as follows. It
assumes d, and dg are the unstressed interplanar spacings of matching planes in the o and g
phases respectively, the mismatch o between the two lattices (d) is defined by Eq. (2) [41]:
§ = (dp — do)/dg
)
where the lattice misfit can be completely accommodated by a set of edge dislocations with a
spacing D given by Eq. (3) [41]:
D =dgls . (3)
Hence, take (0110)yig, interface plane as an example. Where da = 0.234 nm, drig2 = 0.323 nm
[42], the mismatch can be calculated to be ¢ = (drigz - da))/dar X100% = 38.03%, while the misfit

dislocation interval can be obtained as D = dtig2/0 = 0.85 nm.
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Fig. 5 Atomic structure of the representative TiB,/Al interfaces and TiBglM(Zn1,5Cuo,5)/AI
multi-interfaces showing the interfacial coherency evolution. High resolution STEM-HAADF
images of (a) the TiB,/Al interface parallel to the prismatic {0110} facet and (c) the
TiBo/Mg(Zny 5Cugs)/Al multi-interfaces (0110)rig, // (1128)p and (1124)p // (111)as; (b) and (d)
are the corresponding IFFT images of (a) and (c), respectively, to highlight interface misfit
dislocations and coherency. The projection axes are [2110]+ig, // [101] a1 and [1100]p // [2110]tig,
/[ [101]a;, respectively.
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interfaces showing the interfacial coherency evolution. High resolution STEM-HAADF images
of the TiB,/Al interface parallel to (a) the basal {0001} and (c) pyramidal {0111} facets of TiB,
nanoparticles; (b) and (d) are the corresponding IFFT images of (a) and (c), respectively, to
highlight interface misfit dislocations. The projection direction is [2110]tis, / [101]a. High
resolution STEM-HAADF images of the TiB,/Mg(Zn1sCugs)/Al multi-interfaces, including the
IP/Al interfaces (0008)p // (020)ai, (1120)p 3° from (202)ai, and TiB,/IP interface (0111)tig, //

(0008)p; (1), (g) and (h) are the corresponding IFFT images of zoom-zone f, g and h, accordingly,
to highlight interface misfit dislocations. The projection axis is [101]ai// [1100]p // [2110]rig,.

The interfacial coherency of the rest of TiB,/Al interfaces is given in Fig. 6(a-d). For the
TiBy/Al interfaces parallel to the basal {0001} facets (Fig. 6(a)) and pyramidal {0111} facets
(Fig. 6(c)) of TiB, nanoparticles, the projected interplanar distances give a mismatch of 5.87 %
and 38.03 %, respectively. The interfacial coherency of the rest of TiB,/Mg(Zn1.sCugs)/Al multi-
interfaces is given in Fig. 6(e-h). Notably, the atomic structure of the IP in the zone near growth
front is slightly different from the typical structure of Mg(Zn;sCups) phase, i.e., shows a
transition feature (Fig. 6(e)). From the growth front to the relatively early formed zone of the IP,
the (0008);r plane gradually deviates up to 3° away from the initial direction being completely
parallel to (020)a;, while its interplanar spacing increases from 0.203 to 0.210 nm. Similar

structure evolution of the (1124),» plane is also observed where its interplanar spacing decreases
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from 0.234 to 0.219 nm. Here, it should be noted that the precipitation of (Zn;sCugs)Mg
interphase involves the formation of precipitates with a different composition compared to the Al
alloy matrix, therefore long-range diffusion is required [41]. This is a continuous and time-
consuming phase transformation process featured by thermally activated atomic movements [41,
43]. As such, a metastable transitional zone should exist at the growth front of interphase.
Considering the (Zn;sCuos)Mg interphase grew based on (0008), planes along the growth
direction <0001>p, its growth front is (0008),p//(020)a interface planes. Hence, the atomic
structure at the (0008)p//(020)4 interface (i.e., the metastable transitional zone) is slightly
different from the ones at the zones away from it (i.e., the stable zone). In this way, as is shown
in Fig. 6, the interplanar spacings of (0008);, and (1124)p are 0.203 nm and 0.234 nm
respectively at the (0008)p // (020), interface (i.e., the metastable transitional zone), while the
ones at the zones away from it (i.e., the stable zone) are 0.210 nm and 0.219 nm respectively,
that is, the typical interplanar spacings of (Zn;sCuos)Mg interphase. For the (0008)p//(020)a
and (1124)p// (111) interface planes at the growth front of (Zn15Cugs)Mg interphase, 0.203 nm
and 0.234 nm are used to calculate the interface mismatch, while the typical 0.210 nm and 0.219
nm are used to calculate the interface mismatch of (0008)//(020)a and (1124)e // (111)a
interface planes away from the growth front of (Zn;sCugs)Mg interphase. The interface (0008),p
/I (020)4 is thereby fully-coherent with no misfit dislocation observed (Fig. 6(f)), which is
different from the theoretical mismatch value 6.85 %. For the other IP/Al interface (1120),p 3°
from (202)a, the two observed misfit dislocations give a mismatch of 3.31 % (Fig. 6(g)). The
IP/TiB; interface (0008)r // (0111)tig, displays four misfit dislocations (Fig. 6(h)), suggesting
that the observed IP was not directly nucleated at this interface considering the precipitation
kinetics and the very high mismatch of 60.74 %. The detailed interface coherency results are

summarized in Table 1.
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Table 1 Coherency of the TiBy/Al interfaces and TiB,/Mg(Zn;1sCuqs)/Al multi-interfaces. Note that high,
intermediate and low interface coherency are defined as the interface mismatch below 5%, in the range 5-25%
and above 25%, respectively.

Samples Interface Interface Interface Muisfit dislocation Interface
P type planes mismatch (%) interval (nm) coherency
(0001)tig, // (111)a 5.87 4.15 Intermediate
TiB,/7075AI-WQ  TiBy/Al  (0110)ig, 38.03 0.85 Low
(0111)rig, 38.03 0.85 Low
TiBy/Al  (0001)tig, // (111)a 5.87 4.15 Intermediate
(1124)p /1 (111)p 0.08 322.99 High
IP/Al 0008)p// (020 0 - High
TiB,/7075AI-PA (0008)yr 4 (020} 9
(1120)p 3.31 6.35 High
_ (0110)rig, //(1128)p 2.94 11.35 High
TiB,/IP _
(0111)rig, // (0008),p 60.74 0.68 Low

3.3 Mechanical properties and work hardening behavior

Room temperature tensile tests were carried out on the 7075AI-PA, TiB,/7075Al-WQ and
TiB,/7075AI-PA samples, and compared with the commercial AA7075 Al alloys reported in Ref.
[44] (Fig. 7). Our 7075Al-PA sample exhibits very similar stress-strain curve compared to that of
the AA7075AI-PA sample in Ref. [44]. But, both the TiB,/7075AI-WQ and TiB,/7075Al-PA
composite samples show higher yield stress and ultimate tensile strength (UTS) than their matrix
counterparts, while maintaining a high uniform elongation (Table 2). For example, the yield
stress and UTS of the AA7075AI-PA sample in Ref. [44] are respectively 452.3 MPa and 548.2
MPa, but they are increased to 610.5 MPa and 676.4 MPa in the composite with nearly the same
uniform elongation values of around 12.0 % in both materials. Compared with the reported
tensile properties of various Al-based materials (Fig. 7(b)), which generally show an inverse
relationship between the strength and ductility, it is clear that our TiB,/7075AIl-PA composite
stands out from the trend showing the superior combination of strength and ductility. This
demonstrates the success of our design strategy in breakthrough the strength-ductility trade-off.
In addition, the large scale of the as-FSPed bulk samples (Fig. S1) indicates that the proposed
processing processes are upscalable for removing the limit of sample size. Fig. 7(c) and 7(d)
shows the fracture appearance of the 7075AI-PA and TiB,/7075Al-PA samples. The fracture
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morphology is mainly dominated by fine and equiaxed dimples, indicating that the fracture

process is mainly controlled by ductility behavior associated with dislocation activities.

(a) b 8 @ CGAl @ AAAI

TiB,/7075A1-PA 800 R A CSAl & BGAI

] V UFG/nc Al € AM Al

P MCP/Al Composite

Il CNP/Al Composite

* @ CNT/Al Composite
* This work
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Fig. 7 Mechanical properties and the corresponding fracture appearance: (a) room-temperature
tensile stress-strain curves of the TiB,/7075AI-WQ and TiB,/7075AI-PA composites and the
commercial AA7075 Al alloys. The start of yield strength and the end of uniform elongation are
marked by circles and hollow squares, respectively; (b) summary of yield stress versus uniform
elongation of various Al materials, including coarse-grained Al alloys (CG Al) [45], commercial
Al alloys (AA Al) [44], cyclic strengthening processed Al alloys (CS Al) [44], ultra-fine
grained/nanocrystalline Al alloys (UFG/nc Al) [45,46], heterogeneous structure Al alloys (HS Al)
[47,48], additively-manufactured Al alloys (AM Al) [49,50], micron or submicron scale ceramic
particles reinforced Al alloys matrix composites (MCP/AI composites) [51,52], CNPs reinforced
Al alloy matrix composites (CNP/AI composites) [53,54], carbon nanotube reinforced Al alloy
matrix composites (CNT/Al composites) [47,55,56], and TiB,/7075Al composite (this work).
The red dashed line approximately represents the boundary of strength-ductility; (c-d) fracture
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appearance of 7075AIl-PA and TiB,/7075AI-PA samples, and the inset images in (c) and (d) are
corresponding high magnification images.

Table 2 Summary of yield stress, UTS and uniform elongation values determined from the tensile curves
shown in Fig. 7.

Samples Yield stress (MPa) UTS (MPa) Uniform elongation (%)
AAT7075-WQ [44] 1485+6.4 375.0+9.9 204+12
AAT075-PA [44] 4523225 548.2 +£10.7 12.0+0.7

TiB,/7075AI1-WQ (This work) 277.0+354 506.8 £4.7 23.1+29
TiB,/7075AI-PA (This work) 610.5+6.4 676.4+5.8 115+0.2

The evolution of dislocation density, p, during tensile deformation can be described by

using Kocks-Mecking model [57]:
dplde=kalp-Kp 4)

where k, is a constant that represents the dislocation storage due to dislocation-dislocation
interaction; k, represents a reduction in dislocation caused by dynamic recovery. The flow stress
due to the variation of dislocation density (i.e. dislocation strengthening), o5, during tensile

deformation can be denoted using the Taylor equation [58]:

o, =aGbM +fp (5)
where a is a constant, o = 0.2 [59]; G is the Shear modulus, G = 26.9 GPa for 7075 Al [59]; b is
the Burgers vector, b = 0.286 nm for face-centered cubic (FCC) Al; M is the Taylor factor,
M=3.06 for FCC polycrystalline matrix. The well-known Voce equation is used to establish the

relationship between o, and plastic strain P [60]:

o ZGS—O'SEXD[—(HO/O'S)'SPJ (6)

ds

where o° is the saturated stress, 65 = aGbMk, /k,. It should be noted that the total flow stress
Ororar 1S cCONsisted of dislocation strengthening and other strengthening (such as solution
concentration, grain boundary strengthening and particle strengthening). During tensile
deformation, the dislocation strengthening depends on strain accumulation, and the other
strengthening can be regarded as constant. Therefore, the work hardening rate, 6, is denoted

based on Egs. (4), (5) and (6)

0=do,,/de’ =do, /de’ =0,(1-0

total ds

wlo’) ()
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where 0, is the initial work hardening rate, 8, = aGbk,M? /2. After differentiating with g,y;4;,
it obtains:

01c,,=01c, =Mk,/?2 (8)

total

where it can be inferred that the slope of work hardening rate versus flow stress (Fig. 8(a) and
8(b)) represents the dislocation dynamic recovery rate. The work hardening rate of the
TiB,/7075-PA composite is higher than 7075AI-PA, and a higher slope on the work hardening
rate curves is obtained in the TiB,/7075-PA composite than the 7075-PA alloy (Fig. 8(b)). Since
the curve slope represents the dynamic recovery rate of dislocation according to theory described
by Egs. (4-8) and the values of k; of the 7075AI-PA, TiB,/7075-WQ and TiB,/7075-PA are 7.54,
5.75 and 14.29; respectively. The value of k; of the TiB,/7075-PA sample is much higher than
the 7075AI-PA and TiB,/7075-WQ samples, indicating that the dislocation dynamic recovery
rate of the TiB,/7075-PA sample is much higher than the other two samples.
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Fig. 8 Variation of work hardening rate versus flow stress with yield stress subtracted for (a)
TiB,/7075AI-WQ, (b) 7075AI-PA and TiB,/7075-PA samples

4. Discussion
4.1 Utilizing IP for improving interface coherency and interface strength

The precipitation behavior during PA is influenced due to the existence of high misfit
TiB,/Al interfaces in the TiB,/7075Al-WQ composite. On the one hand, the TiB,/Al interfaces
can be preferred sites for promoting the heterogeneous precipitation, since the energy barrier for

the heterogeneous precipitations at the TiB,/Al interfaces reduces compared with the
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homogeneous nucleation in the Al matrix away from the interface [41]. On the other hand, the
stress field induced by highly-dense misfit dislocations at the TiB,/Al interfaces could provide
the driving force for the migration of solute atoms and vacancies to interface, which is beneficial
for the nucleation of the IP at the TiB,/Al interfaces [61,62]. Therefore, due to the above two
reasons, the IP occurs at the TiB,/Al interfaces during PA.

Our results show that the interface coherency is improved due to the introduction of IP (Figs.
5 and 6, Table 1). Here, the E2EM model was applied to calculate the mismatches, and therefore
to predict orientation relationships between phases in the TiB,/IP/Al sandwich structure. From
the powder diffraction file database [42], Al has a simple FCC lattice structure with a = 0.40494
nm; TiB, has a simple hexagonal lattice structure with a = 0.3038 nm and ¢ = 0.3262 nm and
belongs to P6/mmm space group. The Mg(Zn1.5Cugs) also has an hexagonal lattice structure with
lattice parameters a = 0.5124 nm and ¢ = 1.682 nm and space group of P6s/mmc. Each unit cell
contains 12 Zn atoms, 8 Mg atoms and 4 Cu atoms. Based the crystallographic data, the
crystallography of the TiB, nanoparticle, 7075Al matrix and the Mg(Zn;5Cugs) formed in
between is predicted [33,63]. Fig. 9 shows the predicted orientation relationships (expressed by
one direction parallelism and one plane pair) and the calculated misfits along the matching
directions and mismatches between the matching planes among TiB,, IP and a-Al phases. The
blue bars within the triangle indicate values of mismatch between the matching planes, which is
accommodated by a rotation of one of matching planes about the matching direction. Green bars
outside of the triangle show the misfits along various matching directions, which defines the
maximum size of particles to retain coherency with the matrix. Lower misfit values along the
matching directions between TiB,/Al and IP than that between the Al and TiB, imply the
preference of the formation of IP in between the Al and TiB,. The result in Fig. 9 further
demonstrates that the interface coherency of TiB,/Al interfaces is improved due to the
introduction of IP, which agrees well with the experimental results shown in Figs. 5 and 6 as
well as Table 1.
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Fig. 9 Calculated values of misfit along matching directions and mismatch between matching
plane among Al, TiB; and IP using the E2EM model.

Further, the first-principles calculations in Fig. 10 are used to illustrate that the interface
strength increases along with the interface coherency. It was used to bridge the gap between the
above-mentioned interface coherency and interface strength being unachievable experimentally.
For example, considering the mismatch value of the TiB./Al interface of 38.03 % in the
TiB,/7075AI-WQ sample (Table 1), such an interface was treated as constrained with Al lattice
constants. Thus, the calculated works of adhesion (W.q) are 2.9356 J/m? for B-terminated (case
No. 1) and 2.0706 J/m? for Ti-terminated interfaces (case No. 2). It is observed from the atomic
snapshots that Al atoms in B-terminated interface are relocated, making a stronger interface
compared with Ti-terminated one. Comparatively, the mismatch value of the Al/IP interface is as
low as 0.08 % in TiB,/7075AI-PA sample. Thus, the calculated W,y of this interface with
different lattice constraints is within 2.237 ~ 1.9194 J/m® As shown by the atomic snapshots in
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the cases No. 3 and 4, the movement of Al atoms at the interfaces is limited after relaxation.
Regarding the IP/TiB; interface, the observed mismatch value is 2.94 %, higher than the Al/IP
interface while much lower than the initial TiB,/Al interface. The calculated W,q of the IP/TiB,
interface is diverged using different terminations. For example, the Wy of the Ti-terminated
TiB, interface with Cu-segregated IP is just 2.0779 J/m? (case No. 5), almost the same as with
the Ti-terminated TiB,/Al interface. However, the W,y of the B-terminated TiB; interface with
Cu-segregated IP is 3.8412 J/m? the largest value obtained in the present calculations (case No.
6). The corresponding atomic snapshots of the cases Nos. 5 and 6 also show that just like the B-
terminated TiB,/Al interface, relocated metal atoms in the interface area make the strongest
interface among all the investigated interfaces. Furthermore, to clarify the role of different
elements to the interface strength, the interactions between Al and other element atoms were
calculated with dimers method and shown in Fig. 10(c). From Fig. 10(c), one can find that
Al/TiB; interface should much stronger than Al/MgZn; interface, and only after Cu atoms solute
into MgZn, to form Mg(Zn15Cugs), it is possible to form stronger interface than Al/TiB,. In
short summary, although the calculated W,y is dependent on the interface termination, the
general trend is that the higher interface coherency and the higher interface strength, and Cu

segregation facilitates interface strength.
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Fig. 10 (a) DFT relaxed interface models of the different TiB,/Al and TiB,/IP/Al interfaces (case
No. 1-6); (b) calculated work of adhesion (W_q) of case No. 1-6 (Data are listed in Table S1), and
(c) interaction between Al-X dimers

4.3 Strengthening mechanisms

Comparing with the unreinforced 7075Al counterpart, the possible factors contributing to the
strengthening increments in the TiB,/7075AI-WQ and TiB,/7075AI-PA composites are caused
by dislocation, precipitation, grain boundary, Orowan and load-bearing strengthening
mechanisms. The contributions to yield strength caused by above strengthening mechanisms are

discussed as follows:
(1) Dislocation strengthening

The dislocation densities in the TiB,/7075AI-WQ and TiB,/7075Al-PA samples before
tensile deformation are measured using SRXRD (Fig. S2), which are about 6.1x10" m? and

5.1x10" m?; respectively. The dislocation strengthening increment, o, in both samples can be
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estimated by using the Taylor equation (Eg. (5)). The values of g, in the TiB,/7075AI-WQ and
TiB,/7075AI-PA samples are estimated as 12 and 11 MPa; respectively (Table 4).

(2) Grain-boundary strengthening

The average grain size considering the three directions for the TiB,/7075AI-PA sample is
about 2.72 um (Fig. 1). Here, the Hall-Petch equation is used to estimate the grain-boundary
strengthening, oy, as given by [64,65]:

o, =kd " 9)

where k is Hall-Petch coefficient, k = 0.12 MPav'm for 7075 Al [59]; d is the average grain size,
d = 2.72 um. Since the grain size in TiB,/7075AI-WQ sample is almost same compared with
TiBo/7075Al-PA. Thus, both the values of gy, for TiB,/7075AI-WQ and TiB2/7075Al-PA
samples are considered as 72.8 MPa (Table 4).

(3) Solution strengthening

For the TiB,/7075AI-WQ sample, Zn, Mg and Cu solute atoms in the sample can promote

the solution strengthening. The solution strengthening, o, is governed by the Fleischer equation,
as given by [66]:
o, =MGbs2*e (10)
where &4 refers to the lattice strain due to the difference in atom size between the solute and
solvent, and the values are different for Zn, Mg and Cu (Table 3); c is the solute concentration in
the matrix. From Table 3, the contribution to yield strength caused by Zn, Mg and Cu is about
20.0, 42.8 and 33.1 MPa, respectively. The total solution concentration caused by these three
elements is about 95.9 MPa. For the TiB,/7075AI-PA sample, the solute concentrations of Zn,
Mg and Cu in the matrix are very low, since the precipitation of GP zones and 1’ during PA
decreases the solute concentration dramatically [67]. For simplicity, we do not consider the
solution strengthening in the TiB,/7075AI-PA sample (Table 4).

Table 3 Parameters used for calculating the solution strengthening caused by Zn, Mg and Cu. Here Ry, refers
to the difference in atomic radii between Al and other elements; oy is the yield strength increment per weight
percent; oy is the total contribution to yield stress due to solution strengthening.

Elements Raas (%) [59] oy (MPa/wt%) [59] ¢ (wt%) Oys (MPa)

Zn -6 2.9 6.9 20.0
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Mg 11.8 18.6 2.3 42.8
Cu -10.7 13.8 2.4 33.1

(4) Particle strengthening
The main particles are TiB, in the TiB,/7075Al-WQ sample, and particle strengthening
mechanism caused by TiB, particles is Orowan bypassing mechanism. The Orowan

strengthening increment caused by TiB,, a,,, is given as [59,68]:

In(2r /b
. —m 0.4Gb In(2r ) (11)

o zNl-v 1,

where 7 is the mean radius of a circular cross-section in a random plane of particle, 7 = /2/3r,

where r is the mean radius of the particles, r = 49.2 nm [38]; v is the Poisson’s ratio, v = 0.33
for 7075 Al [59]; 4, is particle spacing and can be denoted as A, = 27(\/W — 1) [59,68],
where f is the volume fraction of TiB, particles and f = 0.022. Thus, the value of particle
strengthening increment o), is the value of o, for TiB,/7075Al-WQ sample, and this value is
about 51.7 MPa according to Eq. (11) (Table 4).

However, the particle strengthening increment are caused by both TiB; and precipitates (GP
zones and n’) in the TiB,/7075Al-PA sample (Fig. 2(d) and 2(e)). The particle strengthening
increment caused by TiB, is the same as in the TiB,/7075AlI-WQ sample, since the
characteristics of TiB; particles can be assumed to be very similar in both samples. According to
the previous studies, particle strengthening caused by GP zones and 1’ is governed by Orowan
bypassing mechanism or shearing mechanism, and the one causing a smaller strengthening
increment is the operative mechanism [59,68]. The shearing mechanism mainly contains
coherency strengthening, modulus mismatch strengthening and order strengthening, which are
denoted as [59,68-71]:

o - Mag(ch)m(O.;;bj (12)

o, =MO0.0055(aG)"" {Z—f}m{bsmw (13)
o (371

o, =MO0.81 - L » J (14)
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where a, is a constant, a, = 2.6 for FCC metals [59]; €. is the constrained lattice parameter
misfit, . = 0.3 for 7075 Al [59]. AG is the different on shear modulus between precipitates (G,
= 25 GPa [72]) and matrix (Gm = 26.9 GPa [59]), AG = 1.9 GPa; m is a constant, m = 0.85 [59];
Yapp 1S the antiphase boundary energy of the precipitates, y,,, = 0.183 J/m?[73]. The dominant

shearing strengthening mechanism depends on the larger values of \/ 62 + g2 and g, [59]. The
Orowan bypassing mechanism caused by precipitates (GP zones and ') is also determined by Eq.

(11). Thus, the particle strengthening caused by precipitates, g, is given as:

aps=sma|l{|arge(«/a:s+a:]s, o—os),o—ob}. (15)

Here we use the values of 2.81 (the value of r) and 1.41% (the value of f) to estimate the particle

strengthening increment caused by precipitates. The values of \/o2 + 02, g5 and a,, caused
by precipitates are about 18.5 GPa, 102.2 MPa, 342.4 MPa; respectively. Thus, the particle
strengthening caused by precipitates is 342.4 MPa and the operative particle strengthening is
Orowan strengthening. The total particle strengthening caused by both TiB; and precipitates (GP
zones and ") is 394.1 MPa.

(5) Load-bearing strengthening

Since both TiB,/7075AI-WQ and TiB,/7075AI-PA samples contain the TiB, ceramic
particles as the reinforcement phase, it should consider the load-bearing strengthening, o,
caused by the TiB, particles as given by [74]:
c.=15fc, (16)
where g; is the interfacial bonding strength; o; refers to the interface strength of TiB,/Al in the
TiB,/7075AI-WQ sample and that of the TiB,/IP/Al multi-interfaces in the TiB,/7075Al-PA
sample. However, it is only known qualitatively that the interface strength of TiB,/IP/Al
enhances from the first-principles calculations (Fig. 10), and no approximate values on interface
strength of TiB,/IP/Al multi-interfaces can be referenced from the existing studies. Thus, it is
difficult to estimate the load-bearing strengthening increment o;; caused by TiB, particles in the
TiB,/7075AI-PA sample according to Eqg. (16). Based on the above analysis, the total yield
strength can be estimated as:

(17)

o

=0, +tO0 + o +o__ +0 + o
total 0 ds gs ss ps Is

where g, is the friction stress, 0,=20 MPa [75].
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In Table 4, it can be easily back-calculated from the experimental yield stress value that the
values of g;, in the TiB,/7075AI-WQ and TiB,/7075AI-PA samples are about 24.6 and 112.6
MPa, respectively. The value of g} in TiB,/7075AI-PA sample is nearly fivefold higher than in
the TiB,/7075AI-WQ sample. It is indicated that the strengthening increment due to load-bearing
strengthening mechanism increases significantly when the TiB,/IP/Al multi-interface forms.

Table 4 Different strengthening increments in the TiB,/7075AI-WQ and TiB,/7075AI-PA samples

Samples Oy Ogs Ogs Ogs Ops Oys Ototal Experiments
TiB,/7075AI-WQ 20 12 72.8 95.9 51.7 24.6 - 277.0
TiB,/7075AI-PA 20 11 72.8 - 394.1 112.6 - 610.5

4.3 Mechanisms accounting for the extraordinary ductility

The Considere criterion describes that the plastic instability occurs when the work
hardening rate is below the true flow stress. The normalized work hardening rate is expressed as:
©=Q1/c) 00 /d¢ (18)
where ¢ is the true flow stress and ¢ is the true strain. The plastic instability (i.e. necking) appears
when the normalized work hardening rate ® < 1. Apparently, to stabilize the uniform tensile
plastic deformation before necking, ® has to stay high enough to match with the increased stress
o avert the instability. A high work hardening rate, i.e., the continuous storage and multiplication
of dislocations during plastic deformation, is thereby the key factor to acquire high ductility [76].
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11,200 nm

Fig. 11 STEM-HAADF images showing the dislocations of TiB,/7075Al-WQ and TiB,/7075Al-
PA samples after 1.5% tensile strain: (a) TiB,/7075A1-WQ sample; (b) TiB,/7075Al-PA sample;
(c) the TiB,/IP/Al sandwich structure of TiB,/7075AI-PA sample; (d-i) the IFFT images of six A,
B, C, D, E and F red areas in (c) with reflection pairs selected in corresponding FFT patterns in
insets. The white arrows in (a) and (b) are Orowan loops.

Fig. 11 shows the dislocations of the TiB,/7075AI-WQ and TiB,/7075AI-PA samples as
well as the dislocation structure of a typical TiB,/IP/Al interface after 1.5% tensile strain. It is
shown that lots of Orowan loops (white arrows) form after deformation (Fig. 11(a) and 11(b)),
but the number of Orowan loops in TiB,/7075AI-PA is higher than TiB,/7075AlI-WQ sample.
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Fig. 11(c-i) shows the the IFFT images of the selected areas next to the interface, and no
dislocations are observed from the six areas, indicating that no evident dislocation pile-ups at the
IP/Al and TiB,/Al interfaces during deformation. Fig. S3 also shows the IFFT images of these
six areas with other reflection pairs, and no dislocations are observed at the IP/Al and TiB,/Al
interfaces.

The influence of TiB,/IP/Al interface on dislocation motion mode is illustrated in Fig. 12.
Fig. 12(a) and 12(b) schematically show that the TiB,/Al interface is modified due to the
appearance of IP. Fig. 12(c) and 12(d) show the dislocation structure evolution at CNP/AI and
CNP/IP/AI interfaces during tensile deformation. The dislocation multiplication and motion in
the matrix at the beginning of plastic deformation occurs in both cases. When encountering
CNPs, although some gliding dislocations can form Orowan loops surrounding the CNPs, lots of
dislocations are trapped by the TiB,/Al interfaces (Fig. 12(c)). While for CNP/IP/AI interfaces,
most gliding dislocations form Orowan loops surrounding the CNPs, and fewer dislocations are
trapped by the CNP/IP/AI interfaces (Fig. 12(d)). It is because that the interfaces with higher
misfit exhibit lower shear resistance than the ones with lower misfit, since the intersections of
misfit dislocations can act as preferred sites to form interface dislocation loop [77,78]. Thus, the
lattice dislocations from the matrix will be attracted by the interface dislocations when the
interface shears to response to the stress fields nearby the lattice dislocations. When the absorbed
dislocations are across the interface, they can re-nucleate and bow out onto the outgoing slip
systems. As this process needs thermal activation, it is usually hard to occur [77]. Therefore,
more numbers of Orowan loops form within CNP/IP/Al interfaces in the TiB,/7075AI-PA
sample. This explains why no dislocations are observed at the TiB,/IP/Al interfaces in the
present work (Fig. 11(c-i) and Fig. S3)

With the increase in plastic deformation, both the accumulated Orowan loops and the piled-
up dislocations appear at the CNP/AI interface (Fig. 12(c)). Previous studies showed that
dislocations are prone to pile up at high misfit interfaces between particles and matrix [46,77-79].
Since these piled-up dislocations are not recovery and not easy to transmit across, the dislocation
saturates quickly, reducing the work hardening rate. Furthermore, trapping of dislocations at
interface limits the number of Orowan loops (Fig. 11(a)). Thus, strain localization takes place at
the interfaces when the piled-up dislocations at CNP/AI interface reach a certain of level,

advancing the appearance of plastic instability (Fig. 12(c)) and lowering ductility.
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Fig. 12 Schematic illustrations of the proposed PAIT mechanism in the CNP/7075AIl composite:
(a) high mismatch CNP/AI interfaces are tailored by interface precipitation during the peak aging
treatment; (b) overview of both tailored CNPs along with homogeneous nanoprecipitates
dispersed in the matrix during peak aging; (c) and (d) dislocation structure evolution of MMCs
without PAIT and with PAIT mechanisms during plastic deformation, respectively.

However, with the increase of deformation, most of dislocations are accumulated
surrounding the CNP/IP/Al multi-interfaces in terms of Orowan loops (Fig. 12(d)), which differs
from the high mismatch CNP/AI interface. With further increasing the strain, the accumulated
Orowan loops can relieve internal stress without strain localization at CNP/IP/Al interfaces since

the Orowan loops can decompose into prismatic loops [80,81] (Fig. 12(d)). The decomposition
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of Orowan loops also provides a new room for the dislocation multiplication and annihilation,
delaying the occurrence of plastic instability and achieving higher ductility (Fig. 12(d)).

To validate the above discussions, we measured the dislocation densities of the
TiB,/7075AI-WQ and TiB,/7075Al-PA samples after the tensile tests using SRXRD (Fig. S2).
Their initial dislocation densities are almost the same before tensile deformation. After tensile
fracture (measured next to fracture surface), the dislocation density of the TiB,/7075AI-WQ
(9.4x10" m?) is much higher than that of the TiB,/7075AI-PA (5.1x10™ m?). This verifies the
higher dynamic recovery rate of the TiB,/7075AI-PA sample, limiting the rapid increase in
dislocation density during tensile deformation. The activation of plastic relaxation mechanism
provides the new room for dislocation proliferation. Thus, the TiB,/7075-PA composite sustains
a relatively higher work hardening rate during deformation and possesses a good ductility.

In summary, the highly coherent IP is introduced to improve the interface coherency and
strength, so as to change the behaviors of dislocation motion and proliferation. As a result, the
TiB,/7075AI-PA composite with CNPs/IP/Al multi-interfaces has a higher dynamic recovery
rate of dislocation, and could provide new room for continuous dislocation proliferation and
annihilation, and thus leading to a higher work hardening rate. The mechanism for the strategy
used for enhancing strength and ductility is defined as precipitation-assisted interface tailoring
(PAIT) mechanism.

5. Conclusions
In this study, we proposed an effective strategy to break down the long-standing strength-

ductility trade-off in conventional MMCs by tailoring the CNP/matrix interface. We clarified the
PAIT mechanism of which the CNP/matrix interface with higher coherency can be designed by
the E2EM model and achieved by IP precipitation. Notably, only the acquisition of fine (a few
micron) equiaxed grains in the matrix is considered, which rules out the similarities compared
with any strategies ever reported in nanocrystalline materials and opens a new avenue to break
down the strength-ductility trade-off in engineering materials. The main conclusions are
summarized as follows:

(1) The TiB,/IP/Al multi-interfaces form due to the introduction of IP in the designed
TiB,/7075Al composite by using conventional and upscalable processing processes including
casting, FSP, hot extrusion with PA. This IP is identified as Mg(Zn; 5Cugs) phase.
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(2) The interface coherency and interface strength of TiB,/IP/Al multi-interfaces are
enhanced evidently compared with traditional TiB,/Al interface in MMCs. The original TiB,/Al

interface parallel to the prismatic {0110}+ig, facet shows a high mismatch of 38.03 %, while the
newly formed TiB,/IP interface (0110)vig, // (1128)p and IP/Al interface (1124)p// (111)a show

much lower mismatch values of 2.94 % and 0.08 %, respectively.

(3) The designed TiB,/7075Al-PA exhibits a higher combination of strength and ductility
(yield stress~ 610 MPa; uniform elongation~11.5%) due to the PAIT mechanism, which stand
out from most available Al-based materials. Due to the introduction of IP, the interface strength
of TiB,/IP/Al multi-interfaces increases, which leads to about fivefold load-bearing
strengthening increment compared with the conventional composite with only the TiB,/Al
interface.

(4) The highly coherent TiB,/IP/Al interfaces change the behaviors of dislocation motion and
proliferation. More dislocations are stored within such interfaces in terms of Orowan loops
during deformation, rather than being piled up within the TiB,/Al interface. As a consequence,
the designed composite exhibits the higher work hardening rate through effectively promoting

dislocation multiplication and annihilation, thus leading to a higher ductility.
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