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Abstract 

Aluminum alloys designed for laser powder bed fusion (L-PBF) often show a bimodal grain structure and a 

strong out-of-equilibrium character with heterogeneities developing at scales ranging from the melt pool, 

i.e several hundred microns, down to sub-nanometer. When subjected to post-fabrication heat treatments, 

microstructural evolutions arise at all scales. Herein are established the relationships between microstructure 

and mechanical properties at room temperature of a novel Al-4Mn-3Ni-2Cu-1Zr alloy, designed for L-PBF 

and subjected to direct ageing.  On the basis of a multiscale microstructural study using scanning-electron 

microscopy (SEM), automated orientation mapping in the transmission-electron microscope (TEM-

ACOM), atom probe tomography (APT), and synchrotron small-angle X-ray scattering (SAXS), we discuss 

and weigh the role of multiple strengthening mechanisms to the high strength of the material. In the stress-

relieved conditions (300°C/4h), the yield strength is about 320 MPa and solid solution strengthening 

accounts for nearly two third of the yield strength (~200 MPa) thanks to a very high content of Mn retained 

in solid solution (> 1.5 at.%) and, to a lesser extent, grain boundary strengthening. After ageing at 400°C/1h, 

the yield strength reaches 410 MPa. The additional contribution is brought by precipitation strengthening 

by L12-ordered Al3Zr. The composite effect due to the large fraction of relatively fine (< 1 μm) intermetallic 

particles (~30%) is highlighted and cannot be neglected. This work provides guidelines to further optimize 

the mechanical properties and thermal stability of Al-alloys designed for L-PBF. 

Keywords: Laser Powder Bed Fusion; Al alloys; Mechanical Properties; TEM; APT 
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1. Introduction 

Aluminum alloys are good candidates for weight saving due to their high specific properties. Laser 

powder bed fusion (L-PBF) has emerged as a promising additive manufacturing method to produce 

sophisticated geometries and reach additional weight reduction for automobiles or aircraft [1,2]. However, 

traditional high-strength Al alloys from the 2XXX [3], 6XXX [4], or 7XXX series [5] suffer from severe 

hot cracking when processed by additive manufacturing. To overcome this issue, two solutions have been 

proven to be efficient so far. First, increasing the building plate temperature to 500°C [6] reduces the thermal 

stresses responsible for cracking, but this results in the loss of the desired out-of-equilibrium character of 

the resulting microstructure. 

Second, grain refinement can alleviate hot cracking, since it helps to distribute thermal stresses over 

a larger number of interfaces. Several strategies have been proposed to promote the heterogeneous 

nucleation of Al grains at the melt-pool boundaries. The first strategy, inherited from casting, consists in the 

addition of extra particles such as TiB2 [7] or CeB6 [8] that act as direct nucleating agents. A second option 

involves the introduction of nanoparticles such as Zr-hydrides [5], [9], or Zr-oxides [10,11] which 

decompose during L-PBF processing thus adding Zr to the melt. Upon cooling, the L12-Al3Zr phase 

precipitates in the liquid and promotes the nucleation of Al grains through a peritectic transformation. 

Another way to refine the grain size is to introduce directly to the nominal composition of the alloy elements 

known to form a primary L12-Al3X phase, X = Zr [12–14], Sc, Ti [15,16], Ta [17], Nb [16,18,19]. This 

strategy is straightforward as the preliminary mixing stage is suppressed.  

Beyond the mitigation of hot cracking, other criteria have been included when designing Al alloys 

for L-PBF, in particular, to leverage the out-of-equilibrium processing conditions. In this context, new Al 

alloys to be fabricated by L-PBF have been introduced, with reports of outstanding room temperature 

mechanical properties, see e.g. Scalmalloy [20], Al-Mn-Sc [21,22], Al-Mg-Si-Sc-Zr [23], Al-Zn-Mg-Cu-

Sc-Zr [20]. Alloys with a superior strength - conductivity trade-off have also been designed [24,25].  

Alloys with a high-volume fraction of intermetallic particles (>10%) or strengthened through high-

temperature precipitation with thermally stable strengthening precipitates are often considered good 

candidates for high temperature applications (typically between 150 and 400°C). Additive manufacturing, 

and, in particular, L-PBF offers new opportunities to develop Al alloys for high-temperature applications. 

Indeed, the out-of-equilibrium processing conditions can be exploited to produce microstructures decorated 

with large fractions of fine intermetallic particles, or to achieve supersaturated solid solution of slow-

diffusing solutes, such as Zr, known to form thermally stable precipitates upon ageing during a post-

fabrication heat treatment. Those opportunities were recently emphasized by Michi et al. [26]. Alloys with 

substantial additions of Ce [27–32] and the Al-5Fe-6Cr also appear promising [33]. 

With the aim of designing an alloy that shows good mechanical properties with an enhanced thermal 

stability at room temperature (yield strength > 400 MPa) and that retains a relatively high strength (>250 

MPa) at higher temperatures (150°C-300°C), the Al-Mn-Ni-Cu-Zr system was explored. These alloys can 

take advantage of thermally stable strengthening precipitates and also present a large fraction of relatively 

fine intermetallics. The rationale behind the selection of this system was introduced in Ref. [34] but is briefly 

recalled below. Alloying elements with high vapour pressure such as Mg or Zn, often used in traditional 

high-strength Al alloys, tend to increase process instabilities and a loss of such elements may ultimately 

lead to a reduced precipitation strengthening. These alloying elements were thus excluded. Using only 

alloying elements with low diffusivity in Al prevents precipitation during printing, which is done typically 

at 100-200°C. 
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Understanding the mechanical properties of Al alloys designed for L-PBF is a challenging task, 

especially as the inherited microstructures show a strong out-of-equilibrium character with heterogeneities 

developing across a wide range of scales. One can see a 3D arrangement of melt pools at the macroscale, 

with fine equiaxed grains at the melt boundaries and columnar growth at the center, see e.g. [13,20,23,24]. 

Variations in local solidification conditions also result in heterogeneities at the intragranular scale, with a 

distribution of intermetallic particles that may evolve in morphology, size or fraction across the melt pool  

[20]. Ultimately, changes in local solidification conditions may also result in heterogeneities at the atomic 

scale. Indeed, solute trapping becomes more significant at the upper part of the melt pool because of the 

increase in solid-liquid interface velocity [13,14]. Thus, local variations of the supersaturated solid solution 

cannot be excluded. When such complex microstructures are subjected to heat treatments, changes from the 

grain scale down to the atomic scale are expected [20,21]. Investigating the microstructure-property 

relationships in such materials thus requires the monitoring of microstructural changes from the macroscale 

down to the atomic scale to be able to weigh the multiple synergistic strengthening mechanisms  

[20,21,23,35].  

The out-of-equilibrium processing conditions during L-PBF can be exploited to achieve 

supersaturated solid solutions, i.e beyond the solubility limits imposed by traditional processing routes, 

including a solution heat treatment. This idea questions the need for solutionizing and quenching prior to 

ageing. Here, two slow-diffusing solutes are included in the alloy composition, Mn and Zr. Mn is among 

the best solid solution strengtheners and shows some solubility in Al at the equilibrium (0.61 at.% in the 

binary system). The role of Zr is twofold, grain refinement via precipitation of the primary L12-Al3Zr phase 

and strengthening by the precipitation of a dispersion of finer-scale Al3Zr through post-fabrication ageing. 

Ni was also selected because of its low solubility in Al and its ability to form a variety of intermetallics, in 

particular with Cu, which was also added. High cooling rates during L-PBF are exploited to contribute to 

reinforcing the material by producing a network of fine (Ni, Cu)-rich intermetallics. 

In this study, we focus on the evolution of the room-temperature mechanical properties of a new 

Al-4Mn-3Ni-2Cu-1Zr alloy designed for L-PBF and subjected to direct ageing at 400°C. The grain structure 

characterized using electron backscattered diffraction (EBSD) is not subjected to strong variations upon 

ageing at 400°C. Coarsening of intermetallic particles during ageing at 400°C is revealed using SEM 

imaging. The crystallography and chemistry of the various intermetallic compounds are investigated using 

X-ray diffraction (XRD) and electron dispersive spectroscopy (EDS) in the scanning and transmission 

electron microscope (SEM/TEM). The decomposition of the supersaturated solid solution inherited from L-

PBF is monitored using automated orientation mapping in the TEM (TEM–ACOM), atom probe 

tomography (APT), and synchrotron small-angle X-ray scattering (SAXS). The mechanical properties 

measured after stress-relief heat treatment as well as after different ageing times at 400°C are discussed in 

light of the microstructural evolutions evidenced from the macroscale down to the atomic scale. 
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2. Experimental Procedures 

2.1. Materials and L-PBF processing conditions 

Table 1 gives the chemical composition of the as-received powder batch measured by inductively coupled 

plasma atomic emission spectroscopy (ICP-AES). Gas atomization was used to produce the pre-alloyed 

powder having a size distribution between 10 and 70 μm. A 400 W fiber laser with an 80 μm spot size was 

used in an EOS M290 L-PBF machine with high-purity argon (< 0.2% O2) to fabricate cylindrical samples 

(11 mm in diameter and 60 mm in height). The samples were built using the following processing 

parameters: a power of 370 W, a scan speed of 1400 mm/s, a hatching distance of 110 μm, and a layer 

thickness of 60 μm. The scanning strategy uses 4 mm stripes in bi-directional scanning with a 67° rotation 

between each layer. Throughout the builds, the temperature of the building substrate was maintained at 

100°C. 

 Al Mn Ni Cu Zr 

wt. % Bal. 3.87 3.14 1.86 1.02 

at.% Bal. 2.01 1.53 0.84 0.32 
Table 1 : Chemical composition of the pre-alloyed powder batch used in the present work given respectively in wt.% and at.%. 

2.2. Heat treatments 

Before removing samples from the building plate, a Stress Relief (SR) heat treatment was carried out under 

air at 300°C for 4h to release residual stresses arising from the L-PBF fabrication. Samples subjected to the 

SR heat treatment were then heat treated at 400°C to interrogate the ageing response of the investigated 

material.  Different ageing times were investigated at 400°C, see Table 2. For the sake of clarity, the color 

code indicated in Table 2 for the various heat treatments is used throughout the manuscript. 

 

Heat Treatment Temperature (°C) Time (hours)  

Stress Relief (SR) 300 4 

SR+ 400°C/1h 400 1 

SR + 400°C/4h 400 4 

SR + 400°C/96h  400 96 
Table 2 : Summary of the different heat treatments investigated. 

2.3. Mechanical characterizations 

 

The hardness was evaluated using a Tester FALCON 455 using a Vickers tip, a load of 30 kg, and a dwell 

time of 10 seconds. At least ten measurements have been conducted for each condition.  

Tensile specimens were machined from L-PBF cylindrical specimens to prevent the possible detrimental 

impact of the initial roughness on the macroscopic tensile properties. The loading direction was aligned with 

the building direction. The tensile tests were performed on dog-bone cylindrical specimens with a gauge 

length of 24 mm and a diameter of 4 mm. The exact geometry is given in supplementary materials, see 

Figure S 1. Tensile tests were conducted at a constant strain rate 𝜀̇ = 10-4 s-1 on a MTS4M testing machine 

equipped with a 20kN cell force. Using two 6M-pixel cameras and the GOM software, the deformation was 

measured by digital image correlation. The conventional yield strength σy,0.2% was determined by measuring 

the true stress at 0.2% plastic strain 
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2.4. Microstructural characterizations 

Samples for microstructural characterization were polished with SiC abrasive papers down to the P4000 

grade, followed by a step using a 1 μm diamond suspension. A final vibratory polishing with a 0.03 μm 

colloidal silica solution was carried out using the Buehler VibroMet tool. The grain structure was examined 

after the different heat treatments using a Zeiss Gemini SEM 500 FEG equipped with an EBSD detector. 

To be statistically representative of the potential grain size evolution of the FCC-Al grains, large EBSD 

maps were collected in the samples subjected to the various heat treatments investigated in this work. 

To investigate the microstructure at the micrometer scale, site-specific lift-outs using a focused ion beam 

(Zeiss NVision 40 Ga FIB-SEM) were performed to extract lamellae from regions of interest for TEM 

analysis. First, a 1 µm-thick lamella protected by carbon and platinum (total thickness 1 µm) was extracted 

from the bulk. Successive Ga milling was used to reduce the thickness of the lamella to less than 100 nm. 

The final thinning steps were carried out on both sides of the lamella at an accelerating voltage of 30kV 

with a probe current of 40 pA and 0.8° grazing angles.  

The hardware and software toolkit ASTAR™ from Nanomegas was employed for TEM-ACOM. The 

interested reader is invited to refer to [44] for additional information. In summary, the region of interest is 

scanned by a nano-beam. Diffraction patterns are captured using a CCD camera at each scan point. The 

phase and orientation at each position are determined by post-processing of the diffraction data set, using a 

template matching technique to compare the experimental diffraction patterns to the theoretical ones of 

possible phases. It is important to keep in mind that ACOM only builds correlations between acquired and 

simulated patterns, therefore a preliminary list of possible candidate phases has to be established. Here, the 

list of the candidate phases was established based on X-ray diffraction investigations and thermodynamic 

calculations using ThermoCalc. More details can be found in Ref. [45], [46]. The correlation between an 

experimental diffraction pattern and the theoretical one for a particular phase is measured by the correlation 

index (I). The best response is given by the simulated pattern showing the highest correlation index. Another 

index is often used to evaluate the robustness of phase recognition, the phase/orientation reliability index R, 

which can be written as follows R = 100(1 - I1/I2), where I1 and I2 are the correlation indices of the two best 

solutions for the proposed phase and orientation, respectively. When this parameter R is greater than 15 

[44], the identified phase is by far the best option among all candidates. 

APT specimens were prepared using an FEI Helios Plasma Focused Ion Beam (PFIB) and subsequently 

analysed on a Cameca Instrument Inc. Local Electrode Atom Probe (LEAP) 5000 XR. The atom probe 

needle-shaped specimens were run in voltage-pulsing mode, at a base temperature of 40K, with a 20% pulse 

fraction at a rate of 200 kHz and a 0.5% detection rate. Data analysis was performed using AP Suite 6.1 

following a crystallography-based calibration method [36]. The composition of the Al solid solution was 

extracted from each APT volume by determining the distribution of isolated atoms in the matrix (DIAM 

algorithm), see [37]. Briefly, the first nearest neighbor distances (1NN) were calculated and extracted from 

the AP Suite 6.1 software and further calculations were run using Matlab. Regions near grain boundaries or 

interfaces or intermetallic particles were discarded as such features may influence the results. The 

probability of finding an isolated atom in a virtual sphere of radius r is calculated and compared to that of a 

random solid solution. The behavior at larger r is used to extract the matrix composition in the dataset.  

2.5. Synchrotron SAXS measurements 

 
The SAXS synchrotron experiments were performed at the French CRG beamline BM02-D2AM at the 

ESRF. The incident beam energy was chosen to 8keV and the sample-to-detector distance was 0.3 m. The 

samples were subjected to in-situ heating in a dedicated furnace mounted in the sample environment vacuum 



6 

 

vessel, allowing a completely window-less path for the photons. We used the D5 IMXPAD detector. This 

setup allowed for a q-range of 0.025Å-1 -  0.47 Å-1. 

The SAXS samples were mechanically ground to a thickness of about 70-100 µm. Only about 12h of in-situ 

heat-treatment at 400°C in the SAXS were recorded, so that we also measured several ex-situ samples, in 

particular a sample aged for 96h at 400°C. 

The SAXS images were azimuthally integrated, normalized by the incident beam and the sample 

transmission and thickness, and converted to absolute units with the help of a glassy carbon secondary 

calibration sample. The resulting I vs q curves were then fitted to a model comprising a Porod-type 1/q4 

contribution, a constant contribution (corresponding to Laue scattering, remaining fluorescence…), and a 

contribution of spherical nanoprecipitates which can be attributed to the L12-Al3Zr phase. 

 

3. Experimental Results 

3.1. Ageing response of the material 

Figure 1 plots the hardness over the course of the direct ageing at 400°C after a stress-relief at 300°C/4h, 

which increases by approximately 20% between the SR conditions (green point, ~130 HV) and the peak-

aged condition after 4h at 400°C (orange point, ~155 HV). After 96h at 400°C, the material is overaged but 

still shows a relatively high hardness, of 120 HV (red point). 

 
Figure 1 : Ageing response of the investigated material at 400°C: Vickers hardness (30 kg load) vs. ageing time. 
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3.2. Evolution of the tensile properties 

Figure 2a and Figure 2b show respectively the engineering and true stress-strain tensile response of the 

different microstructures of interest, namely SR, SR+400°C/1h, SR+400°C/4h, and SR+400°C/96h. The 

mechanical properties (yield strength at 0.2% (YS), ultimate tensile strength (UTS), and elongation to 

failure) are extracted from those curves. Their evolution after ageing at 400°C is shown in Figure 2c and 

Figure 2d. The UTS increases during the first hour of ageing at 400°C and then remains constant between 

1h and 4h at 400°C. Additionally, the increase in YS occurs mainly during the first hour at 400°C. For the 

overaged sample (96h at 400°C), the YS decreases to reach a value similar to that of the SR sample. Despite 

exposure at high temperature for extended periods of time, the overaged (96h) sample maintains a YS (resp. 

UTS) as high as 300 MPa (resp. 340 MPa). Figure 2d indicates a continuous decrease in ductility during 

ageing at 400°C. The variability in elongation to failure is reflected by the amplitude of the error bars and 

is attributed to the presence of spatters, see examples in Figure S 2 in supplementary materials. The decrease 

in elongation to failure starts to be significant after 4h at 400°C, and finally drops drastically in the overaged 

sample (400°C/96h). The loss in ductility of the overaged condition can be surprising at a first sight. Indeed, 

overaging is often a strategy to restore some ductility at the expense of a decrease in YS in precipitation-

strengthened Al alloys fabricated by more traditional processing routes and with a limited grain boundary 

decoration, see e.g. [38]. The large elastoplastic transition and the work-hardening behavior of the different 

microstructures studied herein are considered outside the scope of the present study. The elastoplastic 

transition and post-yielding tensile response will be analyzed and discussed in a separate work.  

 
Figure 2 : (a) Engineering and (b) true tensile stress-strain responses of specimens subjected to various heat treatments: SR (in 

green), SR+400°C/1h (in yellow), SR+400°C/4h (in orange), and SR+400°C/96°C (in red). (c) Evolution of the yield strength taken 

at 0.2% plastic strain (blue curve), and UTS (green curve) as a function of the ageing time at 400°C. (d) Evolution of the elongation 

at break with ageing time at 400°C. The standard deviation is represented by the vertical line at each point. A minimum of three 

specimens per condition were deformed to fracture. The error bars correspond to the minimum and maximum values over the 

number of tests carried out. 
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3.3. Evolution of the microstructure at the melt pool scale 

Figure 3a is an EBSD-IPF map revealing the typical bimodal grain structure of this alloy in the SR 

conditions with a fine equiaxed zone (FEZ) at the melt pool boundaries, and the columnar zone (CZ) in the 

center of the melt pool. No hot cracks were observed, this alloy can thus be considered processable by L-

PBF. The fraction of FEZ was estimated by taking the unindexed black regions and by applying a criterion 

on the sphericity of the indexed grains: grains with a sphericity index < 0.35 are classified as columnar 

grains (Figure S 3). This procedure was applied on at least two low-magnification EBSD maps such as the 

one shown in Figure 3a. The FEZ is found to represent 35 ± 5%, thus the CZ counts for 65 ± 5% of the 

microstructure. An EBSD-IPF map taken in the FEZ in the SR conditions is given in Figure S 4a. The 

mechanisms responsible for the presence of the FEZ in this alloy have been deeply investigated, see Ref. 

[34,39,40]. As evidenced in Figure 3b for the SR + 400°C/96h sample, the proportion of FEZ and CZ 

remains relatively stable. Based on Figure 3a-b, the grain size in the CZ, taken here as the maximum Feret 

diameter, is estimated to be approx. 10 μm in both the SR and SR + 400°C/96h. Grain boundary migration 

or recrystallization are hence limited during direct ageing at 400°C up to 96h (additional maps for 400°C/1h 

or 400°C/4h are shown in Figure S 3-–Figure S 5). Complementary SEM observations in the FEZ confirmed 

that the grain size has only slightly increased after 400°C/96h (Figure S 4d). 

 

 
Figure 3: IPF-colour coded EBSD map normal to the Building Direction (BD) in (a) the SR condition, and (b) SR + 400°C/96h 

revealing the absence of significant variations at the grain scale in both the FEZ and CZ during ageing at 400°C. An EBSD map 

for each heat-treated sample is shown in Figure S 5. 
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3.4. Evolution of the intermetallic particles population 

The studied alloy contains a substantial concentration of elements with a low solubility in Al, in particular, 

Ni. The fraction of intermetallic particles was estimated based on image analysis (segmentation) of the 

images taken using the backscattered electron contrast (BSE), see examples in Figure S 6. Intermetallic 

particles represent 25–30% of the microstructure in the SR conditions.  

First, in the FEZ, Figure 4a-d (left column) show the evolution of the population of intermetallic particles 

during ageing at 400°C. In the SR sample, the intermetallic particles are mostly distributed in the 

intergranular regions in the FEZ, see Figure 4a. They exhibit a globular morphology with a size in the range 

300–500 nm. In the same region of interest in the SR+400°C/4h sample, only minor evolutions can be 

evidenced. A slight coarsening of some of the intermetallic particles decorating the grain boundaries is 

indicated by yellow arrows in Figure 4a-c. After 400°C/96h, some intermetallic particles have substantially 

coarsened, with some showing a flower-like morphology with a size exceeding 10 μm, see e.g. Figure 4d. 

Finally, some pores have nucleated after 400°C/1h, see black regions in Figure 4b-c. Further investigations 

are required to understand the mechanism of pore formation, but this is out of the scope of the present work. 

Second, in the CZ, Figure 4e-h (right column) show the evolution of the intermetallic particles. Figure 4e 

reveals that, in the SR conditions, the intermetallic particles are slightly finer (<200 nm in width) and exhibit 

a more elongated morphology in the CZ than in the FEZ. Figure 4f shows a substantial modification in the 

morphology of the intermetallic particles in the SR + 400°C/1h sample. They become more globular in the 

interdendritic regions, see examples pointed out with yellow arrows in Figure 4f-g. Finally, after long-time 

exposure at 400°C (96h), the intermetallic particles decorating the interdendritic regions have slightly 

coarsened but remain relatively fine (< 1μm) in comparison with those observed in the FEZ, see Figure 4h.  
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Figure 4: Evolution of the microstructure during direct ageing at 400°C in the FEZ (left) and CZ (right) based on SEM-BSE 

micrographs :(a-b) SR; (c-d) SR+400°C/1h; (e-f) SR+400°C/4h; (g-h) SR+400°C/96h. To detect slight microstructural evolutions, 

the same region of interest was observed for the SR, SR+400°C/1h, and SR+400°C/4h. The aluminum matrix appears in dark grey 

while intermetallic particles show a white contrast.  
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Elemental partitioning between the matrix and intermetallic particles has been estimated by using EDS 

mapping in the SEM in both the FEZ and the CZ, see Figure 5 and Figure 6, respectively. The overaged 

SR+400°C/96h sample was selected for comparison with the SR conditions, since it showed the most 

significant differences, see Figure 4. The EDS maps for the SR+400°C/1h and SR+400°C/4h are provided 

in supplementary materials, see Figure S 7 and Figure S 8 for the FEZ and CZ respectively.  

In the FEZ of the SR sample, most of the intermetallic particles are mainly composed of Ni and Cu (Figure 

5a-c) while some of them contain Mn (Figure 5d). At this scale, Zr-rich particles are not detected, see 

Figure 5e. After 400°C/96h, the largest intermetallic particles (>5μm) consist of Ni and Cu, see Figure 5f-

h. Some of the (Cu, Ni)-rich particles contain more Cu than the others, see Figure 5h. Mn-rich micrometer-

sized particles in which Ni and Cu also weakly partition can be observed (Figure 5i). Zr-rich precipitates 

can now be distinguished, see Figure 5j. 

In the CZ of the SR sample, one can only detect Ni and Cu enrichment in the intermetallic particles (Figure 

6a-c). The spatial resolution of the EDS in the SEM does not allow to reveal Mn or Zr partitioning in the 

CZ, see Figure 6d-e. After 400°C/96h, the largest particles are enriched in Ni and Cu (Figure 6f-h) while 

a few Mn-rich particles containing also Ni and Cu can be observed (Figure 6i). Zr-rich particles can hardly 

be detected (Figure 6j). 
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Figure 5 : SEM-EDS chemical analysis of the intermetallic particles observed in the FEZ: (a-e) in the SR sample and (f-j) after 

SR+400°C/96h. (a) Typical SEM-BSE image of the FEZ after SR, and corresponding (b-e) SEM-EDS maps of Ni, Cu, Mn, and Zr 

respectively. (f) Typical SEM-BSE image of a FEZ after SR+400°C/96h, and corresponding (g-j) SEM-EDS maps of Ni, Cu, Mn, 

and Zr respectively.  
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Figure 6 : SEM-EDS chemical analysis of the intermetallic particles observed in the CZ: (a-e) in the SR sample and (f-j) after 

SR+400°C/96h. (a) Typical SEM-BSE image of the CZ after SR, and corresponding (b-e) SEM-EDS maps of Ni, Cu, Mn, and Zr 

respectively. (f) Typical SEM-BSE image of a CZ after SR+400°C/96h, and corresponding (g-j) SEM-EDS maps of Ni, Cu, Mn, 

and Zr respectively. 

3.5. Identification of the intermetallic particles using XRD 

XRD analyses were used to identify the intermetallic particles, based on the crystallographic information 

given in the ICCD PDF4 + database. The XRD spectra of the different conditions are given in supplementary 

materials (Figure S 9). Table 3 summarizes the phases identified in the different samples. The identified 

phases are referred to using the chemical formula found in the XRD database, although their exact 
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composition may differ as this does not take into account substitution, for instance, the Al9Ni2 phase may 

also contains a significant amount of Cu.  

Six phases have been identified in the SR sample, five of them being Al-based intermetallics, which agrees 

with our previous study in which their presence had been confirmed using nanodiffraction in the TEM, see 

[39].  Two of the intermetallic phases have a complex structure, namely the Al9Ni2 phase (monoclinic) and 

the Al60Mn11Ni4 phase (orthorhombic). Both show a low symmetry as indicated by the various peaks 

detected at small angles (2θ < 30°), see Figure S 9. The other phases identified are respectively the L12-

Al3Zr, Al3Ni2, and the Al2Cu phase with cubic, hexagonal, and tetragonal structures respectively. No 

additional peak has been detected for ageing times below 4h at 400°C (see black, green, and orange spectra 

in Figure S 9). After 400°C/96h, traces of the Al3Zr-D023 phase are observed (red spectrum in Figure S 9).  

 

 Al L12-Al3Zr Al60Mn11Ni4 Al9Ni2 Al3Ni2 Al2Cu D023-Al3Zr 

SR       X 
SR+400°C/1h       X 

SR+400°C/4h       X 

SR+400°C/96h        
Table 3. Summary of the different the phases identified based on XRD analyses after the various heat treatments investigated. The 

diffractograms allowing the phase identification are given in supplementary materials, see Figure S 9. Almost all phases are 

identified in the SR sample. In the SR sample the Al3Zr phase is cubic (L12) while its more stable form (hexagonal) Al3Zr phase 

(D023) is detected after 96h at 400°C. The details on the crystallographic structure identified are given in Table S 1 in 

supplementary materials. 

 

3.6. Compositional evolution revealed using APT 

The compositional evolution of the solid solution upon ageing is investigate using APT. Examples of APT 

reconstructions in the SR condition from the FEZ and CZ are shown respectively in Figure 7a and Figure 

7b. Figure 7c-d shows examples of APT samples taken in the FEZ and CZ respectively after 1h at 400°C, 

in which Zr-rich spherical precipitates are revealed by a set of iso-surfaces delineating regions containing 

over 2.0 at.% Zr. Their composition is close to Al3Zr, according to composition profiles calculated as a 

function of the distance to the iso-surfaces as shown in Figure 7e and Figure 7f. 
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Figure 7 : Examples of 3D APT reconstructions in (a) the FEZ and (b) CZ in the SR conditions indicating the absence of 

nanoprecipitation; and in (c) the FEZ and (d) CZ of a sample subjected to SR+400°C/1h revealing the presence of spherical 

nanoprecipitates rich in Zr.(c-d) show examples of 3D atom probe reconstruction in the FEZ and CZ respectively after an additional 

treatment of 1h at 400°C. Zr-rich spherical nanoprecipitates are revealed with an isosurface of 2.0 at.% Zr and their chemical 

composition in each zone studied using compositional profiles, examples are given in (e) and (f).  

 

The evolution of the matrix concentration between the SR condition and after ageing at 400°C/1h for Zr, 

Mn, Cu, and Ni, is given respectively in Figure 8a-d. The matrix was analyzed using the methodology 

proposed in [37]. In the SR condition, the distribution of the distance to the first nearest-neighbor for each 

solutes is compatible with a random distribution in both FEZ or CZ [41] . This was verified in several APT 
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analyses for each zone. The Zr and Mn contents retained in solid solution in the CZ: Zr = 0.41 at.% and Mn 

= 1.77 at.% are slightly higher than in the FEZ: Zr = 0.37 at.%, Mn = 1.64 at.%. The Cu content is low, 

whereas Ni is nearly insoluble in Al.  

After aging for 1h at 400°C, the concentration in Zr and Mn have decreased in both regions, and reached 

respectively 0.20 at.% and 0.7 at.%, see Figure 8a-b. Contrary to Zr and Mn, the Cu content in the matrix 

increases slightly with ageing at 400°C (from ~0.05-0.07 at.% in the SR conditions vs. ~0.15-0.17 at.% after 

ageing 400°C/1h). Finally, the Ni content does not change upon ageing at 400°C.  

 

 
Figure 8 : Composition and evolution of the different solutes retained in the Al solid solution upon ageing at 400°C: (a) Zirconium, 

(b) Manganese, (c) Copper, and (d) Nickel. Concentration in the FEZ in red, in the CZ in blue. The dashed black lines represent 

the nominal composition for each alloying element. 

 

Finally, a few coarse particles (between 50 and several hundreds of micrometers) have been detected in 

APT specimens. Those particles correspond to the intermetallic particles observed in the SEM in Figure 4. 

Their compositions are summarized in Table 4. Among the detected particles, most of them contain 

essentially Cu and Ni, some of them are enriched in Mn but the Zr content within such particles appears 

rather low. A few Zr-rich particles with a size exceeding 50 nm with a stoichiometry close to the Al3Zr 

phase were also found. 
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Intermetallic 

particles 

 

Sample 

(Region) 

 

Zr 

 

Mn 

 

Ni 

 

Cu 

 

Nature 

#1 SR (FEZ) 23.96 ± 

0.07 

0.28 ± 0.64 0.19 ± 0.64 0.90 ± 0.51 Primary Al3Zr 

#2 SR (FEZ) 0.14 ± 0.07 10.94 ± 

0.64 

10.99 ± 

0.64 

6.59 ± 0.51 Al60Mn11Ni4 

#3 SR (FEZ) 0.28 ± 0.20 0.27 ± 0.19 27.78 ± 

1.96 

13.94 ± 

1.51 

Al3Ni2 

#4 SR (FEZ) 0.27 ± 0.20 6.20 ± 1.56 16.21 ± 

2.41 

7.76 ± 1.74 Al9Ni2 

#5 SR (CZ) 0.19 ± 0.15 10.70 ± 

1.46 

11.07 ± 

1.47 

5.49 ± 0.99 Al60Mn11Ni4 

#6 SR+400°C/1h 

(FEZ) 

0.26 ± 0.20 12.73 ± 

1.79 

9.87 ± 1.60 2.85 ± 0.89 Al60Mn11Ni4 

#7 SR+400°C/1h 

(CZ) 

0.13 ± 0.10 14.24 ± 

1.25 

7.60 ± 0.95 4.33 ± 0.73 Al60Mn11Ni4 

#8 SR+400°C/1h 

(CZ) 

0.11 ± 0.08 12.31 ± 

1.45 

11.87 ± 

1.43 

2.11 ± 0.61 Al60Mn11Ni4 

#9 SR+400°C/1h 

(CZ) 

0.12 ± 0.12 0.08 ± 0.06 24.69 ± 

2.11 

16.13 ± 

1.78 

Al3Ni2 

#10 SR+400°C/1h 

(CZ) 

0.12 ± 0.09 0.10 ± 0.06 26.4 ± 1.47 16.40 ± 

1.23 

Al3Ni2 

Table 4: Summary of the compositions of the intermetallic particles and nanoprecipitates detected in APT reconstructions given in 

at.%. 

 

3.7. Dual precipitation revealed by TEM 

Figure 9a-b and Figure 9c-d show TEM analyses carried out respectively in the FEZ and CZ of a 

SR+400°C/1h sample. The superlattice reflections in the selected area electronic diffraction (SAED) 

patterns shown in Figure 9b and d confirm precipitation of the L12-Al3Zr phase in the two zones. This is in 

agreement with previous reports of Al-alloys containing Zirconium processed by L-PBF, see e.g. [42]. 

Figure 9d reveals a second precipitation in the columnar grains along the [010] direction. The high number 

of diffraction spots along this direction indicates that the crystal structure has, at least, one large lattice 

parameter.  
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Figure 9: TEM analyses in the SR+400°C/1h sample: (a) BF-TEM image taken in the FEZ and (b)Selected area electronic 

diffraction pattern from the red circle indicated n (a). (c)BF-TEM image taken in the CZ and (b) SAED pattern from the red circle 

highlighted in (c). 

 

Further investigations have been carried out by coupling crystallographic information collected using 

ACOM with chemical information acquired by EDS to study this secondary precipitation.  The sub-micron 

equiaxed grains observed in Figure 10a indicates that the analysis was made in the FEZ. The intergranular 

regions are decorated by relatively coarse intermetallics (>50 nm). Based on the phase recognition provided 

by ACOM in Figure 10a and the EDS maps displayed in Figure 10b-e, the Al60Mn11Ni4 phase corresponds 

to the particles containing Mn, Cu, and Ni while both the Al9Ni2 and Al3Ni2 phases are associated to the 

particles enriched in Cu and Ni. The Zr-rich particles are identified as L12-Al3Zr. Similar observations can 

be made in the CZ, see Figure 10f-j. 

Interestingly, finer intragranular precipitates not observed in the SR sample can be seen in both FEZ and 

CZ suggesting that they have precipitated during ageing at 400°C. The density of such intragranular 

precipitates seems higher in the CZ than in the FEZ, see comparison between Figure 10a and Figure 10f. 

Those intragranular precipitates rich in Mn, Ni, and Cu have been recognized as the Al60Mn11Ni4 phase, see 

Figure 10a,f. Such precipitates have either a globular (see blue arrows Figure 10a) or a plate-like 

morphology (see white arrows Figure 10b).  

 



19 

 

 
Figure 10 : Study of the secondary nanoprecipitation in the FEZ in a sample subjected to SR+400°C/1h : (a) ACOM – phase map 

revealing some small precipitates in aluminium grains identified as the Al60Mn11Ni4 complex phase. Elemental EDS maps collected 

in the same region of interest for: (c) Ni, (b) Cu, (d) Mn, and (e). Study of the secondary nanoprecipitation in the CZ in a sample 

subjected to SR+400°C/1h: (f) ACOM – phase map revealing some small precipitates in an aluminium grain identified as the 

Al60Mn11Ni4 x phase. Elemental EDS maps collected in the same region of interest for: (g) Ni, (h) Cu, (i) Mn, and (j) Zr. The 

Aluminium grains boundaries are represented with black lines. The white (resp. blue) arrows indicate the Mn-rich plate-like (resp. 

globular) precipitate. 

 

3.7. Monitoring the precipitation kinetics using SAXS 

To monitor the precipitation kinetics of the spherical L12-Al3Zr nanoprecipitates, in situ and ex situ SAXS 

measurements were performed during aging at 400°C. The complete in-situ SAXS data set is provided as 

supplementary materials, see Figure S 10. APT analyses provide the precipitate composition necessary to 

process the SAXS signals. The evolution of both the volume fraction and the radius of the precipitates with 

the ageing time is shown in Figure 11a-b. Ex-situ samples corresponding to the conditions studied in this 

work were also analyzed and their data are plotted as colored symbols in the same figure. Based on Figure 

11b, the first stages of precipitation are detected after only 15 min at 400°C. This suggests that the 

decomposition of the solid solution starts at this point even though the volume fraction of precipitate does 

not seem to evolve (Figure 11). Figure 11b reveals that after 1h at 400°C the average radius of the L12-
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Al3Zr nanoprecipitates reaches 1.3 nm in radius which is consistent with the objects identified in the APT 

experiments using 2 at.% Zr iso-surfaces . The volume fraction of the L12-Al3Zr nanoprecipitates after 

400°C/1h is approximately 0.7%, Figure 11a, which agrees with estimates from APT. Figure 11a reveals 

that after 2h at 400°C, the volume fraction reaches its maximum. However, the subsequent decrease may 

not be meaningful because some of the precipitates may have coarsened to an extent that they are no longer 

detected and measured by SAXS. The average radius of the nanoprecipitates after 4h at 400°C is in the 

range of 1.5–1.6 nm.  

 
Figure 11 : Evolution of (a) the volume fraction and (b) the radius of the nanoprecipitates with the ageing time at 400°C. The blue 

curve represents the evolution detected during the in situ test while the yellow, orange, and red symbol stands respectively for the 

SR+400°C/1h, R+400°C/4h, and SR+400°C/96h conditions that were acquired ex-situ.  
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4. Discussion 

4.1. Classification of the intermetallics population 

Correlations between the array of characterization techniques (EDS, XRD, TEM, and APT) used herein 

enable us to establish a classification of the intermetallic particles observed in this work and whose size 

exceeds 100 nm. The monoclinic Al9Ni2 and hexagonal Al3Ni2 structures were detected by XRD (Table 3) 

and their presence was confirmed using ACOM in the TEM (Figure 10). Those two phases correspond to 

the intermetallic particles enriched in Ni and Cu detected in the EDS maps acquired in the SEM suggesting 

substitution of Ni by Cu. Some intermetallic particles captured in some APT samples (Table 4) show a 

stoichiometry close to those two phases and confirms substitution of Ni by Cu atoms in such intermetallic 

coumpounds. Thus, those phases should rather be described as Al9(Ni,Cu)2 and Al3(Ni,Cu)2. Besides, the 

flower-like morphology of the largest intermetallic particles observed after 96h at 400°C (Figure 5f) is 

consistent with the six <11-20> principal growth directions contained in the basal plane of the Al3(Ni,Cu)2 

hexagonal structure. The Cu-rich compound observed in Figure 5h likely corresponds to the tetragonal 

structure Al2Cu detected in the XRD patterns since it is composed exclusively of copper.  

The Mn-rich particles detected in Figure 5i or in Figure 6i are associated with the complex Al60Mn11Ni4 

phase. The presence of this phase was also recognized using ACOM in the TEM, see the coarser particles 

displayed in pink in Figure 10a,f. Once again, this intermetallic phase shows traces of substitution because 

the EDS maps reveal elemental partitioning of Cu in the Mn-rich particles. This was further confirmed by 

APT because the Mn rich particles contain a non-negligible amount of Cu.  

Two forms of the Al3Zr phase were identified by XRD: the cubic L12 metastable form found in the SR, 

SR+400°C/1h, and SR+400°C/4h samples; and the stable D023 form only found in the SR+400°C/96h 

sample. In the SR conditions, the presence of the metastable L12 form is associated with the presence of 

primary L12-Al3Zr particles located at the grain center in the FEZ and showing a cubic shape morphology 

as already shown in [34,39,40]. An example of such a primary L12-Al3Zr precipitate was found in the APT 

sample shown in Figure 7a. The Zr-rich particles detected in the EDS maps after long time exposure at 

400°C (Figure 5j and Figure 6j) are thought to be the stable D023-Al3Zr. Note that the overall fraction of 

Zr-rich particles can be considered negligible in comparison with the other intermetallic compounds. 

 

The coarsening rate of the intermetallic compounds appears heterogeneous on the melt pool scale since after 

400°C/96h, coarser intermetallics are observed in the FEZ compared to the CZ regardless of their nature. 

Such differences are attributed to the density of interfaces (grain boundaries as well as phase boundaries), 

which is much higher in the FEZ than in the CZ. Interfaces can be considered fast diffusion paths for solutes, 

which contribute to increasing the coarsening rate of intermetallics in the FEZ. This idea is supported by 

complementary APT results showing grain boundary segregation in the FEZ in the SR conditions, especially 

in Ni and Cu, and Mn, see Figure S 11.  

 

Now that the various intermetallic particles have been identified, we propose to classify them into two 

families depending on their coarsening resistance. Interestingly, the intermetallics that remain fine after 

400°C/96h are those enriched in Mn (Al60Mn11Ni4), while those containing mostly Ni and Cu, namely both 

the Al3(Ni,Cu)2 and Al9(Ni,Cu)2 phases, coarsen faster (Figure 5 and Figure 6). The Mn-rich intermetallics 

can thus be qualified as coarsening resistant. The first explanation is that Mn is a much slower diffuser in 

Al compared to Ni and Cu. Another factor can be invoked to account for the coarsening resistance of the 

Al60Mn11Ni4 phase: its crystallographic structure. Indeed, this is a complex phase containing icosahedral 

building blocks in its unit cell. Such local atomic environments are known to drastically reduce the 

diffusivity of alloying elements [43–47], even for elements such as Ni or Cu which are usually considered 

as fast diffusers in Al. One could argue that this idea should also apply to the Al9(Ni,Cu)2 phase which is 
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also a complex phase. However, we found in the literature that this phase is metastable and may be subjected 

to a phase transformation leading to the more stable Al3Ni2 phase while heating up to 450°C [48]. It is thus 

assumed here that the Al9(Ni,Cu)2 would lose its complex nature due to a phase transformation during ageing 

at 400°C. Then, once transformed into its more stable form Al3(Ni,Cu)2, its coarsening rate would 

substantially increases. Deeper investigations would be required to confirm this hypothesis, but the phase 

maps displayed in Figure 10a,f suggest that the Al3Ni2 phase is already present in larger proportion than the 

Al9Ni2 phase after SR+400°C/1h though the latter was found in larger proportion in the as-fabricated 

microstructure, see [34]. 

 

4.2. Decomposition of the solid solution and precipitation 

In the SR conditions, the analysis of the solid solution using a first nearest-neighbor approach revealed a 

random distribution of the various solutes. This suggests that the intrinsic heat treatment experienced by the 

material during the build combined with the SR heat treatment (300°C/4h) do not therefore trigger sufficient 

diffusion of the slow diffusing Zr and Mn to allow for the formation of clusters or precipitates. The solid 

solution is supersaturated in Zr and Mn (Zr = 0.37 at.%, Mn = 1.64 at.%  in the FEZ and Zr = 0.41 at.% and 

Mn = 1.77 at.% in the CZ) while Cu and Ni are mostly partitioning in the intermetallic particles, see Figure 

8. The degree of supersaturation in Zr and Mn can be further appreciated by looking at the maximum solid-

state solubility of Zr and Mn in Al based on the Al-Zr and Al-Mn binary systems. Under equilibrium 

conditions, the maximum solubility of Zr in Al is 0.083 at.% at 660°C [49], while that of Mn in Al is 0.61 

at.% at 658°C [50]. Such results suggest that the typical L-PBF processing conditions can be exploited to 

extend solid-solubility providing new opportunities for enhanced precipitation strengthening. Interestingly, 

the Zr content retained in the matrix in both the FEZ and CZ is beyond the nominal composition in Zr (0.32 

at.%), which can be explained because of the high volume fraction of intermetallic particles (~25-30%) in 

which Zr substitution is very limited.    

Slight differences in matrix composition between the FEZ and CZ in the SR conditions are detected, Figure 

8. This can be attributed to the higher solid-liquid interface velocity in the CZ which promote solute trapping 

as suggested in [13,14]. However, the differences appear rather limited. Two factors can be invoked to 

rationalize this unexpected result. First, it can simply be due to a limited sampling, because the solid-liquid 

interface velocity is expected to vary locally within a given melt pool. The interface advances faster in the 

CZ than in the FEZ but local variations can be expected within the CZ: slower interface velocity at the 

bottom of the CZ and faster at the top. Since APT is a very local characterization technique, it is possible 

that the specimens were extracted from a region located in the bottom region of a CZ. Second, it has been 

shown that icosahedral short range order (ISRO) in the liquid during melt pool affects the solidification of 

this material [39,40]. In particular, the presence of ISRO in the liquid slows down the diffusivity of solutes 

due to a cage effect, see e.g. Ref. [51,52]. This may contribute to the extension of supersaturated solid 

solutions at lower liquid-solid interface velocities.  

After ageing at 400°C/1h, the decrease in Zr content in the solid solution is associated with the precipitation 

of L12-Al3Zr nanoprecipitates revealed using APT (Figure 7c-d) and TEM (Figure 9). The decrease in Mn 

content in the solid solution is attributed to (i) the slight coarsening of the Mn-rich intermetallic coumpounds 

(Al60Mn11Ni4) already present in the SR conditions and (ii) the precipitation of a Mn-rich phase evidenced 

by TEM analyses in Figure 9d and Figure 10. The slight increase in Cu content in the matrix can be 

attributed to an enhanced solubility of Cu in the Al matrix at 400°C. The Ni content remains unchanged 

after ageing, indicating that Ni remains essentially trapped in the intermetallic particles.  
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The overall volume fraction of the L12-Al3Zr nanoprecipitates measured by SAXS in the SR+400°C/1h 

sample was about 0.70%. We verified that this result was in agreement with the APT measurements based 

on a Zr mass balance in each zone. Both the Zr content in the APT dataset and the Zr content in the matrix 

are known. Thus, by assuming a Zr content of 23 at.% in the L12-Al3Zr nanoprecipitates, we found that the 

volume fraction was 0.4% in the FEZ and 0.8% in the CZ. Considering now the volume fraction of each 

zone, this gives an average volume fraction of precipitates of 0.66% which is consistent with the estimation 

provided by SAXS measurements. 

 

4.3. Ductility loss after 400°C/96h 

In traditional precipitation strengthened Al alloys, ductility is restored in the overaging regime, see e.g. [38]. 

Here, we observed the opposite trend: a loss in ductility in the overaged sample (SR+400°C/96h). The origin 

of this loss in ductility in the overaged sample can be rationalized by the coarsening of some intermetallics, 

especially those enriched in Ni and Cu which have been found to coarsen at a much faster rate in comparison 

to the Mn-rich intermetallics, especially in the FEZ. Although the intermetallic particles show a similar size 

in the two zones in the SR conditions (Figure 4a-b), their evolutions after 96h at 400°C differ significantly. 

The intermetallics are indeed much coarser in the FEZ than in the CZ after 96h at 400°C, see Figure 4g-h. 

These coarse intermetallics located in the FEZ with a flower-like morphology, containing essentially Ni and 

Cu (Figure 5g), can be easily recognized on the fracture surface of the overaged sample, see Figure S 12a-

b. A mixed fracture surface can be observed with regions showing dimples (signature of the ductile fracture 

of the Al matrix) and regions exhibiting a more brittle behavior where fractured flower-like intermetallics 

can be seen.  The fracture occurs hence preferentially in the FEZ due to the presence of these coarse flower 

like intermetallics (Figure S 12c-f). The latter observation suggests that finding ways to prevent the 

percolation of the FEZ could help to achieve a better ductility after long time exposure at 400°C. More work 

is needed to evaluate the various strategies to control the respective volume fraction of the FEZ and CZ as 

well as their 3D arrangement. Such strategies include the effect of preheating, the manipulation of the lasing 

pattern, as well as the density of inoculating agents (primary L12-Al3Zr precipitates). 

 

4.4. Strengthening mechanisms 

Hereafter, we discuss the strengthening mechanisms involved in in the FEZ and CZ, which can account for 

the evolution in the mechanical properties between the SR and SR+400°C/1h states. The objective is to 

weigh the various contributions and identify which of those contributors are predominant. Table 5 gives a 

summary of all the constants used hereafter to estimate the contribution to the yield strength. 

 

Parameters References 

σ0 (MPa) Friction stress of Al 10 [53] 

ky (MPa.m1/2) Hall Petch parameter 0.07 [54] 

M Taylor factor for a random texture 3.06  

ν Poisson ratio of Al 0.345 [55] 

GAl (GPa) Shear modulus of Al 25.4 [55] 

GAl3Zr  Shear modulus of L12-Al3Zr nanoprecipitates 57 [55] 

ΔG Shear modulus mismatch between Al and L12-Al3Zr 31.6  

b (nm) Burgers vector of Al 0.286 [55] 

w = 5b (nm) Interaction force parameter 1.430  

εMn (%) Misfit strain for Mn -4.20 [56] 
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εZr (%) Misfit strain for Zr 1.23 [56] 

εNi (%) Misfit strain for Ni -1.94 [56] 

εCu (%) Misfit strain for Cu -3.13 [56] 

α Constant for dislocations strengthening 0.27 [53] 

γAPB Average value of anti-phase boundary 0.445 [55] 

αCoh Constant for coherency strenghtening 2.6 [57] 

θ Constrained lattice parameter mismatch at RT ≈(2/3) δ 0.005 [58] 

δ (%) Lattice parameter misfit between between Al and L12-Al3Zr 1  

m Constant for modulus strengthening 0.85 [57] 
Table 5. Summary of all the constants used in this work to estimate the various contributions to the yield strength. 

 

4.4.1. Grain boundary strengthening 

Grain boundary strengthening can be estimated using the Hall-Petch relationship 
5,0 dk yGB with ky 

the Hall-Petch parameter and d the average grain size. Here, the Hall-Petch law was adapted using a rule of 

mixtures to take into account the presence of both fine equiaxed grains (FEZ) and columnar grains (CZ): 

5,05,0   CZyCZFEZyFEZGB dkVdkV        (1) 

with VFEZ and VCZ respectively the volume fraction of the FEZ and CZ, and dFEZ and dCZ respectively the 

average grain size in the EZ and CZ. As no significant variations at the grain scale (proportion of FEZ and 

CZ as well as grain size in both FEZ and CZ) have been observed when comparing the SR state with the 

SR+400°C/96h (Figure S 3), the contribution of grain boundary strengthening is assumed to be the same in 

all the microstructures of interest here. There is no consensus in the literature regarding the value of the 

Hall-Petch parameter ky in the literature, the latter varying between 0.06-0.07 [54,59] and 0.17 [60]. Thus, 

taking  ky = 0.07 MPa.m1/2 gives a lower bound. With VFEZ = 0.35 and VCZ = 0.65 estimated based on EBSD 

maps, dEZ = 500 nm and dCZ = 10 μm estimated using the average maximum Feret diameter, the grain 

boundary strengthening contribution was estimated to be ΔσGB = 50 MPa (ΔσGB,FEZ = 35 MPa,  ΔσGB,CZ = 15 

MPa) regardless of the microstructure considered. This shows grain boundary strengthening cannot be 

neglected. 

4.4.2. Solid solution strengthening 

Contrary to grain boundary strengthening, solid solution strengthening is expected to vary significantly 

between the SR and SR+ ageing at 400°C as illustrated by Figure 8 showing the composition of the solid 

solution in both FEZ and CZ.  

Solid-solution strengthening was estimated in each region (FEZ and CZ) from the relation derived by Uesugi 

et al. [56] from first-principles studies of the lattice constants and lattice distortions caused by different 

solutes retained in the solid solution in aluminum, see equations (2): 































i

iiSS cG
b

w
M

3/23/4
3/13/43/2

1

1

8

3





     (2) 

with M the Taylor factor, ν the Poisson ratio, G the shear modulus of aluminium, b the Burgers vector of 

FCC Al, w a material parameter called the interaction force range (here we take w = 5b as proposed in [56]), 

εi the misfit strain for the solute i = Mn, Zr, Ni, Cu calculated from the first principles [56] and ci the 

concentration of solute i in solid solution. To account for variations in solid solutions between the FEZ and 
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CZ, we used a simple rule of mixture to provide an estimate of the overall solid solution strengthening as 

follows: 

CZ

SSCZ

FEZ

SSFEZSS VV          (3) 

where FEZ

SS and CZ

SS are the solid solution strengthening contributions in the FEZ and CZ respectively. 

The solid-solution strengthening contributes nearly 200 MPa to the yield strength in the SR but its 

contribution decreases upon ageing at 400°C/1h and reaches only about 120 MPa, see Figure 12. Among 

the solutes retained in solid solution, Mn is by far the most potent since it brings about 80% of the solid 

solution contribution.  

4.4.3. Dislocations strengthening  

Microstructures of Al alloys inherited from casting usually contain a high dislocation density when 

processed by L-PBF, in particular in the interdendritic regions, see e.g. [61]. Here, our TEM observations 

do not reveal the same features, most likely because the grain size is much smaller, in the order of the 

interdendritic spacings (~500-1000 nm). Mehta et al. [62] have estimated the dislocation density using XRD 

measurements based on the full width at high maxima (FWHM) in a Zr-modified 6061 alloy. Although the 

FWHM can be also affected by other effects such as atoms in solid solution, they found a dislocation density 

ρDIS = 1013 m-2 in the as-built conditions, and 1012 m-2 after the T6 heat treatment. The value of ρDIS = 1013 

m-2 is used here to estimate the dislocation strengthening contribution in the SR conditions although 4h at 

300°C can decrease the dislocation density due to recovery effects. 

The contribution of dislocation strengthening is then estimated using equation (4). 

DISDIS GbM           (4) 

where α is a constant equal to 0.27. In the SR conditions, we found that ΔσDIS ≈ 20 MPa. This value is also 

used for the SR+400°C/1h but should therefore be considered as an upper bound. The main conclusion here 

is that dislocation strengthening does not seem to contribute greatly to the yield strength, even in SR 

conditions. 

4.4.4. Precipitation strengthening  

In its SR state, the microstructure is characterized by a high proportion of relatively coarse intermetallic 

particles (25-30%) with an average size estimated between 100 nm and 500 nm. Given their size (several 

hundreds of nanometers) and spatial distribution (most of them are decorating the grain boundaries), such 

intermetallic particles are expected to provide negligible Orowan looping strengthening. Thus, one can 

consider that in the SR microstructure, precipitation strengthening is negligible. However, after ageing at 

400°C, the formation of the L12-Al3Zr nanoprecipitates was evidenced using TEM, APT, and SAXS.  

The precipitation strengthening brought by the nanoscale precipitates of the L12-Al3Zr phase can be 

analyzed by estimating order strengthening
Ord , coherency strengthening

Coh , modulus mismatch 

strengthening
Mod , and Orowan strengthening

Oro [23,58]. The equations used to estimate all those 

contributions can be found in Appendix A.  Precipitation strengthening ( P ) is then estimated using 

equation (5): 

  OroModCohOrdP   ;;min       (5) 
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We took an average precipitate radius of 1.3 nm and a volume fraction of 0.70%. We think that those values 

are reasonable given the insights gained from APT and SAXS regarding the size and volume fraction of the 

nanoprecipitates. Note that because SAXS does not allow the population of nanoprecipitates in the FEZ and 

CZ to be distinguished, we decided to only provide an overall estimation of the precipitation strengthening 

contribution. No distinction is made between the FEZ and CZ here. After SR+400°C/1h, it is found that 

particle strengthening is governed by the coherency and modulus effect and contributes to about nearly 

 ModCoh    ≈ 135 MPa to the yield strength. In those conditions, the nanosized L12-Al3Zr are slightly 

underaged and most likely sheared, in agreement with the literature indicating that the transition between 

shearing and looping occurs for critical radii > 2.5 nm [55,58]. 

4.4.5. Weight of the various contributions and estimation of the yield strength  

The evolution of the relative weight of the different contributions between the SR and SR+400°C/1h 

samples are now discussed. In the SR conditions, strengthening predominantly arises from the Hall-Petch 

effect for about 20%, and solid solution strengthening, which accounts for nearly 70% of the yield strength. 

After 1h at 400°C, grain boundary strengthening does not change (50 MPa) but represents now only 15% 

of the yield strength. The solid solution contribution has substantially decreased: 120 vs. 200 MPa in the SR 

conditions. The main contribution to the yield strength (~135 MPa) is now brought by precipitation 

strengthening (coherency and modulus) from the nanoscale L12-Al3Zr precipitates. 

The interactions between different strengthening mechanisms can be complex and various superposition 

laws have been proposed in the literature [20,22,23]. Here, we assume linear additivity except for dislocation 

and particle strengthening [53] to provide an estimate of the yield strength, see equation (6).  

22

0 DISPSSGBy         (6) 

where σ0 is the friction stress of pure Al (10 MPa). The predictions of the yield strength are summarized in 

Figure 12a. Overall, the predictions of the yield strength from the contributions of the various strengthening 

mechanisms clearly underestimate the yield strength measured experimentally: 280 (predicted) vs. 320 MPa 

(measured) for the SR condition, and 320 (predicted) vs. 410 MPa (measured) for the SR+400°C/1h 

condition. However, one should bear in mind that the microstructure of the material of interest is decorated 

with a large fraction of intermetallic particles (25-30%), meaning that it can hence be considered as a metal 

matrix composite reinforced by intermetallic particles. In such materials, it is well known that when the 

volume fraction of intermetallics exceeds 10%, the material can be strengthened through additional 

mechanisms. Although this aspect was neglected by various authors investigating Al alloys processed by L-

PBF that contain a large fraction of intermetallic particles [20,22], we believe that this aspect deserves to be 

discussed in more depth. 
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Figure 12 : Summary of the various strengthening contributions to the yield strength in the SR and SR+400°C/1h conditions: (a) 

without considering the high-volume fraction of intermetallic particles; and (b) by taking into account the role of the high volume 

fraction of intermetallic particles through a load transfer effect. The material’s yield strength measured experimentally from tensile 

testing are represented using black dashed lines.  

4.5. On the role of particle reinforcement  

In metal matrix composites, several mechanisms are often invoked to account for their superior strength: (i) 

load transfer from the soft matrix to the harder reinforcement; (ii) particle strengthening through an Orowan 

looping mechanism; and (iii) Taylor strengthening due to thermal mismatch (dislocation emission due to 

differences in coefficient of thermal expansion between the matrix and the intermetallic particles, see e.g. 

[63–65]. Here, as an attempt to take into account the effect of the reinforcing intermetallic particles, load 

transfer from the soft matrix to the harder reinforcement is considered. This was done using the simple 

model proposed by Nardone et Prewo [66] in the 80s for the prediction of the yield strength of aluminum 

matrix composites reinforced by a discontinuous network of short fibers. We are aware of the limitations of 

this model in the present case since the reinforcements are not in the form of fibers and are not necessarily 

aligned with the tensile direction but the objective here was to weigh the role of the high fraction of relatively 

fine intermetallic particles (< 1 μm). This model relies on a shear-lag model that was modified to take into 

account tensile load transfer at the end of the fibers. This is particularly important when the reinforcing 

phase shows a small aspect ratio. The reinforcing phase is assumed to be elastically deformed. The yield 

strength of the composite is given by equation (7), see [66]: 









 mpycy VsV )2(

2

1
        (7) 

where 
y is the yield strength of the matrix (estimated in section 4.4), 

pV  , and mV are respectively the 

volume fraction of the reinforcing phase and of the matrix, and s the aspect ratio of the reinforcing phase. 

Here, we have considered that the reinforcing phase (intermetallic particles) shows an aspect ratio of s = 1. 

Thus, equation (8) becomes: 









 mpycy VV

2

3
 .        (8) 
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Taking Vp = 0.30, Vm = 0.70 and, assuming that those values do not change after 1h at 400°C, it is now 

possible to provide an estimate of the material’s yield strength while including a load transfer effect, see 

Figure 12b. The predictions of the material’s yield strength, taking into account the load transfer from the 

matrix to the intermetallic particles, are now closer to the experimental values. This suggests that the 

composite nature of the material investigated in this work cannot be neglected. One could argue that the 

yield strength is still underestimated for the SR+400°C/1h condition but we have to keep in mind that the 

possible strengthening of the matrix by the Mn-rich nanoprecipitates evidenced in Figure 9d and Figure 10 

has been neglected while estimating the weight of the different contributions to the material’s yield strength. 

 

5. Summary and conclusions 

This article sheds light on the evolution of the microstructure and properties during direct ageing at 400°C 

of a new Al-4Mn-3Ni-2Cu-1Zr alloy designed for L-PBF based on a multi-scale microstructural study. The 

main conclusions drawn from the present work can be summarized as follows: 

 The investigated alloy is not sensitive to hot cracking and shows a heterogeneous microstructure 

from the melt pool scale down to the atomic scale.  

 In the SR conditions (300°C/4h), this novel alloy exhibits a yield strength of 320 MPa, a UTS of 

nearly 500 MPa, and an elongation to failure of about 10%. After direct ageing at 400°C/4h (peak-

aged conditions), the yield strength reaches 430 MPa, the UTS exceeds 500 MPa, and the elongation 

at break is about ~7%. After 400°C/96h, the material still shows relatively good mechanical 

properties with a yield strength above 300 MPa and an elongation to failure slightly lower than 5%. 

 At the melt pool scale, fine equiaxed grains (FEZ) with a typical size of roughly 500 nm and 

representing about ~35% of the microstructure in the SR conditions are found along the melt pool 

boundaries. Columnar grains (CZ) are found in the melt pool center with a typical width of a few 

microns. They represent about ~65% of the total grain structure in the SR conditions. The grain 

structure is found to be nearly unchanged after 96h at 400°C. The presence of relatively fine 

intermetallics (< 1 μm) decorating the grain boundaries is desirable because it contributes to 

preventing grain boundary migration and associated mechanisms such as the discontinuous 

precipitation of the L12-Al3Zr phase. 

 The microstructure is decorated by a large fraction of relatively fine intermetallic particles, about 

~25-30%. Two main families of intermetallic particles have been identified, the ones enriched in Ni 

and Cu, and those containing Mn in addition to Cu and Ni. During the first four hours at 400°C, the 

population of intermetallic particles is relatively stable (limited coarsening). For long-time exposure 

at 400°C, coarsening of the intermetallic particles is observed. The coarsening rate of the particles 

enriched mostly in Cu and Ni appears to be much faster than that of those containing Mn. The 

complex Al60Mn11Ni4 phase can thus be qualified coarsening-resistant provided that it is stable up 

to 400°C and do not lose their complex character. 

 At the atomic scale, the matrix solid solution is found to be supersaturated in Mn and Zr in both the 

FEZ and CZ but to a greater extent in the CZ even after 300°C/4h (SR) with no detectable 

cluster/precipitates. Ni and Cu are present in minor quantities in the matrix solid solution since they 

are trapped in the intermetallic particles. At 400°C, the solid solution starts to decompose and the 

peak-age is achieved at 400°C/4h. Two nanoscale precipitates have been identified using TEM and 

APT: spherical L12-Al3Zr and needle-like Al60Mn11Ni4, the latter showing a much lower volume 

fraction.  
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 The kinetics of the formation of the spherical L12-Al3Zr nanoprecipitates was monitored using 

SAXS using synchrotron radiation. Precipitation starts after only 15 minutes at 400°C, and after 1h 

at 400°C the volume fraction of precipitates was estimated to be ~0.75% with an average radius of 

1.5 nm.  

 In the SR conditions, the yield strength is dominated by grain boundary strengthening and, to a 

greater extent, solid solution strengthening, thanks to a very high content of Mn retained in solid 

solution (> 1.5 at.%). After 400°C/1h, the yield strength results from the superposition of various 

mechanisms but particle strengthening becomes the most important contribution. 

 Yield strength predictions taking into account the contribution of the various strengthening 

mechanisms (grain boundary strengthening, solid solution strengthening, precipitation 

strengthening and dislocations strengthening) systematically underestimate the alloy’s yield 

strength in comparison with the experimental results. This means that the role of the large fraction 

of intermetallic particles cannot be neglected. A simple modified shear lag model was used to take 

into account load transfer from the matrix to the intermetallic particles. This simple model gives the 

right order of magnitude for the material’s yield strength. 
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APPENDIX A 

 

The various equations employed to provide estimates of the contributions of the various strengthening 

mechanisms of the Al matrix are given hereafter so that the interested reader can easily reproduced the 

calculations reported in this work.  

The contribution of order strengthening is given by equation (A-1). 

𝛥𝜎𝑂𝑟𝑑 = 0.81𝑀
𝛾𝐴𝑃𝐵

2𝑏
(

3𝜋𝑓𝑣

8
)

1
2

 (𝐴 − 1) 

with M the Taylor factor, γAPB the antiphase boundary, b the Burgers vector of FCC Al and fv the volume 

fraction of nanoprecipitates estimated by SAXS. 

The contribution of coherency strengthening can be estimated using equation (A-2).  

𝛥𝜎𝐶𝑜ℎ = 𝑀𝛼𝐶𝑜ℎ(𝐺𝜃)
3
2 (

⟨𝑅⟩𝑓𝑣

0.5𝐺𝑏
)

1
2

 (A − 2) 

G is the shear modulus of the matrix FCC Al, α is a constant, θ is the constrained lattice parameter mismatch 

at RT taken here ≈(2/3)δ where δ is the lattice parameter mismatch, and R the average size of the 

nanoprecipitates estimated using SAXS. 

The strengthening brought by the difference in modulus between the matrix and the precipitate can be 

estimated using equation (A-3). 

𝛥𝜎𝑀𝑜𝑑 = 0.0055𝑀(𝛥𝐺)
3
2 (

2𝑓𝑣

𝐺𝑏2
)

1
2

𝑏 (
⟨𝑅⟩

𝑏
)

((
3𝑚

2
)−1)

(A − 3) 

ΔG is the difference in shear modulus between the matrix FCC Al and the L12-Al3Zr nanoprecipitates and 

m a constant. 

Finally, when obstacles are not sheared by dislocations, they are bypassed. In this case, the contribution to 

the yield strength can be calculated using equation (A-4). 

𝛥𝜎𝑂𝑟𝑜 = 𝑀
0.4𝐺𝑏

𝜋√1 − 𝜈

(𝑙𝑛 2⟨𝑅⟩ 𝑏⁄ )

𝜆𝑝
 (A − 4) 

With ν the Poisson ration of FCC Al and 












 1

4
2

v

p
f

R


  is the mean edge-to-edge interparticles 

spacing.  


