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Abstract — Lightweight design strategies and advanced energy applications call for high-

strength Al alloys that can serve at 300 ‒ 400 °C temperature range. However, the present 

commercial high-strength Al alloys are limited to low-temperature applications < ~150 °C, 

because the antagonism between high thermal stability (preferentially associated with slow-

diffusing solutes) and large volume fraction (mostly derived from high-solubility and fast-

diffusing solutes) innate to coherent nanoprecipitates remains unsolved. Here we demonstrate 

an interstitial solute stabilizing strategy to produce highly-stable coherent nanoprecipitates 

(termed V phase) in Sc-added Al-Cu-Mg-Ag alloys that have a strong coarsening-resistance 

up to ~ 400 ºC and simultaneously a volume fraction of ~ 1.8 vol.%. The assembling of slow-

diffusing Sc and fast-diffusing Cu atoms into coherent V is triggered by a coherent ledge-

aided in-situ phase transformation from early-formed Cu-rich  nanoprecipitates, with 

diffusion-dominated Sc uptake and self-organization into interstitially ordering. Stable V 

nanoprecipitates, with an inherited high density, enable the Al alloys to reach an unprecedent 

creep resistance as well as exceptional tensile strength (~ 100 MPa) at 400 ºC. We envisage 

that the ledge-mediated interaction between slow- and fast-diffusing atoms may pave the way 

for the stabilization of coherent nanoprecipitates toward advanced 400 ºC-level light alloys, 

which could be readily adapted to large-scale industrial production.  
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 Main 

 Since the first discovery of age-hardening behavior in duralumin over one hundred years ago, 

alloys strengthened by nanoprecipitates have been applied extensively in industrial fields1-4. 

Aluminum (Al) alloys, deriving their high strength from nanoprecipitates, are the primary materials 

of choice for lightweight engineering5. However, commercial high-strength Al alloys are still 

limited to low-temperature applications < ~150 °C 6-8, far from matching a critical requirement of 

300-400 °C service by modern industrial development9,10, and the thermal stability achieved by 

alloys under development is limited to 300-350 °C. Such a long-standing temperature bottleneck 

ailing Al alloys is mainly related to the nanoprecipitates that either suffer from severe coarsening 

(Ostwald ripening) at elevated temperatures which may additionally involve undesirable phase 

transformation into coarse equilibrium phase 11,12 or lack a sufficiently high volume fraction to 

ensure sufficient strengthening response13,14. A high thermal stability and a large volume fraction 

are both necessarily required for heat-resistant nanoprecipitates15, but they are mutually exclusive 

in Al alloys. Normally, high-solubility and fast-diffusing solutes (such as Cu, Zn, and Si) added in 

the Al alloys do constitute nanoprecipitates with a large volume fraction (> ~1.0 vol.%) but with 

insufficient thermal stability16,17. On the contrary, slow-diffusing solutes (such as Sc, Ti, and Zr) 

can lead to nanoprecipitates with high stability18,19 but in inadequate volume fraction (< 0.3 vol.%). 

As there is a discrepancy of several orders of magnitude in diffusivity between the two sets of 

solutes20, it is a challenge to assemble the high-solubility and slow-diffusing solutes into high-

stability and high-fraction coherent nanoprecipitates for the design of creep-resistant Al alloys (see 

Supplementary Fig. 1). 

In literature reports, interfacial solute segregation has proved 21,22 to be an effective 

approach that couples the two solutes at nanoprecipitate/matrix interfaces in Al-Cu-based alloys. 

Slow-diffusing solutes (e.g., Sc21 or Mn/Zr22) segregated at the interfaces stabilize the 

nanoprecipitates by reducing the interfacial energy and blocking the trans-interface diffusion23, and 
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the high-solubility solute (i.e., Cu) develop θʹ-Al2Cu nanoprecipitates with a large volume fraction 

that provides sufficient strengthening. However, interfacial solute segregation works invalidly at 

high temperatures > 350 ºC, as the interfacial solute segregation layer no longer remains intact 24,25. 

Alternatively, in-situ phase transformation is a potential way to overcome this dilemma: high-

content nanoprecipitates based on high-solubility and fast-diffusing solutes are expected to be first 

produced at relatively low aging temperature, and an in-situ phase transformation to be 

subsequently stimulated at higher temperature by combining slow-diffusing solutes toward a high 

stability. Nevertheless, no active mechanism has been yet reported that would trigger such an in-

situ phase transformation within coherent nanoprecipitates, involving a quick entrance and 

periodical occupancy of foreign, slow diffusing solutes. Here in this work, we show that slow-

diffusing Sc and high-solubility Cu solutes blend periodically into a highly stable coherent 

(Al,Cu,Sc)-based nanoprecipitate (termed V phase) in an Al-Cu-Mg-Ag alloy microalloyed with 

Sc. Although Sc has a diffusivity two orders of magnitude smaller than that of Cu21, these two 

species can be alternately ordered within the V phase through a complex dual-step precipitation 

mechanism. By using various complementary experimental approaches working at different scales, 

we demonstrate an in-situ phase transformation at elevated temperature of prior Cu-rich Ω 

nanoprecipitates into the (Cu, Sc)-rich V phase. This template-directed phase transformation occurs 

via diffusion-dominated Sc uptake and interstitial occupancy, driven by an unexpected coherent 

ledge-aiding mechanism. The V nanoprecipitates, with a large number density inherited from their 

Ω precursors and an enhanced thermal stability brought by the interstitial Sc sublattice, result in an 

extreme creep-resistance at 400 ºC.    

High thermal stability and outstanding creep-resistance 

We used a cast Al-4.5Cu-0.3Mg-0.4Ag (wt.%) alloy (hereafter denoted as Al-Cu-Mg-Ag 

alloy) as the base material (see Methods). For comparison, an Al-4.5Cu (wt.%) model alloy that is 

well known to be strengthened by {100}α-oriented θ'-Al2Cu nanoprecipitates was also studied. 



4 

 

After ageing at 185 °C, the microstructure of the Al-Cu-Mg-Ag alloy is characterized by plate-like 

 nanoprecipitates oriented along {111}α habit planes (Fig. 1a), with an average radius of ~ 20 nm, 

a number density of ~ 4.4×1021 m-3, and a volume fraction of ~2.5 vol.% (see statistical results in 

Supplementary Fig. 2). The  nanoprecipitates, constituted by high-solubility Cu and segregated 

by Mg and Ag at the interfaces, are well known to retain coherency up to ~ 200 ºC26,27. At higher 

temperature, they undergo rapid coarsening and finally transform into equilibrium -Al2Cu at > ~ 

300 ºC28. Such a thermal instability was evidenced in the present Al-Cu-Mg-Ag alloy when aged 

at 400 ºC. Only after 15 min ageing, the  nanoprecipitates quickly coarsened to a large size 

(average radius of ~ 260 nm and thickness of ~ 25 nm) and a significantly reduced density of ~ 

9.2×1017 m-3 (Fig. 1b and Supplementary Fig. 2). To improve the thermal stability, slow-diffusing 

Sc (0.3 wt.%) was then added into the Al-Cu-Mg-Ag alloy (hereafter denoted as Al-Cu-Mg-Ag-Sc 

alloy). Under the same initial aging treatment at 185 °C,  nanoprecipitates were similarly created 

in the Sc-added alloy, with number density a little lower while average size somewhat greater than 

in the Sc-free counterpart (see Supplementary Fig. 3). The addition of Sc did not change the nature 

of nanoprecipitates; the parameters of the precipitates were only slightly varied by affecting the 

nucleation thermodynamics and growth kinetics. The nucleation of Ω nanoprecipitates requires the 

necessary accommodation of Mg and Ag atoms27. Since the Sc atoms have a strong binding with 

both the Mg and Ag atoms 29 and the Sc diffusivity is far slower than the Mg and Ag, the addition 

of Sc will trap some Mg and Ag atoms and limit their movement. As a result, the nucleation of Ω 

nanoprecipitates should be negatively affected, leading to a reduction in number density, and 

consequently an increase of their size once the precipitation of Ω is completed. APT examinations 

detected only a minor Sc segregation at the Ω/matrix interfaces (Supplementary Fig. 4). Besides, 

almost no change was found in the interfacial Mg and Ag concentrations between the Al-Cu-Mg-

Ag and the Sc-added alloys.     
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However, when the Al-Cu-Mg-Ag-Sc alloy was exposed to elevated temperatures, the 

nanoprecipitates exhibited a completely different evolution compared to the Sc-free alloy. After 

holding at 400 ºC for 10 h, fine coherent platelet precipitates were retained (Fig. 1c) and their 

thickness has hardly increased (Supplementary Fig. 3). The volume fraction and the number density 

of the nanoprecipitates were estimated to be ~ 1.8 vol.% and ~ 1.8×1020 m-3, respectively. As will 

be detailed below, a phase transformation happened during the elevated temperature ageing where 

Ω was replaced by a new phase, that we have named the V phase. APT results revealed that the 

only difference in composition between  and V nanoprecipitates is that Sc atoms are 

homogeneously distributed within the V phase (Fig.1 d vs e and also Supplementary 5). Fig. 1h 

compares the coarsening resistance of three plate-like nanoprecipitates in our work, i.e. V in Al-

Cu-Mg-Ag-Sc, Ω in Al-Cu-Mg-Ag, and θ'-Al2Cu in the Al-Cu alloy. During 300 ºC exposure, the 

{100}α-oriented θ'-Al2Cu nanoprecipitates coarsen rapidly, the {111}α-oriented Ω exhibit a slower 

but conspicuous growth. In contrast, the V nanoprecipitates, with a similar {111}α-Al orientation 

(Supplementary Fig. 6), display a much higher coarsening resistance, with only a slight increase in 

size even after 120 h at 400 ºC (Supplementary Fig. 7).  

To compare the precipitation kinetics at high temperature in the Al-Cu-Mg-Ag alloys with 

and without Sc addition, both initially in an aged condition (with  phase), we used in-situ 

monitoring by small angle X-ray scattering (SAXS) at a synchrotron beamline (see details in 

Methods). This methodology is particularly suited to quantitatively determine the size evolution of 

nanoprecipitates30,31. The heating mode was ramp-type heating from room temperature to 500 ºC, 

with a heating rate of 20 ºC/min. Monte Carlo analysis of the SAXS signals30 were performed to 

extract parameter-free distributions of the characteristic dimensions of the nanoprecipitates during 

heating (see details in Methods). Figures 1f and 1g present contour plots of the precipitate size 

distributions (PSDs) in the Sc-free and Sc-added alloys, respectively, upon ramp-type heating. Note 

that SAXS is more sensitive to the small dimension of the plate-like nanoprecipitates, which means 
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that it cannot be directly compared to the radius derived from TEM examinations. In the Sc-free 

alloy, the  coarsen remarkably as the temperature raises above ~ 300 ºC (Fig. 1f). At ~ 400 ºC, 

the nanoprecipitates grow to large size, possibly transformed into equilibrium 𝜃-Al2Cu phase, and 

nanoprecipitates of radius smaller than 10 nm totally disappear. In contrast, in the Sc-added alloy, 

although there is a decrease of the PSD height due to a partial dissolution of precipitates initially 

present, a constant main size below 10 nm is retained until ~ 400 ºC, and small-sized 

nanoprecipitates are still detected up to ~ 500 °C (Fig. 1g, see PSDs in supplementary Fig. 8). These 

findings further prove that the nanoprecipitates are much more stable when Sc is added to the Al-

Mg-Cu-Ag alloy, in good agreement with the ex-situ TEM results. From the SAXS results, it is of 

special interest to note that the phase transformation from  to V, as will be revealed by TEM 

further below, is not accompanied by an apparent change or jump in particle size, suggesting a 

strong interplay between the  and V nanoprecipitates.  

The highly stable V nanoprecipitates have the potential to yield superior mechanical 

properties at elevated temperature. Figure 2a shows stress-strain curves of the three alloys 

mentioned above as well as an Al-Sc alloy (see Methods) tensile-tested at 400 ºC. The Al-Cu-Mg-

Ag-Sc alloy displays a tensile strength reaching ~100 MPa, much higher than the other three alloys 

(all below ~ 40 MPa). The reason is that the V nanoprecipitates are thermally stable and 

simultaneously in a large volume fraction, while the other three nanoprecipitates are insufficient 

either in thermal stability ( in Al-Cu-Mg-Ag alloy and θ'-Al2Cu in Al-Cu alloy) or in volume 

fraction (Al3Sc in Al-Sc alloy), see Supplementary Fig. 9. Of special interest to note is that our Al-

Cu-Mg-Ag-Sc alloy exhibits not only a 400 C-tested tensile strength twice that of all the 

commercial Al alloys that could be collected in the literature and databases, but also a room-

temperature (RT) yield strength (~ 400 MPa) located in the high-level regime of the commercial 

Al alloys, see the comparison in insert in Fig. 2 (a) and Supplementary Fig. 10. Evolution of 

hardness with aging time at 400 ºC is plotted in Supplementary Fig. 11 to further compare the 
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thermal resistance between the Al-Cu-Mg-Ag-Sc and Al-Cu-Mg-Ag alloys that had been firstly 

aged at 185 ºC. It is inferred from the hardness evolution that the V phase can be quickly produced 

(within about 0.5-1.0 h) in the Al-Cu-Mg-Ag-Sc alloy and then remains stable even up to 200 h of 

exposure (corresponding to the hardness plateau of ~ 88 HV). On the contrary, the  phase in the 

Sc-free Al-Cu-Mg-Ag alloy is quickly transformed into equilibrium θ-Al2Cu phase at the high 

temperature of 400 ºC, resulting in a similar hardness plateau but with a value (~ 53 HV) reduced 

by about 40 % compared to that in the Sc-added alloy derived from the V nanoprecipitates.   

Creep tests on the Al-Cu-Mg-Ag-Sc alloy were also performed at 400 ºC within a wide 

stress range from 20 to 50 MPa (see Methods). Figure 2b shows the steady-state creep rate (𝜀̇) as a 

function of applied stress. Compared with some previously reported Al-based alloys or 

composites32-35 that have relatively high creep resistance, the present Sc-added alloy sustains 

steady-state creep rates generally several orders of magnitude slower. Compared to alloys recently 

developed by additive manufacturing for high temperature applications, such as Al-Ce-Ni-Mn 

alloys 35, the present alloy strengthened by V nanoprecipitates also presents a higher creep 

resistance at 400 °C. It can endure a high value of applied stress of ~50 MPa with 𝜀̇ below 10-6 s-

1, which marks a major step for Al alloys to be serviced at 400 ºC. 

In-situ phase transformation via interstitially-ordered Sc uptake 

TEM analysis (Supplementary Fig. 6) determines that the V nanoprecipitates are oriented 

according to coherent relationships [001]v || [211]α, [010]v || [110]α, and [100]v|| [111]α, similar to  

the  phase26. To demonstrate a possible strong correlation between the V and  nanoprecipitates, 

controlled experiments were performed. As ~ 460 ºC is the dissolution temperature of  phase 26, 

 nanoprecipitates will be fully absent beyond this temperature. We heated the as-solutionized Al-

Cu-Mg-Ag-Sc alloy directly at 480 ºC for an hour, and detected no V nanoprecipitates by careful 

TEM examinations. On the contrary, the V nanoprecipitates were rapidly formed within 15 min at 
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480 ºC in the same alloy containing initially  precipitates (formed during a first aging treatment). 

One can infer that the  phase is a precursor for the V phase nucleation. 

APT results (Supplementary Fig. 5) indicate that the V phase contains Sc atoms. Quantitative 

analysis showed that the introduction of Sc atoms did not change the stoichiometry of Al and Cu, 

and the V phase has a chemical composition of Al:Cu:Sc ≈ 8:4:1. We next compared the atomic 

structures of the two phases by high-angle annular dark-field scanning transmission electron 

microscopy (HAADF-STEM). Figures 3a and 3d show representative aberration-corrected 

HAADF-STEM images of the  phase with the incident electron beam aligned along the [100] 

and [010], respectively, with corresponding fast Fourier transform (FFT) pattern and structure 

model inserted. The  phase has an orthorhombic unit cell with a = 4.96, b = 8.56, and c = 8.48 Å, 

and a nominal composition of Al2Cu. Similarly, representative images of the V phase are shown in 

Figs. 3b and 3e, respectively. The V phase has fundamentally the same structure skeleton as the  

phase. In addition, in the FFT images, additional sets of patterns indicative of substructure are 

clearly detected (marked by yellow arrows), in addition to the strong fundamental patterns. The 

substructure visualized from the FFT images assumes to be the signature of a periodical locally 

ordered structure.    

After examining the aberration-corrected HAADF-STEM images carefully, we found that 

the Sc atoms are not in substitutional position within the new structure, by partially replacing Al or 

Cu atoms. Instead, the Sc atoms regularly occupy interstitial positions of the orthorhombic Al-Cu 

atomic structure. Viewed along the [001]V direction, the interstitial Sc atoms are alternatively 

present, forming a high-order symmetric structure. The interstitial Sc occupancy leads to an atomic-

scale superstructure in the V phase. We further carried out energy-dispersive X-ray spectroscopy 

(EDS) mapping with atomic resolution. Figures 3c and 3f show EDS maps of the V phase along 

[001]V and [010]V direction, respectively. In both cases, the interstitial Sc occupancy is visible, 

which distinguishes the V phase from  phase. Simply superposing the atomic structure of  phase 



9 

 

with the interstitial Sc, the simulated HAADF and FFT images were fully consistent with the 

experimental ones (Supplementary Figs.12 and 13). This atomic arrangement has been further 

confirmed by XRD patterns which show diffraction peaks compatible with the proposed structure 

(see Supplementary Fig. 15). The high similarity in atomic structure between the V and  phases 

points towards an in-situ phase transformation from  to V, which could rationalize the SAXS 

results of no apparent change in precipitate size during the phase transformation (Fig. 1g).  

Atomic structure of the  and V phases are illustrated in Fig. 3g and 3h, respectively, and 

the structural evolution is schematically shown in Supplementary Fig.14. Unlike small-sized atoms 

which are generally found in interstitial position, the size of Sc atoms is larger than that of both Al 

and Cu. Periodical Sc occupancy in interstitial positions thus requires regular displacement of some 

Al and/or Cu atoms. Structural analysis indicated that all of the Al atoms experienced a 

displacement, while the Cu atoms maintained their positions unchanged. Somewhat similar to 

pillarlike Si columns-mediated precipitate evolution in Al-Mg-Si alloys36, the Cu frame serves as 

a skeleton to coordinate the -to-V transformation. The interstitially Sc-occupied V phase has an 

atomic bonding stronger than both the  and the θ'-Al2Cu phases, as evaluated from DFT 

simulations of formation energy per atom (Fig. 3i), see Method. This indicates that the V phase 

should be more thermally stable than the latter two phases.  

The HAADF and APT examinations captured different stages of the  to V transformation 

(Figs. 4a-c). In the Al-Cu-Mg-Ag-Sc alloy exposed to 400 ºC for 10 min, all the nanoprecipitates 

are  phase with interfacial Mg/Ag segregation (Fig. 4a). A small amount of Sc atoms segregated 

at the interfaces was also detected, although most Sc atoms were dissolved in the Al matrix. After 

being exposed to 400 ºC for 30 min, some Sc atoms have entered the  nanoprecipitate and 

organized into interstitial ordering. Parts of the  phase are locally transformed into V phase (Fig. 

4b). Nanoprecipitates fully consisting of the V phase were observed after holding for 4 h at 400 ºC 
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(Fig. 4c), indicative of a completed phase transformation. The intermediate state as shown in Fig. 

4b soundly proves an in-situ phase transformation from  to V.  

At this point, the present V phase can clearly be distinguished from the so-called W phase 

that is frequently observed in Al-Cu-Sc alloys, especially with a high Cu content. It has been 

claimed that the formation of W phase is closely associated with the large-sized equilibrium θ 

phase37, since two possible formation mechanisms have been proposed38. However, the details of 

W phase formation at the atomic scale are still unclear and the crystal structure of W phase is not 

fully determined. Furthermore, the composition of W is Al8-xCu4+xSc (0 < x < 2.6) 38, showing a 

variety in composition. In comparison, the V phase is transformed from the nanosized Ω phase, 

having a constant composition of Al8Cu4Sc and maintaining a nanometer size. Another significant 

difference lies in that the V phase is coherent with the Al matrix, with a habit plane of (111)α, while 

the W phase has no fixed orientation relationship with the matrix and is completely incoherent with 

the matrix. Although they are close in composition, the V phase is different from the W phase in 

almost all aspects including size, morphology, distribution, and phase transformation mechanism.  

Sc diffusion aided by coherent ledge  

Interstitially-ordered solute occupancy in the present phase transformation shows two 

characteristics. The first is that large-sized Sc atoms rather than small-sized atoms (such as C, N, 

O) occupy the interstitial positions. The other is that the interstitially-ordered Sc occupancy is 

dominated by solute diffusion, rather than a collective behavior. Assembling of both high-solubility 

Cu and slow-diffusing Sc atoms into the coherent V nanoprecipitates is accomplished through the 

in-situ Ω-to-V phase transformation, which is controlled by Sc diffusion. Sc diffusion must include 

two stages, that is, transfer from the solid solution to the Ω phase and diffusion within the Ω phase. 

Considering that the Mg-Ag segregation layer at the interfaces could prevent the Sc atoms from 

crossing the interface, Sc diffusion into Ω phase is believed to play a pivotal role in controlling the 
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V formation. Below, we will focus on the underlying mechanism that is responsible for the Sc 

entrance into Ω phase. 

After comprehensively analyzing the HAADF results on uncompleted Ω-to-V 

transformation, we observed that the V phase formation begins where a ledge is present on the 

interface (typically marked by an arrow in Fig. 4b). Figure 4d shows multiple V phase being formed 

in a single Ω nanoprecipitate (named V-1, V-2, and V-3), all corresponding to ledges present at the 

Ω-interface (more figures in Supplementary Fig. 16). Differential scanning calorimetry (DSC) 

results (see Method and Supplementary Fig. 17) determined a critical temperature of ~ 300ºC for 

V phase formation. The number of visible ledges on Ω plates were experimentally found to increase 

above 300 ºC27. This coincidence additionally demonstrates a strong correlation between the V 

phase and the ledges. Although ledge migration is generally recognized as the growth mechanism 

of plate-like nanoprecipitates39,40, the ledge opens another function in the present phase 

transformation, which is to trigger Sc diffusion by providing a specific diffusion channel. 

According to previous experimental findings27, Mg-Ag segregation layer at the interfaces of Ω 

nanoprecipitates is broken down at the migrating ledge. The segregation layer was shown to exist 

at the terraces of migrating ledges, while deficient at the riser of the ledges27. This was interpreted 

as a lack of Ag segregation to the riser41, supported by the present elemental mapping results 

(Supplementary Fig. 18). Accompanying the ledge migration, necessary Mg and Ag redistribution 

(from the original broad interface to the terrace of the migrating ledge) and Cu flux (from the matrix 

to the riser of the migrating ledge) are mixed in the local region. The Mg-Ag segregation layer 

integration is destroyed at corner and riser of the migrating ledge, offering a chance for Sc intrusion 

into Ω.  

The orientation relationship between Ω and the matrix aligns the precipitate c lattice 

parameter (with a length of 8.48 Å38) with the [111] direction in the matrix (having an interplanar 

spacing of 2.338 Å). Therefore, there is a large negative strain of ~9.3% normal to the face of the 
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Ω plate. Two types of ledges have been observed in previous reports27,43 and also in the present 

work (as representatively shown in Fig. 4d). The first are small coherent ledges (CLs) and the others 

are larger ledges containing a misfit-compensating dislocation (ML). The CLs are small ledges 

which are usually associated with a slight thickening of the Ω plate towards the plate center. 

Quantitatively, the CLs have a height of about 4.5 Å that matches the height of two (111)α planes 

with one-half the Ω unit cell. Since 
1

2
[001]Ω = 4.24 Å and 

2

3
[111]α = 4.676 Å, each CL produces an 

additional negative strain of ~9.0% to the pre-existing strain field normal to the Ω plate. This misfit 

strain is accordingly considered large, which produces a vacancy-type strain field (or tensile strain 

filed) normal to the broad face adjacent to the CLs27. This strain field can be experimentally 

visualized by geometrical phase analysis (GPA) based on a representative HAADF image of a CL 

(Supplementary Fig. 19a), see Supplementary Fig. 19b. The large strain field associated with each 

CL affects their relative spacing by repelling adjacent CLs, thus limiting the density of CLs on the 

Ω plate. Since the CLs are coherent with the matrix, there are no other mechanisms that may be 

operating to reduce the misfit, except for local elastic relaxation. The Sc atoms prefer to segregate 

at CLs and provide continuous Sc supply for the Ω-to-V transformation. In contrast, MLs are large 

ledges containing a compensating misfit dislocation which accommodates the difference in planar 

spacing between the two phases42. MLs are much less common than CLs, usually concentrated near 

the plate edges42. An interstitial-type strain field (or compressive strain field, see Supplementary 

Figs. 19d-f) is produced normal to the broad face adjacent to the MLs, which makes it difficult to 

attract Sc atoms gathered at the MLs. In fact, our abundant HAADF results provide sound evidence 

that only the CLs aided the V formation while the MLs did not. As the CLs are predominant over 

the MLs in density, the V formation is substantially homogeneous within the material.  

Our observations commonly found that several V nanoprecipitates lie in a straight line in 

the edge view (Fig. 4e). These interrupted V phase segments result from a competition between the 

V formation and the  dissolution. The  phase gradually dissolves at the high temperature of 400 
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ºC. However, the V formation in-situ from  relies on diffusion-controlled interstitial Sc occupancy. 

The two opposite processes wrestle upon a time dependence and upon Sc availability in solid 

solution. Where the Sc diffusion and interstitial occupancy results in the V phase the precipitates 

survive, while the regions remaining as  phase dissolve. Consequently, the  nanoprecipitates 

with a large initial diameter finally split into several V plates. Because V nanoprecipitates are 

template-nucleated and grown on  nanoprecipitates, they reach a large volume fraction that is 

impossible to achieve by Al-Sc binary nanoprecipitates. Qualitatively, 3 Al atoms are bonded with 

1 Sc atom to constitute coherent Al3Sc phase. The present V phase, with a nominal composition of 

Al8Cu4Sc (Supplementary Fig. 5), needs 12 (Al+Cu) atoms to match a Sc atom. Assuming that all 

added Sc atoms are consumed to form nanoprecipitates, V nanoprecipitates should have a volume 

fraction several times that of Al3Sc ones. The high thermal stability of V phase, much surpassing 

the  as revealed in Fig. 4e, is related to the participation of slow-diffusing Sc atoms. First, the Sc 

substructure interspersed with main Al-Cu structure intensifies the atomic bonding in the V phase 

and hence suppresses the dissolution at elevated temperatures. Second, Sc has quite limited 

solubility and slow diffusivity in the Al matrix, which limits Ostwald ripening among V 

nanoprecipitates. Supplementary Fig. 20 shows calculation results on the atomic structure 

evolution and corresponding energy variation of a  unit cell after Sc atoms infiltrated interstitially. 

These calculations demonstrate that the regular movements of Al atoms, leading to the same final 

crystal structure as experimentally observed, reduce the system energy to a stable plateau.  

Recent reports revealed that reducing interfacial energy is an effective approach to stabilize 

nanoprecipitates 44,45 and decreasing PFZs (precipitate-free zones) content is capable of improving 

the creep resistance of Al alloys 46. These influencing factors were also examined in this work to 

understand their contributions. The interstitial Sc occupancy in the V phase does not change the 

atomic structure of the coherent broad interface, which means the V phase has the same broad 

interface as its  precursor phase with two atomic layers of Mg and Ag segregation unaltered (see 
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Supplementary Fig. 6). The difference in broad interface energy between the  and V phases must 

be therefore very small. Concerning the semi-coherent peripheral interface free of Mg-Ag 

segregation (see Supplementary Fig. 21), DFT simulations present a quantitative comparison that 

the interfacial energy (~ 535.3 mJ/m2) of V phase, which is only slightly lower than that (~ 549.1 

mJ/m2) of the  one (see Supplementary Fig. 21). This indicates that the Sc-induced change in 

crystal structure truly causes a reduction in the peripheral interface energy and makes a contribution 

to precipitate stabilization, but the interfacial energy effect is not the predominant one responsible 

for the great improvement in creep resistance found in the Al-Cu-Mg-Ag-Sc alloy. Similarly, the 

PFZ effect could be also excluded as the predominant one. The grains have a large size up to 2-3 

mm and the width of V-related PFZs is ~ 0.5 m in the Al-Cu-Mg-Ag-Sc alloy (see Supplementary 

Fig. 22), indicative of a small PFZ fraction that is the prerequisite for high creep resistance 46. 

However, the Sc-free Al-Cu-Mg-Ag alloy, containing grains and -related PFZs with sizes 

comparable with those of its Sc-added counterpart, displayed high-temperature mechanical 

properties much inferior to those of the Sc-added alloy. This further demonstrates that the intrinsic 

stability of the V nanoprecipitates is the key factor guaranteeing the unprecedent creep resistance 

even at 400 ºC.  

In addition to the ramp-type heating results from DSC and SAXS, we further explored a 

rough temperature window for the isothermal Ω-to-V in-situ phase transformation. Exposing the 

185 °C-aged Al-Cu-Mg-Ag-Sc alloy to 250 °C, no V phase was detected until the Ω 

nanoprecipitates were completely transformed into equilibrium θ-Al2Cu ones. When the exposure 

temperature to 300 °C, the V nanoprecipitates were clearly found, but in a relatively low volume 

fraction. Only about a quarter of the particles were V nanoprecipitates after holding for 50 h, and 

the others were coarse θ-Al2Cu particles (see Supplementary Fig. 23). At 350 °C for 50 h, more Ω 

nanoprecipitates were transformed into V, and the V percentage (fv/fT : the ratio of V-nanoprecipitate 

volume fraction to the total volume fraction of all the precipitates) raised to ~ 70 %. Finally at 400 °
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C, full V nanoprecipitates were observed after 2h-holding, free of θ-Al2Cu particles. The size, 

number density, and volume fraction of V nanoprecipitates remained almost unchanged up to 120 

h at 400 °C, indicative of an extremely high thermal stability. The isothermal results, basically 

consistent with the DSC and SAXS results, manifest the controlling factor of temperature in the Ω-

to-V in-situ phase transformation, mainly due to thermally-driven Sc diffusion and coherent ledge 

formation.  

A scenario of the in-situ phase transformation from Ω to V can be summarized as follows 

(see the corresponding sketch in Fig. 4f): at temperature above 300 ºC, coherent ledges are present 

on the interfaces of Ω nanoprecipitates, together with a large strain field around Ω. Sc atoms are 

gathered at riser along the ledges, diffusing into the Ω and transforming it gradually to the V phase 

(Supplementary Fig. 24). The regions that the Sc atoms have not reached are dissolved, in 

competition with the V growth and with the limited availability of Sc. Finally, nanoprecipitates 

consisting of fully V phase remain. The V nanoprecipitates derived from a single Ω precipitate lie 

in the same straight line, as experimentally observed at the edge (Fig. 4e). In the whole process, 

coherent ledges with interrupted Mg-Ag segregation layer are the key factor that aids the 

assembling of slow-diffusing Sc and high-solubility Cu solutes into highly-stable coherent V 

nanoprecipitates.  

Interestingly, the Ω-to-V phase transformation proceeds by Sc diffusion within the Ω 

nanoprecipitates preferentially along the thickness, i.e. normal to the broad interfaces, rather than 

equivalently in all directions (see Fig. 4b and Supplementary Fig. 16). This preferential diffusion 

can be explained in the following way: (i) Energy-minimizing requirement of this in-situ phase 

transformation. Interface energy is a key factor in the energy minimization, as well demonstrated 

in coherent precipitation in the Al alloys 45. Interfaces between Ω and V are created during the 

phase transformation, and minimized interfaces are energetically favorable in the course of V 

nucleation/growth. As the parent Ω precipitates have a high aspect ratio, the diameter is much 
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greater than the thickness. Accordingly, the V/Ω interface area is much smaller when the V phase 

grows preferentially along the vertical direction (thickness direction) than radially on the parallel 

plane (parallel to the broad face). (ii) Stress-accommodation requirement: stress/strain also plays 

an important role in the transformation. As seen Supplementary Fig. 19, the coherent growth ledge 

with vacancy-type strain fields causes local tensile stress vertically on the Ω precipitate27. 

Simulations have shown47,48 that tensile stresses increase the diffusion coefficient of interstitial 

atoms while it is reduced by compressive stresses.  

Another question raised by this Ω-to-V phase transformation is why a similar phase 

transformation via interstitially-ordered Sc occupancy does not happen within the θ 

nanoprecipitates in the Al-Cu-Sc alloys21. From our present results, we can conclude that both 

spatial and temporal requirements should be simultaneously met to enable the Ω-to-V 

transformation. Concerning the spatial requirement, interstitial sites with sufficient size should 

exist in the precursor precipitates for the subsequent Sc residence. Concerning the temporal 

requirement, the Sc atoms should quickly infiltrate into the precursor precipitates and occupy the 

regular interstitial sites to form the more stable new phase before the precursor precipitates coarsen 

and transform into large-sized equilibrium phase. In this case, a fast diffusion-channel is needed 

for the Sc infiltration while the precursor precipitates should keep thermal stability for a period 

even at elevated temperatures. As for the spatial requirement, there are double-hexagonal pyramid 

interstitial sites existing regularly within the Ω precipitates (See the crystal structure model in 

Supplementary Fig. 25), but similar interstitial sites are not found within the θʹ ones. The size of 

interstitial sites is also large enough in the Ω precipitates, which will be make the atom interstitial 

occupancy possible. As for the temporal requirement, formation of coherent growth ledges at the 

broad face of Ω precipitates is highly promoted at temperature greater than 250 °C27, despite of 

the interfacial Mg-Ag segregation layer still remaining. The coherent growth ledges provide fast 

diffusion-channels for the Sc infiltration. At the same time, the growth ledges are strongly pinned 
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by the continuous Sc atom flux and other regions are stabilized by the interfacial Mg-Ag 

segregation layer, which ensures enough time for the Sc diffusion and interstitial occupying within 

the Ω precipitates. In the Al-Cu-Sc alloy, however, Sc atoms are prone to segregate at the broad 

face of θʹ precipitates to reduce interfacial energy. The interfacial Sc segregation layer is so integral 

that no coherent growth ledges could be detected at the broad face even exposed to 300 °C for a 

long time 49 (also see Supplementary Fig. 26a). The absence of coherent growth ledges means no 

fast diffusion-channels for the Sc filtration. If the temperature is further increased to above 350 °C, 

the interfacial Sc segregation will transform locally into Al3Sc precipitates, and the Sc covering-

free regions of θʹ precipitate will quickly dissolve or fast coarsen to equilibrium θ phase (see 

Supplementary Fig. 26b), making no chances for the phase transformation to V.     

      We end by illustrating that the interstitial solute stabilizing strategy described in this article 

will be equally effective for producing other stable nanoprecipitates in Al-Cu-Mg-Ag alloys. Our 

further experimental results show that the addition of slow-diffusing Zr, Mn or Ce, instead of Sc, 

into the Al-Cu-Mg-Ag alloys could produce highly-stable nanoprecipitates. These nanoprecipitates 

have a high content of Zr (or Mn, Ce) atoms inside (Supplementary Fig. 27), indicative of a possible 

formation mechanism similar to Sc-driven V formation. The key ingredient for the strategy in this 

work is an in-situ phase transformation aided by coherent ledges, which couples slow-diffusing 

solutes with high-solubility solutes into coherent nanoprecipitates. A spatially and time-resolved 

investigation of the templated phase transformation, at the atomic length scale, enables a deeper 

understanding, and hence an unusual control of the coarsening-resistant nanoprecipitates to achieve 

an unprecedent high-temperature stability and creep resistance in light-weight Al alloys. Since 

coherent plate-like precipitates similarly with ledges as growth mechanism are widely found in 

various alloys, such as Mg alloys50, Ni alloys51, Cu alloys52, Ti alloys53, and steels54, we anticipate 

that the ledge-mediated interactions between different solutes should be also applied in these alloys 

to excite unexpected phase transformation upon nanoprecipitates for improved performances.   
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Methods 

Materials fabrication. Alloys with composition of Al-4.5 wt.%Cu, Al-0.3 wt.%Sc, Al-4.5 

wt.%Cu-0.3 wt.%Mg-0.4 wt.%Ag and Al-4.5 wt.%Cu-0.3 wt.%Mg-0.4 wt.%Ag-0.3 wt.% Sc were 

respectively melted and cast in a stream argon, by using 99.99 wt.% pure Al, 99.99 wt.% pure Cu, 

99.99 wt.% pure Mg, 99.99 wt.% pure Ag, and master Al-2.0 wt.% Sc alloy. For each alloy, 10 kg-

weighted raw materials with designed composition were melted in an alumina crucible at 750 °C, 

stirred three times to fully mix the alloying elements, and then poured into a steel mold with a 

gating system that was pre-heated at 200 °C. Cylindrical samples with 120 mm in diameter and 

about 1500 mm in length were produced after air cooling. Specimens of Φ12mm in size were cut 

from the ingots and subjected to further heat treatments. Table 1 summarizes the heat treatments of 

the alloys used in this study. Note that the additional solution treatment at 560 °C was made in 

order to avoid overburnt, but guaranteeing enough Sc atoms for the subsequent Ω-to-V phase 

transformation. 

Table 1 Summary of the heat treatments of the alloys 

Alloy Homogenization treatment Solution treatment Aging treatment 

Al-Sc 460 ºC /3 h 510 ºC /12 h-560 ºC /9 h 300 ºC /9 h 

Al-Cu 460 ºC /3 h 510 ºC /12 h-560 ºC /9 h 185 ºC /4 h 

Al-Cu-Mg-Ag 460 ºC /3 h 510 ºC /12 h-560 ºC /9 h 185 ºC /4 h 

Al-Cu-Mg-Ag-Sc 460 ºC /3 h 510 ºC /12 h-560 ºC /9 h 185 ºC /4 h 

Microstructural characterization. To study the microstructures at nanoscale, high-angle annular 

dark field (HAADF) scanning transmission electron microscopy (STEM) and energy-diapersive 

X-ray analysis (EDX, Bruke Super-X, Bruke, USA) were performed using Cs-STEM (FEI cubed 

Themis, Thermo Fisher Scientific Inc, USA) operating at 300kV. TEM foils were prepared by 

following standard electro-polishing techniques for Al alloys. Samples for TEM observation were 

sliced into 0.3 mm thick pieces using a slow speed saw, punched into 3 mm diameter discs and 

ground to ~150 μm thickness. Electropolishing was conducted using Struers Tenupol-5 twin-jet 

electropolishing machine with a 30% nitic acid solution in methanol at -30 °C and 15 V. The 

diameter and thickness of each particle were measured within the TEM micrographs with the 

electron beam oriented parallel to the [110]α zone axis for Ω and V precipitates and [100]α zone axis 

for θ′-Al2Cu and Al3Sc. For Ω and V precipitates. The number density of plate-like precipitate per 
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unit volume of the matrix phase, 𝑁𝑉, can be evaluated using the following equation55: 

𝑁𝑉 =
𝑁+𝑁((𝑡+𝑑)/√𝐴𝑆)

𝐴𝑆(𝑡+𝑑)
 ,  (1) 

where N is the number of counted particles on the TEM images, AS is a respective area on the TEM 

image, t is the thickness of the foil area and d is the measured mean diameter. The number density 

per unit volume of the matrix phase(𝑁𝑉) of the plate-like θ′-Al2Cu precipitates can be expressed 

as56: 

𝑁𝑉 =
𝑁+𝑁((𝑡+𝑑)/2√𝐴𝑆)

𝐴𝑆(𝑡+𝑑)
 ,    (2) 

The volume fraction of plate-like precipitates is estimated using the following equation: 

𝑓 =
𝑁v𝜋𝑑2𝑡

4
 ,       (3) 

The number density of spherical precipitates (e.g., Al3Sc precipitates), 𝑁𝑉, is determined using the 

equation as below21: 

𝑁𝑉 =
𝑁

(𝑡+𝑑)
,       (4)  

where N is a number of counted particles on the TEM images, t is the thickness of the foil area and 

d is the measured mean diameter. And the volume fraction is estimated as: 

𝑓 =
4𝑁V𝜋𝑑3

3
.      (5)  

APT experiments were performed using a Local Electrode Atom Probe (LEAP 4000HR) from 

CAMECA. Specimens for APT were prepared by wire-cutting small blanks (0.3×0.3×10 mm3) 

using a combination of slicing and mechanical grinding. A two-step electropolishing procedure was 

subsequently employed for APT tips preparation, a 10 vol% perchloric acid in methanol solution 

was used for rough polishing, and the final polishing was performed using a solution of 2 vol% 

perchloric acid in butoxyethanol. APT data collection was performed at a specimen temperature of 

30 ± 0.3 K, a voltage pulse fraction (pulse voltage/steady-state direct current voltage) of 19 %, a 

pulse frequency of 200 kHz, and a background gauge pressure of < 6.7 x 10-8 Pa (5 x 10-10 torr). 

Tomographic reconstruction and analysis of APT data were carried out using IVAS™ 6 software. 

SAXS measurements. The SAXS measurements were carried out on the BM02-D2AM beamline 

of the European Synchrotron Radiation Facility (ESRF). Samples were thinned to a thickness of 

0.5 mm before the measurements. The SAXS measurements along the precipitation sequence were 

carried out at a photon energy of 12 keV, with a sample-to-detector distance of 3.18 m. The SAXS 

patterns were recorded on a hybrid pixel detector (imXPAD D5). They were subsequently corrected 
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for the detector flat field, background-subtracted, and normalized to absolute units using the sample 

transmission as well as a glassy carbon sample as a secondary calibration sample. In-situ 

experiments were used a 20 K/min heating rate from 25 to 500 °C. The signal was interpreted as 

originating from a distribution of spherical objects using a custom Monte Carlo size distribution 

retrieval method30 to get a view of the evolution of the characteristic dimensions of the precipitates 

during heating. The actual precipitates are non-spherical and give rise to an anisotropic signal 

which is strongly dependent on the local texture of the irradiated volume and the orientation of the 

precipitates. Rather than attempting to account for these complex effects, we have used an isotropic 

assumption and limited ourselves to a qualitative interpretation of the results. 

Measurements of mechanical properties. The tensile tests were performed using an INSTRON 

5982 multifunctional mechanical tester. The dogbone-shaped tensile specimens have a gauge 

dimension of 6 mm × 2 mm × 25 mm. High temperature tensile testing at 400 C was performed 

strictly according to the ASTM E21 standard. Vickers hardness measurements were performed with 

a Wilson VH3300 Vickers Hardness tester (Buehler) using a 200 g load applied for 15 s on samples 

polished to a 1 μm surface finish. Twenty indentations were made in each specimen across different 

grains to ensure the reliability of data. Dogbone-shaped creep samples with a gauge size of 5 mm 

in diameter and 25 mm in length were prepared for creep, and two extra lugs were machined in the 

creep specimens to mark the gauge section of the creep specimen and clamp the extensometer to 

measure sample displacement. During the constant load creep test, the specimens were heated to 

400 ℃ and hold for 0.5 h, and different creep stresses (25, 30, 40, and 50 MPa) were respectively 

applied to measure the tensile creep curve and determine the steady-state creep rate as a function 

of applied creep stress.  

Density functional theory (DFT) calculations. All the DFT calculations were carried out by using 

the projector augmented wave (PAW) potentials implemented in Vienna Ab-initio Simulation 

Package (VASP)57,58. Perdew-Burke-Ernzerhof (PBE) exchange-correlation functional of 

generalized gradient approximation was used (GGA-PBE)59. A plane-wave cut-off of 520 eV was 

taken for all the calculations. For the crystal structures and interface structures, Monkhorst-Pack 

meshes with a density of 12 × 12 × 12 and 6 × 6 × 2 were chosen, respectively. The convergence 

criteria for energy and force are 10-4 eV and 0.05 eV/Å, respectively. The formation energy of a 

compound per atom was evaluated by using the following equation60: 

𝛥𝐻𝑓𝑜𝑟𝑚𝑎𝑡𝑖𝑜𝑛(𝐴𝑙𝑎𝐶𝑢𝑏𝑆𝑐𝑐) =
𝐸(𝐴𝑙𝑎𝐶𝑢𝑏𝑆𝑐𝑐)−[𝑛𝐴𝑙𝐸(𝐴𝑙)+𝑛𝐶𝑢𝐸(𝐶𝑢)+𝑛𝑆𝑐𝐸(𝑆𝑐)]

𝑛𝐴𝑙+𝑛𝐶𝑢+𝑛𝑆𝑐
 ,    (6) 

where 𝐸(𝐴𝑙𝑎𝐶𝑢𝑏𝑆𝑐𝑐) , 𝐸(𝐴𝑙) , 𝐸(𝐶𝑢)  and 𝐸(𝑆𝑐)  are DFT-calculated total energies of the 
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compound 𝐴𝑙𝑎𝐶𝑢𝑏𝑆𝑐𝑐, constituents pure 𝐴𝑙, 𝐶𝑢 and 𝑆𝑐 in their equilibrium crystal structures, 

respectively; and 𝑛𝐴𝑙, 𝑛𝐶𝑢 and 𝑛𝑆𝑐 are the number of elemental atoms in the compounds. 

The interfacial energy was calculated by following the method proposed by Wolverton61. For 

a supercell containing interface, the supercell formation energy is expressed by the strain and 

interfacial contributions: 

Δ𝐸𝑓 = 𝛿𝐸𝐶𝑆(𝐴𝑙, 𝑉/𝛺) + 2𝜎𝐴/𝑁,   (7) 

where 𝛿𝐸𝐶𝑆(𝐴𝑙, 𝑉/𝛺) is the coherency strain per atom caused by the lattice mismatch between 

the Al matrix and V (or Ω) nanoprecipitate, N is the total number of atoms in the supercell, σ is the 

interfacial energy, A is the interfacial area, and Δ𝐸𝑓 = [𝐸(𝐴𝑙,𝑉/Ω)
total − 𝑛𝜇𝐴𝑙 − 𝑛𝜇𝐶𝑢 − 𝑛𝜇𝑆𝑐]/𝑁 is the 

formation energy per atom relative to the chemical potentials (𝜇𝐴𝑙 , 𝜇𝐶𝑢 , 𝜇𝑆𝑐 ) of Al. One can 

evaluate the interfacial energy by computing the energies of supercells with various sizes and 

extracting the slope of Δ𝐸𝑓 vs. 1/N from Eq. (7). 
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Figure1 Highly stable nanoprecipitates in the Sc-microalloyed alloy. Representative HADDF 

images to show nanoprecipitates in as-aged Al-Cu-Mg-Ag alloy (a) and the alloy exposed to 400 °

C for 0.25 h (b), and the Al-Cu-Mg-Ag-Sc alloys exposed to 400 ℃ for 10h (c). Representative 

APT images showing the element distribution within nanoprecipitates in the 400 ℃-exposed Al-

Cu-Mg-Ag alloy (d) and Al-Cu-Mg-Ag-Sc alloys (e). Evolution of the nanoprecipitate radius 

measured by SAXS in-situ heating from room temperature to 500°C in the Al-Cu-Mg-Ag (f) and 

Al-Cu-Mg-Ag-Sc alloys (g). The coarsening behavior of V nanoprecipitates at 300 °C and 400 °

C, in comparison with the θ′-Al2Cu in Al-Cu alloy and the Ω in Al-Cu-Mg-Ag alloys (h). 
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Figure 2 Unprecedent mechanical properties at 400 °C. (a) Engineering stress-strain curves 

of the Al-Sc, Al-Cu, Al-Cu-Mg-Ag and Al-Cu-Mg-Ag-Sc alloys tensile tested at 400 °C. Insert 

shows the 400 °C-tested tensile strength vs RT yield strength of the present Al-Cu-Mg-Ag-Sc 

alloy compared with commercial aluminum alloys. (For details see Supplementary Fig.10) (b) The 

applied stress-dependence of steady-state tensile creep rates of present Al-Cu-Mg-Ag-Sc alloy 

tested at 400 °C (highlighted by red hexagon), in comparison with previously reported Al-Ce-

Mg alloy, Al-Sc-Er-Zr-Si-based alloy, 6061 alloy, SiC/6061 alloy, and AM Al-Ce-Ni-Mn32-35 tested 

at 400 °C. Note that the mechanical properties of Al alloys measured at 400 °C are quite scarce.  
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Figure 3 Strong crystal structure with interstitial Sc occupancy. Representative HADDF 

images, corresponding FFT images (upper-right) and crystal structure (bottom-right) of the Ω 

nanoprecipitates in Al-Cu-Mg-Ag alloy viewed along <100>Ω (a) and <010>Ω (d), and the V 

nanoprecipitates in Al-Cu-Mg-Ag-Sc alloy viewed along <100>V (b) and <010>V (e), respectively. 

Corresponding elemental atomic mapping showing distribution of Cu and Sc atoms in the V 

nanoprecipitates viewed along <100>V (c) and <010>V (f), respectively. Sketches to show the 

crystal structure of Ω (g) and V (h) nanoprecipitates, respectively. Interstitial Sc occupancy in the 

V phase is clear. (i) DFT simulation results on the formation energy per atoms of θˊ, Ω and V 

precipitates for comparison, where the greater value in minus represents a stronger atomic bonding.  
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Figure 4 In-situ phase transformation within nanoprecipitates via diffusion-dominated interstitial Sc occupancy. Representative HAADF 

images and corresponding APT images showing different stages of the Ω to V transformation in Al-Cu-Mg-Ag-Sc alloy exposed to 400 °C (a, b, 

and c). Nanoprecipitate in full Ω phase is evident at 10 min-holding, with interfacial Mg+Ag segregation (a few Sc segregation) (a). A local V phase 

is in-situ formed at 30 min-holding (b). The nanoprecipitate is completely transformed into V phase after 4 h-holding (c). Blue, green, and yellow 

dots represent Sc, Mg, and Ag atoms, respectively. A representative HAADF image showing multiple V phases (named V-1, V-2, and V-3) 

simultaneously formed within a large Ω nanoprecipitate, all associated with coherent ledges (CLs) (d). V phase is not formed at the ML ledge. Inserts 

are magnified images of the CLs and a ML. A representative TEM image (e) shows a common finding that some V nanoprecipitates lie in a straight 

line on the edge, indicative a splitting during the phase transformation. Insert is a magnified image to illustrate the split nanoprecipitates. (f) Sketches 

to show the CL-aided Sc diffusion into Ω and the in-situ phase transformation from Ω to V, with a competition between V formation and Sc-

unreached Ω dissolution. 


