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Abstract 

Mechanochemistry has proved to be a powerful tool to map the stress distribution and 

quantify covalent bond scission occurring when model polymer networks, such as elastomers 

and gels, are deformed and fractured. In the current work, we incorporate a mechanochromic 

non-scission type mechanophore, spiropyran (SP) in the elastomeric matrix of nanosilica-filled 

cross-linked poly(ethylacrylate) nanocomposites (PEANC) containing different filler volume 

fractions and different filler/matrix interfacial properties. The branched fractal-like 

morphology of the fillers (characterized by X-ray scattering, AFM and SEM) and the mechanical 

properties of our samples in uniaxial tension are similar to the industrially used elastomer 

nanocomposites. Under tensile loading, the PEANC samples change their color and the 

concentration of mechanophores activated into merocyanine can be quantified from 

absorption spectra. Results show that, in uniaxial tension SP activation is governed by the peak 

nominal stress applied to the sample resulting in a master curve of activated SP fraction as a 

function of stress, independent of the filler volume fraction and interfacial coupling. Upon 

several loading cycles to the same stretch level, the concentration of activated SP decreases 

moderately, especially at high stretch. The activation of mechanochromic molecules support 

the hypothesis of a two-stages toughening mechanism of nanocomposites. At low strain the 

load is mostly carried by fractal-like aggregates of silica filler, while at high strain the load is 

transferred from the physical network of filler particles to the highly stretched polymer chains 

surrounding the aggregates. This scenario supports the dominant role played by the limited 

extensibility of polymer chains in the nanocomposite stiffening. The labeling of polymer 

networks with mechanosensitive molecules provides here a clear visual pathway to the 

mechanisms responsible for stiffening, and ultimately toughening, of nanocomposites. 
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Introduction 

An important application of mechanochemistry has proved to be the reporting of covalent 

bond scission or of molecular forces acting on covalent bonds in soft polymer-based networks. 

Force-sensitive moieties, namely, mechanophores, can be incorporated into the polymer 

backbones or as crosslinkers. If the material is deformed, the mechanophores experience a 

mechanical force and can in return undergo a chemical reaction that can change the optical 

properties of the material.1 While the activation of mechanophores by force can lead to 

various mechanoresponsive features2, including mechanocatalysis, mechanochromism, 

mechanoluminescence, mechanofluorescence, release of small molecules, etc, we will focus 

here on non-scissile mechanophores that change their absorption properties in the visible 

range. This change in absorption is ideal for real time measurements. 

The intensity of the mechano-optical response is determined by the activated fraction of 

mechanophores, which depends on the magnitude of the stress or strain. Consequently, a 

space resolved quantification of the optical response enables mapping of the stress3–5 and/or 

damage6 distribution in soft polymer materials. However, simple elastomeric and hydrogel 

networks are usually fragile and break by crack propagation at a low value of applied stretch 

resulting in very little mechanophore activation in the bulk of the sample. The recent 

investigation of broken samples containing scissile fluorophores showed a strong localization 

of the activation near the fracture surface for these simple networks7. While the activation 

may also be analyzed in compression experiments, a geometry where samples typically can 

withstand much higher degrees of deformation without breaking8, it is more interesting to 

understand in which conditions mechanophores can be activated in the bulk in uniaxial 

tension. The progressive level of activation in the bulk as the sample is strained, may bring 
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evidence for a toughening mechanism since bond scission in the bulk is an energy dissipation 

mechanism that can contribute to delaying the propagation of a macroscopic crack. 

The mechanical reinforcement (increase in fracture strength and toughness) of elastomer 

networks can be obtained by the incorporation of supramolecular interactions9, sacrificial 

networks6 or nano-fillers10. Upon loading, the supramolecular interactions and sacrificial 

networks dissipate energy via reversibly breaking weak bonds or irreversibly breaking covalent 

bonds. This bond scission must occur in the bulk of the elastomer or at least up to a certain 

distance from the crack plane to be effective as a toughening mechanism. 

The incorporation of scissile and non-scissile mechanophores in interpenetrated multiple 

network elastomers made it possible to prove the underlying toughening mechanisms of these 

materials at the molecular level6,7,11,12. However, these tough networks are still “exotic” and 

not used for industrial applications where the most relevant and cheap method of toughening 

elastomers remains the introduction of nanofillers, usually silica and/or carbon black 

nanoparticles. The mechanical properties of such filled elastomers display some characteristic 

features, such as for example, an irreversible softening (Mullins effect13) and sometimes 

nanocavitation14–16 in large strain and a strain-dependent modulus in small strain (Payne 

effect17,18). 

Despite the technological relevance of elastomer nanocomposites, the reinforcement 

mechanism by nanofillers is still not completely understood, especially at high strains when 

the polymer chains are highly stretched which may cause irreversible network damage. The 

incorporation of mechanophores in nanocomposites offers a great opportunity to tackle this 

problem. For example, Clough et al.19 incorporated dioxetane mechanophore into silica-filled 

poly(dimethylsiloxane) elastomers and demonstrated that the network bond scission 
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contributed to the Mullins effect by monitoring the mechanoluminescence in cyclic tensile 

tests. Kim et al.10 synthesized different spiropyran probes which could be either grafted on 

the surface of silica nanoparticles or polymerized in the bulk of the poly(methylacrylate) 

matrix. The samples with mechanophore localized on the silica surface demonstrated much 

stronger activation compared to those with the mechanophores distributed in the matrix. This 

effect was attributed to the “interfacial force focusing”, i.e. high stress concentration in the 

polymer confined between filler particles. However, it is still challenging to fabricate 

mechanophore-tagged nanocomposites with a relatively simple composition and mechanical 

properties comparable to those of the industrial ones. Quantitative analysis of the mechano-

activation in such model nanocomposites will shine light on the molecular origins of the stress-

strain response at high strain. In particular, the incorporation of non-scissile mechanophores, 

such as spiropyran cross-linkers, may sense the stress partitioning between the filler network 

and the matrix. This partition most likely evolves under stretch due to the non-affine 

deformation of the filler network, as confirmed recently by transmission electron 

microscopy20 and conductivity measurements21. 

Herein, poly(ethyl acrylate) elastomers reinforced with fractal silica nanoparticles were 

labeled with a dilute amount of spiropyran mechanophore molecular probe which activates 

when the polymer chains are highly stretched. The preparation of the nanocomposite was 

carried out in mild conditions to avoid thermal degradation of the SP. By quantitatively 

analyzing the spiropyran color change after cycles of tensile loading using a previously 

reported calibration method22, we obtain the activation  of the mechanophore, and hence the 

concentration of highly stretched polymer strands, as a function of the stress and strain. We 

applied this method to nanocomposites containing different silica volume fraction and 

different amount of filler/matrix interfacial coupling agents. 
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2. Materials and Methods 

2.1. Chemicals 

Ethyl acrylate monomer and 1.4-butanediol diacrylate cross-linker were purchased from 

Sigma Aldrich and purified by passing through an alumina column. Thixosil T365 silica 

nanoparticles with a specific surface area of 150 m2/g were donated by Solvay. Lauroyl 

peroxide (Sigma Aldrich) was used as thermal initiator. We used two surface-coupling agents: 

the non-covalent chloro(dimethyl)octylsilane (DMOS) and the covalent 

chloro(dimethyl)vinylsilane (DMVS), both obtained from Sigma Aldrich. Spiropyran (SP) 

diacrylate cross-linker was synthesized following a previously reported protocol11.  

2.2. Nanocomposite fabrication 

 

 

Figure 1 – (a) Spiropyran (SP) is activated into merocyanine (MC) under the stimulation of extra 

force or UV light and the reverse reaction occurs by irradiating with a strong white light source; 

(b) The scheme of the synthesis of nanocomposites with SP. 
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Table 1 shows the typical amounts of reagents used to synthesize the nanocomposites which 

is schematized on the Figure 1. To avoid contamination with oxygen, the mixing and 

polymerization were carried out in a glovebox. Silica nanoparticles were mixed with a pre-

polymer solution consisting of ethyl acrylate monomer (10 g), 1,4-butanediol diacrylate (BDA) 

(0.1 g), spiropyran diacrylate (0.05 g) crosslinkers, and lauroyl peroxide initiator (40 mg). For 

a covalent coupling between silica particles and polymer matrix, a mixture composed of 

chloro(dimethyl)octylsilane (DMOS) and chloro(dimethyl)vinylsilane (DMVS) was added to the 

pre-polymer solutions. The use of the monodentate grafting ligands avoids the problem of 

possible formation of a poly(siloxane) network via hydrolysis. The mixture of silica particles 

and the pre-polymer solution was shaked in a closed bottle by an alternating action of a 

vibrational mixer and ultrasound to obtain a homogeneous liquid paste. Due to the high 

reactivity of chlorosilanes, the grafting and hydrophobization of nanoparticles was very rapid 

(a few minutes) as seen from the evolution of the dispersion state of silica in the acrylate 

monomers during homogenization. The homogeneous paste was then poured into a glass 

mold with a 1 mm silicone rubber spacer and sealed. The mold was in turn sealed into a plastic 

bag using a vacuum sealer. Thermal polymerization was carried out at 60°C for 30 hours in a 

water bath. The resulting composite films were washed with a mixture of ethanol and acetone 

(1:1). To avoid the formation of cracks during drying, polymer films were dried at normal 

pressure and temperature for 24 h, then dried in vacuum for 48 h resulting in composite films. 

To synthesize different composite polymer materials, the weight of silica particles and the 

ratio of DMOS/DMVS was varied as shown in Table 1. Additionally, an unfilled poly(ethyl 

acrylate) network was synthesized by thermal polymerization as a reference sample.  
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Hereafter, for the simplification of the description, the composites are referred to as NPxVSy, 

where NP, VS, x and y are used for nanoparticles (when present), DMVS, the weight of silica 

particles and the presence or absence of DMVS, respectively. EA represents the blank samples. 

Table 1 – Composition of the nanocomposite samples 

Polymers Silica EA SP BDA DMOS DMVS 

g g g g % of silane g % of silane g 

EA 0 10 0.05 0.1 0 0 0 0 

NP1VS1 1 10 0.05 0.1 88 .088 12 0.013 

NP2VS1 2 10 0.05 0.1 88 0.175 12 0.025 

NP3VS1 3 10 0.05 0.1 88 0.252 12 0.038 

NP4VS1 4 10 0.05 0.1 88 0.350 12 0.050 

NP4VS0 4 10 0.05 0.1 100 0.400 0 0 

 

2.3. Composite characterization 

The final fraction of silica nanoparticles in the elastomer was determined by 

thermogravimetric analysis (TGA) using a SDT600 device (TA Instruments) in a synthetic air 

atmosphere. The heating cycle was composed of a ramp at 5°C/min from room temperature 

to 350°C, a plateau of 15 min at 350°C and a ramp at 5°C/min to 700°C. The TGA curves (Figure 

SI.1) confirmed that the final mass fraction of silica is similar to the expected one. The slight 

differences may be due to the monomer evaporation during the transfer from the mixing vial 
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to the mold. Assuming the density of the polymer matrix equal to 1.12 g/cm3 and that of SiO2 

equal to 2.2 g/cm3, the volume fractions of silica in the nanocomposites were calculated and 

the results are shown in Table 2. The maximum volume fraction was about 15 %, which is in 

the typical range for the most common nanocomposites.  

We used small angle X-ray scattering to probe the filler structure. SAXS experiments were 

carried out on the Xeuss 2.0 apparatus (Xenocs) of LLB installed in the SWAXS-Lab (Saclay, 

France). The instrument uses a Genix 2D Cu source (wavelength of 1.54189 Å) and a Pilatus3 

1M detector (Dectris).  

Two configurations were used to cover a broad q range from 0.028 to 4.5 nm−1: first, a sample 

to detector distance set to 1.19 m with a collimated beam size of 0.4 × 0.4 mm2, second, a 

sample to detector distance set to 2.49 m with a collimated beam size of 0.25 × 0.25 mm2. The 

measurements were carried out for 10 minutes and 60 minutes respectively to get good 

statistics in the two configurations. The incident beam flux can be directly measured on the 

detector. The scattering from the empty beam and electronic background (dark) were 

subtracted using standard protocols23. Scattering intensities, normalized by the sample’s 

thickness, are given in absolute units, cm-1. 

Atomic force microscopy (AFM) characterization was performed on freeze-fractured samples 

using a Bruker ICON microscope in the tapping mode. In addition, some selected fractured 

surfaces were coated with a 20 nm gold layer and their surface was observed with a Quattro 

scanning electron microscope (FEI) in secondary electrons mode. 

2.3. Mechanical characterization 
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Mechanical testing was carried out on an Instron 5565 universal testing machine in uniaxial 

extension geometry using rectangular samples with a width of 5 mm and thickness of about 1 

mm. All the data are recorded with an initial stretch rate d/dt = 0.05 s-1. The Young’s modulus 

E was determined from the linear fit of the curves up to a strain of 1%. For cyclic loading, the 

tests were performed between zero stress state and a peak stretch value λmax. The details for 

determination of the fracture toughness  using notched samples are given in the Supporting 

information (Figure SI.2). 

2.4. Mechanophore activation detection 

To detect the spiropyran mechano-activation, we used an optical fiber Flame UV-vis 

spectrometer (Ocean Optics) with a low-intensity tungsten halogen lamp illumination in the 

visible range. This illumination did not produce any change of the sample color for at least one 

hour. The spot size of the illumination was about 3 mm in diameter. The intensity of the 

transmitted light I was determined after each loading cycle in the Instron machine using a 

home-made holder for the optical fibers. The absorbance was calculated as A = -log10 (I/I0), 

where I0 is the transmitted intensity after the inactivation of the spiropyran by irradiation of 

the sample with a strong white light for about 5 min. To account for the variations between 

different samples, the absorbance was normalized by the sample thickness dsample and the 

total mechanophore concentration in the sample 𝐶𝑆𝑃
𝑠𝑎𝑚𝑝𝑙𝑒: 

𝐴𝑛𝑜𝑟𝑚 =
𝐴

𝐶𝑆𝑃
𝑠𝑎𝑚𝑝𝑙𝑒𝑑𝑠𝑎𝑚𝑝𝑙𝑒

      (1) 

The values of Anorm were obtained for the visible wavelength range from 400 nm to 800 nm. 

Next, to estimate the fraction of the activated mechanophore probes with respect to the total 

SP which may be activated, we acquired the absorbance spectrum of the samples after 
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illumination with UV light for 2 minutes, a level of illumination that activates all SP into its MC 

form. The fraction of activated molecules was estimated by: 

𝑓𝑎𝑐𝑡𝑖𝑣 =  
𝐶𝑀𝐶

𝐶𝑀𝐶 + 𝐶𝑆𝑃
=

𝐴𝑛𝑜𝑟𝑚(580 𝑛𝑚)

𝐴𝑛𝑜𝑟𝑚
𝑈𝑉 (580 𝑛𝑚)

      (2) 

where Anorm (580 nm) and AUV
norm (580 nm) are the values of the normalized absorbance at the 

wavelength 580 nm of the sample before and after UV activation. Note that because of the 

strong absorption, the AUV
norm (580 nm) value was obtained indirectly using a reference sample 

as described in the Supporting information (see Figure SI.3). 

3. Results 

3.1. Structural characterization of the obtained nanocomposites 

The quality of the dispersion of nanoparticles in the composite films was characterized by 

SAXS, AFM and SEM measurements. AFM images (Figure 2a and SI.4) show silica aggregates 

with a branched fractal-like structure, typical of the industrial and simplified industrial 

nanocomposites24. The primary nanoparticles with an average radius Rp ≈ 10-15 nm form 

aggregates and chain-like structures with typical radii of a few nanoparticles. These primary 

aggregates exist in bare silica powder because the nucleation and growth of precipitated silica 

occurs simultaneously. The aggregates form agglomerates with very different sizes and shapes 

ranging from a few hundreds of nanometers (see the large-scale AFM images on Figure SI.4) 

to tens of microns (see the SEM images Figure SI.5). The SAXS curves have very similar shapes 

for all the samples in the accessible range of q-vectors. Normalized by the corresponding silica 

volume fraction listed in Table 2, the curves superimpose very well (Figure 2b, see also the 

SI.5 for other representations). Only some small differences are observed at very low q (below 

0.006Å-1) with a larger upturn towards larger intensity for the composites with silica volume 



12 

 

fraction of about 14.5%. The absence of a plateau at lower q-vectors down to 0.003 Å-1, 

corresponding to scattering fluctuations ~ 100 nm in size, means that there are no 

characteristic aggregates of this size. In agreement with the literature25, we may attribute the 

power law q-2.1 at low q to the diffusion from particle aggregates with a fractal dimension of 

2.1. The power law q-3.9 observed at higher q corresponds to the Porod-like scattering from 

the particle/polymer interface. The investigation of characteristic inter-aggregate distances at 

larger scales was limited by the scattering angle range. The change of slope of the SAXS curves 

at qp ~ 0.02 Å-1 corresponds to the measured primary particle radius Rp = π/q = 15.5 nm, in 

agreement with the AFM images. Interestingly, the samples NP4VS1 and NP4VS0 show similar 

morphologies in the SEM  (Figure SI.5) and similar SAXS profiles (Figure SI.6) despite the 

difference in coupling agent. We explain this by the presence of an initially aggregated fractal-

like structure25 in the precipitated silica which is partially preserved during the dispersion in 

the liquid monomer used to synthesize the matrix. 

 

Figure 2 – (a) Atomic force microscopy image of the NP3VS1 sample; (b) small angle X-ray 

scattering curves obtained from the nanocomposites normalized by the silica volume fraction. 
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3.2. Mechanical reinforcement 

Nanocomposites with varying fractions of silica nanoparticles were tested in tensile loading. 

Stress-strain curves in Figure 3 illustrate the reinforcement of the poly(ethyl acrylate) matrix 

by silica nanoparticles for volume fractions of nanoparticles in the range of 0 to 14.5%.  

Young’s moduli and stresses at break are summarized in Table 2 and both significantly increase 

with volume fraction of silica nanoparticles. Pure poly(ethyl acrylate) network (0% of silica 

particles) shows a slightly non-linear behavior (Figure 3a) and breaks at a nominal stress of 

about 0.7 MPa. Adding 4.2% of silica in poly(ethyl acrylate) networks has a little effect on the 

Young’s modulus but significantly increases the maximum extensibility, and the 

nanocomposite displays the beginning of a strain-hardening behavior. Increasing further ΦSiO2 

to 8% and 11.4% , increases the modulus and stress at break significantly. For the 

nanocomposite with 14.5% of silica (NP4VS1), the stress-stretch curve shows a pronounced 

non-linear behavior at low stretch and no evidence of strain-hardening at high stretch. Due to 

the covalent links between polymer matrix and silica particles, NP2VS1, NP3VS1 and NP4VS1 

samples show a stiffening and toughening relative to the unfilled elastomer that is comparable 

to what is observed in industrial or “simplified” industrial nanocomposites15,26,27. 
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Table 2. The composition of varying polymer composite and their mechanical properties. 

 

Figure 3b shows the Young’s modulus E and the fracture toughness  of the nanocomposites 

as a function of the silica volume fraction. The strong increase in Young’s modulus (almost 14 

times for 14.5% of silica) is characteristic of the reinforcement of elastomers by fractal 

aggregates, which may percolate even at low volume fractions28. This result is in agreement 

with the observed AFM images. In addition, introducing covalent links between the polymer 

matrix and the filler surface via DMVS (the sample NP4VS1 with respect to the NP4VS0) has a 

similar effect as an increase in cross-linking density and is also contributing to the modulus 

(see values of E and  in Table 2). The introduction of fillers increases from 2 to 11 kJ/m2, 

reflecting the fact that the increase in modulus is not accompanied by a decrease in maximum 

extension. 

Polymers Silica weight 

percent 

(%) 

Silica volume 

fraction 

(%) 

Young’s 

modulus E 

(MPa) 

Stress at break 

(MPa) 

EA 0 0 1.0±0.02 0.7 

NP1VS1 9.5 4.2 1.8±0.1 2.1 

NP2VS1 18 8.0 3.4±0.2 8 

NP3VS1 22 11.4 9.1±0.4 7.3 

NP4VS1 28 14.5 30.5±0.7 11.5 

NP4VS0 28.5 14.7 16.8±0.3 6.0 
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Figure 3 – Mechanical properties of the obtained poly(ethylacrylate) nanocomposites at 

different silica volume fractions: (a) the stress-stretch curves of unnotched samples in simple 

extension; (b) the Young’s modulus E (red full circles) and fracture toughness  (blue open 

squares) as a function of the filler volume fraction.  

3.2. Force-triggered molecular activation 

After confirming that the reinforcement of mechanical properties was characteristic of what 

can be observed in conventional filled elastomers15,26,27, the mechanical activation of 

spiropyran was studied as a function of stretch and stretch history. Unlike the unfilled polymer 

networks, the nanocomposites without spiropyran became markedly white during tensile test, 

as shown in Figure 4a and Figure SI.7a. The most probable cause of whitening may be 

attributed to reversible cavitation inside the samples under stress15,16. We should note that 

multiple scattering of the silica aggregates may also influence the transparency of the 

nanocomposites29. Such strong whitening would make it difficult to detect the changes in light 

absorption caused by SP activation. 

However, the white color disappears almost completely upon unloading or after failure of the 

samples by crack propagation, and it is thus in principle possible to analyze quantitatively the 
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level of activation of SP in the unloaded state. Yet, in-situ absorbance measurements 

performed with unlabeled samples (without spiropyran) during a step-cycle tensile loading 

test (Figure SI.6 b) showed that the transparency was modified at each cycle. Therefore, the 

image color analysis methodology used in our previous work of mechano-activation 

determination3,22 may be incorrect in the case of nanocomposites.  

 

Figure 4 – (a) Photographs of the NP4VS1 sample labeled with SP during one stretching to λ = 

2.7 and unloading to zero stress (λ = 1.3); the color during loading is blue and the color upon 

unloading is purple. We use the purple color to quantify the activation similarly to the ref22. 

The merocyanine is then inactivated by illuminating with a strong white light; (b) the 

absorbance spectra of spiropyran after cyclic loading to different stretch obtained after 

removal of the background (the sample illuminated with a strong white light). 

To circumvent this problem, we proposed a novel approach to quantify mechanical activation 

of SP in nanocomposites by measuring the transmittance spectrum of nanocomposite in the 

unloaded state. Consequently, step cyclic tensile tests were conducted and the transmission 

spectra of mechano-activated samples were recorded at the end of each cycle (Figure 4a). 

Subsequently, the sample was irradiated with a strong white light accelerating the 
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transformation of merocyanine back into SP. The absorption spectrum after illumination was 

used as a background for each cycle of loading, which enabled to correct the small changes in 

opacity of the sample in the unloaded state after each cycle. The resulting activation spectra 

are shown on Figure 4b. The peak centered at 580 nm corresponds to the absorption of MC 

molecules and its intensity increases with maximum applied stretch max. As explained in the 

experimental section, the value of absorbance at 580 nm was used to quantify the fraction of 

activated mechanophore factiv in different composites using equation 2. 

 

3.3. Effect of the silica fraction and interfacial coupling 

The activation was not detectable for the samples with no silica and 4% of silica because the 

failure occurred before any measurable level of color change. Figure 5 shows the quantified 

data of spiropyran activation in three nanocomposites with different silica volume fraction 

ranging from 8% (NP2VS1) to 14.5% (NP4VS1). Three nanocomposites presented similar step-

cycle loading curves (Figure 5a). Each cycle is composed of loading from a zero-load state to a 

maximum stretch value λmax and unloading to a new zero-load state. The residual stretch 

values increase with λmax and stay below 1.3. In all cases, the unloading curve lies significantly 

lower than the loading curve due to the Mullin’s effect and viscoelastic hysteresis. Each 

loading curve of the (N+1)th cycle follows approximately the unloading curve of the Nth cycle 

until its max stretch value λ(N)
max. In the next segment between λ(N)

max and λ(N+1)
max, the loading 

follows the path of the first loading of a pristine nanocomposite. The mechanical behavior of 

nanocomposites is consistent with what is reported in the literature of filled 

elastomers13,19,21,30,31. 
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Figure 5 – Mechanophore activation in the cyclic loading of nanocomposites with various 

volume fraction of silica particles: (a) the stress-stretch curves; (b) the mechanophore 

activation as a function of λpeak ; (c) the mechanophore activation as a function of the peak 

stress. The error bars represent the estimated uncertainty related to the absorption analysis. 

The fraction of activated mechanophore factiv (denoted as activation in the following text) in 

unloaded samples was measured at the end of each cyclic unloading at a value of max(N) and 

max(N). Figure 5b and c show the activation in nanocomposites after unloading at 580 nm as 

a function of max (the maximum value of stretch in the cycle) and max (the maximum value 

of the stress in the cycle), respectively. In both cases, factiv increases with the maximum loading 

during the cycle. The non-linear shape of the curves presenting a threshold activation value of 

around 2 MPa is similar to that observed in unfilled polymer networks at low strain rates3,8. 

For the same value of max, the activation is stronger for nanocomposites with a higher filler 

loading. Interestingly, when the elastomers are loaded to the same max, the activation values 

upon unloading are very similar between the three nanocomposites: the three curves shown 

in Figure 5c seem to follow a master curve. This result is rather surprising because the stress 

distribution in nanocomposites is generally considered as very heterogeneous and dependent 

on the filler fraction and type of aggregation10,20,28. However, this surprising result well agree 

with the similar structures deduced from the SAXS curves of the different nanocomposites:  
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curves perfectly superimpose down to 0.006Å-1 (i.e. for structures up to 100nm) while the filler 

fractions are different.  

 

3.4. Effect of interfacial coupling on activation 

After the measurement of SP activation in nanocomposites with varying volume fractions of 

silica particles, we now examine the influence of the level of covalent coupling between 

nanoparticles and polymer matrix. Nanocomposites with a similar volume fraction of silica ( 

= 14,5%) but different concentrations of the covalent coupling agent (the DMVS) were 

submitted to step-cycle loaded tests. We note that when the concentration of DMVS 

increased to twice that of NP4VS1, NP4VS2 (not shown here) the sample showed a strong 

irreversible cavitation upon stretching to λ≈1.5, resulting in the impossibility to quantify the 

mechano-activation. Hence, NP4VS1 is compared with NP4VS0 sample (without any DMVS). 

Stress-strain curves of NP4VS1 and NP4VS0 are shown in Figure 6. We observe that the 

covalent binding of the matrix to the silica impacts significantly the properties at intermediate 

and high stretch. NP4VS0 has an “elasto-plastic” behavior with a higher residual stretch (about 

1.7) and a sort of plateau at about 2 MPa. This can be explained15 by the possible slippage and 

detachment between polymer matrix and the filler, which is hindered by the covalent linkers 

in the NP4VS1 sample. The elastoplastic behavior induces stronger stress relaxation and creep 

in the NP4VS0 samples which leads to higher dispersion of the activation values with respect 

to NP4VS1. As consequence, three different pieces of NP4VS0 presented great differences in 

activation values for the same max in comparison with NP4VS1 as shown in Figure 6b. 

Interestingly, the activation values as a function of peak stress of both NP4VS1 and NP4VS0 
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samples appeared to fall on a master curve. These results again validated the strong 

correlation between nominal stress and SP mechano-activation.  

 

Figure 6 – Mechanophore activation in the cyclic loading of nanocomposites with similar 

volume fraction of silica particles (14,5%) with covalent (sample NP4VS1) or non-covalent 

(sample NP4VS0) surface coupling between fillers and the matrix: (a) the stress-strain curves; 

(b) the mechanophore activation as a function of λpeak ; (c) the mechanophore activation as a 

function of the peak stress. No error bars are given for the NP4VS0 sample because of the high 

dispersion of the values, which are caused by elastoplastic behavior. 

3.5. Mullins effect  

Once validated as a stress sensor, the SP molecular probe activation can also be used to 

quantify the level of irreversible damage in nanocomposites (Mullins effect) during stretch. 

Figure 7a shows a selection of stress-strain curves of step-cycle tensile tests. In the cyclic 

tensile tests, three loading-unloading cycles were carried out for each value of max. In the 

second and third cycles of loading to the same max = 1.5, max is slightly lower due to the 

damage in nanocomposite networks in the previous cycle. When loaded to a stretch value 

higher than max (and equal to 1.7 in this figure), the curve follows the mechanical curve of a 

virgin sample above the previously achieved max . We compared the activation curve plotted 
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as a function of maximum stress in each cycle shown on Figure 7b. The values in the first cycle 

are about 10-20% higher than those for the second and third cycles. This supports the idea of 

damage of polymer chains in the first cyclic loading resulting in an irreversible inactivation of 

some of the spiropyran cross-linkers linking with the damaged polymer chains. 

 

 

Figure 7 – Mullin’s effect in the sample NP4VS1 at repeated 3 cycles of loading to the same 

maximum stretch values: (a) the stress-strain curves; (b) the mechanophore activation as a 

function of the maximum loading stress value. 

 

Discussion 

In this section, we propose possible mechanisms of nanocomposite deformation to explain 

our main experimental observations: 

- The introduction of silica fillers in the cross-linked polyacrylate matrix leads to strong 

cavitation under stretch; this effect has been reported in the nanocomposite 
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literature32,33, however, it was ignored in recent papers about mechano-activation in 

nanocomposites; 

- The small-strain modulus of nanocomposites is mostly determined by the filler fraction 

and increases strongly with ΦSiO2; this is characteristic for nanocomposites filled with 

fractal aggregates; 

- At high strain, we observe mechanoactivation of spiropyran to merocyanine and the 

activation function factiv(σmax) is similar between nanocomposites with different 

volume fractions and interfacial coupling agents; 

- The strain-softening observed in cyclic loading at the same level of nominal stress leads 

to a decrease in activation by rather modest 10-20%. 

From different possible representations of the nanocomposite structure, we choose that with 

fractal-like filler aggregates dispersed in the elastomer matrix as schematically depicted on 

Figure 8. This structure is supported by our AFM and SEM observations and SAXS 

measurements. From these data, we may also estimate the silica nanoparticles average radius 

Rp = 15 nm. The aggregates of primary nanoparticles are polydisperse and irregularly shaped , 

and we may estimate their characteristic radius Ragg at about 50 nm. To predict the evolution 

of the structure of such a nanocomposite upon stretching, we need to compare the 

deformability of aggregate networks with respect to the matrix. We apply the criterion of 

Witten et al.28 to find the characteristic radius for rigid aggregates: 

𝑅𝑟𝑖𝑔𝑖𝑑~𝑅𝑝 (
 𝐸𝑆𝑖𝑂2

𝐸𝑟𝑢𝑏𝑏𝑒𝑟
⁄ )

1/(3+𝐶)

         (3)    

At scales below Rrigid, the aggregate network may be considered as non-deformable with 

respect to the rest of the matrix. The connectivity parameter C characterizes the “tortuosity” 

of the aggregate network, i.e. how the shortest path length between two elementary particles 
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in a cluster scales with the Pythagorean distance between them. It is usually34 comprised 

between 1 and 1.25. Taking C = 1, ESiO2 ≈ 10 GPa and Erubber ≈ 1 MPa, we estimate Rrigid = 10 nm 

and Rp ~ 150 nm. This value is of the same order of value as the filler aggregate dimensions 

observed on the AFM images. Thus, we may represent the filler network as composed of rigid 

clusters of radius Rrigid containing the nanoparticle aggregates and the occluded rubber that is 

confined between two “arms” of a nanoparticle aggregate.  

At small strains, the elastic modulus of such nanocomposite will be dominated by the effect 

of the filler network fraction and its percolation characteristics. Due to the low compliance of 

the aggregates, the matrix regions between them are over-stretched. The activation of 

mechanophores in the matrix regions confined between fillers occurs at lower overall stretch 

relative to the mechanophore in the bulk matrix, as shown by Kim at al10. The energy 

dissipation in this confined polymer may contribute to the nanocomposite reinforcement at 

small strains. However, the energy dissipation mechanisms in simple networks of poly(ethyl 

acrylate) at room temperature are weak7 in comparison to tough nanocomposite matrices, 

which may show strain-induced crystallization, strong viscoelastic dissipation or sacrificial 

bond breaking,. The over-stretching in the confined regions between nanofiller aggregates will 

lead to cavitation and release the stress concentration when the local hydrostatic stress 

becomes sufficiently high to break the network. This explains the high level of whitening 

observed in the nanocomposites under load. At the same time, the mechanophore activation 

at small strains is negligible. We may speculate why the stress concentration and cavitation in 

the matrix regions confined between the aggregates network does not significantly activate 

spiropyran. Yet, the volume fraction of such confined regions may be quite low. Because of 

the damage of the polymer surrounding the cavity, the cavitation-related activation should be 

irreversible and might be partially responsible for the decrease of the activation in cyclic 
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loading as some of the network strands bearing spiropyran/merocyanine moieties will be 

broken and become permanently inactive. This may refine the arguments of Kim et al.10 who 

observed an increased activation of spiropyran when it was confined between filler aggregates 

with respect to the case of homogeneous distribution in the matrix. Indeed, the fraction of 

the confined rubber in the nanocomposites studied in the present paper that are highly-

stretched (and activate into MC) seems to be low. To support our hypothesis, we cite the data 

of Jouault et al.35, who showed by combining Small Angle Neutron Scattering and SAXS that in 

polystyrene-silica nanocomposites of similar silica volume fraction above Tg, the matrix chains 

deformed in a similar manner as in the pure matrix. 

At higher strains, the filler network is deformed and the aggregates are pulled away from each 

other in the tensile direction and pulled towards each other in the perpendicular directions. 

Because of the low compressibility of the aggregates with respect to the stretching compliance 

of the rubber, the deformation is non-affine. This leads to a local multi-layer structure with 

alternating layers of aggregate “rafts” and domains composed of mostly rubber matrix. A 

similar structure was suggested in the literature for different types of rubber nanocomposites 

based on SAXS measurements16, in situ TEM imaging20, AFM36 and electrical conductivity 

measurements21. 
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Figure 8 - The simple lattice scheme showing the nanocomposite deformation. The aggregates 

are considered as non-deformable at the scale Ragg. 

The fact that a significant fraction of the spiropyran (about 1-10% of the total SP concentration) 

is activated in this large strain regime supports the idea that the rubber domains located 

between the “rafts” of the nanoparticle aggregates are highly stretched in the tensile direction. 

We have shown previously3 that the concentration of activated spiropyran crosslinker 

embedded in the filler network of poly(ethyl acrylate) multiple networks follows a quadratic 

dependence on nominal stress with an activation threshold of about 2 MPa. In this proposed 

layered structure, the rubber bears a similar loading stress as the whole sample as it is loaded 

in series with the harder layers/rafts containing the aggregates. The tensile loading of the soft 

domains explains that a similar activation curve factiv(σmax) is observed for all nanocomposites. 

By contrast, the compression of aggregate “rafts” in the direction perpendicular to the tensile 

direction does not appear to lead to significant activation. While the compression of fractal 

aggregates was pointed out as an important mechanism28 responsible for reinforcement, our 

results suggest that highly stretched chains in the matrix are dominant in our case. This is in 

line with results of Miyata et al.20 who recently studied by transmission electron microscopy 
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the local strain distribution in a silica nanoparticle-filled isoprene rubber nanocomposites and 

showed that the higher strain localization in the overstretched domains is dominant with 

respect to the compressed areas inside aggregate “rafts”. 

The limitations of our model to explain the activation master curve may be seen in Figure 9. 

Here, we show the differential tensile modulus 𝐸𝜆 = 𝑑𝜎𝑁 𝑑𝜆⁄  as a function of the stress. 

Unfortunately, due to the fragile nature of the matrix, we were not able to obtain its tensile 

curve at stretch values higher than 2.5. For all the samples, the moduli first decrease (the 

Payne effect), and next increase due to the finite chain extensibility in the elastomer. We 

notice that in the high-stress part of the curves the differential modulus follows a similar 

master curve that is independent of the sample. This tendency is qualitatively similar to the 

activation curves shown in previous sections and supports the presence of soft domains 

loaded in series with the hard domains of aggregate “rafts”, similar to the classic models of 

Nielsen37 or Mullins and Tobias31. However, the observed high-strain 𝐸𝜆  values are several 

times higher than the modulus of the matrix and may not be explained by the over-stretching 

of the matrix. In this calculation of 𝐸𝜆 = 𝑑𝜎𝑁 𝑑𝜆⁄ , we use the macroscopic stretch, which 

includes the low stretch of the incompressible rafts. This also suggests that the volume 

fraction of the non-deformable phase may be larger than we think. 
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Figure 9 – Differential tensile modulus of nanocomposites depending on the nominal stress. 

In the proposed mechanism, we neglected the effects of bond strength at the matrix/fillers 

interface. As shown in the literature15, non-covalent coupling increases the possibility of 

interfacial slippage and detachment, leading to cavitation. The latter situation is most relevant 

for the sample NP4VS0 where only the non-covalent coupling agent is present at the matrix-

filler interface. The effect of a weak interfacial coupling is indeed confirmed by a more 

pronounced plastic behavior and a stronger whitening of this sample relative to the VS1 series. 

The fact that the activation as a function of stress follows a very similar master curve as the 

one for the samples containing a covalent coupling agent supports the idea that the major 

part of activation is due to the stretching of the soft matrix domains. 

 

Conclusion 

We proposed a new protocol to synthesize under mild conditions (60°C), model poly(ethyl 

acrylate) elastomer nanocomposites filled with branched aggregates of silica nanoparticles 
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and labeled with spiropyran mechano-active cross-linkers. We observed that the 

nanocomposites change their color under tension, however, the detection and a quantitative 

determination of the concentration of activated molecules due to tensile stress is limited by a 

strong whitening of the samples due to cavitation that scatters the light. Nevertheless, we 

quantified the color change from analysis of the unloaded samples, due to the ability of the 

activated SP to remain in its activated state for several hours once the load is removed. We 

obtained the mechano-activation occurring after cycles of loading and unloading of the 

nanocomposites as a function of maximum stretch and maximum nominal stress during each 

cycle. We found that samples with different silica volume fractions and in presence or absence 

of covalent coupling between the filler and the matrix, have very similar levels of spiropyran 

activation at the same nominal maximum stress, although this corresponds to different values 

of stretch. Our finding strongly suggests that, for this class of nanocomposites, most of the 

load at high strain is carried by the polymer strands that are close to their maximum 

extensibility rather than by the transverse compression of silica aggregates. We also show that 

the Mullins softening of the nanocomposites leads to a slight decrease in level of activation 

during the second loading cycle. However, this decrease is low (about 10-20%) and the 

activation curves after 2nd and 3rd cycles follow the same evolution. We propose a mechanism 

of deformation of the aggregate network that may lead to a layered structure in which most 

of the rubber is loaded in series with the hard “rafts” of silica aggregates and is bearing the 

same load, which leads to similar activation curves. Thus, we may conclude that due to the 

reorganization and fragmentation of the filler network, the load is transferred from the hard 

aggregates to the soft polymer domains. 
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Supporting information 

The supporting information file includes the TGA curves of the samples to determine the silica 

fractions, the details about fracture toughness determination and visible spectroscopy data 

normalization, complementary AFM and SEM images of nanocomposites, SAXS curves in 

additional representations and characterization of sample transparency under stretch. 
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