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Abstract
Dislocation structures are ubiquitous in any 3D printed alloy and they play a primary role in determining
the mechanical response of an alloy. While it is understood that these structures form due to rapid
solidification during 3D printing, there is no consensus on whether they evolve due to the subsequent
solid-state thermal cycling that occurs with further addition of layers. In order to design alloy microstruc-
tures with desired mechanical responses, it is crucial to first answer this outstanding question. To that
end, a novel experiment has been conducted by employing high resolution reciprocal space mapping, a
synchrotron-based X-ray diffraction technique, in situ during 3D printing of an austenitic stainless steel.
It reveals that dislocation structures formed during rapid solidification undergo significant evolution dur-
ing subsequent solid-state thermal cycling, in particular during addition of the first few (up to 5) layers
above the layer of interest.

1 Introduction
3D printing has revolutionized the manufacturing sector through its unique ability to build near net shape
parts without any tooling. 3D printing of alloys involves building parts in a layer-by-layer manner by
melting a feed stock (powder or wire) using a moving heat-source (laser or electron beam). The ensuing
heat and matter interaction subjects the material to a sequence of highly non-equilibrium processes until
the end of building: melt-pool dynamics and rapid solidification is followed by heating-cooling cycles in
the solid-state at varying temperature amplitudes and heating and cooling rates, also called solid-state
thermal cycling (SSTC) or intrinsic heat treatment. These processes result in the formation of hierarchical
microstructures exhibiting physical and chemical heterogeneity at multiple length scales [1–8].

Among the different possible microstructural features, dislocations are ubiquitous in any as-built alloy.
They mainly organize in intragranular cell structures with a high dislocation density in the cell walls and a
low density in the cell interiors. These dislocation cells are among the smallest heterogeneities in as-built
alloys and play a primary role in enhancing the yield strength of the material often accompanied by a
lower ductility [4–6]. Designing alloy microstructures that exhibit desired material properties necessitates
control of the 3D printing process parameters to obtain appropriate dislocation structures. Achieving
such control first requires a thorough understanding of the role of different non-equilibrium processes
occurring during 3D printing on the formation of the dislocation structures and their evolution into their
final form in an as-built alloy.

Currently, there are two main hypotheses on the origin of dislocation cells in as-built alloys. One
hypothesis is that these cells form in inter-dendritic regions during rapid solidification and do not sig-
nificantly evolve, if at all, during SSTC. This hypothesis is based on post-build electron microscopy
observations of dislocation cells coinciding with microsegregations in inter-dendritic regions [5,9]; the lat-
ter are a signature of directional solidification in 3D printed alloys. The opposing hypothesis is that the
thermo-mechanical forces occurring during SSTC result in significant changes in the dislocation struc-
tures formed during rapid solidification. This hypothesis is motivated from other post-build electron
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microscopy studies [10–14] presenting observations that dislocation cells do not always coincide with mi-
crosegregations. How ever, both the aforementioned hypotheses are based on studies performed after
samples have been printed; yet, it is impossible to univocally separate the role of SSTC from that of
solidification on dislocation structure and internal stress formation and evolution during 3D printing by
solely analyzing as-built samples. A clear insight into the effects of the different processes can only be
gained by tracking the evolution of dislocation structure and internal strains in situ during 3D printing.

To that end, we conducted a novel experiment involving high-resolution reciprocal space mapping
(HRRSM), a synchrotron-based X-ray diffraction technique, while 3D printing samples from an austenitic
stainless steel. HRRSM involves using a narrow beam (slightly larger than the grain size) of high-
energy monochromatic X-rays to record a diffraction pattern from a single grain embedded in the bulk
material, and generating a 3D reciprocal space map of the crystal lattice of that grain [15–19]. From
these maps, the intragranular distributions of lattice strain and orientation can be extracted. Performing
HRRSM of selected grains at different intervals during 3D printing allows tracking the evolution of their
intragranular distributions of lattice strain and orientation. In the case of an austenitic stainless steel,
major intragranular variations are related to dislocation evolution (with a potential minor contribution
of heterogeneous grain environments); there are no contributions from solid-state phase transformations.
This experiment provides, for the first time, an unambiguous answer on the importance of SSTC during
3D printing in evolving the dislocation structures and intragranular strains obtained after solidification.

2 Materials and methods
The experiments were conducted using a newly designed miniature laser metal deposition (mini-LMD)
machine (Fig. 1.a) dedicated to per forming in situ and operando synchrotron X-ray experiments; a
detailed description of the machine is provided in Appendix A. 3D printing was performed using a
single-phase 316L austenitic stainless steel (316LSS). The 316LSS powder feedstock had been prepared
via inert gas atomization by Oerlikon AM (Germany) and has a chemical composition (in wt%) of
Fe–17.34Cr–12.55Ni–2.34Mo–1.4Mn–0.49Si–0.08N–0.04Cu–0.03O (with trace elements P (0.01 wt%), Si
(less than 0.01 wt%), and C (less than 0.01 wt%)). The powder particle size distribution had a median
of 58 µm, and the 10% and 90% quantiles were ∼44 µm and ∼82 µm, respectively. The following 3D
printing parameters and strategy were used to build thin-wall type samples were used: single track per
layer unidirectional printing, laser power 100 W, printing speed 600 mm/min, powder flow rate 7 g/min,
and vertical displacement of focusing head 0.25 mm between each layer. Each thin wall was printed on a
hot-rolled, annealed, pickled, and sanded 316LSS plate of 40(x) × 140(y) × 10(z) mm3 with the following
composition (in wtFe–16.52Cr–10.08Ni–2.08Mo–1.31Mn–0.5Si–0.36Cu–0.31Co–0.024C.

The mini-LMD machine was installed at the P21.2 beamline of the PETRA III synchrotron of Deutches
Elektronen-Synchrotron (DESY, Germany) where HRRSM can be performed in transmission mode. A
2D detector was positioned in the horizontal diffraction plane (Fig. 1.b) to acquire diffraction patterns of
400 (γ-austenite) diffraction peaks. Therefore, all investigated grains had one of their <100> directions
close to the printing direction. HRSSM was performed using a 52.5 keV X-ray beam of size 300×300 µm2

and having a narrow bandwidth (0.009 keV) and negligible divergence. The detector records diffraction
patterns along two of the three directions in reciprocal space: the radial direction corresponding to
the diffraction angle 2θ, which is related to the interplanar spacing dhkl through Bragg’s law, and one
azimuthal direction corresponding to the angle η around the +x axis. To obtain information along the
other azimuthal direction corresponding to the angle ω (Fig. 1.b), and thus 3D reciprocal space maps
of 400 diffraction peaks, the specimen is rocked around the +z axis (ω = ±2◦ and detector images are
acquired in intervals of 0.02◦). A detailed description of the experimental setup and data acquisition
is given in Appendix B. Acquired detector images from each grain were treated using the procedure
described in Appendix B, and illustrated in Fig. 1.b, to obtain the 3D reciprocal space map of that grain.
Angular resolution of ∆2θ = 0.0026◦, ∆η = 0.0025◦, and ∆ω = 0.02◦ was reached with the current setup.

Grains that can be considered suitable for HRRSM investigations have to fulfill the following criteria:
(i) they must have one of their <100> crystallographic directions nearly parallel to the printing direction
(−y), (ii) they must be completely illuminated by the beam, and (iii) their 400 diffraction peaks must
be well separated in azimuthal directions (i.e., angles η and ω) from the 400 diffraction peaks of other
grains illuminated simultaneously by the beam.
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Figure 1: Experimental setup and procedure: (a) The mini-LMD machine: A perspective view of the
machine showing a wall sample being built as well as the direction of the incoming and diffracted X-ray
beam. (b) HRRSM data acquisition and treatment for a grain: During mapping of each grain, the sample
was rocked continuously about the vertical z axis. The acquired raw data are treated to obtain a 3D
(qr, qη, qω) reciprocal space map of a 400 diffraction peak of a grain having one of its <100> directions
close to the printing direction (Eq. 1). Projection from the region of interest (ROI) of this map onto
the azimuthal plane (qη, qω) reveals the intragranular orientation distribution, and projection along the
radial direction (qr) provides the radial peak profiles. Azimuthal maps can also be projected along qη

and qω to obtain azimuthal peak profiles. (c) An illustration depicting each step of the experimental
procedure.

The experimental procedure (illustrated in Fig. 1.c) to print the two thin-wall samples was: (i) Print
L0 = 20 layers using a single-pass-per-layer unidirectional printing strategy and let the sample cool down
to room temperature. (ii) Using the X-ray beam, identify multiple grains of interest (those having one of
their <100> crystallographic directions along the printing direction, −y in Fig. 1) in the topmost layer
(L0) within a region close to the center of the sample and perform HRRSM for each grain. At this stage,
these grains have only experienced rapid solidification and cooling down to room temperature; hence,
their 3D reciprocal space maps are taken as reference for the as-solidified state. (iii) Add a set of n layers
on top of the sample using the same printing strategy. (iv) Re-perform HRRSM on each of the previously
identified grains. (v) Repeat the previous two steps until the end of building.

Two thin-walls were printed (along y) 5 mm away (along x) from the substrate edge that is closest to
the Kapton window for the outgoing X-ray beam and they were centered along y on the substrate. One
of the two samples, denoted as S5L, was built in intervals of n = 5 layers to a total of 80 layers i.e., L0 +
60 layers. The other sample, denoted as S2L, was built in intervals of n = 2 layers to a total of 40 layers
i.e., L0 + 20.

3 Results
An inert gas atomized 316LSS powder was used to build two thin-wall samples on two 316LSS substrates
in situ at the P21.2 beamline of PETRA III synchrotron (DESY, Germany) using the aforementioned
procedure (Section 2). Three grains were identified in the L0 (20th) layer for S5L and were named
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S5L-G1, S5L-G2 and S5L-G3. Two grains were identified in the L0 (20th) layer of S2L and were named
S2L-G1 and S2L-G2. All grains were in the size range [38,110] µm and smaller than the beam size;
therefore, in each case the entire grain is illuminated. From each 3D reciprocal space map, projections
were derived along the radial direction (qr) and in the azimuthal plane (qη, qω) as seen in Fig. 1.b. The
evolution of these projections was followed as a function of added layers.

3.1 Radial peak profiles
The radial peak profiles In(qr) computed using Eq. 2 are asymmetric for all grains with a pronounced
tail towards lower qr; an example is shown for S5L-G1 in Fig. 2.a. This asymmetry is mainly caused by
the presence of Cr-Mo microsegregation structures; see Appendix B.3. These microsegregation structures
are formed during solidification and do not evolve significantly during SSTC [20], which is substantiated
by negligible changes in peak asymmetry after layer addition (Fig. 2.a).

However, adding layers changes the average peak position and the integral width. For all grains, the
average peak position first shifts towards lower qr after addition of the first set of layers and then with
further addition of layers moves gradually towards higher qr. These back-and-forth shifts, shown for
S5L-G1 in Fig. 2.a, are caused by the evolution of intergranular residual lattice strains. They can be
better understood by studying the evolution of the average lattice strain (along y in Fig.1), derived from
average peak positions using Eq. 5, as a function of added layers for all grains as shown in Fig. 2.b. In
the as-solidified state, all grains have a residual tensile strain of ∼0.22% with respect to the strain-free
lattice spacing (see Appendix B). These tensile strains are a consequence of the temperature gradient
mechanism [21] occurring during local cooling of a single-phase material. After addition of a few layers, the
residual tensile strain of each grain increases and reaches a maximum; in the present case, the maximum
occurs after adding either five layers to L0 (i.e., L0 + 5) or four layers to L0 (i.e., L0 + 4) respectively
for the S5L and S2L strategies. With further addition of layers, a continuous decrease in the residual
lattice strain of each grain is observed. The final residual lattice strains for all grains are lower than the
ones at L0 but they remain tensile. These results show that the maximum grain-averaged tensile strain
occurs a few layers below the topmost layer i.e., in layers which have experienced some SSTC. Since all
the HRRSM measurements are performed at room temperature, the observed changes in lattice strains
can only be caused by the presence of other phases (e.g., ferrite) or mechanical constraints imposed by
the substrate on the printed walls. A quantitative phase analysis using Rietveld refinement [22] was
performed on diffraction patterns acquired from the as-built samples using another 2D detector much
closer to the sample. It revealed that the samples were dominantly austenite with only a trace amount
of ferrite (less than 0.25%). The observed changes in lattice strains cannot be explained by such a small
amount of a second phase, but must be caused by the macroscopic mechanical constraints.
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Figure 2: Evolution along the radial direction: (a) Radial peak profiles of S5L-G1 with respect to the
number of added layers. The intensity of the radial peak profile is normalized using Eq. 2. Evolution of
(b) residual lattice strain and (c) integral width, obtained from the radial peak profiles, as a function of
the number of added layers for all five grains from S5L and S2L.
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The integral widths, calculated using Eq. 6, of all grains also increase after adding the first few layers
(5 layers for S5L and 2 or 4 layers for S2L) as seen in Fig. 2.c. Further addition of layers yields three
different behaviors: (i) a continuous decrease until the end of building for S5L-G1 and S5L-G2, (ii) an
initial decrease followed by a constant integral width for S2L-G2, and (iii) a decrease followed by a slight
reincrease for S5L-G3 and S2L-G1.

These integral widths are composed of convoluted contributions from instrumental broadening, size
broadening and intragranular lattice strain distribution; dislocation cells can play a significant role for
the latter two contributions. However, these contributions cannot be separated using standard methods,
such as the modified Williamson-Hall approach [23], because they require information from more than
one radial peak profile. Furthermore, it is also not possible to perform a single peak profile analysis [24]
due to the asymmetry caused mainly by microsegregations.

3.2 Aimuthal maps
To univocally prove that dislocation evolution indeed occurs due to SSTC during layer addition, azimuthal
maps containing information on intragranular orientation distribution are studied. Fig. 3 shows the
azimuthal maps of all the investigated grains acquired at room temperature in the as-solidified state
and after several subsequently added layers. Each map shows either a single maximum or multiple
local maxima occurring on a cloud of lower intensity. Several effects may contribute to these azimuthal
distributions: (i) a homogeneous bending and twisting of the investigated grain due to type II stresses [25]
from its neighborhood resulting in a constant intensity within the clouds. (ii) Local bending and twisting
induced by randomly distributed dislocations or thick dislocation walls resulting in smooth intensity
variation within the clouds. (iii) Localized finite orientation differences induced by dislocation boundaries
resulting in intragranular orientation domains (ODs) [16,19]. Such ODs manifest themselves in azimuthal
maps as distinguishable regions of enhanced intensity around local intensity maxima separated from other
ODs by regions of lower intensity.

In the as-solidified state (L0 in Fig. 3), multiple regions of enhanced intensity with distinct max-
ima can be identified in the azimuthal maps of S5L-G1 and S5L-G3. They indicate the existence of
individual ODs with slightly different orientations between them caused by the presence of dislocation
boundaries. Meanwhile, clouds with smoothly varying intensity and a single maximum can be identified
in the azimuthal maps of the remaining grains indicating a more homogeneous dislocation distribution.

After addition of the first set of layers (L0 + 5 or L0 + 2), the In(qη, qω) intensity distributions have
broadened and the azimuthal maps of all grains have significantly changed. For S5L-G1, the distinct ODs
with multiple local maxima are replaced by a single OD with large spread and one maximum. S5L-G2
and S2L-G2 have developed a larger spread with multiple local maxima. Meanwhile, S5L-G3 and S2L-G1
have developed distinct ODs with their own spread and local maxima. Recalling that microsegregations
do not evolve significantly during layer addition, it can be concluded that the changes in the azimuthal
maps are due to dislocation structure evolution.

Furthermore, average peak positions in qη and qω have changed significantly for all grains. They reflect
rotations of entire grains in η and ω and can be quantified by the peak shifts ∆qη and ∆qω shown in
Fig. 4.a and b, respectively. Significant overall grain rotations are observed after the addition of the first
set of layers. The grains mainly rotate anti-clockwise in η and clockwise in ω (cf. coordinate system in
Fig. 1), except for one grain in each case. The magnitude of rotation is different for each grain, with large
changes (e.g., S5L-G3) and small changes (e.g., S2L-G1) along both qη and qω. Besides intragranular
dislocation evolution, heterogeneous deformation of the grain neighborhood may also contribute to these
rotations.

The developing spread in azimuthal maps can be quantified by the standard deviations in qη and qω,
which reflect the changes in widths of the projected In(qη and In(qω profiles; their changes are shown
in Fig. 4.c and d, respectively. All grains exhibit a strong increase in their azimuthal spread after the
addition of the first set of layers but subsequent addition of layers has only a minor effect. From these
results, it can be concluded that dislocation structures significantly evolve during the addition of a first
few layers (i.e., during the initial stages of SSTC), specifically up to 5 layers, while no significant evolution
occurs later even though the lattice strains continue to evolve.
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Figure 3: Azimuthal maps of the five investigated grains in their initial as-solidified state when L0 is the
topmost layer, and after addition of the first (L0 + n), the second (L0 + 2n), and the last (L0 + N) set of
layers; here n = 5 or 2 and N = 60 or 20 for S5L or S2L, respectively. The intensity within each azimuthal
map is normalized using Eqs. (B.3) and (B.4). Low intensity vertical lines are caused by interpolation
over inactive areas on the detector.
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Figure 4: Evolution of peak shift and standard deviation of azimuthal peak profiles: Evolution of the
shift in the average peak positions of the azimuthal peaks along (a) qη(∆qη) and (b) qω(∆qω) and the
standard deviations of (c) qη and (d) qω as a function of the number of added layers for all grains.

3.3 Intragranular orientation domains
To investigate the microstructure evolution within grains, individual ODs within a grain were precisely
identified following the procedure in [16,19] and their evolution tracked during 3D printing. The analysis
is restricted to S5L-G3 and S2L-G1 because ODs in these grains were clearly distinguishable not only
after the first set of added layers (L0 + 5 and L0 + 2, respectively) but also until the end of building.

ODs were identified based on the azimuthal maps obtained after the first set of layers had been
added. Each OD is defined through a region of interest in the azimuthal map containing one or more
local intensity maxima in such a way that there is no overlap with the region of interest of other ODs.
Note that dislocation structures resolved on the level of these ODs do not correspond to individual
dislocation cells. The latter could not be identified because it is impossible to separate high intensity
peaks associated with individual cells within these ODs, mainly due to the finite size broadening from
the small coherently scattering size of individual cells.

For both S5L-G3 and S2L-G1, two ODs are defined as shown in Fig. 5.a and d. The evolution of their
lattice strains (Fig. 5.b and e) and integral widths (Fig. 5.c and f) are followed as a function of added
layers and compared to the average evolutions of the entire grains presented in Fig. 2.b and c. The size of
the regions of interest were kept constant during the analysis, but their positions were slightly adjusted
to allow following the rotations of the ODs with layer additions.

The lattice strains in OD1 and OD2 of both grains evolve similar to that of their respective grain, but
with a positive and negative offset, respectively, i.e., OD1 and OD2 experience higher and lower tensile
strains than the grain average. These lattice strain differences between ODs (up to 0.027%) contribute
to the integral width of the entire grain.
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The integral width of OD1 of S5L-G3 initially evolves in a manner similar to that of the entire grain.
It decreases between addition of 5 and 10 layers, re-increases while adding 10 more layers, and then
increases slightly towards the end of printing. Meanwhile, the integral width of OD2 starts much lower
than that of the entire grain and OD1, and becomes even lower with further addition of layers. For grain
S2L-G1, the integral width evolves in a strikingly different manner. It initially increases for the grain
and both its ODs until the addition of four layers. During addition of six more layers, all integral widths
decrease. Afterwards, until the end of the process, they re-increase for the entire grain and OD1, but
decrease for OD2. At the end of building, the integral widths of both ODs are nearly the same.

Focusing on S2L-G1, it becomes clear that lattice strains and integral widths increase for both of
its ODs during the addition of the first four layers. Hence, the increase in integral width of the entire
grain cannot be attributed to the development of different tensile strains in both ODs, but rather to the
accumulation of dislocations due to plastic deformation after the first sets of added layers. Adding more
than four layers leads to a reduction in integral width of each OD and the entire grain; it must also be a
consequence of dislocation rearrangement (or annihilation) during SSTC leading to mutual screening of
the elastic strain fields from dislocations.
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Figure 5: Investigating orientation domains (ODs) within two selected grains (a-c) S5L-G3 and (d-f)
S2L-G1: The rectangles shown in the azimuthal maps after the first set of layers added (a: L0 + 5, d:
L0 + 2) indicate regions of interest defining two ODs in each grain. The plus signs indicate the position
of the maximum intensity in each OD. Evolution of (b, e) lattice strain and (c, f) integral width of the
entire grain (S5L-G3 or S2L-G1) and their respective ODs as a function of the number of added layers.

4 Discussion and conclusions
A plethora of notable changes were observed in the diffraction patterns of investigated grains in the L0
layer due to SSTC induced by the addition of layers above L0, in comparison to their as-solidified state
(when L0 was the topmost layer). The radial peak profiles (Fig. 2) and the azimuthal maps (Fig. 3)
revealed an evolution of the intragranular structure and the development of residual strains in individual
grains with the addition of layers. Peak shifts in the radial direction are mainly governed by developing
type II residual stresses of each grain. Meanwhile, the increasing integral width in radial as well as
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azimuthal directions respectively reveals the formation of intragranular (type III) residual stresses and
orientation differences within grains. Development of local differences in strain and orientation within
a grain can be either imposed by the neighborhood of the investigated grain or a consequence of het-
erogeneous plastic deformation of the grain. The large increase in integral width and azimuthal spread
after the addition of the first set of five layers for S5L indicates that changes to the dislocation structure
due to plastic deformation must occur during SSTC. For printing strategy S2L, the largest increase is
observed after adding the first two layers. However, a continued increase in azimuthal spread and integral
width is observed for grain S2L-G1 with the addition of two more layers. The most plausible explanation,
which is that dislocation structures evolve during SSTC, is further substantiated by the azimuthal maps
developing distinct ODs (Fig. 5). The development of such large orientation spreads and finite misori-
entations between ODs cannot occur purely from elastic bending (or twisting) induced by surrounding
grains; the latter would induce continuous curvatures leading to smooth intensity distributions instead
of the observed distinct ODs.

Considering the collected evidence from 3D reciprocal space maps, it becomes apparent that the
dislocation structures that manifest just after solidification evolve significantly during the initial stages
of SSTC i.e., after adding a few layers on top of the investigated region. In other words, the dislocation
structures obtained at the end of a 3D printing process are not the same as those obtained just after
solidification.

Recently, a dislocation thermo-mechanics model [26] had been developed with the aim to predict
dislocation evolution during transient and heterogeneous temperature changes such as those occurring
due to SSTC during 3D printing. Our findings validate the core assumption of this model, which is
that dislocations can evolve during SSTC. Our experiment also paves the way to better understand the
thermo-mechanics of dislocations during 3D printing and to perform more dedicated simulations e.g., as
done in [27] using a discrete dislocation dynamics approach. Such simulations would allow tailoring the
dislocation structures in 3D printed parts by subjecting them to in-process heat treatments, e.g., using one
or more lasers to change the dislocation structure locally and globally. Since dislocation structures play
a primary role in determining the mechanical properties of a material, such in-process heat treatments
could be used to tune the eventual mechanical response of a part.
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A Mini-LMD machine
In situ and operando synchrotron X-ray techniques are powerful tools used to investigate and understand
the mechanisms occurring during the 3D printing processes (e.g., melt pool dynamics, defects formation,
and solid-state phase transformation). Several machines dedicated to synchrotron experiments have been
developed and used to study a broad range of 3D printing techniques and materials, e.g., [28,29]. However,
most of the machines allow printing relatively small sized parts with simple printing strategies.

A newly designed miniature laser metal deposition (mini-LMD) machine dedicated to performing in
situ and operando synchrotron and neutron experiments has been developed to overcome these constrains.
The machine was designed to print large scale parts (semi-industrial), using a broad range of printing
strategies (e.g., unidirectional, bidirectional, cross-hatch, etc.), and under inert environment for oxygen
reactive metals such as Ti and Al based alloys. The mini-LMD machine has been designed in collaboration
with Sotimeco company (France). Fig. 6 shows (a) the design of the machine and its main components
and (b and c) pictures of the machine installed at the P21.2 beamline (DESY PETRA III, Germany).

Figure 6: (a) A perspective view of the machine showing a wall sample being built as well as the direction
of the incoming and diffracted X-ray beam and (b and c) pictures of the mini-LMD machine installed at
the P21.2 beamline.

The mini-LMD machine is 500(x) × 500(y) × 1100(z) mm3 in size and it weighs about 100 kg. Its
walls are made from an aluminum alloy. The front and back walls (perpendicular to x) of the printing
chamber are equipped with two Kapton polyimide (grade Cirlex CL) windows of 0.76 (±10%) mm
thickness; these windows are opaque to the emitted laser radiation but transparent to X-rays. The
machine is hermetically sealed, preventing laser radiation or powder particles from leaking outside. The
front Kapton window of size 430(y)×200(z) mm2 is situated on the X-ray entrance side and the back one
of size 430(y)×430(z) mm2 is situated on the X-ray exit side (Fig. 6). The sample positioning and the size
of the Kapton windows are such that full Debye-Scherrer rings with diffraction angles up to 30◦ can be
recorded. The printing chamber inside the machine can be accessed through a door locked by a magnetic
interlock security system. This chamber is equipped with a focusing head having two translation stages:
x and y, and a base plate having three translation stages: x, y, and z. The translation stages have a
maximum travel speed of 33 mm/s. The base plate is water-cooled at 25 ◦C via a water-based chiller
(PRC Laser). The mini-LMD can manufacture parts of sizes up to 100(x) × 100(y) × 80(z) mm3 using
either the focusing head or the base plate.

The mini-LMD is equipped with a high-energy continuous-wave fiber laser (PRC Laser) of wave-
length 1080±1 nm with a maximum power of 1000 W. The laser spot size at the focusing distance is

10



approximately 0.4 mm. The laser beam is tilted by 20◦ with respect to the vertical axis of the focusing
head and can rotate over 360◦ around it, which adds an additional degree of freedom for printing along
with the focusing head and base plate motions. The powder is stored in a funnel-like tank inside the
machine which moves with the focusing head. The humidity inside the tank is controlled by an external
drying (W-Tech) system coupled with a pump. An endless screw and argon gas are used to transport
the powder from the tank to a 1 mm diameter tungsten carbide nozzle aligned with the vertical axis of
the focusing head. To minimize oxidation of the melt pool during manufacturing, argon is also used as
a shielding gas. In addition, the printing chamber can be flushed with inert gas allowing the printing of
high oxygen reactive alloys. The oxygen level inside the chamber is monitored via an oxygen transmitter
600 mk3 (Systech Instruments). The machine includes a powder iltration system (TBH GmbH) with a
high-efficiency particulate air 13 HEPA filter (H13 HEPA filter) that automatically vacuum suspended
powder particles at the end of the printing process. Every piece of equipment is connected to an elctrical
cabinet and managed by one computer and one control panel that can both be used and controlled outside
of the experimental hutch.

B HRRSM
B.1 Setup and acquisition
The mini-LMD machine was installed at the P21.2 beamline of the PETRA III synchrotron of DESY
(Germany), where HRRSM can be performed in transmission mode. An Eiger CdTe 4M (Dectris) detector
was used to acquire two-dimensional diffraction patterns of 400 (γ-austenite) peaks of 316LSS. This
detector has an active area of 2162 × 2068 pixels (along y and z as defined in Fig. 1) with a pixel size
of 75 × 75 µm2. Using Bragg’s law (2dhkl sin(θ) = λ, where dhkl is the interplanar spacing between
the diffracting hkl lattice planes and λ = 0.23616 Åis the X-ray wavelength corresponding to 52.5 keV
X-ray energy) and the strain-free lattice constant a0 = 3.59346 Å, the diffraction angle 2θ ≈ 15.05◦ is
obtained for the 400 reflection. To perform HRRSM, the detector was positioned at 6.48 m (along the
beam direction x) downstream of the sample and at ∼1.75 m from the incident beam direction (along
the printing direction, −y, as shown in Fig. 1.b), which allowed capturing the intensity distributions
of 400 (γ-austenite) diffraction peaks of 316LSS that are close to the horizontal diffraction plane. All
investigated grains had one of their <100> directions close to the printing direction.

The detector records diffraction patterns along two of the three directions in reciprocal space: the
radial direction corresponding to the diffraction angle 2θ, which is related to dhkl through Bragg’s law and
one azimuthal direction corresponding to the angle η around the +x axis. To obtain information along the
other azimuthal direction corresponding to the angle ω (Fig. 1), the specimen is rocked around the +z axis.
In order to perform such rotations, the mini-LMD machine is placed on a diffractometer available at the
beamline, which allows rotations around different axes. During acquisition of 3D reciprocal space maps,
the mini-LMD is continuously rotated with constant speed around the +z axis while collecting diffraction
patterns in the range ω = [−2◦, 2◦]; the maximum and minimum values are adapted to the azimuthal
spread of the diffraction peak investigated, however, the spread of the intensity distribution never exceeded
4◦. Synchronization of rotation and detector acquisitions ensures that each image represents a small
angular interval ∆ω = 0.02◦ and an acquisition time of 1 s. Both azimuthal angles η and ω are defined
to increase anti-clockwise around their respective axes (Fig. 1).

With this experimental setup, a high angular resolution of ∆2θ = 0.0026◦ is obtained along the
radial direction for the 400 diffraction peak and it is dominated by the energy band width with negligible
contributions from beam divergence, pixel size on the detector and size of the investigated grains. The
resolution ∆η = 0.0025◦ along η is dominated by the pixel size with additional contributions from the
beam divergence and the size of the investigated grains. The angular resolution along ω is mainly
determined by the chosen rocking interval ∆ω, which is 0.02◦.

B.2 Data treatment
Each acquired image was binned (into 2162 and 2068 bins) to obtain an azimuthal angle versus scattering
angle (η vs 2θ) map using the pyFAI python library [30]; the number of bins in both directions were
defined by the pixel array format of the images. The angles from the acquired (2θ, η, ω) maps for each
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grain were transformed into reciprocal space coordinates using the following formulae [19]:

qr = 4π

λ
sin(θ)

qη = 2πη

λ
sin(2θ)

qω = 4πω

λ
sin(θ)

(1)

For each grain, a 3D reciprocal space map is then obtained by stacking the images where two dimensions
(qr and qη) are covered by the detector and the third dimension qω is obtained from the rocking angle
ω. In order to keep only the information relevant for the chosen diffraction peak, a region of interest in
(qr, qη, qω) is defined for each 3D reciprocal space map in such a way that it covers the entire diffraction
peak. The binned 3D reciprocal space map is then projected to obtain the two different projections shown
in Fig. 1.b: the radial peak profile I(qr) by integrating over qη and qω and the azimuthal map I(qη, qω)
by integrating over the radial direction along qr. The radial peak profile is normalized according to:

In(qr) = [I(qr) − min I(qr)]/[max I(qr) − min I(qr)] (2)

The intensity distributions in all azimuthal maps are initially normalized with respect to the average
intensity in the map:

I ′(qη, qω) = I(qη, qω)/
(∫

I(qη, qω)dqηdqω/area of azimuthal map

)
(3)

Finally, for each grain, the intensities in the azimuthal maps are reported relative to the intensities of the
initial azimuthal map of the grain at layer L0 as:

In(qη, qω) = [I ′(qη, qω) − min I ′
L0

(qη, qω)]/[max I ′
L0

(qη, qω) − min I ′
L0

(qη, qω)] (4)

The radial peak profiles, which are asymmetric with a long tail along the low diffraction vectors as seen
in Fig.2.a, are fitted with a constant background and a superposition of two Pearson VII functions. The
average radial peak position of the entire peak is determined as the integrated intensity weighted average
position of the two Pearson VII functions.

The residual elastic strains, averaged over a grain, are determined from the average position 2θhkl

along the radial profile of an hkl peak from the corresponding interplanar spacing dhkl between hkl

planes:
εhkl = ln(dhkl/dhkl,0) = ln(sin θhkl,0/ sin θhkl) (5)

where εhkl is the true elastic strain, θhkl,0 (half of) the strain free diffraction angle, θhkl (half of) the
measured diffraction angle, and dhkl,0 is the strain-free interplanar spacing.

The strain-free lattice parameter a0 used to determine dhkl,0 is obtained from the feedstock powder.
This approach has several advantages: (i) the same experimental configuration is used as done for the
in situ experiments, (ii) the powder is free from type I stresses [31, 32], and (iii) the powder and the
LMD thin-walls have the same chemical composition and heterogeneity [33]. For the 316LSS powder
investigated, a0 = 3.5935 Å.

The integral width of the radial peak is calculated as:

Integral width =
∫

I(qr)dqr/ max I(qr) (6)

The peak profiles along the azimuthal directions qη and qω (see Fig. 1.b) reflect the orientation distri-
bution within the grain and cannot be fitted with established functions defining profiles such as Pearson
VII, Gaussian, Lorentzian or pseudo-Voigt distributions. Observable maxima along the profile represent
individual ODs within a grain. The average position along qη and qω was obtained as the intensity
weighted average angle of the profile. Standard deviation of the In(qη) and In(qω) has been used to
characterize the widths of the profiles.
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B.3 Origin of radial peak profile asymmetry
After solidification (L0), the radial peak profiles present an asymmetry towards lower qr, which persists
even after addition of the maximum number of layers (L0 + N) independently of the investigated grain
and scanning strategy. Considering that the material studied is fully austenitic, the asymmetry cannot
be caused by a different phase present. Presuming a minor contribution of the large grain sizes (> 38 µm)
to size broadening, the width and asymmetry indicate the presence of regions with different interplanar
spacing between 400 planes. Such an asymmetry can be caused either by chemical heterogeneity [34],
strain heterogeneity [19] or a combination of both.

Radial peak profile asymmetry caused by heterogeneous mechanical behavior was reported during
mechanical loading for commercially pure metals (e.g., Cu [17] and Al [19]) where the effect of chemical
heterogeneity on the lattice parameter can be neglected. In these studies, asymmetries observed were
due to different stress states between regions with high and low dislocation densities. Observations were
rationalized with a revised composite model [18]. In alloys such as 316LSS, however, inter-dendritic
microsegregations are present because of a redistribution of elements having a lower solubility in the solid
than in the liquid phase during solidification e.g., Cr and Mo. These microsegregations are also observed
in AM 316LSS [12,35]. In DED AM process, maximum Cr and Mo microsegregations up to respectively 4
wt% and 2 wt% were reported from EDS TEM analysis in [12]. Therefore, radial peak profile asymmetry
observed during experiments might also be due to microsegregations generated during solidification. The
effect of the microsegregation on the change in austenite lattice parameter ∆afcc at room temperature
can be estimated from the chemical composition as follows [36]:

∆afcc(Å) = 0.0031∆wMo + 0.0006∆wCr + 0.00095∆wMn − 0.0002∆wNi (7)

with the differences ∆wi in chemical composition of the elements i in weight percent (wt%) due to
microsegregation of the alloying elements Mo, Cr, Mn, and Ni.

In order to estimate the change in the austenite lattice parameter ∆afcc, microsegregations were
quantified by line profile energy-dispersive spectroscopy using an environmental Quanta 650 FEG scan-
ning electron microscope. An energy of 10 keV was used as it is a good compromise between the energy
needed to study elements present in alloy and probed volume. Measured data were analyzed using the
weighted interval rank sort method presented in [37] and used for AM 316LSS in [35]. The results confirm
the trends reported in [35]. Enrichment of Mo, Cr, Mn, Ni, and Si are observed at the same locations,
with maximum microsegregations level of 1.5 wt% of Mo, 2 wt% of Cr, 1 wt% of Mn, and 2 wt% of
Ni. The obtained maximum segregation levels measured are in good agreement with those reported
in [12] while being slightly smaller because of the probed volume due to the technique employed. Av-
erage microsegregations considering the composition difference between the first half and second half of
the solid fraction measured, are ∼0.67 wt% Mo, ∼0.85 wt% Cr, ∼0.45 wt% Mn, ∼1.2 wt% Ni, and
∼0.1 wt% Si. Using Eq. 7, these microsegregations result in an austenite lattice parameter difference
of ∆afcc = 0.00276 Åbetween the considered segregated and non-segregated areas. Consequently, mi-
crosegregations lead to a ∆qr ∼ 0.0054 Å−1 for the 400 scattering vector between the two different
compositions.

When comparing this shift with the resolved shift ∆qr ∼ 0.0083 Å−1 ±0.0003 Å−1 between the
sub-profiles used to fit the asymmetric radial profile, it shows that the shift between profiles caused
by different chemical compositions corresponds to 65% of the experimentally determined value. During
further addition of layers, the radial peak profile asymmetry does not evolve, while the grain-averaged
residual elastic strains change significantly. The lack of change in the peak asymmetry can be rationalized
considering that during AM, redistribution of segregated elements is strongly limited during fast SSTC
and the microsegregation and its contribution to asymmetry is conserved. Consequently, the asymmetry
observed along the radial peak profile at the initial step (L0) and during the addition of layers (L0 + N)
is mainly related to chemical heterogeneity.
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