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ABSTRACT 

Wide- and small-angle X-ray scattering are used to perform in situ experiments with 
synchrotron radiation. The high X-ray intensity enabled the study of the deformation 
mechanisms of poly(ethylene terephthalate) semi-crystalline films under tension. 
Microstructural parameters such as crystallinity ratio, macromolecular orientation, long 
period, length, width and thickness of crystalline lamellae are measured. A new method to 
follow macromolecular orientation is detailed. In the elastic-viscoelastic region, lamellae 
rotate along the tensile axis without increase of orientation parameters. The plastic strain is 
initiated by crystallographic processes:  crystal slip with (010)[001] and (010)[010] systems, 
flexural breaking of the longitudinal lamellae and separation of (010) planes in transverse 
lamellae,. The plastic flow is the continuation of these processes and the strengthening of the 
macromolecular orientation in both crystalline and amorphous phases. The shear forces 
applied to transverse lamellae rotating to a longitudinal orientation make them adopt a tilted 
shape. 

* Corresponding author.
E-mail address: martin.donnay@univ-lorraine.fr
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ACCEPTED MANUSCRIPT
1. INTRODUCTION

Poly(ethylene terephthalate) (most commonly referred to as PET) is a semi-crystalline 
polyester mainly used for its good electrical insulation and mechanical properties, temperature 
resistance and permeability [1-3]. Having relatively slow crystallization kinetics, it became a 
first-class polymer as it can be processed into a large array of controlled microstructures. 
Biaxially-stretched PET films, similarly to the well-known trade name Mylar, have many 
applications in various fields such as electronics, packaging or medicine thanks to its 
biocompatibility. Depending on the process of biaxial stretching (simultaneous or sequential) 
and the machine and transverse draw ratios, these films can have very different 
microstructures and thus very different mechanical properties [4-12]. 

Microstructure and mechanical properties are indeed closely related, a change in the 
first will  directly translate into a change in the latter. The deformation micromechanisms are 
responsible for the relation between the microstructure and the mechanical properties. 
Deformation micromechanisms are defined as the evolution (or adaptation) of the 
microstructure to an applied load or strain. Wide-Angle X-ray Scattering and Small-Angle X-
ray Scattering (abbreviated WAXS and SAXS) are able to evidence a wide array of 
mechanisms and so have been extensively used for the past twenty years to study the 
deformation micromechanisms of semi-crystalline polymer under tension. This was possible 
thanks to the development of new-generation synchrotron light sources for materials’ 
characterization which provide an excellent time resolution for in situ experiments [13, 14]. 
In situ experiments are necessary in order to accurately study the deformation mechanisms in 
polymers as opposed to post mortem experiments. A number of studies have shown 
modifications of the crystallinity ratio and amorphous phase orientation during stress 
relaxation of PET. This is a direct consequence of the formation and conversion of the 
transient mesophase formed during stretching above the glass transition temperature [15-18]. 

The tensile stretching of semi-crystalline polymers generates orientation of the 
macromolecules along the tensile direction both in the amorphous and crystalline phases. 
Macromolecular orientation is a fundamental aspect of the deformation mechanisms in 
polymers and so has been the main topic of multiple studies [19-23]. On the one hand, the 
orientation of the amorphous phase produces transitory phases that were evidenced in some 
polymers (e.g. in PET [24], polylactide [25], polypropylene [26, 27] and poly(trimethylene 
terephthalate) [28]) and are associated to the strain-induced crystallization at temperatures 
above the glass transition temperature [29, 30]. On the other hand, the strain transmitted to the 
crystalline lamellae generates distortions of the crystal lattice that were described earlier in 
polyethylene by Pope and Keller [31]. The consequence of such crystallographic processes 
are lamellar fragmentation [32, 33], crystalline phase transformations (e.g. in nylon 6 [34, 35] 
and polyvinylidene fluoride [36]) and martensitic-like phase transformation (e.g. in high-
density polyethylene [14]). A number of papers have also used SAXS in order to measure the 
volume damage (or cavitation) occurring during the tensile stretching of semi-crystalline 
polymers [32, 37-41]. The technique gives access to the size and shape of the forming cavities 
which makes possible the determination of the intrinsic mechanical behavior of materials 
[41]. 
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This paper aims at quantitatively study the deformations mechanisms in the elastic-
viscoelastic and plastic domains of biaxially-stretched PET films under tension using 
synchrotron-radiation X-ray scattering. The combination of WAXS and SAXS enables a 
multi-scale analysis, from the crystallographic spacing distances up to the crystallite size 
(from a few Ångströms up to a few dozen nanometers). The evolution of the orientation of the 
polymer chains and the crystalline lamellae, crystallinity ratio, crystallite size and shape, 
spacing of specific crystallographic planes as a function of the applied true strain will be 
measured and discussed. The underlying mechanisms will be eventually identified and 
explained. 
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2. MATERIALS AND METHODS

2.1 Polyethylene terephthalate (PET) films 

The materials investigated are semi-crystalline polyethylene terephthalate films having 
a thickness of 36µm. Their density is ρ=1.393 g.cm-3. The temperature of the α-relaxation 
associated to the glass transition measured by dynamic mechanical analysis at 1 Hz is Tα=119 
°C at the maximum of the loss tangent peak. The melting temperature measured by 
differential scanning calorimetry is Tm=255 °C at the maximum of the melting endotherm. 
The crystallinity ratio is χc=0.43, calculated with a melting enthalpy of a perfect crystal of 140 
J/g [42]. The polymer chains in the crystallite phase are arranged in a triclinic lattice system 
having the following parameters: a=0.456 nm, b=0.594 nm, c=1.075 nm, α=98.5°, β=118°, 
γ=112° [43]. 

2.2 Sample preparation 

The specimens are strips of 50 × 10 mm² with a round defect as shown on Figure 1(a). 
The defects located at the center of the specimens are symmetrical circular segments cut from 
the strips in order to produce a reduction of the cross-section and ensure the localization of the 
plastic strain in the scattering volume. The effective length is 30 mm. Two pieces of adhesive 
copper tape were placed at the center in order to measure the local strain from the video-
recorded experiments. Because previous WAXS experiments showed an initial orientation of 
the chain segments in the crystalline phase, it was decided to cut samples along the 
longitudinal and transverse directions (parallel and perpendicular to the macromolecular 
orientation, respectively). The longitudinal and transverse samples will  be noted LD and TD 
samples. 

2.3 In-situ tensile tests 

The samples were continuously strained at room temperature with a Kammrath & 
Weiss tensile micro-machine using a crosshead speed of 20 µm/s in the elastic-viscoelastic 
domain and 12 µm/s in the plastic domain. The crosshead speeds were calculated according to 
the true mechanical behavior at a constant true strain rate of 5.10-4 s-1 determined with the 
VidéoTraction™ system. This is a video-controlled tensile test during which the displacement 
of markers defining a Representative Volume Element (RVE) is recorded [44, 45]. The cross-
head speed is adjusted in real-time as to obtain a constant true strain rate inside the RVE. For 
samples having a very low thickness-to-width ratio, the hypothesis are those of isochoric 
plane tension [46]: the transverse strain ε22 in the RVE is zero and the volumetric strain εv= 
ε11+ ε22+ ε33 is always null. As a consequence, the axial strain ε33 in the RVE is equal to the 
opposite of the normal strain ε11 in the RVE. The resulting axial load in the RVE is thus 
calculated using Equation 1: 

σ�� =	
F
S�
exp	(ε��) (1)
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where F is the applied force and S0 is the initial cross-section. 

Figure 1 : (a) Schematic representation of the sample dimensions. (b) Photograph of the 
experimental setup in the SAXS configuration (SAXS beamline at Elettra Sincrotrone Trieste, 
Italy). 

2.4 Wide/small-angle X-ray scattering with synchrotron radiation 

The experiments were performed at the SAXS beamline of the Elettra Sincrotrone 
(Trieste, Italy). The energy of the incident X-ray beam was 8 keV corresponding to a 
wavelength of λ=0.154 nm. The spot size of the beam was 500 × 300 µm². The detector was a 
2D Pilatus 3 1M with 981 × 1043 pixels², each pixel having a size of 172 × 172 µm². Frames 
were acquired every 3s with a 3s exposure time in order to obtain a pattern every 0.0015 of 
true strain. The readout time of the detector is 0.95 ms. Two detection modes were used (not 
simultaneously): Wide-Angle X-ray Scattering (WAXS) with a sample-to-detector distance of 
177 mm and Small-Angle X-ray Scattering (SAXS) with a sample-to-detector distance of 
1356 mm. The calibration of the q-scale in the SAXS signals (with silver behenate) and the 
2θ-slace in the WAXS signals (with lanthanum hexaboride) were performed with the FIT2D 
software. The experimental setup in the SAXS configuration is shown in Figure 1(b). In the 
WAXS mode, the diffraction of the crystalline dense planes and the scattering of the 
amorphous phase are present between 10° and 35° in the 2θ-space. In the SAXS mode, the 
long periods (i.e. the regular stacking of crystalline and amorphous domains) are accessible 
between 0.78 nm-1 and 0.25 nm-1 in q-space.  

2.5 X-ray scattering data analysis 

Figure 2 is a schematic representation of the experimental setup containing the 
information necessary for the comprehension of the data analysis protocols detailed in this 
subsection. 
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Figure 2 : Schematic representation of the experimental setup. The incident beam interacts 
with the polymer microstructure forming scattering patterns in the WAXS and SAXS ranges. 
The reflections shown here correspond to the longitudinal sample. An (X1,X2,X3) Cartesian 
coordinates system is defined. The meridian/equator lines as well as the azimuthal-φ scans are 
displayed. The tensile axis is systematically set at an azimuthal angle φ=0. The normal to the 
crystallites n�� is defined as the vector perpendicular to the lamellae.

In the first place, the 2D WAXS and SAXS patterns were transformed into so-called 
“cake images” (i.e. polar transformation giving azimuth-vs-scattering-angle radial plots) using 
the FIT2D software [47, 48]. Due to the large amount of patterns recorded, MATLAB 
routines had to be written for the data analysis. The described procedures were successfully 
applied to all the patterns recorded as a function of strain. 

2.5.1 Macromolecular orientation (WAXS) 

The orientation distribution (scattered intensity vs azimuthal angle) of the (010) 
crystalline plane (centered around 17.8° in the 2θ-space) was recorded as well as the 
orientation distribution of the amorphous halo (centered around 21° in the 2θ-space) from the 
2D WAXS cakes. The Hermans’ orientation factor was chosen as a mean to quantitatively 
describe the orientation of both phases [49]. This factor noted F���� ��⁄  depicts the relative

orientation of a given crystallographic axis X��� against a fixed reference direction t�; here t�	is the
tensile direction. Its mathematical expression is given in Equation 2. 

F���� ��⁄ =
3 � cos��α���� ��⁄ � �  1

2
(2) 

where :	� cos��α���� ��⁄ � � = 	# $%&'	(	)*+²-	(	+./-	(	0-1/3
4

# $%&'	(	+./-	(	0-1/3
4

, Ihkl is the scattered intensity of the 

(hkl) plane at a given azimuthal angle φ. 
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The Hermans’ orientation factors describing the orientation of the chain segments in 
the crystalline and in the amorphous phase will be noted F)5����� ��⁄  and F67������� ��⁄  respectively. cr���� is the

normal axis to the (010) planes and am������ is the normal axis to the chain segments in the
amorphous phase. 

The remarkable values of F���� ��⁄  are listed in Table 1.

� ;<=>�?@��� A�⁄ � � B@��� A�⁄ Texture 

0 -1/2 X���	is perpendicular to t�
1/3 0 Isotropic distribution of t� in space
1/2 1/4 Isotropic distribution of X��� in the plane parallel to t�
1 1 X��� is parallel to t�

Table 1 : Distinctive values of F���� ��⁄  used for the determination of the texture of the material

with Hermans’ orientation factor [49]. 

Another approach has been experimented in order to study the macromolecular 
orientation. In parallel to the Hermans’ orientation factor, the orientation distribution tensor Ω 
has been calculated from the orientation distribution. The orientation distribution tensor is 
calculated using Equation 3 [50]. 

Ω	 = 	
∑ Ihkl ( rI��� ⊗ rI���K
.LM
∑ IhklK
.LM

(3) 

where rI��� = N)*+-O+./-OP.

The eigenvalues λL and λT of the tensor were extracted and an anisotropy factor α was 
defined as [50]: 

α = 1  λRλS
(4) 

The anisotropy factor ranges from 0 for an isotropic distribution up to 1 for a perfectly 
oriented material. The mathematical formulation is actually similar to Hermans’ factor 
however in this case, the reference direction is not fixed but is taken as the direction at the 
maximum of the distribution. In brief, the Hermans’ factor combines information about the 
sweep of the orientation (isotropic, slightly oriented, highly oriented…) and the direction of 
the orientation whereas the anisotropy factor only deals with the sweep of the orientation. 
Another information is necessary here, namely the main angle of orientation, which is the 
azimuthal angle at the maximum of the distribution. The tensile axis is centered at φ=0 
degrees. 

2.5.2 Crystallinity index (WAXS) 
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The 2D cake images of the WAXS patterns were integrated over the whole azimuthal 
angle and the resulting 1D diffractograms were deconvoluted. The shawrp peaks resulting 
from the diffraction of crystalline planes in the triclinic lattice were fitted with a Lorentzian 
distribution function. The halo resulting from the scattering of the amorphous phase was fitted 
with a Gaussian distribution function. The position, the full-width at half-maximum (FWHM) 
and the area of the deconvoluting functions were recorded. A crystallinity index χci was thus 
calculated as the ratio of the area of the cumulated crystalline peaks over the total area of the 
signal following the Hermans-Weidinger method [51]. 

2.5.3 Lamellae dimensions (WAXS) 

The same deconvolution procedure was performed on the equatorial and meridional 
axes (perpendicular and parallel to the tensile axis, respectively) of the WAXS patterns. The 
signal in both axes was integrated over an angle of 10 degrees (equatorial/meridional axis plus 
and minus 5 degrees) in order to measure characteristic features of crystals oriented along 
these particular axes. 

The average planar spacing d(010) of the (010) plane was calculated for crystals 
oriented along the equatorial and meridional directions using the following formula (derived 
from Bragg’s law): 

d(�M�) =
λ

2	sinθ(�M�)
(5) 

where λ is the wavelength of the incident X-ray beam (λ=0.154nm), θ(010) is the scattering 
angle at the maximum of the peak. 

The average crystallite width L(010) of the (010) plane was calculated for crystals 
oriented along the equatorial and meridional directions using Scherrer equation [52]. The 
instrumental broadening ∆2θinstr was subtracted from the total width of the peak by plotting the 
width of the peak vs 2θ for the calibrant and a Lorentzian distribution shape. 

L(�M�) =
K ( λ

Δ2θ(�M�)	. cosθ(�M�)
(6) 

where K=0.9, ∆2θ(010) is the FWHM of the (010)-plane diffraction peak such as ∆2θ(010),total= 
∆2θ(010) + ∆2θ(010)instr. 

2.5.4 Long period (SAXS) 

 The long period Lp was calculated from the SAXS patterns as a function of the 
azimuthal angle using the following formula:  

Lp= �[
\]^_

	 (7) 

where qmax is the position of the maximum of the scattering halo in the SAXS patterns 
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The thickness of the lamellae tlam (i.e. the size of the lamellae in the chains direction) 
can be estimated by combining the long period and the crystallinity index: 

tlam=Lp × χci (8) 

The orientation distribution of the long period (at scattering vector qmax) was recorded 
from the SAXS patterns. The Hermans’ orientation factor was also used to quantify the 
orientation of the normal of the crystallites n��  relative to the tensile axis. The factor will be
noted F/��� ��⁄  with n being the normal to the crystallites as shown in Figure 2.
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3. RESULTS 

3.1 True mechanical behavior 

The mechanical behaviors at room temperature of the films in the longitudinal and 
transverse directions (noted LD and TD) are shown in Figure 3. 

The mechanical behaviors were recorded in real-time during the in situ experiments. 
They can be decomposed into two regions: an elastic-viscoelastic region ranging from ε=0 to 
ε=0.018 and a plastic domain from ε=0.018 until break. The viscoelastic-to-plastic transition 
will be represented on the forthcoming figures by a dashed line at a true strain of ε=0.018. 
The elastic-viscoelastic domain has a mostly linear shape. The plastic deformation of these 
materials in both directions exhibits a strain hardening process. The anisotropy is only clearly 
noticeable in this plastic domain: the slope of the strain hardening process is much lower in 
the transverse direction than in the longitudinal direction. 

In the longitudinal direction, the yield point was measured at 91 MPa, the slope of the 
strain hardening at 550 MPa and the true stress and strain at break at 265 MPa and ε=0.32 
respectively. In the transverse direction, the yield point was measured at 86 MPa, the slope of 
the strain hardening at 269 MPa and the true stress and strain at break at 219 MPa and ε=0.52 
respectively. 

Figure 3 : Comparison of the true mechanical behavior of LD and TD samples. They were 
acquired along the procedure detailed in section 2.3. 

3.2 WAXS/SAXS patterns analysis 

3.2.1 WAXS patterns 

Figure 4 presents the evolution of the 2D WAXS patterns of the LD sample at several 
true strains. The diffraction rings were indexed from the triclinic crystal cell of polyethylene 
terephthalate. Several dense planes were found to meet Bragg’s condition including the	(01a1) 
the (010), (1a12) and (1a03) planes. The (113a) reflection is visible in the corners of the 
patterns but do not span over the entire azimuthal angle. The integrated 1D diffractogram is 
shown in Figure 5.  
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Upon stretching, the reflections corresponding to the amorphous phase and the (010) 
planes concentrate on the equator. The (010) planes are directly parallel to the chain segments 
in the crystalline phase. The (1a03) planes have a normal oriented close to the chain axis with 
an offset of 20 degrees. As a consequence, the scattered intensity of the (1a03) reflection 
concentrates close to the meridian. These are signs of macromolecular orientation along the 
tensile axis (vertical in the patterns).  

Figure 4 : Evolution of the 2D WAXS patterns of the longitudinal sample as a function of the 
applied true strain. The stretching direction is vertical. 
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Figure 5 : WAXS diffractogram (integrated 2D pattern over 180°) of the unstrained material 
showing the deconvoluted diffracting peaks and amorphous halo. The diffracting planes are 
labelled with their corresponding Miller indices (hkl). 

Figure 6 : Evolution of the 2D WAXS patterns of the transverse sample as a function of the 
applied true strain. The stretching direction is vertical. 
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The evolution of the 2D WAXS patterns for the transverse sample is shown in Figure 
6. The authors emphasizes that the brightness and contrast were set to identical levels for all 
the strain states and for both the LD and TD samples. During plastic deformation, the patterns 
exhibit significant differences from the LD sample. After the onset of plastic strain, the 
transverse orientation rotates to an isotropic state. The overall intensity later concentrates on 
the equator, which results from the superimposition of the intensity of the (010) reflection 
and the amorphous scattering, in a similar fashion as the LD sample. The scattering halo 
representative of the amorphous phase gains significant intensity for the TD sample. 

The evolution of the crystallinity index measured from 1D diffractograms (see Figure 
5) has been displayed on Figure 7. On both samples, the crystallinity index significantly 
decreases with strain, starting from an initial value of χci=0.42. For the LD sample, the index 
remains constant after the onset of plastic deformation up to ε=0.15. The crystallinity index 
then decreases to χci=0.37 before failure. For the TD sample, the amount of crystal phase 
diminishes after the onset of plastic strain. A crystallinity index of χci=0.28 is measured before 
failure. 

Figure 7 : Evolution of the crystallinity index as a function of true strain for the longitudinal 
and transverse samples. 

 

3.2.2 SAXS patterns 
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Figure 8 : Evolution of the 2D SAXS patterns of the longitudinal sample as a function of the 
applied true strain. The stretching direction is vertical. 

The SAXS patterns recorded for the LD and TD samples at several strains are shown 
in Figure 8 and Figure 9 respectively. At the unstrained state, an anisotropic scattering 
characteristic of a unidimensional stacking can be seen on both samples, with a maximum 
intensity on the meridian for the LD sample and on the equator for the TD sample. This 
scattering is typically associated with the long period in semi-crystalline polymers, which is 
the unidimensional stacking of crystalline lamellae and interlamellar amorphous domains. 
During the stretching of the LD sample, the scattering gradually gains intensity during the 
elastic-viscoelastic and plastic domain. This is linked to the increase of the density difference 
between the crystalline and the interlamellar amorphous phase. In the plastic domain, the 
scattering associated to the long period gets closer to the center of the pattern, indicating an 
increase of the long period. On the equator, the intensity notably decreases indicating the 
reorientation of the normal to the lamellae n�� parallel to the tensile direction.

A different process occurs during straining of the TD sample. The reorientation of the 
lamellae operates after the onset of plastic strain. The maximum intensity later concentrates 
on the meridian to disappear into the beamstop and becomes indiscernible at ε=0.36. It is 
interesting to note that the SAXS pattern has a 4-point scattering (visible at ε=0.10) which 
reveals a particular shape adopted by the crystallites. This will be discussed into more details 
in section 4.3.2 of this article. 
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Figure 9 : Evolution of the 2D SAXS patterns of the transverse sample as a function of the 
applied true strain. The stretching direction is vertical. 

 

3.3 Macromolecular orientation (WAXS) 

The orientation distribution can be quantitatively described using the Hermans’ 
orientation factor as well as the anisotropy factor combined with the main angle of orientation 
as explained in section 2.5.1. 

3.3.1 Macromolecular orientation in the amorphous phase (Figure 10) 

 The chain segments in the amorphous phase have an initial isotropic orientation 
(F67������� ��⁄ =0). The macromolecular orientation of the amorphous phase exhibits very similar 

trends for both the LD and TD samples. F67������� ��⁄  has a generally linear evolution, weaker in the 

elastic-viscoelastic domain than in the plastic domain. Similarly, the anisotropy factor has an 
initial value close to zero (isotropic). It is however strictly stable in the elastic-viscoelastic 
domain (Figure 10(b)). The main angle calculated for the amorphous phase evolves rapidly in 
the very first instants to reach asymptotically the tensile direction (Figure 10(c)). 
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Figure 10 : Evolution of the macromolecular orientation parameters of the amorphous phase 
as a function of true strain for the longitudinal and transverse samples: (a) Hermans’ 
orientation factor F67������� ��⁄  (b) anisotropy factor and (c) main angle. The measurement of the 

main angle has very little significance when the orientation is low. As a consequence, the first 
values of the main angle were grayed until the anisotropy factor reaches an arbitrary value of 
0.05. 
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Figure 11 : Evolution of the macromolecular orientation parameters of the crystalline phase as 
a function of true strain for the longitudinal and transverse samples: (a) Hermans’ orientation 
factor F)5����� ��⁄  (b) anisotropy factor and (c) main angle. 

3.3.2 Macromolecular orientation in the crystalline phase (Figure 11) 

 In the LD, the distribution of the chain segments in the crystals is initially anisotropic 
with a Hermans’ orientation factor F)5����� ��⁄  of -0.14 (Figure 11(a)) and an anisotropy factor of 
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0.22 (Figure 11(b)). The main angle is tilted with an offset of 10° relative to the tensile axis 
although it must be noted that it was intended to be along the tensile axis (Figure 11(c)). The 
evolution of F)5����� ��⁄  and α is steep in the elastic-viscoelastic domain then softens in the plastic 

domain. The chain segments in the lamellae rotate along the tensile axis in the very first 
instants of straining as indicated by the main angle (see Figure 11(c)).  

In the transverse direction, F)5����� ��⁄  decreases through the zero value, sign of a loss of 

orientation to an isotropic state. The chain segments in the crystalline phase later rotate along 
the tensile axis. The anisotropy factor pictures the same process. It shows at first a decreasing 
trend in the elastic-viscoelastic domain and the beginning of the plastic domain at a true strain 
of ε=0.11 before increasing. The main angle of orientation is constant in the elastic-
viscoelastic domain but rises significantly in the first instants of plastic deformation before 
reaching asymptotically the tensile axis. 

 

3.4 Crystallites orientation (SAXS) 

Figure 12 displays the orientation distribution of the normal to the crystallites n�� at 
various true strains for the LD and TD samples respectively. It corresponds to the azimuthal 
intensity profile measured from the SAXS patterns. The corresponding Hermans’ orientation 
factors F/��� ��⁄  were calculated and plotted in Figure 13. 

In the LD, the orientation distribution of the crystallites is anisotropic which is in good 
agreement with the anisotropic macromolecular orientation measured in the crystalline phase 
from the WAXS patterns. As a consequence, the chain segments in the lamellae are oriented 
strictly parallel to n��. After the onset of plastic strain, the distribution adopts a particular bell 
shape with an intensity plateau from -25° to 25° centered on the tensile direction. This 
particular distribution is held until failure. Moreover, the intensity of the profiles significantly 
decreases upon stretching. This is a consequence of the disappearance of scattering elements 
in this range of q-space. In other words, the long period increases and no longer can be 
resolved due to the limited sample-to-detector distance. Despite this decrease in intensity, F/��� ��⁄  

reaches lower values indicating the orientation of n��	along the tensile axis. It is interesting to 
point that F/��� ��⁄  and F)5����� ��⁄  have a very similar evolution as a function of strain. 
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Figure 12 : Orientation distribution (intensity profile vs azimuthal angle profiles) for the 
normal to the crystallites n��	at various true strains. (a) Longitudinal sample. (b) Transverse 
sample. All the intensities were normalized with the average intensity of the distribution at the 
initial state. 

 In the TD, the initial anisotropic distribution of the normal to the crystallites n�� is 
centered at approximately -80°, similarly to the macromolecular orientation. The distribution 
shifts to the tensile axis and adopts a bimodal profile. This bimodal profile is well 
pronounced: two maximums are distinguishable at -25° and +25°. F/��� ��⁄  also characterizes the 

reorientation of n��	along the tensile axis in the elastic-viscoelastic domain. Care must be taken 
while looking at F/��� ��⁄ . Unlike the WAXS patterns, the scattering vanishes into the beamstop 

because the size of the scattering elements becomes too large to be seen in the patterns. As a 
consequence, the Hermans’ factor F/��� ��⁄  depicts the orientation of scattering elements only in 

this precise range of q-value. The anisotropy factors and main angles are not shown here as 
their evolution is falsified by this limitation of q-range. 
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Figure 13 : Evolution of the Hermans’ orientation factor F/��� ��⁄  as a function of true strain for 

the longitudinal and transverse samples. X��� is n��, the vector normal to the crystallites. 

 

3.5 Crystallites size 

3.5.1 Crystallites width b(�M�) (WAXS) 

Figure 14 displays the evolution of the crystallites average width L(�M�) calculated 

with the Scherrer equation (see Equation 6). This value corresponds to the length of the 
crystallites in the direction perpendicular to the (010) plane (perpendicular to the 
macromolecules in the plane of the film). It was applied to crystallites having a (010) 
reflection on the equator or on the meridian only. The validity of this calculation with the 
Scherrer equation is discussed in section 4.3.1. It was not possible to measure accurately the 
values for the LD sample on the meridian because the intensity of the reflection is initially 
low and becomes lower with strain (because of the orientation of the chains along the tensile 
axis). As a consequence, the meridional profile in the LD sample has a gradually lower 
intensity with strain which produces an inaccurate measurement.  

The crystallites average width on the equator has a similar evolution for both samples. 
The initial width between 11nm and 13nm remains stable in the elastic-viscoelastic domain 
but decreases after the onset of plastic strain, down to 3nm before break. On the meridian, the 
crystallites width is reduced considerably at the end of the elastic-viscoelastic strain and at the 
onset of plastic strain, reaching a value of 3nm from ε=0.03. 
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Figure 14 : Evolution of the crystallites average width L(010) (calculated with the Scherrer 
equation from the (010) peak width) on the equator and meridian as a function of true strain. 
(a) Longitudinal sample. (b) Transverse sample. 

3.5.2 Long period and crystallites thickness tlam (SAXS) 

 The long period is plotted against the azimuthal angle in Figure 15 for the LD sample 
at several true strains. The same measurement was not possible for the TD sample because, as 
it was pointed out in Figure 9, the long period is not visible during most of the plastic domain. 
Initially, the long period is 12nm along the tensile axis and smaller (8nm) in the perpendicular 
axis. This value increases with increasing true strain along the tensile axis and remains 
constant along the perpendicular axis. There appears to be a crossover point at an azimuthal 
angle of approximately -60°. The long period remains constant below this angle while it 
increases otherwise. 

A value of the thickness of the crystallites tlam of 5.6 nm was calculated from the long 
period using Equation 8. Even though the long period increases with strain along the tensile 
axis, this is only due to the stretching of the interlamellar amorphous phase. As a 
consequence, the initial value of tm is assumed to be constant throughout the test. 
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Figure 15 : Evolution of the long period vs azimuthal angle for the longitudinal sample at 
various strain states. The tensile axis is set at φ=0 degrees. 

3.5.3 Crystallites length Llam 

Due to the initial texture of the samples, the (100) reflections are not available and 
cannot be used to determine the length of the lamellae (i.e. the dimension along the thickness 
of the films). This was overcome by using the (1a12) reflection and, similarly to the (010) 
plane, calculate the size of the lamellae in the normal direction L(McM�). A transformation 

matrix was then used to make a projection of the vector normal to the (1a12) plane (that is in 
the (a,b,c) triclinic coordinate system) into a (X1,X2,X3) Cartesian coordinate system. As a 
consequence, the length of the lamellae Llam can be deduced from L(McM�), L(�M�) and tlam by 

projecting vectors in the Cartesian coordinate system. A representation of a lamella and the 
corresponding dimensions is shown in Figure 16. 

Figure 16 : Schematic representation of a lamella and the corresponding dimensions that are 
measured in this paper. 

 The evolution of Llam for the LD sample is shown in Figure 17. The lamellae have an 
initial length of 60 nm. This value remains constant in the elastic-viscoelastic domain and 
suddenly falls to 15 nm right after the onset of plastic strain. The length of the crystallites 
keeps decreasing below 10 nm during plastic deformation. 
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Figure 17 : Evolution of the length of the crystallites (dimension of the lamellae along the 
thickness of the samples) for the longitudinal sample as a function of true strain. 
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4. DISCUSSION 

4.1 Initial texturing 

Figure 18 : Schematic representation of the triclinic crystal cell of polyethylene terephthalate 
and the corresponding crystallographic planes as viewed from the incident beam. These 
pictures were made with the VESTA 3 software [53]. 

In the unstrained state, the PET films have a particular texture due to their processing 
conditions. The (100) crystallographic planes are invisible in the WAXS patterns although 
they are very intense for non-textured materials [54]. Indeed, they do not fulfill the Bragg’s 
conditions when the incident beam is perpendicular to the film plane. They are lying exactly 
perpendicular to the incident beam (normal incidence) hence they are parallel to the film 
plane. The aromatic rings of the PET macromolecules are inscribed in the (100) plane. It has 
been reported previously that the aromatic cycles of PET processed into films align parallel to 
the film plane due to their own shape [6, 10, 21]. This texture is represented in Figure 18. The 
crystal lattice is seen as from the point of view of the incident beam. The longitudinal 
direction is defined as the direction of the polymer chains because the macromolecular 
orientation was measured using the (010) reflection. As a consequence, the normal to the 
(010) plane lies exactly perpendicular to the chain segments.  

 

4.2 Elastic-viscoelastic strain domain (strain from 0 to 0.018) and onset of plastic strain 

The mechanical behaviors of the materials presented in Figure 3 are typical of oriented 
semi-crystalline PET films [4]. The strain hardening process takes place directly after the 
onset of plastic deformation. It is interesting to note that the behaviors of the LD and TD 
samples are extremely similar up to the yield point and only separate afterwards. The 
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mechanisms involved in the elastic-viscoelastic domain are consequently not significantly 
affected by the anisotropic crystallites distribution. While a small number of frames (10-12 
frames) are available during the elastic-viscoelastic deformation of the samples, the processes 
taking place in this region can still be analyzed. 

4.2.1 Longitudinal sample 

There is an increase of orientation of the chain segments in the crystal phase along the 
tensile axis (Figure 11) consistent with an increase of orientation of the normal of the 
crystallites n�� parallel to the tensile axis. There is also a significant rise in the long period
which is attributed to the stretching of the interlamellar amorphous phase (IAP). As the IAP 
stretches along the tensile axis, the stress is transferred to the crystallites whose normal rotates 
parallel to the axis. As a consequence, this process affects both the long period and the 
orientation of the chain segments in the crystals. From Figure 10, the orientation of the IAP 
does not change during the elastic-viscoelastic deformation. Only a slight change in main 
angle (Figure 10(c)) is visible. This indicates that the chain segments in the IAP rotate but do 
not stretch significantly. Only a very small portion of the IAP, namely tie molecules, is 
responsible for this pull on the crystallites and consequently reorientation. Tie molecules are 
segment of macromolecules belonging both to the IAP and the crystallites. They connect two 
crystallites through the IAP. They play an important role in the cohesiveness of the phases 
and in the mechanical resistance while representing only a small amount of the 
macromolecular volume [55]. This also explains the important load required during the 
elastic-viscoelastic deformation because tie molecules are caught in physical entanglements 
[38].  

Not only do tie molecules are responsible for the rotation of the lamellae but also for 
the strains applied to crystallographic planes as shown on Figure 19. The figure shows the 
evolution of the interplanar spacing of the (010) crystallographic planes reflecting on the 
meridian and the equator as a function of true strain. Even though it was not possible to make 
accurate measurements for the meridional reflections in the LD sample, it is hypothesized that 
the trend is similar to the TD sample in the range of strain discussed here. The number of 
crystallographic planes scattering on the meridian is indeed smaller for the LD sample. 
However, they will undergo the same deformation processes based on their relative 
orientation to the tensile axis. The resulting strain is almost non-existent for crystallographic 
planes reflecting on the equator. Only a small decrease in the planar spacing attributed to a 
Poisson’s effect is visible. For the meridional (010) reflection, the strain is large and increases 
sharply in the elastic-viscoelastic domain up to a plateau starting at ε=0.04. This adds to the 
significant load required for elastic-viscoelastic deformation because intermolecular forces are 
strong in the crystals. This plateau exhibited by the (010) planar spacing is supposed to be the 
maximum spacing for this crystallographic plane before separation. From Figure 14, the width 
of the lamellae is unaffected by the elastic-viscoelastic strain but is significantly reduced after 
the onset of plastic deformation for meridional reflections. This is the consequence of the 
separation of the lamellae at the (010) crystallographic planes. Moreover, the length of the 
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crystallites Llam (Figure 17) is also reduced after the yield point. The mechanism responsible 
for the reduction of Llam is the crystallographic slip of the (100) planes.  

These two crystallographic processes, lamellar separation of the (010) planes and 
crystal slip of the (100) planes, result in the activation of the plastic flow. The local stress 
requirement for these processes to set off is very close. Due to the limited time resolution of 
these experiments, it is impossible to conclude on which process is set off first. 

Figure 19 : Evolution of the (010) interplanar spacing for reflections lying on the equator and 
meridian as a function of true strain. (a) Longitudinal sample. (b) Transverse sample. 

These observations are consistent with the current knowledge on the activation of 
plastic strain in semi-crystalline polymers. In polyethylene and polypropylene, it has been 
reported on multiple occasions about the dependency of the yield point on the initial lamellae 
thickness [56-59]. The accepted model for this phenomenon is the activation of screw 
dislocations with a Burgers vector parallel to the chain axis [60]. The formation of such 
dislocations leads rapidly to the fragmentation of the lamellae because of the relatively small 
thickness of the lamellae (5.6nm, which corresponds to five repeating units in the c 
crystallographic axis). 
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4.2.2 Transverse sample 

The conclusions are very similar to the LD sample. As it was already mentioned, the 
mechanical behaviors in this range of strain are extremely similar for the two samples 
indicating that the mechanisms at stake are also similar. Nevertheless, a notable difference is 
the reorientation of the lamellae. While the majority of the lamellae in the LD sample already 
had their normal parallel to the tensile axis, the majority of the lamellae must rotate their 
normal along the tensile axis. This process already begins in the elastic-viscoelastic region but 
does not seem to produce a significant shift in the true stress-strain curves before the yield 
point. 

 

4.3 Plastic strain domain (strain from 0.018 to failure) 

4.3.1 Longitudinal sample 

According to the previous discussion, the plastic flow is activated as soon as 
crystallographic processes are activated in the crystalline lamellae as a consequence of the 
local strains applied by tie molecules. One is the lamellar separation of crystallites having 
their chains perpendicular to the tensile axis due to the pull of the (010) crystallographic 
planes. Another is the crystallographic slip of (100) planes. Hence a large decrease in the 
width and length of the crystallites is measured around the yield point. 

 The calculation of the dimensions of the lamellae using the Scherrer equation requires 
additional specification. Three distinct phenomena produce the broadening of diffraction 
peaks: instrumental broadening, inhomogeneous strains and finite size effects, the latter being 
estimated by the Scherrer equation. First, the instrumental broadening has been calculated 
from the pattern recorded using a calibration component (see section 2.4). It is affected by 
multiple factors associated to the experimental setup such as the wavelength distribution, the 
spot size, the active diffracting volume or misalignments in the diffractometer. Secondly, 
inhomogeneous strains also originate from multiple sources, the most important being 
crystallites subjected to different strains (due to their orientation relative to the tensile axis) 
and crystal defects (dislocations…). The first source is here being minimized because the 
sizes are calculated for crystallites scattering on the equator OR on the meridian. Crystal 
defects are often neglected but this cannot be confirmed with absolute certainty. At the initial 
state, it is assumed that the amount of crystals defects is negligible. However during 
stretching, the crystals undergo substantial load which is very likely to create such defects. 
Nonetheless dislocations in crystallites of small dimensions are unstable and lead to the 
fragmentation of the crystal during further stretching. 

The reduction of L(�M�) on the equator (Figure 14) is much softer than on the meridian 

and could be assigned to the reorientation of yet-fragmented crystallites that separated while 
oriented in the transverse direction. The (010)[001] slip system has been reported non-active 
and thus cannot account for the decrease of L(�M�) on the equator [61]. The only active slip 
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systems that were reported for PET crystals are (100)[001] and (100)[010]. Due to the initial 
texture of the PET films, these slip systems were not available for direct analysis. Indeed they 
would lead to a reduction of the length of the crystallites but the (100) plane does not fulfill 
the Bragg’s condition. The calculation of the length of the crystallites is however possible 
using the (1a12) reflection projected into Cartesian coordinates (see section 2.5 for more 
details). This revealed active (100)[001] and (100)[010] slip systems taking place at the onset 
of plastic strain. 

Nonetheless, another mechanism can account for the decrease of the width of 
longitudinal lamellae, namely the flexural breaking [62]. Even though it is not possible to 
attest directly for the occurrence of this mechanism, the shape of the curve in Figure 14 gives 
strong evidence. Several changes of slope were measured at ε=0.018, ε=0.10 and ε=0.24. The 
size of the crystals is divided by two at each change of slope which is consistent with a 
bending fragmentation mechanism rather than the reorientation of yet-fragmented crystallites. 

Finally, the combination of all these mechanisms results in lamellae with highly 
reduced length and width at ε=0.05. The lamellar fragmentation mechanisms highlighted in 
this paper are schematized in Figure 20.  

The sudden fragmentation of the crystals that takes place at the elastic-to-plastic 
transition leads to a rise of the macromolecular mobility of the IAP. This is characterized by a 
sudden increase of the anisotropy factor of the amorphous phase (Figure 10(b)) at the onset of 
plastic strain. The plastic flow above ε=0.05 comprises the strengthening of the orientation of 
both the amorphous and crystalline phase with the long period increasing along the tensile 
axis. A small loss of crystallinity index (approx. 5%) has been measured that can be attributed 
to a melting mechanism caused by chain unravelling by shear forces that typically takes place 
at large strains [63]. 
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Figure 20 : Schematics of the lamellar fragmentation mechanisms highlighted in the 
discussion. (a) Lamellar separation at the (010) planes for transverse lamellae. (b) 
Crystallographic slip with a (010)[001] slip system. (c) Flexural breaking of longitudinal 
lamellae. The bold arrows indicate the tensile direction. 

 

4.3.2 Transverse sample 

 The process of plastic deformation appears very different from the LD sample as 
shown by the mechanical behaviors (Figure 3), the WAXS and SAXS patterns (Figure 6, 
Figure 9) or the evolution of the crystallinity index (Figure 7). The crystallinity index 
decreases after the elastic-to-plastic transition. The transverse lamellae are more abundant in 
this sample and undergo an unravelling mechanism. This unravelling could be associated to a 
succession of lamellar separations in those crystals [63]. Moreover, the evolution of the 
crystal width on the equator (Figure 14) has a very similar shape as the LD sample, also 
pointing towards the flexural breaking of the lamellae. The crystals are indeed subjected to the 
same deformation processes only depending on their own orientation relative to the tensile 
axis [64]. The exact same plastic strain mechanisms take place in both samples. The 
difference originates from the amount (or volume) of chain segments affected by one 
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mechanism or another. Only the most predominant ones give the highest signal and can be 
analyzed according to the initial orientation of the majority of the lamellae. 

The process of crystallites reorientation from transverse to longitudinal is active in the 
elastic-viscoelastic domain and in the beginning of the plastic domain (Figure 10(c), Figure 
11(c)). There is a significant disorientation of the crystallites as they rotate to align their 
normal parallel to the tensile direction while the amorphous phase follows a very similar trend 
as the LD sample. As soon as the majority of those crystallites are oriented accordingly, a 
positive slope in the anisotropy factor is initiated around ε=0.10. The slope of the strain 
hardening process is here much lower than for the longitudinal sample. The required load is 
indeed naturally lower at any given strain because the amount of longitudinal crystallites is 
always smaller. 

The bimodal distribution of n��	appears at ε=0.10 (Figure 12(b)). The main angle of the 
chain segments in the crystal phase is, as a consequence, different from the main angle of the 
normal of the crystallites and a four-point SAXS pattern is obtained (Figure 9). This has been 
reported by multiple authors and point towards a distorted shape of the lamellae [65-68]. 
While the chain segments in the crystallites are perfectly oriented along the tensile axis, n��	is 
titled by an angle between 30° and 10° relative to the tensile axis. A schematic of a tilted 
lamella is shown in Figure 21. This was observed to a lesser extent in the LD sample. The 
intensity plateau seen in Figure 12a is likely due to the superimposition of the bimodal 
distribution seen for the TD sample (caused by tilted lamellae) with the unimodal distribution 
(caused by straight lamellae). This leads to the conclusion that tilted lamellae are formed 
through the shear forces applied during the reorientation process from a transverse to a 
longitudinal orientation. 

Figure 21 : Schematic of the shape of the lamellae and the corresponding SAXS patterns: (a) 
Straight lamella. (b) Tilted lamella. 
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5. CONCLUSION 

 WAXS and SAXS analyses reveal to be an excellent combination for the in-situ study 
of deformation micromechanisms of semi-crystalline polymers. The determination of the 
crystals dimensions and the orientation parameters proved effective in explaining the 
observed events. During the elastic-viscoelastic strain domain, the mechanism was not 
affected by the initial anisotropy of the samples as both samples (transverse or longitudinal 
orientation at the initial state) exhibited the same behavior. It is characterized by an elongation 
of tie molecules, pulling on the crystallites and deforming them as well as the rotation of the 
macromolecules along the tensile axis, both in the amorphous and crystalline phase. It seems 
that the plastic flow is triggered as soon as the local load on the lamellae is sufficient to 
activate crystallographic processes in the crystallites. Two of these processes were identified: 
lamellar separation at the (010) planes for lamellae oriented perpendicular to the tensile axis 
and crystal slip with (100)[001] and (100)[010] slip systems. In the longitudinal sample, the 
plastic flow mainly consists of the repeated fragmentation of the crystallites coupled with the 
intensification of the orientation of both phases along the tensile direction. In the transverse 
sample, the complete reorientation of the lamellae from a transverse to a longitudinal 
orientation allows for more ductility. It also shows the presence of a significant amount of 
tilted lamellae, i.e. lamellae having a non-zero angle between their normal and the segments 
of macromolecules they are made of, which is the consequence of the shear forces applied 
during reorientation. 

All previously-mentioned plastic strain micromechanisms take place in both samples 
but only the most prominent can be assessed in each sample. Crystallites having a transverse 
orientation exist in the longitudinal sample and there is a very good chance that these 
crystallites will adopt a tilted shape as they reorientate even though it was not visible in the 
patterns. In order to fully characterize the deformation micromechanisms of a material, it is 
thus necessary to study both orientations. 
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• A combined analysis of SAXS and WAXS data for the study of deformation
micromechanisms.

• Measurement of macromolecular orientation, 3D lamellae size and shape.
• The description and application of a new method to follow macromolecular orientation.
• Emphasis on several deformation mechanisms in semi-crystalline polymers.


