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Abstract - This study provides some clarifications about the influence of microstructural
parameters on the susceptibility of low-copper Al-Zn-Mg alloy to stress corrosion cracking
(SCC). Tensile tests in air were carried out on AA7046 in T4 and T4 aged at 150 °C (named
150/20) metallurgical states after pre-exposure of the specimens to a chloride solution under
mechanical loading. The results showed the predominant role of the corrosion-induced
hydrogen during SCC process on the loss of elongation to failure. Scanning kelvin probe force
microscopy (SKPFM) measurements were performed for the T4 specimens as well as for a
530 °C heat-treated T4 specimen with a coarse-grained microstructure; this allowed the
contribution of hydrogen diffusion at the grain boundaries on the hydrogen distribution to be
highlighted. The analysis of the fracture modes after tensile tests and hydrogen diffusion
profiles obtained by SKPFM in the framework of previous studies investigating the
microstructure-hydrogen and plasticity-hydrogen relationships allowed to propose a
qualitative model to describe SCC phenomena. The detrimental role of hydrogen at the grain
boundaries on the mechanical behaviour was highlighted; the outcome of the evaluation of
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results from the present study in combination with our previous studies and literature data

suggested that it can be limited by hydrogen trapping on intragranular N-MgZn; precipitates.

Keywords: metals and alloys; corrosion; mechanical properties; diffusion; dislocations and

disclinations; grain boundaries.



1. Introduction

Today, environmental issues are at the heart of the industrial policies of all sectors as this
is the case for the automotive industry. Especially in the European Union, standards requiring
a drastic reduction in fuel consumption and carbon dioxide emissions compel the industry to
redesign their vehicles [1]. As an answer to this challenge, during the last decades, efforts
focused on reduced-weight vehicles, which led to double the average amount of aluminium in
cars [2]. Aluminium alloys, e.g. 5xxx (Al-Mg) and 6xxx (Al-Mg-Si) series are widely used as
they offer a good ratio between mechanical properties, formability and corrosion resistance.
However, their maximal yield stress (YS) is too low to use them for the most demanding
structural parts, which remains a current challenge [3].

One solution consists in using precipitation-hardening 7xxx (Al-Zn-Mg (-Cu)) alloys,
known to have the highest mechanical properties among aluminium alloys. However, in their
peak-aged state, they can be susceptible to stress corrosion cracking (SCC), which depends on
their composition and processing parameters [4—-6]. Damage observed during SCC is
attributed to two main phenomena, i.e. crack propagation assisted by anodic dissolution [7]
and hydrogen-enhanced SCC [7-9]. Although a synergy of both is assumed to be responsible
for the loss of mechanical properties, the major contribution of the hydrogen to explain the
SCC of both low- and high-copper 7xxx alloys is increasingly acknowledged [7,10-14].

The hydrogen produced during the corrosion processes in relation with metallurgical
heterogeneities can diffuse through interstitial sites and be trapped in sites where its chemical
potential is lowered as suggested by literature related to steel [15-17]. Among the trapping
sites, some are reversible like dislocations [18], vacancies [19] and low-angle grain
boundaries, whereas others are irreversible like precipitates [20] or high-angle grain
boundaries [21,22]. The uptake of hydrogen in aluminium alloys has been strongly

demonstrated to be related to a decrease in the elongation to failure and to changes in the



fracture modes [7,23]. Hydrogen-charged zones are generally characterized by brittle inter-
and intragranular fracture [24]. This can be observed even without macroscopically visible
corrosion attack, as suggested by studies focused on cathodically hydrogen charged samples
[16,25] or in water vapor [5,10]. However, the understanding of the specific role of the
hydrogen remains a major issue for metallurgical optimization. For some authors, the loss of
mechanical properties would be associated with hydrogen dissolved within the lattice leading
to atomic decohesion [20,26], whereas others discussed the critical role of hydrogen-
dislocation interactions and the role of hydrogen trapped at the grain boundaries [25,27].
Many models, e.g. HELP (Hydrogen-Enhanced Localized Plasticity), HEDE (Hydrogen-
Enhanced DEcohesion) or AIDE (Adsorption-Induced Dislocation Emission) [28], resulted
from all these hypotheses and were regularly questioned. So far there is no conclusive
evidence that any one particular model among those proposed in the literature is more
relevant than all of the others to explain the hydrogen-microstructure interactions and their
consequences on the material behavior. Nevertheless, numerous works tend to assert that the
hydrogen embrittlement is due to the influence of the hydrogen on plasticity [29-32].
However, only few studies bring experimental evidences based on hydrogen amount
measurements or localization to demonstrate the relationship between SCC and hydrogen.

The present work follows a series of articles aiming to clarify the influence of specific
microstructural parameters, namely the N-MgZn» precipitates and dislocations on hydrogen
diffusion and trapping [25,33,34]. In these previous works, the specific case of the AA7046
was studied due to its low copper content leading to a low susceptibility to intergranular
corrosion, which allows the specific role of the hydrogen to be highlighted. It has been
demonstrated that the hydrogen in the AA7046-T4 led to brittle transgranular and
intergranular fracture. The use of Scanning Kelvin Probe Force Microscopy (SKPFM)

allowed to localize the hydrogen and to demonstrate the relationship between the brittle areas



observed and high concentrations of hydrogen at the grain boundaries. After 20 hours of heat
treatment at 150 °C, in the 150/20 state, the susceptibility of the alloy was significantly
lowered which was attributed to hydrogen trapping at the intragranular N-MgZn; precipitates
[25]. Works on cold worked specimens also showed interactions of hydrogen with the
dislocation network which acted as short-circuit diffusion paths [33]. Finally, it was also
shown that the hydrogen could be transported by the dislocations during the deformation
processes [34].

The present work completes the previous results; its aim is to detail the effects of
hydrogen on the fracture modes and on the mechanical properties as a function of the alloy
microstructure by performing SCC tests in a chloride solution on AA7046 in two
metallurgical states, i.e. T4 and 150/20. The microstructure of the samples was characterized
by transmission electron microscopy (TEM) in a previous work [25]; only the main results are
given here in the experimental section. The samples were exposed under stress in the
corrosive environment for different durations, and then tested by tensile tests at 102 s! in air.
The specific role of the hydrogen was investigated by performing optical microscope (OM)
observations of the corrosion defects and scanning electron microscope (SEM) observations
of the fracture surfaces. The loss of mechanical properties has been related to the hydrogen
amounts measured by a melting method. The diffusion of the hydrogen at the grain
boundaries was investigated by elaborating a third metallurgical state referred to as T4b and
corresponding to a larger-grain microstructure. The hydrogen penetration depth in the T4b
state was compared to that of the T4 state already analyzed in a previous work [25]. The
outcome of the evaluation of results from the present study in combination with our previous
studies and literature data allowed to propose a global mechanism to explain the SCC

susceptibility of the AA7046.



2. Materials and experimental procedure
a. Materials description and specimen preparation
The AA7046 (6.6-7.6 wt.% Zn, 1.0-1.6 wt.% Mg, <0.2 wt.% Cu) was examined in the
present study as 2-mm thick sheets in three different metallurgical states. The reference state,
called T4, was homogenized, hot rolled, cold rolled and then solution heat treated and stored
at room temperature to reach a substantially stable state. Two other states, named 150/20 and
T4b were obtained from the reference state:
e The 150/20 state was obtained by a heat treatment at 150 °C for 20 hours to

allow the formation of intragranular N-MgZn» precipitates;

* The T4b state was obtained by a heat treatment at 530 °C for 48 hours to allow
grain growth, followed by a quenching for 8 minutes in water at 25 °C.
The stability of the microstructures was verified by Vickers hardness measurements
performed daily during 2 weeks following the heat treatments.
The microstructure of the T4 and 150/20 states were fully detailed in our previous work
[25] and will thus only be briefly summarized:
e AA7046-T4 had a recrystallized microstructure with an average grain size of
25 um. Coarse intermetallic precipitates, smaller than 10 um, were identified
as AlsFe and TisAl by energy dispersive X-ray spectroscopy (EDX). TEM
observations highlighted the presence of spherical AlsZr dispersoids of
approximately 40 nm diameter. Intergranular MgZn, precipitates were also
observed. The presence of Guinier-Preston zones was highly suspected due to
the long-term (>2 years) storage, even if they had not been directly observed.
* The heat treatment applied to reach the 150/20 state did not affect the grain

size, the coarse precipitates and the dispersoids, but led to the formation of

intragranular N-MgZn, precipitates. No hardening was measured due to the



size of the intragranular precipitates (152 + 2 HV and 150 + 3 HV for T4 and
150/20 specimens, respectively). A noticeable coarsening of the intergranular
precipitates (15 nm for T4 to 60 nm for 150/20) was also observed,
accompanied by the growth of a precipitate free zone (PFZ) of approximately
120 nm.

For all experiments performed in this study, samples were cut from the sheets and were
mechanically ground with abrasive paper SiC 1200 and then polished with diamond paste
from 9 to 1 pm. During the abrading and polishing steps, only distilled water was used as
lubricant. Finally, samples were cleaned with water in ultrasonic bath for a maximal duration

of 30 seconds to limit hydrogen penetration as shown by Birnbaum et al. [16].

b. Microstructural examination

As described above, the microstructures of the T4 and 150/20 states of the AA7046 were
already characterized at different scales in previous studies [25]. Here, only strategic
complementary images will be presented for these states, and only the T4b state especially
manufactured for this study was deeply investigated. Samples of this last state were observed
by polarized light microscopy after etching for 90 s in HBF4 under an imposed potential of 30
V. The average grain size was then estimated by the linear intercept method. Microhardness
measurements were carried out by indentation on a BUEHLER-Omnimet 2100 tester. A load
of 500 g was chosen to provide global and accurate measurements regarding the thickness of
the sample and the size of the coarse precipitates.

It must be reminded that coarse and thinner precipitates in all three microstructures were
deeply studied by SEM coupled with EDX and by TEM. Observations by TEM required a
specific sample preparation: the sample was ground with SiC 1200 abrasive paper until a

thickness of 100 um, then cut in discs of 3 mm diameter and electropolished in a solution



(CH30H (900 mL) + HNOs3 (300 mL)) at -15 °C in a TenuPol-5. For the thinnest precipitates,
high-resolution TEM (HR-TEM) imaging was performed. The images were then analyzed by
Fourier Transform.

The OM used was an Olympus PMG3, the SEM was a LEO435VP coupled with an EDS
IMIX analyser and the TEM was a JEOL-JEM-2010 equipped with an EDX analyser with a

spot varying from 1.5 to 30 nm.

c. Mechanical properties

Tensile test samples were machined by electro-erosion in the long transverse (LT)
direction of the sheet. Tensile tests were performed at 10~ s at room temperature in ambient
atmosphere for non-exposed specimens. Similar tensile tests were performed for the T4 and
150/20 states after SCC tests (see section e) to evaluate their residual mechanical properties.
Due to the thickness of the sheet, a study of the SCC behavior in the short transverse (ST)
direction was not feasible, while Speidel showed that hot rolled plates of high strength
aluminium alloys are much more susceptible to SCC when stressed in the ST direction than in
the LT and in the longitudinal (L) directions [35]. He also showed that globally the LT
direction, which is the relevant stressed direction in automotive applications using cold rolled
thin sheets, was more susceptible than the L direction. For each tensile test, at least three
specimens were tested to ensure repeatability. The corresponding fracture surfaces were then

observed by SEM to characterize the fracture modes.

d. Corrosion behavior
Corrosion experiments were carried out on electrodes made with square-shaped
specimens of AA7046 cold mounted in epoxy resin to obtain a surface area of 1 cm? exposed

to a 0.6 M NaCl solution. Only the longitudinal (L-LT) plane was exposed to the electrolyte



for both metallurgical states. Electrochemical measurements were carried out using a three-
electrode system, with a platinum counter-electrode and a saturated calomel electrode (SCE)
as reference. Open Circuit Potential (OCP) measurements were carried out from 15 minutes to
72 hours of exposure to the electrolyte, and the morphology of the corrosion defects was

observed with an OM for each duration of exposure.

e. SCC behavior

The SCC behavior of the alloy was studied by using tensile test samples similar to those
used for mechanical tests. The SCC setup consisted in a 2.6 L cell mounted on a tensile test
machine with a 10 kN load cell. The tensile samples were freely let at their corrosion potential
in a 0.6 M aerated chloride solution at room temperature for 1, 5, 24 and 72 hours under an
imposed loading of 80 % YS. Then, a tensile test at a strain rate of 10 s! was carried out at
room temperature in air. The time between the end of SCC tests and the beginning of the
tensile tests was maintained constant, i.e. 15 min, in order to avoid any dispersive effect
linked to a potential hydrogen desorption assumed to be negligible for such a short time.
During SCC exposure, the corrosion potential of the tested samples was simultaneously
measured. A three-electrode system similar to the one previously described was used in order
to monitor electrochemical behavior changes.

The loss of mechanical properties after SCC exposure was measured by comparison to
non-exposed samples, and it was related to the characterization of the damage. The corrosion
defects morphology was observed by OM on the gauge length (L-LT) and in the short
transverse (ST) direction (LT-ST plane). Changes in fracture surfaces and cracks formed on

the gauge length were observed by SEM.



f. Techniques and methodology used for cathodic hydrogen pre-charging,
hydrogen global content measurements and hydrogen detection
i. Measurements of the global hydrogen amount

After SCC tests, the global hydrogen amount in the samples was measured by a melting
method using an analyzer G8 GALILEO. The sensitivity of this method was about 1 wppm
and no vacuum was necessary, which limited hydrogen desorption. A preliminary study of the
optimal sample weight and shape to be used for hydrogen measurements was performed and
brought to use samples of approximately 0.3 g. The near surface of the samples was polished
using a 3 um diamond paste before the measurements in order to avoid an overestimation of
the hydrogen content due to hydrogen in the hydroxide passive layer or in the corrosion
products at the surface [36].

ii. Cathodic hydrogen pre-charging and local detection by SKPFM

SKPFM was used on cathodically hydrogen pre-charged samples to compare the
hydrogen diffusion in AA7046 T4 (results from [25]) and T4b states. Samples of AA7046 of
15 x 4 x 2 mm® were cathodically charged in a pH 2 sulfuric acid solution with an imposed
potential of -1.450 V/SCE for 72 hours. A three-electrode system similar to the one
previously described for corrosion tests was used. The hydrogen diffusion inside the pre-
charged samples was then studied by SKPFM.

As SKPFM was widely described in our previous works [25,33,37], only a short reminder
is given here. The method consists in measuring the electronic output work at the alloy
surface, corresponding to a surface potential quoted V. Several works showed that this
property was modified in the presence of hydrogen in the alloy [38—40]. It was attributed to
the modifications of a local electrochemical equilibrium that would exist in the thin water film
formed at the alloy near surface [41]. Despite the fact that this would be driven by the

desorption of diffusible hydrogen, SKPFM measurements carried out in vacuum showed that
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it was possible to detect hydrogen, and our previous works demonstrated that even trapped
hydrogen could be detected [25]. Therefore, it is possible to measure hydrogen penetration
depth.

In this study, a 5500 Agilent Atomic Force Microscope (AFM) was used in single pass
mode (topography and surface potential simultaneously acquired). Pt-coated silicon tips were
used as conductive probes. The optimal spatial resolution (approximately 50 nm) was
obtained by using the Amplitude modulation (AM) — KFM mode [42]. All parameters were
previously detailed [25,33,37]. All SKPFM measurements were performed at room
temperature in ambient atmosphere immediately after hydrogen pre-charging. This limited
hydrogen desorption, but, as previously explained, the surface potential measurements can be
related to the formation of a thin water film on the samples surface depending on the relative
humidity. Consequently, the surface potential measured cannot be quantitatively compared to
hydrogen amounts and all measurements were normalized. AV was defined as the difference
between the potential measured (for each depth) and the average value of the potential in the
core (distance > 300 pum of the pre-charged surface) of the specimens. For this reason, only
the hydrogen penetration depths measured were considered as relevant and quantitative.

After hydrogen pre-charging with the L-LT plane exposed to the sulfuric acid solution,
samples were polished on the LT-ST plane with %4 pum diamond paste, and SKPFM
measurements were conducted in this plane, in the ST direction. Rectangular sections of 80
um x 16 pm were successively scanned from the charged surface up to 400 pm in the core of
the samples. An increment of 50 um was applied with a micrometer screw between each
section and all sections were then matched together to obtain a full profile. Results were

analyzed with the Gwyddion software.

3. Results
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a. Influence of the SCC exposure on the mechanical properties of the AA7046

Fig.1 offers a comparison of the mechanical properties of the AA7046 in T4 and 150/20
metallurgical states with and without pre-exposure to the NaCl solution. In the present study,
the pre-exposure before tensile tests was always under a 0.8Y So.» stress. A focus on stress vs
strain curves for the non-exposed samples allowed to see the influence of the microstructural
differences. An increase in YS values (from 364+7 MPa to 434+1 MPa) and a decrease in the
elongation to failure (Ef) (from 181 % to 13+1 %) were noticed for the 150/20 metallurgical
state by comparison to the T4 samples, which was consistent with the overall literature
[27,28,43].

The stress vs strain curves were plotted after exposures of 1, 24 and 72 hours in 0.6 M
NaCl under a 0.8YSo. loading. To make the figure easier to read, the curves obtained for 5
hours of exposure were not represented because they are similar to those obtained for 1 hour.
The curves showed that the SCC pre-exposure altered the tensile properties of the alloy.
Independently of the metallurgical state, no change in the elasticity domain and no decrease in
the flow stress in the plasticity domain was observed. This suggested that the bearing section
was not significantly affected by the corrosion defects. However, a lower elongation was
obtained for all the pre-exposed samples (under sustained load) and a progressive decrease in
the elongation to fracture with the duration of pre-exposure to NaCl was observed for pre-
corroded samples as compared to non-exposed specimens. After 72 hours of pre-exposure, the
AA7046 lost approximately 23 % in ductility in the T4 state and 15% in the 150/20 state. This
suggested that the 150/20 microstructure was less susceptible to SCC than the T4

microstructure, which is consistent with existing works [7,12,28,44].
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Fig. 1. True stress vs true strain curves of the AA7046 in T4 (a) and 150/20 (b) states for different

SCC exposure durations.
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As a complement, the fracture surfaces were observed by SEM. Observations are shown

in Fig.2 for the non-exposed samples. These observations have already been described in [25],

but the main results are briefly summarized here in order to allow the influence of the SCC

pre-exposure to be understood:

- In the T4 state, the fracture was ductile-intergranular. The grains are clearly visible in

Fig. 2a in good agreement with an intergranular fracture, but a thorough analysis

revealed that the surface of the grains was covered by nano dimples (Fig. 2b), which

was related to a deformation localized around m-MgZn; intergranular precipitates

[45,46].

- In the 150/20 state (Fig. 2c and 2d), the fracture surface was ductile transgranular with

large dimples generated by the decohesion between the matrix and the coarse

intermetallic particles as well as dispersoids. Small voids were also observed; they

were attributed to plastic deformation localized around intragranular precipitates, as

well as around intergranular precipitates (in particular for the voids with a row shape).

In the T4 state, the AA7046 probably contains thin GP zones that could be sheared by

dislocations during tensile tests. The dislocations formed during the tensile test could create a
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dense network explaining the hardening with strain implement; this would also facilitate the
localization of dislocations around the grain boundaries. The plastic deformation localized
near intergranular precipitates should explain the ductile-intergranular fracture observed. In
the 150/20 state, the fracture was ductile transgranular. This could be explained by the n-
MgZn> precipitates in the grains that could be by-passed by dislocations so that the
deformation was more homogeneously distributed in the grains. The differences observed
could also be explained by the stress level reached in the T4 state that could lead to
intergranular fracture, whereas it was too low in the 150/20 state, so that only the precipitates-

matrix decohesion stress could be reached, leading to the transgranular failure mode observed.

Fig. 2. SEM micrographs of the fracture surface of the non-exposed AA7046 for both metallurgical
states: (a) and (b) T4 state and (c) and (d) 150/20 state. Figs. b and ¢ adapted from Fig. 8 in [25].

Fig. 3 showed that a 72-hour pre-exposure in SCC conditions modified the fracture

surfaces, in good agreement with the stress vs strain curves (Fig. 1). Similar results were
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obtained for the other durations of SCC tests. In the T4 state, the fracture surfaces are globally
similar to those observed for non-exposed samples, except for brittle areas close to the
surfaces exposed to the NaCl solution during SCC tests (Figs. 3a and 3b). All brittle zones
observed were characterized by two distinct areas. At first, a brittle intergranular fracture
mode close to the near surface suggested an embrittlement of the grain boundaries (Fig. 3c).
Deeper in the samples, a cleavage-like fracture mode was observed surrounding the brittle
intergranular areas (Fig. 3d). These brittle areas were observed up to 200 um under the pre-
exposed surface. In the 150/20 state, only few shallow quasi-cleavage areas were observed

really close to the near surface (Figs. 3e and 3f). Their depth did not exceed the grain size.
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Fig. 3. SEM micrographs of the fracture surfaces of the AA7046 after SCC tests for 72 hours in 0.6 M
NaCl followed by a tensile test at 10~ s™! in air: a) and ) show global fracture surfaces for the T4 and
the 150/20 states, respectively, b) and f) show brittle fracture for the T4 and the 150/20 states,
respectively, ¢) focus on brittle intergranular fracture and d) on brittle transgranular fracture in the T4
state.

To go further in the understanding of the SCC behaviour of the AA7046, an in-depth
analysis of the damage was done. The brittle fracture surface was thoroughly characterized for
all SCC pre-exposure durations; the results are summarized in Fig. 4a. For both T4 and
150/20 samples, the brittle areas extended increasingly with the exposure duration, with a

more significant extension for the T4 state, which was consistent with previous SEM
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observations and with the decrease in the elongation to failure previously highlighted. In these
areas, failure roughly happened due to a decrease in the intergranular cohesion stress
(intergranular brittle areas) or due to the high localization of plasticity (transgranular brittle
areas). However, it was of interest to note that no significant difference in the damage was
observed between T4 samples exposed for 24 and 72 hours to the NaCl solution. As a
consequence, this criterion alone could not explain the loss of mechanical properties.
Consequently, a complementary index quoted Isp was defined (Eq.1) taking into account the

surface damage (Isp = index for surface damage) according to J. Deleume works [47]:

_ Weakened length

Isp = x 100 (Eq. 1)

Gauge Length

In Equation 1, the weakened length is calculated by considering the zones corresponding
to a brittle fracture on the fracture surface. Their length is measured along the gauge length:
the weakened length corresponds to the sum of the measured length values. Fig.4b shows an
increase in Isp values with the exposure duration for both metallurgical states, with, as
expected, higher Isp values for the T4 state compared to 150/20 samples. This suggested an
increase in the area embrittled during the SCC exposure in relation to the increase in the
corroded sites on the alloy surface. Moreover, the decrease in the elongation to failure itself,
and the brittle fracture modes observed below the surface exposed to the NaCl solution were
characteristic of the embrittlement induced by hydrogen in Al-Zn-Mg alloys. To go further in
the understanding of the damage observed, two phenomena were distinctly studied: the anodic
dissolution during the corrosion processes, and the contribution of hydrogen to the cracking

process, which will be discussed in the next paragraphs.
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Fig. 4. Evolution of a) the brittle fracture areas on the fracture surfaces and (b) the Isp values as a
function of the exposure duration to the NaCl solution during SCC tests for the AA7046 — T4 and
150/20 samples.

b. About the influence of anodic dissolution on the mechanical properties of
AA7046

Among the different theories as to why SCC occurs, the preferential corrosion along the

GB (anodic dissolution) and the absorbtion of atomic hydrogen weakening the GB (hydrogen
induced cracking) are generally cited. While evidence for the anodic dissolution is provided
for 2xxx series, hydrogen-induced cracking is the favored mechanism for low Cu-7xxx series.
As the exact mechanism remains controversial, the role of the anodic dissolution is examined
in this part. In a first approach, the corrosion behaviour of the AA7046 was studied for the
both metallurgical states. OCP measurements in 0.6 M NaCl solution with no stress applied
showed that Ecor remained constant after 15 minutes of exposure and stabilized at
approximately -0.94 V/SCE for the T4 state and -0.91 V/SCE for the 150/20 state (results not
shown). The experiments were repeated 10 times, and led to the same gap between both
metallurgical states. This difference was low, but, considering the repeatability of the results,
it was assumed to be significant; it could be attributed to the N-MgZn: precipitates formed in

the 150/20 state that reduced the Zn and Mg amounts in solid solution, leading to a global
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ennoblement of the electrochemical potential [48,49]. Similar measurements carried out
during the SCC tests showed no difference, suggesting that the stress applied had no
significant effect on the electrochemical behavior of the alloy.

The micrographs in Figs. 5a and b show a comparison of the corrosion defects formed for
both metallurgical states after 72 hours of exposure in 0.6 M NaCl solution, with no stress
applied. Dissolution of the matrix was observed around all coarse precipitates observed due to
galvanic coupling, for both T4 and 150/20 samples. Birbilis et al. [48] studied the local
corrosion behavior of different intermetallic phases in 0.6 M NaCl solution and showed that
Ecorr(AlzFe) and Ecor(Al3Ti) were higher than Eco(7xxXx matrix), which was consistent with
these observations. After 24 hours of exposure, it was noticed that some dissolution areas
turned into pits for the T4 state (Fig. 5a), even if cross-section observations revealed that they
were not deeper than a few microns. No pit was observed for the 150/20 state surface even
after 168 hours of exposure. As previously explained, the formation of 1-MgZn; induced an
ennoblement of the matrix for the 150/20 samples, which reduced the potential difference
between the matrix and coarse precipitates. As a consequence, the galvanic coupling
controlling the pits formation was delayed. In parallel, accelerated intergranular tests were
carried out following the ISO 11846B standard. Samples were immersed for 24 hours in a
corrosive solution ((30.0 = 0.1 g) of NaCl + (10.0 £ 0.1 mL) of HCI 37%vol. in 1L of water)
at 30°C. For both metallurgical states, no intergranular defect was observed. This was
expected because of the low copper content of the alloy, reducing the risk of building any Cu-
depleted zone around grain boundaries, which could have led to a potential gap between
intergranular precipitates and the matrix [50].

Figs. 5c and 5d show cross-sections of the corrosion defects formed for the T4 and the
150/20 AA7046 samples, respectively, after 72 hours of SCC pre-exposure. It was observed

that pits and dissolution phenomena were localized on the very near surface and could not
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explain the loss of mechanical properties measured after tensile tests. However, after tensile
tests at 107 s™!, cracks were observed at the sample surface. Fig. Se highlights a crack formed
in a T4 sample. Electrochemical etching was carried out in order to characterize the crack
paths; for the T4 samples, the observations showed that cracks were mainly intergranular (Fig.
5f). This was consistent with previous observations of brittle intergranular areas on the
fracture surfaces of the T4 microstructure. In the 150/20 state, no crack propagation was
observed, which was consistent with the fact that only shallow brittle transgranular fracture
was observed. Cracks were also observed on the gauge length surface of the AA7046 tensile
samples for both T4 and 150/20 metallurgical states (Figs. 5g and 5h); their length increased
with the exposure duration to the NaCl solution. For both metallurgical states, the cracks were
related to corrosion defects, and they were significantly longer for the T4 state, which was
consistent with the higher loss of elongation to failure measured for this metallurgical state. In
a first approach, this could be related to the higher corrosion kinetics measured for the T4
state. Indeed, potentiokinetic polarization curves were plotted for both the T4 and 150/20
samples in 0.6 M NaCl after a 15-min (72-h) holding step at OCP (results not shown). They
showed a well-marked plateau in the cathodic domain attributed to the diffusion-controlled
oxygen reduction; the anodic domain was characterized by an anodic peak followed by a
passivity plateau. Therefore, the corrosion kinetics was controlled by the diffusion-controlled
cathodic reaction, so that the corrosion current density icor Was equal to the diffusion limit
current. It was about 10> A cm™ (10° A cm™) and 3 10°% A cm™ (5 107 A cm™) for the T4
and 150/20 samples, respectively for E=f(I) curves plotted after a 15-min (72-min) holding
step at the OCP. However, as previously discussed, no corrosion defect deeper than a few
microns beneath the alloy surface was observed regardless of the metallurgical state. As a

consequence, the results suggested that the embrittlement was related to another phenomenon,
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leading to study the hydrogen influence on the mechanical behaviour in the second part of this

work.

100 pm

SO pm

= i

o g
&

50 pm

s

oo
- p::bﬁﬁ_

—

Fig. 5. OM micrographs of the surface of the AA7046 in the T4 (a) and 150/20 (b) state after 72 hours
of exposure in 0.6 M NaCl solution. OM micrographs of cross-sections of the AA7046 — T4 (c) and
150/20 (d) after 72 hours in 0.6 M NaCl with a stress applied of 80 %Y So... €) and f) micrographs
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show cracks in AA7046 — T4 after a SCC test for 72 hours followed by a tensile test in air at 10 s°!

before and after electrochemical etching in HBF,, respectively. g) and h) are SEM micrographs of the

surface of the gauge length of the 7046-T4 and 150/20 samples, respectively after a SCC test of 5

hours followed by a tensile test at 10 s in air. Figs. a and b adapted from Fig. 1 in [34].

c. About the influence of the hydrogen on the mechanical behavior of AA7046
At first, a « Stress Corrosion Cracking susceptibility factor », Iscc, was defined in order
to compare the loss of elongation to fracture in both metallurgical states (Eq. 2). This was
based on the difference of elongation to fracture between a non-exposed and a pre-exposed
sample. Furthermore, it was necessary to take into account the scattering of the results for

non-exposed samples to determine the relevancy of the Iscc values. This was taken into

account through Ipaseiine (Eq. 3).

E - d e E ded l
ISCC — f non—exposed sample f corroded sample x 100 (Eq 2)

Ef non—exposed sample

Efmax— Efmin
Ipasetine = ~fmax “Jmit % 100 (Eq. 3)

Ef average

Fig. 6 highlights a nonlinear increase in Iscc values with the SCC exposure duration for
both microstructures. This specific evolution was shown to be related to the increase in the
hydrogen amount in the alloy [5,34]. This was more obvious concerning the T4 state for
which the Iscc and the hydrogen amount evolutions were very similar. This suggested that the
damage was related to the corrosion-induced hydrogen. Indeed, inside the pits, the reduction
of protons produced by the hydrolysis of the cations, led to hydrogen ingress into the alloy
[4,7,28]. This was consistent with the fact that all cracks observed were related to the pits
formed around intermetallic precipitates. For the 150/20 state, 72 hours of exposure were
necessary to observe a significant decrease in the elongation to fracture, and this was also
shown to be related to an increase in the hydrogen amount. This evolution was also in good
agreement with previous results. Indeed, it was previously shown that the corrosion kinetic in
the 150/20 state was slower, which was attributed to metallurgical changes. As a

consequence, the amount of hydrogen that could penetrate in the alloy, and thus the loss of
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mechanical properties were lower in the 150/20 state than in the T4 state. It was worth
reminding here that the samples were pre-exposed to 0.6 M NaCl solution under mechanical
loading (load equal to 0.8YSo.2). We measured the hydrogen uptake for samples exposed to a
0.6 M NaCl solution without mechanical loading in a previous work [34]. Similar hydrogen
amounts were determined, which was relevant with our previous comment, i.e. the absence of
significant influence of mechanical loading on the electrochemical behavior of the 7046
aluminium alloy (section 3b). Furthermore, we also analyzed in another previous work [33]
the loss in mechanical properties for a T4 sample after pre-exposure to 0.6 M NaCl without
mechanical loading for 24 hours. The elongation to fracture for the pre-exposed sample was
15 %, while it was 18.3 % for the non-exposed sample, leading to an Iscc value of 18 %. This
Iscc value was similar to that determined in the present work (Fig. 6 a), i.e. 19 %, for a sample
pre-exposed for 24 hours with a 0.8YSo.» stress applied. Finally, the detailed analysis of the
fracture mode for the sample pre-exposed without mechanical loading [33] showed a fracture
surface with brittle intergranular fracture zones (surface fraction of 1.5 %) and quasi-cleavage
fracture zones (surface fraction of 5 %), which was similar to the fracture surface observed in
the present work for the sample pre-exposed under mechanical loading: about 1.75 % of the
fracture surface corresponding to brittle intergranular fracture mode and 6.25 % to
transgranular fracture mode. The comparison of the results obtained in the present study with
those of our previous works [33,34] suggested, for the experimental conditions tested, that
there was no significant influence of the stress on hydrogen adsorption.

Concerning the differences in hydrogen content between the two metallurgical states
(Fig. 6), other hydrogen — microstructural features interactions could also explain those
differences. In our previous study concerning the AA7046 [25], measurements of the
hydrogen penetration depth by SKPFM showed that hydrogen diffusion was slowed down in

the 150/20 state compared to the T4 state. It was proposed that the formation of intragranular
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n-MgZn; precipitates in the 150/20 samples limited the damage, which was attributed to
hydrogen trapping around the intragranular n-MgZn, precipitates which would limit its
diffusion. In parallel, hydrogen accumulation in the subsurface due to trapping led to a lower
gradient in hydrogen amount between the alloy and the surface exposed to the corrosive
environment. This could lead to a slower hydrogen penetration, and thus to lower hydrogen
content in the 150/20 samples. This could also explain the limited loss of mechanical
properties of the pre-exposed 150/20 state, a critical hydrogen amount being probably

required to lead to a significant embrittlement.
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Fig. 6. Comparison of the evolution of Iscc and of the hydrogen amount with the exposure duration in
0.6 M NaCl with a stress applied of 80 %Y So. for the AA7046 — T4 (a) and 150/20 (b).

4. Discussion
a. Hydrogen charging during corrosion processes
The new results obtained by comparing the evolution of mechanical properties for the
AA7046 pre-exposed under SCC tests to experimental measurements of the hydrogen global
amounts led to propose a global mechanism discussed below regarding the results of previous

works and of recent studies. According to the previous results, it was shown that AA7046 was
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not susceptible to SCC due to intergranular dissolution, but almost exclusively to hydrogen
diffusion and hydrogen-induced cracking, a phenomenon largely supported [5,7,37,51,52].
Fig. 7 shows first that hydrogen was produced during SCC exposure according to the
following global reaction [7]:

A3t + 3H,0 - Al(OH); + 3H™ (Eq. 4)

This was confirmed by the presence of cracks after tensile tests in air exclusively
localized around pits developed during SCC pre-exposure. Even if the influence of the stress
applied during the SCC pre-exposure was not clearly demonstrated in this study, Wang et al.
[53] showed that the stress-corrosion coupling was decisive for hydrogen penetration in
aluminium alloys from the 2xxx and 7xxx series, when they were immersed in an aqueous
solution. They supposed a hydrogen — crack tip interaction, especially supported by authors
like Najjar et al. [7]: the tip would be the penetration area due to the high stress triaxiality
ratio. However, in the specific case of the AA7046, no crack formation was highlighted
during SCC pre-exposure, even after 72 hours, whereas a significant increase in the hydrogen
amount was measured with time exposure. This suggested that for the AA7046, the stress-
corrosion coupling was not of major importance. The stress probably acted by breaking the
native passive layer already stressed during corrosion [54], favouring corrosion reactions.
Altenbach et al. [52] studied the phenomenon by synchrotron-based holotomography and X-
ray fluorescence. They associated the hydrogen penetration to a cathodic reaction which led to
high hydrogen partial pressure allowing hydrogen absorption and then diffusion in the alloy.
In their work, Schwarzenbock et al. [10] suggested that the formation of topographic steps
near the grain boundaries and especially the softer PFZ, could lead to the rupture of the
passive layer and thus promote the hydrogen absorption at the grain boundaries and its
segregation.. In the same way, in a previous study about slow strain rate tensile tests [34], we

showed that the hydrogen penetration could be enhanced by the sub-surface deformations and
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the local accumulation of dislocations. A reciprocal effect was discussed between hydrogen
intake from the laboratory air and dislocations accumulation at the alloy surface.

The formation of m intragranular precipitates in the 150/20 state led to a global
ennoblement of the matrix that reduced the potential difference between coarse intermetallic
precipitates and the matrix [48]. As a consequence, the driving force for galvanic coupling
reduced and the pitting formation kinetic was slowed down. This led to the decrease in the

hydrogen ingress.

2 pm

0.6 M NaCl
mI_( )

E.or(T4 Matrix) <E_,(150/20 Matrix)

Fig. 7. Schematic representation of the hydrogen cathodic charging during SCC exposure: the matrix
dissolution around (also shown on SEM micrograph) the coarse intermetallic precipitates led to
hydrogen absorption in both metallurgical states. TEM micrographs of the T4 and 150/20 states show
the differences of microstructures.

b. Hydrogen diffusion and trapping
Previous works led to the conclusion that the decrease in the elongation to fracture was
larger in the microstructures where brittle intergranular fracture was observed [25]. This was
supported by several authors [7,10,52,55]. The idea of hydrogen diffusion and localization

enhanced at the grain boundaries was specifically discussed by Song et al. [55] for 7xxx

aluminium alloys. They reported an affinity between absorbed hydrogen and Mg micro-
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segregations at the grains boundaries compared to other elements like Al, which would thus
increase the hydrogen diffusion rate. Recent work based on Density Functional Theory (DFT)
calculations showed the H-Mg affinity, but the authors also discussed the fact that the nature
of isolated impurities like Zn and Mg was not a first order parameter to explain the hydrogen
accumulation compared to structural defects [56]. Moreover, the authors found that another
parameter involved was the local stress, either in tension or in compression, with which the
hydrogen has a stronger affinity. Concerning the 150/20 state, hydrogen trapping on
intragranular N-MgZn: precipitates seemed to only lead to transgranular fracture which could
be explained either by the fact that the hydrogen could not penetrate deep enough in the alloy,
or by the fact that intergranular diffusion was limited by the coarsening of n-MgZn:
intergranular precipitates. This was also confirmed after SCC exposures and supported by
hydrogen induced cracking theories proposing that the hydrogen could be easily trapped at
stable phases interfaces, limiting thus the hydrogen diffusion [52]. In our previous work [25],
we especially showed that the increase in the (Mg,Zn)-rich precipitates size thanks to heat
treatments increased their trapping efficiency. The coherent and semi-coherent precipitates
were shown to have less affinity with the hydrogen than the incoherent n-MgZn; stable
precipitates. It could be noted here that in other aluminium alloy systems (e.g. 2024
aluminium alloy), hydrogen could be trapped by the stress fields of coherent GP zones and
precipitates [57].

These hypotheses being based on the intergranular diffusion of the hydrogen without
experimental assertions, complementary experiments were carried out in the present work to
discuss this phenomenon. T4b microstructures characterized by a higher grain size were
obtained by heat treatments as described in the experimental part. A heterogeneous increase in
the grain size was observed after 48 hours of heat treatment, with grains varying from 30 pm

to several mm. However, for the purpose of this study, it was considered that the decrease in
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the surface fraction of grain boundaries was sufficient. After the heat treatment, Vickers
hardness measurements were carried out during several weeks; results showed a stabilization
after two weeks at 127 = 3 HVsoog compared to 152 + 2 HVspoe in the T4 state. This was
consistent with the grain coarsening according to the Hall-Petch relationship. Samples of
AA7046 in the T4 and T4b states were then hydrogen cathodically charged in H>SO4 for 72
hours. The aim was to compare the estimated hydrogen penetration depth in both
microstructures to evaluate the hydrogen diffusion coefficient along the grain boundaries
thanks to SKPFM measurements. Results concerning the T4 sample after hydrogen pre-
charging as well as without pre-charging are reported from our previous work [25].

Fig. 8a shows the evolution of the surface potential of the T4 reference sample neither
exposed to SCC tests nor hydrogen charged in sulfuric acid. It can be noticed that the
potential value remains stable except for local variations related to the tip passing over coarse
intermetallic precipitates. An average value of 1.45 V was measured for this run, but as
discussed in our previous works [25], this value depended on the environmental parameters
like relative humidity. As a consequence, and in order to make all runs comparable, a AV
value corresponding to the difference between the potential measured in the hydrogenated
volume of the samples and the potential measured in the core of the specimens was
considered. Fig. 8b shows the evolution of AV for both the T4 and the T4b state after
hydrogen pre-charging in sulfuric acid. A potential gradient was measured and indirectly
related to hydrogen concentration as discussed in our previous work [25]. For the T4 samples,
a repeatable hydrogen penetration depth of 275 + 15 um was obtained, whereas for T4b
samples, the measured depth was significantly lower, i.e. 110 £ 60 um. The lower hydrogen
penetration depth in the T4b state suggested a predominance of the intergranular diffusion in

the AA7046.
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By comparison of the measured hydrogen penetration depth to the Fick’s 2" law equation
(Eq. 5), it was possible to estimate the effective hydrogen diffusion coefficients of 1.5-8.107!
m2.s!' in the T4b state, and of 2.2.10'* m2.s! in the T4 state. In Eq. 5, ¢(x) is the hydrogen
concentration at a distance x from de charged surface, co is the initial concentration in the bulk
of the alloy (considered equal to O for t = 0 and x > 0), cs is the hydrogen concentration at the

alloy surface during charging (= 1 for t > 0 and x = 0) and ¢ is the charging time.

cC)-cs _ erf(

Co—Cs

) (Eq. 5)

2/Dappt

The dispersion measured in the SKPFM measurements for the T4b state could be
explained by the heterogeneity in the grain size. Moreover, such a dispersion could be also
explained by different thicknesses of the oxides formed on different grains, due to their
respective orientation. In the T4 state, this effect was balanced by the higher number of

grains. It can also be related to the grain anisotropy in the thickness of the sample in the T4b

microstructure.

a) 2 MR R R RGN [ R I I b)08 T T T T T T T

——T4

~ - 1 -o—T4b — 1%t analysis
E/ 1.8 i 1 0.6 +—T4b — 2% analysis| |
p—(

[~~1 [ ]

0; -

= 1.6 1 1
[«P] L

N

=

o 1.4 i
g -

= :

= 1.2 -
N - am

10750 100 150 200 250 300 350 400 0" 50 100150 200 250 300 350 400
Depth (um) Depth (pm)

Fig. 8. a) Evolution of the Volta potential in the AA7046 — T4 without hydrogen. b) Comparison of
the evolution of the AV gradient in the AA7046 — T4 and in the T4b states after 72 hours of charging
in H>SO4 pH 2 with an applied potential of -1.450 V/SCE. Fig. a) and the curve plotted for T4 sample

in b) have been adapted from [25].
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A comparison between the global hydrogen diffusion in the T4 and T4b microstructures
was proposed, using the Hart’s relationship as a first approach [58]:

Desr = gDy%® + (1 — g)Dy° (Eq. 6)

where D,z is the effective hydrogen diffusion coefficient in the alloy, Dy°® and Dy® are the
effective hydrogen diffusion coefficients at the grain boundaries and in the grains,
respectively. o0 is the average width of the grain boundaries (approximately 1 nm), d is the
average diameter of the grains (30 pm in the T4 and 2 mm in the T4b), and g = 8/ d. The

effective hydrogen diffusion coefficient can be described for both microstructures as follows:

DH,appT4 = 9r4Dy®® + (1 — gr4)Dy® (Eq. 7)

DH,appT4b = grapDu®® + (1 — gr4p)Du (Eq. 8)

The values of Dy gpp' - and Dy 40, *° estimated thanks to SKPFM measurements allow

the effective diffusion in the grains and at the grain boundaries to be determined:

1

G
D =
H dra—drap

(dTALDH,appT4 - dT4bDH,appT4b) (Eq.9)

1
DHGB = (DH,appT4b -(1- gT4b)DHG) (Eq. 10)

9Tab

With this approach, diffusion coefficients of 1.5 — 8.10""> m?.s! and of 2.1 — 3.1.101°
m?.s! were calculated in the grains and at the grain boundaries, respectively. This could be
summarized as a difference of approximately 5 orders of magnitude between the intergranular
and the grain diffusion coefficients. The predominance of the intergranular diffusion was thus
demonstrated, confirming the role of these short-circuit diffusion paths in the mechanisms of
SCC in the AA7046. Ichimura et al. showed that the grain boundaries in aluminium have
complex effects on hydrogen diffusivity [59]. They talked about ‘the grain boundary cross

effect’ which refers to an enhanced diffusion along a straightforward grain boundary and a
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suppressed diffusion at grain boundary nodes by trapping of hydrogen. More recently,
Pedersen et al. proposed an alternative explanation for Ichimura’s results [60]. Nevertheless,
they also evidenced the complex effect of the grain boundaries on hydrogen diffusion. Such a
complex effect can be explained by considering that many parameters have to be taken into
account, e.g. the hydrogen concentration [61, work about palladium], as well as the structure
and chemistry of the grain boundaries as indicated by Chene et al. [62]. For example, Saitoh
et al. [63] showed that the precipitate-free grain boundaries were capable of short circuit path.
Therefore, it is clearly seen from these different studies that the lattice diffusivity and grain
boundaries diffusivity values can be significantly different in some cases. Those studies also
showed that it is difficult to give definitive values for the lattice and grain boundaries
hydrogen diffusivities. In their study, Ichimura er al. gave a comparative survey for the
hydrogen diffusivity data and showed that the diffusion coefficients did not agree well with
each other [59], which can be explained by referring to the previous discussion. Young and
Scully also mentioned a large scatter in reported values of the diffusivity of hydrogen in
aluminium [19]. Nevertheless, it could be noted that Chene et al. estimated the hydrogen
diffusion in impure aluminium, and proposed a values of 2.3 10 cm? s! from an
extrapolation of high temperature [62]. This value was similar to the lattice diffusivity value
we found in the present study.

Consequently, in the T4 state, the hydrogen produced during corrosion processes could
diffuse in the alloy across the grain boundaries leading to both:

» apreferential localization of the hydrogen at the grain boundaries;
* ahigher hydrogen penetration depth.

Finally, the different steps of the hydrogen embrittlement corresponding to diffusion and

trapping were schematically represented in Fig. 9. Concerning the T4 state, once produced

during corrosion processes, the hydrogen could diffuse in the matrix where it did not “meet”
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any trapping site. In this metallurgical state, the main traps were dislocations, grain
boundaries and intergranular precipitates. Bhuiyan et al. [64] observed by microtomography
an increased rate of trapping site occupancy at grain boundaries compared to other trapping
sites like dislocations or vacancies. In Fig. 9b, two areas numbered (1) and (2) were defined as
respectively high and low hydrogen concentration zones. In the hydrogenated deep area (zone
2), the hydrogen should be mainly located at the grain boundaries thanks to the high
diffusivity of the hydrogen at the grain boundaries as demonstrated. Only the few MgZn»
intergranular precipitates could act as limiting trapping sites for the hydrogen diffusion.
However, it could be argued that, when these trapping sites are saturated with hydrogen, the
hydrogen could then keep diffusing at the grain boundaries. Furthermore, the number of
intergranular precipitates in the T4 state were probably too low to efficiently limit the
hydrogen diffusion. Therefore, the grain boundaries should act as short-circuit diffusion paths
as suggested by several authors [7,25,37,52,55], and as demonstrated above with SKPFM
measurements.

On the contrary, in the 150/20 state, Figs. 9c and 9d propose that the hydrogen was
trapped near intragranular N-MgZn; precipitates (2) and intergranular coarse precipitates (1)
leading to a limitation of the global diffusion of the hydrogen. We showed in a previous work
that in the AA7046, the hydrogen apparent diffusion coefficient decreased due to the
formation of the intragranular n-MgZn> precipitates [25]. More specifically, it was assumed
that the trapping occurred at the precipitates/matrix interface. This was confirmed by the fact
that the hydrogen penetration depth decreased with the coherency of these precipitates.
Several works confirmed these assertions [5,65-67]. Scamans et al. [5] suggested that only n
precipitates bigger than 25 nm corresponding to a crystal size were able to act as irreversible

trapping sites for hydrogen. Two consequences could be drawn:
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* the limited hydrogen diffusion led to the localization of the hydrogen in the vicinity of
the coarse precipitates surrounded by dissolved matrix. As a consequence, the driving
force for hydrogen penetration was reduced, explaining the lower hydrogen global
amounts measured in Fig. 6 for the 150/20 state compared to the T4 state. In the T4
state, when absorbed, the hydrogen could easily diffuse in the bulk alloy, avoiding its
surface accumulation. The hydrogen absorption was thus less limited.

e for 150/20 samples, the hydrogen diffusion was limited in the bulk and along the grain
boundaries by the intragranular N-MgZn, precipitates, which was consistent with the
shallow brittle areas observed on the fracture surfaces in Fig. 3f.

In both microstructures, the hydrogen was also shown to have affinity with dislocations

which was taken into account in Fig. 9b and 9c. This will be of major importance to explain

the final fracture as will be discussed further down in the article [68].
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Fig. 9. Hydrogen diffusion and distribution in the AA7046 — T4 (a and b) and 150/20 (c and d).
Figures a and c schematically represent the first step of the hydrogen diffusion in the alloy in the direct
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vicinity of the coarse precipitates surrounded by dissolved matrix. The (1) represents the dislocations

and the red dots corresponds to the intragranular 1-MgZn; precipitates. Figures b and d represent the

following steps. On figure b, a representation of the hydrogen concentration at the grain boundaries is
given.

c. Hydrogen transport and fracture

Finally, the last step of the SCC mechanism corresponding to the transport of hydrogen
and the final fracture was discussed. Fig. 10 describes the cracking sequence in the AA7046 —
T4. Under the surface, corresponding to the area numbered (1) of Fig. 9, the hydrogen
concentration at the grain boundaries was high enough to allow a decrease in the intergranular
cohesion stresses (Fig. 10a). Due to the progressive strain applied, dislocations were formed
and as discussed in previous work [34], the interstitial hydrogen could be trapped by these
dislocations due to the resulting elastic distortion [63,69]. Saitoh et al. [63] showed by tritium
autoradiography the preferential location of hydrogen in the dislocation network. This trapped
hydrogen could then be drained by dislocations and could be redistributed as demonstrated in
our previous work with samples tested by slow strain rates in ambient atmosphere [34]. Fig.
10b shows that the dislocations were preferably located near the grain boundaries when the
strain increased, which explained the ductile-intergranular fracture for non-exposed samples.
During this process, the hydrogen that was trapped on dislocations was therefore transported
up to the grain boundaries and consequently, the intergranular hydrogen amount increased.

Finally, when the strain went on increasing, Fig. 10c shows that cracks could form as a
result of a synergy between high dislocations density and high hydrogen concentrations at the
grain boundaries. Moreover, several works suggested that the hydrogen could favour local
plasticity by reducing inter-dislocations interactions and dislocations — microstructural
parameters interactions. Robertson et al. [32,70] showed a decrease in the distance between
dislocations in the presence of hydrogen in an austenitic 310S steel. Similar observations were

made by TEM in aluminium alloys by Ferreira et al. [32]. This led to brittle intergranular
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fracture (Fig. 10f). The cracks formed then propagated in the alloy up to the 2™ area ((2) in
Fig. 9b) where the hydrogen amount was lower. In this zone, the hydrogen concentration at
the grain boundaries was not sufficient to allow intergranular decohesion and thus brittle
intergranular fracture. However, during the crack propagation, the plasticity increased at the
crack tip (Fig. 10d). In these plastic areas, the hydrogen promoted dislocations accumulation
as previously discussed, but it also promoted the accumulation of dislocations in the same
direction of the lattice. This effect was due to a decrease in the probability of deviated gliding
of dislocations due to hydrogen as proposed by Ferreira et al. [70]. The main consequence
was the decohesion of a specific plane in the fcc structure which led to transgranular
decohesion (Fig. 10e) and the brittle transgranular fracture (Fig. 10g) observed in the T4
microstructure. In their recent work, Xie ef al. [71] showed that the local plasticity related to
the increase in dislocation density at the crack tips could favor the formation of substructures
of low angle grain boundaries which could enhance intergranular cracks after hydrogen
enrichment.

Concerning the 150/20 metallurgical state, a large amount of studies focused on the
influence of the intergranular and intragranular precipitates composition and structure on the
SCC resistance of Al-Zn-Mg alloys [43,72,73]. In the current study, it was proposed that the
hydrogen was trapped in the grains around intragranular N-MgZn precipitates and therefore
could not diffuse along the grain boundaries. As a consequence, no brittle intergranular
fracture could be observed after tensile tests at 103 s'. On the contrary, mainly brittle
transgranular fracture was observed due to the weakening of interatomic bonds leading to
interfacial decohesion. This was suggested by SKPFM work [25] and confirmed by recent
works of Safyari ef al. [68]. In the same way, Krishnannuni ez al. [23] showed that, in the T73
conditions, a 7010 aluminium alloy showed no brittle intergranular fracture which was

associated with the homogeneous distribution of n-MgZn; precipitates in the grains. On the
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contrary, in the T6 conditions, where the intragranular precipitates were semi-coherent,
intergranular fracture was observed. Wang et al. [74] confirmed that the coarsening of the
grain boundary precipitates was beneficial for SCC resistance of Al-Zn-Mg alloys. The
hydrogen trapping on coarse intergranular precipitates seems to reduce the crack nucleation
along grain boundaries [55,75,76].

High concentrations of hydrogen in the grains promoted the nucleation of dislocations
and as for the T4 state, the inhibition of the deviated gliding promoted the accumulation of
dislocations in dense planes. This led to the brittle transgranular fracture. However, hydrogen
could also favour intergranular decohesion in the 150/20 state when tested at slow strain rates
as evidenced in the literature [34,77]. Indeed, the hydrogen transport by dislocations could
induce hydrogen relocation at the grain boundaries. When a sufficient hydrogen concentration
was reached, intergranular fracture could be observed. Recently, Safyari et al. [68] showed
that, in cold-rolled Al-Zn-Mg alloys, large amounts of hydrogen trapped at dislocations led to
hydrogen-induced intergranular fracture. They also showed that, in the presence of second
phase particles, the distribution of the hydrogen between the precipitates and the dislocations
improved the hydrogen embrittlement resistance of these alloys by decreasing the dislocation

motion induced hydrogen mobility.
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Fig. 10. Schematic representation of the fracture process after SCC pre-exposure in the AA7046 — T4.
a) shows the first step of the deformation leading to the formation of dislocations and trapping of
reticular hydrogen near dislocations. b) shows the formation of the dislocations network and the
localization of dislocations near the grain boundaries leading to an increase in the local hydrogen

concentration and of the plasticity. ¢) intergranular cracks form as a consequence of the high hydrogen

concentration and plasticity. d) the intergranular crack propagation leads to an increase in the plasticity
at crack tips finally leading to transgranular cracks (e). Brittle intergranular (SEM image f) and
transgranular (SEM image g) fracture resulting from (c, d) and (e), respectively.

5. Conclusions
The role of the hydrogen during SCC processes in the AA7046 aluminium alloy was

investigated for two metallurgical states and discussed regarding the results of previous
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works. The aim of the present study was to improve the current understanding of SCC

mechanisms in low-copper 7xxx aluminium alloys and bring experimental evidence for the

influence of the hydrogen. The following conclusions were drawn:

1.

The specificity of the AA7046, containing low copper amounts, was its relatively high
resistance to intergranular and pitting corrosion. In agreement with the ‘hydrogen
embrittlement’ favored SCC mechanism for low Cu-7xxx series, the anodic
dissolution theorie was discarded, as no susceptibility to intergranular corrosion was
observed. The surface of the alloy was only affected by trenching, i.e. local dissolution
of the matrix around the coarse intermetallics, after a short exposure in the chloride
media and by pits after longer exposures. It was shown that the 150/20 state was less
susceptible to pitting corrosion than the T4 state, which was assumed to be related to
the modification of the matrix composition following the formation of intragranular n-
MgZn; precipitates.

After pre-exposure under stress in 0.6M NaCl, the elongation to fracture decreased for
both metallurgical states although to a much lesser extent for the 150/20 state. A study
of the corrosion defects propagation showed that the loss of mechanical properties
could not be explained by the corrosion defects. However, an in-depth analysis of the
fracture surface close to the surface exposed to the NaCl solution during SCC pre-
exposure revealed brittle intergranular fracture and quasi-cleavage areas in the T4
state, whereas only shallow quasi-cleavage areas for the 150/20 state are observed.
These changes of the fracture modes were assumed to be related to hydrogen produced
during corrosion exposure. In the present work, pre-exposure was done under
sustained load (0.8YSo.2), but comparison with previous works performed with pre-
exposure without load showed no significant influence of the stress on the hydrogen

uptake, for the experimental conditions tested.
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3. Global hydrogen measurements in the alloy after different durations of SCC pre-
exposure revealed a direct relationship between the loss in elongation to fracture and
the hydrogen amount. A long exposure was required in the 150/20 state to produce a
significant hydrogen amount, contrary to the T4 state for which a few hours are
enough. This was explained by the lower susceptibility to pitting corrosion of the
150/20 state compared to the T4 sample. It was also explained by hydrogen diffusion
at the grain boundaries for the T4 sample, while hydrogen was trapped at the
intragranular N-MgZn; for the 150/20 sample, as summarized in points 4 and 5.

4. The role of grain boundaries as short-circuit diffusion paths was demonstrated based
on the comparison of the T4 and T4b states. For the AA7046-T4, the model postulates
that the accumulation of dislocations at grains boundaries allowed high local hydrogen
concentration and the decrease in the intergranular cohesion stresses, leading to brittle
intergranular fracture. The crack propagation leading to local increased plasticity at
the crack tips ultimately led to brittle transgranular fracture.

5. In the 150/20 state, the model favors a role of the intragranular N-MgZn» precipitates
as hydrogen traps which agreed for the lower hydrogen effect on the mechanical
properties for this microstructure. The accumulation of dislocations in a single
direction in the lattice favored by hydrogen led to transgranular decohesion and to

brittle but shallow transgranular surface cracks.
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