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Interplay between interdiffusion and shape transforma-
tions in nanoalloys evolving from core-shell to intermixed
structures†

Diana Nelli,a Christine Mottetb and Riccardo Ferrandoc

Nanoalloys are often grown or synthesized in non-equilibrium configurations whose further evolution
towards equilibrium can take place through complex pathways. In this work, we consider bimetallic
systems with tendency towards intermixing, namely AgAu, PtPd and AuCu. We analyze their
evolution starting from non-equilibrium initial configurations, such as phase-separated core@shell
ones, by means of Molecular Dynamics (MD) simulations. These systems present some differences,
since AuCu bulk alloys make ordered phases at low temperature whereas AgAu and PtPd remain
in solid solution. Moreover, Cu, Au and Ag have similar cohesive energies whereas Pt is much
more cohesive than Pd. We consider both truncated octahedral and icosahedral initial shapes in the
size range between 2 and 3 nm. For each AB system, we consider both A@B and B@A core@shell
starting configurations. The evolution is characterized by monitoring the time-dependent degree of
intermixing and the evolution of the shape. The simulations are performed up to temperatures close
to the melting range. The approach to thermodynamic equilibrium is monitored by MD simulations
and compared with the equilibrium chemical configurations obtained by Monte Carlo simulations.

1 Introduction
Alloy nanoparticles (referred to as nanoalloys in the following)
are very often experimentally produced in out-of-equilibrium con-
figurations.1

Nanoalloy structures are characterized by geometric shape and
chemical ordering, the latter being the pattern in which the
atomic species are distributed. In general, non-equilibrium effects
can occur both in shape and in chemical ordering.

Non-equilibrium trapping into metastable geometric shapes is
found in elemental metallic nanoparticles2,3 and in nanoalloys.1

Well-known examples include the trapping into the icosahedral
motif at large sizes,4,5 the formation of tetrahedral structures
in the gas phase6 and in wet-chemistry synthesis,7 the template
growth of decahedral structures,8 and the formation of triangular
leaflets.9

Also non-equilibrium effects on chemical ordering are observed
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both in wet-chemistry synthesis and in gas-phase growth experi-
ments. In particular, here we are interested in the formation of
phase-separated core@shell structures in nanoalloys that are mis-
cible at equilibrium. In the synthesis by chemical reduction, both
co-reduction and successive reduction methods10–12 can lead to
the formation of core@shell nanoalloys13 in miscible systems.
In co-reduction, the metal with higher redox potential aggre-
gates first, thus forming the cores of the nanoparticles, while the
atoms of the second metal can subsequently aggregate to form the
shells, as shown for the AgPd system.10 AgPd presents a clear ten-
dency to form solid solutions,14 but in co-reduction experiments
both Ag@Pd and Pd@Ag nanoparticles have been formed.10 In
PtPd, a variety of Pt@Pd, Pd@Pt and intermixed structures have
been synthesised in co-reduction and successive reduction exper-
iments.15–21 Other highly miscible systems in which core@shell
nanoalloys have been obtained by wet-chemistry methods are
AuPd and AuCu.22,23 In gas-phase experiments, the formation
of B-rich (AB)@B nanoalloys, where the minority element A is al-
ways concentrated at the center of the nanoparticle, has been ob-
served in AgAu, PtPd and PtNi.24–26 The origin of this type of non-
equilibrium chemical ordering has been rationalized by the deple-
tion of the minority element in the metal vapour. The depletion
takes place in the first stages of the nucleation of the nanoparti-
cles, so that AB nanoalloys are initially formed and then covered
by the majority atoms in the later stages of growth.24 Ag@Au
nanoalloys have been produced in the gas phase by subsequent
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aggregation in helium droplets,27 whereas in wet-chemistry syn-
thesis experiments, intermixed, Ag@Au and Au@Ag nanoalloys
have been produced.9,28

Non-equilibrium structures are expected to naturally evolve to-
wards equilibrium. Therefore, the core@shell nanoalloys made
of miscible metals should transform into some kind of intermixed
chemical ordering if they are let evolve for sufficiently long times.
At present, very little is known about the evolution pathways of
these nanoalloys.

In this paper we simulate the evolution of AgAu, PtPd and AuCu
nanoparticles from core@shell initial configurations by Molecular
Dynamics (MD) simulations. All these systems are highly misci-
ble, so that core@shell configurations of both types (B@A and
A@B) are expected to be out of equilibrium.

AgAu, PtPd and AuCu are chosen because they are representa-
tive of different trends.

As regards macroscopic samples, in both AgAu29 and PtPd30,31

there is evidence in favour of the formation of solid solutions for
all compositions, without evidence of miscibility gaps31,32 or of
the stabilization of ordered phases. On the other hand, in AuCu,
there is strong miscibility with the formation of ordered phases33

around different compositions, such as the L10 phase at equicom-
position and the L12 phase at 1:3 and 3:1 compositions.

These systems differ also in the lattice mismatch between the
elements, which is negligible in AgAu (0.2%), small in PtPd
(0.9%) and very large in AuCu (11.4%) (see for example Ref.34).
In addition, the difference in bulk cohesive energy per atom (Ecoh)
is small in AuCu (EAu

coh −ECu
coh = 0.32 eV), intermediate in AgAu

(EAu
coh−EAg

coh = 0.86 eV) and large in PtPd (EPt
coh−EPd

coh = 1.95 eV).35

In order to check the approach to equilibrium at different tem-
peratures, the results of the MD simulations are compared to
those of Monte Carlo (MC) simulations of the equilibrium chem-
ical ordering in the truncated octahedral (TO) and icosahedral
(Ih) structures.

2 Model and methods
The nanoparticles are modelled by a many-body atomistic force
field developed within the second-moment approximation to the
tight-binding model,36–38 also known as Gupta potential.39 Form
and parameters of the potential are available in Ref.40,41 for AgAu
and PtPd and in Ref.42 for AuCu. These force fields have been
favourably tested against experiments and Density-Functional
Theory calculations for AuCu and PtPd in previous works in our
group.25,42,43 For AgAu, our model predicts correctly the ten-
dency of these metals to form solid solutions, with some Ag en-
richment of the surface layer. This generally agrees well with the
experimental results for nanoparticle sizes of a few nm,32 while
for small sizes DFT calculations have shown that charge-transfer
effects, not included in the Gupta model, can counterbalance to
some extent this trend towards Ag surface segregation, especially
in icosahedral structures.44

In our MD simulations, the classical equations of motion are
solved by the velocity Verlet algorithm45 with a time step of 5 fs.
In all cases, the duration of the simulations is of 10 µs. The sim-
ulations are made at constant temperature, keeping temperature
constant by an Andersen thermostat46 whose collision frequency

Fig. 1 (a-b) Initial truncated octahedral structure of 586 atoms with
core@shell chemical ordering: (a) shows its surface, whereas (b) shows
a cross section. (c-d) Initial icosahedral structure of 561 atoms with
core@shell chemical ordering: (c) shows its surface, whereas (d) shows a
cross section.

is chosen in such a way that diffusive properties of atoms are not
altered.47

Simulations are made at different temperatures, whose range
depends on the system. For each temperature, we perform at least
three independent simulations, if not otherwise specified.

The initial core@shell structures of the MD simulations are cho-
sen as follows. For all systems, we consider truncated octahedra
of 586 atoms in which the shell has a thickness of 2 atomic lay-
ers, which corresponds to 140 and 446 atoms in the core and
in the shell, respectively (see Fig. 1). Specifically, the surface is
made of 272 atoms and the subsurface of 174 atoms. For each AB
bimetallic system, both A@B and B@A initial configurations are
considered, which correspond to the two different compositions
A140B446 and A446B140. For AuCu, in which there is a large lat-
tice mismatch, we consider also an icosahedral structure of 561
atoms, with a shell of two layers, corresponding to 147 and 414
atoms in the core and in the shell, respectively. In this case, the
surface is made of 252 atoms and the subsurface of 162 atoms.
Also in this case, both core@shell types are considered, namely
Au@Cu at composition Au147Cu414 and Cu@Au at composition
Au414Cu147. The icosahedral structure is considered because pre-
vious simulations of phase-separating systems with lattice mis-
match have shown that the kinetics of the approach to equilib-
rium depend on the nanoparticle shape;48 here we want to check
whether this effect is also present in miscible systems.

MC simulations are performed in the canonical ensemble (con-
stant temperature). Atomic displacements and exchanges be-
tween two atoms of different species are proposed and accepted
according to a Metropolis sampling,49 which insures to reach a
Boltzmann distribution of the chemical configurations at equi-
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librium and at a given temperature. Atomic displacements are
randomly proposed inside a sphere centered on the atomic posi-
tion of the randomly selected atom to move. The maximum dis-
placement amplitude varies with temperature, typically around
0.01

√
T d, d being the lattice parameter in Angstroms, which

means from 0.8 Å at room temperature to 1.2 Å at 600 K. The
number of atoms of each element remains constant in the clus-
ter. Equilibrium configurations are determined at different tem-
peratures, by slowly increasing or decreasing the temperature,
typically 20 K by 20 K each 3000 macrosteps. Averages to
characterize the equilibrium configurations are performed after
1000 macrosteps and integrated over 2000 macrosteps. Each
macrostep consists of proposing either one displacement or one
chemical exchange randomly to any atom of the cluster. We pro-
pose more displacements than exchanges. If Msteps is the number
of macrosteps, ndep and nex the numbers of displacements and
chemical exchanges per atom, the number of microsteps Nsteps is
equal to:

Nsteps = Msteps

(
Natom

ndep +nex

2

)
. (1)

We take ndep=10 and nex=1. The total number of atoms in the
cluster is Natom = 586 or 561, and therefore the number of mi-
crosteps is around 10 millions. We note that, at variance with
MD simulations, our MC simulations are only able to equilibrate
chemical ordering (including local relaxations) within a given
structural motif, but they are not able to catch shape transfor-
mations.

3 Results
In the following, the approach to equilibrium chemical ordering is
monitored by calculating the number of mixed nearest-neighbour
bonds, and the number of surface and subsurface atoms of the
minority component. Structural transformations are singled out
by means of the Common Neighbour Analysis signatures,50 as
explained in Ref.51

3.1 AgAu

In AgAu, the evolution towards intermixing takes place within the
initial fcc motif without relevant shape changes. Only some sur-
face rearrangements and the formation/disappearance of stack-
ing faults are observed during the simulations. Interdiffusion
takes place on average in an isotropic way. As the simulation
temperature increases, the MD final configurations get closer and
closer to the equilibrium chemical ordering, as shown by the com-
parison between MD and MC data for mixed nearest-neighbour
bonds, and for the number of minority surface and subsurface
atoms (see Fig. 2). Here, MD data are obtained by averaging the
quantities over the last µs of the simulations.

On our MD time scale of 10 µs, an almost perfect equilibra-
tion is achieved at T = 675 K and T = 700 K for Ag140Au446 and
Ag446Au140, respectively, whereas for temperatures below 600 K
interdiffusion is negligible. These results indicate rather similar
interdiffusion rates for both compositions. We note that, as ex-
pected, the data in Fig. 2(b-c) show that Au and Ag atoms have a
certain preference for subsurface and surface sites, respectively.

Fig. 2 Simulation results for Ag140Au446 and Ag446Au140. (a) Comparison
between the number of Ag-Au nearest neighbour bonds at equilibrium
(MC data) and at the end of the MD simulations. The MD data are
averaged over the last µs of the simulations. (b) Comparison between
equilibrium MC and MD data for the number of Ag surface and subsurface
atoms in Ag140Au446. (c) Comparison between equilibrium MC and MD
data for the number of Au surface and subsurface atoms in Ag446Au140.
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3.2 PtPd

The PtPd system is characterized on average by stronger cohesion
and by considerably higher melting temperatures than both AgAu
and AuCu,34,35 especially on the Pt-rich side. For this reason, we
expect that diffusion processes are activated at higher tempera-
tures than in AgAu and AuCu. As a consequence, the temperature
ranges in which we simulate our systems are higher, up to 900 K
for Pt140Pd446 and to 1050 K for Pt446Pd140.

Equilibrium surface enrichment in Pd is found in our model
and in other atomistic models,25,52 and it is supported by the
results of experiments and DFT calculations.21,53 Our model also
predicts subsurface enrichment in Pt,25 in agreement with results
in the literature.54

As regards the evolution of the nanoparticle shapes, our simula-
tions never show transformations from the fcc motif to decahedral
(Dh) or Ih motifs. This is in agreement with the experimental evi-
dence, since Dh and Ih structures are quite rarely observed in pure
Pt6 and pure Pd55 nanoparticles, and in their nanoalloys.25,56 In
our simulations, only the formation of defects, such as islands on
stacking fault sites6 and twin planes, is observed.

If temperature is sufficiently high, the evolution of chemical
ordering is quite significant, and, in the case of Pt140Pd446, it takes
place by a somewhat unexpected two-stage process. This process
is shown in Fig. 3, which reports (a-c) data and (d) snapshots of
the evolution in a representative simulation at T = 900 K.

In the first stage of the evolution, which takes place in the in-
terval 10-40 ns in our three simulations at 900 K, the Pt core does
not change its shape, but shifts from a central to an off-center po-
sition, in which the geometric center of the Pt core is displaced by
about 3.5 Å from the geometric center of the whole nanoparticle
(see Fig. 3(c)). In this off-center position, some facets of the Pt
core occupy the subsurface layer, i.e. they are covered by a Pd-
skin.57,58 Correspondingly, the number of Pt-Pd bonds does not
change at all, but the number of subsurface Pt atoms steadily in-
creases (see Fig. 3(a,b)). This first transformation is accompanied
by a relatively modest energy gain of about 5 eV, but the structure
still remains quite far from the equilibrium chemical ordering.

The off-center displacement of the Pt core is caused exclusively
by the motion of Pd atoms around it, to reach a conformation of
the shell that allows a better rearrangement of Pd atoms around
the Pt core, because of the freedom of surface Pd atoms to relax
their positions.

In the second stage, which takes place gradually from about
100 ns onwards, we observe interdiffusion of Pt and Pd atoms,
which finally leads to an almost complete dissolution of the Pt
core into the Pd matrix. The number of Pt-Pd bonds strongly
increases, together with the number of subsurface Pt atoms, and
the geometric center of the Pt atoms finally becomes close to that
of the whole nanoparticle (see again Fig. 3(a-c)). A few Pt atoms
finally appear in the surface layer. The energy gain in the second
stage is more substantial, of about 15 eV.

The whole evolution of the Pt core can be observed in Fig. 3(d).

At lower temperatures, the kinetics are slower and therefore
the simulations reproduce only a part of the evolution observed at
T = 900 K. Completion of the first stage may take about 1 µs and

several µs at T = 800 and 750 K, respectively, while the second
stage only just begins. At T = 700 K, even the first stage is not
completed within the 10 µs time scale.

Pt@Pd and (PtPd)@Pd nanoparticles with off-center cores have
been observed in several experiments.15,17–19,25,43 In these ex-
periments, the nanoparticles have been grown in isotropic envi-
ronments, so that the cause of the symmetry breaking leading to
the off-center cores is not obvious. The mechanism revealed by
our simulations could explain why these structures form, along
with their long-lasting metastability.

In Pt446Pd140, the simulations show a progressive dissolution of
the initial Pd core into the Pt matrix, which takes place on average
in an isotropic way. In Fig. 4 we show (a-c) data and (d) snap-
shots of the evolution in a representative simulation at T = 1050
K. Pd atoms are able to move towards the nanoparticle surface,
and, after a few ten ns, they begin to appear at the surface. At
the end of the simulation, the majority of Pd atoms has reached
the surface (see Fig. 4(b)). During this process, the energy of
the nanoparticle progressively decreases. This kind of behaviour
is very similar to the one observed in all simulations of AgAu, so
that the pathway shown in Fig. 4(d) is qualitatively representa-
tive of the evolution of both Ag@Au and Au@Ag structures.

The number of Pd atoms in the subsurface is always small (see
Fig. 4(b)), indicating that their diffusion from the subsurface to
the surface is relatively quick. At variance with the previous case
of Pt140Pd446, there is no indication of a significant displacement
of the core to off-center positions, as the distance between the
geometric center of the Pd atoms and the geometric center of the
whole nanoparticle oscillates during the simulation, and never
exceeds 1.6 Å (see 4(c)). At lower temperatures the evolution is
slower but of the same type as at T = 1050 K.

Now we check whether the evolution of the nanoparticles dur-
ing the MD simulations has brought them to the equilibrium
chemical ordering. As shown in Ref.,43 in PtPd the equilibration
of chemical ordering is much slower than that of nanoparticle
shape, so that it is not warranted that it can be obtained on our
time scale of 10 µs. In Fig. 5 we report the temperature depen-
dent behaviour of the number of mixed nearest-neighbour bonds,
and of the number of minority surface and subsurface atoms.
Data in Fig. 5 clearly show that at the highest temperatures (900
K for Pt140Pd446 and 1050 K for Pt446Pd140) the chemical order-
ing obtained in the MD simulations is quite close to equilibrium,
while it becomes progressively farther from equilibrium at lower
temperatures.

3.3 AuCu
As explained in Section 2, the AuCu system exhibits relatively
large lattice mismatch, therefore we may expect a different equi-
libration kinetics of chemical ordering in TO and Ih structures.48

However, as we will see below, this will not be the only difference
in the evolution starting from these structures.

3.3.1 Au414Cu147

For Au414Cu147 the initial structure is the Cu@Au Ih shown in Fig.
1(c-d). This is indeed a rather stable structure, since it evolves
in the MD simulations by essentially keeping the Ih shape (with
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Fig. 3 Evolution of truncated octahedral Pt140Pd446 from a Pt@Pd configuration in a simulation at T = 900 K. Time evolution of (a) number of Pt-Pd
nearest-neighbour bonds, (b) number of Pt surface (red) and subsurface (blue) atoms and (c) distance between the geometric center of Pt atoms
alone and geometric center of the whole nanoparticle. (d) Representative snapshots from the simulation at different times. Pt and Pd atoms are
coloured in grey and blue, respectively. Pd atoms are represented as small spheres to show the evolution of the Pt core.

Fig. 4 Evolution of truncated octahedral Pt446Pd140 from a Pd@Pt configuration in a simulation at T = 1050 K. Time evolution of (a) number of
Pt-Pd nearest-neighbour bonds, (b) number of Pd surface (red) and subsurface (blue) atoms and (c) distance between the geometric center of Pd
atoms alone and geometric center of the whole nanoparticle. Note that the distances in (c) are much smaller than those in the corresponding Pt@Pd
case (Fig. 3(c)) (d) Representative snapshots from the simulation at different times. Pt and Pd atoms are coloured in grey and blue, respectively. Pt
atoms are represented as small spheres to show the evolution of the Pd core.
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Fig. 5 (a) Number of mixed bonds in Pt140Pd446 and Pt446Pd140. (b)
Number of surface and subsurface Pt atoms in Pt140Pd446. (c) Number
of surface and subsurface Pd atoms in Pt446Pd140. Equilibrium data
according from MC simulations (small symbols) are compared to the MD
data (big symbols) for the same quantities. The MD data are averaged
over the last µs of the simulations.

Fig. 6 Simulation results for the Au414Cu147 Ih structure. (a) Comparison
between the number of Au-Cu nearest neighbour bonds at equilibrium
(MC data) and at the end of the MD simulations. (b) Comparison
between equilibrium MC and MD data for the number of surface and
subsurface atoms. The MD data are averaged over the last µs of the
simulations.

the formation of a few surface defects, especially at the highest
simulation temperature). Therefore a direct comparison with MC
data is straightforward in this case.

In Fig. 6 we report the number of mixed nearest-neighbour Au-
Cu bonds and the numbers of Cu surface and subsurface atoms.
Our MD simulations on the scale of 10 µs show a significant in-
crease of intermixing for T ≥ 700 K. In fact, the number of mixed
bonds increases from the value 408 of the perfect Cu@Au struc-
ture to 600 and more. This is mainly due to the displacement of
the Cu atoms from the core to the subsurface layer, which corre-
sponds to the reverse displacement of the Au atoms. On the other
hand, the number of Cu atoms in the surface layer remains very
limited.

The comparison between MD and MC data shows that MD sim-
ulations are not able to fully reach the equilibrium chemical or-
dering, even at the highest MD simulation temperature of 750 K.
Note that for T > 750 K the structure enters the melting range.

3.3.2 Au446Cu140

For Au446Cu140, the initial structure is the Cu@Au TO of Fig. 1(a-
b). The evolution of this structure is very different from that of
the Ih Au414Cu147. In fact, for T ≥ 550 K the structure transforms
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Fig. 7 (a) Time dependence of the number of Au-Cu bonds in two simula-
tions starting from a Cu@Au TO of composition Au446Cu140. Simulation
temperature is 550 K. In the first simulation (red curve) the structure
remains in the TO motif till the end, while in the second simulation (blue
curve) a TO→Ih transformation takes place between 4 and 5 µs. The
black arrow indicates the moment at which the transformation occurs,
which corresponds to a meaningful change in the time evolution of the
mixed bonds. (b) Final number (averaged over the last µs of the sim-
ulation) of nearest neighbour Au-Cu bonds. Red squares correspond to
simulations in which the structure remains in the TO motif, whereas blue
diamonds correspond to simulations in which the TO→Ih transformation
takes place at some stage. Note that more than 1000 Au-Cu nearest-
neighbour bonds are expected at equilibrium (see Fig.6(a)), a value which
is significantly larger than those of the MD simulations.

into an Ih shape at some stage of the simulation in most cases.
This happens at shorter and shorter times by increasing the tem-
perature: a few µs at 550 K, ∼ 102 ns at 600 K and ∼ 10 ns at 650
K. The transformation is due to the superior energetic stability of
the Ih motif for this composition. At 500 and 525 K (for which we
have made only one simulation per temperature), and in one of
the three simulations at 550 K, the structures stay within the TO
motif till the end of the simulation.

In the following, we analyze whether the evolution of the
chemical ordering depends on the shape of the nanoparticle.

First, we notice that in the simulations starting from the TO
motif the evolution towards intermixing is much faster than in the
simulations starting from the Au414Cu147 icosahedron of section
3.3.1. This is evident in the range 500-600 K, where in Au414Cu147

the number of mixed bonds stays essentially constant up to the
end of the simulation (see Fig. 6(a)), while in Au446Cu140 the
number of mixed bonds almost doubles in 10 µs (see Fig. 7).
This is a clear indication of the slower approach to equilibrium of
chemical ordering in Cu@Au Ih than in Cu@Au fcc structures.

A striking confirmation of this fact is found in Fig. 7(a), in
which the number of mixed bonds is plotted as a function of time
in two simulations of Au446Cu140 at 550 K. In one of these simula-
tions, the cluster keeps the fcc structure till the end, while in the
other simulation, a TO→Ih transformation takes place at t ≃ 4.7
µs. Once the transformation is accomplished, the evolution of
chemical ordering essentially stops, with the number of mixed
bonds keeping a constant value.

The slower diffusion of Cu atoms from the core of the Ih is due
to the compression of inner sites in that structure.59 The displace-
ment of the small Cu atoms from the central part of the Ih, and,
correspondingly, the displacement of the large Au atoms in their
place, cause an increase of stress in the structure that partially

counterbalances the driving force towards intermixing of the two
metals. As a result, interdiffusion is more difficult in the Ih than
in the fcc structures.

The blocking of chemical ordering evolution in Ih structures has
some unexpected consequences. With increasing temperature,
the TO→Ih transformation takes places more and more rapidly,
so that the fast evolution of chemical ordering is mostly limited
to the ever shorter time intervals of persistence of the fcc struc-
ture, and it is nearly blocked afterwards. Therefore, the increase
of temperature does not produce a faster approach to equilibrium
chemical ordering, but almost the opposite (see Fig. 7(b)). This
is a quite surprising result of the interplay between interdiffu-
sion and shape changes in determining the kinetics of approach
to equilibrium.

3.3.3 Au147Cu414 and Au140Cu446

In both Au147Cu414 and Au140Cu446 the evolution of the initial
Au@Cu structure is dominated by fast shape changes. These
shape changes are caused by the strong positive pressure in the
larger Au core atoms, which is quickly released by distortions of
the nanoparticle shape. Even though the final structure is Dh
for both Au147Cu414 and Au140Cu446, the evolution pathways are
quite different, especially in the first part of the simulations. Typ-
ical evolution sequences of the first part of simulations at T = 600
K are shown in Figs. 8 and 9.

In Ih Au147Cu414 (Fig. 8) one half of the structure is heavily
distorted at the very beginning of the evolution (Fig. 8(b)), while
the other half keeps its Ih shape. Immediately after (Fig. 8(c)),
several Au atoms are ejected into the surface layer, but only in
the distorted half, while no Au atoms appear on the surface of
the Ih half. This is followed by a stage in which the distorted
half becomes gradually less disordered (Fig. 8(d)), leading to the
formation of a highly defective Ih, which gradually evolves into
a multidecahedron60,61 (not shown in the figure), and then to a
Dh by mechanisms similar to those described in Ref.61 In the evo-
lution, transitions back and forth from decahedra to bidecahedra
are frequently observed. Only in one simulation the defective Ih
structure evolves back to a perfect Ih.

While the initial ejection of Au atoms to the surface is very fast,
once the structure returns back to a more ordered shape, diffusion
of Au becomes much slower.

At the end of the simulations (i.e. at t = 10 µs) at 600 K, about
half of Au atoms is either in the surface or in the subsurface lay-
ers. In the simulations at T = 650 and 700 K, the observed evo-
lution mechanisms is of the same type, but the final numbers of
subsurface and surface Au atoms is larger.

In TO Au140Cu446 (Fig. 9), the initial evolution leads to liquid-
like structures, isotropically disordered on all sides (Fig. 9(b)).
Correspondingly, the ejection of Au atoms to the surface layer is
not one-sided as in Au147Cu414, but isotropic (Fig. 9(c)). The
transition to liquid-like structures has been observed in previous
simulations of phase-separating AuCo and AgNi nanoalloys evolv-
ing from intermixed configurations.48 The liquid-like structures
then transform back to solid structures (Fig. 9(d)), that are in all
cases imperfect Ih, which then relatively quickly evolve into mul-
tidecahedra and finally into Dh (not shown in the figure). As in
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Fig. 8 Shapshots from the initial part of a simulation of Au147Cu414 at T = 600 K. In the top row, the cluster surface is shown, while in the bottom
row, Cu atoms (brownish) are displayed as small spheres to show the structure of the Au core (in yellow).

Fig. 9 Shapshots from the initial part of a simulation of Au140Cu446 at T = 600 K. In the top row, the cluster surface is shown, while in the bottom
row, cross sections are given to show the degree of intermixing. Cu and Au atoms are coloured in brownish and yellow, respectively.
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the previous case, transitions back and forth from decahedra to
bidecahedra are frequently observed.

4 Conclusions
The evolution of AgAu, PtPd and AuCu from core-shell configu-
rations towards intermixing occurs through quite different path-
ways.

In AgAu and PtPd, where lattice mismatch is negligible and
small, respectively, the evolution takes place within the initial
structural motif, which is the fcc truncated octahedron. Struc-
tural defects such as stacking faults are often formed, but the
final nanoparticle shapes resemble the initial ones.

However, evolution of chemical ordering takes place by differ-
ent pathways in Ag@Au, Au@Ag and Pd@Pt on one side, and in
Pt@Pd on the other side.

In Ag@Au, Au@Ag and Pd@Pt, the core atoms exchange with
the shell atoms to produce an isotropic diffusion by which inter-
mixing gradually increases. As expected on the basis of cohesive
energies, diffusion is faster in AgAu than in PdPt, so that in the
latter system the typical onset temperatures for interdiffusion are
significantly higher.

In Pt@Pd, the evolution of chemical ordering takes place by
two steps. Shell atoms are much more mobile than core atoms,
also because of the much lower cohesion of Pd compared to Pt.
These shell atoms gradually rearrange in such a way that the
shell becomes asymmetric and the Pt core is displaced to a sub-
surface position, which, according to our model, is energetically
more favorable than the symmetrically centered position. These
off-center core positions are however metastable, so that they
evolve at a later stage into intermixed configurations, that are
initially somewhat asymmetric, and then progressively become
symmetric. Pt@Pd nanoparticles with off-center cores have been
observed in several experiments,15,17–19,25,43 which support the
long-lifetime metastability of these configurations.

The AuCu system is characterized by a large lattice mismatch.
At equilibrium, the larger Au atoms tend to enrich the surface,
whereas Cu atoms enrich the subsurface layer, and in icosahedra,
also the central part of the nanoparticle, where they can decrease
the stress of the structure.

In Au414Cu147 and Au446Cu140, icosahedral shapes are energet-
ically more favorable than truncated octahedra, even for size 586
which is a geometric magic size for the TO. The initial truncated
octahedral Cu@Au shapes therefore tend to transform into icosa-
hedra, in which diffusion of Cu atoms from the core to the shell
(and correspondingly of Au atoms from the shell to the core) is
almost stuck. The TO→Ih shape transformation, and the corre-
sponding stop of interdiffusion, takes place on shorter and shorter
time scales as temperature increases. As a consequence, one
finds a quite counterintuitive result – the approach to equilibrium
chemical ordering is not accelerated by the temperature increase.

In Au147Cu414 and Au140Cu446 the initial Au@Cu structures
present very high compression in the core, so that they evolve
very quickly into disordered shapes. During the disordering pro-
cess, several Au atoms are ejected to the nanoparticle surface to
release the internal stress. In truncated octahedral Au140Cu446,
the disordered structures are isotropic and liquid-like. In icosa-

hedral Au147Cu414 only half of the structure becomes disordered,
and Au atoms are ejected only through the disordered part. In
all cases, the nanoparticles eventually evolve into more ordered
shapes, which are mostly decahedral. After this stage, the diffu-
sion of Au atoms to the surface is considerably slowed down.

In conclusion, the evolution of these nanoparticles from initial
core@shell configurations to their equilibrium intermixed chem-
ical ordering arises from a complex interplay between interdiffu-
sion of atoms and shape rearrangements, whose effects are espe-
cially exemplified by the highly non-trivial evolution pathways of
Pt@Pd, Cu@Au and Au@Cu structures.
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