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ABSTRACT
The harmonic structure is a recently introduced concept paving the way for engineering metallic
materials to achieve excellent mechanical performance. They consist of soft coarse-grained regions
(Core) that are three-dimensionally surrounded by a connected network of hard ultra-fine grained
regions (Shell). The interaction in these Core–Shell regions produces a synergistic effect, during plas-
tic deformation, leading to superior mechanical properties that are extremely important in practical
applications. The current review paper is aimed at providing a critical assessment on this novel con-
cept of microstructure design. It also involves the identification and critical discussion of key issues
which deserve additional studies.
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1. IntroductionQ3

The development of materials science is indispensableQ4
for building a sustainable, safe and secure society. In
particular, metallic materials have enriched our lives. In
the field of metallic materials, extensive research over
the past several decades has established the importance
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and role of dislocations on the development of the sci-
ence of strengtheningmaterials. Furthermore, significant
advancement has been made on the effect of interlink-
ing of dislocations and microstructural features, such as
grain size and its distribution, on strengthening metal-
lic materials. However, the continued emergence of new
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discoveries and expansion of the unknown world of
materials has been providing a sustained driving force for
the persistent and challenging research efforts to enrich
our understanding on metallic materials. Particularly,
continued discoveries, that overturn conventional wis-
dom, have been made one after another. For example,
the conventional Hall-Petch relationship, as presented in
most of the textbooks, states that the strength is propor-
tional to the reciprocal of the square root of the grain size.
However, the Hall-Petch relationship has recently been
found to have an extra hardening phenomenon, which
shifts from the proportional relationship to the high
strength side at submicron sizes [1–3]. Another exam-
ple could be the occurrence of the yield point depression
phenomenon in aluminum, which is generally observed
only in steels [2].

In recent years, there has been a great emphasis on
the development of stronger and more flexible metallic
materials, leading to smaller and lighter structural mate-
rials which would directly contribute to resource and
energy conservation, reduction of carbon dioxide emis-
sions, and so on. Therefore, a lot of research has been
carried out tomakematerials stronger and tougher.How-
ever, themajor barrier standing in the way is the trade-off
between strength and ductility, wherein higher strength
is achieved at the expense of ductility. The challenge to
overcome this problem, which is said to be the fate of
conventional metallic materials, has begun with a new
concept of ‘hetero-structure design’, which stems from
nature. In nature, there are countless heterostructures in
our daily life, such as the microscopic laminated struc-
ture of shells, the honeycomb structure of beehives, and
the fiber structure of plants, where both ‘strength and
toughness’ are demonstrated.

The ‘hetero-structure design’ enables to achieve both
high strength and high ductility, i.e. ‘strength and tough-
ness’, in structural metallic materials [3,4]. High strength
and high toughness are directly related to weight reduc-
tion, resource-saving, energy-saving, high reliability, etc.,
because the target mechanical properties can be achieved
with reduced cross-section. ‘Hetero-structure design’ is
different from the conventional microstructure design
method, which aims at ‘more uniform and homoge-
neous microstructure design’. Harmonic microstruc-
ture, bimodal microstructure [5], lamellar (layered)
microstructure [6], and surface refinement microstruc-
ture [7] are well-known heterostructures, where a com-
mon histologic feature is grain size gradient. In the well-
known lamellar structure, grain size gradients exist in the
stacking direction, whereas isotropic grain size gradients
are arranged periodically in three dimensions in the rel-
atively new harmonic structure. The above-mentioned
smart heterostructures aim to achieve both strength and

toughness, and could lead to the development of new
structural metallic materials by resolving the ‘paradox of
strength and ductility’, which has been a barrier experi-
enced by conventional materials.

This paper presents the development and evaluation
of metallic materials with a novel and controlled het-
erostructure called ‘harmonicmicrostructure’, and intro-
duces the mechanism of balancing ‘strength and tough-
ness’ by harmonic microstructure control. In addition,
the effect of such microstructural design on the various
aspects ofmetallicmaterials and themechanism involved
thereof has been comprehensively discussed.

2. An idea that overturns conventional wisdom

Figure 1 shows a schematic diagram of the true
stress/strain lines for material A, which shows a simi-
lar work hardening rate even with higher strength, and
material B, which shows an increase in work harden-
ing rate with higher strength. If the work-hardening rate
is not increased, the higher is the strength of material
A, the more plastic instability occurs at lower strains,
and cracking begins. In other words, if work harden-
ing is at the same level, the higher is the strength, the
lower is the ductility. This is the reason for a trade-off
between strength and ductility in conventional materi-
als. On the other hand, if the work-hardening rate is
increased along with high strength, as in material B, both
tensile strength andductility increase as the starting point
of plastic instability changes from X to Y. The area of the
stress/strain diagram indicates the energy absorbed by
thematerial before fracture, i.e. the toughness. Therefore,
such high-strength and high-ductility materials are also
high-strength and high-toughness materials at the same
time. The idea of increasing the work hardening of the
material and controlling the microstructure so that uni-
form elongation can bemaintained up to higher strains is
the starting point for the development of high-strength,
high-ductility, and high-toughness materials.

3. A newmethod of microstructure control:
harmonic microstructure

Then, how can we control the microstructure so that
work hardening is increased? Recently, from the view-
point of microstructure control, the heterogeneous
(hetero-) structurematerials, which are different from the
conventional homogeneous (Homo) structure materials,
have been attracting attention [3]. In materials with a
single-phase and uniform grain size, such as pure metals,
it is difficult to achieve both high strength and high duc-
tility/toughness because plastic instability occurs early
even when the strength is increased, as mentioned above.
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Figure 1. A schematic illustration of relationships between true stress/strain diagram and work hardening rate curve from tensile test.

In contrast, it has become clear that hetero-structured
materials can achieve both high strength and high duc-
tility/toughness. In addition to work hardening, there
are materials exhibiting high strength and ductility due
to Transformation Induced Plasticity (TRIP) [8] and
Twinning Induced Plasticity (TWIP) [9]. However, these
occur only in a limited number of materials. Work hard-
ening, which occurs in all metallic materials, is a univer-
sal phenomenon and is extremely important. The work
hardening is closely related to the generation and accu-
mulation of dislocations. In the Homo materials, work
hardening progresses mainly at grain boundaries and
their vicinity, while in the hetero-materials, such as the
harmonic structure (HS) materials, work hardening is
larger than in the Homo materials because the gener-
ation and accumulation of dislocations are accelerated.
Hence, the hetero deformation-induced (HDI) strength-
ening takes place by increased geometrically necessary
dislocations (GND) in the soft phase side close to the
heterostructure interface [4].

As shown in Figure 2, the HS is a collection of units
in which the hard phase (fine-grain structure), called the
shell, envelops the soft phase (coarse-grain structure),
called core [10]. Each unit is originally a metal powder
that has been severe-plastic deformed (SPDed) on the
surface by ball milling, attrition, high-pressure gas jet
milling, shot peening, and other methods. When such
SPD is carried out, dislocations are repeatedly introduced
and grains are divided by plastic deformation near the
surface of the powder, and finally, an ultra-fine grain
structurewith nanoscale is formed. The power unitwith a
nanocrystal grain structure near the surface and a coarse
grain structure inside is sintered to fabricate HSmaterial.
This process is an application of conventional powder
metallurgy and is highly versatile.

As a result of the HS design of various pure met-
als and alloys, it has become clear that the HS can be
classified into three patterns based on differences in the

Figure 2. Schematic diagram of a harmonic structure material
[10].

microstructure formation process [11]. Figure 3 shows
examples of these three classifications. The left column
(a), (b), and (c) are IQ (Image Quality) images by EBSD
(Electron Back Scatter Diffraction), and the right column
(d), (e), and (f) are grain size images showing the differ-
ence in grain size. The first classification is the case of
pure metals and single-phase alloys, which are the ‘grain
growth type’ where fine-grained shells are formed by the
growth of nanocrystalline grains generated by surface
SPD. Figures 3(a) and (d) show examples of pure titanium
belonging to the ‘grain growth type’. The second type of
classification is the ‘diffusion transformation type’, which
involves the precipitation of a second phase occurring in
multi-phase alloys. Metal powders are rapidly solidified
during production by atomization and other methods.
In the SPD processed powders, grain growth, recovery,
recrystallization, and precipitation of the second phase
occur simultaneously during the sintering process. In
the ultrafine-grained structure, the two-phase structure
is formed in a shorter time than the precipitation by
normal heat treatment because the grain boundary area
is large. The diffusion of solute elements is fast in the
ultrafine-grained structure and there are large numbers
of nucleation sites for the second phase. Therefore, pre-
cipitation occurs first at the top surface consisting of
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Figure 3. Three classifications of the harmonic structure. (a), (d): pure titanium, (b), (e): Ti64 alloy, (c), (f ): SUS304L.

the nano-grain structure of the powder, which finally
becomes a shell after sintering. As a result, a slightly
larger fine-grained shell is formed outside the ultrafine-
grained shell. These are called ‘Mid-Shell’ and ‘Outer-
Shell’. Figures 3(b) and (e) show examples of a Ti-6Al-4V
(Ti64) alloy, where clear Mid-Shell and Outer-Shell can
be observed. The third classification is the ‘deformation-
induced transformation type’, in which the phase trans-
formation occurs due to the surface SPD. In the SUS304L
metastable austenitic stainless steel shown in Figures 3(c)
and (f), processing favors martensitic transformation,
and a fine-grained structure is formed on the surface
of the powder. After that, it undergoes reverse transfor-
mation to austenite by sintering to form a fine-grained
shell. The characteristic of this type is that it requires
only a short period of SPD processing. A Co-Cr-Mo
alloy, which is often used for medical devices, falls in this
type [12]. In all of these cases, the final grain size gra-
dient is bimodal and composed of fine-grain Shell and
coarse grain Core. The Shell is periodically developed in
three-dimensional space. The recent brief assessment of
achievements in understanding HS materials and their

applications has been recently published [4,13]. However,
it requires amore comprehensive update in view of recent
publications.

4. Mechanical properties of HSmaterials

Figure 4 shows a tensile strength-elongation balance dia-
gram of SUS316L stainless steel compacts. Black square
plots indicate strength and elongation balance line of the
homogeneous (Homo) structure SUS316L with differ-
ent grain sizes, and grey circles indicate the harmonic
structure SUS316L with different ultra-fine grain (UFG)
Shell fraction. As can be seen, the homo counterpart
shows a typical ‘Banana curve’ which proves the strength-
ductility paradox. It is noteworthy that the HS compact
also shows a tendency of the strength-ductility paradox,
though its strength-ductility balance is much superior to
the Homo counterpart. In addition, almost the half of
UFG fraction in HS compacts seems to have the best
strength-ductility balance, and it is interesting that the
law of mixture is not applicable to the tensile property of
the HS compact.
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Figure 4. Tensile strength-elongation balance of SUS316L
compacts.

Figure 5 shows the results of tensile strength and
tensile toughness of various HS compacts, normalized
by the data of each Homo counterpart compacts. The
tensile toughness was evaluated as the absorbed energy
to failure, which was calculated from the area of the
stress–strain curve of the tensile test. Both normalized
tensile strength and normalized toughness of all the HS
compacts exceeded the value of 1.0 for the standard
Homo counterparts, indicating that strength, ductility,
and toughnesswere improved simultaneously. These data
are not necessarily the results of the highest values, but
they vary much depending on the grain size of each of
the components of the HS compacts, i.e. Shell and Core,
the fraction of Shell, and the sizes of the Shell/Core unit.

For example, in the case of pure titanium, the result of
‘Ti (JM)’ produced by the high-pressure gas jet milling
shown at the upper right end of the figure shows better
properties than the result of ‘Ti’ shown in the middle of
the figure, due to both smaller grain size and unit and
larger Shell fraction [14]. Many researches on the HS
materials have proven the compatibility of strength and
ductility at the same time [15–25].

The details of these mechanical properties are shown
in Figure 6 in the case of pure Ni HS compact [4]. Fig-
ures 6 (a), (b), (c) and (d) show the IQ image at low
magnification, the inverse pole figure image at high mag-
nification, the tensile test results, and the work hardening
rate curves calculated from the tensile test results, respec-
tively. In the case of pureNi, a harmonicmicrostructure is
also formed, and from Figure 6 (b) it can be seen that the
Shell has an ultrafine-grained structure. The shell aver-
age grain size is 2.3 μm, while the core average grain size
is 29.2 μm. The shell area ratio is approximately 45%,
while the grain size of the Homo counterpart compact
is 2.8 μm. From the tensile test results of the Homo and
the HS compacts, it can be seen that the later has higher
tensile strength, and also better ductility and toughness.
It is worth noting that although there is no significant dif-
ference in yield strength between the two compacts. The
HS compact shows greaterwork hardening, asmentioned
above, resulting in superior mechanical properties. This
result of superior mechanical properties due to larger
work hardening is a universal characteristic common to
the various HS compacts as shown in Figure 6.

Figure 7 is an EBSD and a TEM images showing
the microstructure change during deformation. These
images were taken after tensile deformation of pure Ni
harmonic material by 5%. After TEM thin foil was pre-
pared, the EBSD IQ image (Figure 7(a)) was obtained,
and the TEM image (Figure 7(b)) was captured from the

Figure 5. Mechanical properties of various harmonic microstructure materials.
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Figure 6. Microstructure and tensile test results of pure Ni HS and Homo compacts.

Figure 7. AnEBSDand a TEM images showing themicrostructure
after tensile deformation of pure Ni harmonic material by 5%.

area indicated by the white dotted square in Figure 7(a).
The white arrows in Figure 7(a) and (b) pointing to the
same Shell grain. Although the shell average grain size
is 2.7 μm, a slightly wide grain size spread in the shell
can be confirmed. Many GNDs are observed especially
in the grain boundary region. Hence, it implies that com-
paratively harder shell also plays an important role in the
dislocation generation.

Such unusual GND accumulation can generate large
back stress near the Shell and Core interface regions.
Figures 8 (a)–(d) indicate results of unloading-reloading
tests of a HS and a Homo SUS304L stainless steels.
As shown in Figure 7(a), the HS sample has a typi-
cal Shell (UFG) network structure, and average Shell
grain size and Core grain size are 1.3 μm and 16.2 μm,
respectively, and the Shell fraction is 22.6%. The aver-
age grain size of the Homo sample has been measured

to be 31.7 μm. Figures 8 (b) and (c) indicate the results of
the unloading-reloading test, which has followed exper-
iments reported by M. Yang [26]. Those σ r, σ u and σ b
represent ‘reload stress’, ‘unload stress’ and ‘back stress’,
respectively. These stresses have been calculated using
20% slope reduction from effective Young’s modulus.
Figure 8 (d) indicates differences in the back stress values,
�σ b, between HS and Homo samples, and it is note-
worthy that �σ b rapidly increases in the early stage of
deformation and then decreases to almost the same at
the end of the deformation. There should exist a different
deformation mechanism in the early stage of deforma-
tion of those samples. Although the average grain size of
the HS-Core is approximately half of that of the Homo,
the rapid increase of �σ b seems not to be attributed to
the grain size difference. The drastic increase in �σ b
implies that many GNDs could have generated in the
characteristic Shell network structure and its neighbor-
hood. Thus, strain hardening can be enhanced more in
the HS sample compared to the Homo counterparts.
Yang et al. [26] have pointed out that a stress transit,
from compressive lateral stress to tensile lateral stress
in nanolayers of a nano-coarse grain layer structured
interstitial-free steel, causes a strain gradient and thus
leads to a larger strain hardening. Moreover, Nagata et al.
[15] have reported that the strain hardening rate of vari-
ous grain-sized Homo-Ni samples is almost independent
of grain size, while it strongly depends on the Shell frac-
tion of the HS-Ni samples. It can be understood that the
three-dimensional expanse of the Shell network struc-
ture has been attributed to a multiaxial stress mode and
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Figure 8. (a) An initial EBSD microstructure of a SUS304L HS sample. (b) The unloading-reloading curves. (c) Change of unloading yield
stress σ u, reloading yield stress σ r, and back stress σ b. Solid and openmarks represent HS and Homo samples, respectively. (d) Variation
of differences of the back stress with deformation between HS and Homo samples.

strain gradient, and such a complicated strain gradient
is expected to increase a larger strain hardening. Also,
Li et al. [27] have confirmed the simultaneously high
strength and strain hardening rate (SHR) in the HS FeM-
nCoCr high entropy alloy (HEA). It is reported that the
enhanced strength of the HS FeMnCoCr HEA is due to
the combined effect of grain size strengthening and pre-
cipitation strengthening, whereas the enhanced SHR is
attributed to the hetero-deformation induced hardening
aswell activation and interaction ofmultiple deformation
mechanisms within the shell.

5. Role of the Shell network structure

Compared to other hetero-structure materials, one of the
remarkable features of the harmonic structure materi-
als is its Shell fine-grain network [4]. In order to clarify
the role of the network structure, a ‘partial-harmonic’
structure in which the network structure of the har-
monic structure material has been partially interrupted
and subjected to tensile tests.

Figures 9 (a)–(c) shows the results of a Ni case. (a)
EBSD images of the Homo, the HS, and the partial-
HS materials, (b) tensile test results of these mate-
rials, and (c) the results of cross-sectional reduction
rate of the specimen after interrupting the tensile test
near the maximum stress of both materials. Miniature
specimens were used, and the gauge had dimensions

of 1mm× 1mm× 3mm. The shell area fractions of
the harmonic and ‘partial-HS’ materials are 33.5% and
36.0%, respectively, whereas, the Core and Shell grain
sizes are 31.7 μm and 35.8 μm, respectively, and the Shell
grain size is approximately 3.0 μm for both materials,
indicating that they have almost the samemicrostructure
factors. However, as shown in Figure 9(b), both materials
show similar stress–strain curves. However, the ‘partial-
HS’ material has fractured early. As shown in Figure 9(c),
in the vicinity of the strain at which necking begins, the
gauge section of the harmonic material decreases almost
evenly, whereas the partial-HSmaterial shows a localized
decrease in section. This suggests that if imperfections
exist in the network structure, local deformation easily
occurs in such imperfect regions, leading to premature
fracture. This indicates that high strain hardening, and
a highly complete network structure are important to
obtain high strength and high ductility.

6. Analytical and finite-element modeling of HS
materials

Although great progress has been achieved in applying
theHS design to differentmetals, the fundamental mech-
anisms of deformation, strengthening and damage of
HS materials have not been well understood. This issue
is of crucial importance in optimizing the microstruc-
ture design and quantitative prediction on mechanical
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Figure 9. (a) EBSD images of the Homo, the HS, and the partial-HSmaterials, (b) tensile test results, and (c) the cross-sectional reduction
rate.

properties. Analytical and numerical modeling can play
an important role in these processes. In this section,
we present one analytical and three finite-element mod-
els developed specifically for analyzing materials with
the HS.

6.1. Analytical modeling

The analytical model for analyzing the mechanics of HS
materials has been built elsewhere [28]. As explained in
the previous section, HS material can be presented as a
continuous network of UFG phase with embedded CG
phase regions (Figure 2 or Figure 3 (c) and (f)). For the
sake of simplicity in describing the form factor of CG
regions, they can be represented by circles in this work.

It is reasonable to assume that the uniaxial loading of
the HS specimens leads to the elongation of CG regions
in one direction along with their shrinkage in the orthog-
onal ones. At the same time, the areas of the UG phase
in immediate contact with the CG phase deform along
the CG regions while interstitial node areas (i.e. UFG
regions in the triple junctions of the sintered powder
particles) remain virtually undeformed. In other words,
since the deformation of the UFG phase takes place along
CG regions periphery, it does not contribute significantly
to the change of original specimen shape.

The equation describing the dependence of effective
flow stress in the HS material σHS on strain while taking
into account the volume fraction of the CG phase ρ is

derived as follows [28]:

σHS = ρ
1 + ε

ρ + ε
(1 + C1)σCG

+ (1 − ρ)(8 − π)(2ρ + ε)(1 + ε)ε

(ρ + ε)(2πρ(ρ + ε) + ε2(8 − π))
C2σUFG

(1)

where ε is accumulated engineering strain in theHS spec-
imen, σCG and σUFG are the flow stresses of 100%CG and
100% UFG materials, respectively; C1 is a proportion-
ality coefficient in the range 0 < C1 < 1 since internal
stresses in the CG phase cannot exceed its flow stress; C2
is another coefficient also laying in the range 0 < C2 < 1
and proportional to the volume fraction of UFG phase
deforming plastically. The magnitude of the parameters
C1,C2 can be found experimentally based on the accu-
rate analysis of micro-stresses and micro-strains in the
CG and the UFG phases. These can be carried out (i) on
the specimen surface through the combination of elec-
tron backscatter diffraction and digital image correlation
analyses or (ii) in the specimen volume through high-
resolution synchrotron-based X-ray diffraction analysis.

An alternative phenomenological approach can be
based on the fitting of experimental stress–strain curves
using this model, which allows the calculation of strain
partitioning and back stress development in the uniaxial
loading of the Harmonic Structure materials of any type.
The results of using this approach in the analysis of exper-
imental data reported in [29] are presented in Figure 10.
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Figure 10. Experimental stress-strain curve for HS nickel shown
alongside the results of analysis based on its fitting using the
eq.(1) [28]. The latter reveals the evolution of stresses and strains
in CG and UFG phases as well as the build-up of back stresses on
the interface of core-shell regions.

It can be seen that HS promotes a favorable strain par-
titioning between the CG and the UFG phases and the
build-up of back stress in the vicinity of their interfaces.
In the very beginning, strain-hardening rate in the HS
material is virtually equivalent to that in the CG phase.
Then, it rapidly accelerates due to strain partitioning, i.e.
larger strains in theCGphase, and the strain hardening of
the UFG phase. These effects are further amplified by the
increasing absolute value of back stress. The coefficients
C1 = 0.12 and C2 = 0.43 as derived from the fitting sug-
gest that the back stress in the HS-Ni with 40%UFG
saturates at approximately 12% of a flow stress in the CG
phase, while the fraction of UFG phase deforming plasti-
cally is only 0.43. The rest of the UFG phase located in the
interstitial positions remains deforming elastically only.

Thus, the practical importance of the obtained model
can be defined in the abilities to (i) evaluate absolute val-
ues and stress/strain partitioning between CG and UFG
phases, and (ii) estimate the magnitude of back stress
along with the volume fraction of UFG phase deform-
ing plastically. This approach to calculating back stress
is very interesting since it requires a rather simple pro-
cedure based on the monotonic uniaxial testing of the
HS materials and ‘calibration’ testing of 100% UFG and
100% CG counterparts, even if such calibration data are
not available from the literature already. An alternative
approach proposed in [26] for all heterogeneous materi-
als is based on deformation cycling, which is more com-
plicated in practical execution, while respective data are
not readily available from the literature. Nevertheless, the

relative values and trends obtained using the approach
[26] for different materials are similar to those obtained
using the model from [28], as can be seen in compara-
tive results presented in Figures 8 and 10. This suggests
a complementarity in the approaches giving experimen-
talists more universal tools for data evaluation and fur-
ther analysis using more sophisticated tools for material
simulations.

A software code for fitting experimental data based on
the proposed model and further calculations were built
in MATLAB. Now, it is made available for download at:
https://www.material.lth.se/research/research-projects/h
s/. Since it is reasonably user-friendly and is open access,
researchers are invited for using it independently or in
collaboration with the developers.

6.2. Finite-element (FE)modeling of HSmaterials

As the HS design is quite a new concept, relative theo-
retical and numerical modeling are still scarce so far in
the literature. In such a landscape, even simple FEmodels
can be very useful for developing a qualitative under-
standing of plastic flow and failure in the HS materials.
The first 3D model of this kind was developed in [30].
Although details and implications were discussed in [30],
the results were limited by rather a coarse meshing of the
3D-FE model.

Therefore, another 2D-FEmodel with the significantly
higher spatial resolution was recently developed in [31].
That study sheds a lot of light on the importance of topo-
logical UFG / CG distributions and the continuity of the
UFG skeleton in heterogeneousmaterials. Representative
results from the reference [31] are illustrated in Figure 11.

In particular, it shows that during plastic deformation,
the HS material demonstrates regular (homogeneous)
stress–strain distributions at macroscale along with sig-
nificant local variations. While the former remains
homogeneous to relatively high global strain levels, the
later significantly increases in amplitude and gradient
around the center of soft CG cores and their interfaces
with hard continuous UFG shells. Such strain partition-
ing leads to strain hardening rates significantly exceed-
ing those in homogeneous materials. The strain hard-
ening rates are primarily controlled by the CG phase at
the low plastic strains and by UFG at the larger strain-
ing. At the intermediate stages of loading, strain parti-
tioning between increasingly constraint CG phase and
hardened-to-saturation UFG skeleton, plays a key role in
the composite-like material strengthening behavior. The
HS design provides synergetic effect significantly exceed-
ing expectations from the rule of mixtures, especially for
material ductility.

https://www.material.lth.se/research/research-projects/hs/
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Figure 11. Distribution of local equivalent strain (PEEQ) in the
harmonic structure (HS) and heterogeneous (Hetero) materials
with 40% UFG fraction at uniaxial tensile strain levels ε = 4%
and ε = 10%. Note, at ε = 4% high-magnification areas are
shown to illustrate local strain gradients, while at ε = 10% low-
magnification areas are shown to cover the entire specimen cross-
section with a global crack in Hetero.

By contrast, material lacking the HS design, i.e.
simply hetero-structure, develops heterogeneities in
stress–strain distributions at all scale levels (the lack of
macroscale homogeneity in other words) immediately
upon loading. This leads to rapidly developing strain
concentrations and premature global plastic instability.
These observations are consistent, and further explain
the experimental results presented in Section 5 above.

Although the FE model developed in [31] fully cap-
tures and explains qualitatively the experimental results,
further development of FE-based models is necessary for
quantitative predictions. The most advanced approach
in achieving this goal is 3D Crystal Plasticity based
modeling.

6.3. 3D crystal plasticity study of HSmaterials

Among different approaches for studying the mechan-
ics of various materials, the crystal plasticity theory is
an efficient tool for modeling the nonlinear behavior
and revealing the strengthening mechanisms of these
materials. Different polycrystalline models can be used
in numerical analyses. The most popular method is
the so-called crystalline plasticity finite element method
(CPFEM) in which a real polycrystal mesh is generated
by using the Voronoi tessellation method, describing the
heterogeneous deformation at the levels of single grain
and grains aggregate as well as the grain orientation rota-
tion. However, the CPFEM becomes less efficient for the
harmonic microstructures because of the huge contrast
between the grain sizes in the core and shell regions.

Under such conditions, an effective representative vol-
ume element must contain an extremely large number of
grains essentially in the shell region, and this makes the
finite element model excessively large.

In order to overcome this difficulty, a multi-scale
schema was developed for numerical analyses of the HS
materials [32–35]. This multi-scale approach includes
essentially 3 operating levels, as schematically illustrated
in Figure 12;

(1) The macroscopic level is defined by a finite element
model. The finite element model can be a mono-
modal or bimodal representative volume element
(RVE). For the bimodal HS materials, the core and
shell regions are separately meshed.

(2) The mesoscopic level is defined at each Gauss point.
At this level, a RVE including a large number of
grains of different sizes is built.

(3) The microscopic level is defined by the crystallo-
graphic slip systems in each grain.

At the microscopic level, the behavior of the material
is taken into account through a phenomenological crystal
plasticity law proposed byMéric andCailletaud [36]. The
evolution of the plastic slip rate γ̇ i (i being the number
of the current slip system) driven by the following visco-
plastic evolution equation:

γ̇ i = ε̇0sinh
f i

σ0
sign(τ i − χ i).

In this equation, ε̇0 and σ0 are material parameters, τ i

is the resolved shear stress according to the normal to the
slip plane and the slip direction. f i is the yield function of
the ith slip system defined as:

f i = |τ i − χ i| − ri

whereχ i is the back stress and ri is the critical shear stress.
These variables can be considered dependent of the grain
size d according to the Hall-Petch law.

The resolved shear stress τ i on each slip system can
be evaluated by using a localization model called ‘β-rule’
proposed by Cailletaud and Pilvin [37–39]. According to
this model, the granular stress tensor σ g can be related
to the macroscopic stress tensor σ , as follows:

σ g = σ + Cg
(∑

f gβg − βg
)

β̇
g = Ėgp − Cββg

tot∑
i=1

|γ̇ i|

whereCg andCβ are material parameters, and f g denotes
the volume fraction for every grain. Ėgp represents the
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Figure 12. Schematic representation of the multiscale approach.

granular plastic strain rate, tot denotes the correspond-
ing total number of slip systems. Themacroscopic plastic
strain rate can be estimated as the weighted average of the
granular plastic strain rate as follows:

Ėp =
∑

f g Ėgp

Liu et al. were the first to implement this multi-scale
schema into a finite element code for the assessment of
the strengthening of pure titanium caused by the HS
design [32]. Figure 13 presents a FE model of the har-
monic structured pure Ti RVE including 50 core regions
separated by the shell regions. The volume fraction of
the shell regions is controlled by the thickness of the
shells. This FE model is subjected to a tensile load-
ing. Comparison with experimental data [40] is shown
in Figure 14. From this figure, we can remark that
the proposed numerical model predicts successively the
constitutive behavior of HS Ti specimens under tensile
loads. The agreement between the predictedmacroscopic
behavior and the experimental results is satisfactory. The
strengthening effect of the shell region and the softening
by damage evolution are correctly described.

In [33], a revised version of the previous model has
been extended to consider the cyclic behavior of pure CG
Ti and HS Ti. A nonlinear kinematic hardening rule has
been introduced to represent the nonlinear stress–strain
evolution and to model the Bauschinger effect. The sim-
ulation results are compared with the experimental data
obtained in situ from shear tests involving cyclic load-
ing. Figure 15 illustrates this comparison and shows their
good agreement. Figures 16 (a), (b) show the stress and
strain distributions in the RVE. We can clearly observe
the sharp contrast between the stresses in the shell and in
the core. On the contrary, the major deformation takes
place in the core regions. These numerical results enable
to highlight that the shell region contributes proportion-
ally more to the general strength of thematerial while the
global ductility is guaranteed by the core deformation.

In [34], numerical simulations were performed based
on crystal plasticity and beta-rule for a titanium alloy
Ti64. The microstructure of this alloy is more compli-
cated than that in pure Ti. The coarse grains (CG) are
composed of α + β lamellar colonies, in which a succes-
sive stacking of α (hcp) laths and β (bcc) laths can be
found as schematically shown in Figure 17.

Due to the special microstructure of the α + β

colonies and the Burgers orientation relation, the entire
laminar α + β colony can be considered as a single super
grain in the crystal plasticity analysis as proposed in Goh
et al. [41] and Mayeur [42]. In fact, the slip systems
having a slip direction intersecting the α/β interfaces
are difficult to activate. The threshold stresses of these
slip systems are governed by α lath width and the β

rib width respectively through a Hall-Petch type rela-
tion. On the contrary, slip systems which slide parallel
to the phase interfaces or bear parallel slip planes in
two phases are not affected by the interfaces’ obstacles
to slip transmission. Integration of these features into
the crystal plasticity analysis of the super grain allows
the establishment of a numerical model for HS Ti64
alloy.

Numerical simulations show that the contrast between
stresses and strains in shell regions and in core regions
observed in HS Ti64 is hardly noticeable (Figure 18).
The effect of the harmonic structure compared to coarse
grains is not as pronounced as it was for pure titanium
(Figure 19). The different reinforcing mechanisms of the
HS design on pure Ti and on Ti64 have been thoroughly
discussed in [4] through systematic simulation works.
It has been found that for the HS materials, the fun-
damental sources of strengthening effect are mainly the
length scale effect and the special arrangement of the
FG and the CG regions. Meanwhile, the strengthening of
the HS materials is also directly influenced by the grain
orientations, the number of grains (or colonies) in the
CG regions and the anisotropy of slip system strength.
These mechanisms produce a significant enhancement
of material strength for pure Ti. However, for Ti64, the
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Figure 13. Harmonic microstructure mesh.

Figure 14. Simulation results and comparison experimental data.Q6
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Figure 15. Comparison of simulated hysteresis loops and experimental data for HS CP-Ti.

Figure 16. Distributionsc of (a) Effective shear strain fields and (b) effective strain fields in HS CP-Ti RVE.

improvement in the mechanical properties generated by
the HS design is not as significant as expected. The main
reason for this counter performance is the hard deforma-
tion mode which exists in lamellar α +β colonies when
the slip direction intersects the α/β interfaces. In fact, the

small microstructure lengths in lamellar α +β colonies,
i.e. the widths of α and β laths are similar to the average
size of equiaxedα grains in the FG regions. Therefore, the
strengthening effect of the FG regions is largely hidden,
resulting in a slight improvement of material strength.

Figure 17. Schematic illustrating (a) Burgers orientation relationship in lamellar α + β colonies and (b) lamellar colony length scales.
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Figure 18. Distributions of (a) effective shear stress field and (b) effective shear strain field at the overall strain of 12.7% predicted by the
simulation for HS Ti64.

Figure 19. Stress-strain curves showing the strengthening of (a) pure Ti and (b) Ti64 caused by the HS design. The experimental and
numerical data are plotted for comparison.

7. Dislocation dynamics of the harmonic
structuredmaterials

In order to assess the origin of mechanical strength,
complementary observations of plastic deformation at
the nanoscale were carried out in both Ti64 and
Ti-25wt%Nb-25wt%Zr (TNZ: Ti-25Nb-25Zr) harmonic
alloys by in-situ Transmission Electron Microscopy (in-
situ TEM) [43]. This technique indeed allows the obser-
vation of the dislocation dynamics while straining a thin
foil. Because of the heterogeneous nature of the mate-
rials and large differences in grain sizes, observations
have beenmainly performed in areas containing a limited
number of grains, i. e. in the shell part. In some occasions
discussed below, the interface between core and shell
has also been investigated. In the following, we would
like to address two questions related to the exceptional
mechanical behavior of harmonic alloys.

First, the origin of strengthening mechanisms at the
nanoscale and their relative contributions to effective
stress are discussed. It can be shown that in Ti64, despite
sparse and localized observations, an estimation of the
effective stress in agreement with macroscopic mechan-
ical tests can be retrieved. Secondly, we will tentatively
address the question of strain transmission between core
and shell from observations at this interface in a TNZ
alloy.

7.1. Mechanical strength estimation from
dislocation dynamics observations in Ti64

Under stress, a-type dislocations are emitted mainly at
the alpha/beta interfaces although standard spiral sources
can also be seen in larger grains. Theymove both in basal
and prismatic planes but with a strong screw character, as
seen in coarse grain alloys [44], suggesting the existence
of large lattice friction.More surprisingly here, some edge
dislocations appear globally straight, while mixed dis-
locations are more rounded, leading sometimes to the
formation of squared loops. Figure 20 is an illustration
of dislocation glide. It is composed of bright field images
extracted from video sequences taken under stress. Fig-
ures 20 (a)-(c) show the operation of a dislocation spiral
source (S) in a prismatic plane, while Figure 20 (e) is
a snapshot from a mixed dislocation gliding in a basal
plane. As the dislocation spirals around the source (Fig-
ures 20 (a)-(c)), dislocation segments move forward. As
the spiral is cut by free surfaces, long straight screw seg-
ments are mainly visible here. The dislocation dynamics
shows that the screw parts are largely less mobile (about
ten times) compared to the edge parts, as seen during
the expansion of the spiral in Figure 20 (b). Therefore,
the motion of the screw is the rate-limiting mechanism.
All segments exhibit a marked pining. Figures 20 (d), (f)
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Figure 20. (a)–(c) are images extracted from an in-situ video sequence showing the operation of a source s in a prismatic plane. The
source expands when a critical distance dc is reached. a-type dislocation exhibits screw segments with pinning points along their path
(marked in (d), (e)) shows a pair of mixed dislocation in the basal plane, also highly pinned (f ).

show the pinning points identified during the disloca-
tion motion for both screw and edge/mixed dislocations.
Interestingly, the dislocations move jerkily (see movies in
the Supplementary materials), which is not expected in
the case of movement controlled by lattice friction. This
thus indicates that pinning should control the motion.
Other mechanisms have also been reported in our obser-
vations: short-range order strengthening, and dislocation
pilling at the grain boundary. The first one is typical in Ti
alloys and is thought to be due to the local atomic cluster-
ing which is broken by the dislocation motion, leading to
strengthening. After the passing of two dislocations that
are initially paired in the virgin material (Figure 20 (e)),
the short-range order is destroyed here, and this tends to
localize the deformation in bands [45]. Thus, dislocation
pilling at grain boundaries appears to be favored as seen
for instance in Figures 20 (a)-(c). The back stress due to
these pile-ups is expected to play a role in the building of
the internal stresses as revealed in the shear stress tests
[46]. This latter effect is expected to get enhanced in the
shell because of the ease of dislocation motion in small
pile-ups [47].

The strength contribution due to these two mecha-
nisms in the shell is far less than the yield stress (see
the estimation in the Supplementarymaterials). Thus, the
controlling mechanism could plausibly due to the dislo-
cation pinning on solute atoms. The edge dislocations are
also pinned (Figure 20(e)), and this indicates that this
effect is strong, and contributes to a very large fraction

of the effective stress [48]. This solute stress can be esti-
mated in two different ways by measuring either the
mean distance between anchoring points along the line,
or the critical distance for dislocation loop expansion (the
distance dc in Figure 20 (b)). Detailed calculations are
shown in the Supplementary Materials. They follow an
approach similar to the one described in a previous study
in the harmonic structure TNZ [43] and in other BCC
solid solutions [49]. Here, the measurements lead to an
estimated effective stress ranging from 247 to 345MPa.
This has to be compared to the mechanical shear tests,
which allow a partition of the stress [23]. They yield to
an effective stress of the order of 200MPa at 3% strain
(taking into account a typical Taylor factor of 1.5) almost
constant with the deformation.

Two conclusions can be drawn here. First, in the over-
all, stress estimates derived at nanoscale and macroscale
are of the same order, indicating that the major strength-
ening mechanism in the Ti64 harmonic material is due
to solute hardening as in coarse grain materials. Second,
the fact that stress estimated at the nanoscale is higher
can be interpreted partly by a size effect, as observations
are made in thin foils, and in the shell regions. Thus, we
can reasonably expect that shell is stronger in virtue of a
Hall Petch effect. The nature of the solute atoms/clusters
is not known but is probably a combination of substi-
tutional (Al, V) and interstitial atoms (O), that may be
incorporated during powder milling.
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Figure 21. Overviewof deformation at the shell-core interfacebetween twoholes in a TEM foil. In the core amarked shear banddevelops
leading to a delocalized deformation in the shell. Inset: zoom in a shell grain showing numerous slip traces from the grain boundary (GB).

7.2. Strain propagation at core/shell interface in
TNZ

The question of strain propagation and incompatibility
between the core and shell is central. Figure 21 shows
a thin foil area in a TNZ sample bridging two holes,
where both shell and core are visible. Indeed, the right
part is composed of a single grain, and the left part of
micron size grains. Upon straining, the stress concen-
trates first on the right area, and rapidly leads to dense
shear bands. On its border straight and pinned screw
dislocations that have cross-slipped can be seen. Dislo-
cations eventually do pile up in front of the shell region.
With increased straining, the shell is deformed by emit-
ting dislocations from grain boundaries. The inset in
Figure 21 indeed shows several slip traces originating
from the left grain boundary (GB). At variance with the
deformation in the core, deformation in the shell occurs
by multiple slip traces that gradually fill grains. In the
overall, grains in the shell are strained simultaneously far

ahead of the incoming shear bands, and each grain devel-
ops several slip systems as reported by the red dotted lines
in Figure 21.

From this observation we infer that, in the bulk mate-
rial, large shear bands are expected to occur in con-
junction with strong pile-ups and accumulation of dis-
locations close to the shell. This certainly would con-
tribute to the rise of internal stresses compared to usual
coarse grain materials. Eventually, the shell is supposed
to yield, but with the development of a more homoge-
neous/delocalized plastic deformation occurring by dis-
location emission from grain boundaries.

8. On the dynamic behavior of
harmonic-designedmaterials: application to
pure Ti and Ti64

As described extensively in this chapter, the study of
the mechanical behavior of materials having a harmonic
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structure shows overall improved properties in terms
of mechanical strength and ductility, compared to the
conventional structures counterparts, when loaded at
room temperature (R.T.), especially within the quasi-
static regimes. Materials’ high strain rate behavior is
essential in many applications, from microelectronics
to ballistic applications, where the harmonic structures
could be good candidates because of improved mechani-
cal properties, including fatigue properties (see section 7
below). However, the study of the mechanical behav-
ior of the harmonic structures (HS) in the regime of
high strain rates (and large strains) is not standard and
remains limited, both from the macroscopic point of
view and from the microstructure evolution. Therefore,
because of the specific microstructural characteristics of
the HS-designed materials, their high strain rate behav-
ior is worth an investigation. We have chosen to illus-
trate here the case of both pure titanium and Ti64 alloy
because of their importance in various application fields
ranging from transport to biomedical, where high strain
rate loadings such as impact loading can be encountered.

8.1. Macroscopic behavior by direct impact loading
of HS pure Ti and Ti64 alloy

In a previous study, Dirras et al. [25] have studied
mechanical behavior, and microstructural evolution of a
HS designed pure Ti exposed to various strain rates (and
strain). The high strain rate regime has been carried out
through direct impact loading (Direct Impact Hopkin-
son Pressure Bar, DIHPB) condition at R.T. [50]. Typical
examples of the evolution of the mechanical behavior
under dynamic stress of the HS-designed pure Ti are pre-
sented in Figures 22 (a) and (c) respectively. It is interest-
ing to note that the averaged data for all the investigated
samples underlines a trend of a positive work harden-
ing as no macroscopic softening behavior is observed
(Figure 22 (a)). The flow stress as a function of the strain
rate (in logarithm scale) displays two domains, named I
and II in Figure 22 (c) (lower curve). The domain I is
the so-called thermally activated regime, dominated by
dislocations overcoming obstacles (see section 5 above).
The second one, at a very high strain rate (the dynamic
regime), is the so-called viscous domain, dominated by
dislocation-phonon interactions. As in the conventional
materials, it displays a substantial increase in the flow
stress.

Zerilli and Armstrong [51] have suggested that this
behavior could bemore accurately interpreted because of
an increase in dislocation and twin formation rates. The
transition between the two domains occurs here around
103 s−1. A similar trend is also observed in the Ti64 HS,
as illustrated in Figure 22 (c) (upper curve). These curves

illustrate a very high strain hardening rate and strain rate
sensitivity of the flow stress at low strains. Assuming σ =
Cε̇m relationship between the flow stress and the strain
rate, the strain rate sensitivity of the flow stress coeffi-
cient, m = (∂Ln(σ ))/(∂Ln(ε̇)), computed in these two
areas are about 0.59 and 0.67, respectively, and thismeans
a higher flow stress sensitivity of the HS Ti64 compared
to the pure HS Ti in the dynamic regime.

Departing from the behavior of pure HS Ti, after a
rapid hardening rate, a stress peak is quickly reached, fol-
lowed by a marked drop for the HSÓ Ti64 counterpart
(Figure 22 (b)). This softening behavior can be linked
to catastrophic failure by shear banding. Indeed, an ana-
lytical model proposed in [52] shows that the overall
hardening behavior of amaterial exposed to a given stress
state leading to catastrophic failure can be expressed as:

dσ
dε

=
(

∂σ

∂ε

)
ε̇,T

+
(

∂σ

∂ε̇

)
ε,T

(
dε̇
dε

)

+
(

∂σ

∂T

)
ε̇,ε

(
dT
dε

)
≤ 0

Softening via shear band formation occurswhen the ther-
mal component in the above equation takes the lead
over the strain and strain rate hardening effects (rep-
resented by the first and the second quantities, respec-
tively). In the following, it is demonstrated that while
adiabatic effects during dynamic loading are present in
both the pure HS Ti and the HS Ti64, the softening effect
is less pronounced in the HS Ti due to the peculiarities of
the adiabatic shear bands (ASB) structures. Furthermore,
compiled data by Zezhou et al. [53] show that the conven-
tional pure Ti possesses a higher hardening component
and a lower thermal softening parameter compared to the
Ti64 counterparts in the range 200–1200K. Therefore,
it is expected that the level of the thermal contribution
to the macroscopic softening would be less pronounced
in the pure Ti, as it is observed here in the pure HS Ti
compared to the HS-Ti64 counterparts. Indeed, a study
by Rittel andWang [54] have challenged the efficiency of
thermal softening processing concerningASB formation,
which seems to be material dependent if the HS Ti64 and
pure HS Ti are compared.

Compression tests were conducted on cylindrical
specimens with a diameter of 5.9mm and a height of
3mm cut from the as-consolidated HS designed disks.
The DIHPB set up located at NexterMunitions (Bourges,
France) was used for high strain rate loading experi-
ments. Tests were conducted on cylindrical specimens
with a diameter of 5.9mm and a height of 3mm cut from
the as-consolidated HS designed disks. Note that this
section will not discuss the thermally activated regime
associated with quasi-static and intermediate strain-rate
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Figure 22. True stress versus true plastic deformation of the harmonic-structured (a) Ti and (b) Ti64 at R.T. (The strain rates in the dynamic
regime for the different samples are shown in the inserts on figures (a) and (b), for Ti and Ti64). Evolution of the yield stress versus the
strain rate of both Ti (‘Ti yield’) and Ti64 (‘Ti64 yield’) is shown in (c).

tests.More details concerning theDIHPBprocedure have
already been given elsewhere [55].

8.2. Microstructure feature at high strain rate
regime behavior DIHPB loading of HS pure Ti

As reported in various studies, Ti and its alloys usu-
ally display amicrostructure dominated by the formation
of localized deformation bands identified as ASB when
loaded in the dynamic regime. These bands could later
be the site of material softening and further ruin via
crack formation. Figure 23 compares dynamically loaded
pure conventional and harmonic Ti. The formation of a
straight localized deformation band (Figures 23 (b)–(c))
believed to be of ASB-type can be observed in the pure Ti.
Indeed, due to the adiabatic heating, dynamic recrystal-
lization sets in within the localized band as illustrated by
the formation of equiaxed ultra-fine grains (UFG) having
a random crystallographic texture.

Nevertheless, in the case of HS Ti (Figures 23 (d)–(f)),
the deformation substructure remains dominated by
twinning, and the occurrence of localized deformation
bands is postponed till higher compression rates and

strain rate (Figures 23 (e)–(f)). In addition, it is inter-
esting to note that the morphology of the localized
deformation band seems to match its HS design, more
specifically that of the shell. This would indicate that
the stored energy necessary to trigger the recrystalliza-
tion phenomenon is more significant near the shell by
GNDs accumulation at the core/shell interfaces as usu-
ally observed in the quasi-static deformed HS materials
(see section A). Such curved UFG rims are not observed
in the conventional pure Ti. It is interesting to point out
here the work by Rittel [56], who emphasizes the preva-
lence of the dynamically stored energy (of cold work) on
ASB formation.

Adetailed structure of a portion of anASB in theHSTi
is presented in Figures 23 (g)–(i). Three regions A, B, and
C having different microstructural characteristics can be
identified in Figure 23. The region A is a portion of the
core, the region B is the recrystallized part of the ASB,
and the region C, which is a not yet recrystallized part,
displays elongated grains indicative of intense shearing.
As illustrated, both the regions A and C have a high frac-
tion of low angle dislocation boundaries compared to the
region B, which is mostly defect-free (Figures 23 (g)–(i)).
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Figure 23. Microstructure of pure HS Ti. (a): IPF+ Boundarymap; (b) Homogeneous Ti after DHPB loading: IPF showing anASB: (c) Zoom
of (b); (d)–(f ); DHPB loading on HS pure Ti under various conditions. Figures 23 (g)–(i) give the details on the formation mechanism of
an ASB in pure Ti. (g): IPF map; (h) Grain boundary map: (i) Grain orientation spread (GOS) map. Figure 23 (h), in particular, reveals the
presence of LAGBs, whichmeans the UFG grains continue to bear a considerable amount of plastic deformation, as reported by [25]. (See
text for details).
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As Wang et al. [57] have reported that the various
microstructure changes in ASB include dynamic recov-
ery [58–60], among others. The formation of equiaxed
UFG grains via dynamic recrystallization is generally
accepted [61]. A rough estimation of the temperature
increase during the impact loading has been computed
by use of the Taylor-Quinney relationship:

�T = β × Wp

ρmass × Cp

Whereβ is theQuinney constant (0.9 is used here assum-
ing that 90% of the plastic work is converted to heat),
Wp is the plastic strain work per unit mass, ρ mass the
mass density, and Cp the specific heat at constant pres-
sure. For the actual material and experimental conditions
(15,000 s−1, 90% compression strain), a value of about
�T = 1050K has been obtained, and this is higher than
the recrystallization temperature for pure Ti (assuming a
0.4 Tm, where Tm is the melting temperature of pure Ti).

Some details in Figure 23 allow us to underline the
mechanism of formation of equiaxed grains from elon-
gated and strongly deformed grains. In fact, it can be
noted in Figure 23 (g) that the grain G1 has an ori-
entation close to the [2-1-10] axis and is in fact made
up of ultra-fine sub-grains as shown by the same grain
in Figure 23 (f). Grain denoted G2 delineated by an
ellipse, also located at the interface between elongated
and recrystallized grains, is an advanced stage in struc-
turing elongated grains into UFG grains.

Low local disorientation levels shown by themeasured
GOS values indicate that most UFG grains are recrys-
tallized (blue grains). Wang et al. [57] have proposed an
explanation for the formation of UFG grains from elon-
gated grains of ASB based on the rotational dynamic
recrystallization concept. Indeed, Hines et al. [58] have
shown that the grains with LAGBs, such as G1 in our
case, could rotate, causing an increase in subgrain mis-
orientation. Thus, the elongated grains such as G1 are
proposed to be the first stage of severe shear deformation
and further break up into small ultrafine-grained grains.
Interestingly, the UFG grains continue to bear plastic
deformation, as illustrated by the high number of LAGBs
shown in Figure 23 (h), thusmaintaining the overall work
hardening as illustrated in Figure 23 (a).

8.3. Microstructure feature at high strain rate
regime behavior DIHPB loading of HS Ti64

Figure 24 illustrates the case of the HS Ti64, dynamically
deformed. For the sake of clarity and because of the com-
plex microstructure, the monitoring of the microstruc-
ture evolution has been carried out by analyzing local
disorientation (GOS), both from the impacted surface

(perpendicular to the impact direction) and the trans-
verse section (parallel to the impact direction).

Figures 24 (a)–(d) shows the evolution of the
microstructure of the HS-designed Ti64 alloy after
impacts at 3800 and 9600 s−1. Very little evolution
between the two loading states has been observed.
Indeed, for a fixed strain of about 20%, whatever the ana-
lyzed surface, apart from a flattening of the core–shell
structure when seen on the wafer, the level of GOS
parameter within or at the vicinity of the shell remains
very little disturbed, on average, and thus demonstrating
the stability of the 3D shell network under the applied
dynamic conditions.

Figures 24 (e)–(f) illustrate an aspect different from
that previously observed. Further increase of the con-
trolled strain at 50% has resulted in the occurrence
of a deformation band which is superimposed on a
microstructure made of ultra-fine grains. A GOS analy-
sis (not presented) here shows a very high level compared
to the rest of the matrix, thus indicating a strong local-
ization of the deformation in the band. The matrix is
essentially made up of ultra-fine grains exhibiting a ran-
dom crystallographic texture. This very likely indicates
the occurrence of dynamic recrystallization, helped by
the increase of ‘cold work’ energy. This result makes
it possible to affirm that the dynamic recrystallization
precedes the formation of the adiabatic shear band and
serves as a support for its growth. This observation agrees
with a recent discussion by Rittel [55], who has exam-
ined the link between thermal softening and ASB forma-
tion. Indeed, it has been shown that in the conventional
Ti64 alloy, dynamic recrystallization occurs at a mod-
est homologous temperature increase of 0.19, long before
the failure by ASB. In the present case, a calculation car-
ried out using the above equation shows that for a plastic
strain rate of 3800 s−1 and a plastic strain of 2% (before
the stress peak as shown in Figure 22 (b) or of 10% after
the stress peak and in the softening domain as shown
in Figure 22 (b), the temperature increase is about 14K
and 65K, respectively. These results agree with those of
Rittel [55].

Figures 24 (h)–(i) show another interesting aspect
of the HS Ti64 alloy upon high strain loading. In the
absence of the generalized dynamical recrystallization
phenomenon as described above, the damage is observed
via the formation of numerous shear bands (inclined
at 45° to the impact direction). It is impossible, as it
stands, to know whether the observed damage results
from strain incompatibility between zone 1 and zone 2
(see the insert) or that it is the ASB that generates the
microstructural heterogeneity as observed here.

To summarize, in this section, the behavior in dynamic
regimes of the HS pure Ti and HS Ti64 alloy have been
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Figure 24. (a)–(d): Microstructural evolution in terms of GOS analysis. Apart from flattening the core-shell structure (Figs. b and d), the
microstructure changes little qualitatively, whatever the dynamic strain rate. (The insert represents GOS values of the initial state). (e)–(g):
HS Ti64 impacted at 3600 s−1 and 50% compression strain. An ASB is seen, shearing the ultrafine-grained background microstructure
formed throughdynamic recrystallization. (e): SEM; (f ) IPF; (g) Grain sizemap. (See text for details). (h-i): Heterogeneity of the deformation
(view on the edge) on either side of an adiabatic shear band. Note the damage occurs within the shear band. 50% dynamic compression
at a strain rate of 3800 s−1. (See text for details)
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discussed in relation to the microstructure evolution.
Under the experimental conditions of the present stud-
ies, it can be observed that some peculiarities seem to
be specific to the harmonic design, while some mecha-
nisms may be applicable in the conventional materials.
One can cite, for example, the dynamic recrystallization,
which takes place mainly from the shell in the case of
Ti and whose capacity to take subsequent plastic defor-
mation makes it possible to maintain a strain hardening
in the material without rupture by the ASB. In the HS
Ti64, the salient fact is the stability of the 3D structure
of the shell, up to generalized recrystallization, which
precedes the formation of the ASB. In the absence of
dynamic recrystallization, a failure of the material occurs
by generalized shearing, undoubtedly linked to the strain
incompatibilities which are developed during straining.

9. Fatigue behavior of the harmonic structured
materials

9.1. S-N characteristics

In previous sections, metallic materials with a harmonic
structure (HS) have exhibited high strength and high
ductility compared to their homogeneous counterparts
because stress and strain localization are suppressed in
the HS. Furthermore, it can be confirmed that the har-
monic structured materials exhibit a superior dynamic
response. We have focused on the fatigue properties of a
CP titanium [20,62–64], a Ti–6Al–4V alloy [21,65–69],
and an austenitic stainless steel [22,70,71] with HS to
achieve sufficient performance for practical applications
in the engineering fields. This is important since most
machines and structural parts are subjected to repetitive
or fluctuating stress. In this chapter, we introduce the
mechanism of fatigue fracture, fatigue cracks initiation
and propagation, in the HS materials.

Figure 25 shows the results of four-point bending
fatigue tests for the Ti–6Al–4V alloy compacts (untreated
and HS series). A stress amplitude, σ a, has been applied
to the specimen surface as a function of the number of
cycles to failure, Nf [21]. The fatigue limit, σw, for the
HS series is higher than that for the untreated series.
The fatigue limit tends to increase with the volume frac-
tion of the fine-grained structure in the HS, in addi-
tion to the tensile strength and 0.2% proof stress [68],
and with decreasing the specimen size due to the size
effect [69]. Zhang et al. have reported a similar trend of
fatigue properties of austenitic stainless steels with the
harmonic structure [22]. Furthermore, the fatigue life
for the HS series is longer than those for the untreated
series, although the HS series have a large fatigue life
scatter. As a result of statistical analysis by applying the

Figure 25. Results of four-point bending fatigue tests, showing
stress amplitude as a function of cycles to failure explaining that
HS series (Ti64) has the higher fatigue limit and fatigue life [21].

three-parameterWeibull distribution concept, it has been
confirmed that a harmonic structure design increases the
fatigue life of Ti64 alloy [21]. Consequently, the harmonic
structured materials exhibit superior fatigue properties
rather than the material with coarse acicular microstruc-
ture.

9.2. Fatigue crack initiation

To clarify the microstructure near the crack initiation
site, EBSD analysis has been conducted for the facets
observed on the fracture surfaces of the HS specimen
[21,62,63,66–70]. Therefore, three-dimensional fracture
surfaces are produced using MeX software (Alicona) for
3D-fracture surface reconstruction to calculate the angle
of the fracture surfaces. Figure 26 shows plan views of
both fracture surfaces of the HS series (Ti64). Figure 27
shows SEMmicrographs of the analysis areas and inverse
pole figure (IPF) maps obtained using EBSD for both
the fracture surfaces near the crack initiation site. The
facets at the crack initiation sites of both the fracture sur-
faces are α-phase, and have the same crystal orientation
with grain sizes of ca. 15 μm. This result indicates that a
fatigue crack is initiated at the facet of the coarse-grained
structure in the HS.

The initiation of fatigue cracks has also been observed
in the zones associated with coarse grains in other met-
als with the harmonic structures, including CP titanium
[62,63] and austenitic stainless steel [71]. As well, the
CP titanium having ultrafine grains in which the grains
are recrystallized via annealing following severe plas-
tic deformation tends to exhibit an exceptional balance
between ductility and strength. Thus, the fatigue strength
of the CP titanium having a harmonic structure can be
greatly improved by the refinement of coarse-grained
zones. This refinement, in turn, can be accomplished by
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Figure 26. Plan views of the both fracture surfaces of the HS series (Ti64). (a) Fracture surface 1 (b) Fracture surface 2 [68].

Figure 27. SEM micrographs and IPF maps obtained by EBSD analysis for the facet observed in the fracture surfaces of the HS series
(Ti64). (a) Fracture surface 1 (b) Fracture surface 2 [68].

heat treatment with subsequent cold rolling, represent-
ing a type of thermo-mechanical processing (TMP) [63].
The fatigue crack initiation life and the fatigue life asso-
ciated with the TMP-HS samples (CP titanium) are both
longer than those for the HS series when testing has been
performed with the same σ a value [63]. Therefore, the
TMP appears to improve the resistance of the HSmateri-
als to fatigue crack initiation. The paths of these cracks
have been examined in detail based on EBSD data to
establish the mechanism by which small fatigue cracks
are initiated in the TMP-HS specimens. the IPF maps
produced from EBSD data in the vicinities of crack ini-
tiation sites for the samples from both series are shown

in Figure 28 [63]. Here, white lines indicate the crack
profiles, although every crack seems to have started in
a coarse-grained structure. The TMP-HS samples have
smaller grain sizes as a result of grain refinement due to
the TMP. Thus, it is apparent that the fatigue life of the
CP titanium having a harmonic structure is improved by
the TMP due to greater resistance to the initiation of a
fatigue crack.

9.3. Fatigue crack propagation

In the previous section, it has been shown that a fatigue
crack initiates at the coarse-grained structure in the HS.
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Figure 28. IPF maps obtained by EBSD analysis for (a) HS and (b) TMP-HS series (CP titanium) near the crack initiation sites [63].

Another important aspect of the fatigue properties of
the HS material is a near-threshold crack propagation
dependent on the microstructure.

Figure 29 shows the diagram of the crack growth
rate da/dN against the stress intensity range �K, for
the Untreated and the HS specimens (austenitic stainless
steel) tested at various stress ratios [71]. In each series, the
threshold stress intensity range �Kth tends to decrease,
and da/dN increases at a given applied �K value with
an increase of R. Furthermore, the crack growth rates
for the HS series are constantly higher than those for
the Untreated specimens at comparable �K levels. This
result indicates that the resistance to long fatigue crack
propagation in the SUS304L is reduced by the HS. Fur-
thermore, the effects of the HS at near-threshold levels
are attributed to crack closure and to grain size. This
same effect has been previously observed for the CP tita-
nium [20,72] and the Ti64 alloy [65,67]. In addition, the
volume fraction of the fine-grained structure does not
influence the fatigue threshold of the HS materials [67].

Fatigue crack paths have been analyzed to discuss the
mechanism of fatigue crack growth for HS stainless steel
[71]. Figure 30 (a) and (b) respectively show the SEM
micrograph corresponding to the EBSD analysis area and
the IPF map around the crack obtained using EBSD for
the HS sample after testing at a stress ratio of 0.1. The
grain size color map in the regions with grains smaller
than 4 μm is shown in Figure 30 (c), and the crack profile
is shown as a white line in Figure 30 (b) and (c). Fatigue
cracks could not avoid propagation in the coarse-grained
structure, and cracks also could not preferentially prop-
agate near the fine-grained structure. These results show
that the fatigue crack profile is not influenced by the HS.
The roughness-induced crack closure is not increased by
the HS.

Figure 29. Relationship between da/dN and �K for the HS and
untreated series (austenitic stainless steel) tested at R = 0.1 and
0.8 [71].

Although there is less resistance to the propagation
of long cracks in the HS materials, their fatigue strength
increases because the resistance of thematerial to the ini-
tiation of fatigue cracks is improved by the grain refine-
ment associatedwith the sintering ofmechanicallymilled
powders.

10. Wear and corrosion behavior of the
harmonic structuredmaterials

Wear is one of the important properties of structural
materials due to the fact that it accounts for more than
50% loss of materials in service [73]. In load-bearing
applications, the inherent vibrations in some components
during service life have led to fretting wear, resulting in
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Figure 30. (a) SEM micrograph, (b) IPF map, and (c) grain size color map of a region near a crack profile (white lines) for the HS series
(austenitic stainless steel) tested at R = 0.1 [71].

catastrophic failure. There are various machine elements
which are prone to failure by frettingwear, such as assem-
bly of the disc and hub to the rotating shaft, bolted and
riveted joints, bearing, etc. Fretting wear has also been
found as one of the causes for the failure of bio-implants,
wherein the debris due to wear can also result in the
problems of toxicity and inflammation, etc. There have
been constant efforts to improve the wear resistance of
materials through microstructural modifications. It has
been demonstrated that grain-refining leads to a lower
coefficient of friction (COF) and improved fretting wear
resistance primarily due to increased hardness [74–77].
In this context, the wear behavior of harmonic structured
materials was also investigated, particularly the fretting
wear behavior of 304L and 316L grades of stainless steels
due to their widespread engineering applications such
as bio-implant materials, automotive components, and
high-pressure vessels.

For the harmonic structured 304 L and 316 L, the wear
behavior was evaluated using fretting wear tests at three
different loads, i.e. 2N, 5N, and 10N [78,79]. The values
of the coefficient of friction and wear volume of the har-
monic structured samples were found to follow similar
trend, as compared to those of the homogeneous con-
ventional and sintered non-harmonic steel samples, with
increasing load up to 10N loading conditions. The wear
volume at lower load, i.e. 2N, was found to be almost
the same for all the three sheets of steel. However, at an
intermediate load of 5N, the harmonic structured stain-
less steel exhibited minimum wear volume as compared
to that of the non-harmonic and the conventional stain-
less steels. Interestingly, the wear volume was found to
be maximum for the harmonic structured steel at 10N
as compared to that of the non-harmonic and the con-
ventional stainless steel. The significantly superior wear
resistance of the harmonic structured steels up to 5N load

was attributed to its unique bimodal microstructure con-
sisting of uniformly distributed fine-grained shell region,
wherein the fine-grained shell region offered more resis-
tance to wear than the coarse-grained core region for
the applied load up to 5N. The increasing COF and
wear volume, with increasing load from 5N to 10N, of
the harmonic structured samples were attributed to the
sharper debris formed at the highest load. Neverthe-
less, these studies clearly demonstrate that the harmonic
structure design exhibits enhanced wear properties along
with other mechanical properties.

Themechanism of wear in harmonic structured stain-
less steel is shown in Figure 31. Figure 31 (a) represents
the SEM image of the scar after wear, whereas Figure 31
(b) displays the wear mechanism through schematic of
the worn-out surface. Due to the higher hardness, the
fine grain region offered higher resistance to wear, lead-
ing to the formation of protrusions, and relatively more
wear in the coarse-grained region. It appears that the rel-
atively harder shell region and the protrusions suppress
the removal of material up to a certain limit, followed by
the removal of material in the form of debris beyond this
limit and more abrasion.

Apart from mechanical properties, the degradation of
structural materials due to corrosion is also an impor-
tant aspect to assess the service life of components. In
general, the corrosion behavior is related to the elec-
trochemical nature of the materials and their chemical
response towards the service environment. However, the
microstructure of the materials, such as grain size, grain
size distribution, and presence of different phases, also
affect the corrosion behavior of the materials to great
extent. Generally, it is postulated that the grain refine-
ment could lead to poor corrosion properties due to the
presence of a higher amount of grain boundaries which
are highly reactive sites in thematerials.However, various
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Figure 31. (a) SEM micrograph of the wear scar after fretting
wear, and (b) schematic showing mechanism of wear, in the har-
monic structure stainless steel.

studies on the effect of grain size on corrosion behav-
ior have yielded contradictory results, i.e. both positive
and negative effects of grain refinement on corrosion
resistance [80–83].

Apart from load-bearing structural applications, aust-
enitic steels are also used in chemical processing equip-
ment, beverages industries, dairy industry, and bio-
implants due to their excellent corrosion resistance
[16,84]. Since the harmonic structured austenitic steels
consist of both fine-grained and coarse-grained regions
in the microstructure, the corrosion behavior of the
austenitic steels (304 L and 316 L grade) was also
evaluated in view of their widespread applications in
aforementioned engineering applications. The corrosion
behavior was examined in 3.5% NaCl solution (electro-
chemical tests and salt fog tests), and Hanks simulated
body fluid solution. It was observed that harmonic struc-
tured steels exhibited better corrosion resistance as com-
pared to non-harmonic and conventional austenitic steels
[85,86]. The highest corrosion resistance was attributed
to its unique microstructure consisting of uniform dis-
tribution of the fine- and coarse-grained regions, higher
fractions of grain boundaries, and negligible porosity.
The fine-grained shell region of the harmonic structure
was found to corrode more as compared to the coarse-
grained core region, and the relatively higher rate of cor-
rosion of the shell region was attributed to the presence

of the larger amount of grain boundaries in this region.
However, at the same time, the harmonic steel exhibited
the higher pitting resistance as compared to the non-
harmonic steel due to its peculiar microstructure due
to the formation of extremely fine pits in the harmonic
steels as compared to the larger pits formed in the non-
harmonic and conventional steels. In general, the better
passivation ability and the presence of a large fraction
of passive α-FeOOH, due to continuous formation and
destruction of the passive layer along the fine-grained
sections leading to more uniform type corrosion mode,
was found to be one of the important reasons for the bet-
ter corrosion resistance of the harmonic structured steels
as compared to non-harmonic austenitic steels.

11. Effect of thermo-mechanical treatment on
themicrostructure and properties

Varieties of processing steps such as mechanical plastic
deformation, thermal, thermo-mechanical processing, or
a combination of them, are required to prepare metal-
lic components of useful shape such as plates, sheets,
body panels, rods, wires, and any other complex shape.
As a consequence, a wide range of microstructural fea-
tures evolves in the products depending on the pro-
cessing history and parameters, such as the nature of
plastic deformation, processing temperature, time of heat
treatment, and the sequence of the various steps. There-
fore, the processing history has a significant effect on
the microstructure and mechanical properties of the fin-
ished product. Therefore, the effect of thermomechanical
processing (TMP), consisting of cold rolling followed by
annealing, on the microstructure and mechanical prop-
erties of the Harmonic Structure designed materials was
studied, wherein harmonic structured pure Ti (HS–Ti)
was taken asmodelmaterial [87]. The thermomechanical
processing of the sintered Homo-Ti and HS-Ti speci-
mens involved cold rolling of the specimens from 10%
to 30% thickness reduction at room temperature fol-
lowed by their annealing at 873K for 1.8 ks under argon
atmosphere [87].

It has been observed that the plastic deformation of
heterogeneous HS-Ti is accompanied by localization of
strain due to the formation and accumulation of dislo-
cations in preferential areas of the Shell and Shell–Core
interface region both at 10% as well as 30% degree of
deformation. Further, the subsequent heat treatment of
the plastically deformed HS-Ti exhibits the occurrence
of peculiar preferential recrystallization localized in the
Shell region of the HS-Ti specimens due to the afore-
mentioned preferential strain localization in the Shell
during plastic deformation. It has also been observed
that an increasing degree of plastic deformation results
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Figure 32. The schematic diagram shows the development of the Shell structure from the as-sintered state to successive thermo-
mechanically processed (TMP) states.

Figure 33. The nominal stress-strain curves of (a) Homo-Ti and (b) HS-Ti, respectively.

in a gradual increase in the grain size and the vol-
ume fraction of the Shell region whereas no signifi-
cant effect of degree of deformation can be observed
on the grain size of the core. Based on the results,
the mechanism of microstructural development in the
TMP HS-Ti specimens is proposed, as depicted in the
Figure 32. The development of preferentially recrystal-
lized Shell can be explained through the accommodation
of deformation gradients by the generation of Geomet-
rically Necessary Dislocations (GNDs) to keep compat-
ibility among neighboring grains [26,88]. Therefore, it
can be expected that the heterogeneity of microstruc-
ture in the Shell–Core and gradient structured Shell
induces a significant strain gradient at the Shell–Core
interfaces and Shell, which results in the larger num-
ber of GNDs accumulation near the Shell–Core inter-
face areas and inside the Shell [89]. Consequently, as the
degree of deformation due to thickness reduction by cold
rolling increases, an enhanced pile-up, andmultiplication

of dislocations near the Core–Shell interface can be
expected. Such a deformation behavior leads to the for-
mation of a wider deformed region, which finally trans-
forms to the broader recrystallized shell region after the
annealing treatment. The Thermo-mechanically treated
HS-Ti specimens exhibit considerably higher strength
values and comparable ductilitywith respect to itsHomo-
Ti and as-sintered HS-Ti counterparts, wherein the yield
strength and ultimate tensile strength also increase with
increasing volume fraction of recrystallized shell region
caused by an increasing degree of plastic deformation
(Figure 33).

12. Future research directions

Wu and Zhu [90] presented the perspectives in terms
of mechanical properties and, more particularly, the
synergy between mechanical strength and ductility of
heterogeneous structures. In particular, it is theorized
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Figure 34. IPF and grain boundary map of structure of additively manufactured a heterogeneous Ti-Nb-Zr (Ta, Mo) high entropy alloy.
(Courtesy Prof. G. Dirras).

that a high density of interfaces is a necessary condition
to induce back stress, a key for a better combination of
mechanical properties. Thus, to enhance the strength-
ening due to the harmonic structure design as devel-
oped here, a strategy that introduces shape anisotropy
into the structure could be a future development path.
Such microstructures can be achieved in Laser Powder
Bed Fusion (LPBF) technology. Figure 34 shows an as-
processed LPBF microstructure of a Ti-Nb-Zr (Ta, Mo)
high entropy alloy. The significant variability of the devel-
opment parameters in the LPBF could make it possible
to generate a heterogeneous structure with both spacing
between the domain interfaces large enough to allow an
effective dislocation pile-up in the soft domains at least,
and ideally in both soft and hard parts, but also with dif-
ferent grain size morphologies in the core. This is quite
close to the lamellar structures [90].

The aging population in our modern societies and
the increased risk of bone diseases or bone accidents are
constantly growing, and the development of long-lasting
implantable osteosynthesis materials is a sustained drive
to cater to the above health issue. Indeed, titanium and
conventional titanium alloys are widely used in med-
ical implants, since they offer a good combination of
optimal strength as well as bio-compatibility. Never-
theless, these devices’ mechanical properties, including
fatigue impact resistance, can be further improved based
on incorporation of the harmonic structure design, as
demonstrated in this review. It would be necessary to
prove that the harmonic structure offers possibilities
of chemical and biochemical functionalization at least
equivalent to that of conventional alloys. Thus, a pos-
sible direction for future research should focus on the
functionalization of bulk biomaterials (Ti alloys in this
case) with the harmonic structure, such as a pure Ti
parts with the harmonic structure, as shown in Figure 35.
In reality, such studies have recently begun [91]. How-
ever, their scope is still insufficient and needs sufficient
drive.

Figure 35. A set of pure Ti bolt and nut with the harmonic
structure.

13. Summary & conclusions

Although the harmonic structure material is a hetero-
structure material, it deforms more uniformly than the
conventional materials, resulting in high ductility and
toughness along with high strength. This can be achieved
by work hardening due to dislocation generation, accu-
mulation, and movement in the nanoscale region and
large uniform deformation as a result of suppression
of deformation localization in the macroscale region.
This attributes to the result of the superposition of
nanoscale and macroscale microstructure contributing
to the mechanical properties. In addition, stress concen-
tration in shells can cause selective phase transforma-
tion and recrystallization even in small deformations. In
the process of microstructure formation from nanocrys-
talline grains, not only grain size gradients but also con-
stituent phase gradients due to elemental distribution are
generated. In addition, theHSmaterials also demonstrate
good wear and corrosion properties [78,88].

These unique phenomena create a synergy between
nano- and macro-scale phenomena, and this is the
goal of nano-engineering leading to the development of
innovative mechanical properties, which are extremely
important in practical applications. There are still many
unknown phenomena between nano and macro scales,
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and critical and sustained effort in the elucidation of
these unique phenomena would lead to new material
innovations.

Recently, Shimokawa et al. [92] have performed
atomic and dislocation simulations on analysis mod-
els that render the three main characteristics of the HS
materials: heterogeneous distribution of stress, core–shell
interface, and shell network. They have investigated the
mechanism of the excellent mechanical properties of the
HS materials. It has been reported that the HS materi-
als exhibit synergistic effects owing to the coexistence of
Core and Shell regions, and this is caused by the hetero-
geneous evolution of lattice defects near the core–shell
interface. Core regions having larger grains and lower
strength plastically deform before the Shell regions hav-
ing higher strength. The plastic deformation propaga-
tion from the core to shell regions is hindered by the
core–shell interfaces because of the back stress induced
by the transmitted dislocations in the shell. It increases
the dislocation density of the core regions in contact
with the interface, resulting in an increased strength and
work-hardening rate in the core regions. The former con-
tributes to the high strength in the harmonic structure
materials, and the latter can suppress the plastic instabil-
ity of the shell regions, resulting in higher ductility of the
HS materials.
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