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Abstract:  

This work presents a study of the microstructure and mechanical properties of a TNM+ 

alloy (Ti-43.5Al-4Nb-1Mo-0.1B-0.3C-0.3Si, in at.%) densified by Spark Plasma Sintering 

(SPS), in comparison to the as-SPSed TNM alloy which contains neither carbon nor silicon. 

Tensile tests at room temperature and 800°C as well as creep tests at 800°C and 200 MPa were 

performed. The microstructures and the fracture surfaces of deformed samples were studied by 

scanning and transmission electron microscopies as well as by X-ray diffraction. The 

deformation mechanisms were investigated by means of in situ straining experiments and post-

mortem analyses of deformed samples, both performed by transmission electron microscopy. 

Contrary to the TNM alloy, the as-SPSed microstructure of the TNM+ alloy does not contain 

/o phase due to the incorporation of carbon. Despite the fact that iron inclusions are 

responsible for premature failure of some samples during tensile tests, the TNM+ alloy is found 

to be able to deform plastically at room temperature. The incorporation of carbon and silicon 

leads to an increase in the creep resistance of the alloy at 800°C. 
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1. Introduction 

The outstanding properties of intermetallic γ-TiAl based alloys meet the demanding 

requirements for light-weight high-temperature structural applications in the aeronautic and 

automotive industry [1]. A 4th generation alloy of particular success is the TNM alloy with a 

nominal composition of Ti-43.5Al-4Nb-1Mo-0.1B (at.%) [2,3]. Especially, this alloy is already 

utilized in the form of low pressure turbine blades in the so-called geared turbofan engine 

powering the Airbus A320neo [4]. The TNM alloying concept relies on balanced amounts of 

the β-stabilizing elements Nb and Mo, which, on the one hand, improve hot-workability and, 

on the other hand, ensure fully solidification through the β phase, thus resulting in a texture-

free and chemically homogeneous microstructure [5-7]. The phase transformation pathway for 

the chemical composition of the TNM alloy during solidification and subsequent cooling to 

room temperature can be summarized as follows: L → L+β → β → α+β → α+β+γ → α+βo+γ 

→ α+α2+βo+γ → α2+βo+γ [8]. Due to the alloying with Nb and Mo, either the disordered body-

centred cubic (bcc) β phase (A2 structure) or its ordered counterpart, the βo phase (B2 structure), 

are stable at all temperatures below the liquidus temperature [8,9]. While the presence of the 

β phase at forging temperatures is the reason for the improved hot-workability of the TNM 

alloy, the βo phase has been found to be detrimental to the creep performance [10].  

Generally, extensive research on γ-TiAl based alloys has established that their mechanical 

properties are substantially microstructure dependent. Typical microstructural features in 

β-solidifying alloys such as the TNM alloy are lamellar α2/γ colonies, borders of βo phase and 

single-phase γ grains with a globular morphology [2,9]. Especially, the antagonistic 

requirements of sufficient room-temperature ductility and high creep resistance at elevated 

temperatures are met by different types of microstructures. For enhanced room-temperature 

ductility, a high amount of γ phase with a globular morphology is necessary, especially since 

this phase is considered to be the most ductile one in γ-TiAl based alloys [11,12]. On the other 

hand, the highest creep resistance is achieved for so-called fully-lamellar microstructures only 

consisting of α2/γ colonies [2,9]. Consequently, the necessary trade-off between room-

temperature ductility and high-temperature creep resistance requires a microstructure 

containing both lamellar colonies and globular γ grains [13]. Furthermore, the lamellar spacing 

within the individual α2/γ colonies as well as their respective size have a significant influence 

on the ductility and creep strength [8,14]. 

In general, the available processing routes for γ-TiAl based alloys require additional heat 

treatments to achieve the suitable microstructure for the desired mechanical properties. A 
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powder densification technique with a high sustainability and which also allows a direct control 

of the material’s microstructure is spark plasma sintering (SPS), which has successfully been 

used for different TiAl alloys [15,16]. This microstructural control, which achieves 

densification by simultaneously applying a pulsed electric current and uniaxial pressure, is 

realized by the used SPS dwell temperature [17]. Especially, the SPS microstructure can be 

controlled by this dwell temperature which can be chosen in different phase field regions in 

accordance with the corresponding phase diagram. Dwell temperatures above the γ-solvus 

temperature in the α phase field region yield fully-lamellar microstructures. After SPS at lower 

temperatures in the (α+γ) phase field region, the material also contains globular γ phase, whose 

fraction increases with decreasing dwell temperature [16,17]. Recent research has shown that 

the TNM alloy can be processed by SPS and that the resulting material exhibits excellent 

mechanical properties [15]. 

In addition to the microstructure of the material, the alloying with additional elements is of 

particular importance for the mechanical properties of γ-TiAl based alloys [2,3,9,18]. Two 

elements that have been proven to beneficially influence the resistance against creep 

deformation are C and Si [9,18]. Below their respective solubility limits, both C and Si act as 

solid solution hardening elements [19,20]. In particular, the presence of dissolved C retards the 

motion of dislocations and the migration of interfaces as reported in [21,22]. With sufficiently 

high amounts, these elements culminate into the precipitation of p-Ti3AlC carbides and ζ-Ti5Si3 

silicides, and therefore contribute to a further enhancement of the creep resistance [10,23-25]. 

Consequently, in order to improve the creep resistance of the TNM alloy, a derivative alloy, 

designated TNM+, has been developed that contains additions of 0.3 at.% of both C and Si [11]. 

With respect to the influence of these elements on the stability of the individual phases, C has 

been found to strongly stabilize the α phase and to even introduce a single α phase field region 

in the transformation pathway of the TNM alloy for additions of more than approximately 

0.1 at.% [26]. Unlike C, Si is found to stabilize the γ phase at the expense of the α/α2 phase and 

to increase solid-solid phase transition temperatures [27]. 

In the present work, the microstructure formation is investigated during SPS and the 

mechanical properties of the TNM+ alloy compared to the TNM alloy. The influence of Si and 

C on the solidification pathway and on the SPS microstructures are studied in details. Regarding 

the mechanical properties, special attention is paid to the brittleness of TNM+ alloy. 
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2. Materials and Methods 

The chemical compositions of the gas atomized pre-alloyed TNM and TNM+ powders used 

are given in Table 1. The SPS densifications have been carried out on these powders at dwell 

temperatures of 1300 °C, 1325 °C and 1360 °C following the classical cycles described 

elsewhere [17]. For each experiment, the temperature rise was initially 100 K/min and then 

reduced to 25 K/min during the last three minutes, in order to prevent a temperature overshoot. 

Cylindrical samples with typical diameters of 36 mm were sintered using a constant pressure 

of 50 MPa and a 2 min holding time at the dwell temperature. All temperatures given in this 

paper are the sample temperatures, i.e. the temperature measured on the graphite matrix plus 

60°C [17]. 

Table 1. Chemical analysis of the TNM and TNM+ powder. The values are given in at.% and were 

determined using X-ray fluorescence spectroscopy, inductively coupled plasma optical emission 

spectroscopy and carrier hot gas extraction. 

Alloy Ti Al  Nb Mo B C Si 

TNM 51.1 43.9 4.0 0.95 0.1 - - 

TNM+ 51.0 43.1 3.35 0.95 0.1 0.3 0.3 

 

The microstructures were studied by means of scanning electron microscopy (SEM) using 

back-scattered electron (BSE) imaging and in transmission electron microscopy (TEM). 

Quantitative microstructural data were extracted from SEM micrographs by using the ImageJ 

software. The grain size was evaluated by considering the diameter of a circle with the same 

area as the grain. TEM thin foils were prepared by standard jet polishing using the A3 

electrolyte commercialised by Struers at -10°C with a current of 500 mA and a voltage of 90 V. 

TEM investigations were performed on a JEOL 2010 operating at 200 keV. Local chemical 

compositions were measured by energy-dispersive X-ray spectroscopy (EDS) in the SEM and 

TEM (using the STEM mode for Scanning Transmission Electron Microscopy) and will be 

given in at. % in the following. X-ray diffraction (XRD) measurements were conducted on an 

AXS D8 Advance diffractometer from Bruker using CuKα radiation. From these measurements, 

the volume fractions of the occurring phases were determined by Rietveld analysis utilizing the 

software MAUD [28]. 

In order to determine the microstructural evolution during the SPS densification of the 

TNM+ alloy, heat treatments were performed on a dilatometer of type 805A/D from Thermo 

Fisher. This was done to precisely control the sample temperature in accordance with the 
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temperature profile of the SPS process as well as to quench the sample to room temperature to 

preserve the high-temperature microstructure. However, since the temperature is controlled 

with a thermocouple, material, which was pre-densified by SPS was used as the starting material 

for these heat treatments in contrast to the SPS process, which starts from powders. The heat 

treatments were conducted in an Ar5.0 atmosphere to prevent any oxygen effect on the 

microstructure. 

The crystallographic orientations of the  grains or lamellae were determined using the 

selected dark field technique [29] which is based on the use of the TEM diffraction. These 

orientations are identified using the crystallographic projection, which allows them to be 

located in relation to each other. It is recalled that six orientation variants of the  lamellae can 

be found in one lamellar grain and that one of them appears to be largely predominant, as a 

result of the lamella precipitation process [30]. 

Three test specimens, suitable for tensile tests at room temperature (strain rate 10-4 s-1) and 

creep experiments, were machined from each SPS processed billet. Concerning the tensile tests 

at room temperature, the following data were extracted from the curves of the true stress as a 

function of the true elongation:  

- Yield strength: stress at which plastic deformation starts and defined as the stress at 

10-3 % plastic elongation,  

- R0.2: the tensile stress at 0.2 % plastic elongation,  

- UTS: ultimate tensile stress, and  

- A: plastic elongation at rupture. 

The cross-sections of the fracture surfaces of the specimens broken during tensile tests were 

analysed by SEM. To observe the dislocation microstructures present in these samples, TEM 

thin foils were extracted from disks cut perpendicularly to the tensile axis. 
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3. Results 

3.1 Microstructure after SPS 

The as-SPSed microstructures of the TNM+ and TNM alloys at dwell temperatures of 

1300 °C, 1325 °C and 1360 °C are compared in Figure 1 [15]. Lamellar colonies consisting of 

α2 and γ phases are the main microstructural constituent regardless of the dwell temperature 

and the chemical composition. These α2/γ colonies are characterized by an equiaxed overall 

morphology and by serrated boundaries. The major difference between the TNM and TNM+ 

alloys is visible at the borders of the lamellar colonies. In the case of the TNM+ alloy, no βo 

phase is observed and the α2/γ colonies are separated by only γ phase. Consequently, such 

features are called γ borders. In contrast, additional βo phase is distributed homogeneously at 

the borders of the α2/γ colonies in the case of the TNM material for a dwell temperature of 

1325 °C and 1360 °C. However, in the case of the TNM alloy densified at 1300 °C, βo phase is 

only present in a few specific parts of the microstructure, arising from heterogeneities in the 

powder particles (Figure 1a).  

 

 

Figure 1. SEM-BSE micrographs of the microstructures obtained by SPS at dwell temperatures of 

1300 °C, 1325 °C and 1360 °C, respectively, for the TNM alloy (a-c) and the TNM+ alloy (d-f). The 

microstructures consist of γ phase (dark), α2 phase (bright grey) and, in the case of the TNM alloy, βo 

phase (white).  
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In order to quantitatively characterize the influence of Si and C as well as that of the SPS 

dwell temperature on the microstructure of the TNM based material, an image analysis of SEM 

micrographs was performed. The resulting values for the α2/γ colony size and the surface 

fractions of the lamellar grains, γ borders and βo phase are presented in Table 2. Since the slight 

variations in the measured colony sizes are within the experimental uncertainty (for instance, 

the standard deviation of the grain size measurements is greater than 10 µm), the colony size 

appears to be essentially independent of the dwell temperature in the investigated temperature 

range for both alloys. The surface fraction of lamellar colonies is higher for TNM+ alloy, due 

to the absence of βo phase at the borders.  

Additionally, the volume fractions of the α2, βo and γ phase determined by Rietveld analysis 

of XRD measurements are also given in Table 2. It reveals that the phase fractions are 

essentially independent of the SPS dwell temperature for both TNM and TNM+ alloys. 

However, the amount of γ phase is higher in the TNM+ materials, e.g. 78 vol.% versus 71 vol.%, 

while the amount of α2 phase is essentially the same, i.e. about 22 vol.%. The remaining volume 

fraction in the TNM alloy is occupied by the βo phase. Although very small peaks associated 

with the βo phase could also be identified in the XRD spectra of the TNM+ alloy, the amounts 

were too small to be determined quantitatively. The presence of minor amounts of βo phase in 

the TNM+ alloy can be attributed to chemical heterogeneities within the initial powder. 

Furthermore, no peaks associated with either carbides or silicides could be detected in the XRD 

data.  

Table 2. Quantitative characterization of the SPS materials by SEM image analysis and XRD. 

Alloys TNM+ TNM 

SPS Temperature [°C] 1300 1325 1360 1300 1325 1360 

SEM  colony size [µm] 27 26 31 21 20 20 

Fraction γ borders [%] 11 9 6 16 16 14 

Fraction βo [%] 0 0 0 3 6 7 

Fraction lamellar colonies [%] 89 91 94 81 78 79 

XRD Volume fraction γ [vol.%] 78 78 78 71 70 72 

Volume fraction α2 [vol.%] 21 22 21 23 22 20 

Volume fraction βo [vol.%] <1 <1 <1 6 8 8 

 

 

The local chemical composition of the TNM and TNM+ alloys consolidated at 1325°C has 

been measured by energy-dispersive X-ray spectroscopy (EDS) in the SEM in order to 

investigate the distribution of the alloying elements in the SPS microstructures and to search 

for possible local enrichments in Si, which might explain the presence of silicides. Note that C 
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cannot be detected by this experimental technique due to the usual carbon contamination of 

SEM and TEM samples and the difficulty of measuring the low energy edges of light elements. 

The resulting quantitative elemental distributions within the individual microstructural features, 

i.e. lamellar colonies, γ borders and βo phase, both in the TNM and TNM+ alloy are given in 

Table 3. The lamellar colonies are characterized by a lower Al content when compared to the γ 

borders, e.g. 43.6 at.% and 46.1 at.%, respectively, in the case of the TNM+ alloy. This can be 

attributed to the fact that the lamellar colonies essentially consist of both γ phase and α2 phase, 

the latter possessing a lower Al content in general and, thus, reducing the overall Al content 

within this microstructural feature. With respect to Nb and Mo, similar values of about 4 at.% 

and 1 at.%, respectively, are obtained in lamellar colonies and γ borders. In contrast to this, the 

βo phase, which is only visible in the SPS microstructure of the TNM alloy, exhibits higher 

amounts of Nb and Mo which are β-stabilizers [5]. Generally, the observed phase compositions 

are in agreement with other works on the TNM alloy system, e.g. see Ref. [22]. A comparison 

between the TNM alloy and the TNM+ alloy reveals that the chemical compositions of the 

lamellar colonies and the γ grains at their borders are actually very similar. The only difference 

is the presence of Si and C in the TNM+ alloy. 

STEM-EDS maps have also been recorded for the same samples. Concerning Mo and Nb 

atoms, very homogeneous distributions were observed in the TNM+ alloy (not reproduced here), 

consistently with the absence of o phase. Regarding Si (Figure 2a), even if some very small 

Si-rich areas can be observed, this element is homogeneously distributed. TEM investigations 

allowed us to detect some very scarce silicide precipitates, as exemplified in Figures 2b and c, 

which show the TEM image of one of them. Table 4 shows the measured chemical compositions 

of the three zones circled in colour in Figure 2b. The chemical composition of zone 3 is 

comparable to that of ξ -silicide, as determined by atom probe [31] and reported in the same 

table for comparison. In particular, fairly significant and moderate local enrichments in Si and 

Nb are measured as well as a depletion in the Al content. Figure 2c shows the TEM micrograph 

of this ξ –silicide (surrounded by small arrows), which appears to be located at the interfaces 

of lamellar zones. Their typical lengths and widths range from 500 nm to less. It should be 

emphasized that these precipitates are far smaller than the critical fracture length for fracture 

initiation debinding, which is approximately 500 µm [32], and so are not able to induce alloy 

failure. 
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Table 3. Quantitative elemental analysis by EDS at the local scale of the TNM and TNM+ alloys 

densified at 1325°C. The values are given in at.%. 

 Alloy Ti Al Nb Mo Si 

Lamellar colonies TNM 50.6 43.2 4.3 1 - 

TNM+ 50.9 43.6 4.2 1.1 0.3 

γ border TNM 48.4 46.5 4.4 0.8 - 

TNM+ 48.5 46.1 4.2 0.9 0.3 

βo phase TNM 54.7 35.6 5.8 3.9 - 

TNM+ Phase not present 

 

 

 

Figure 2. Study by SEM and TEM of the repartition of the Si atoms in the microstructure and within a 

silicide. (a) Si map by SEM of a large area; (b) delimitation of the three zones which were analysed 

(Table 4) and (c) TEM image of a ξ silicide precipitate. 

 

Table 4. Quantitative elemental analysis by EDS-TEM at the local scale of three zones which are 

surrounded in colour in Figure2b. 

 Ti Al Nb Mo Si 

Zone 1 43.9 50.6 3.9 1.1 0.5 

Zone 2 51.7 42.2 4.2 1.3 0.6 

Zone 3 50.6 21.5 7.0 1.9 19.0 

      

ξ-silicide [31] 50.9 13.3 9.5 0.7 21.4 

 

Figure 3 displays a TEM study in the TNM+ alloy of a  zone (Z) situated between two 

lamellar zones labelled LZ1 and LZ2, whose interface directions are perpendicular. The 

analysis of the border orientation based on TEM diffraction patterns has shown that its 

orientation is identical to that of the predominant orientation of the  lamellae of the LZ1 

lamellar zone. This result is consistent with what was previously found in the SPS-IRIS alloy 

[16]. However, this is a different result from that of the TNM-SPS alloy [15], in which the 

orientation of the  grains at the colony boundaries are in relationship with their adjacent o 



10 
 

grain rather than with their neighbouring lamellar zones. This is emphasized in Figure 9, which 

shows a large zone deformed at room temperature, exhibiting several examples of such  

borders with the orientation of the neighbouring lamellae. The dark field image in Figure 3b 

shows that the  border is divided into areas separated by ordered domains. Figure 3c in dark 

field mode shows the unique o precipitates of this border. The orientation of this precipitate is 

related to that of its surrounding  grain, indicating that it results from a secondary precipitation, 

which was also the case for the heavily dense o precipitation observed in  border present in 

the IRIS-SPS alloy [16]. 

 

Figure 3. TEM study in TNM+ of a  zone (Z) situated between two lamellar zones labelled LZ1 and 

LZ2. (a) General view in bright field mode; (b) ordered domain in dark field mode and (c) 0 

precipitates in dark field mode.  

3.2 Microstructure after heat treatments 

Heat treatments under an inert gas atmosphere were conducted to investigate both the 

formation of the microstructure of the TNM+ alloy during SPS and the subsequent absence of 

the βo phase as compared to the TNM alloy. The resulting microstructures of heat-treated 

samples are depicted in Figure 4. The performed heat treatments can be divided into two 

categories. Firstly, heat treatments at the SPS dwell temperatures of 1300 and 1360 °C with a 

holding time of 1 h followed by gas-quenching in order to determine the phases present in 

thermodynamic equilibrium (Figures 4a and b). Secondly, heat treatments following the 

temperature profile of the SPS densification with subsequent quenching of sample from specific 

temperatures to preserve the high-temperature microstructures (Figures 4c to e).  
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Comparing the microstructures of the 1 hour heat treatments at 1300 °C and 1360 °C in 

Figures 4a and b reveals substantial differences with respect to phases present. After the heat 

treatment at 1300 °C, only large α2 grains are observed. Since this α2 phase forms via an 

ordering transformation of the high-temperature α phase during subsequent water quenching 

from these high temperatures [30,33], it can be deduced that only the α phase is 

thermodynamically stable at 1300 °C. On the other hand, the heat treatment 1360 °C results in 

a microstructure consisting of globular α2 grains surrounded by a mixture of α2 laths and βo 

phase, e.g. see insert in Figure 4b. Similarly to the heat treatment 1300 °C, these larger globular 

α2 grains correspond to the high-temperature α phase. The mixture of α2 and βo at the grains 

boundaries and triple points of these globular grains is the remnant of the high-temperature β 

phase. Indeed, during water quenching, the β phase partially transforms into α laths since the 

βα transformation cannot be completely suppressed [9]. The following ordering 

transformation yields the observed α2 laths. Additionally, the residual β phase from the partial 

βα transformation orders into the βo phase. Although both the α and β phases transform into 

α2 and βo during water-quenching, a clear distinction between the high-temperature phases is 

possible due to the preserved chemical differences, i.e. the β phase exhibits a brighter SEM-

BSE contrast due to higher amounts of Nb and Mo. Consequently, the microstructure of the 

material heat-treated at 1360 °C is indicative of the fact that the α phase as well as the β phase 

are present in thermodynamic equilibrium at this temperature. However, the β/βo phase is not 

observed in the final SPS microstructure of a TNM+ sample densified by SPS at a 1360°C dwell 

temperature, e.g. see Figure 1f. 

In order to duplicate the temperature profile of the SPS densification, the second series of 

heat treatments consisted of a holding segment at 1360 °C for 5 min followed by cooling with 

100 °C/min to a certain target temperature, i.e. 1200 °C and 1000 °C, and subsequent quenching 

to room temperature. The initial cooling rate of 100 °C/min corresponds to the average cooling 

rate experienced by the SPS material in this temperature regime [17]. After the holding segment 

of 5 min at 1360 °C (Figure 4c), the microstructure consists of α and β phases similarly to the 

1 hour heat treatment. However, the amount of β phase is lower after the heat treatment with 

the shorter holding segment. At a temperature of 1200 °C (Figure 4d), the microstructure is 

predominantly made up of α grains with a minor amount of β phase still present at the triple 

points. It is interesting to note that the partial decomposition of the β phase into α2 laths seems 

to be no more activated during cooling from 1200°C. As shown in Figure 4e, cooling to 1000 °C 

yields the formation of γ phase at the α/α2 grain boundaries in a globular form as well as within 

the α/α2 grains in the form of lamellae, corresponding to the γ borders and the lamellar colonies, 
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respectively, in the SPS microstructure. With the exception of some residual βo phase in this 

heat-treated condition, the microstructure coincides with the SPS microstructure presented in 

Figure 1f.  

 

Figure 4. Microstructures of the TNM+ alloy after various heat treatments: (a) and (b) correspond to 1 

hour heat treatments followed by quenching; (c) to (e) quenching from specific temperatures during the 

reproduced SPS cycle. The temperatures given in (c) through (e) mark the respective temperatures 

before the quenching to room temperature, e.g. see the time-temperature curve in the centre.  

3.3 Mechanical tests and fractography 

The mechanical behaviour of the two examined alloys are shown in Figure 5 for various 

dwell temperatures, i.e. the stress-strain curves recorded at room temperature (a,b) and 800 °C 

(c) as well as the creep curves at 800 °C using an initial stress of 200 MPa (d). Table 5 compiles 

the outcomes of the tensile tests at room temperature. For all dwell temperatures investigated, 

the room-temperature tensile curve of the TNM+ alloy is similar to the one of the TNM in the 

elastic domain and starts to diverge from the elastic straight line at around 500 MPa, pointing 

out the onset of plastic deformation. YS is slightly reduced from 560 MPa for TNM to 520 MPa 

for TNM+ as mean values at any dwell temperature. The most significant difference between 

the two alloys at room temperature is that the TNM+ samples fracture at a plastic strain level of 

less than 0.1%, while the TNM samples exhibit between 0.5 and 1% of plastic strain. The four 

curves obtained at room temperature for TNM+ samples sintered at the same dwell temperature 

of 1325°C are compared in Figure 5b, showing an outstanding repeatability of the alloy 

properties despite this very small amount of plastic deformation. At 800°C, the TNM+ alloy 

exhibits a lower ductility than TNM, but an increased creep resistance, as expressed by a 



13 
 

pronounced reduction of the minimum creep rate and a doubling of the creep life (Figure 5c 

and d). 

Table 5. Results of tensile tests conducted at room temperature (10-4 s-1 strain rate).  

 Dwell 

temperature 
 

YS 

(MPa) 

R0.2 

(MPa) 

UTS 

(MPa) 

A 

(%) 

T
N

M
+
 

1300 °C Spec 1 545  669 0.09 

1325 °C Spec 1 553  675 0.10 

 Spec 2 487  618 0.04 

 Spec 3 477  590 0.04 

 Spec 4 505  565 0.02 

1360°C Spec 1 545  611 0.06 

T
N

M
 

1300 °C Spec 1 559 771 923 0.73 

 Spec 2 554 759 910 0.75 

1325 °C 

 

Spec 1 

Spec 2 

591 

583 

814 

792 

995 

961 

0.92 

0.81 

Spec 3 

Spec 4 

559 

545 

755 

748 

914 

905 

0.93 

1 

1360 °C Spec 1 538 770 901 0.54 

       

 

 

Figure 5. Mechanical properties of the TNM+ and TNM alloys. a) Comparison of the tensile tests at 

room temperature performed on the two alloys for three different dwell temperatures; b) results of four 

tensile tests performed at room temperature on TNM+ samples sintered at 1325 °C; (c) comparison of 

the tensile curves recorded at 800 °C for the TNM+ and TNM alloys which were densified at different 

dwell temperatures; (d) creep curves at 800 °C under 200 MPa. All temperatures  indicated in the 

diagrams are the dwell temperatures used for the densification of the corresponding material.  
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Both SEM fractographic and EDX chemical analysis were carried on TNM+ tensile 

samples after rupture at room temperature in order to identify the origin of the low ductility of 

this alloy. Figure 6 shows the fracture surface of a sample sintered at a dwell temperature of 

1325 °C. The SEM images obtained at different magnifications with secondary electrons allow 

the identification of the initiation site (marked in the dotted circle in Figure 6a) and indicate a 

predominantly transgranular crack propagation with the presence of facets at the lamellar 

interfaces (Figure 6b), as observed on TNM alloy samples [15]. 

Figures 6c-e display a more precise local analysis of the centre of the crack initiation site 

zoomed in Figure 6b. Figure 6c obtained with back-scattered electrons evidences a clear 

delimitated area characterized by light grey zones around a black centre. The local chemical 

analysis reveals that this delimitated area exhibits an enrichment in Fe, clearly visible in Figure 

6d. Figure 6e indicates the presence of smaller and localized zones rich in Si. Other chemical 

maps not reproduced here, notably of Mo and Nb, show no evidence of other local chemical 

enrichments. The local chemical difference lays principally in the presence of Fe, an element 

not present in the nominal composition of the TNM+ alloy and necessarily the result of a 

pollution introduced during the atomization process or originally present in the ingots used for 

the atomization. The other particularity of this particle is the black contrast in the middle, which 

was identified by means of SEM as cavities. Similar fracture surface investigations were 

performed in three other samples and in all of them such Fe contaminated areas were found as 

the location of the fracture initiation. 

Following this observation, not deformed as-SPSed billets were examined again in the 

SEM. In each of the three studied billets of 36mm diameter, more than ten features similar to 

that identified at the origin of the failure were observed (Figure 6 f). Figure 6 f points out that 

this delimitated area certainly corresponds to a powder particle different from the others and 

that it contains some cavities. Fe and Si EDX maps have confirmed their enrichment in these 

species (Figure 6 g and h). The systematic observation of several of them in a billet indicate 

that their number is sufficiently high to be systematically present on the scale of the volume 

occupied by a tensile specimen. In that situation, weak points are generated that systematically 

lead to the premature rupture of all the specimen tested. 

Concerning the explanation of the presence of the black contrast identified as cavities, two 

hypotheses can be put forward. They may appear during the tensile test, as the Fe-enriched 

particle may present a preferential embrittlement due to its locally different chemistry, or they 

may be due to pre-existing porosities in the initial powder particles. The observation of cavities 
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in the particles of non-deformed TNM  samples (Figure 6 f) seems to confirm the second 

hypothesis. Furthermore, it is difficult to imagine how cavities can be generated at such a low 

elongation level in a room temperature tensile test. 

 

 

 

Figure 6. SEM analysis of a TNM+ tensile sample densified at 1325 °C after rupture at room 

temperature and comparison to a sample free of deformation. (a) Overview of the sample 

section with the crack initiation site circled; (b) enlargement of the site; (c) back-scattered 

electron image of the very centre of the initiation site; (d) corresponding EDX mapping of Fe; 

e) corresponding EDX mapping of Si; (f) contaminated particle in a not deformed as-SPSed 

billet; (g) corresponding EDX mapping of Fe; (h) corresponding EDX mapping of Si. 

3.4 Plasticity of the  phase 

On the one hand, in situ deformation experiments were conducted at room temperature in 

a TEM and, on the other hand, thin foils extracted from specimens previously macroscopically 

deformed at room temperature until rupture were analysed in the TEM. The combination of 

these two approaches is assumed to give complementary information to qualitatively assess the 
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ability of the  phase within the TNM+ alloy to deform plastically. All these TEM investigations 

were performed on TNM+ samples sintered at 1325 °C. 

Figure 7 displays three sequences, (a) to (c), (d) to (g) and (i) to (m), that were extracted 

from the video accessible here and (h) and (m) provide complementary information. Note that 

for the two last sequences, the images were rotated clockwise 32° to save space. T1 and T2 in 

Figure 7a stand for two distinct pre-existing twins that were visible from the beginning of the 

film. They are respectively in planes (1̅11) and (1̅11̅), which are almost edge-on in the plane of 

the micrograph. IP marks the (111) interface plane of the adjacent lamellar zone, which is 

inclined by 43° with respect to the plane of the micrograph. As a result, the tilted interface 

displays a typical contrast made of a network of interfacial dislocations that accommodate the 

misfit between lamellae [34]. Due to the setting out of contrast of all the dislocations by the 

[001] diffraction vector (picture not shown), all the dislocations that were observed to move in 

the sequence are ordinary dislocations. From the determination of the slip traces they left (see 

below), their Burgers vector was clearly determined as b=a/2[1̅10] (bp is the projection of this 

Burgers vector in the observation plane - Figures 7a and d). One can thus see the screw character 

of the lengthy rectilinear segment of dislocations while the non-screw parts are curved. 

The overall deformation is described in Figures 7a to c through a montage of three images 

collected at three distinct moments during the in situ tensile test. It should be emphasized that 

the video is continuous (there is no cutting nor editing), real-time and is an extract from a longer, 

multi-minute video. Between t=2 s (Figure 7a) and t=3.18 s (Figure 7b), the dislocation d1 has 

not moved, but various traces such as Tr1, Tr2, Tr3, or Tr4 (marked by blue arrows in Figure 7b) 

were left on the surface of the sample by the passage of other dislocations. These traces were 

formed in a period of time that was less than the video's temporal resolution (1/25s), which 

indicates that the dislocations that gave rise to them are highly mobile. The signature of a slip 

in (111) planes is indicated by the traces Tr1, Tr2 and Tr3, which are all parallel to the interface 

plane. The Tr4 trace is parallel to another direction, corresponding to the trace of the (111̅) 

plane, i.e. the second slip plane which contains the Burgers vector b=a/2[1̅10] of the activated 

dislocations. The Tr1, Tr2 and Tr3 traces were left by dislocations that have moved downward 

outside the observed area. Trace Tr4, on the other hand, was left by the dislocation d2 moving 

in the other direction, i.e. from bottom to top (Figure 7b). This is explained by cross-slip 

movements of the screw segments, which lead to the formation of open loops of dislocations, 

operating as sources which emit simultaneously upwards and downwards. These multiplication 

mechanisms are easily observed by examining the video. The same cross-slip movements are 

https://www.dropbox.com/s/n33b9ysbumvo1gu/Sequence%204.mkv?dl=0
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also at the origin of debris left in the wake of the dislocations: six examples of them are 

indicated by short pink arrows in Figure 7c where new dislocations, e.g., d3, d4 and d5, have 

also arrived in the area. 

In the second sequence (Figures 7d to g), more details can be observed of the movement 

of one screw dislocation (d6), leading to the formation of such a slip trace. In Figure 7d, 

dislocation d6, which was previously issued from a multiplication event, appears to be elongated 

along its screw direction and anchored at a pinning point (green arrow). Its subsequent 

movement is a succession of short jumps of screw or non-screw segments. All these jumps are 

indicated by small orange arrows positioned on the corresponding starting positions. Between 

Figures 7d and e the upper screw segment jumps, leading to the formation of a non-screw one, 

which is still anchored at the same pinning point (green arrow in Figure 7e). Between Figures 

7e and f, the two screw segments jump and the dislocation escapes from the pinning point, 

allowing this non-screw segment to move. Between Figures 7f and g, the whole dislocation 

escape and leaves the slip traces labelled Tr5 and marked by the small blue triangles in Figure 

7g. All these individual jumps occurred in less than a 1/25s as mentioned previously. This 

rapidity of the jumps is illustrated in Figure 7h which shows the initial and final positions of a 

jump of a dislocation d7 on the same video frame, due to the remanence of the florescent screen 

being longer than 1/25 s. 

The third sequence (Figures 7i to l) follows the glide of two non-screw dislocations, d8 and 

d9, which move also jerkily by jumps. First, between Figures 7i and j, a short segment of 

dislocation d9 jumps over a short distance whereas Figure 7k displays a longer jump of 

dislocations d8, showing its corresponding initial and final positions on this frame. Note that 

these moving non-screw segments are also anchored at some pinning points, which is 

exemplified in more details in Figure 7m, displaying several other examples of such non-screw 

dislocations anchored at pinning points (green arrows).  
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Figure 7. Movements of ordinary dislocations and formation of slip traces in the  phase of the TNM+ 

alloy as observed by in situ tensile tests at room temperature in a TEM. (a) to (c) global movements of 

several ordinary dislocations and formation of several traces; (d) to (i) glide of a screw dislocation d6; 

(h) illustration of the rapidity of the movement through the observation of the initial and final positions 

of a jump on the same frame; (i) to (l) glide of two non-screw dislocations d8 and d9; (m) pinning points 

on non-screw segments. g is the direction of the diffraction vector used for the images. bp is the 

projection of the Burgers vector (b=a/2[1̅10]) in the observation plane. See text for details about other 

indications reported in this figure and about the description of the movements. The times which are 

reported are those of the video.  
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Figure 8. Progression of a mechanical twin in the  phase of the TNM+ alloy as observed by in 

situ tensile experiment in a TEM at room temperature. a) Initial situation (t=0s); b) progression 

of the twin; c) blocking of the twin against another out-of-contrast twin whose direction is 

indicated by the white dotted line.  

Figure 8 is another montage from a video available here with characteristics similar to the 

previous one. The intersection of the plane (1̅11) with the sample's lower and upper surfaces is 

marked in Figure 8a by the two parallel dotted lines. Between these two lines, it is possible to 

identify the typical contrast of a twin, which consists of a series of partial Shockley dislocations 

that leave behind gradual contrast due to a sequence of stacking faults [35]. The first Shockley 

dislocation in this pile-up of dislocations is referred to as LS (Leading Shockley). At the twin 

tip, the distances between the first dislocations are increased with their distance to the leading 

one and then the dislocations become equidistant, as generally observed in TiAl[35-36]. The 

twin has moved downward in Figure 8b (the fixed-point X marked on the three images of the 

montage makes it possible to follow the evolution). The twin's motion is continuous and viscous 

between Figure 8a and Figure 8b (see the video), as well as between Figure 8b and Figure 8c. 

The Shockley dislocations are pinned at small obstacles (green arrows on Figure 8b), which 

were found to control the twin propagation [36]. The LS dislocation in Figure 8c is perfectly 

parallel to the dotted line and the twin stopped progressing because it locked onto a second twin 

invisible due to the diffracting vector used. Its location in a (1̅11̅) plane is practically edge-on, 

whose trace is represented by the dotted line. It can be seen that debris and dislocations are 

present to the right of the twin, in the region above the X mark, and they do not change during 

the time interval covered in Figure 8. These dislocations are ordinary dislocations with 

dynamics identical to those observed in Figure 7. In Figure 8b, three of the debris structures are 

indicated by short pink arrows and one ordinary dislocation is indicated by the letter d. 

These in situ deformation experiments have shown that the  phase of the TNM+ alloy can 

deform easily by twinning and glide of ordinary dislocations. Complementary TEM 

https://www.dropbox.com/s/bnm2d89q1fgmmh4/Sequence%205.mkv?dl=0
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investigations of the deformation microstructure in samples deformed at room temperature were 

performed to check the distribution of the deformation in the bulk material. Figure 9 displays 

the deformation spreading in a 595 µm2 zone extracted from a TNM+ sample. The orientations 

of all the  grains were determined as described in Section 2. As recalled in Section 3.1 and 

exemplified in Figure 3, a lamellar grain is typically surrounded by some  zones, which take 

the orientation of the predominant orientation of this grain. Considering “lamellar colonies” as 

the set of the lamellar grains and its satellite  grains, the overview of this region is shown in 

Figure 9a. The schematic drawing in Figure 9b illustrates the state of deformation of each 

lamellar zone (LZ) or  grain (Z) following a colour code explained just below. The colours 

indicate the state of deformation, i.e. grey zones do not contain deformation dislocations, while 

zones in colour do. For the whole area depicted in Figure 9, four colonies were identified and 

distinguished by colour: blue for the colony 1, green for 2, purple for 3, and brown for 4. The 

correspondingly coloured full lines surround the whole colonies. For instance, the lamellar 

colony 1 contains the lamellar zone LZ1 and five  grains, labelled from Z1a to Z1e. It is 

worth noting that 10  grains labelled from Z5 to Z14 were not found to have an orientation 

correlated to one of the four studied lamellar colonies; they are surrounded by a full orange line 

and coloured in yellow when containing some deformation dislocations. These γ grains most 

likely belong to lamellar zones that were removed during the preparation and, thus, are not 

contained within the thin foil. 

The lamellar zone LZ1 and three of its five  satellites contain some dislocations, as 

illustrated by their blue coloration (note: the level of blue has no significance, several shades 

have been used to distinguish the different areas.). No other lamellar zones, only one satellite 

grain (Z2a) and four isolated  grains (Z5, Z6, Z7 and Z14) of the 10 grains present show 

some marks of deformation. The white region has not been studied. 

 



21 
 

 

Figure 9. Post-mortem analysis of a 595 µm2 area of a TNM+ specimen by TEM. a) Bright field image 

of the area; b) schematic drawing of the same area on which is indicated the type of microstructural 

feature (LZ for lamellar zones, γZ for γ grains). See text for the explanation of the colour code. The 

white area has not been analysed. 

Concerning the lamellar zones, it is interesting to note, that, by measuring the angle 

between the macroscopic tensile axis and the respective interface planes of the lamellar zones, 
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the zones LZ1 and LZ4 can be distinguished from the zones LZ 2 and LZ 3 in terms of soft and 

hard modes [37]: the first two are in soft mode (angles of 47º and 46º, respectively) while the 

other two are in hard mode (angles of 74º and 90º, respectively). This distinction is consistent 

with the observations of the deformation microstructure since no deformation occurs in LZ2 

and LZ3. As for the two soft mode zones, LZ1 has deformed, but not LZ4, which might be less 

favourably oriented than LZ1 when considering the orientation of the Burgers vectors of 

ordinary dislocations and the tension/compression asymmetry for twinning: the low 

deformation of the specimen leads to a deformation which is only localized in the most 

favourable zones in terms of local stress and does not need to extend beyond. In this respect, 

the not deformed lamellar zones (LZ2, LZ3, LZ4) are twice as large as the deformed lamellar 

zone LZ1 (they represent 36% of the total surface studied when LZ1 represents 17%) and, in 

total, the deformed zones (LZ+Z) represent 27% of the total surface studied. 

Some examples of dislocations observed in the samples deformed at room temperature are 

displayed in Figure 10. An area with two lamellae oriented in soft modes is shown in Figures 

10a and b. In Figure 10a, in which the interface plane is tilted, one dislocation loop in lamella 

L1 and five short dislocations in lamella L2 are marked by white arrows. In Figure 10b, the 

interface plane is edge-on, the diffracting vector is perpendicular to this plane and all the 

dislocations are out of contrast. The complete TEM analysis has shown that all these 

dislocations are ordinary dislocations with their Burgers vector parallel to the interface plane, 

thus moving in this interface plane. This situation is consistent with the soft mode for which the 

Schmid factor is maximum in planes parallel to the interface, allowing dislocations to propagate 

over long distances without encountering obstacles. Another lamella oriented in soft mode is 

displayed in Figure 10c for which the interfaces are inclined and the deformation occurred by 

mechanical twins in planes parallel to the interface plane. In Figure 10d, the deformation 

microstructure of a  grain situated at a border is illustrated in which both the presence of twins 

and of ordinary dislocations of screw character, accompanied by a certain amount of debris, are 

observed.  

Therefore, these post mortem observations and the in situ experiments show that the  phase 

of the TNM+ alloy deforms at room temperature according to classical mechanisms (ordinary 

dislocations and mechanical twinning) and that the activation of the soft mode in the favourably 

oriented zones makes plasticity easy and provides all the necessary deformation systems. 
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Figure 10. Several examples of deformed zones in thin foils extracted from TNM+ specimens which 

were deformed at room temperature. (a) and (b) lamellae oriented in soft mode containing some ordinary 

dislocations which have glided in a plane parallel to the interface plane; (c) twins in a lamella oriented 

in soft mode; (d) ordinary dislocations and a deformation twin in a  zone of a border. 
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4. Discussion 

4.1 Microstructural evolution during SPS 

The main microstructural difference between the as-SPSed TNM and TNM+ alloys is the 

almost complete absence of βo phase in the TNM+ alloy, as displayed in Figure 1. This 

behaviour can essentially be attributed to the alloys’ chemical composition. Figure 11 shows 

the experimental quasi-binary phase diagram of the TNM alloying system as a function of the 

C content [26]. The zero C content and the red line describe the TNM and TNM+ alloy, 

respectively. In the case of the TNM alloy, the β/βo phase is thermodynamically stable in the 

temperature range of interest as predicted by the phase diagram. In case of the TNM+ alloy, the 

situation is different. As evidenced by the microstructures after the 1 hour heat treatments 

shown in Figure 4a, where no /o is present and only the 2 phase is observed, a single α phase 

field region is present at 1300 °C. On the other hand, both the α and β phases are stable at higher 

temperatures, i.e. 1360 °C, consistently with the phase diagram shown in Figure 11. A similar 

behaviour was reported by Klein et al. [38], who observed the presence of an (α+β) phase field 

region at 1340 °C in a TNM+ alloy. The presence of the α phase field region can be explained 

by the addition of the α-stabilizing element C in the TNM+ alloy. Additionally, the higher 

content of α-stabilizing Al (43.1 at.%) and a lower amount of β-stabilizing Nb (3.4 at.%) of the 

TNM+ alloy studied in this work, compared to the TNM alloy, even further promote this 

particular phase field region [9]. With respect to Si, no substantial changes to the occurring 

phases can be expected for the contained amount of this element [27]. The relationship between 

the orientation of the  border grains with that of the lamellar grains is consistent with the 

absence of  phase at the temperature at which the  precursor phase starts to form. This is in 

contrast to the case of TNM for which the  grain orientation was measured to be related to that 

of o grains. The situation might be similar to that of the IRIS alloy, for which correlated 

nucleation of the  phase present at the borders and in the lamellar zones from the α phase was 

proposed to explain the final microstructure of the alloy [16]. 
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Figure 11. Quasi-binary phase diagram of the Ti-43.5Al-4Nb-1Mo-0.1B-xC (at.%) system as 

determined by Schwaighofer et al. [26]. The red line indicates the C content of the studied TNM+ alloy. 

Adapted with permission from Ref. [26]. 

Although addition of C introduce an α and an (α+ phase field region, according to the 

phase diagram (Figure 11) the β/βo phase is stable again at lower temperatures in the TNM+ 

alloy. However, only very few precipitates of this phase (Figures 2 and 3) can be found in the 

SPS microstructures of this alloy. Consequently, this almost complete absence of βo must be 

related to the kinetics of the associated phase transformations, i.e. the formation retardation of 

β/βo phase at lower temperatures, as well as a dissolution of the high-temperature β phase during 

cooling through the α phase field region. This fact is highlighted by the microstructures after 

heat treatments replicating the temperature profile of the SPS densification. In particular, the 

short holding time in the (α+β) phase field region is expected to reduce the amount of high-

temperature β phase, when compared to thermodynamic equilibrium. Following the cooling 

segment at 100 °C/min during the crossing of the α phase field region, most of the β phase 

dissolves. The minor fraction of β phase that is still present at 1200 °C at the triple points of the 

α/α2 grains is most likely attributed to the different starting material when compared with SPS. 

More precisely, the heat treatments were conducted on densified SPS material, while SPS starts 

from powders, which, generally, are far from thermodynamic equilibrium [39,40], thus 

containing high internal energy able to promote phase transformation. However, the 

suppression of β/βo phase formation at lower temperatures can be attributed to the slow 

diffusion of the β-stabilizing elements Nb and Mo, leading to a sluggish phase transformation 

behaviour, combined with the rather high cooling rate employed during SPS [9,17,41]. 

Furthermore, the SPS microstructure of the TNM alloy densified at 1300 °C, which does not 
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exhibit a continuous layer of βo phase at the colony borders, can also be explained by the 

formation retardation of the β phase during SPS. In the case of the IRIS alloy, a secondary 

precipitation of o phase, very scarcely observed in the TNM+ alloy, is activated due to a higher 

temperature of β/βo transformation [16]. 

4.2 Plasticity and brittleness of the as-SPSed TNM+ alloy 

It was established through a SEM examination of the fracture surface of the samples 

deformed at room temperature that Fe-rich inclusions in the TNM+ alloy are responsible for the 

samples' early failure. Due to their size and circular shape, these inclusions were thought to be 

the result of Fe contamination of some of the powder particles. Similar behaviour was 

previously observed for a Nb containing TNB alloy that was densified by SPS, where Fe 

inclusions were linked with the early failure of two of a set of seven samples [42]. Due to its 

duplex microstructure, this TNB alloy exhibited a considerably different tensile curve at room 

temperature than near lamellar alloys, including the TNM+ alloy: the yield strength is followed 

by a plateau without any hardening until the specimen breaks. The seven TNB samples had a 

yield strength of roughly 800 MPa. The yield strength was definitely exceeded in the tensile 

tests of the two samples containing Fe inclusions, and failure followed very slight plastic 

deformation - less than 0.1% - as it did in the current investigation. It should be emphasized 

that the specimens of the TNM+ alloy failed at a much lower stress than those of the TNB alloy. 

Therefore, it appears from these two investigations that, regardless of the stress level, the onset 

of fracture on Fe inclusions requires a minimal amount of prior plastic deformation, whose 

effect is probably to produce internal stresses. 

The authors of this TNB study [42] attributed the Fe contamination to impurities in the Ti 

sponges used to elaborate the master ingot that was later atomized. Contamination along the 

powder production supply chain, however, cannot be completely ruled out. The TNM+ powder 

appears to be more contaminated than the TNB powder, for which only two out of seven 

samples failed early, which is consistent with the detection of several areas of Fe contamination 

in all SPS samples analysed after the origin of the rupture was determined. This study 

demonstrates the critical role that powder quality plays in producing SPS materials with high 

mechanical properties. In addition, a recent study of W segregations has shown the impact of 

the initial ingot quality for that of the final SPS product [43]. 

Aside from the issue of this early fracture at room temperature, plastic deformation of the 

TNM+ alloy can be activated easily. It begins at a relatively low stress level and develops 
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through mechanical twinning and glide of ordinary dislocations, as seen in most TiAl alloys, 

particularly the as-SPSed IRIS [44] and TNM [15] alloys. Both of these systems in TNM+ 

exhibit characteristics that are typical of TiAl alloys. The twins glide via a continuous, viscous 

movement of pinned Shockley dislocations, which are distributed as a pile-up at their tip and 

then with an equidistant distribution [35]. Ordinary dislocations which are elongated and 

rectilinear along their screw direction move in a jerky manner by jumps, and are anchored at 

small pinning points, e.g. see Ref. [45]. Furthermore, we found that in the TNM+ alloy, unlike 

in TiAl alloys from the first generations, such as binary alloys [45], the non-screw-dislocations 

are anchored at the pinning sites, like in alloys containing heavy elements, such as IRIS [44] 

and TNM [15]. As IRIS and TNM do not contain Si and C, this pinning should result from an 

elastic interaction between the non-screw dislocation core and the incorporated heavy atoms, 

which may have segregated on the chemical clusters at their origin. 

The deformation is able to spread in  grains at the colonies’ borders and in the  lamellae 

of soft oriented lamellar grains. It is reasonable to expect that a TNM+ alloy free of Fe inclusions 

will have mechanical properties at room temperature that are similar to those of the as-SPSed 

TNM alloy: R0.2 and UTS of nearly 800 MPa and 950 MPa, respectively, and an intrinsic limit 

of plastic elongation between 0.5 % and 1 %, since it has recently been shown that o has no 

detrimental effect on the brittleness of the TNM alloy [46]. The addition of C and Si appears to 

have no impact on the tensile properties of TNM alloys at room temperature and at 800 °C, 

according to the current results. However, C and/or Si seem to enhance the creep resistance, 

probably as a result of a change in the mobility of climbing dislocations [47], which deserves 

further investigation. 

5. Conclusion 

The microstructure and mechanical properties of a TNM+ alloy (Ti-43.5Al-4Nb-1Mo-

0.1B-0.3C-0.3Si (at.%)) densified by Spark Plasma Sintering were studied in this work. Based 

on a comparison with the behaviour of a previously investigated as-SPSed TNM alloy [15], a 

particular attention was paid to the influence of C and Si in the chemical composition of the 

alloy.  

All of the experimental observations regarding microstructures match with the phase 

diagram of the Ti-43.5Al-4Nb-1Mo-0.1B-xC (at.%) system that was previously established 

[26]. The incorporation of C causes the disappearance of the o phase, which was explained by 

the existence of a single  phase field region in which the dwell temperature of the SPS cycle 
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is located. Despite the / phase stability at low temperature, a secondary precipitation during 

cooling of this phase occurs very scarcely due to the low diffusivity of Nb and Mo and to the 

low temperature of the corresponding structural transformation. 

The tensile behaviour of the as-SPSed TNM+ alloy suffers from the presence of Fe 

inclusions, which reduce the alloy ductility to less than 0.1 % of plastic strain. In contrast, this 

alloy appears to exhibit plastic behaviour, as evidenced by a deviation of the tensile curve from 

the elastic straight line at about 520 MPa and in the activation of mechanical twinning and glide 

of ordinary dislocations in the single-phase  grains as well as in the /α2 lamellar zones oriented 

in soft mode. In other words, the TNM+ alloy's plastic deformation properties are comparable 

to those of C- and Si-free TiAl alloys, and high strength and improved elongation to fracture 

might be expected at room temperature by eliminating the Fe contamination. Incorporation of 

C and Si improves the creep resistance of the TNM+ alloy at 800 °C and a load of 200 MPa. 
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