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Intergranular failure of nickel (Ni) single grain boundaries (GBs) owing to the segregation of sulfur (S), hydrogen (H), and their co-segregation has been investigated by employing micro-cantilever bending tests and density functional theory (DFT) calculations. A pure Ni GB shows completely plastic behavior with no fracture observed in the experiments. Electrochemical H-charging of the sample with no S present in the GB leads to a crack formed at the notch tip, which propagates by means of the mixed plastic-brittle fracture mode. Cantilever testing of the H-charged GB with S results in a clear brittle fracture of the GB. The co-segregation of S and H shifts the sudden drop in the load-displacement curves to smaller values of displacement. This is explained by the combined effect of these elements on the work of separation of the selected GB leading to severely decreased GB cohesion.

Introduction

Grain boundaries (GBs) are known as a common defect in metals and their alloys. As they possess higher energy compared with the bulk crystal, GBs are preferential sites for impurities to segregate. This segregation process is thermodynamically favorable if it reduces the total energy of the system. Depending on the segregation energy difference between the GB and free surface formed during fracture, segregated elements in the GB can be evaluated in terms of their influence on the GB embrittlement within the framework of the Rice-Wang theory of brittle fracture [START_REF] Lejček | Grain Boundary Segregation in Metals[END_REF][START_REF] Lejček | Interfacial segregation and grain boundary embrittlement: An overview and critical assessment of experimental data and calculated results[END_REF][START_REF] Rice | Embrittlement of interfaces by solute segregation[END_REF]. Fracture mode transition can be occurred due to (i) segregated embrittling metalloid impurities, hydrogen or alloying elements, (ii) precipitation formation, (iii) embrittling environmental species such as hydrogen adsorption to the GB [START_REF] Lynch | A review of underlying reasons for intergranular cracking for a variety of failure modes and materials and examples of case histories[END_REF]. Intergranular (IG) fracture is one of the most dangerous technical failures in metals and alloys which proceeds quickly owing to the interconnected network of the GBs. This type of failure is usually hard to detect prior to final rupture. The focus of this study is on nickel (Ni), one of the basic engineering materials, which has a face-centered cubic (FCC) crystal structure. Owing to the greater number of slip systems available in this structure, it is intrinsically ductile [START_REF] Mahalingam | The ductilebrittle transition for nominally pure polycrystalline nickel[END_REF]. However, IG fracture of this metal can occur even at room temperature; this is usually associated with GB segregation of atoms of impurities [START_REF] Lozinsky | Investigation of the influence of zirconium additions on the ductility and deformation structure of nickel over a wide temperature range[END_REF][START_REF] Larere | Auger electron spectroscopy study of the kinetics of intergranular and surface segregations in nickel during annealing[END_REF].

Various elements can segregate to Ni GBs. Comparing the embrittling effect of the different solute elements such as Sn, Sb, P, and S to the Ni GB, it was found that S was one of the most detrimental GB segregating elements owing to its high segregation potency and its major effect on the mechanical properties of the interfaces [START_REF] Bruemmer | Influence of sulfur, phosphorus, and antimony segregation on the intergranular hydrogen embrittlement of nickel[END_REF][START_REF] Geng | Embrittling and strengthening effects of hydrogen, boron, and phosphorus on a σ5 nickel grain boundary[END_REF][START_REF] Razumovskiy | First-principles-aided design of a new Ni-base superalloy: Influence of transition metal alloying elements on grain boundary and bulk cohesion[END_REF]. Sulfur (S) segregation to GBs in Ni is reported to convert the fracture mode of the material to IG failure by changing the local cohesive strength of the GB [START_REF] Mahalingam | The ductilebrittle transition for nominally pure polycrystalline nickel[END_REF]. Atomic hydrogen (H) is another detrimental element that can be introduced into the material throughout the manufacturing process or can be adsorbed under service conditions such as exposure to cathodic protection, corrosion processes, or environments containing H gas. The embrittling effect of H on Ni and Ni alloys, and the correlation between the solute H concentration and the fracture mode transition have been studied extensively [START_REF] Jones | Hydrogen pressure dependence of the fracture mode transition in nickel[END_REF][START_REF] Latanision | The intergranular embrittlement of nickel by hydrogen: The effect of grain boundary segregation[END_REF][START_REF] Bertsch | Hydrogen-induced compatibility constraints across grain boundaries drive intergranular failure of ni[END_REF] which concluded with some proposed models to explain the metal-H interaction. Some of these mechanisms such as hydrogen-enhanced decohesion (HEDE) [START_REF] Vehoff | Gaseous hydrogen embrittlement in fesi-and ni-single crystals[END_REF] is put forward based on the H effect on the cohesive strength weakening by dilatation of the atomic lattice bonding [START_REF] Djukic | The synergistic action and interplay of hydrogen embrittlement mechanisms in steels and iron: Localized plasticity and decohesion[END_REF]. Since the hydrogen induced decohesion (HID) mechanism does not consider the plastic interaction of the H with dislocations, other mechanisms such as adsorptioninduced dislocation emission (AIDE) and hydrogen-enhanced localized plasticity (HELP) were taken into account.

Based on AIDE mechanism weakening of the interatomic bonds due to adsorbed H results in the dislocation emission from the crack tip which led to void nucleation and their coalescence ahead of the crack [START_REF] Lynch | A review of underlying reasons for intergranular cracking for a variety of failure modes and materials and examples of case histories[END_REF]. Effect of absorbed H on lattice dislocations, however, is considered in the HELP mechanism. This mechanism suggested the increased mobility of the dislocations motion and their tendency to pack closer together in the presence of H [START_REF] Martin | Enumeration of the hydrogen-enhanced localized plasticity mechanism for hydrogen embrittlement in structural materials[END_REF]. Almost all mechanisms are agreed on the role of H on dislocation nucleation enhancement which is explained by defectant theory [START_REF] Kirchheim | Solid solution softening and hardening by mobile solute atoms with special focus on hydrogen[END_REF], based upon thermodynamic consideration. This model suggests that the dislocation formation energy is reduced by H segregation to the dislocations. Beyond this step, usually a combination of the embrittling mechanisms are favored to explain the nano-micro scale phenomena behind the observed degradational effect in the presence of H.

As an example, IG cracking of Ni in the presence of H is explained by HELP mediated HEDE model [START_REF] Martin | Hydrogen-induced intergranular failure in nickel revisited[END_REF]. Plasticity enhancement by H increases the GB stress level. In addition, transport of H by dislocations to the GBs increases the GB H concentration and H accumulation in the GB would facilitate the GB interatomic debonding. Other possible mechanisms are also proposed in the literature [START_REF] Metsue | Hydrogen solubility and vacancy concentration in nickel single crystals at thermal equilibrium: New insights from statistical mechanics and ab initio calculations[END_REF]. Despite the discrepancies on the involved embrittlement mechanism, there is agreement in the literature on fracture mode transition to IG fracture by increasing the H fugacity in the material [START_REF] Jones | Hydrogen pressure dependence of the fracture mode transition in nickel[END_REF]. Up to now, most IG failure studies investigating the effect of segregated impurities such as H or S or their co-segregation on the mechanical properties of the alloy have been confined to polycrystalline materials. Diversity in the GB type and heterogeneity of the segregated element concentration in each GB results in different critical S or H concentration amounts that can induce IG cracking [START_REF] Jones | Hydrogen pressure dependence of the fracture mode transition in nickel[END_REF][START_REF] Heuer | Relationship between segregation-induced intergranular fracture and melting in the nickel sulfur system[END_REF]. Therefore, using polycrystalline materials, it is difficult to find a direct relationship between a selected GB type and segregation parameters and the mechanical response of that specific GB. However, a few studies can be found that have investigated a single GB. Vehoff et al. examined the effect of S and H on the GB embrittlement by growing a bi-crystal [START_REF] Vehoff | The effects of hydrogen and segregation on fatigue crack nucleation at defined grain boundaries in nickel bicrystals[END_REF]. However, this approach to test a specific GB is quite difficult and also suffers from a lack of reproducibility. Following the introduction of focused ion beam (FIB) scanning electron microscopy (SEM) technology, nowadays it is possible to make a series of identical micrometer-sized specimens in favorable positions on the material. The microcantilever bending test, which has drawn a lot of attention since its first use in 2005 [START_REF] Di Maio | Measuring fracture toughness of coatings using focused-ion-beam-machined microbeams[END_REF], is an interesting method to explore the micro-mechanical variation of materials [START_REF] Ast | A review of experimental approaches to fracture toughness evaluation at the micro-scale[END_REF]. Putting a specific GB in the micro-cantilever makes it more convenient to study the segregation and environmental parameters on the mechanical behavior of the GB [START_REF] Dugdale | How oxidized grain boundaries fail[END_REF][START_REF] Stratulat | Micro-mechanical measurement of fracture behaviour of individual grain boundaries in ni alloy 600 exposed to a pressurized water reactor environment[END_REF].

Combining micro-milling with an electron back-scattered diffraction (EBSD) method enables us to select a favorable GB and test a series of identical cantilevers under different testing conditions. In addition, by confining the testing size to a micrometer scale and considering a specific GB, it is possible to compare the results with atomistic calculations, which can provide a fundamental understanding of the GB segregation and quantify the segregation-induced changes in GB cohesion. One of the prominent examples is the simulation of HEDE of GB in Ni [START_REF] Geng | Embrittling and strengthening effects of hydrogen, boron, and phosphorus on a σ5 nickel grain boundary[END_REF][START_REF] Yamaguchi | Energetics of segregation and embrittling potency for non-transition elements in the ni Σ 5 (012) symmetrical tilt grain boundary: a first-principles study[END_REF][START_REF] Yamaguchi | First-principles study on segregation energy and embrittling potency of hydrogen in ni Σ 5(012) tilt grain boundary[END_REF][START_REF] Stefano | First-principles investigation of hydrogen trapping and diffusion at grain boundaries in nickel[END_REF][START_REF] He | Hydrogen-enhanced decohesion mechanism of the special Σ5(012)[100] grain boundary in ni with mo and c solutes[END_REF], which has shown that atomic H tended to segregate to the Ni GB and demonstrated the GB embrittling effect. Moreover, the synergistic effect between segregated impurities has drawn attention to the investigation of solute co-segregation at GBs, such as H-carbide co-segregation [START_REF] Depover | Evaluation of the effect of v4c3 precipitates on the hydrogen induced mechanical degradation in fe-c-v alloys[END_REF][START_REF] Depover | Hydrogen trapping and hydrogen induced mechanical degradation in lab cast fe-c-cr alloys[END_REF], H-Cr co-segregation in α-Fe GB [START_REF] He | First-principles investigation into the effect of cr on the segregation of multi-H at the Fe Σ 3 (111) grain boundary[END_REF][START_REF] Yuasa | First-principles study of hydrogen-induced embrittlement in Fe grain boundary with Cr segregation[END_REF], C-O co-segregation in α-Ti GB [START_REF] Aksyonov | The impact of carbon and oxygen in alpha-titanium:ab initiostudy of solution enthalpies and grain boundary segregation[END_REF], C, B, O, Fe, and Hf co-segregation in Mo GB [START_REF] Scheiber | Impact of solute-solute interactions on grain boundary segregation and cohesion in molybdenum[END_REF], or H-C and H-Mo co-segregation in Ni GB [START_REF] He | Hydrogen-enhanced decohesion mechanism of the special Σ5(012)[100] grain boundary in ni with mo and c solutes[END_REF]. Although S is known to segregate to Ni GBs and decrease GB cohesion [START_REF] Razumovskiy | First-principles-aided design of a new Ni-base superalloy: Influence of transition metal alloying elements on grain boundary and bulk cohesion[END_REF][START_REF] Yamaguchi | Grain boundary decohesion by impurity segregation in a nickel-sulfur system[END_REF][START_REF] Yamaguchi | Response to comment on "grain boundary decohesion by impurity segregation in a nickel-sulfur system[END_REF][START_REF] Geng | Comment on "grain boundary decohesion by impurity segregation in a nickel-sulfur system[END_REF][39], the H-S interaction and its co-segregation effect as well as the kinetics of H-S segregation in Ni GB have not been studied sufficiently at the atomic level.

In this study, micro-mechanical testing is combined with atomistic calculations to study the co-segregation effect of S and H in selected GBs. Selected GBs are tested with the micro-cantilever method to investigate the interaction of segregated impurities in GBs and their effect on the mechanical properties. From the computational side, this study applies density functional theory (DFT) to investigate the fundamentals of segregation and co-segregation of H with S in Ni and its effect on the GB cohesive strength using the Rice-Thomson-Wang theory of interface embrittlement [START_REF] Rice | Embrittlement of interfaces by solute segregation[END_REF][START_REF] Rice | Ductile versus brittle behaviour of crystals[END_REF].With this approach, the focus is on the HEDE mechanism of H embrittlement (HE), which is the dominant mechanism at high H concentrations [START_REF] Djukic | The synergistic action and interplay of hydrogen embrittlement mechanisms in steels and iron: Localized plasticity and decohesion[END_REF]. Furthermore, the kinetics of H and S segregation to a Ni GB are investigated using our calculated segregation energies DFT and the McLean isotherm [START_REF] Lejček | Grain Boundary Segregation in Metals[END_REF][START_REF] Mclean | Grain Boundaries in Metals[END_REF][START_REF] Scheiber | Kinetics of grain boundary segregation in multicomponent systems The example of a Mo-C-B-O system[END_REF][START_REF] Scheiber | On solute depletion zones along grain boundaries during segregation[END_REF]. The results of this study can be used to strengthen Ni and its alloys via GB engineering against environmental conditions.

Method

Materials and characterization

Two types of Ni samples were used in this study: (i) a pure Ni sample; and (ii) a S-doped Ni sample. The polycrystalline high-purity Ni sample (99.99 %) was produced by the zone refining process. Disk-shaped samples with a diameter of 12 mm and thickness of 4 mm were annealed in vacuum at 1250 • C for 72 h followed by furnace cooling as the final heat treatment step. The annealing process lead to grain growth with an average size of ∼2 mm and GBs perpendicular to the surface of the sample [START_REF] Kheradmand | An insight into the role of the grain boundary in plastic deformation by means of a bicrystalline pillar compression test and atomistic simulation[END_REF]. The S-doped sample contains 5.4 wt ppm of S in solid solution condition measured by a glow discharge mass spectroscopy technique. Following casting, hot rolling and cold rolling processes were carried out to decrease the thickness of the ingot to 3 mm. Afterwards, the material was annealed 72 h at 1300 • C and 24 h at 1000 • C followed by water cooling. The average grain size of ∼350 µm was obtained at this step. Equilibrating the material for 60 days at 600 • C resulted in S segregation to the GBs. Wavelength dispersive X-ray spectroscopy (WDS) measurements were conducted to detect the segregated S amount at the GBs as described in [START_REF] Christien | Cross-sectional measurement of grain boundary segregation using wds[END_REF]. Sulfur was the only segregated element detected at the GBs. The S measurement profiles alongside the corresponding SEM images of the GBs are shown in Fig. 1. The measured S content was corrected by obtaining the GB angle relative to the sample surface using a FIB (Table 1). According to the measurements, the amount of S at the GB can vary between 27 and 57 ng cm -2 . The sample surfaces were prepared by normal grinding and finally electropolished in a solution of 1 Molar methanolic H 2 SO 4 to reach a maximum surface roughness of ∼1 nm in a surface with an area of 100 µm 2 [START_REF] Barnoush | Recent developments in the study of hydrogen embrittlement: Hydrogen effect on dislocation nucleation[END_REF]. The electropolishing process was carried out at 30 V for 30 s. EBSD characterization was used to select the GBs of interest in both pure and S-doped Ni samples.

GB1 GB2 GB3

Micro-cantilever milling and testing

Bi-crystal micro-cantilevers were milled by the FEI Helios DualBeam TM FIB system on the GBs listed in Table 2 and highlighted by arrows in Fig. 2(a) and (b) to the dimensions presented in Fig. 2(c). The GB angle relative to the sample surface was checked to be in the range of 80-90 • prior to milling of the bi-crystal beams as shown in Fig. 2(c 1 ) and (c 2 ). The tested GB in the pure Ni sample is named PNi1. For the S-doped Ni samples, one with a random GB was named NiS1 and another sample with a Σ5-type GB was named NiS2. To obtain a clean surface, the ion current density of 98 pA at 30 kV was selected during the final cleaning step. To intentionally intensify the stress concentration to the GB, a notch with the very low current density of 9.8 pA was milled aiming the GB to be positioned directly below the notch. The micro beam bending tests were performed in two H-free and in situ electrochemical H-charged conditions using Hysitron TI 950 TriboIndenter R system. Displacement control mode was used to bend the cantilevers with a displacement rate of 2 nm s -1 at room temperature. A long shaft conical tip with a nominal tip radius of 500 nm was used for bending the cantilevers in liquid. A miniaturized three-electrode electrochemical setup consisting of a platinum counter, working (test material), and Hg/HgSO 4 reference electrodes was used in this study. The reference electrode was connected to the cell through a double junction integrated to the TriboIndenter to perform the in situ bending tests [START_REF] Barnoush | In situ electrochemical nanoindentation: A technique for local examination of hydrogen embrittlement[END_REF][START_REF] Hajilou | In situ electrochemical microcantilever bending test: A new insight into hydrogen enhanced cracking[END_REF].

The micro-beams were charged with a cathodic current density in the range of -60 to -100 µA cm -1 at -1450 to -1600 mV potential versus the Hg/HgSO 4 reference electrode. A glycerol-based solution with the composition of 1.3 M borax in glycerol mixed with 20 % distilled water was used as the H-charging electrolyte [START_REF] Hajilou | In situ small-scale hydrogen embrittlement testing made easy: An electrolyte for preserving surface integrity at nano-scale during hydrogen charging[END_REF]. Additional bending tests were performed on the GB called NiS2, which was H-charged by the glycerol-based solution with the addition of 0.002 M Na 2 S 2 O 4 to the solution as the H-recombination poison. High-resolution SEM imaging and cross-sectional slicing by FIB were used to track the crack propagation path versus the GB position. 

Computational details

Spin polarized DFT calculations have been performed using the projector-augmented wave (PAW) [START_REF] Blöchl | Projector augmented-wave method[END_REF][START_REF] Kresse | From ultrasoft pseudopotentials to the projector augmented-wave method[END_REF] method as implemented in the Vienna Ab initio simulation package (VASP) [START_REF] Kresse | Ab initio molecular dynamics for open-shell transition metals[END_REF][START_REF] Kresse | Efficiency of ab-initio total energy calculations for metals and semiconductors using a plane-wave basis set[END_REF]. The Perdew-Burke-Ernzerhof (PBE) form of generalized gradient approximation (GGA) has been used for the exchange-correlation potential [START_REF] Perdew | Generalized gradient approximation made simple[END_REF]. The plane-wave basis set cutoff energy has been set to 400 eV. The convergence criteria of self-consistent calculations have been set to 10 -5 eV/cell for the total energy and to 9 × 10 -3 eV/Å for the atomic forces. The integration over the Brillouin zone has been done using the 4 × 4 × 1 Monkhorst-Pack k-mesh [START_REF] Monkhorst | Special points for brillouin-zone integrations[END_REF] for all slab geometry calculations and using the 4 × 4 × 4 k-mesh in the 3 × 3 × 3 (conventional FCC cell) bulk supercell calculations. The lattice parameter has been fixed to 3.515 Å [START_REF] He | Hydrogen-enhanced decohesion mechanism of the special Σ5(012)[100] grain boundary in ni with mo and c solutes[END_REF] and only the ions have been allowed to relax in all slab and bulk calculations. The Ni Σ5(012) coincidence site lattice (CSL) symmetric tilt GBs has been modeled using a 76-atom GB slab with 19 layers and 4 atoms/layer [START_REF] He | Hydrogen-enhanced decohesion mechanism of the special Σ5(012)[100] grain boundary in ni with mo and c solutes[END_REF]. The Ni Σ5(012) GB structure used in this work and an illustration of GB cleavage are shown in Fig. 3.

The site preference of H and S impurities in the bulk of FCC Ni has been studied by means of DFT calculations in a number of publications [START_REF] Stefano | First-principles investigation of hydrogen trapping and diffusion at grain boundaries in nickel[END_REF][START_REF] He | Hydrogen-enhanced decohesion mechanism of the special Σ5(012)[100] grain boundary in ni with mo and c solutes[END_REF][START_REF] Kandaskalov | First-principles study of sulfur multi-absorption in nickel and its segregation to the ni(100) and ni(111) surfaces[END_REF][START_REF] Connétable | First-principles nickel database: Energetics of impurities and defects[END_REF][START_REF] Nazarov | Ab initio study of H-vacancy interactions in fcc metals: Implications for the formation of superabundant vacancies[END_REF]. The results have shown that H prefers to occupy the octahedral interstitial site [START_REF] Stefano | First-principles investigation of hydrogen trapping and diffusion at grain boundaries in nickel[END_REF][START_REF] He | Hydrogen-enhanced decohesion mechanism of the special Σ5(012)[100] grain boundary in ni with mo and c solutes[END_REF][START_REF] Connétable | First-principles nickel database: Energetics of impurities and defects[END_REF][START_REF] Nazarov | Ab initio study of H-vacancy interactions in fcc metals: Implications for the formation of superabundant vacancies[END_REF] and S substitutes the lattice sites [START_REF] Kandaskalov | First-principles study of sulfur multi-absorption in nickel and its segregation to the ni(100) and ni(111) surfaces[END_REF][START_REF] Connétable | First-principles nickel database: Energetics of impurities and defects[END_REF] in the bulk. Here, we use these results and define the GB segregation energy as the total energy difference between the bulk of the material with an impurity atom occupying the most-stable site (interstitial octahedral for H and substitutional for S) and the system with an impurity atom situated at the GB (both substitutional and interstitial sites are considered). The methodology to obtain GB segregation energies (E gb seg ) and the work of separation W sep from DFT calculations is described in detail in [START_REF] Razumovskiy | First-principles-aided design of a new Ni-base superalloy: Influence of transition metal alloying elements on grain boundary and bulk cohesion[END_REF][START_REF] He | Hydrogen-enhanced decohesion mechanism of the special Σ5(012)[100] grain boundary in ni with mo and c solutes[END_REF].

The GB enrichment of H and S at T > 0 has been modeled by means of a modified McLean isotherm [START_REF] Lejček | Grain Boundary Segregation in Metals[END_REF][START_REF] Mclean | Grain Boundaries in Metals[END_REF][START_REF] Scheiber | Kinetics of grain boundary segregation in multicomponent systems The example of a Mo-C-B-O system[END_REF][START_REF] Scheiber | On solute depletion zones along grain boundaries during segregation[END_REF], which takes as input GB segregation energy profiles from DFT calculations. In contrast to the classical equilibrium segregation isotherm, the used model considers the possible effects of grain size (solute depletion in the bulk) and the kinetics of segregation. The details of the model are given in [START_REF] Scheiber | Kinetics of grain boundary segregation in multicomponent systems The example of a Mo-C-B-O system[END_REF][START_REF] Scheiber | On solute depletion zones along grain boundaries during segregation[END_REF].

The ideal work of separation W sep is a fundamental thermodynamic quantity that controls the mechanical strength of an interface. It has been chosen to evaluate the resistance of the selected GB to decohesion. A reduction in W sep indicates a reduction in the cohesive strength of an interface. However, it does not automatically mean that the interface will fracture in a brittle manner [START_REF] Rice | Embrittlement of interfaces by solute segregation[END_REF]. Another condition has to be satisfied: W sep < G disl , where G disl is the minimal energy per unit area of crack advance required to emit a single dislocation. This energy can be estimated to be in the range between 1 and 3 J/m 2 for Ni depending on the applied shear stress level, orientation of the GB, temperature, and the stress rate [START_REF] Wang | Determining the activation energies and slip systems for dislocation nucleation in bodycentered cubic mo and face-centered cubic ni single crystals[END_REF]. An alternative way of estimating the brittle to ductile fracture mode is R, i.e., the ratio of W sep to twice the free surface energy of the metal [START_REF] Sutton | Interfaces in crystalline materials[END_REF][START_REF] Scheiber | Ab initio calculations of grain boundaries in bcc metals[END_REF]: where γ PCP fs denotes the surface energy of the preferred cleavage plane, which for FCC metals is mainly the (111) plane [START_REF] Pineau | Failure of metals i: Brittle and ductile fracture[END_REF]. Free surface energy of Ni (111) surface is obtained by γ PCP fs = (E fs -N * 0 )/2A fs , where E fs is the total energy of the surface slab, N is the total number of atoms, and A fs the area of surface slab. If R is close to unity, transgranular cleavage is expected, whereas for lower values IG fracture is expected. Although the elastic stiffness is well matched for the two sets of the curves and all the tested beams have a relatively similar yield point, there are obvious differences in the plastic regime. The cantilever bent in H-free condition shows slight hardening up to reaching the maximum load at ∼2.5 µm displacement follows by gradual reduction in the flow curve to the final 5 µm displacement. From Fig. 4(a) it can also be inferred that the work hardening rate of the Hcharged beams is higher than in the H-free condition. In addition, the maximum load of the H-charged beams reaches higher values in comparison with H-free beams. The same phenomenon is reported for Ni-H systems by others and it is believed that the interaction between H and dislocations can be the reason for such increases in load and hardening rate [START_REF] Kimura | The effects of cathodically charged hydrogen on the flow stress of nickel and nickel-carbon alloys[END_REF]. In the case of H-charged beams, the reduction in the flow curve place at a displacement of ∼1 to 1.5 µm.

R = W sep 2γ PCP fs , (1) 

Results

3

The continuous decrease in the loading force of the H-charged beams can be an indication for the H-induced cracking and decrease in the cross-sectional length of the beams, which leads to a reduction in the required force for the test continuation. 2) and (b) and (c) S-doped (GBs NiS1 and NiS2 in Table 2, respectively) bi-crystal beams tested with H-free and in situ electrochemical H-charging conditions. According to Schmid's law, the observed slip traces in the free-standing and the fixed side of the bi-crystal beam are due to the activation of the dislocation on the (-1 -1 1) plane in fixed-grain and the (1 -1 -1) plane with Schmid value of 0.35 and 0.48, respectively. This phenomenon demonstrates that the plasticity during the deformation is not only present in the notch area, but also spreads out to the fixed and free-standing grains in the bi-crystal beam as shown by yellow dashed lines. Fig. 5(a 3 ) and (a 4 ) exhibits the GB positioned beneath the notch withstanding the plasticity with no evidence of IG cracking. The schematic diagram shows the deviation of the GB from its original straight form, which displays a great amount of plasticity beneath the notch. The observed chain of the micro-voids in the notched area (Fig. 5(a 3 )) is also a strong proof for the domination of plasticity in the H-free beams. In contrast to the beams bent in the H-free condition, crack propagation from the notch position was observed for the H-charged beams, which was the reason for the continuous decrease in the corresponding L-D curve in Fig. 4(a). A closer cross-sectional view of the cracked beam in Fig. 5(b 2 ) illustrates fewer slip traces compared with H-free tested beams, which is an indication for the lower plasticity and its confinement to the notch area in the H-charged beams. From this figure, it is also obvious that the crack did not follow the GB path as depicted in the schematic diagram. Alternatively, it has initiated from the notch itself and propagates in zigzag-shaped form in the fracture surface. Further slicing through the thickness of the beam by the FIB (Fig. 5(b 4 )) has also demonstrated that the crack is not IG and it propagates to the neighboring grain. 

Sulfur-doped GB

The L-D curves of the S-doped bi-crystal beams with the GB NiS1 and NiS2 are shown in Fig. 4(b) and (c), respectively. For NiS1 cantilevers, the bent beams show a rapid decrease in the load after reaching a maximum load of ∼450 and ∼400 µN in the H-free and H-charged environmental conditions, respectively. The sharp load reduction with considerably higher slope compared with the pure Ni results is attributed to the detrimental effect of the S impurity segregation to the GB. Testing the beams in the H-charged condition decreased the displacement to about 2.5 and 1.5 µm after 2 and 3 h of charging. However, the GB embrittling degree of the material is strongly dependent on the content of the segregated elements and also the type of the subjected GB. To investigate this, another type of GB with different misorientation angle and segregated S content was examined. Fig. 4(c) shows the L-D curve of the NiS2 GB with 27.3 ng cm -2 S. This GB is a Σ5 type and has around 11 • misorientation lower than the NiS1. In the H-free condition, no rapid load drop is observed in NiS2 in contrast to NiS1 beams and the load is leveled off on the maximum load of ∼450 µN up to the final displacement of 5 µm. However, introducing H into the S-doped GB caused a distinct change in the L-D behavior compared with the H-free condition. A reduction in the final tolerated displacement to 1 µm is a strong indication of the combined effect of H and S atoms in weakening the GB.

Post-deformation micrographs of the beams containing the GBs of NiS1 and NiS2 bent in H-free testing condition are shown in Fig. 6(a 1 )-(a 4 ) and (b 1 )-(b 4 ), respectively.

The NiS1 bi-crystal beam shows a straight and sharp GB opening with a complete brittle-type fracture surface, which cut the notch area and results in the formation of a jagged-shaped cleavage pattern in the coincidence place of the GB and the notch. This is depicted in the Fig. 6(a 3 ) and (a 4 ). From the figure it can also be inferred that the stress concentration in NiS1 is mostly localized at the GB and fewer slip traces can be observed in the neighboring grains. By contrast, the greater plasticity of NiS2 compared with NiS1 can be elucidated from the abundant and spread slip traces especially in the free-standing side of the beam. Although a crack nucleation can be observed in the GB (as noted in Fig. 6(b 3 ) and (b 4 ), the notch blunting and high plasticity prevail in the deformation process. Thus, it can be deduced that in both S-doped GBs (NiS1 and NiS2), the crack is initiated from GBs rather than the notch area.

However, owing to dissimilarity of the GBs, the severity of the GB opening was different. In NiS1, the GB opening reaches the notch area, whereas in NiS2, it was stopped before reaching the notch surface. The different behavior of these two GBs are more significant considering that the final displacement of the beam containing GB NiS2 was 5 µm whereas for the NiS1 sample the displacement was about 3 µm at the stage of the sharp load drop as shown in Fig. 4(b) and (c).

For both types of GBs, the co-existence of H alongside S caused the complete brittle fracture in the GB plane as shown in Fig. 7. The angled crack path in the remaining fixed side of the beams shown in Fig. 7(a 2 ) is an indication that the crack follows the GB. Accordingly, the sharp crack propagation in the NiS2 GB after 2 h H-charging was represented by a sudden load drop at ∼1 µm displacement in the L-D curve as shown in Fig. 4(c 2 bent with H-free condition.

Computational results

H and S segregation to Ni GBs

The calculated GB segregation profiles of 0.25 ML of H and S impurities located in the first four GB layers as a function of distance from the GB plane are shown in Fig. 8. The results are found to be in good agreement with data available in the literature [START_REF] Stefano | First-principles investigation of hydrogen trapping and diffusion at grain boundaries in nickel[END_REF][START_REF] He | Hydrogen-enhanced decohesion mechanism of the special Σ5(012)[100] grain boundary in ni with mo and c solutes[END_REF][START_REF] Yamaguchi | Grain boundary decohesion by sulfur segregation in ferromagnetic iron and nickel -a first-principles study[END_REF]. In Fig. 8, one can see that H prefers to occupy the interstitial sites within the GB layer (GB layer "0" in Fig. 3). Specifically, H prefers the "bridge" interstitial sites (shown by 1i-4i in Fig. 3). S, on the other hand, has the lowest segregation energy corresponding to its segregation to the substitutional sites (1s-4s) in the positions next to GB ("1") layer. Our results also show that there is a small energy difference between the substitutional site and the "hollow" interstitial site for S (shown in Fig. 3 by hol. in the "0" GB layer). The calculated segregation energy of -1.59 eV/atom for S is in good agreement with previous DFT investigations [START_REF] Yamaguchi | Grain boundary decohesion by sulfur segregation in ferromagnetic iron and nickel -a first-principles study[END_REF] and experimentally measured value of -1.48 eV/atom [START_REF] Winkler | Measurements of bulk concentration in the ppm-Region by means of surface segregation: The System Sulphur-Nickel[END_REF]. We have also found an additional not reported earlier segregation site for S atoms located at the interstitial inter-space between layers 0 and 1 with the energy of -0.75 eV/atom.

In addition to segregation profiles, we have investigated the effect of the GB excess on the segregation energy of H and S. In Fig. 9, we show the E gb seg dependence on the GB excess of segregating elements ranging from 0.25 to 1 ML impurity excess for their preferred segregation site (only the minimum energy configuration for each GB excess is shown). H exhibits virtually no GB excess dependence with only a very shallow local minimum of the segregation energy at 0.5 ML GB excess, which has been observed in a number of previous DFT investigations [START_REF] He | Hydrogen-enhanced decohesion mechanism of the special Σ5(012)[100] grain boundary in ni with mo and c solutes[END_REF][START_REF] Alvaro | Hydrogen embrittlement in nickel, visited by first principles modeling, cohesive zone simulation and nanomechanical testing[END_REF][START_REF] Jensen | Decohesion energy of σ5(012)grain boundaries in ni as function of hydrogen content[END_REF]. In contrast, S atoms show an attractive interaction with approximately 0.20 eV/atom reduction in E gb seg when S GB excess is increased from 0.25 to 1 ML. This result is in good agreement with the theoretical results of [START_REF] Razumovskiy | First-principles-aided design of a new Ni-base superalloy: Influence of transition metal alloying elements on grain boundary and bulk cohesion[END_REF][START_REF] Yamaguchi | Grain boundary decohesion by sulfur segregation in ferromagnetic iron and nickel -a first-principles study[END_REF] and the results of an experimental investigation in [START_REF] Allart | A multi-technique investigation of sulfur grain boundary segregation in nickel[END_REF], where the observed S content at the GB was estimated to be in the range of about 1 ML. Similar interactions are present for S at other sites, as can be seen in Fig. 8 for increasing the coverage from 0.25 ML (solid lines) to 1 ML (dashed lines). Figure 9: Coverage effect on H and S GB segregation energies. Segregation energy per atom for coverages from 0.25 to 1 ML for interstitial H at site "0" is shown on the left y-axis, whereas the same for substitutional S at site "1" is shown on the right y-axis.

Interaction between segregating atoms at GB

The interaction energies between H and S atoms at the GB in Ni have been investigated by DFT calculations and the results are listed in Table 3. The interactions have been obtained for four different S and H GB excesses (0.25, 0.5, 0.75, and 1 ML) and only the minimum energy configuration for each GB excess are listed in the table. The interaction energy between the impurity atoms located at the GB E int has been defined as The results for the interaction energy of H with itself and S with itself show the same as Fig. 9 with negligible interaction for H and significant attractive interaction for S. If we look at the interaction of H in the presence of 0.25 ML S, the interactions become repulsive. In addition, in the case of S in the presence of 0.25 ML H, the interactions are less attractive than in the case of only S interacting with itself. The results show that there are weak repulsive interactions between H and S atoms. The absolute value and the repulsive character of H-S interactions suggest that the GB segregation of S atoms should not be strongly affected by H co-segregation and vice versa. The main factor influencing S GB enrichment is the concentration of S at the GB, whereas the GB segregation of H seems to be quite inert to any GB compositional changes.

E int = E

Kinetics of H and S segregation to Ni GB

The enrichment of the GB with S and H atoms has been calculated using the DFT segregation profiles shown in Fig. 8 (corresponding to 0.25 ML GB excess for H and 1 ML for S) and the segregation models described in [START_REF] Scheiber | Kinetics of grain boundary segregation in multicomponent systems The example of a Mo-C-B-O system[END_REF][START_REF] Scheiber | On solute depletion zones along grain boundaries during segregation[END_REF].

Table 3: Calculated interaction energies between the segregating elements at the GB E int (eV), work of separation (J/m 2 ), the reduction in the work of separation (%), and the ratio R calculated from Eq. (1).

GB system

GB coverage (ML) The modeling results are shown in Fig. 10, where the left-hand side of the figure refers to the three-step annealing process (stage I) of 1300 • C for 72 h → air cooling (t = 10 • C/s) → 1000 • C for 24 h → water cooling (t = 100 • C/s) → 600 • C for 60 days and the right-hand side to H-charging at 300 • C for 10 h. The top panels show the evolution of temperature as a function of time. The bottom panels show the amount of S and H segregating to the GB in Ni as a function of the heat treatment time.

E int W sep ∆W sep (%) R S H Ni - - - 3 
During the simulated three-step annealing process, S enrichment at the GB reaches 75 at.% at the end of stage I. This value is slightly below the theoretical equilibrium enrichment of S at 600 • C of 78 at.% and suggests that S has almost reached its equilibrium concentration at the GB. Note that the equilibrium S GB excess at the room temperature is about 100 at.% and the obtained amount of 75 at.% of S at the GB is a result of the instant quenching from 600 • C to room temperature at the end of stage I. The content of S remains constant during the H-charging (stage II) as diffusion S GB concentration from the experimental WDS measurements of S segregation profiles listed in Table 1. To do so, we have converted S GB content values reported in ng/cm 2 into ML using a conversion factor reported in [START_REF] Allart | A multi-technique investigation of sulfur grain boundary segregation in nickel[END_REF]. The theoretical prediction of S GB excess after stage I heat treatment should be close to the experimental GB S content at the GB with the highest misorientation angle, i.e., GB1 from Table 1. Indeed, our calculated value of 75% corresponding to 0.75 ML/layer on average for the given GB is in reasonably good agreement with the experimental value of 0.84 ML from the WDS experimental measurements. Here, it should be noted that GB excess of impurity atoms is highly dependent on the GB structure and the current comparison is valid under the assumption that both theoretical and experimental GB structures are close to each other.

GB decohesion by H and S

The effect of H and S on the W sep of the Σ5(210) GB in Ni is shown in Fig. 11. Here, we show W sep as a function of GB coverage x by xH, xS, 0.25S+xH, and 0.25H+xS segregating atoms. Both elements decrease W sep and reduce GB resistance to decohesion. In absolute values, the effect of S on the GB decohesion is much more pronounced than that of H. In addition, variations of S GB excess (coverage) have a more pronounced effect on W sep than H. However, it is the simultaneous segregation of both H and S atoms to the GB, which results in the most-pronounced GB decohesion among all considered cases. The reduction is as much as 38% (see Table 3).

As has already been mentioned in Section 2.3, reduction in W sep by itself is not sufficient to describe GB embrittlement of a material. The upper estimate of G disl of about 3 J/m 2 and the results presented in Fig. 11 suggest that a brittle fracture can be expected at 0.5 ML GB coverage of S atoms, whereas a significantly higher fraction of H atoms at the GB can be required to promote brittle fracture in Ni. An alternative estimate based on the calculations of the R ratio by using (1) as listed in Table 3, also demonstrates that the increase in S GB excess decreases R (reduces ductility of the GB) in a much more pronounced manner than increasing H GB excess. However, the combined effect of both H and S atoms segregating to the GB in Ni results in the most detrimental effect of all with the largest reduction in R at 1 ML of S and 0.25 ML of H GB excess. This suggests that S-rich GBs should be especially prone to HE even at low H GB concentrations. The calculated amounts of S (0.75 ML) and H (0.1-0.2 ML) at the GB after stages I and II of the heat treatment described in the previous section result in R = 0.66, which is the second lowest R value (the lowest belongs to 1 ML of S and 0.25 ML of H) with approximately 28% reduction in the work of separation (compared with pure Ni) indicating a very strong propensity towards brittle fracture of the GB.

Discussion

GB effect on the micro-mechanical behavior of the pure Ni bi-crystal

The presence of a GB in the microcantilever further complicates the experiment. Different grain orientations lead to activation of different slip systems to different mechanical behavior of the beam. As shown in the schematic diagram of Fig. 5(a 4 ), the high number of slip traces observed in the free-standing grain forced the GB to deviate from its original straight form to curved or so-called bulged shape [START_REF] Kheradmand | An insight into the role of the grain boundary in plastic deformation by means of a bicrystalline pillar compression test and atomistic simulation[END_REF] in the upper part of the beam beneath the notch. It seems that the GB acts as a sink of dislocations and all the activated slip systems end up on their pass at the GB [71]. On the other hand, the chain of micro-voids formed at the root of the blunted notch represents the commence of typical ductile fracture from the notch root. Accordingly, it appears that in the tested pure Ni bi-crystal system both the GB and notch are stress-tolerated areas with a full plastic response.

Introducing H into the system causes a distinct change in the mechanical response of the tested beams. Two clear differences between H-free and H-charged tested beams can be observed.

• First, the image contrast reveals fewer surface slip traces for the H-charged sample. Similar phenomenon has been observed by Rogne et al. on Fe26Al0.5Cr intermetallic cantilevers. Where for H-charged beam the plasticity was confined to the crack area, while the slip traces spread widely far from the crack for the H-free tested beams [START_REF] Rogne | In situ micromechanical testing in environmental scanning electron microscope: A new insight into hydrogen-assisted cracking[END_REF]. Likewise, hydrogen assisted fatigue crack growth on a pure Fe showed that the H has a main contribution to reduce the crack tip plasticity expansion [START_REF] Ogawa | Multi-scale observation of hydrogen-induced, localized plastic deformation in fatigue-crack propagation in a pure iron[END_REF]. Here it can be inferred that H confines the plasticity to the stress concentrated area at the crack tip [START_REF] Hajilou | In situ electrochemical microcantilever bending test: A new insight into hydrogen enhanced cracking[END_REF][START_REF] Deng | Hydrogen embrittlement revealed via novel in situ fracture experiments using notched micro-cantilever specimens[END_REF][START_REF] Wan | Hydrogen-enhanced fatigue crack growth in a single-edge notched tensile specimen under in-situ hydrogen charging inside an environmental scanning electron microscope[END_REF]. In the H-free case, dislocations that are formed during the plastic deformation can move easily and reach the free surface of the cantilever, resulting in slip traces. In contrast, accumulation of the H atoms at the crack tip can pin the dislocations originated from the crack tip and, hence, the plastic affected zone will be confined to a small area around the crack tip. The observed phenomenon cannot be fully interpreted by the HELP mechanism. According to this mechanism, the H ingress to the system would facilitate the dislocation emission, which result in more plasticity spread and more slip traces would reveal on the surface. In fact, plasticity localization behind the HELP mechanism in the presence of pre-notch or pre-crack confines to the crack tip. It is well agreed the high hydrogen concentration at the crack tip results in dislocation nucleation energy reduction. Therefor dislocation nucleation rate at the crack tip increases. High density of dislocations alongside with the high concentration of the H, impedes the dislocation shielding leads to their pinning at the crack tip.

• Second, in contrast to the H-free condition, the crack is initiated when the solute H was present in the material.

However, the formed crack does not show fully brittle characteristics and does not follow a straight line in the same way as a brittle crack. The presence of pyramids with triangular base in the fracture surface of the created crack from the top view (Fig. 5(b 3 )) is evidence that the crack propagation is accompanied by the plastic deformation. In addition, the L-D curves (Fig. 4(a)) also show not a sudden but gradual load drop during the deformation, which is also an indication of the accompaniment of the plastic deformation beside the crack propagation. The plastic growth of the crack in the H environment, which is actually a mixture of plastic blunting and cracking, has been reported a long time ago [START_REF] Vehoff | Crack propagation and cleavage initiation in fe-2.6%-si single crystals under controlled plastic crack tip opening rate in various gaseous environments[END_REF]. The concentration of H at the very tip of the crack lets the crack grow in a stable manner to a certain extent by micro-cleavage and then the crack growth continues by plastic deformation with the concomitant of dislocations from the crack tip up to reaching a critical H concentration for the next micro-cleavage growth [START_REF] Vehoff | Gaseous hydrogen embrittlement in fesi-and ni-single crystals[END_REF]. The rough fracture surface in the H-charged sample can be an evidence that the H amount in the fracture process zone was not enough to induce smooth fracture surfaces. Researching on the Ni single crystal, Vehoff reports that at constant temperature, the fracture surface roughness of the sample increases as the H pressure in the testing chamber decreases [START_REF] Vehoff | Gaseous hydrogen embrittlement in fesi-and ni-single crystals[END_REF].

Interestingly, the GB present in the bi-crystal system did not act as a crack nucleation area during the H-charging test and crack propagation stage. It seems that in this case, the GB does not act as a strong H trap. In general, unlike many body-centered cubic (BCC) metals, FCC metals have a relatively high solubility of H. In addition, knowing that the diffusivity of H is significantly lower than in BCC metals, one would expect that H enrichment is rather low in FCC metals. The study of Pu and Ooi [START_REF] Pu | Hydrogen transport by dislocation movement in austenitic steel[END_REF] on austenitic stainless steel using a silver micro-print technique reported that the GB in FCC alloys is not an important trap for H. In the review study of McMahon on steels [START_REF] Mcmahon | Hydrogen-induced intergranular fracture of steels[END_REF], it is suggested that H cannot induce IG cracking, unless other embrittling elements are presented in the alloy. However, some conflicting results have been published. Lassila and Birnbaum [START_REF] Lassila | The effect of diffusive hydrogen segregation on fracture of polycrystalline nickel[END_REF] reported a brittle fracture in the presence of H, but they also mentioned that as long as the H concentration is not more than the H contained in solid solution, no brittle fracture was observed. The reason behind this discrepancy in the literature can be related to the fact that the specific GB misorientation can be another factor that must be considered. It is reported that different GB misorientations tend to result in different amounts of H enrichment as well as diffusivity [START_REF] Oudriss | Grain size and grain-boundary effects on diffusion and trapping of hydrogen in pure nickel[END_REF][START_REF] Zamanzade | Susceptibility of different crystal orientations and grain boundaries of polycrystalline ni to hydrogen blister formation[END_REF]. Oudriss et al. [START_REF] Oudriss | Grain size and grain-boundary effects on diffusion and trapping of hydrogen in pure nickel[END_REF] suggested that the diffusible H along random GBs may be the major cause of HE. However, in our case of the random GB, the effect of H was not enough to induce complete brittle fracture. The same results were obtained by Tehranchi and Curtin [START_REF] Metsue | Hydrogen solubility and vacancy concentration in nickel single crystals at thermal equilibrium: New insights from statistical mechanics and ab initio calculations[END_REF][START_REF] Tehranchi | Atomistic study of hydrogen embrittlement of grain boundaries in nickel: I. fracture[END_REF]. Investigating pure Ni GB, they concluded that Ni GBs show no noticeable propensity for H to induce significant embrittlement and the presence of H creates no ductile-to-brittle transition. Another parameter that should be considered for the analysis of the results is the amount of H that is charged into the sample. The brittle type of fracture is often correlated in the literature with the amount of H dissolved in the material. Vehoff and Rothe [START_REF] Vehoff | Gaseous hydrogen embrittlement in fesi-and ni-single crystals[END_REF] stated that the room temperature equilibrium concentration of H in the fracture process is the controlling factor for HE. The H concentration is controlled by the stress field of the plastic zone and by the type and number of traps presented in this zone. According to their results, the IG cracking may be initiated and replaced by transgranular cracking if the H activity is further enhanced by cathodic charging during the test. This point is discussed in more detail in the following sections.

GB S segregation effect on the micro-mechanical behavior of the Ni bi-crystal

S is known as a harmful impurity that if enriched at the GB, would have a detrimental effect on the mechanical properties of the GB and, consequently, the entire material. In comparison with the pure Ni beam, which shows a ductile behavior and notch blunting, the observed IG crack initiation and propagation in NiS1 and NiS2 GBs (Fig. 6) is a clear indication of the detrimental effect of the segregated S.

Several reasons have been proposed to show how the S enrichment changes the ductile behavior of a GB to a brittle IG fracture. Changes in the electronic structure that weaken the Ni-Ni bonds in the GB have been reported by Messmer et al. [START_REF] Messmer | The role of chemical bonding in grain boundary embrittlement[END_REF]. Yamaguchi et al. [START_REF] Yamaguchi | Grain boundary decohesion by impurity segregation in a nickel-sulfur system[END_REF] suggested the large GB expansion owing to the dense S segregation can decrease the cohesive strength of the Ni GB up to one order of magnitude. It is stated that the S-S bonding formed in the GB, which is calculated to have about 24% larger distance compared with the Ni-Ni or Ni-S pairs leads to expansion in the surrounding Ni-Ni and Ni-S bonding. Consequently, this expansion in Ni-Ni or Ni-S bonds are responsible for weakening and decohesion of the GB.

The DFT results provided in Fig. 11 and Table 3 indicate that S segregation has a major effect on the decrease in W sep . This increases the propensity for IG fracture if one considers the R ratio calculated in Table 3. Here, we have attempted to correlate the value of R with experimental observations of the fractured surfaces with and without H and S and concluded that the brittle fracture may occur in the materials under investigation at R < 0.8 (see Section 2.3 for details). Thus, the segregation of 0.5 ML of S or greater can lead to the brittle fracture.

Although both NiS1 and NiS2 show a brittle crack at the GB, the strength of the GBs against crack propagation and therefore their response to the mechanical loading presented in L-D curves were different. Three factors are proposed to explain this difference.

(a) Geometry effect. The location of the GB beneath the notch and also the angle of the GB to the cantilever surface can affect the stress intensity and, hence, mechanical behavior of the system. From an experimental point of view, it is important to have a perpendicular GB plane to the specimen surface and also to the load axis. In this way, it can be assured that the activation of the slip bands, which are oriented nearly parallel to the GB plane, will be suppressed. Moreover, the tensile stress concentration will be the maximum within the GB plane assuming that the pure tensile stress dominates on the beam surface at the beginning of the test. Furthermore, the actual GB position relative to the notch should be taken into account. In order to keep the consistency of stress distribution around the GB, the notch should be milled similar in all testing beams. Small deviations in the notch position relative to the GB plane can lead to redistribution of the stresses in the plastic deformation zone. In this work (see Section 2.1, we attempted to reduce the effect of the aforementioned geometrical factors to a minimum. Comparing the notch and GB system in Fig. 6 it can be inferred that for both NiS1 and NiS2, the GB is positioned at a distance of several tens of nanometers aside from the notch root. Therefore, we assume that the geometry has a minor effect on the presented results in comparison with other parameters.

(b) Structural effect. The type as well as the misorientation of the GB has been reported to have an influence on the crack initiation and propagation. High-energy random GBs are supposed to have weak resistance to the fracture whereas low-energy and low-angle GBs are more resistant [START_REF] Watanabe | The impact of grain boundary character distribution on fracture in polycrystals[END_REF]. In a work on Mo bi-crystals, values of fracture stress were observed to vary by a factor of six by changing the misorientation angle [START_REF] Tsurekawa | Grain boundary structure, energy and strength in molybdenum[END_REF]. Thus, the different misorientation angle of the NiS1 GB compared with NiS2 can play a key role to show a nearly complete rupture of the GB to the surface. The incompatibility factor of the GB can also play a role in the observed difference. Vehoff et al. [START_REF] Vehoff | Gaseous hydrogen embrittlement in fesi-and ni-single crystals[END_REF] showed in their experimental work on S-doped GBs that the IG cracking susceptibility increases by adding an elastic-plastic incompatibility to the bi-crystal system. Having the constant amount of S in the GBs, they investigated the effect of incompatibility by switching from a symmetrical tilt GB to an asymmetrical GB between hard and soft grains. The results confirmed that the high stress concentration associated with the incompatibility can be one of the controlling factors of the IG fracture. In our work, the NiS2 GB has a symmetric nature as an Σ5-type GB, whereas NiS1 is an asymmetric GB. Thus, again, this factor can be another parameter to enhance embrittling potency of the NiS1 GB.

(c) Chemical effect. This factor is closely related to the structural effect, as a different nature of the GB leads to a different amount of S that can segregate. In general, owing to the less-ordered arrangement of the atoms at the GB plane usually associated with an excess volume, high-angle and high-energy GBs and random GBs are deemed to be more attractive for impurity segregation [START_REF] Lejček | Grain Boundary Segregation in Metals[END_REF] than low-angle, low-energy, and symmetric tilt GBs. Based on Table 1, it can be seen that high-angle GB1 with the misorientation angle of 54.2 • has the largest S excess of 56.3 ng/cm 2 S, whereas the S segregation at GB2 as a low-angle GB (only 3.6 • ) is 20.2 ng/cm 2 . The Σ5 GB also has a low amount of S segregation (27.3 ng/cm 2 ). This result agrees very well with previous studies wherein it has been shown that P segregation in Fe-C alloy was three times higher for high-angle GBs rather than low-angle GBs [START_REF] Akhatova | Investigation of the dependence of phosphorus segregation on grain boundary structure in fe-p-c alloy: ross comparison between atom probe tomography and auger electron spectroscopy[END_REF]. Thus, it is reasonable to consider that the random NiS1 GB with high-angle misorientation has a higher amount of segregated S compared with the NiS2 as a symmetric Σ5 GB. As a result, the different structure of NiS1 compared with NiS2 can be the reason for a larger S excess for NiS1 and consequently for a more-pronounced embrittlement as is confirmed from the L-D curve and fractographic investigations.

Decohesion enhancement of the GB hosting S and H

Solute H can downturn the ductility and change the fracture mode from transgranular to IG. However, H-induced IG cracking needs a number of other factors such as sufficient H content and the stress condition. Co-segregation of S alongside H to the GB can consolidate their embrittling effect [START_REF] Lassila | Intergranular fracture of nickel: the effect of hydrogen-sulfur co-segregation[END_REF]. Accordingly, based on the experimental results on S-doped bi-crystals, in both NiS1 and NiS2 GBs, the crack nucleates from the GB, which demonstrates that the S segregation has a weakening effect on the GB strength. Adding H to the system by cathodic charging enhanced the embrittling effect by shifting the sudden load drop to approximately 2.5 and 1 µm displacement for NiS1 and NiS2 GBs, respectively. However, it is not clear whether the co-segregation of H and S has a synergistic effect on the mechanical response of the material. For Fe it has been previously shown that the effect of S and H on the GB strength were independent and additive [START_REF] Shin | Effect of sulfur segregation and hydrogen charging on intergranular fracture of iron[END_REF]. According to the DFT results in Fig. 11, the slope of the line related to W sep for S (blue triangle line) is the same as for the case with 0.25 ML H present (black pentagon line). A similar trend can be observed for the effect of H on W sep with and without 0.25 ML S (red circle and pink square lines, respectively). This result confirms the independent embrittling effect of the H and S.

On the other hand, it could be possible that the presence of S enhances the H ingress into the material owing to the detrimental effect of this impurity on the H recombination reaction [START_REF] Jarmolowicz | Effect of catalytic poisons on the production of nickel hydride by electrolytic charging of nickel with hydrogen[END_REF][START_REF] Elhamid | Effect of thiosulfate and sulfite on the permeation rate of hydrogen through iron[END_REF], a fact that is not yet considered in DFT calculations. Preventing the recombination reaction by S can increase the local adsorption and enrichment of H at the metal GBs. Likewise, this phenomenon is reported for the Sb and Sn segregated GBs in Ni, which are also recombination poisons [START_REF] Latanision | The intergranular embrittlement of nickel by hydrogen: The effect of grain boundary segregation[END_REF]. It is suggested that H preferentially ingressed into the Ni specimens in the proximity of GB intersections with the free surface owing to the presence of Sb and Sn, which as H recombination poisons stimulate the absorption of H by the metal. Co-segregation of S and H has also been investigated by the molecular orbital model [START_REF] Eberhart | A molecular orbital model of intergranular embrittlement[END_REF]. According to this work, forming a network of S-S bonds within the GB leads to an increase in the shear stress and simultaneously reduces the cohesive strength of the GB. However, they suggested that by forming a network of bonds with incorporation of a third element such as H, the shear strength will increase while, the cohesive strength of the GB will not be affected. However, this hypothesis is not fully in line with our results. As seen in Figs. 6 and7, the shear bands are activated in all H-free conditions, even with the presence of a high amount of S in the GBs. In the case of S-doped NiS1 GB, which cracked in a fully brittle manner, the slip lines are still observable especially on the free-standing grain, which is more favorable for dislocation movements. Thus, it is hard to see any enhancement in shear stress for S-doped specimens. In contrast, adding H to the system was more effective at hindering the dislocation movements and fewer slip lines revealed on the surface even in the pure Ni sample. Hydrogen can pin the dislocations and, hence, increase the dislocation as depicted in Fig. 12.

According to Table 3, adding 0.25 ML of S decreased the work of separation by 9.19%, whereas 2.69% reduction has been calculated for the same amount of H at the GB. The same behavior of greater effect of S is also observed for co-segregation of the S and H in Fig. 11, by considering the slopes for increasing H and S, respectively. The steeper slope for increasing S shows the greater effect of S on GB decohesion. The GB embrittling effect of H, S, and H+S can be interpreted by considering the competition between the brittle fracture and the dislocation emission, which is schematically shown in Fig. 12. In pure Ni, the energy needed for emitting dislocations is lower than the work of separation for the GB, therefore we observe activation of slip planes near the GB (Fig. 12(a)). Adding H to the system enhances the required energy for dislocation emission along with decreasing W sep . The associated energy changes in the system are still not sufficient to induce IG cracking, although H already confines the plastic zone to the notch area (Fig. 12(b)). In the case of S segregation to the Ni GB, the work of separation decreases and becomes virtually equivalent to the value of the dislocation emission energy, which results in simultaneous GB decohesion and activation of slip planes near the GB (Fig. 12(c)). Co-segregation of H and S to the GB decreases the work of separation leading to IG cracking and possibly leads to an increase in the dislocation emission energy owing to dislocation pinning by H near the GB (Fig. 12(d)). It can be said that S is more influential on the decohesion reduction, whereas H is more effective on increasing the shear stress for plastic deformation. Subsequently, the co-segregation of S+H can have a double side brittleness effect on both decohesion and shear stress.

H concentration enhancement

As mentioned previously, the H concentration is one of the main parameters controlling the mechanical response of the material. Therefore, to investigate the effect of H concentration enhancement on the GB embrittlement, 0.002 M Na 2 S 2 O 4 as H recombination poison was added to the charging glycerol-based solution for testing beams containing NiS2 GB. Owing to the poison, the adsorbed and absorbed H concentration in the material increases [START_REF] Kappes | Evaluation of thiosulfate as a substitute for hydrogen sulfide in sour corrosion fatigue studies[END_REF].

Comparing L-D curves in Fig. 4 for NiS1 and NiS2 GBs in H-free condition, it can be inferred that the NiS2 GB shows more ductility compared with NiS1. However, for 2 h of H charging, the presence of poison for bending the beam containing NiS2 GB causes more ductility loss in comparison with NiS1, which is tested without any poison. As discussed in Section 4.2, the NiS2 GB possesses lower misorientation angle and probably a lower amount of S compared with NiS1 GB. Thus, NiS2 is less prone to cracking. However, the higher content of H obtained by adding poison into the solution, can overcome the structural and chemical effect in the way that the NiS2 GB fails easier and shows enhanced embrittlement compared with NiS1 with the same H-charging time but no poison. By accumulation of high amount of H, the atomic decohesion of the GB take place according to the HEDE mechanism which led to the observed GB opening. In accordance with our results, it is reported that by increasing the cathodic concentration of 0.1 S/Ni. Low diffusivity coupled with high solubility in Ni results in a high H concentration gradient near to the surface. This gradient may result in some structural effects close to the sample surface and accordingly a considerable change in the mechanical properties of the material. Changes in the flow stress of the H-charged Ni samples is one of these effects. As shown in Fig. 13, continuing the in situ testing in the poison-containing solution revealed a hardening effect for the beams tested after 3 h of charging. Although the sudden load drop for both 3 h and 2 h charged samples happens in the same displacement, for the 3 h charging condition the beam shows about 20% increase in the maximum tolerated load. After 3 h of charging in poisoned solution, in situ charging was stopped, the samples were taken out of the solution, rinsed with distilled water and later with ethanol, which was followed by storing them in a desiccator. Then, the beams were bent after 2, 4, and 17 h. For 2 h of being in air (H-charged 3 h + air 2 h), the same L-D curve as 3 h in situ charging is achieved. Giving further time to the sample in a H-free environment turns over the ductility of the tested beam up to 50% after 17 hours of being in air, whereas the observed hardening effect was persistent in all L-D curves obtained after 3 h of charging.

Work of Separation Dislocation Emission Energy

The observed increase in the maximum tolerated force can be interpreted as the hardening effect caused by Hdislocation interaction. Several researchers have reported the hardening effect during H-charging in both BCC [START_REF] Asano | The lattice hardening due to dissolved hydrogen in iron and steel[END_REF] and FCC materials [START_REF] Kacher | Dislocation interactions with grain boundaries[END_REF]. As an example, Kimura and Birnbaum [START_REF] Kimura | The effects of cathodically charged hydrogen on the flow stress of nickel and nickel-carbon alloys[END_REF] observed the hardening effect when they charged the Ni samples in a solution containing H recombination poison at a current density of 0.8 mA/cm 2 . Their reported current density is in a comparable range to that used in our experiment. However, there is a significant difference in the obtained results. The hardening effect reported in their work was reversible and the flow stress turned back to that recorded in the absence of H, when the cathodic potential was removed. In contrast, the maximum tolerated load enhancement in the L-D curves shown in Fig. 13 was persistent and did not show any decrease even after 17 h of keeping the sample in air. Hence, it seems that there are other factors playing a role in the irreversible hardening effect observed when the H-charging was stopped.

The high H concentration gradient and subsequently stress gradient at the metal sub-surface can lead to formation of the localized hydride or H clusters at the dislocation cores [START_REF] Abraham | The effect of hydrogen on the yield and flow stress of an austenitic stainless steel[END_REF][START_REF] Birnbaum | Hydrogen-enhanced localized plasticitya mechanism for hydrogen-related fracture[END_REF]. It is reported that these phases can lock the Frank-Read and other dislocation sources. Locking of the local dislocations formed at the dislocation core would lead to large dislocation pile ups resulting in surface hardening [START_REF] Ulmer | Hydrogen-induced strain localization and failure of austenitic stainless steels at high hydrogen concentrations[END_REF]. In addition, Kimura and Birnbaum showed that the hardening effect caused by Ni hydride formation is irreversible even after aging for several hours [START_REF] Kimura | The effects of cathodically charged hydrogen on the flow stress of nickel and nickel-carbon alloys[END_REF]. Hydride is a brittle phase and acts as a barrier to dislocation motion. Despite the thermodynamically unstable nature of Ni-H at room temperature, it is documented that if high activity of H atoms is present, hydride formation would be possible [START_REF] Wollan | The hydrogen atom positions in face centered cubic nickel hydride[END_REF]. During the out gassing, although the hydride layer reverts to Ni owing to its unstable nature at room temperature [START_REF] Kimura | The effects of cathodically charged hydrogen on the flow stress of nickel and nickel-carbon alloys[END_REF][START_REF] Lunarska-Borowiecka | Hydride formation in a ni-base superalloy[END_REF], the remaining high surface dislocation density causes the residual increase in the flow curve [START_REF] Kimura | The effects of cathodically charged hydrogen on the flow stress of nickel and nickel-carbon alloys[END_REF]. 

Conclusions

The current work has focused on a combined experimental and theoretical investigation of the effect of S and H segregation on the mechanical properties of selected GBs. In situ micro-cantilever bending tests have been utilized to investigate the mechanical response of the GBs, whereas DFT calculations have been used to study the interaction of S and H with the GB at the atomic level. Cantilever bending tests in pure Ni samples without S segregation result in a ductile behavior accompanied by slip traces on the surface. While testing pure Ni in H-charged condition, the crack is initiated from the notch area and fewer activated slip traces are observed. The observed difference is discussed by the impeding effect of the H on dislocation motions and localizing the plasticity to the crack tip. It is showed that the crack formed in the H-charged pure Ni beam is neither IG nor purely brittle. In this case, H concentration at the GB does not reach to the critical amount to cause IG atomic decohesion based on the HEDE mechanism. Segregation of S to GB leads to the IG cracking during the bending test. The crack reveals brittle type of fracture and propagates through the GB. Hydrogen-charging makes the IG fracture even more prominent and causes a sooner sudden drop in L-D curves compared with H-free conditions. Based on the DFT results, it is shown that the GB cohesion is much more reduced by S enrichment in comparison with H enrichment. Even though the co-segregation of S and H substantially reduces the cohesion of the selected GB, no interaction between S and H effects is obtained by DFT calculations. This program is supported by Voestalpine B ÖHLER Edelstahl GmbH & Co KG, the Austrian Federal Ministries for Climate Action, Environment, Energy, Mobility, Innovation and Technology (BMK) and for Digital and Economic Affairs (BMDW), represented by the Austrian Research Funding Association (FFG), and the federal states of Styria, Upper Austria, and Tyrol. The computational results presented have been obtained using the Vienna Scientific Cluster (VSC). The Research Council of Norway is acknowledged for the support to the Norwegian Micro-and Nano-Fabrication Facility, NorFab (Project No. 245963/F50). The authors express their gratitude to Dr. Mohammad Zamanzade for his constructive comments and discussion. Sondre Fossheim is also acknowledged for his contribution to producing the micro-samples.

Figure 2 :

 2 Figure 2: Inverse pole figure map of the studied (a) pure Ni and (b) S-doped Ni samples. The selected GBs for cantilever milling are marked by black arrows. (c) Representative dimensions of the bi-crystal cantilevers. Selected GB angle to the sample surface in (c 1 ) pure Ni and (c 2 ) S-doped specimen NiS1.

Figure 3 :

 3 Figure 3: Illustration of cracking at Ni Σ 5 (012) [100] symmetric tilt GB. GB layers "0" and "1" with interstitial H and substitutional S atoms are also shown.

. 1 .

 1 Bending of the bi-crystal micro-cantilevers 3.1.1. Pure nickel GB Fig. 4(a) shows the representative load-displacement (L-D) curves of the pure Ni bi-crystal micro-beams obtained in two different experimental conditions of H-free environment and in situ electrochemical H-charging for 2 and 3 h.

Figure 4 :

 4 Figure 4: Load-displacement curves of the (a) pure Ni (GB PNi1 in Table2) and (b) and (c) S-doped (GBs NiS1 and NiS2 in Table2, respectively) bi-crystal beams tested with H-free and in situ electrochemical H-charging conditions.

Fig. 5 (

 5 Fig. 5(a 1 )-(a 3 ) and (b 1 )-(b 3 ) shows the post-deformation micrographs of the pure Ni bi-crystal beams bent in Hfree and H-charged conditions, respectively. As is evident from Fig. 5(a 1 and a 2 ) for the H-free condition, the notch is blunted along abundant slip traces visible in the top and the cross-sectional surfaces in adjacent crystals of the beam.

Figure 5 :

 5 Figure 5: Post-deformation secondary electron images from the side view of the pure Ni bi-crystal beams (GB PNi1 in Table 2) tested with H=free (a 1 )-(a 3 ) and in situ H-charging (b 1 )-(b 3 ) conditions.

  ). It should be noted that the used solution for H-charging of the beams with NiS2 GB contained the H recombination poison. The presence of recombination poison lead to diffusion of more H into the metal and therefore the crack nucleation and propagation happened at a very low displacement in comparison with beams tested in the poison-free solution (Fig.4(b) and (c)).

Figure 6 :

 6 Figure 6: Secondary electron images from the side view of the bi-crystal beams on the S-doped sample for (a 1 )-(a 3 ) NiS1 and (b 1 )-(b 3 ) NiS2 in Table2bent with H-free condition.

Figure 7 :

 7 Figure 7: Secondary electron images from the fracture surface of the beam for NiS1 (a 1 ) and (a 2 ) and the crack propagation path in NiS2 (b 1 ) and (b 2 ) bent with in situ electrochemical H-charging condition.

Figure 8 :

 8 Figure 8: H and S segregation profiles at Σ5 (012) GB in Ni compared with data from the literature [28, 64]. The S segregation energies are shown for 0.25 and 1 ML coverage by using solid and dashed lines, respectively. The layer numbers corresponding to the segregation energy profiles are shown in Fig. 3.

  gb slab [Nn; m; n] + (n + m -; m; n] is the total energy of the GB slab with m H atom(s) and n S atom(s) at the GB, E gb slab [N; 0; 0] is the energy of a slab with no impurity atoms, E gb slab [N; 0; n] is the energy of a slab with n S atoms, and E gb slab [N; m; 0] is the energy of a slab with m H atoms. Negative values of E int correspond to attractive interaction of the atoms at the GB.

Figure 11 :

 11 Figure 11: Coverage change effect on the GB work of separation. The work of separation values for the coverage range of 0.25-1 ML H and S individually as well as the H-S co-segregated GB are presented.

Figure 12 :

 12 Figure 12: Schematic representation of the crack propagation for pure Ni, H-charged, S-doped, and Ni-S-H conditions with the corresponding work of separation and dislocation emission energy level.

Figure 13 :

 13 Figure 13: Load-displacement curves of the S-doped (GB NiS2 in Table 2) bi-crystal beams tested with H-free, in situ electrochemical H-charging, and post-charging in air conditions. The H-charging electrolyte contained 0.002 M Na 2 S 2 O 4 as the H recombination poison.

  

Table 1 :

 1 Sulfur content and structural information of the selected GBs GB ID WDS measured GB S content (ng cm -2 ) GB angle vs. sample surface ( • ) Corrected S content (ng cm -2 ) Sigma Misorientation angle (

	• )

Table 2 :

 2 Measured GB misorientation angle and corresponding information in pure Ni (PNi1) and S-doped (NiS1 and NiS2) specimens.

	GB ID	Misorientation angle ( • )		Axis		Sigma	Plane 1 (fixed grain)	Plane 2 (free-standing grain)
			h	k	l		u	v	w	u	v	w
	PNi1	47.3	-2	12	19	-	16	19	14	-4	-29	-8
	NiS1	46.6	21	5	16	-	-9	-4	4	2	-21	-12
	NiS2	35.6	1	-29	1	5	18	-17	10	18	-17	9
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