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REVIEW

What we can learn from crystals about
the mechanical properties of glass

Tanguy Rouxel1,2,³

1Glasses and Mechanics Lab., Physics Institute (IPR), UMR UR1-CNRS 6251, Université de Rennes,
Campus de Beaulieu, 35042 Rennes cedex

2Institut Universitaire de France

Glasses and crystals from the same chemical system mostly share the same interatomic bond strength. Neverthe-
less, they differ by the arrangement of bonds in space, which gives birth to different atomic packing efficiencies.
We show in this review that as far as the elastic moduli and hardness are concerned, the atomic packing density
predominates over the bond strength. The shear modulus of a glass is usually much smaller than the one of the
crystallized polymorphs, thanks to a more efficient packing of atoms in the latter. In contrast, the increase in
hardness is quite limited, likely because of the additional contribution of dislocation activity to the deformation
processes beneath the indenter in the case of crystals (shear plasticity). We also show that the occurrence of
chemical heterogeneities (weak channels) at the mesoscopic scale in glasses, which is often associated with the
lack of long range atomic ordering, promotes easy fracture paths and is responsible for the low toughness and
fracture surface energy.
©2022 The Ceramic Society of Japan. All rights reserved.
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1. Introduction

In comparison to crystallized materials, glasses are gen-
erally distinguished by a better transparency (but metallic
glasses of course), smaller thermal and electrical conduc-
tivities, a more brittle behavior, a worse resistance against
surface damage by indentation or scratching, and the lack
of permanent deformation at ambient temperature (but
under a sharp contact loading). In addition, glasses are
usually significantly less stiff and softer (to a lesser extent
though) than their crystalline counterparts.

In this paper, the peculiarities of the mechanical behav-
ior of glass are addressed in the light of known funda-
mental differences between glasses and crystals, from the
atomic scale and to the microstructural one, taking exam-
ples throughout the various glass-forming chemical sys-
tems, including oxides, oxynitrides, oxycarbides, chalco-
genides and metallic glasses. Each chemical system brings
some pieces to the puzzle of the global picture. For
instance, compositional effects within silicate glasses shed
light on the key role of the atomic packing density, and
those within chalcogenide glasses reflect the importance of
the average atomic network cross-linking, while metallic

glasses, in comparison with oxide and chalcogenide ones,
show what is going on when the interatomic bonds are
losing their directionality and their topological constraints.
The relevant structural characteristics, at the atomic

scale, are first introduced and discussed in connection with
the elastic behavior. Those include the nature of the struc-
tural units (chains, triangles, tetrahedra, etc.), the coordi-
nation number, and the atomic packing density. Hardness
is then introduced from the viewpoint of the permanent
deformation mechanisms occurring at high pressure (hard-
ness number order). The problem of crack initiation is
further described on the basis of our current understand-
ing of the ways a glassy material accommodates singular
stresses, and crack extension is analyzed accounting for the
details of the crack path and for the atomic organization.

2. Atomic organization and elastic properties

2.1 The structural units
In order to investigate the way the atomic-scale struc-

tural units affect the mechanical properties, let us briefly
recall some results that were obtained in the framework
of the topological constraint theory,1)3) a theory that was
inspired by the Maxwell stability criterion for articulated
systems,4) which found some successful developments in
the field of glass science. According to Maxwell criterion,
a system of b articulated rigid bars consisting of j junc-
tions (nodes) is just stable, or isostatic, when b = 3j ¹ 6
(Fig. 1). The basis of this equation is that each junction
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brings 3 possibilities for translation while the overall sys-
tem, as a whole, is free to translate in the three directions
of the coordinate system and to rotate around each axis, so
that three « rigid body » movements are permitted. One
bar suppresses one degree of internal freedom, so that the
number of bars should be at least equal to 3j ¹ 6 to meet
stability. This reasoning was transposed to an atomic net-
work by Philips2) and Thorpe,3) substituting bars and junc-
tions for interatomic bonds and atoms respectively. In this
latter case, there are two types of constraints, namely, the
interatomic distance rij, and the dihedral angles formed by
three atoms, ªijk. Then, ignoring any possible discrete flop-
py modes (which may occur in the Maxwellian articulated
systems as well as in the actual atomic network), the sta-
bility criterion is expressed as:X

r
nr½r=2þ ð2r � 3Þ� ¼ 3

X
r
nr; ð1Þ

where nr is the fraction of r-fold coordinated atoms. When
the average coordination number, ©rª, is considered, Eq. (1)
can be rewritten as:

hri=2þ ð2hri � 3Þ ¼ 3; ð2Þ
where the left member gives the number of constraints (i.e.
©rª/2 distances and 2©rª ¹ 3 angles), and the right one is
the degree of freedom (3 rigid body translations). There-
fore, stability is just achieved for: ©rª = 2,4 (Fig. 1),
which, in the case of glasses from the (Ge,Se) system
corresponds to the GeSe4 composition. When ©rª is larger
than 2.4, the system is said to be over-constrained and
might not resist crystallization. This situation is also en-
countered in silicon oxynitride glasses, in which three-fold
coordinated nitrogen atoms substitute for two-fold oxygen

ones. When the amount of nitrogen gets as high as 5 at.%,
crystallization can hardly be avoided. In the (Ge,Se) glass
system, when ©rª is smaller than 2.4, (-Se-)n chain seg-
ments are likely to form and this results in a more flexible
network weakly opposing to local inter-unit sliding. A
direct consequence is that as the average coordination
number is decreased, shear becomes easier with respect to
volume change, both in the elastic and in the flow regimes,
so that the ratio of the shear modulus over the bulk one,
®/K decreases, and Poisson’s ratio, ¯, increases (Fig. 2).
Let us recall that ¯ is defined as the opposite of the ratio of
the transverse contraction (¾t) to the longitudinal strain (¾l)
in a uniaxial loading experiment: ¯ = ¹¾t/¾l. It is note-
worthy that the atomic network cross-linking degree is
mostly correlated to the network dimensionality, that is
whether the network is built on 1D chain, 2D sheet, or 3D
units such as tetrahedra. For example, amorphous sele-
nium forms chains (1D structures) whereas amorphous
silica (a-SiO2) is chiefly 3D, like most crystals. Metasili-
cates (two alkaline atoms or one alkaline earth atom per Si-
based tetrahedron) and phyllosilicates (one non-bridging
oxygen atom per tetrahedron) lead to 1D and 2D units
respectively. The distinct symbols in Fig. 2 show that there
are monotonic and nearly linear decreases of ¯ as ©rª or
©nBOª is increased for each separate chemical systems,
while the dimensionality is increased too.
This analysis is obviously questionable as soon as the

interatomic bonds become weaker and less directional than
in the chalcogenide systems. In the case of ionic or metal-
lic glasses, the angular constraints are no longer decisive
(or strong) and bonds can no longer be assimilated to
cylindrical tubes, as in the Bohr model for atoms in cova-

Fig. 1. Top: Systems of articulated bars where the degree of mobility can be calculated from Maxwell’s
equation. The limit of the approach is shown in the case where the system should be just stable but experiences
some internal degree of freedom (floppy mode) (right). Bottom: Different glassy compounds from the (Ge,Se)
system. The average coordination number is expressed as ©rª = 4x + 2(1 ¹ x), where x is the atomic fraction of
germanium (GexSe1¹x compound).
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lent systems. The bar/node description becomes less pert-
inent. For example, in the case of a-SiO2, the ªSiOSi angle
between two SiO4/2 tetrahedra spread over a relatively
broad interval centered at about 147°, with a mid-height
distribution of about 35°. It was thus proposed by Philips2)

to remove the dihedral angle constraint (between two
adjacent tetrahedra) from the stability or rigidity criterion.
Then, for a glass of SixO1¹x composition, one obtains:
x[4/2 + (2 © 4 ¹ 3)] + (1 ¹ x)(2/2 + 0) = 3, which leads
to a rigidity threshold at x = 1/3. This value corresponds
to the SiO2 composition, which turns out to be frequently
encountered and suitable for glass formation. As an oxide,
SiO2 is said to be a good glass former! Back to Maxwell
criterion for articulated systems, considering a structure
consisting of j junctions, then each junction may be con-
nected to a maximum of j ¹ 1 left junctions, giving birth to
an overall number of connections equal to j( j ¹ 1). Each
bar is linked to two junctions and accounts for 1/2, so that
the former construction results in j( j ¹ 1)/2 bars. Such a
structure is just rigid when j( j ¹ 1)/2 = 3j ¹ 6. There are
two solutions to this equation: j = 3 (triangle) and j = 4
(tetrahedra). These geometrical figures are precisely the
most common among glass formers in oxide systems:
BO3/2 triangles; BO4/2, AlO4/2, SiO4/2 tetrahedra, etc.
Nevertheless, there is no one to one relationship between

average coordination number, or the cross-linking degree,
and the mechanical properties, but perhaps within a limited
compositional range in a particular chemical system. For
multicomponent silicate and silico-aluminate glasses, the
number of bridging oxygen atoms per (Si,Al)-O4 tetra-
hedra (nBO) can be used in lieu of the average coordination
number (Fig. 2). This number can be estimated from the
chemical composition, assuming for example than one
alkaline and one alkaline-earth atom give birth to one and
two non-bridging oxygen atoms respectively. This number
is defined as: nBO ¼ 4�P

i Mizi=
�P

j Fj

�
where Mi and

zi are the atomic fraction (after deduction of the number of
charge compensators) and the oxidation number of the ith
modifying cation and Fj is the fraction of the jth glass-
forming cation. The various series of data reported in
Fig. 2 show that like what happens in a macroscopic artic-
ulated systems, the increase of the cross-linking and of the
dimensionality at the atomic network scale makes the
transverse contraction more difficult, so that ¯ goes down
as ©rª or ©nBOª goes up, with a maximum Poisson’s ratio
value, except for metallic glasses, for chalcogen-based
glasses, at µ0.34 and a minimum value for silicon-
oxycarbide glasses, at about 0.11, where four-fold coor-
dinated carbon atoms add to the cross-linking of the amor-
phous silica matrix. In the case of precious-metal (Pt, Au,

Fig. 2. Poisson’s ratio (¯) as a function of the average coordination number ©rª or the number of bridging
oxygen atoms per glass-forming cation nBO. Figure reprinted with permission from Ref. 5).
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Pd,+) based metallic glasses (MGs), the atomic packing
is larger than 0.8, and ¯ meets values as large as 0.4. For
pure metals, the number of near neighbor atoms is equal to
8 and 12 for metals crystallizing in a body-centered and
in a face-centered structure respectively. In contrast with
ionocovalent glasses, where this number is controlled by
the number of valence electrons, it is chiefly governed by
the atomic size in metals. In such a situation, the packing
density (Cg) turns out to be a relevant parameter and, as
shown in the next paragraph, there is a remarkable corre-
lation between ¯ and Cg.

As the bonding character becomes less directional and
more metallic, the atomic packing efficiency comes into
play. For example, the addition of 30mol.% alkaline and
alkaline-earth oxides in vitreous silica, to meet a classi-
cal composition for window glass, results in a significant
decrease of the average bond strength and of the cross-
linking (or average coordination number) within the atomic
network. However, Young’s modulus (E ) and hardness
(H ) are about the same for a-SiO2 and for a soda-lime-
silica glass (window glass): E µ 72GPa and H µ 7GPa. A
much larger Young’s modulus (E > 200GPa) is eventually
achieved in metallic glass systems, in spite of much weaker
binding energies. The explanation lies chiefly in the atomic
packing density, which gets better and better as the network
cross-linking degree and the bond strength are decreased.
As a matter of fact, it is easier to pack “hard” spheres, such
as “good” metal atoms, in a box, than stiff structural units
such as rods, triangles or even worse, tetrahedra!

2.2 The empty space
In comparison to most crystals, glasses are characterized

by a less efficient atomic packing. Some significant free
volume remains in the glass network, inasmuch that they
were cooled rapidly (quenched) from the melting temper-
ature. In the case of a periodic array of atoms, Cg can be
determined in a straightforward manner from the geo-
metrical characteristics of the atomic stacking, regardless
of the size of the elementary cell or of the atomic radius.
For cubic-centered and face-centered structures based on a
single chemical element, Cg reaches values of 0.68 and
0.74 respectively. In the case of a disordered arrangement
of atoms, Cg can be determined from the ratio of the effec-
tive volume occupied by a mole of atoms (Va), as estimated
from the atomic radii (Va ¼ N P

i 4=3³xir
3
i , where N is

Avogadro number and xi and ri are the atomic fraction and
ionic radius of the ith element), to the corresponding vol-
ume of glass (V0), calculated from the specific mass of the
glass (μ) and the molar mass of the constituents [V0 ¼
ð1=μÞPi ximi, where mi is the molar mass of the ith
element]:

Cg ¼
N

X
i
ð4=3Þ³xir3iX
i
ximi

� �.
μ

ð3Þ

In multicomponent systems where atoms are relatively
free to explore the empty space of the atomic network,
large Cg values may be obtained. This situation is observed

in metallic glasses based on precious metals, which exhibit
Cg values as large as 0.8. In the case of silicate glasses, Cg

ranges typically between 0.45 and 0.55 (Fig. 3).6)8) The
correlation between ¯ and Cg stands regardless of the order
versus disorder character of the atomic organization.
Nevertheless, it can be seen in Fig. 3 that elements crys-
tallizing in the same structure, that is with the same theo-
retical packing density, may exhibit different ¯ values.
This is because as the atomic number increases, bonds
tend to become less directional and shear sliding becomes
easier, resulting in a more isochoric deformation. For
example, ¯diamond < ¯Si < ¯Ge for cubic diamond structure
and ¯Be < ¯Pb for the face-centered cubic structure.
Let us consider the case of vitreous silica. The bulk

modulus (K ) of a-SiO2 is equal to 33GPa. The addition of
30mol.% of a mixture of alkaline (A) and alkaline-earth
(AE ) oxides (Na2O, K2O, MgO, CaO) leads to a value of
44GPa for K, that is a larger value in spite of much smaller
bond energies for the added constituents: U0(Na-O) = 73
kJ.mol¹1, U0(K-O) = 49 kJ.mol¹1, U0(Mg-O) = 166 kJ.mol¹1,
and U0(Ca-O) = 177 kJ.mol¹1, whereas U0(Si-O) = 624
kJ.mol¹1.9) However, Cg is increased in the presence of
A and AE oxides, to about 0.516 for a standard window
glass, while it is as small as 0.454 for a-SiO2. This is a
clear evidence for the role played by Cg on the elastic
moduli. An explicit relationship between K and the inter-
atomic bond energy is expressed by the 1st Grüneisen rule,
K = mn«U0«/(9V0), where m and n are the exponents of
the pair potential, [U(r) = A/rm ¹ B/rn], U0, is the bond
energy and V0 is the molar volume (provided U0 is given in
J.mol¹1). This expression can be extended to a complex
glass composition using the average dissociation enthalpy
©U0ª and volume ©V0ª of an equivalent mole of glass (also
referred to as a gram-atom). As long as the bonds are
assumed to be similar in a glass and in a crystal having the
same stoichiometric formula, then the ratio of the bulk
modulus of the glass to the one of the crystal is given by:
Kg/Kc = V0c/V0g, and with the densities,

Kg=Kc ¼ μg=μc; ð4Þ
or alternatively, with the atomic packing density:

Kg=Kc ¼ Cg,g=Cg,c ð5Þ
For example, the density of ¡ quartz, an allotropic vari-

ety (or a polymorph) of a-SiO2, is equal to 2.65 g.cm¹3 and
is greater than the one of a-SiO2 (2.2 g.cm¹3). The iso-
thermal bulk modulus of quartz is equal to 38GPa,
whereas the one of a-SiO2 is equal to 33GPa, so that Kg/
Kc = 0.87, which is close to the density ratio: 0.83. How-
ever, as the crystallized phase used to estimate the glass
properties becomes more efficiently packed, Kg/Kc be-
comes much smaller than μg/μc. For example, in the case
of stishovite, another allotropic variety of SiO2 but where
Si is six-fold coordinated, Kg/Kc = 0.11 (Kstishovite µ 295
GPa),10) whereas μg/μc = 0.515. In a detailed investiga-
tion of the correlation between the bulk modulus and the
atomic packing density of silicate glasses and their crys-
tallized polymorphs (in particular MgSiO3, CaMgSi2O6
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and SiO2 compounds), it was found that although K
depends almost nearly on Cg, the slope changes from one
chemical system to the other and there is a threshold value
for Cg below which K tends toward zero.11) This critical
value is close to 0.45. This discrepancy may be attributed
to an increase of the mn product in the pair potential with
Cg since the interatomic potential well becomes steeper as
the density is increased, especially for the high-pressure
phases such as stishovite (or coesite), and also to a lesser
extent to a change in the dissociation enthalpy, and in the
atomic radii. There are indeed many cases of elements and
compounds exhibiting a more metallic behavior (i.e. a de-
crease in bond charge) under pressure,12),13) such as hydro-
gen becoming metallic, or semi-conductors becoming con-
ductors.12) Although there is no general rule and the high
pressure behavior can hardly be predicted, this suggests a
change in the bond character, and an increase of m with the
density, or as the atomic packing gets closer to the hard
spheres model. Further in-depth atomistic investigations
are required to clarify this point.

This reasoning was successfully applied to find the
elastic modulus of relatively simple glasses for which the
stoichiometry could be ascribed to a combination of differ-
ent crystallized phases. For an arbitrary glass composition
(that is with little hope to find an crystallized polymorph),
©U0ª can be estimated from the dissociation enthalpy of

each oxide (AxOy) introduced in the composition,5),14) "Hd,
which is given by a classical Born-Haber cycle: "Hd =
¹"Hf (AxOy) + x"Hat (A) + y"Hat (O), where "Hf is an
enthalpy of formation and "Hat is an atomization enthalpy,
and for the diatomic oxygen molecule, "Hat (O; 1/2 O2 ¼
Og) = 249,18 kJ.mol¹1. Let’s consider a glass obtained by
melting of a mixture of 30mol.% BaO, 30mol.% TiO2 and
40mol.% SiO2. The dissociation enthalpy for SiO2 is given
by: "Hd (SiO2) = ¹"Hf (SiO2) + "Hat (Si) + 2"Hat (O).
This gives: "Hd (SiO2) = 910.7 + 450 + 2 © 249.2 =
1859 kJ.mol¹1. In a similar way, we obtain 976 and 1915
kJ.mol¹1 respectively for BaO and TiO2. Therefore, after
weighting these values according to the molar fraction of
each oxide, one obtains ©U0ª = 1611 kJ.mol¹1 for the glass
(or 604 kJ.mol¹1 for the equivalent gram-atom, which
writes: Si0.15Ba0.11Ti0.11O0.63). The specific mass of this
glass is equal to 4,02 g.cm¹3 and the molar mass, expressed
as

P
i fimi = 0,4mSi + 0,3mTi + 0,3mBa + 1,7mO, is equal

to 94 g, which gives a molar volume ©V0ª = 23.4 cm3.
Therefore ©U0ª/©V0ª = 68.8GPa, which is in agreement
with the experimental value of 70.1GPa. This suggests
that, at least for oxide glasses, the mn product of the pair
potential is close to 9. Nevertheless, the agreement between
the theoretical prediction and the experimental data is gen-
erally not that good, not only because the atomic bonding
character is not well known in complex systems, but also

Fig. 3. Poisson’s ratio, ¯, as a function of the atomic packing density, Cg. The distinct symbols show that there
are monotonic increases of ¯ with Cg for each separate chemical system. Figure adapted with permission from
Ref. 6) and augmented with data from alkali-borosilicate7) and sulfophosphate8) glasses.
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because there are fundamental issues with the determina-
tion of Cg, such as the chosen values for ri (which depend
on the oxidation number, on the coordination, etc.), pro-
vided invoking atom radius remains meaningful. It is
noteworthy that in the same way that the binding energy of
crystals scales with their melting point, the average disso-
ciation energy of glasses scales with Tg (Fig. 4).15) In
Fig. 4, the energy content ©U0ª ofMGs was estimated from
the atomization enthalpies of the single elements and from
the enthalpy of mixing (usually negligible in comparison
to the atomization enthalpies). The mean dissociation
enthalpy ranges from about 100 kJ.mol¹1 for chalcogenide
glasses to 700 kJ.mol¹1 for silicon-oxynitride glasses. It
follows that the shear modulus of glass evolves more or less
like the glass transition temperature, and that hardness,
which was found to scale with ® in many crystallized
systems is also more or less scaling with Tm for crystals and
with Tg for glasses. But these are rough approximations
(see Fig. 2 in Ref. 16)) since, on the one hand, the atomic
packing factor is ignored, on the other different mecha-
nisms may result in the same hardness number, as is
discussed in the next paragraph. Besides, elastic moduli
and hardness are given in Pa, that is in J.m¹3, whereas a
temperature has the dimension of an energy.

2.3 Hardness
The hardness of glasses containing a large free volume

content, such as vitreous silica (a-SiO2), is predominantly
controlled by the volume density of atomic bonds, regard-
less of the interatomic bond energy. This is the reason
behind a-SiO2 (H = 8.7GPa) being considerably softer
than its crystalline counterparts, quartz (H = 1012GPa),
coesite (H µ 10GPa) or than its high-density variant, the
stishovite (H µ 33GPa).17),18) With an increase in the pack-
ing density, the bond strength becomes more dominant than
the packing density itself, and the resistance offered by the

glass to the shear flow governs hardness. This is whyMGs,
which have a remarkably large atomic packing density,
which reflects in their Poisson’s ratios being typically larger
than 0.3, can be stiffer than - and as hard as - oxide glasses,
despite much weaker interatomic bonding.
Typical H values for inorganic, non-metallic glasses

range between 1 (chalcogenides) and 12 (silcon-
oxynitrides) GPa. These are obviously much larger than
the stresses that glasses can withstand during ordinary
mechanical testing (such as uniaxial tension or compres-
sion tests) or in service conditions, and are sufficient to
generate some densification in the process zone beneath
the imprint. Densification at indentation sites was deduced
from changes in the refractive index as measured by opti-
cal interferometry,19),20) as well as by Raman spectros-
copy,21),22) and was recognized to be a general property of
glasses. Densification, which is a displacive transforma-
tion, shows up through a persistent change of the atomic
network structure in the region that extends up to several
times the indentation size beneath the surface, and involves
a collapse of matter into a relatively-more close packed
structure. The extent to which a glass can densify during
indentation depends on its atomic packing density. The
smaller Cg is, and the larger the magnitude of the volume
shrinkage becomes. In the case of amorphous silica (a-
SiO2), densification accounts for 80% of the indentation
volume, whereas for a Zr-based metallic glasses, which has
a random close packed structure, it contributes to less than
10% of the deformed volume.22) Beside densification, the
other major contribution to the formation of an imprint is
the isochoric and shear-driven flow of matter. Densification
occurs first, in an axisymetrical blister-shape like region
extending to a depth scaling with the indentation size, while
shear flow relays on and is very much localized along the
contact area, eventually resulting in some piling-up of
material at the vicinity of the imprint.23)

Fig. 4. The dissociation energy ©Uoª for a gram-atom of glass, as estimated from thermochemistry data as a
function of Tg. Figure reprinted with permission from Ref. 15).
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In the case of crystalline materials, and especially metals,
the residual indentation print can be attributed to the move-
ment of dislocation and is chiefly correlated to the shear
modulus (per the Peierls expression for the lattice friction
force), and to a lesser extent to some diffusion processes
(especially at elevated temperature) when the transport of
matter plays a role in the permanent deformation, as in the
cases of dislocation climb or diffusion creep for example.
Therefore, hardness values are typically below 3GPa for
metals, and H is proportional to the macroscopic flow
stress and to the shear modulus: H µ 0.01® (Fig. 5).MGs,
which deform by localized shear-transformation-zone proc-
esses,24) are mostly hard (H ranges between 2 and 18GPa)
and exhibit a much larger slope: H µ 0.145®, close to the
one observed for covalent crystals, H µ 0.147®,30) but
smaller than the one for silicate glasses, H µ 0.2®. The
differences observed between these classes of materials
derive from the fundamental changes in the deformation
mechanism and is discussed below.

The possible and eventually concomitant mechanisms
resulting in a permanent imprint at the surface of glass in
ambient conditions include i) densification; ii) isochoric
shear flow; and iii) damage-based processes (microcrack-
ing). Furthermore, the shear deformation processes, which
are reconstructive by nature, may greatly differ depending
on the material. Shear-thinning viscous flow, where the
non-linear rheological behavior stems from the high pres-

sure that builds at indentation site, can be invoked for non-
metallic glasses. In the case of MGs, the fundamental unit
processes of deformation occur via the collective shuffling
of clusters of atoms to accommodate the applied shear
strain. These are termed “shear transformation zones”
(STZs), and result in an inhomogeneous plastic flow into
narrow shear bands with typical thickness of ³10 nm.24)

These shear bands, after propagating through a character-
istic distance, become shear cracks. The absence of dis-
locations in MGs, however, makes them considerably
harder than their crystalline counterparts. Interestingly, the
occurrence of dislocation activity in crystalline polymor-
phs of silicate glasses (bold marks in Fig. 5) prevents from
a significant increase of hardness in these polymorphs in
comparison with the parent glass, in spite of a dramatic
increase of the shear modulus. Dislocation glide was ob-
served in MgSiO3 (bridgmanite), having a perovskite-type
structure, with [100](010) and [010](100) slip systems,31)

and in CaMgSi2O6 (diopside) at T < 500 °C, plastic defor-
mation takes place by mechanical twinning on (100)[001]
and (001)[100] with dislocation glide on (100)[001],
(100)[010] and (010)[100].32) In the case of quartz,
although dislocation slip was reported and mainly takes
place in the a, c and ©a + cª directions, mostly along
(0001) and f10�10g planes, it turns out that glide is very
limited at ambient pressure and temperature,33),34) and
indeed no dislocation activity was detected at Vickers

Fig. 5. The hardnessshear modulus correlation. The bold straight lines correspond to the best linear fitting for
bulk metallic glasses (data from Ref. 24)) and for silicate glasses (data from Refs. 16) and 29)). Data on glass
crystallized polymorphs and metamorphic minerals were taken from Refs. 17) and 18). Data on chalcogenide,
oxynitride and oxycarbide glasses were extracted from Refs. 25), 26), 27) and 28) respectively. The linear
correlation observed for covalent crystals is from Ref. 30).
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indentation sites.35) Dislocation activity in coesite is
strongly constrained by the pseudo-hexagonal symmetry
and some analogies are thus found with deformation
mechanisms observed in quartz. As a matter of fact, in
spite of smaller shear moduli for quartz and coesite in
comparison to MgSiO3 and CaMgSi2O6 phases, SiO2 high
pressure polymorphs are harder. Another important feature
of the permanent deformation mechanism at indentation
site is that shear flow, whatever its physical origin, is more
sensitive to temperature than volumetric change, such as
densification, so that densification, as long as there is
enough room for it (that is the free volume content is large
enough), becomes more and more important as the glass is
cooled and, on the contrary, shear, as revealed by shear
bands and piling-up of matter at the border of the imprint,
is favored at elevated temperautre.35),39) Shear phenomena
in general, including elasticity, dislocation plasticity or
viscosity, predominates over isobaric ones as temperature
is raised, inasmuch as densification is bounded, by nature,
whereas large strain can be achieved in shear, with no
theoretical limit. For example, ® decreases faster than K
upon heating, so that ¯ increases and the behavior becomes
more volume conservative. The occurrence of dislocation
activity in crystals or of viscous flow in glasses is also a
direct consequence of the rapid decrease of the yield stress
upon heating, so that a brittle to ductile transition is ob-
served when this stress becomes smaller that the strength
of the material at this temperature. In both cases, a shear
thinning behavior is mostly observed, so that shear flow is
also more and more significant as the stress (or contact
pressure) is increased. The intrinsic strength of silica and
silicate glasses is of the order of 14 to 20GPa in vac-
uum, as shown both experimentally36) and by MD simula-
tion.37) Since densification, which leads to a 20% density
change, begins at about 10GPa (with the first plateau
being met at µ18GPa), densification is the major defor-
mation contribution in a-SiO2. However, plastic flow
relays on as the glass is densified.23) Plastic flow shows up
in tension in densified silica glass samples, in between 10
and 15GPa tensile stress, depending on the extent of the
pre-densification treatment, suggesting that flow in amor-
phous silica is directly correlated to the occurrence of 5-
and 6-fold coordinated silicon.37) In spite of a-SiO2 failing
in a brittle manner in tension at about 15GPa in vacuum,
the tensile strength of a-SiO2 decreases down to 6 to 7GPa
in moisture environment36) and some more recent studies
dealing with the behavior of ¯m size micropillars sug-
gested a yield stress in compression in air for plastic flow
of about 7GPa.38) There still remains fundamental ques-
tions about the way vitreous silica permanently deforms in
ambient conditions. It is known that shear promotes pres-
sure densification and that the elastic behavior is strongly
non-linear. Besides elastic moduli changes in a compli-
cated manner with pressure.

The fundamental reason for the lack of a one to one rela-
tionship between H and ® (Fig. 5) is that whereas ® can
be seen as a bulk material property, reflecting the energy
content per unit volume in the material, or in other words

the arrangement of bonds in space, hardness accounts for
some fine heterogeneous details of the atomic organiza-
tion, such as the presence of easy shear paths (slip planes
for crystals, weak channels in glass).
The permanent deformation in glasses is reflected in ¯.

As a matter of fact, in the same way that ¯ of crystal-
line polymorphs increases with the density (¯quartz =
0.09, ¯coesite µ 0.18, ¯stishovite = 0.22),39),40) ¯ increases in
glasses under pressure (from 0.15 to 0.33 in a-SiO2)41) as
well as after permanent densification.23) As ¯ increases,
isochoric shear relays on densification under a sharp con-
tact loading. Furthermore, as shear deformation becomes
easier relative to the volume change, H decreases and E/H
increases, as well as E/® and K/®. Since both E/® and
K/® scale with ¯, it turns out that examining E/H or ¯ to
anticipate sink-in or pile-up is about the same thing.42)

Note that ductile materials, which show extensive pile-up,
are comparatively soft and exhibit large ¯ values (and
large Cg ones). Nevertheless, even in the cases where vol-
ume conservative flow is the dominant mechanism, the
pile-up volume remains noticeably smaller than the inden-
tation volume. It represents 34, 61, and 75% of the volume
of the imprint for a Zr55Cu30Ni10Al5 MG, GeSe4 glass, and
pure crystalline platinum, respectively.23) This is because
a significant fraction of material moves downwards into the
bulk, inducing post-unloading residual stresses. Such stress
field prevents against a complete recovery of the elastic
energy stored during the loading stage and is responsible
for the radial-median cracks observed at higher loads in
brittle solids and discussed in the next paragraph.

3. Cracking

3.1 The crack formation process
Surface damage by indentation or scratching is a major

issue in glass industry, in architecture, or for the life dura-
bility of flat displays. On the one hand, it alters the optical
properties, including transparency and visual aspect, and
on the other hand, it significantly decreases the strength
and the safety of glass products. It also raises fundame-
ntal scientific questions, such as how glass permanently
deforms under a sharp contact loading and whether there
is anything to be done to reduce glass brittleness? Sharp
contact loading experiments, by means of cube-corner,
Vickers, Knoop or Berkovich indenters, are useful tech-
niques to characterize the onset for crack initiation, with
the aim to reproduce what may happen in service condi-
tions when the surface of a glass part is damaged (by
impacts, scratches, indents, etc.). The crack resistance of a
glass can be assessed by means of Vickers indentation
tests, by indenting stepwise at increasing loads, and count-
ing the number of radial cracks emanating from the corners
of the residual imprints.43) The probability of crack initia-
tion is then defined as the ratio between the number of
corners where a radial crack was formed and the total num-
ber of corners (4 for a Vickers test). When the occurrence
of two radial cracks (optical microscope resolution) from
two opposite corners of a Vickers indent (four cracks are
observed when the indentation cracking pattern is fully
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developed) is considered as a criterion for the onset of
indentation cracking, values of ³0.3, 0.7, 1 and 10N are
obtained for the critical indentation load for lead glasses,
window glasses, E-glass (a low alkali boro-aluminosilicate
glass) and the mother Vycor glass [silica-rich (96mol.%)
borosilicate glass] respectively (Fig. 6).

There is no one to one relation between the onset load for
crack initiation and mechanical properties such as H, frac-
ture toughness (KIc), elastic moduli, strength, or any simple
combination of those such as the brittleness index (B = H/
KIc),29),42),44),45) but with the ability of the glass to experi-
ence densification beneath the indentation zone.16),43),45),46)

The general trend, again confirming the crucial role of Cg,
is that glasses with relatively open atomic structures, such
as a-SiO2, are more resistant toward crack initiation than
glasses with large atomic packing density, such as lead-
borate glasses for example,16),47) and indeed an increase
in the critical crack initiation load with the densification
contribution to the formation of the imprint (and thus with
the decrease of the intensity of the residual stress field) was
found.

3.2 Crack propagation: fracture toughness
and fracture surface energy

Fracture toughness (KIc) and fracture surface energy (£)
values as obtained by standard notched-beam specimens
where the crack depth is known (the crack is assimilated
to the notch, eventually with the addition of some length
due to fatigue crack growth) and the stress at fracture is
measured, are often greatly overestimated due to different

energy dissipation processes operating at the vicinity of
the crack front. Besides, in most cases, the elastic energy
stored both in the specimen and in the testing machine at
the onset of crack extension is large enough to cause a
catastrophic, unstable fracture, especially when it is real-
ized that £ is typically smaller than 1 J.m¹2 for glasses.
This situation prevents from a straightforward measure-
ment of the fracture surface energy from the area under the
load-displacement curve. Nevertheless, there are few suita-
ble experimental methods, among which the chevron-
notch beam (CN ), the controlled-surface flaw (CSF ), and
the single-edge precracked beam (SEPB) ones,48) allowing
for the determination of £ either from the mechanical work
(load P; displacement u) associated with the stable (quasi-
static) fracture process:

£ ¼ 1

2S

� �Z ur

0

PðuÞdu ð6Þ

where S is the area of the fracture surface and coefficient
2 in the right member accounts for the two walls of the
fracture surface, or from the onset for crack initiation using
the Irwin-Griffith similarity principle:

£ ¼ K2
Ic

2E0 ð7Þ

where EB = E in plane stress and EB = E/(1 ¹ ¯2) in plane
strain.
The intrinsic fracture toughness and surface energy were

measured in a series of glasses with different composi-
tions, and the agreement between £ values as obtained

Fig. 6. The probability of crack initiation at different applied loads. The probability is determined as the
average number of radial cracks per corner out of a series of Vickers indents (typically over 10) performed at a
given load. The crack resistance is the load where the probability of crack initiation is equal to 50% (i.e. two
corners out of four exhibit cracks on average). Insets on the left show typical indentation cracking patterns cor-
responding to 0, 2, 3 and 4 well developed radial cracks. Reprinted with permission and adapted from Ref. 16).
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from Eqs. (6) and (7) and support the fact that the crack
tip, in such brittle materials, is atomically sharp. This find-
ing corroborates observations made by means of HR-TEM
and AFM in glasses and ceramics.49)51)

A relatively simple approach to predict £ and KIc in a
quantitative manner consists in assuming that a propagat-
ing crack extends following a path disrupting the weakest
links of the energy landscape, and to estimate the surface
energy from the bond strength and the bond concentration
along this fracture surface. The intrinsic (or theoretical)
fracture surface energy is obtained from the surface density
of representative structural units and from the relevant
bond strength. Let us first consider again ¡ quartz. This
material usually exhibits a conchoidal fracture, which sug-
gests that there is no preferential fracture plane (as in the
case of glass), and this is indeed a common way to identify
quartz in geology. Nevertheless, two easy cleavage planes
were identified in the trigonal trapezoidal lattice struc-
ture of this crystallized phase, namely the ð01�11Þ et ð11�20Þ
planes.52),53) The ¡ quartz lattice elementary cell contains
a silicon oxide ring consisting of 6 oxygen atoms inside
a parallelepipedic cell (a = 4.912¡, b = 4.912¡, c =
5.404¡, ¡ = 90°, ¢ = 90°, £ = 120°) and 6/2 silicon
atoms (on the faces). In the case of the prismatic ð11�20Þ
plane, associated with the ½1�100� cleavage direction, the
area (S) of a plane surface cutting this cell is 2 © a © c ©
cos 30°. One finds Sð11�20Þ ¼ 46¡2. In such a plane, a
passing-through crack cuts two SiO bonds. With a bon
energy of 624 kJ.mol¹1,9) this leads to a value of 2�
624:103=ðN � 46:10�20Þ for £, where N is Avogadro’s
number. Therefore £ = 4,5 J.m¹2, which is in agreement
with the value of 4.44 J.m¹2 that is deduced from the
experimental KIc value derived from a quasi-static stable
fracture test, taking Young’s modulus equal to 76GPa
in the direction normal to the cleavage plane.53) This
approach was successfully applied to relatively complex
glass systems replacing the cleavage plane by a plane of
arbitrary orientation (random) and taking the number of
disrupted bonds from the stoichiometric formula (gram-
atom), assuming that a crack preferentially cuts the weak-
est links of the network.54) Let xi be the stoichiometric
fraction of the species involved in the ith bonding energy
Uoi (in J.mol¹1), between the ith cation (Ai) and a first
neighbor oxygen anion in the case of an oxide glass, and
let ni be the number of such bonds supposed to be broken
as the crack front propagates to the next unit, then £ is
expressed as:

£ ¼ 1

2

μ

Mo

� �2=3

N�1=3
X

i
xiniUoi ð8Þ

where the 1/2 prefactor on the right-hand side member
accounts for the fact that the bond disruption process leads
to the formation of two complementary surfaces.

It is noteworthy that the Ai-O bond dissociation energy
in a glass network is usually not known accurately. Hence,
Uoi was taken either as the dissociation enthalpy of the
AixOy compound, D°(AixOy), divided by x and by the coor-
dination number of Ai to oxygen, or as the Ai-O bond

dissociation enthalpy, D°(Ai-B) or fission enthalpy. It turns
out that a better correlation between experimental and
theoretical KIc values is obtained with D°(Ai-B), although
this latter parameter significantly overestimates the bond
strength in the network. An equivalent expression to
Eq. (8) is obtained with Cg:

£ ¼ 1

2

X
i

4

3
³xir

3
i

� ��2=3

N�1C2=3
g hUoi ð9Þ

where hUoi ¼
P

i xiniUoi is the mean energy content in a
gram-atom of glass.
The fracture surface energy of glass can also be esti-

mated from the one of an allotropic crystal (when such a
material exists), considering that the volume density of
energy scales with the specific mass (μ), and further that
the surface density of energy is proportionnal to μ2/3.
Then, for the glass:

£ver ¼ £cristðμver=μcrystÞ2=3 ð10Þ
Then, taking £quartz equal to 4.44 J.m¹2, one obtained

£SiO2
¼ 4 J.m¹2, which further gives a fracture toughness

of 0.76MPa.
ffiffiffiffi
m

p
. This latter value is in agreement with the

experimental value of 0.8MPa.
ffiffiffiffi
m

p
obtained for a-SiO2 in

a dry environment.55) Again, the agreement between the
theoretical and experimental values of £ for glasses from
various chemical systems corroborate the assumption that
the crack front opening displacement is within the inter-
atomic distance, and fracture is purely elastic.
The experimental data presented in Fig. 7 show that as

far as non-metallic inorganic glasses are concerned, KIc

and £ range typically from 0.1 to 1.5MPa.
ffiffiffiffi
m

p
and from

0.5 to 8 J.m¹2 respectively. Mots brittle glasses are from
chalcogenide and lead-borate systems, which turn out to
exhibit at the same time a relatively large atomic packing
density and a relatively small interatomic bond strength.
In contrast, silicon oxynitride and oxycarbide glass form-
ing systems provide the toughest glasses. The situation is
nevertheless different in these latter systems. In the case of
silicon oxynitride glasses, the large KIc values are attrib-
uted to the efficient packing of strongly bonded atoms
(these glasses are also the stiffest), whereas in the case of
silicon oxycarbide, the resistance toward crack initiation is
supposed to derive from the important 3D cross-linking
of a network consisting of strong bonds, and on possible
crack tip shielding phenomena as the crack meets the
nanoscale cavities where the free volume concentrates.

4. Conclusion

Interatomic bonds are quite similar in crystallized and
amorphous polymorphs. Nevertheless, the atomic bonding
arrangement in space is different. In particular, the pres-
ence of free volume makes the volume density of bonds,
and thus the density of energy, smaller in glasses. There-
fore, elastic moduli, which are given in J.m3 (Pa), are usu-
ally smaller. Consequently, the bulk modulus of different
polymorphs depends nearly linearly on the atomic packing
density. In the case of glasses, the free volume content,
or the atomic packing density has a tremendous influence
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on the elastic moduli, and predominates over the bond
strength in many cases. This is why silicon oxynitride
glasses are much stiffer than their parent oxide glasses or
why sodium alumino-silicate glasses are stiffer than sodi-
um alumino-borate glasses although the SiN bond is
weaker than the SiO one and the BO bond strength is
larger than the SiO one.

However, as far as mechanical properties are concerned,
it is important to distinguish phenomena occurring at the
global scale such as volumetric change, and those oc-
curring at some mesoscopic scale that are more heteroge-
neous in nature, such as shear-induced processes and
fracture. These latter phenomena are mediated by the fine
heterogeneous details of the atomic network (sliding and
cleavage planes in crystals and easy shear paths in glass).

Hardness is intimately linked to a combination of con-
tributing deformation mechanisms, including densification
and shear processes. Therefore, it is a composite property
involving both the global and the mesoscale at which shear
localization occurs. The ease for dislocation glide in pure
metals makes them relatively soft in comparison to metal-
lic glasses, which are typically 15 times harder for a given
shear modulus. Ionocovalent crystals are advantaged by a
more efficient atomic packing than their amorphous poly-
morphs while the dislocation activity is these crystals is
quite limited in ambient conditions. As a result, they are
mostly (slightly) harder than their amorphous counterparts.

The intrinsic fracture surface energy (£) is intimately
linked to the crack path. For “simple” mono-constituent
glass such as a-SiO2, the experimental value for £ is in
agreement with the prediction based on a random planar
fracture path through the glass. In the case of multi-

component systems, it is necessary to account for the
weakest links of the atomic network. Fracture toughness,
as measured from a self-consistent method involving an
atomically sharp crack ranges from 0.1 to 1.5MPa.

ffiffiffiffi
m

p
(£ is between 0.5 and 8 J.m¹2), silicon oxynitride and
oxycarbide glasses being the toughest among non-metallic
inorganic glasses.
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