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I. INTRODUCTION

Accurate control of the magnetization direction is a key aspect in existing or emerging technologies for magnetic data storage and processing. In such a context, the development of new nanostructured materials requires fundamental studies exploring routes to tailor the magnetic anisotropy that determines the direction and the thermal stability of the magnetization. Strain-engineering is an appealing strategy that can be employed in order to enhance the magnetic anisotropy. While this approach has been used extensively in the case of continuous thin and ultrathin films [1], less work has been devoted to the control of magnetic properties via strain in isolated nanoobjects. Recently, vertically assembled nanostructures (VANs) [2] were demonstrated to possess great potential for the development of systems with tailored magnetic anisotropies. As illustrated in Fig. 1, the geometry and the epitaxial character of these composites can be used to control the distinct sources of magnetic anisotropy in embedded nano-objects. The competition/synergy between magnetoelastic and magnetostatic contributions has already been studied in all-oxide VANs, particularly in the case of layers hosting nanopillars made of CoFe 2 O 4 , a piezomagnetic compound [3][4][5][6][7][8]. In contrast, hybrid metal-oxide VANs have been less explored so far [9,10].

In earlier studies, we have evidenced large magnetoelastic effects in Ni-SrTiO 3 VANs [11,12]. From a quantitative perspective, the uniaxial magnetic anisotropy has two sources in this system: (i) a magnetostatic term, or shape anisotropy, given by K ms = K (1) ms sin 2 α with α being the angle between the axis of the wires and the magnetization and K

(1) ms = µ 0 M 2 s /4 with M s the saturation magnetization density, and (ii) the magnetoelastic anisotropy that is given by K me = K (1) me sin 2 α with:

K (1) me = 3 2 λ 001 (c 11 -c 12 )(ϵ zz -ϵ rr ) (1) 
In this equation, c ij are elastic constants, ϵ zz is the strain along [001] (axial strain), ϵ rr is the radial strain, and λ 001 is the magnetostriction coefficient. As λ 001 is negative in pure Ni, large axial strains eventually lead to a negative value of K (1) ms + K (1) me and the axis of the wires becomes a magnetic hard axis [12].

In the bulk Co x Ni 1-x binary system, the amplitude and sign of the magnetostriction coefficient λ 001 varies with the composition x of the alloy. Starting from a negative value for pure Ni, its amplitude drops as x increases up to 0.2. At x = 0.2, λ 001 = 0. For x > 0.2, λ 001 is positive and increases with x [13]. This yields an appealing path for perpendicular magnetic anisotropy enhancement. Provided that the face-centered cubic structure of the Co x Ni 1-x alloy is preserved and that large axial strains can be achieved, the combined contributions of K (1) ms and K (1) me are expected to result in a large uniaxial anisotropy. We examine this strategy in the present paper on a macroscopic and microscopic scale combining structural and magnetometry measurements. These data are complemented by XMCD experiments. Using the well established sum-rules [14,15], we calculate spin and orbital magnetic moments and thereby provide a quantitative, element-selective description of their angular dependence. We eventually use Bruno's model [16] to link the macroscopically observed anisotropy energy with the anisotropy of the orbital moment. The manuscript is organized as follows: after a first part devoted to the description of the experimental techniques used in this work, we will give detailed insight into the structural characteristics of the samples before turning to an indepth analysis of their magnetic properties.

II. SAMPLE GROWTH AND ANALYSIS

A. Growth

Co x Ni 1-x (CoNi) nanowires embedded in a SrTiO 3 matrix were grown by sequential pulsed laser deposition (PLD) of cobalt, nickel and SrTiO 3 (STO) on Nbdoped SrTiO 3 (001) and SrTiO 3 (001) substrates, following procedures established previously to synthesize Co, Ni and CoNi nanowires in CeO 2 /SrTiO 3 , (Sr,Ba)TiO 3 and SrTiO 3 [11,12,[17][18][19][20][21][22][23][24][25][26][27][28][29][30][31]. A quadrupled Nd:YAG laser (wavelength 266 nm) operating at 10 Hz and a fluence in the 1-3 J/cm 2 range was used. The growth temperature was 650 • C. The composition of the Co x Ni 1-x alloy was set by adjusting the growth sequence following procedures similar to the ones described in Ref. 23. In the rest of this paper, the samples will be named as Sξζ with the number ξζ being equal to the percentage of Co in the CoNi alloy. Samples S00, S18, S57, and S78 were grown using the same temperature and laser fluence on Nb-doped SrTiO 3 (001). S80 was grown at slightly lower temperature and laser fluence on SrTiO 3 (001). Following the sequential deposition step, the samples were capped with a ∼3 nm thick Al 2 O 3 layer in order to protect them against contamination and avoid NW oxidation.

B. Structural measurements

The structure of the samples was studied using a combination of techniques including transmission electron microscopy (TEM) and x-ray diffraction (XRD). High resolution transmission electron microscopy (HRTEM) data were acquired using a JEOL JEM 2100F equipped with a field-emission gun operated at 200 kV and a Gatan GIF spectrometer. XRD data were collected on a laboratory 5-circles diffractometer (Rigaku SmartLab) with Cu K α radiation (wavelength of 1.54 Å) in order to determine the epitaxial relationship in the nanocomposites. The mean axial strain in the CoNi wires was determined through the analysis of θ-2θ scans. The diffraction intensity is given as a function of reciprocal lattice units (r.l.u) in what follows with SrTiO 3 reciprocal basis as a reference.

C. Magnetometry measurements

Magnetic measurements were performed using a vibrating sample magnetometer (VSM) option in a physical properties measurement system (Quantum Design PPMS 9T). The magnetization M was measured as a function of the applied magnetic field in out-of-plane and in-plane geometries. The magnetic hysteresis cycles were corrected by removing the diamagnetic signal (obtained by extrapolating the linear slope of the curves at large magnetic fields) in order to extract the ferromagnetic part corresponding to the response of the NWs assembly. Firstorder reversal curves (FORCs) were collected at T =5 K according to the protocol of Pike [32]. The field was applied along the axis of the nanowires. Saturation field was applied prior to every reversal. The reversal field was decreased by -0.03 T steps. FORC data were processed with the FORCinel software [33]. The FORC technique is used in order to retrieve the distribution of switching fields corrected from the dipolar interaction between wires.

D. Spectroscopic measurements

X-ray absorption spectroscopy (XAS) and x-ray magnetic circular dichroism (XMCD) experiments were performed on the DEIMOS beamline of SOLEIL synchrotron [34][35][36]. The samples were kept under ultrahigh vacuum at 4.2 K during measurements. Data were acquired in total electron yield (TEY) mode. The applied magnetic field µ 0 ⃗ H was collinear to the x-ray propagation vector ⃗ k. The incidence on the sample was set through FIG. 2. (Color online) Geometry used for XMCD measurements. ⃗ k is the wavevector of soft x-rays, parallel to the applied magnetic field. γ is the angle between ⃗ k and the surface normal.

a rotation of the sample by an angle γ, as described in Fig. 2 where γ = 0 • refers to normal incidence. XAS and XMCD spectra were acquired at the Co and Ni-L 2,3 edges by scanning the photon energy in the 760-830 and 840-880 eV ranges. We use the following notations for combinations of magnetic field orientation and circular polarization: µ + corresponds to µ 0 ⃗ H parallel to ⃗ k for left circular polarization and to µ 0 ⃗ H antiparallel to ⃗ k for right circular polarization, µ -corresponds to µ 0 ⃗ H parallel to ⃗ k for right circular polarization and to µ 0 ⃗ H antiparallel to ⃗ k for left circular polarization. Element-specific hysteresis loops were acquired by scanning the magnetic field at constant x-ray energy, set to the maximum of the XMCD signal. For the acquisition of XMCD spectra at remanence the samples were submitted to a magnetic field exceeding the saturation field in the positive direction, the field was then set to zero and absorption spectra were recorded with left and right circular polarizations. The same procedure was then applied with the saturating field in the opposite direction. The XMCD spectra at remanence were obtained by properly averaging data recorded for both directions of application of the field.

III. FORMATION, EPITAXY, AND STRAIN STATE OF NANOWIRES

A. Diameter, density and chemical composition

The formation of the CoNi-SrTiO 3 VANs was studied using electron transmission microscopy as in the case of similar systems explored previously [30]. Fig. 3(a) shows a cross-sectional view of the S57 sample. The formation of columnar nanostructures is evident from the presence of elongated (in the [001] direction), ∼ 5-nmwide zones with Moiré patterns. Plan view imaging was used in order to determine the mean diameter of the CoNi nanowires in the VANs. The composition ξζ was deter-mined quantitatively by energy dispersive spectroscopy during TEM measurements. The results are displayed in Table I. As can be seen, the series of nanocomposites studied here consists of 4 samples with a mean nanowire diameter of ∼ 5 nm and varying composition of the CoNi alloy (S00, S18, S57, S78) as well as a sample with 80% Co and smaller mean diameter of the nanowires. 

B. Epitaxy and strain

The inset in Fig. 3(a) shows the Fast Fourier Transform (FFT) of the cross sectional TEM view. Indexing the FFT reveals a cube-on-cube epitaxy of face-centered cubic CoNi in the SrTiO 3 matrix, as shown by the positions of the 111 and 002 spots marked by arrows. Cubeon-cube epitaxial alignment and the fact that CoNi re- mains in the face-centered cubic structure were confirmed by TEM plan view imaging and x-ray diffraction measurements. θ-2θ scans were used in order to determine the axial strain ϵ zz in the nanowires. As shown in Fig. 3(b), the 002 reflection of CoNi is shifted towards lower ℓ values with respect to the expected position for an unstrained bulk alloy. This corresponds to a large value of ϵ zz , of several percents. Such a large strain, arising from the epitaxial nature of the VANs, was measured for every sample in the series with diameter around 5 nm. θ-2θ scans for the set of samples studied can be found in Ref. 37. The results of the strain measurements are summarized in Table I. Finally, it should be noted that the out-of-plane lattice parameter of the matrix is larger than that of the substrate, as shown by the peak at l=1.977. This is a consequence of the non-stoichiometry of SrTiO3 when growth is carried out in an oxygen-free atmosphere [38][39][40].

IV. MAGNETIC PROPERTIES

A. Magnetic anisotropy

Fig. 4 shows magnetic hysteresis cycles recorded at T =10 K with the applied magnetic field parallel and perpendicular to the axis of the nanowires for samples S18, S57, S78, and S80. In every sample, the loop acquired with the field applied along the axis of the nanowires exhibits a much more pronounced squareness than the loop acquired with the field applied perpendicular to the axis. In the case of S80, the normalized remanence, M r /M s reaches 0.92 and the coercive field reaches 0.93 T. In contrast, the cycles obtained when applying the field in the plane of the VAN thin films are nearly closed with large values of the saturation field.

As illustrated in Fig. 5, cyclic magnetometry experiments, performed by XMCD and by extraction magnetometry, yield the same response, as shown for two different concentrations at the Co and Ni L edges (field applied along the nanowires axis). Only small differences are observed, which may be ascribed to the fact that the VSM signals were obtained at T =5 K while XMCD mea- surements were performed at T =4.2 K. Taken together, these data highlight that the XMCD measurements, despite being performed in TEY mode, are representative of the global response of the wires. Cyclic magnetometry indicates that the magnetic anisotropy of the VANs is dominated by a uniaxial magnetic anisotropy with an easy axis oriented along the backbone of the wires. This is confirmed by measurements of M r /M s as a function of γ, shown in Fig. 6, for samples S18 and S78. The fact that M r /M s is maximal for γ=0 and the cos γ-like variation are characteristic of a uniaxial magnetic anisotropy with easy axis along the [001] direction. In the case of VANs hosting pure Ni nanowires, the [001] direction was found to be the hard axis [11,12]. This was traced back to the negative uniaxial magnetoelastic anisotropy arising from the large axial strain in the wires. In the case of CoNi nanoalloy wires, the magnetoelastic contribution should lead to an enhancement of the positive uniaxial anisotropy for Co contents above 18%. We will now address this issue.

Table II gives the bulk values of M s for Co x Ni 1-x alloys with concentrations equal to the ones studied here.

From M s , K

(1) ms = µ0 4 M 2 s and the associated anisotropy field µ 0 H ms a = 2K

(1) ms /M s = µ 0 M s /2 can be obtained straightforwardly. The values of µ 0 H ms a are listed in Table II for the alloy compositions studied in this paper. These values are compared to the measured saturation fields in the hard plane, µ 0 H ⊥ s , and to the coercive field, µ 0 H c . Since α=π/2 defines the hard magnetic plane of the VANs, the value of µ 0 H ⊥ s provides a good estimation of the total anisotropy field of the systems. Therefore, the results displayed in magnetic anisotropy. In the case of S18, the anisotropy field is close to µ 0 H ms a . The enhancement of the uniaxial anisotropy is further substantiated by the large value of the coercive field of the S80 VAN for which µ 0 H c =0.93 T is measured at T =10 K. Since the upper value for the coercive field at low T is given by the anisotropy field, the fact that µ 0 H c exceeds µ 0 H ms a for S80 is a strong proof for magnetic anisotropy enhancement.

As stated in the introduction, large axial strains along the backbone of the CoNi nanowires should lead to sizable uniaxial magnetoelastic anisotropies for Co-rich compositions. For S18, with λ 001 expected to be close to zero [13], the magnetoelastic effect should be less prominent than for larger Co contents where a large enhancement is possible. Using the relation between the anisotropy field and the uniaxial magnetic anisotropy µ 0 H a = 2K (1) /M s and assuming that µ 0 H a ≃ µ 0 H ⊥ s , we can estimate the total uniaxial anisotropy K (1) and the magnetoelastic anisotropy given by K

(1)

me = K (1) -K (1)
ms . For S18, we obtain K (1) /K

(1) ms ≃ 1.3, while this ratio is larger than 2 for all other samples. The largest ratio is obtained for S80 with K (1) /K

(1) ms ≃ 2.5. Therefore, our measurements are fully consistent with a magneto-elastic origin of the magnetic anisotropy enhancement. Furthermore, using tabulated values of the magnetostriction and of the elastic coefficients, combined with the experimental values of the strain in Table I, the magnitude of K (1) me can be calculated using equation ( 1) and compared to experimental data. For Co rich samples, we obtain values of K (1) me typically half as large as those obtained using tabulated coefficients and measured strains (40%-60%). This could in part be due to coefficients departing from their bulk values. Another, more plausible, cause of discrepancy lies in the fact that the strain is not homogeneous within the nanowires, leading to a broad distribution of anisotropy. This aspect will be addressed in the next subsection.

B. Distribution of energy barriers

In the case of uniaxial anisotropy, the energy barrier against magnetic reversal can be expressed as K ef f V , where V is the activation volume and K ef f the associated effective anisotropy constant. Here we analyze internal energy barriers through the distribution of coercive fields at low temperature, based on the link between K ef f and µ 0 H c,0 , the coercive field at 0 K: µ 0 H c,0 = 2K ef f /M s .

Figure 7(a) displays the reversal curves M(H r , H) obtained by VSM measurements in sample S78 at 5 K with the field applied along the NW axis, M(H r , H) being the magnetization measured at the field µ 0 H after saturation at 1.8 T and a reversal at H r . The FORC map in Fig. 7(b), the mixed second-order derivatives of M(H r , H), is shown as a function of H c = (H -H r )/2 and H b = (H + H r )/2. The µ 0 H c values represent the apparent coercive fields of subjacent hysteresis loops and the µ 0 H b ones their bias [32,33]. The FORC map exhibits a "wishbone" structure, where the intensity is unequally distributed along the two branches. This pattern is characteristic of a dipolar-interacting NW assembly and can be understood within the framework of mean field theory [41,42]. Indeed, the local field felt by a NW results from the applied field and the dipolar field µ 0 H dip which is related to the actual magnetization density of the film containing the NWs via µ 0 H dip = -µ 0 M/V f ilm (V f ilm is the thin film volume). By adding µ 0 H dip to the applied fields µ 0 H r and µ 0 H, the transformed reversal curves provide a FORC map where the bias fields are subtracted and the coercive fields are intrinsic (Fig. 7(c)). The same procedure was applied to sample S18 and the corresponding raw and corrected FORC maps were obtained as shown in Fig. 7(d,e). Figure 7(f) displays the raw and intrinsic coercive field distributions obtained in samples S78 and S18 at 5 K. It can be seen that after subtraction of the dipolar effect, the tail of the distribution in the high µ 0 H c part is suppressed and weight is transferred at lower µ 0 H c values. For sample S78, the mean value of µ 0 H c shifts from 0.71 T in the raw case to 0.67 T in the intrinsic one, while the FWHM of the distribution remains unchanged at 0.42 T. Similarly for sample S18, the mean value of µ 0 H c decreases slightly from 0.25 T to 0.24 T and the FWHM remains at 0.13 T. This indicates that dipolar effects are weak in the present case and the slopes of magnetic hys-teresis cycles in the samples (Fig. 4) reflect mainly a distribution of intrinsic coercive fields, i.e. a distribution of internal energy barriers inside the NWs. To elucidate the impact of temperature on the internal energy barrier distribution, we performed systematic Tdependent magnetic hysteresis cycle VSM measurements, as shown for sample S78 from 5 to 350 K in Figure 8(a). This allowed us to extract µ 0 H c (T ). Fig. 8(b) and(c) show the µ 0 H c (T ) curves for samples S78 and S18. The data are well fitted by Sharrock's formula, which describes the thermal reduction of coercive fields in the case of a temperature-independent energy barrier [43][44][45]:

µ 0 H c (T ) = µ 0 H c,0 [1 -(T /T b ) 1/m ] (2)
where T b is the blocking temperature and m = 3/2. The values of T b found are equal to 623 K for sample S78 and 197 K for sample S18. In addition, supplementary FORC measurements were performed in sample S78 at 100 and 200 K, in order to observe thermal variations of the coercive field distribution. The FWHMs of the distributions are equal to 0.42, 0.29 and 0.22 T at 5, 100 and 200 K, respectively. These values also follow Sharrock's thermal reduction formula (Eq.2). This means that not only the mean energy barrier but also the whole distribution of internal energy barriers is stable in the temperature range of the measurements. This result reinforces the idea that internal energy barriers in the NWs are related to the magnetostatic (shape) and magnetoelastic (strain) anisotropies that do not depend sensitively on the temperature.

The thermal evolution of the magnetic cycles provides key characteristics of the NWs: T b , µ 0 H c,0 as well as K ef f . Furthermore, the distributions of intrinsic coercive fields, extracted from the FORC measurements at 5 K (Fig. 7(f)), can be read in the scale of µ 0 H c,0 and then of K ef f , giving also the mean value of K ef f and the FWHM of the K ef f distribution. The results obtained for samples S18 and S78 are summarized in Table III. 

Sample M eas. T b µ0Hc,0 K ef f WK ef f δ0 L (K) (T) (J/m 3 ) (J/m 3 ) (nm) (nm)

S18

M (H) 197 0.24 0.8 10 5 39 39 FORC 0.26 0.9 10 5 0.5 10 Given the smallness of NW diameters d, the magnetization can be considered coherent in a NW section of volume equal to the activation volume V . An activation length L can then be deduced from V by considering that V = π(d/2) 2 L. The blocking temperature T b provides a direct estimation of the activation length L. According to the Néel-Brown theory [47], using a typical measurement duration of one second, the following criterion is generally used to account for the balance between the thermal activation and an energy barrier of

K ef f V : 25k B T b = K ef f V (k B : Boltzmann constant).
The activation lengths L thus deduced are 39 nm in sample S18 and 25 nm in samples S78 (Tab.III), which suggests a localized magnetization reversal mecanism. Indeed, unlike for a coherent Stoner-Wohlfarth reversal [46], the coercive fields H c,0 are much smaller than the anisotropy fields H a that are determined by the saturation fields in the hard plane H ⊥ s ( § IV. A). In the present system, L is generally much smaller than the total physical length of the NWs and interestingly very close to the Bloch domain wall widths δ 0 (δ 0 =π √ A/K ef f , with A the exchange stiffness constant). This indicates that the magnetization reversal in the NWs is initiated by creation of a domain wall. The result is consistent with the general idea that magnetization reversal should be localized in a NW, initiated by morphological, structural or anisotropy inhomogeneities and nucleated over the length of a domain wall [19,48,49].

We now turn to the analysis of the distribution of internal energy barriers, linking them with the wide strain distribution observed in our XRD data. In all samples, a broad 002 peak in θ-2θ scans was measured, see Fig. 3(b). This corresponds to a large FWHM (W ϵzz ) of the ϵ zz distribution, that is equal to 3-4% and of the same order of magnitude as ⟨ϵ zz ⟩. Such a wide strain distribution implies a large FWHM of K ef f through the magnetoelastic term:

W K ef f = (3/2)λ 001 (c 11 -c 12 )W ϵzz .
The expected values of W K ef f are 0.7×10 5 and 10.3×10 5 J/m 3 for samples S18 and S78, respectively. In the case of sample S18, the narrow distribution of coercive fields observed (Fig. 7(f)) is compatible with the expected value: the measured value, W K ef f =0.5×10 5 J/m 3 is quite close to the calculated one. It should be recalled that at 20% of Co content, the magnetostriction constant λ 001 is close to zero [13] and the magnetoelastic effect vanishes. However, in the case of sample S78, the measured width, W K ef f =2.7×10 5 J/m 3 , is almost four times smaller than the calculated one.

The mean values and the FWHMs of anisotropy constants (K ef f and W K ef f ) deduced from magnetic measurements were also lower than those predicted from strain using eq. ( 1) for the other samples. We postulate that the observed discrepancy could find an explanation by considering not directly the strain distribution but a strain distribution averaged over the activation length. A structural study of similar Ni NWs using synchrotron radiation-based XRD has shown that NWs are composed of domains of structural coherence length ranging from 6 to 13 nm, the domains having the longer coherence length being strained to a lesser extent [30]. Activation lengths for the magnetization reversal fall in the 20-40 nm range (cf. values of δ 0 in Tab.III). Therefore, the structural coherence length, that is the characteristic length for homogeneous strain, is smaller that the magnetic characteristic length. Thus, averaging should be performed over several structural domains. This would lead to values of K ef f and W K ef f that are substantially smaller than the one obtained when considering ⟨ϵ zz ⟩ and W ϵzz values in eq. (1).

C. Spin and orbital moments

Having established the central role played by magnetoelastic anisotropy contributions in CoNi-SrTiO 3 VANs, we now address the microscopic origin of the latter by relying on a quantitative analysis of XAS and XMCD data. Fig. 9 shows XAS and XMCD spectra of sam-ple S78 at T =4.2 K. The XAS spectra, characteristic of metallic Co and Ni, indicate the absence of detectable oxidation of the transition metals in the nanowires. This is in agreement with earlier spectro-microscopy studies that unraveled sharp metal/oxide interfaces in Ni-SrTiO 3 VANs [11].

XMCD spectra, such as the ones shown in Fig. 9(c) and (e), were recorded for samples S00, S18, and S78 for distinct values of the angle γ in the 0-45 degree range. Application of the XMCD sum rules [14,15] allowed us to extract values of the orbital moment m l and effective spin moment m eff s . We define p, q, and r as the integrated XMCD signal at the L 3 edge, the integrated XMCD signal at the L 2 edge, and the integrated XAS intensity after background removal, respectively. The values of these integrals are symbolized by arrows in Fig. 9(b) and (c). m l and m eff s can be calculated from p, q, and r by using the following equations:

m l = - 2q 3r n h µ B ( 3 
)
m eff s = - 3p -2q r n h µ B ( 4 
)
Here n h is the number of holes in the d-band, and µ B =+9.274 010 0783(28) 10 -24 J T -1 is the Bohr magneton. Using the XMCD sum rules, the average magnetic moment per atom ⟨µ⟩ in the Co x Ni 1-x alloys can be determined as:

⟨µ⟩ = x(m eff,Co s + m Co l ) + (1 -x)(m eff,Ni s + m Ni l ) (5)
The results are displayed in Fig. 10 where ⟨µ⟩ is compared to values extracted by VSM measurements and to the bulk values. The agreement between these values is good, except for the S18 sample with a larger moment, which might be due to Ba corrections in this case. It should be noted that we used n h =1 for Ni and n h =2 for Co which are the lowest possible values for the number of holes in the 3d-band. Such values are significantly smaller than those commonly employed (e.g. 1.45 for Ni, ref. 50).

m l /m eff s , the ratio of orbital moment over effective spin moment can be extracted without any assumptions on unknown parameters such as n h the d-band occupancy. The angular dependence of m l /m eff s for samples with different concentrations is shown in Fig. 11. Note that no electron yield saturation corrections were used in our calculations [51], as expected from the measured thickness of the samples compared to the penetration depth of the x-rays.

At the Ni L 2,3 edges, the m l /m eff s ratio is systematically larger than the one of bulk Ni [52]. Furthermore, the variation of m l /m eff s with sin 2 γ is not the same for all the samples probed: for S00 (pure Ni), m l /m eff s increases with sin 2 γ, it is roughly constant for S18 and it decreases with sin 2 γ for S78. In contrast, the values of m l /m eff s for Co are constant when sin 2 γ varies and match well with the value of bulk Co [53]. m l and m eff s can be expressed as a function of sin 2 γ as follows [54]:

m l = m 0 l -∆m l sin 2 γ (6) m eff s = m s + 7T z (7) 
In these equations, ∆m l accounts for the anisotropy of m l , m 0 l is the orbital magnetic moment for γ=0, and T z is the expectation value for the spin magnetic dipole operator. For a transition metal, Stöhr and König demonstrated that the effect of the spin-orbit coupling on the magnetic dipolar term is weak [55]. We suppose that the angular variation of m eff s is entirely contained by T z that varies similarly to the orbital moment with sin 2 γ. Then, for a 3d metal with uniaxial symmetry, T z can be expressed as an affine function of sin 2 γ: [56][57][58]. In the present case, we did not measure any clear anisotropy of m eff s . From the preceding equations, it follows that the approximation T z ≪ m s is valid in the systems probed here. Therefore we have m eff s ≃ m s , independent of sin 2 γ and the variation of m l /m eff s reflects the anisotropy of the orbital moment and is directly related to ∆m l .

T z = 14Q xx -21Q xx sin 2 γ
The anisotropy of the orbital moment can be linked to the uniaxial magnetic anisotropy in the framework of a microscopic model developed by Bruno [16]. Such an approach has been used previously in the case of ultrathin films of 3d metals [58,59]. According to Bruno's model, the uniaxial magnetic anisotropy K (1) u is directly linked to the anisotropy of the orbital moment through:

K (1) u = α N V ξ ∆µ l 4µ B (8) 
In this equation, N V is the atomic density, ξ the spinorbit coupling parameter, µ B the Bohr magneton, and α is a prefactor, which depends on the electronic band structure.

Our measurements illustrate that the variations of the orbital moment of Ni with sin 2 γ are consistent with the expected uniaxial magnetoelastic anisotropy: K (1) me should be negative for pure Ni, corresponding to a positive slope of m l (sin 2 γ), it should be positive for S78 with a negative slope of m l (sin 2 γ), and very weak around 20% Co with no angular variation of m l . This is exactly what we observe for measurements performed at the Ni L 2,3 edges, as shown in Fig. 11. In the case of pure Ni, taking the value from the literature for ξ (105 meV, Ref. 60) and the bulk value of m s , the estimated value of K (1) u using eq. ( 8) is in agreement with the one estimated by cyclic magnetometry [12] if α is taken equal to 0.016. Interestingly, such a value is smaller than the ones obtained using the same approach in thin films with typical α values reported so far varying between 0.05 and 1 [61][62][63].

No anisotropy effects are evidenced at the Co L-edge: no angular dependence is observed and m l /m s remains close to the bulk value. The absence of anisotropy of the orbital moment of Co, within the precision of our measurements, is in contrast with the large orbital moment enhancement and angular variations observed at the Ni L 2,3 edges. A simple explanation is still missing but clearly, this issue deserves further investigation.

V. CONCLUSION

In the present work, we have studied the magnetic properties of VANs hosting Co x Ni 1-x nanowires with diameters in the 3-5 nm range through a combination of XMCD spectroscopy and extraction magnetometry experiments. The large axial strain present in the Co x Ni 1-x nanowires, as determined by x-ray diffraction, leads to a sizable magnetoelastic anisotropy that reinforces the total uniaxial anisotropy of the system for x > 0.2. This leads to an increase in the blocking temperature that exceeds 600 K in the case of 5 nm wires with 78% Co content.

The values of the magnetic moment were deduced by analysis of the XMCD measurements at the Ni and Co L-edges using sum rules. The obtained moment values are in agreement with the one measured by extraction magnetometry. The anisotropy of the orbital moment was also studied. Surprisingly, while a significative anisotropy of the Ni orbital moment is found, no such anisotropy is observed for Co.

Finally, it should be noted that the enhancement of the uniaxial anisotropy of the VANs is less pronounced than the one calculated using an homogeneous axial strain equal to the measured mean value ⟨ϵ zz ⟩. This is due to the inhomogeneity of the axial strain. Future work on the impact of structural disorder on the magnetic prop-erties may allow for further optimization of the magnetic properties of these metal-oxide VANs.
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 1 FIG.1. (Color online) Control of magnetic anisotropies in vertically assembled nanostructures: the shape of embedded nanopillars determines the magnetostatic anisotropy Kms, the strain leads to a magnetoelastic contribution Kme and the epitaxial relationship sets the easy and hard axes related to the magnetocrystalline anisotropy Kmc.

FIG. 3 .

 3 FIG. 3. (Color online) (a) High resolution TEM cross section of the S57 sample, acquired along the 1 10 zone axis. Upper inset: schematics of the sample. Lower inset: Fourier transform of the image. (b) θ-2θ scan of sample S78. The dashed vertical line indicates the position of the Bragg reflection of the unstrained bulk CoNi alloy.

FIG. 4 .

 4 FIG.4. Magnetic hysteresis cycles recorded at T =10 K with the applied magnetic field along the axis of the nanowires (thin line) and perpendicular to it (thick black line) for samples S18 (a), S57 (b), S78 (c), and S80 (d).

  FIG. 5. Magnetic hysteresis cycles measured with the field applied along the axis of the nanowires (γ=0) by XMCD at the Ni L2,3 edges (circles) and Co L2,3 edges (crosses) at T =4.2 K, and by VSM (line) at T =5 K. (a) Data for S18 sample. (b) Data for S78 sample.

FIG. 6 .

 6 FIG. 6. Normalized remanence measured as a function of the angle γ between [001] and the applied magnetic field by XMCD at the Ni L2,3 edges at T =4.2 K (open triangles) and VSM at T =5 K (solid disks). (a) Results for S18 sample. (b) Results for S78 sample.

FIG. 7 .

 7 FIG. 7. (Color online) Coercive field distributions in samples S78 and S18 extracted from FORC measurements at 5 K with the field applied along the axis of the nanowires. (a) Reversal curves M(Hr, H) measured in sample S78, after saturation at 1.86 T prior to each reversal and with the reversal field µ0Hr decreasing from 0.45 to -1.68 T in steps of -0.03 T (red dotted field positions). (b) Raw and (c) dipolar effect corrected FORC maps of sample S78. (d) Raw and (e) dipolar effect corrected FORC maps of sample S18. (f) Raw (black) and intrinsic (red/grey) coercive field distributions in samples S78 and S18, obtained by integrating the FORC maps along the µ0Hc axis.

FIG. 8 .

 8 FIG. 8. (Color online) Thermal evolution of magnetic hysteresis cycles measured by VSM. (a) Cycles from 5 to 350 K of sample S78, with the applied field along the nanowire axis. (b) Thermal evolution of the coercive field µ0Hc in sample S78 (dots). The line is a fit to Sharrock's formula (Eq.(2)), with T b = 623 K. (c) Same as (b) for sample S18, with T b = 197 K.

FIG. 10 .FIG. 11 .

 1011 FIG.10. Average magnetic moment ⟨µ⟩ for S00, S18 and S78 samples, as measured by VSM (disks) and XMCD using eq. (5) (diamonds). Squares: bulk values.

TABLE I .

 I Structural parameters deduced from TEM and XRD analysis of the nanocomposites. ⟨D⟩: mean diameter of the NWs, ρ: in-plane density of the NWs, t: epilayer thickness, ⟨ϵzz⟩: mean axial strain. Sample % Co ⟨D⟩ (nm) ρ (cm -2 ) t (nm) ⟨ϵzz⟩ (%)

	S00	0	5.0	5.1×10 11	106	2.4
	S18	18	5.3	4.5×10 11	110	2.8
	S57	57	5.0	3.9×10 11	113	3.1
	S78	78	5.0	4.3×10 11	106	4.2
	S80	80	3.4	1.3×10 12	60	5.0

  Table II indicate that the anisotropy field is enhanced for S57, S78, and S80, compared to what is expected when shape is the only source of uniaxial

TABLE II .

 II First two columns: calculated saturation magnetization Ms and shape anisotropy field µ0H ms

			a	of CoNi alloys
	with compositions corresponding to the samples S18, S57, S78
	and S80. Third and fourth columns: measured coercive field
	µ0Hc at T =10 K and saturation field in the hard plane µ0H ⊥ s .
	Composition Ms (A/m) µ0H ms a	(T) µ0Hc (T) µ0H ⊥ s (T)
	Co0.18Ni0.82 6.74 × 10 5	0.42	0.21	0.55±0.05
	Co0.57Ni0.43 10.35 × 10 5	0.65	0.50	1.4±0.1
	Co0.78Ni0.22 12.30 × 10 5	0.77	0.63	1.6±0.1
	Co0.80Ni0.20 12.50 × 10 5	0.78	0.93	1.7±0.1

TABLE III .

 III Mean characteristics deduced from the cycles M (H) and the FORC measurements in samples S18 and S78. M eas., M (H)-and FORC-related values are labeled by M (H) and F ORC, respectively; T b , blocking temperature; µ0Hc,0, coercive field at 0 K; K ef f , effective anisotropy constant; WK ef f , FWHM of the K ef f distribution; δ0, domain wall width; L, activation length.
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