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The over-ageing of an Al-Mg-Si alloy with Silicon excess was investigated using global thermoelectric power (TEP) and hardness measurements combined with local techniques (Transmission Electron Microscopy (TEM) and Atom Probe Tomography (APT)), in order to highlight how the peak-aged microstructure obtained by a T6 treatment evolves in use conditions at temperatures between 100 °C and 350 °C, leading to a progressive loss of mechanical strength. First, TEP was found to be relevant to study the over-ageing kinetics of the alloy due to its perfect correlation with hardness and its sensitivity to the microstructural changes occurring after peak hardness. Then, APT and TEM observations clearly showed that over-ageing is due to the progressive replacement of the β″ phase by a succession of different types of semi-coherent phases (firstly, of Type B and then of Type A and Type C) and by an extensive precipitation of pure silicon particles. At the highest temperature (T = 350 °C), it was highlighted that the influence of manganese cannot be neglected. From these studies, an experimental Isothermal Transformation Curve could be proposed in the investigated temperature range. Lastly, the decrease in mechanical strength taking place during isothermal and non-isothermal ageing from a T6 state was experimentally characterised and successfully analysed using the JMAK formalism.

Introduction

Al-Mg-Si alloys are age hardenable alloys widely used in various industrial sectors, such as the automotive [START_REF] Bryant | The effects of preaging treatments on aging kinetics and mechanical properties in AA6111 aluminum autobody sheet[END_REF][START_REF] Burger | Microstructural control of aluminum sheet used in automotive applications[END_REF] or electrical industries [START_REF] Bryant | The effects of preaging treatments on aging kinetics and mechanical properties in AA6111 aluminum autobody sheet[END_REF], or for nuclear applications [START_REF] Burger | Microstructural control of aluminum sheet used in automotive applications[END_REF] due to their high formability, good corrosion resistance and considerable specific strength. After processing, these alloys are generally artificially aged (typically at 170 °C for 8 h) to reach their maximum mechanical strength by a mechanism of structural hardening leading to a T6 (or T5 state). The optimum mechanical properties associated with this state are attributed to the precipitation of the coherent needle-shaped β″ phase aligned along the <100> directions of the matrix. In the particular case of the Al-Mg-Si alloys with an excess of silicon, it has been clearly shown that the peak in mechanical strength increases with an increase in the silicon excess [START_REF] Lynch | Microanalysis of age-hardening precipitates in aluminium alloys[END_REF][START_REF] Ohmori | Ageing processes in Al-Mg-Si alloys during continuous heating[END_REF][START_REF] Fukui | Influence of excess Si on the morphology and thermal stability of metastable precipitates formed in an Al-Mg-Si alloy, Nippon Kinzoku Gakkaishi[END_REF][START_REF] Doan | Effects of excess Mg and Si on the isothermal ageing behaviours in the Al -Mg2Si alloys[END_REF][START_REF] Gupta | Precipitation hardening in Al -Mg -Si alloys with and without excess Si[END_REF][START_REF] Takeda | Precipitation behaviour of Al-Mg-Si ternary alloys[END_REF], while the time to reach this peak becomes shorter [START_REF] Fukui | Influence of excess Si on the morphology and thermal stability of metastable precipitates formed in an Al-Mg-Si alloy, Nippon Kinzoku Gakkaishi[END_REF][START_REF] Doan | Effects of excess Mg and Si on the isothermal ageing behaviours in the Al -Mg2Si alloys[END_REF]. This seems to be due to the fact that the silicon excess leads to: i) an increase in the density of the β″ precipitates and a decrease in their size [START_REF] Doan | Effects of excess Mg and Si on the isothermal ageing behaviours in the Al -Mg2Si alloys[END_REF][START_REF] Murayama | Atom probe characterization of preprecipitate clusters and precipitates in Al-Mg-Si(-Cu) alloys[END_REF], ii) a more homogeneous β″ distribution [START_REF] Xu | Effects of various Mg/Si ratios on microstructure and performance property of Al-Mg-Si alloy cables[END_REF][START_REF] Gupta | Precipitation hardening in Al -Mg -Si alloys with and without excess Si[END_REF] and iii) accelerated precipitation kinetics [START_REF] Gupta | Precipitation hardening in Al -Mg -Si alloys with and without excess Si[END_REF][START_REF] Takeda | Precipitation behaviour of Al-Mg-Si ternary alloys[END_REF].

After achieving the T6 state, further ageing at a temperature above room temperature is likely to lead to the dissolution of the β″ precipitates and to the precipitation of more stable phases. These evolutions are expected to be all the more rapid as the ageing temperature is high and are associated with a progressive increase in the size of the precipitates, a decrease in their density and a gradual loss of coherency. This is obviously detrimental to the mechanical strength of the Al-Mg-Si alloys and is referred to as "over-ageing". This is why, for industrial applications involving temperature conditions above the room temperature, it is important to have a good knowledge of the microstructural evolutions responsible for the variations in mechanical properties. This requires knowledge of the kinetics associated with the microstructural modifications as well as the isothermal transformation curves (Time Temperature Precipitation diagrams) of these alloys. Namely, this type of curve is a fundamental element for understanding the material behaviour in use conditions and for controlling the property evolutions.

From a microstructural point of view, the precipitation sequence of the pseudo-binary Al-Mg-Si alloys without silicon excess has been widely studied for several years [START_REF] Matsuda | Comparison of precipitates between excess Si-type and balanced-type Al-Mg-Si alloys during continuous heating[END_REF][START_REF] Jacobs | The structure of the metastable precipitates formed during ageing of an Al-Mg-Si alloy[END_REF][START_REF] Westengen | Precipitation reactions in an aluminium 1wt% Mg2Si alloy[END_REF][START_REF] Gaber | Study of the developed precipitates in Al-0.63Mg-0.37Si-0.5Cu (wt%) alloy by using DSC and TEM techniques[END_REF] and is rather well established. Starting from a supersaturated solid solution obtained after a solution treatment followed by a water-quench, the sequence can be described as follows:

The presence of a silicon excess implies a more complex precipitation sequence, particularly in the formation domain of the semi-coherent phase. Many studies on this subject [START_REF] Doan | Effects of excess Mg and Si on the isothermal ageing behaviours in the Al -Mg2Si alloys[END_REF][START_REF] Matsuda | Comparison of precipitates between excess Si-type and balanced-type Al-Mg-Si alloys during continuous heating[END_REF][START_REF] Edwards | The precipitation sequence in Al-Mg-Si alloys[END_REF][START_REF] Matsuda | Precipitation sequence of various kinds of metastable phases in Al-1. 0mass % Mg 2 Si-0. 4mass % Si alloy[END_REF][START_REF] Matsuda | Classification of metastable phases in Al-Mg2Si alloys by HRTEM[END_REF][START_REF] Dumolt | Formation of a modified β'' phase in aluminium alloy 6061[END_REF] have related that several semi-coherent phases may appear, after the precipitation of the β″ phase, with crystallographic parameters differing from the classical β′ phase observed in pseudo-binary alloys. The main semi-coherent phases reported in literature are listed in Table 1 with their different names: β′, Type A (or U1), Type B (or U2) and Type C (or B′). According to the work of Matsuda et al. [START_REF] Matsuda | Precipitation sequence of various kinds of metastable phases in Al-1. 0mass % Mg 2 Si-0. 4mass % Si alloy[END_REF], for a given ageing treatment, the relative proportion of the semi-coherent phases varies with the silicon in excess. Moreover, for a given silicon content, the relative frequency of the different phases evolves during ageing [START_REF] Matsuda | Comparison of precipitates between excess Si-type and balanced-type Al-Mg-Si alloys during continuous heating[END_REF][START_REF] Matsuda | Precipitation sequence of various kinds of metastable phases in Al-1. 0mass % Mg 2 Si-0. 4mass % Si alloy[END_REF].

If we take into account all the results found in literature relative to alloys with a silicon excess, the best compromise between the various observations leads to the following precipitation sequence:

For these alloys, it has been proved that the precipitates tend to be richer in silicon than in the case of quasi-binary alloys [START_REF] Matsuda | Comparison of precipitates between excess Si-type and balanced-type Al-Mg-Si alloys during continuous heating[END_REF]. Furthermore, the microstructure of Al-Mg-Si alloys with an excess of silicon differs also from that of quasi-binary alloys by the precipitation of numerous silicon particles. The presence of these precipitates has been reported by many authors in various ageing conditions. However, there is no agreement about their formation conditions [START_REF] Ohmori | Ageing processes in Al-Mg-Si alloys during continuous heating[END_REF][START_REF] Doan | Effects of excess Mg and Si on the isothermal ageing behaviours in the Al -Mg2Si alloys[END_REF][START_REF] Afify | Influence of Si concentration on the precipitation in Al-1 at% Mg alloy[END_REF][START_REF] Zhen | Precipitation behaviour of Al-Mg-Si alloys with high silicon content[END_REF][START_REF] Murayama | Pre-precipitate clusters and precipitation processes in Al-Mg-Si alloys[END_REF].

With regard to the thermodynamic aspects of the precipitation in Al-Mg-Si alloys, many authors [START_REF] Gupta | Precipitation hardening in Al -Mg -Si alloys with and without excess Si[END_REF][START_REF] Edwards | The precipitation sequence in Al-Mg-Si alloys[END_REF][START_REF] Maruyama | Effect of silicon addition on the composition structure of fine-scale precipitates in Al-Mg-Si alloys[END_REF][START_REF] Afify | Influence of Si concentration on the precipitation in Al-1 at% Mg alloy[END_REF][START_REF] Fang | Precipitation sequence of an aged Al-Mg-Si alloy[END_REF][START_REF] Dutta | A calorimetric study of precipitation in commercial aluminum alloy 6061[END_REF] refer to differential scanning dilatometry (DSC) measurements during continuous heating. However, non-isothermal conditions make it difficult to determine the stability domains of different phases involved during ageing, as the temperature of each peak depends on the heating rate.

To overcome this difficulty, a few studies [START_REF] Abdala | Thermoelectrical power analysis of precipitation in 6013 aluminum alloy[END_REF][START_REF] Eskin | Study of high-temperature precipitation in Al-Mg-Si alloys with an excess of silicon[END_REF][START_REF] Massardier | Correlation between the microstructural evolution of a 6061 aluminium alloy and the evolution of its thermoelectric power[END_REF][START_REF] Dafir | Study by thermoelectric power measurements of the microstructural evolution of the matrix of SiC-particle-reinforced aluminium alloy 6061[END_REF], based on the coupling of ThermoElectric Power (TEP) measurements and Transmis sion Electron Microscopy (TEM) observations, were conducted during isothermal ageing. These investigations have been carried out in order to determine the precipitation domains of the different phases and to draw Time-Temperature-Precipitation (TTP) diagrams. This was done for different types of alloys: i) without silicon excess but with a low copper addition [START_REF] Massardier | Correlation between the microstructural evolution of a 6061 aluminium alloy and the evolution of its thermoelectric power[END_REF] or ii) with silicon excess by Eskin et al. [START_REF] Eskin | Study of high-temperature precipitation in Al-Mg-Si alloys with an excess of silicon[END_REF]. However, it must be noted that no correlation was established, in these studies, between the detected microstructural evolutions and the corresponding loss in mechanical strength during over-ageing.

The aim of the present paper is to analyse precisely the metallurgical mechanisms responsible for the over-ageing of an Al-Mg-Si alloy with a silicon excess of 0.71 wt% and to establish a link between theses mechanisms and the resulting loss in mechanical strength during over-ageing.

For this purpose, the precipitation kinetics of this alloy was first followed by TEP and hardness measurements during isothermal ageing treatments between 100 °C and 350 °C, starting from a solutionised state. The phases responsible for the TEP and hardness variations were then identified by Conventional and High-Resolution Transmission Electron Microscopy (CTEM and HRTEM) observations and their chemical composition was determined by Atom Probe Tomography (APT). From the combination of these results, the isothermal transformation curve of the studied Al-Mg-Si alloy could be built in the investigated temperature range.

At a later stage, starting from a T6 state, the alloy's loss of mechanical strength during isothermal ageing was followed between 100 °C and 350 °C by hardness measurements. Then, the possibilities of modelling these kinetics under isothermal or non-isothermal conditions were considered using a simple empirical approach based on the Johnson-Mehl-Avrami-Kolmogorov (JMAK) formalism.

Material and experimental procedure

Material and thermal treatments

The material used in this study is a 6XXX-series aluminium alloy which was cast and extruded. This type of alloy is commonly used as frame profiles for various structures or as pipelines [START_REF] Develay | Propriétés de l′aluminium et des alliages d′aluminium corroyés Propriétés de l′aluminium et des alliages d′aluminium corroyés[END_REF]. The chemical composition of the alloy studied was Al -0.9 mass% Mg2Si -0.7 mass% Si -0.2 mass% Fe -0.5 mass% Mn. The silicon excess given in the chemical composition corresponds to the amount of silicon available for the formation of intermetallic compounds (with Al, Fe, Mn….) and for the precipitation of pure silicon particles.

Before studying the ageing response of the alloy, the samples were homogenised at 540 °C for 1 h in a salt bath and then water-quenched. After quench, the samples were immediately stored at -80 °C to avoid any unintentional ageing at room temperature before artificial ageing. In order to study the complete precipitation sequence of the investigated Al-Mg-Si alloy and to follow the precipitation kinetics during isothermal treatments, the water-quenched samples were artificially aged at different temperatures between 100 °C and 350 °C. The treatment at each considered ageing temperature (corresponding to the T A temperature in Fig. 1) was interrupted, after different treatment times, to perform regular ThermoElectric Power (TEP) and Vickers hardness measurements at room temperature (Fig. 1). For specific ageing conditions, a detailed characterisation of the precipitation state was conducted using different techniques and is presented in Section 2.3.

The same type of protocol was employed starting from a T6 state (Fig. 1). This state was obtained with a treatment of 8 h at 170 °C on as-quenched samples.

In all cases, the ageing treatments were carried out: i) in salt baths for temperatures between 200 °C and 350 °C and ii) in oil baths for temperatures below 200 °C.

Ageing kinetics

Two techniques were used to follow the microstructural and mechanical changes induced by the ageing treatments.

Thermoelectric power kinetics 2.2.1.1. Principle of the TEP technique

The microstructural evolutions of the alloy were followed by ThermoElectric Power measurements (TEP). This technique is based on the application of a thermal gradient (ΔT) between two junctions of the sample (70 mm long, 5 mm wide, 1 mm thick) with pure aluminium blocks.

The first junction is at temperature T, while the second junction is at temperature T + ∆T with T = 15 °C and ΔT = 10 °C. A voltage (∆V) arising from the Seebeck effect is thus created between the two junctions enabling us to measure the relative TEP of the sample with respect to that of pure aluminium at T = 20 °C: where S E is the absolute TEP value of the sample and S Al is that of pure aluminium.

This relative TEP is affected by the different parameters of the microstructure (such as the solute atoms and precipitates) and can be written as follows:

where ΔS ss represents the contribution of the alloying elements in solution on the TEP of pure aluminium and ΔS pre is that due to the precipitates.

Effect of the solute atoms

The effect of the alloying elements in solution on the diffusional component of the TEP of aluminium (ΔS ss ) is given, in the case of dilute alloys with several types of solute atoms, by the Gorther-Nordheim rule which can be written as follows [START_REF] Nordheim | Bemerkungen uber thermokraft und widerstand[END_REF][START_REF] Blatt | Thermoelectric power of alloys: validity of the gorter-nordheim relation[END_REF]:

In this relation, the contribution of each type of element i in solution depends on its specific resistivity ( , its specific TEP and its weight concentration (C i ). The term ρ corresponds to the resistivity of the sample and can be expressed with the Matthiessen rule: where ρ 0 is the resistivity of pure aluminium. Table 2 gives, for the major elements present in the composition of Al-Mg-Si alloys, the value of the α i .S i product at 20 °C. It highlights that magnesium and copper in solution in aluminium have a positive influence on the TEP value while silicon, manganese and iron have a negative influence. This negative influence is particularly strong for manganese and iron. Consequently, a low variation of the concentration of these elements in solid solution (due to a precipitation for example) is expected to lead to a strong TEP variation (especially at high temperature, when the mobility of these elements cannot be neglected).

In addition, the data found in Table 2 point out that the simultaneous precipitation of the same amount of magnesium and of silicon is assumed to decrease the value of ΔS ss , as magnesium in solution has a higher positive effect on the TEP of aluminium than the negative effect of silicon. Furthermore, it may be noted that the formation of silicon particles is expected to decrease the silicon content in solution and thus, to increase the value of ΔS ss .

Effect of the precipitates

The coherent or semi-coherent precipitates created during the thermal ageing of the alloy (GP zones, β″, β′…) are likely to have an intrinsic effect on TEP: it is known to depend on the size, the shape and the volume fraction of precipitates [START_REF] Raynaud | Coherent precipitation effect on thermo-power of Al-Cu alloys[END_REF][START_REF] Pelletier | Precipitation effects on thermopower in Al-Cu alloys[END_REF]. This intrinsic effect was found to be strongly negative for the β″ phase, while it is less negative for the semi-coherent phases [START_REF] Dafir | Étude de l′influence du renfort sur la cinétique de précipitation dans un composite 6061/SiCp élaboré par métallurgie des poudres[END_REF]. Lastly, incoherent precipitates, such as the β -Mg 2 Si phase, are considered to have no influence on the TEP value, so that the TEP variations measured during their precipitation are only related to the solute atoms leaving the solid solution to form these precipitates. In the present study, we measured the TEP variations between the initial TEP value ( Si ) after quench from the solutionising temperature and the TEP value measured after a time t at temperature T, S p (T,t):

Taking into account the previous considerations, these variations are assumed to be the result of two main contributions described above: the first contribution is due to the departure of solute atoms (Mg, Si…) from the solid solution and the second contribution is that due to the precipitates themselves as they may have an intrinsic effect on the TEP.

Hardness kinetics

In order to determine the evolution of the mechanical strength of the alloy under various ageing conditions, Vickers hardness measurements were carried out on samples 5 mm thick with an applied load of 1 kg. The measurements were made on a BUEHLER Micromet 5100 apparatus. For each ageing treatment, 10 measurements were performed.

Microstructural characterisation of the precipitation states

In order to establish the precipitation sequence of the studied alloy and to be able to describe the phases responsible for the main TEP or hardness variations observed in the alloy of interest during thermal ageing, a microstructural characterisation was performed on different states selected from the TEP kinetics by Scanning and Transmission Electron Microscopy (SEM and TEM) coupled with Energy Dispersive X-Ray (EDX) Spectroscopy. This was carried out in order to obtain several microstructural parameters for each family of precipitates: size, morphology and crystallographic structure. In all cases, the microstructural observations were performed on thin foils which were prepared according to a standard procedure (mechanical polishing down to 1 µm, punching and double jet-polishing). For electropolishing, a solution of 30% nitric acid and 70% of methyl alcohol was used at a temperature of -20 °C and with a voltage of 20 V.

Firstly, Conventional TEM (CTEM) observations were performed on a Jeol 2100 microscope working at 200 kV and equipped with a CCD camera (Gatan Orius SC1000), in order to determine the morphology and the size of the precipitates. In the case of very large precipitates, global observations by SEM/EDX were conducted in a Zeiss Supra 55 microscope (with a voltage of 20 kV and with the In Lens SE detector).

In order to identify the nature of the phases formed in the different states, High-Resolution TEM (HRTEM) observations were carried out on a field-emission gun Jeol 2010 microscope with an accelerating voltage of 200 kV. The precipitates were observed along a <100>Al-zone axis; numerical fast-Fourier transforms of the recorded images with the CCD camera were obtained and allowed us to differentiate the different types of precipitates.

Finally, to complete the characterisation of the precipitates involved in the precipitation sequence of the studied alloy, samples were analysed by Atom Probe Tomography (APT). This technique was selected because of its ability to analyse the chemistry and the morphology of precipitates at the atomic level. The experiments were carried out on a LEAP 4000 h device from CAMECA.

After treatment, the samples were electropolished using a classical two-step method involving a first round of electropolishing in a solution consisting of 75% acetic acid and 25% perchloric acid and a second round in a more dilute solution (5% perchloric acid and 95% acetic acid) until the rods separated into 2 pieces with a needle tip with an apex radius between 50 and 100 nm [START_REF] Lefebvre | Atom Probe Tomography[END_REF].

The experiments were performed at 30 K with a flux of 0.25 ions/ S/nm 2 . The reconstruction procedure and analysis were conducted with the IVAS ® software package. For each investigated state, at least 5× [START_REF] Takeda | Precipitation behaviour of Al-Mg-Si ternary alloys[END_REF] ∧6 ions were analysed. The chemical composition of the observed precipitates was corrected by a procedure developed at the GPM laboratory and detailed in the work of H.S. Hasting [START_REF] Hasting | Composition of β'' precipitates in Al-Mg-Si alloys by atom probe tomography and first principles calculations[END_REF].

Results

Study of the precipitation from a solid solution state

TEP kinetics during ageinglink to hardness kinetics

Fig. 2a shows the TEP variations (ΔS p ) measured on the studied alloy when it had been homogenised at 540 °C and water-quenched before being isothermally aged at temperatures between 100 °C and 350 °C. The TEP kinetics reflect the complex microstructural evolutions taking place in the alloy in the investigated temperature range and highlight different types of behaviour according to the ageing temperature.

At the lowest ageing temperatures (i.e. from 100 °C to 200 °C), the TEP kinetics are characterised by a slight decrease followed by a sharp decrease. Then, after having reached a minimum value, TEP starts to increase. As expected, the kinetics are regularly shifted towards short ageing times as the ageing temperature increases due to the thermal activation of the phenomena responsible for the TEP variations. Fig. 2b compares the TEP and hardness kinetics obtained during ageing at 170 °C. It shows three distinct domains on the kinetics. In the first domain (I), the slight TEP decrease is associated with a slight hardness increase. This phenomenon has already been observed and attributed to the GP zone formation [START_REF] Abdala | Thermoelectrical power analysis of precipitation in 6013 aluminum alloy[END_REF][START_REF] Dafir | Study by thermoelectric power measurements of the microstructural evolution of the matrix of SiC-particle-reinforced aluminium alloy 6061[END_REF][START_REF] Dafir | Étude de l′influence du renfort sur la cinétique de précipitation dans un composite 6061/SiCp élaboré par métallurgie des poudres[END_REF]. In the second domain (II), the marked TEP decrease corresponds to a significant hardness increase until peak hardness (T6 state) is achieved. This suggests that this domain corresponds to the β″ precipitation, known to be responsible for the optimum mechanical properties of the alloy. Lastly, in the third domain (III), the TEP increase is perfectly correlated with the beginning of the hardness decrease characteristic of the over-ageing of the alloy and generally attributed to the progressive replacement of the β″ phase by semi-coherent phases. This interpretation is consistent with previous results in literature [START_REF] Eskin | Study of high-temperature precipitation in Al-Mg-Si alloys with an excess of silicon[END_REF][START_REF] Massardier | Correlation between the microstructural evolution of a 6061 aluminium alloy and the evolution of its thermoelectric power[END_REF][START_REF] Dafir | Étude de l′influence du renfort sur la cinétique de précipitation dans un composite 6061/SiCp élaboré par métallurgie des poudres[END_REF] which showed that the β″ → β′ transition is accompanied by a slight TEP increase due to an evolution in the intrinsic effect of the precipitates during the phase transformation, the negative intrinsic effect of the β′ precipitates being less marked than that of the β″ precipitates. In the present study, the sharp TEP increase could also be partly due to the precipitation of pure silicon particles, as it is assumed to lead to a TEP increase due to the negative effect of silicon in solid solution.

At intermediate temperatures (250 °C and 300 °C), the TEP kinetics present the same tendencies as those observed at lower temperatures but differ on two main points: i) for short ageing times, a slight TEP increase is observed instead of the slight TEP decrease due to GP zone formation and ii) for long treatment times, the TEP increase presents a two-stage evolution.

The first observation suggests the occurrence of a dissolution phenomenon which could be due to the presence of pre-existing clusters or GP zones in the alloy. Theses clusters/zones could become unstable above 200 °C and dissolve, leading to the initial TEP increase. The second observation supports the idea that the increase in temperature leads to new phenomena that cannot be observed at lower temperatures.

In Fig. 2c, the comparison of the TEP and hardness variations during ageing at 250 °C tends to indicate that after the initial GP zone dissolution, the β″ phase could form (domain II) before being gradually replaced by semi-coherent phases (domain III). Lastly, as evidenced by the TEP variations detected for long ageing times (domain IV), other phenomena could occur. However, it must be noted that these phenomena are not associated with hardness variations.

U N C O R R E C T E D P R O O F
In the particular case of the TEP and hardness kinetics obtained at 350 °C (Fig. 2d), they appear to differ significantly from those determined at lower temperatures. Hardness decreases almost continuously from the early stages of ageing before reaching a constant value. At the same time, TEP slightly decreases before showing a two-stage increase already detected at 250 °C and 300 °C for long ageing times.

The TEP kinetics of Fig. 2 allowed us to define the metallurgical states interesting to analyse more precisely using SEM/TEM observations and EDX: i) 8 h and 1 month at 170 °C; ii) 6 min, 1 h, 8 h and 1 month at 250 °C and iii) 4 min, 6 h and 2 weeks at 350 °C. They belong to the different domains highlighted in Fig. 2b-d.

Microstructural characterisation at 170 °C: comparison of the T6 state with an overaged state

Firstly, the microstructural evolutions taking place at 170 °C were analysed using CTEM and HRTEM observations along a <001>

Al direction. Fig. 3 compares the microstructures and precipitates obtained in the T6 state and in an OverAged (OA) state (corresponding to a treatment of 1 month at 170 °C).

In the CTEM micrographs, the precipitates appear in the form of needles or rods uniformly distributed in the Aluminium matrix and having their length aligned along a <001>

Al direction. Hence, three families of precipitates associated with the three <001> Al directions are clearly visible: one family is viewed end-on and the two others are viewed in projection in a {001} plane. By comparing Fig. 3a andb, it is clear that the precipitates have grown considerably in the OA state and that their density has decreased. In order to analyse the microstructural changes between the two states more accurately, the precipitates viewed end-on were observed by HRTEM, so as to identify their crystallographic structure which was deduced from the numerical Fast Fourier Transforms of the images.

In the T6 state, the homogeneous distribution of precipitates detected in Fig. 3a could be unambiguously attributed to a uniform precipitation of the β″ phase (Fig. 3c). In this state, the precipitates responsible for the hardness increase (and TEP decrease) detected in the domain II of Fig. 2b were found to have a mean diameter of the order of 2-4 nm and a mean length of 25-50 nm.

After further ageing at 170 °C (Fig. 2b, domain III), semi-coherent metastable phases were clearly detected. The phase of Type-B, characterised by a mean radius of 6-10 nm and a length between 100 and 1000 nm (Fig. 3e andf), was found to be predominant and to coexist with: i) some undissolved β″ precipitates (Fig. 3d), ii) some rare β′ precipitates and iii) small silicon particles. These microstructural changes could explain the hardness decrease and TEP increase detected from the T6 state. Namely, the transition between the coherent β″ phase and semi-coherent phases and the precipitation of silicon are two phenomena which are expected to lead to a TEP increase and to a decrease in hardness. In order to confirm the observations obtained by TEM and to obtain information about the chemical composition of the matrix and of the precipitates, APT analyses were carried out on the T6 and OA states. Fig. 4 shows two reconstructed volumes corresponding to these two states. They clearly highlight the change in the size and density of the precipitates resulting from over-ageing treatment at 170 °C.

U N C O R R E C T E D P R O O F
Table 3 gives the amount of Aluminium, Magnesium and Silicon, determined by APT, in the matrix and in the precipitates for the two considered states.

Firstly, the APT results highlight that Magnesium and Silicon atoms are still present in the aluminium matrix in the T6 state, while they have almost disappeared in the OA state, suggesting that the solid solution has been completely decomposed. Furthermore, one can note that if we add the silicon content in the matrix and in the metastable precipitates formed during ageing, the sum tends to decrease as ageing proceeds. This can be attributed to the precipitation of pure silicon particles which were effectively highlighted by TEM for long ageing times at 170 °C.

Secondly, APT analyses enable us to determine the chemical composition of the precipitates. For each precipitate identified in the reconstructed volume, an erosion profile is extracted (Fig. 4c), giving the proportion of each element for a total number of removed atoms from the surface during the erosion of the sample. On this profile, two zones can be distinguished: i) an overlap region, near the precipitate interface with the matrix, and ii) the core of the precipitate, starting from the true precipitate/matrix interface. In the overlap region, the Aluminium concentration decreases with a concomitant increase in the Silicon and Magnesium concentration. It is commonly considered that in this area still rich in Aluminium, the detected Mg and Si atoms actually originate from the precipitate [START_REF] Hasting | Composition of β'' precipitates in Al-Mg-Si alloys by atom probe tomography and first principles calculations[END_REF]. The interface is associated with the experimental point corresponding to the beginning of the Mg and Si concentration stabilisation (blue dashed lines in Fig. 4c). The chemical composition is determined at this interface and a minimum and maximum value of aluminium in the precipitate is established considering the experimental point before and after the interface (orange dashed lines in Fig. 4c).

Based on these assumptions, the Mg/Si ratio of the β″ precipitates present in the T6 state is approximately of 1.3 and the content in Al, Mg and Si are detailed in the Table 3 where the error estimation depends on the interface position. Compared to the results of the literature detailed in Table 4, the ratio obtained is closer to the ratio of the study of Hasting et al. [START_REF] Hasting | Composition of β'' precipitates in Al-Mg-Si alloys by atom probe tomography and first principles calculations[END_REF] where the chemical composition of β″ was Mg 5 Al 2 Si 4 .

In this study, the composition proposed for the β″ precipitates is Mg 4 Al 2 Si 3 . If the presence of aluminium atoms was for many years excluded [START_REF] Andersen | The crystal structure of the β″ phase in Al-Mg-Si alloys[END_REF], studies using APT have proved the contrary [START_REF] Hasting | Composition of β'' precipitates in Al-Mg-Si alloys by atom probe tomography and first principles calculations[END_REF][START_REF] Bigot | Étude par sonde atomique tomographique de la précipitation durcissante d′alliages d′aluminium des séries 2[END_REF][START_REF] Lefebvre | 3DAP measurements of Al content in different types of precipitates in aluminium alloys[END_REF] and it is now accepted. The protocol used in this study, based on previous work [START_REF] Bigot | Étude par sonde atomique tomographique de la précipitation durcissante d′alliages d′aluminium des séries 2[END_REF][START_REF] Geuser | Interprétation et traitement de données de sonde atomique tomographique: application à la précipitation dans les Al-Mg-Si[END_REF][START_REF] Geuser | An improved reconstruction procedure for the correction of local magnification effects in three-dimensional atom-probe[END_REF], is the result of many improvements to minimise the error due to overlapping. Then, the uncertainty is linked to the protocol used for the data processing. Furthermore, the 20% of aluminium obtained is in good agreement with previous studies [START_REF] Hasting | Composition of β'' precipitates in Al-Mg-Si alloys by atom probe tomography and first principles calculations[END_REF][START_REF] Geuser | Precipitate characterisation in metallic systems by small-angle X-ray or neutron scattering[END_REF].

With regard to the chemical composition of the semi-coherent phases (of β′ type or of type B as evidenced by HRTEM), it is difficult to draw conclusions at this stage as only two semi-coherent phases were observed by APT in the overaged state with a Mg/Si ratio which reaches 1.25 for one of the analysed precipitates and 1.6 for the second. The nature of the precipitates cannot be determined using APT. However, it seems reasonable to consider that the two analysed precipitates using APT were of β′ type, taking into account both the Mg/Si ratios for β′ given in Table 4 and the very low aluminium content of the precipitates. Namely, in the case of the precipitates of type B, Matsuda et al. [START_REF] Matsuda | A metastable phase having the orthorhombic crystal lattice in an Al-1.0mass% Mg2Si -0.4%mass Si alloy[END_REF] found that these precipitates are particularly enriched in silicon and present a high aluminium content when they form at 250 °C.

Microstructural evolutions during ageing at higher temperatures

Fig. 5 shows CTEM images corresponding to different ageing conditions of the studied alloy at 250 °C. As can be seen in Fig. 5, the length and the diameter of the precipitates tend to increase notably when the ageing time at 250 °C is increased.

From the HRTEM characterisation of each state, it could be established that in the early stages of precipitation at 250 °C, the sequence is the same as that observed at 170 °C until 1 month of treatment. After precipitation of the β″ phase (in the domain II of Fig. 2c), Type B precipitates were found to coexist with the coherent β″ precipitates (at the beginning of domain III). Then, after further ageing at 250 °C for 8 h (middle of domain III), the β″ phase was no longer detected and "new" semi-coherent phases, essentially of Type A and Type C (Fig. 6), were observed in addition to precipitates of Type B and small silicon particles. Lastly, after 1 month at 250 °C, Type B precipitates were found to be gradually replaced by Type A precipitates and by large silicon particles (visible in Fig. 5d). Fig. 6 shows the HRTEM images of the Type A and Type C precipitates detected in overaged conditions (8 h at 250 °C). Complex precipitates composed of a mixture of two different types of precipitates were also observed for long ageing times at 250 °C suggesting that phase transformations between two different types of precipitates could occur. This type of observation has already been mentioned by Matsuda et al. [START_REF] Matsuda | Comparison of precipitates between excess Si-type and balanced-type Al-Mg-Si alloys during continuous heating[END_REF][START_REF] Matsuda | Precipitation sequence of various kinds of metastable phases in Al-1. 0mass % Mg 2 Si-0. 4mass % Si alloy[END_REF].

At 350 °C, the precipitation sequence is much more complex. After ageing for 4 min, Type B and Type C precipitates were mainly observed, and a very small amount of β″ precipitates was detected. Then, after 6 h of ageing, β′ precipitates were detected with many other precipitates which could not be clearly identified (Fig. 7a andb). The EDS analysis carried out on these metastable phases allowed us to establish that these precipitates are not classical precipitates, as their composition is notably enriched in manganese. Lastly, after 2 weeks at 350 °C, it was noted that the semi-coherent precipitates have totally disappeared and have been replaced by a few equilibrium β -Mg 2 Si precipitates which were very difficult to detect due to their very low density.

Another important feature is that silicon precipitation begins very early during ageing at 350 °C and occurs concomitantly with the precipitation of the other phases. After being aged for 4 min, fine silicon particles were detected (Fig. 8a), while they were found to be much coarser after 6 h and 2 weeks (Fig. 8b andc). The chemical nature of precipitates observed during over-ageing has been verified by SEM/EDX analysis (Fig. 8d) which confirmed the high frequency of the silicon particles after long ageing times and also the very low frequency of the Mg 2 Si precipitates. This supports the fact that the precipitation of free silicon in the early stages of ageing at 350 °C tends to suppress the precipitation of equilibrium Mg 2 Si, as was already reported by [START_REF] Gupta | Precipitation hardening in Al -Mg -Si alloys with and without excess Si[END_REF]. It has to be noted that all these observations are in perfect agreement with the TEP variations measured at 350 °C. The slight TEP decrease detected in the early stages of ageing can be attributed to the simultaneous precipitation of semi-coherent phases (Type B and Type C) and of incoherent silicon particles. As these two types of precipitation lead to TEP variations of opposite signs, they thus counterbalance. Moreover, the two-stage TEP increase can be explained by the departure from the solid solution of elements having a negative influence on TEP. This is the case of silicon and manganese, the precipitation of which has to be taken into account at high temperature as is confirmed by the TEM investigations.

Table 5 gives the main results which were deduced from the TEM observations performed on the different states, in particular the evolution of the mean length and mean diameter of the precipitates under various ageing conditions. As expected, the precipitates tend to become coarser and lose their coherency, as the ageing time and/or the ageing temperature is increased, explaining the decrease in hardness from the hardness peak.

Concerning semi-coherent precipitation, the HRTEM characterisation during ageing at 250 °C clearly showed that Type B precipitates are below 30 nm in diameter, while Type A precipitates are higher than 30 nm in diameter and can grow up to 80 nm. This observation is in good agreement with previous studies [START_REF] Matsuda | A metastable phase having the orthorhombic crystal lattice in an Al-1.0mass% Mg2Si -0.4%mass Si alloy[END_REF] which have highlighted that Type B precipitates with a mean diameter of 14 nm are generally 3 times thinner than Type A precipitates. Thus, in this case, the difference in the dimensions observed is not due to a growth process but to a transformation of Type B precipitates (the main phase up to 8 h at 250 °C) into Type A precipitates which prevail for the longer ageing times.

Isothermal transformation curve

Based on coupling the TEP kinetics of Fig. 2 with the microstructural observations detailed above, an isothermal transformation curve could be proposed for the studied alloy (Fig. 9). In this curve, two lines were drawn: the first line indicates the time corresponding to the beginning of the precipitation of the β″ phase directly from the solid solution, while the second one gives the time associated with the start of the semi-coherent precipitation responsible for the over-ageing of the alloy.

These lines were plotted taking into account the fact that: i) the coherent precipitation is associated with the sharp TEP decrease in the TEP kinetics obtained between 100 °C and 300 °C and ii) semi-coherent precipitation begins to be detected only after the minimum of TEP kinetics (when TEP starts to increase). It is essentially composed of Type B precipitates and for long ageing times, it tends to be replaced by coarse Type A.

The experimental points of Fig. 9 were extracted from the TEP kinetics of Fig. 2a. The time corresponding to the β″ phase precipitation was defined arbitrarily by the intersection between the tangent to the decreasing part of the curve due to β″ precipitation and the line corresponding to ∆(∆S) = 0. With regard to the time attributed to the precipitation of the semi-coherent phase, it was set equal to the time corresponding to the minimum of the TEP kinetics [START_REF] Dafir | Étude de l′influence du renfort sur la cinétique de précipitation dans un composite 6061/SiCp élaboré par métallurgie des poudres[END_REF]. The diagram of Fig. 9, based on experimental data, reflects the acceleration in kinetics when the treatment temperature increases as the time required for the dissolution of β″ after its precipitation becomes shorter. The Time-Temperature-Precipitation diagram proposed with this approach provides a useful tool for predicting the precipitation between 100 °C and 350 °C.

Analysis of the decrease in mechanical strength of the alloy during ageing from a T6 state

The previous investigations conducted from a solid solution state highlighted that the microstructural changes responsible for the over-ageing of the alloy are clearly associated with the precipitation of different types of semi-coherent phases (mainly, of Type B and Type A). Namely, the formation of these phases at the expense of the β″ phase was clearly correlated with a decrease in hardness.

The aim of this section is to analyse this decrease in hardness starting from a T6 state obtained by a treatment of 8 h at 170 °C and to show if this hardness decrease can be modelled using empirical modelling based on the use of a JMAK law.

TEP and hardness kinetics of the alloy during isothermal ageing at 250 °C starting from a solutionised state or from a T6 state

As a preliminary study, the TEP and hardness kinetics of the alloy (either solutionised or T6 treated) were followed and compared during ageing at 250 °C (Fig. 10).

In the early stages of ageing ( ), the kinetics are obviously different for the two initial states, since the time required to obtain complete β″ precipitation in the solutionised alloy is of the order of 10 3 s at 250 °C. This is why TEP and hardness hardly evolve in the T6 treated alloy below 10 3 s, while these two properties strongly vary in the case where the alloy was solution treated due to the occurrence of the β″ precipitation.

Subsequently, when the β″ phase was formed in the solution treated alloy, the TEP and hardness kinetics are very similar for the two initial states. In particular, the TEP increase reflecting the progressive replacement of the β″ phase by semi-coherent precipitates is detected at the same time and the hardness decrease is very comparable. This tends to indicate that the mechanisms responsible for the overageing (precipitation of semi-coherent phases) are identical in both cases and that the corresponding kinetics are unaffected by the initial state. A similar result based on hardness measurements was obtained on a 6014 alloy aged at 175 °C starting from two different initial states (T4 and solution treated) [START_REF] Ramesh | Effect of ageing on the mechanical behaviour of a novel automotive grade Al -Mg -Si alloy[END_REF]. It was found that the hardness kinetics are different for short ageing times at 175 °C and become identical during further ageing after the precipitation of the β″ phase. 

JMAK description of the decrease in hardness from a T6 state

Starting from a T6 state, the studied alloy was isothermally aged at different ageing temperatures between 100 °C and 350 °C and the hardness was measured after different treatment times at each temperature. Fig. 11a shows the corresponding hardness curves, which account for the loss of mechanical strength as a function of the temperature: hardness decreases more or less rapidly before reaching a final constant value at the highest temperatures (T ≥ 200 °C). In fact, the hardness kinetics are regularly shifted towards low ageing times as the ageing temperature is increased, suggesting that the phenomena responsible for the hardness variations are thermally activated and governed by a unique measurable activation energy.

Consequently, a time-temperature equivalence based on an Arrhenius law with an activation energy Q was used to find the "equivalent time at 100 °C" for all ageing treatments performed at T and to build a unique master curve. This time-temperature equivalence assumes the same diffusion length for two time-temperature couples (t A , T A ) and (t B , T B ) and leads to the following equation for the evaluation of the equivalent time at T B = 100 °C:

(1)

with R being the universal gas constant. Fig. 11b shows that the superposition of the hardness curves is very good when an activation energy of 160 kJ/mol is used in Eq. ( 1). One can note that this value is comparable to the activation energy of 130 kJ/mol, determined by [START_REF] Ber | Accelerated artificial ageing regimes of commercial aluminium alloys. II: Al -Cu, Al -Zn -Mg -( Cu), Al -Mg -Si -( Cu) alloys[END_REF], on Al-Mg-Si alloys using strength measurements and that it is very close to that associated with the diffusion of Magnesium (130 kJ/mol) or that of Silicon (124 kJ/mol) in aluminium [START_REF] Hatch | Aluminium: properties and physical metallurgy[END_REF]. These observations suggest that a unique mechanism manages the hardness decrease in the whole temperature domain and that it is controlled by the diffusion of the two major elements of the alloy.

Due to the sigmoidal shape of the curves shown in Fig. 11a and taking into account that the over-ageing is controlled by the diffusion of alloying elements, the hardness experimental points of Fig. 11a were fitted by an isothermal Johnson-Mehl-Avrami-Kolomogorov (JMAK) law [START_REF] Avrami | Granulation phase change and microstructure kinetics of phase change[END_REF][START_REF] Avrami | Kinetics of phase change II. Transformation-time relations for random distribution of nuclei[END_REF][START_REF] Avrami | Kinetics of phase change I. General theory[END_REF][START_REF] Kolmogorov | Statistical theory of nucleation processes[END_REF][START_REF] Johnson | Reaction kinetics in processes of nucleation and growth[END_REF] expressed as follows:

(2) [START_REF] Xu | Effects of various Mg/Si ratios on microstructure and performance property of Al-Mg-Si alloy cables[END_REF] where H max is the maximum hardness value at peak hardness (before any ageing treatment), H min is the final hardness value reached at the highest ageing temperatures, n is the Avrami exponent (usually assumed constant at different temperatures for a given transformation), k 0 is a constant, Q is the activation energy, T is the temperature and R is the gas constant.

The use of Eq. ( 2) to model the hardness kinetics requires the determination of the three parameters of the JMAK model: Q, n and k 0 . As can be seen in Fig. 13a, the parameters (Q = 160 kJ/mol; n = 0.35; k 0 = 5.25 × 10 11 /s) give very good predictions of the hardness kinetics.

Discussion

Analysis of the microstructural modifications leading to overaged properties

The present study showed that TEP is very sensitive to the microstructural changes occurring in the studied alloy aged between 100 °C and 350 °C and is relevant to studying the phenomena responsible for its ageing and over-ageing. This is as evidenced by the perfect correlation between the TEP and hardness variations shown in Fig. 2.

As was already reported in other studies [START_REF] Dafir | Study by thermoelectric power measurements of the microstructural evolution of the matrix of SiC-particle-reinforced aluminium alloy 6061[END_REF], it was found that TEP is likely to distinguish the GP zone formation from the precipitation of the β″ phase. This is illustrated in Fig. 2b where the slight TEP decrease due to GP zone formation is followed by a sharp TEP decrease due to the β″ precipitation responsible for the hardening of the alloy. Then, as was shown by TEM, further ageing leads: i) to a progressive replacement of the β″ phase by several types of semi-coherent phases (initially of Type B and later, of Type A/Type C) and also ii) to a precipitation of pure silicon particles. This is why, after a short TEP stabilisation at the end of the TEP decrease, TEP starts to increase notably. In the present alloy, the TEP increase is particularly marked as it is not only due to the evolution of the intrinsic effect of the precipitates during the β″ → type Β transition but also partly to the beginning of the precipitation of pure Si particles and to the progressive enrichment in silicon of the precipitates formed during over-ageing. Finally, based on the correlation between the TEP evolutions and the microstructural changes, a Time-Temperature-Precipitation diagram could be proposed for the studied alloy between 100 °C and 350 °C. This diagram highlights the time corresponding to the beginning of the semi-coherent precipitation at each temperature and thus, indicates the start of the loss of mechanical strength. However, compared to other studies based on TEP measurements performed on Al-Mg-Si alloys [START_REF] Eskin | Study of high-temperature precipitation in Al-Mg-Si alloys with an excess of silicon[END_REF][START_REF] Massardier | Correlation between the microstructural evolution of a 6061 aluminium alloy and the evolution of its thermoelectric power[END_REF][START_REF] Dafir | Study by thermoelectric power measurements of the microstructural evolution of the matrix of SiC-particle-reinforced aluminium alloy 6061[END_REF], two particularities were noted on the TEP kinetics of the studied alloy.

First, at intermediate temperatures (250 °C and 300 °C), a slight TEP increase was detected in the early stages of ageing. This suggests that a dissolution of clusters or GP zones initially present in the alloy occurs above a critical temperature (between 200 °C and 250 °C) for which the critical radius for nucleation becomes higher than the radius of the clusters/zones present in the alloy. This explanation is coherent with the fact that the slight TEP decrease due to GP zone formation is detected on the kinetics of the alloy for T ≤ 200 °C. It is also in good agreement with different work based on DSC experiments which highlighted the presence of an endothermic peak above 200 °C on the DSC curves of alloys with a silicon excess due to GP zone dissolution [START_REF] Matsuda | Comparison of precipitates between excess Si-type and balanced-type Al-Mg-Si alloys during continuous heating[END_REF][START_REF] Osten | Dissolution and precipitation behaviour during continuous heating of Al-Mg-Si alloys in a wide range of heating rates[END_REF] and with the study of Pogatscher et al. for which the temperature range for the dissolution of clusters is between 190 °C and 250 °C [START_REF] Pogatscher | Mechanisms controlling the artificial aging of Al -Mg -Si Alloys[END_REF]. Moreover, as pointed out by [START_REF] Gupta | Precipitation hardening in Al -Mg -Si alloys with and without excess Si[END_REF], the presence of an excess of Si in Al-Mg-Si alloys tends to promote notably the formation of clusters/zones compared to balanced alloys. In the case of the present alloy, it seems that the pre-existing clusters/zones probably formed during the water-quench of the alloy, as the quenched samples were stored at -80 °C immediately after the quench to avoid natural ageing. In order to check this hypothesis, additional TEP experiments were performed on samples: i) which were quenched in water or in iced water or ii) which were naturally aged for 24 h at room temperature before ageing at 250 °C. Fig. 12 compares the beginning of the TEP kinetics obtained for various cooling conditions (i.e. for different degrees of cluster formation). This shows that increasing the degree of cluster formation before ageing tends to increase the magnitude of the phenomenon responsible for the initial TEP increase at 250 °C and to decelerate the precipitation of the β″ phase, which is particularly true for the alloy which was stored for 24 h at room temperature before ageing to promote cluster formation.

The conclusions of the present study are consistent with previous studies relative to the influence of natural ageing on precipitation. These works highlighted that clusters trap quenched-in vacancies coming from the cooling after homogenisation during storage at room temperature [START_REF] Murayama | Pre-precipitate clusters and precipitation processes in Al-Mg-Si alloys[END_REF][START_REF] Murayama | Atom probe studies on the early stages of precipitation in Al-Mg-Si alloys[END_REF][START_REF] Tsao | Small-angle X-ray scattering study of nanostructure evolution of β″ precipitates in Al-Mg-Si alloy[END_REF][START_REF] Aruga | Formation and reversion of clusters during natural aging and subsequent artificial aging in an Al-Mg-Si alloy[END_REF] and that these clusters are not nucleation sites for β″ and have to be dissolved before the precipitation of this phase. The precipitation kinetics after the reversion of the clusters formed during natural ageing at room temperature are thus much slower than those of the as-quenched samples, as the vacancy concentration after reversion corresponds to the equilibrium vacancy concentration at 250 °C.

Finally, the observations deduced from the kinetics of Fig. 12 are in accordance with the hypothesis that clusters/zones form during the cooling of the alloy from the solutionising temperature and tend to dissolve for ageing temperatures above 200 °C. The second point to note is that the TEP of the studied alloy does not stabilise to a constant value for long ageing times at high temperatures (above 250 °C). This observation is contrary to other results in literature which have clearly shown the achievement of a final TEP stabilisation at a level dependent on the ageing temperature when the alloys have reached their thermodynamic equilibrium (corresponding to the presence of β-Mg 2 Si precipitates) [START_REF] Eskin | Study of high-temperature precipitation in Al-Mg-Si alloys with an excess of silicon[END_REF][START_REF] Massardier | Correlation between the microstructural evolution of a 6061 aluminium alloy and the evolution of its thermoelectric power[END_REF]. In the present alloy, the first TEP increase resulting from the progressive replacement of β″ by semi-coherent phases and from the silicon precipitation is followed by a second TEP increase. This second TEP increase is noticeable and seems to be due to the presence of a high manganese and iron content in the alloy compared to the alloys studied in [START_REF] Eskin | Study of high-temperature precipitation in Al-Mg-Si alloys with an excess of silicon[END_REF][START_REF] Massardier | Correlation between the microstructural evolution of a 6061 aluminium alloy and the evolution of its thermoelectric power[END_REF]. These two elements are known to have a marked negative effect on the TEP of aluminium, so that a low variation of the content of these elements in solution may lead to a strong TEP increase. These conclusions are also strengthened by the fact that in the case of Al-Mn alloys of the 3xxx series [63] containing also Mg, Si and Fe, the TEP of these alloys was found to present a pronounced TEP increase above 250 °C and it was attributed to the formation of Mn rich phases containing also Fe and Si. In the present study, it was not possible to distinguish, in overaged conditions (2 weeks at 350 °C), these "new" intermetallic compounds from those initially present in the alloy due to the very high density of intermetallic compounds of the alloy in the initial state. However, after 6 h of ageing at 350 °C, an unusually high Mn and Fe content was noted in precipitates containing also Mg and Si (Fig. 7). After 2 weeks at 350 °C, these precipitates were no longer detected and some rare β-Mg 2 Si precipitates could be observed. Finally, the absence of TEP stabilisation in the alloy for long ageing times at high temperature seems to be due to complex evolutions in the content of alloying elements in solid solution (in particular, that of Mn and Fe). However, although these phenomena induce strong TEP variations, they do not influence notably the mechanical strength of the alloy as can be seen in Fig. 2d. Namely, hardness has reached a plateau when TEP begins to increase drastically.

The last point to note is that the presence of β-Mg 2 Si equilibrium precipitates was very difficult to observe in the case of the alloy aged for a long time at 350 °C. This seems to be due to the strong depletion of the amount of silicon in solution resulting from the formation of pure Si particles in the early stages of ageing at 350 °C. Hence, the amount of β-Mg 2 Si equilibrium precipitates is very low.

Non-isothermal JMAK modelling from a T6 state

In Section 3.2.2, the hardness kinetics reflecting the hardness loss, from a T6 state, during isothermal ageing were modelled successfully with a simple isothermal JMAK model involving three parameters: Q = 160 kJ/mol, n = 0.35 and k 0 = 5.25 × 10 11 /s. However, the industrial conditions of heat treatment of the Al-Mg-Si alloys are not systematically isothermal. During the use of the materials, the temperature seen by the T6-treated alloys may increase or decrease with time. This is why, it seems particularly useful to be able to predict the hardness evolutions in the case of non-isothermal conditions of heat treatment. To this end, the differential form of the JMAK law must be used. In the present case, it can be expressed as follows: [START_REF] Flament | Étude des évolutions microstructurales sous irradiation de l′alliage d′aluminium 6061 -T6[END_REF] where dH represents the hardness variation during the interval of time dt.

In order to check the validity of the non-isothermal approach, the JMAK model was applied to the case of a continuous cooling from 200 °C with a slope of -10 °C per day. Then, the predicted hardness evolution was compared to the experimental one. As can be seen in Fig. 13, the JMAK model used in non-isothermal conditions gives a very good estimation of the hardness evolution during continuous cooling. In particular, the final hardness stabilisation at a constant value is very well predicted.

Conclusion

1. The precipitation kinetics of an Al-Mg-Si alloy, presenting a silicon excess of 0.71 wt%, have been followed by TEP measurements during isothermal treatments between 100 °C and 350 °C in order to highlight indirectly the microstructural evolutions occurring during ageing and responsible for the over-ageing of the alloy. The measured TEP variations were found to be perfectly correlated with the hardness variations measured during ageing and over-ageing. 2. The conditions of treatment leading to important TEP variations were characterised using TEM. This led us to propose the following precipitation sequence for an ageing treatment at T ≤ 300 °C:

For the studied alloy, the major semi-coherent phase, which appears after the β″ precipitation, is the Type B phase. For longer ageing times, this semi-coherent phase is progressively replaced by the Type A phase and to a lesser extent, by the Type C phase. 3. For temperatures higher than 300 °C, the microstructural evolutions were found to be much more complex as the precipitation of semi-coherent phases of different types occurs in parallel with a pronounced precipitation of Si particles. Furthermore, the diffusion of iron and manganese becomes significant and leads to the formation of unusual precipitates combining, in their composition, Mg and Si with a high Mn and Fe content. Lastly, it was noted that these particular conditions tend to drastically reduce the formation of equilibrium β-Mg 2 Si precipitates. 4. From the correlation between the TEP variations and the microstructural evolutions of the alloy determined by TEM, A Time-Temperature-Precipitation diagram was proposed for the studied alloy. 5. Then, starting from a T6 state, it was suggested that subsequent artificial ageing leads to a dissolution of β″ (more or less rapidly as a function of the temperature) and to the precipitation of the Type B 

Fig. 1 .

 1 Fig. 1. Experimental protocol used to follow the precipitation kinetics of the studied alloy starting from two different initial states: (a) homogenised, (b) peak-aged (T6 state).

Fig. 2 .

 2 Fig. 2. (a) TEP variations measured during ageing treatments between 100 °C and 350 °C for the studied alloy solution treated before ageing; (b), (c) and (d) Comparison between the TEP and hardness kinetics at: 170 °C, 250 °C and 350 °C. The orange points correspond to the states which were chosen for the analysis by SEM/TEM. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)

Fig. 3 .

 3 Fig. 3. (a) and (b) CTEM observations of the T6 and OA states; (c) and (d) HRTEM images of the β″ phase in the T6 and OA states; (e) and (f) HRTEM image of the type-B precipitate in the OA state and its diffractogram. The precipitates are viewed along a <001> Al zone axis.
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 4 Fig. 4. 3D reconstructed volumes associated with (a) the T6 state, (b) the OA state at 170 °C and (c) an erosion profile for β″ precipitate for the T6 state.

Fig. 5 .

 5 Fig. 5. CTEM observations during an ageing treatment at 250 °C for (a) 6 min, (b) 1 h, (c) 8 h and (d) 1 month (zone axis .

Fig. 6 .

 6 Fig. 6. HRTEM images and corresponding numerical diffractograms of the (a) Type A precipitate and the (b) Type C precipitate detected during an over ageing at 250 °C. The precipitates are viewed end-on with their length parallel to a <001> Al direction.

Fig. 7 .Fig. 8 .

 78 Fig. 7. HRTEM images of complex precipitates detected during the ageing of the studied alloy for 6 h at 350 °C: (a) and (b) Mn-rich precipitates. The precipitates are viewed end-on with their length parallel to a <001> Al .
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 9 Fig. 9. Part of the time-temperature-precipitation diagram of the studied alloy between 100 °C and 350 °C built from the TEP measurements shown in Fig. 2a.
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 10 Fig. 10. TEP and hardness evolutions of the studied alloy starting from a solid solution state or from a T6 state at 250 °C: a) TEP ; b) hardness.

Fig. 11 .

 11 Fig. 11. (a) Hardness decrease measured from a T6 state and fitted with a JMAK law for different isothermal treatments between 100 °C and 350 °C (b) time-temperature equivalence at 100 °C for Q = 160 kJ/mol.
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 12 Fig. 12. TEP variations measured in the early stages of ageing at 250 °C for the alloy: i) quenched in water, ii) quenched in iced water and iii) air cooled.

Fig. 13 .

 13 Fig. 13. Comparison between the experimental hardness evolution during continuous cooling from 200 °C with a slope -10 °C/day and the JMAK modelling.

  

Table 1

 1 Characteristics of the semi-coherent precipitates detected in Al-Mg-Si alloys with or without silicon excess.

		Phases	Mg/Si atomic ratio	Crystal Structure	Parameters (nm)	Ref.
	QUASI-BINARY ALLOYS ALLOYS WITH SI-EXCESS	β′ β′ Type A (or U1) Type B (or U2) Type C (or B')	1.7 1.2 0.3 a 0.4 a 0.8	HCP HCP HCP Orthorhombic HCP	a = 0.705 c = 0.405 a = 0.407 c = 0.405 a = 0.705 c = 0.67 a = 0.68 b = 0.79 c = 0.405 a = 1.04 c = 0.405	[14,20,21] [17,18,22] [17,18,23] [17,18] [17,18]

a The presence of aluminium was reported in literature for these two phases.

Table 2

 2 Value of the α i .S i product for the major elements in solution in aluminium at 20 °C[START_REF] Hatch | Aluminium: properties and physical metallurgy[END_REF].

		Mg	Si	Fe	Mn	Cu
	α i .S i (	1.296	-0.755	-20.48	-19.99	0.722

Table 3

 3 Aluminium, silicon and magnesium content of the matrix and precipitates estimated by APT.

		8 h (T6 state)			1 month (OA state)		
		Al (at%)	Mg (at%)	Si (at%)	Al (at%)	Mg (at%)	Si (at%)
	Matrix Precipitates	98.66 +/-0.06 16.6 +/-7.2	0.21 +/-0.04 47.1 +/-4.1	0.39 +/-0.05 35.8 +/-3.1	98.83 +/-0.08 6.9 +/-0.4	0.02 +/-0.01 54.3 +/-0.3	0.02 +/-0.01 38.2 +/-0.2

Table 4

 4 Comparison of the Mg/Si ratios estimated by APT in this study and those reported in literature for Al-Mg-Si alloys with silicon excess (except the italic data which concern quasi-binary alloys).

	Phase	Ratio Mg/Si	Techniques	Ref.
	β″ β′ Type-B	0.87 1.6 ≈ 1 1.2 1.25 1.3 1.8 0.44 1.1 1.21 1.68 1.7 0.4	STEM/EDS APFIM EDS APFIM/PEELS/EDS APT APT EDS/APFIM EDS APFIM/PEELS/EDS EDS EDS EDS EDS	[42] [43] [21,22] [44] [41] This study [16,45] [5] [44] [18,22] [17,20] [21] [46]

Table 5

 5 Dimensions of the phases observed at different ageing conditions and the corresponding hardness value. The predominant phases for each investigated state appear in bold.

	Temperature	Time	Phase	Silicon particles	Diameter (nm)	Length (nm)	Hardness (+/-2
	170 °C 250 °C 350 °C	8 h 1 month 6 min 1 h 8 h 1 month 4 min 6 h 2 weeks	β″ β″ β′ Type B β″ β″ Type B β′ Type B Type C Type A Type A Type C Type B β″ Type B Type C β′ β	x x x x x x x	2-4 3-6 6-10 6-15 3-5 3-6 7-10 5-30 30-80 30-80 5-30 5 10-15 8-20	25-50 100-1000 25-50 25-50 100 250-275 500-1000 250-500 500-1000	117 78 69 71 60 39 53 39 33
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phase, which is, in most cases, responsible for the loss of mechanical properties during ageing. 6. Finally, an analytical approach based on the use of a simple JMAK law has been proposed and approved to predict the loss in mechanical strength during isothermal or non-isothermal treatments. The parameters of this law (Q = 160 kJ/mol; n = 0.35; k 0 = 5.25 × 10 11 /s) were determined from an experimental database. This approach could be coupled with further modelling of the mechanical properties (yield stress, kinematic/isotropic hardening) using either (i) empirical mechanical models [START_REF] Farrahi | Stress-strain time-dependent behavior of A356.0 aluminum alloy subjected to cyclic thermal and mechanical loadings[END_REF], (ii) semi-empirical models based on microstructural information [START_REF] Bardel | Integrated modelling of a 6061-T6 weld joint: from microstructure to mechanical properties[END_REF], or (iii) more physically based models connecting microstructure and mechanical properties [START_REF] Bardel | Cyclic behaviour of a 6061 aluminium alloy: coupling precipitation and elastoplastic modelling[END_REF].
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