N
N

N

HAL

open science

Structure, mechanical and tribological properties, and
oxidation resistance of TaC/a-C:H films deposited by
high power impulse magnetron sputtering
Huan Luo, Mohammad Arab Pour Yazdi, Sheng-Chi Chen, Hui Sun, Fei Gao,

Olivier Heintz, Alexis de Monteynard, Frédéric Sanchette, Alain Billard

» To cite this version:

Huan Luo, Mohammad Arab Pour Yazdi, Sheng-Chi Chen, Hui Sun, Fei Gao, et al..
mechanical and tribological properties, and oxidation resistance of TaC/a-C:H films deposited by
high power impulse magnetron sputtering. Ceramics International, 2020, 46, pp.24986 - 25000.

10.1016/j.ceramint.2020.06.284 . hal-03491969

HAL Id: hal-03491969
https://hal.science/hal-03491969

Submitted on 26 Sep 2022

HAL is a multi-disciplinary open access
archive for the deposit and dissemination of sci-
entific research documents, whether they are pub-
lished or not. The documents may come from
teaching and research institutions in France or
abroad, or from public or private research centers.

L’archive ouverte pluridisciplinaire HAL, est
destinée au dépot et a la diffusion de documents
scientifiques de niveau recherche, publiés ou non,
émanant des établissements d’enseignement et de
recherche francais ou étrangers, des laboratoires
publics ou privés.

Distributed under a Creative Commons Attribution - NonCommercial 4.0 International License

Structure,


https://hal.science/hal-03491969
http://creativecommons.org/licenses/by-nc/4.0/
http://creativecommons.org/licenses/by-nc/4.0/
https://hal.archives-ouvertes.fr

Version of Record: https://www.sciencedirect.com/science/article/pii/S0272884220319568
Manuscript 2¢8886cc201bee98dbel8aeed69564f

Structure, mechanical and tribological properties, and oxidation resistance of

TaC/a-C:H films deposited by high power impulse magnetron sputtering

Huan Luo'", Mohammad Arab Pour Yazdi', Sheng-Chi Chen??, Hui Sun*”, Fei Gao®, Olivier Heintz5, Alexis

de Monteynard’, Frédéric Sanchette’, Alain Billard'

' FEMTO-ST, UMR 6174 CNRS, MN2S, Univ. Bourgogne Franche-Comté, UTBM, Site de Montbéliard,
90000 Belfort Cedex, France

2 Department of Materials Engineering and Center for Plasma and Thin Film Technologies, Ming Chi
University of Technology, Taipei 243. Taiwan

3 College of Engineering, Chang Gung University, Taoyuan 333, Taiwan

4 Shandong Key Laboratory of Optical Astronomy and Solar-Terrestrial Environment, School of Space
Science and Physics, Shandong University, Weihai, Shandong, 264209, China

5 FEMTO-ST, UMR 6174 CNRS, Energy Department, Univ. Bourgogne Franche-Comté, UTBM, Rue
Thierry Mieg, 90000 Belfort Cedex, France

®ICB, UMR 6303 CNRS, Université Bourgogne Franche-Comté, BP 47870, 21078 Dijon Cedex, France
7Nogent International Center for CVD Innovation, LRC CEA-ICD LASMIS, UTT, Antenne de Nogent-52,

Péle Technologique de Haute-Champagne, 52800 Nogent, France

*Corresponding authors: huan.luo@utbm.fr (Huan Luo); huisun@sdu.edu.cn (Hui Sun)

Abstract:

TaC/a-C:H films with varying carbon content within a narrow window were deposited employing HiPIMS in
the Ar/C,H, atmosphere. The DC deposited TaC/a-C:H reference films were prepared under the same
deposition parameters for comparison. Analysis and comparison of the chemical bonding state, structure,
mechanical and tribological properties, and oxidation resistance of the films were conducted, with the aim of
emphasizing the differences in the nanocomposite structure and properties of the films correlated to

deposition conditions. It reveals that the HiPIMS deposited TaC/a-C:H films outperform the DC deposited
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ones, exhibiting higher hardness and toughness, lower friction coefficient and wear rate, and stronger
oxidation resistance. The improved performances in HiPIMS are attributed to HiPIMS plasma, which enables
(i) the volume fraction of crystalline TaC phase and amorphous carbon phase, (ii) the stoichiometric ratio and
grain size of the crystalline phase, (iii) the sp?/sp® -C ratio, and (iv) the residual stress to develop in the
manner that is conducive to film properties. It is demonstrated that HiPIMS plasma can be used as an
effective means to modulate the chemical bonding state and nanocomposite structure of TaC/a-C:H film for

achieving higher performance in terms of hard yet tough, wear and oxidation resistance.
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1. Introduction

Transition metal carbide films have been a hot topic for industrial applications and academic research for
decades due to their high hardness [1][2][3], high melting point and excellent chemical stability [4][5][6][7].
Unlike the nitride system, the carbon-based film of transition metal is characterized by the nanocomposite
structure consisting of two separate phases, nanocrystalline grain of carbide and amorphous carbon. Since this
nanocomposite structure has a significant potential to improve the mechanical properties and wear resistance
[8], the metal carbide/amorphous carbon nanocomposites are widely used as protective coatings on surfaces
of precision steel components, cutting tools and machinery components [9]. Also a variety of transition metal
carbide films have been extensively studied, such as WC/a-C:H [10][11], TiC/a-C:H [8][12][13], NbC/a-C:H
[14][15], ZxC/a-C:H [16].

Among transition metal carbides, tantalum carbide (TaC) has attracted considerable attention since it has
high hardness, good thermal stability, high melting temperature (3880 °C), low contact resistance, and
excellent tribological performance. Based on its superior performance and promising applications in industry,
nanocomposite TaC coatings have been prepared and studied by a variety of modern surface modification
technologies, such as hot pressing [17], magnetron sputtering [1][18][19][20][21][22][23], in situ reaction
(ISR) technique [24][25], carburization [26][27], pulsed laser ablation deposition [28][29][30], chemical
vapor deposition [31][32], electrodeposition [33] and so on. Among them, one of the most widely used

techniques to grow TaC films is direct current (DC) magnetron sputtering. Du, S. and Zhang, K. et al. [19]



studied the mechanical properties and tribological behavior of the TaC coatings prepared by reactive DC
magnetron sputtering, and reached a maximum hardness of 36.3 GPa and the lowest wear rate of 1.44 x 106
mm?*/Nm. Evans, R. D. et al. [20][21] investigated the influence of deposition parameters on the composition
and structure of TaC/a-C:H films in the reactive direct current magnetron sputtering, including acetylene flow
rate, applied bias voltage, and substrate rotation rate. Poladi, A. et al. [23] studied the effect of C content on
the structural, mechanical, wear and corrosion properties of TaC films via DC magnetron sputtering. They
showed that ceramic TaC films (20 at.% of C content) exhibit optimal mechanical properties and wear
resistance, and metallic Ta(C) films (lower 10 at.% C content) exhibit the best corrosion resistance. Moreover,
Cai, X., Xu, Y. et al. [24] fabricated a gradient nanostructured TaC layer by in situ reaction. The hardness of
28.1 GPa and the fracture toughness of 3.940.2 MPa m'”? were obtained at the topmost surface of the TaC
layer. Zhao, N. et al. [25] studied the TaC coating synthesized by in situ synthesis and combined casting-heat
treatment, and analyzed the thermodynamics, kinetics and atomic diffusion of the coating formation. It
demonstrated that the thickness of the carbide layer has a parabolic relationship with the treatment time, and
the activation energy for the process was 388.68 kJ/mol. Zhao, Z. et al. [26] fabricated TaC coatings on
tantalum by interstitial carburization and studied their mechanical properties and scratch resistance
performance. The TaC coating (1900 HV) with hardness 14 times higher than that of the Ta substrate (137
HV) was successfully prepared. In addition, Hackett, K. et al. [17] studied the phase constitution and
mechanical properties of the Ta-C system via hot-pressing mixed powders of TaC and Ta. It demonstrated
that the grain size decreased with increasing carbon content, with a corresponding increase in Vickers
hardness from 13.5 to 20 GPa. Teghil, R. er al. [28] investigated the TaC films prepared by a
frequency-doubled Nd: glass laser, and proposed an ablation deposition mechanism (related to target thermal
particle spraying) to explain the film features.

However, although a variety of advanced surface techniques have been applied to the preparation of
tantalum carbide films as reviewed above, to the best of our knowledge, the TaC/a-C:H film prepared via
HiPIMS has never been studied. HiIPIMS is an advanced physical vapor deposition technology, especially for
the fields of protective films and functional films, known for its high power density and high ionization rate

during the discharge. Inspired by its plasma characteristics, in the present work, we attempt to employ it to



tune the (i) chemical bonding state, (ii) volume ratio of amorphous carbon matrix to crystalline phase, (iii)
ratio sp*/sp?-C, and (iv) stoichiometric ratio x (of TaC, grains) of the nanocomposite TaC/a-C:H films. These
four points have a crucial impact on the hardness, toughness and tribological properties of the film. Especially
toughness, it is lacking in transition metal carbide films. Poor toughness is detrimental when subjected to high
load and/or long-term friction conditions since the possibility of fracture failure (which causes catastrophic
damage to wear resistance). In addition, as is generally known, the plasma characteristics of HiPIMS can also
adjust (i) the grain size and (ii) the compactness of the film morphology, which is conducive to mechanical
properties. Therefore, the research on the nanocomposite structure and properties of the TaC/a-C:H film
deposited by HiPIMS is worth looking forward to.

Moreover, when the TaC/a-C:H film is used as the protective coating, the high-temperature environment
cannot be avoided. The anti-oxidation capability of the film is thus critical as it limits the application scope,
efficiency and service life. However, the investigation of the oxidation resistance of TaC/a-C:H film is rarely
explored. Besides, the research on TaC/a-C:H film in the publication has mainly focused on the effect of the
carbon content varying over a wide range (from pure nanocrystalline TaC without amorphous carbon phase to
almost pure amorphous diamond-like carbon (i.e., doped with Ta atoms)) on the properties of the film. The
disadvantage is that a large change in carbon content may obscure other factors contributing to the film
performance. The effect of the carbon content varying within a narrow range on the structure and properties
of the TaC/a-C:H film is rarely studied.

Trying to explore the above issues, a series of TaC/a-C:H films were prepared in HiPIMS, operated at three
substrate biases (floating, -50 V, and -100 V), by varying the flow rate of acetylene (C,H;). For comparison,
TaC/a-C:H films were also prepared in DC magnetron sputtering (without substrate bias) with the same
deposition parameters. The chemical bonding state, microstructure, morphology, residual stress, mechanical
properties, and tribological performance as well as oxidation resistance of all the TaC/a-C:H films were
characterized. By comparing the TaC/a-C:H films deposited in different deposition conditions (DC and
HiPIMS with different substrate bias modes), the correlation between the deposition conditions and the
nanocomposite structure, mechanical properties, tribological behavior and oxidation resistance of TaC/a-C:H

films were systematically discussed and established.



2. Experimental details
2.1. Films deposition

TaC/a-C:H films were prepared via HiPIMS (Hiittinger Elektronik Generator 4002) by sputtering a tantalum
target (150 mm in diameter and 8 mm in thickness, 99.9 % purity) in the Ar and C,H, gas mixture. The cathode
discharge parameters were set to: U = -600 V (during pulse time-on), I = 2.2 A (average current), ton = 45 ps,
f=500 Hz. The potential of the substrate holder was operated at three modes: floating, -50 V, -100 V bias. The
reference films were deposited by DC (Pinnacle Plus, Advanced Energy) with the average current of 2.2 A, f =
50 KHz and Ty =5 us. Except for the power supply, other deposition parameters are the same as in
HiPIMS. M2 disc substrate (63 HRc, #=30 mm X 8 mm), stainless steel slide (40 mmXx20 mmX4 mm),
silicon wafer (10 mmX10 mm) and iron sheet (400 mmX4 mmX0.25 mm) were selected as the substrates for
testing mechanical properties, tribological performance, morphology, chemical bonding states, and residual
stress. The substrates of M2 and stainless steel were mirror polished with a diamond suspension of 1 pm of
granulometry and degreased in ethanol afterward.

Prior to film deposition, the vacuum chamber was pumped down to a base pressure ~10* Pa. The
substrates were etched for ten minutes to remove adventitious contaminants attached to their surfaces.
Subsequently, a tantalum interlayer of approximately 200 nm thickness was pre-deposited between the
TaC/a-C:H film and the substrate to improve the film adhesion. During the deposition of all batches, the
working pressure was 0.4 Pa. The distance between the substrate holder and the target D was 10 cm. The flow
rates of Ar and C;H, were controlled by mass flow controllers. The flow rate of Ar was maintained at 200 sccm
and of CoH, was varied from 10 sccm to 18 scem with 2 scem step increments. To obtain homogeneous films,
the rotating substrate holder was fixed at the speed of 30 revolutions per minute (r.p.m.).

2.2. Characterization

The film microstructure was performed by Bragg Brentano configuration X-ray diffraction (BRUKER DS),
which is equipped with a Co (A=1.78897 A) source at a voltage of 35 kV and a current of 40 mA. Film
morphologies on the top surface and brittle fracture cross-section were observed by JEOL JSM-7800F field
emission gun scanning electron microscope (FEG-SEM). The chemical bonding states of TaC/a-C:H films were

analyzed by X-ray photoelectron spectroscopy (XPS) in an attempt to reveal the intrinsic origin of the excellent



performance of the film. It was performed under an ultra-high vacuum (~1078 Pa) with an Al Ko X-ray source
(hv=1486.7 eV). Charge calibration was performed by setting the binding energy of the C 1s photoelectron peak
to 285 eV.

The nanohardness and Young’s modulus of the film were measured by using the Nanoindentation Tester
from CSM Instruments equipped with the Berkovich diamond indenter tip at room temperature. Final results
were determined based on the Oliver&Pharr model and were the average value of 12 indentations performed for
each sample. In order to avoid the influence of the substrate on the measurement results, the penetration depth
of the indenter was kept <10% of the thickness of the film. The residual stress inside the films was calculated

via the Stoney formula:

Es dZ1

- ey

o= X
6(1-vg) df R

in which Es, ds, and vs represent Young’s modulus, thickness, and Poisson’s ratio of the substrate, respectively.
dr stands for the thickness of the film. R represents the radius of curvature, which is measured from the film
as-deposited on a cantilever beam by Altysurf profilometer equipped with an optical probe.

The tribological performance of the film was carried out by a pin-on-disk Tribometer (CSM, Switzerland).
All pin-on-disk measurements were done via unlubricated sliding against 6 mm WC/Co ball in ambient air at a
relative humidity of about 40 %. Test parameters were set to 5 N applied normal load, 1.6 cm/s sliding speed, 3
mm contact track radius and 10000 sliding laps. After the tribological test, the cross-sectional profile of the
wear track was characterized by an Altysurf profilometer equipped with an inductive probe. The normalized
wear rate (W,) was calculated using equation W,=V/(LxS), where V is the wear volume, L is the applied normal
load, and S is the sliding distance. The wear track on the M2 substrate was observed by SEM. Annealing
treatment was performed under air atmosphere at different temperatures (from 200 ‘C up to 700 ‘C with an
incremental step of 100 °C) with a dwell time of 2 h to test the oxidation resistance of the film. The oxidation
degree of the film after annealing was measured by XRD, SEM, and energy dispersive X-ray spectroscopy

(EDS).

3. Results and discussions

3.1 Chemical bonding state



Fig. 1 shows high resolution XPS spectra C 1s of TaC/a-C:H films deposited in different conditions: DC
and HiPIMS (shown in (a) and (b)), as well as HiIPIMS with different substrate bias (shown in (c)). The C 1s
peak exhibits four main components distributed at 282.8 eV (Ta-C), 284.5 eV (sp>-C), 285.4 eV (sp>-C) and
286.8 €V (C-0). Table 1 lists the stoichiometric ratio x of TaC, grains and the fractions of Ta-C, sp>-C, sp3-C
bonds, which are determined by the relative peak areas of the fitted peaks. Note that in Table 1, the samples are
named TaC10, TaC12, TaC14, TaC16, TaC18, respectively, according to the flow rate of CoH> used in the film

formation process.
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Figure 1. High resolution XPS spectra C 1s of TaC/a-C:H films deposited in different conditions: (a) DC; (b)

HiPIMS with floating substrate; (¢) HIPIMS with substrate bias.

From Fig. 1 and Table 1, two different evolutionary trends of carbide Ta-C and amorphous carbon can be
observed. One is that as the CoH, flow rate grows, the content of Ta-C bond is decreased, and the amorphous
carbon content (sp>-C and sp*-C bonds) is gradually increased in both DC and HiPIMS. Further information on
the amorphous carbon phase is the continuous increase in sp>-C bond and the random variation in sp>-C bond

with the increasing C,H,. For DC deposited films, as the C,H, flow rate increases, the content of Ta-C bond



decreases from 77.4 to 69.3 at.%, and the sp>-C bond rises from 16.2 to 20.6 at.%. For HiPIMS deposited films,
the Ta-C bond decreases from 55.3 to 44.4 at.%, while the sp?>-C bond rises from 21.2 to 30.6 at.%. There is no
regular change in the content of sp>-C bond as the C;H, flow rate increases in DC and HiPIMS. It fluctuates
randomly within a small range and remains stable at 9.1 at.% and 22.4 at.% for DC films and HiPIMS films,
respectively. The stoichiometric ratio of TaC/a-C:H film (x in TaC,) increases with the CoH, flow rate in both
DC and HiPIMS. From 10 to 18 sccm, x increases from 0.45 to 0.69 for DC films and from 0.65 to 0.78 for
HiPIMS film.

Comparing the C 1s peaks of DC and HiPIMS deposited films, the C incorporation in HiPIMS deposited
films is higher, characterized by the higher stoichiometric ratio and the higher amorphous carbon content. Since
HiPIMS plasma has higher energy density and higher ionization rate, which enhances the reactivity between Ta
and C not only in the discharge process, but also on the growth interface of the film, a higher content of C is
incorporated into the film [35]. Similar results have also been observed by Soucek, P. et al. [36], which showed
that approximately 2-3 times higher acetylene flow is required to deposit TiC/a-C:H films with the same
composition in DCMS as in HiPIMS.

The other is that as the substrate bias increases in HiPIMS, the content of Ta-C bond increases, while the
contents of sp>-C and sp3-C bonds decrease. It is consistent with the result in [21]. The increased Ta-C bond is
due to the fact that Ta ions can obtain more kinetic energy from the acceleration of the biased substrate (due to
their mass advantages) when they eject from the target and bombard the substrate. The higher kinetic energy
results in Ta and C to react as completely as possible at the growing interface of the film, thereby increasing the
Ta-C bond. As another result of higher bombardment energy, the stoichiometric ratio of TaC grains increases

with the substrate bias.

Table 1. The relative amount of chemical bonds of Ta-C, sp?>-C and sp’-C, stoichiometric ratio x of TaC grains,

and amorphous carbon content of the TaC/a-C:H films with different CoH> flow rates.

Composition Types of bonding for C 1s XPS
Batch no [at.%] [at.%] a-C:H  Stoichiometric
’ [at.%]  ratio x (TaC,)
Ta C C-Ta sp>-C sp’-C
DC



TaC10 63.5 36.5 774 16.2 6.4 8.3 0.45

TaCl12 59.9 40.1 75.1 14.3 10.6 10.0 0.50
TaCl4 55.3 44.7 71.3 17.7 11.0 12.8 0.58
TaCl6 52.6 474 72.8 20.0 7.2 13.0 0.66
TaCl18 50.2 49.8 69.3 20.6 10.1 15.3 0.69
HiPIMS_floating substrate
TaC10 46.2 53.8 553 21.2 23.5 24.0 0.65
TaCl2 44.0 56.0 55.2 24.1 20.7 25.1 0.70
TaCl14 41.6 58.4 53.0 24.7 22.3 27.4 0.74
TaCl6 39.7 60.3 50.4 29.0 20.6 29.9 0.77
TaCl18 36.3 63.7 44 4 30.6 25.0 35.4 0.78
HiPIMS _substrate bias
TaCl12-50V  48.7 51.3 67.4 15.2 17.4 16.7 0.71
TaC12-100V  52.9 47.1 82.0 12.1 5.9 8.5 0.73
TaCl14-50V 443 55.7 55.1 25.7 19.2 25.0 0.69
TaC14-100V  48.7 51.3 73.6 13.9 12.5 13.5 0.77
TaC16-50V  42.6 57.4 58.5 21.9 19.6 23.8 0.79
TaC16-100V  49.0 51.0 78.0 13.8 8.2 11.2 0.81

Typically, the enhanced bombardment energy of film-forming plasma leads to higher crystallinity, larger
grain size and higher sp>-C content in the amorphous carbon matrix. However, the content of sp*-C is lowered
in our case. It is because the greatly increased Ta-C bond occupies too much C source. Under this condition,
although the enhanced bombardment energy provided by substrate bias induces the subsurface penetration and
compressive stress as well (which facilitates the formation of sp*-C), the remaining carbon may not be sufficient
to support the increase of sp>-C content. Based on the above analysis, it can be concluded that the evolution of
the chemical bonding state is not only related to the composition of the plasma which has been reported several
times in the literature [34][37], but also strongly depends on the ionization rate and bombardment energy of the
plasma. This indicates that HIPIMS can provide a more flexible modulation in terms of the chemical bonding
state of the TaC/a-C:H film through two auxiliary means of plasma energy and ionization rate. Moreover, it is
expected that the HiPIMS-modulated chemical bonding state allows TaC/a-C:H film to achieve superior
performance that is often unachievable in the other PVD approaches.

3.2 Morphology and Microstructure
Fig. 2 exhibits the SEM micrographs of fracture cross-sections and top surfaces (inserted in the upper right

corner) of the TaC/a-C:H films deposited with different C;H, flow rates. The upper and lower rows represent



the results of the films deposited in DC and HiPIMS (floating), respectively. As the CoH, flow rate increases, all
DC deposited films exhibit glassy morphology, while all HIPIMS deposited films display columnar structure
characteristics. The columns of HiPIMS deposited films do not change with the C,H, flow rate, exhibiting a
very similar density. The difference in cross-sectional morphologies between DC and HiPIMS deposited films
is contrary to what is commonly reported in the literature [38][39]. We notice that in HiPIMS deposition
condition, the ionization rate of film-forming plasma is higher. The motion path of ions is thus highly oriented
and almost perpendicular to the substrate surface due to the attraction of the floating potential of the substrate.
Under this plasma characteristic, the film is grown by the rapid, continuous and normally incident species,

thereby forming a compact columnar structure perpendicular to the substrate [40].

Figure 2. SEM micrographs of cross-sections and top surfaces (upper right corner) of TaC/a-C:H films

deposited in DC (upper row, a-c) and in HiPIMS (lower row, d-f) with various CoH flow rates: (a, d) 10 sccm,

(b, e) 14 sccm and (c, f) 16 sccm.

The surface morphologies of the films deposited in both DC and HiPIMS exhibit uniformly distributed
granular structure. As the C,H, flow rate increases, the average size of these granules increases, and the surface
morphology gradually becomes rough. Moreover, the roughness of the HIPIMS deposited film is higher than
that of the DC deposited film, which is caused by the columnar growth of the HiPIMS deposited film that
naturally results in a rough surface. Besides, the rougher surface of the HIPIMS deposited film also stems from

the higher substrate temperature, a by-product of higher bombardment energy, of the HiPIMS process. The

10



higher substrate temperature adjusts the diffusion process of condensed atoms at the growing interface and

forces them to aggregate into larger-sized clusters, thereby creating a rougher surface.
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Figure 3. SEM micrographs of top surfaces (a-c) and of cross-sections (d-f) of HiPIMS deposited TaC/a-C:H

films at 16 sccm C,H» with different substrate bias: (a)floating, (b) -50 V, (c) -100 V

Take the films deposited at 16 sccm C,H, as an example, the SEM micrographs of TaC/a-C:H films with
different substrate biases prepared in HiPIMS are presented in Fig. 3. At the substrate bias of -50 V, the
columnar structure previously seen is interrupted and replaced by a denser and less structured morphology (see
Fig. 3(e)) and then, as the bias voltage increases to -100 V, the columnar growth disappears completely,
evolving to a glassy morphology (Fig. 3(f)). Moreover, the top surface tends to be smooth with the substrate
bias and exhibits a character of slight etching at -100V bias. These denser cross-sections and smoother surfaces
are due to the high kinetic energy of ion bombardment, which impacts a few atomic layers beneath the growing
interface and delivers sufficient mobility for atomic rearrangement.

Fig. 4 shows a series of X-ray diffractograms for TaC/a-C:H films with different CoH, flow rate. The left
and right sides represent the diffraction spectra of DC and HiPIMS deposited films, respectively. For the DC
film deposited at 10 sccm C,Ho, the diffraction peaks observed at 26 =~ 42.5° and 44.5° are ascribed to (002)
and (101) of the hexagonal Ta;C phase. As the C;H, flow rate increases from 12 to 14 sccm, a strong peak at
260 = 40.65° and a very weak peak at 20 =~ 47.29° present, which are assigned to (111) and (200) of the fcc

TaC phase. It indicates that the DC deposited films at 12 and 14 sccm exhibit the (111) preferred orientation. As

11



the C,H, flow rate increases to 16 and 18 sccm, the diffraction peaks at 26 =~ 40.65°, 47.29° and 69.12°

coexist, corresponding to (111), (200) and (220) of fcc TaC.
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Figure 4. X-ray diffractograms of TaC/a-C:H films deposited in DC (left) and HiPIMS (right).

For HiPIMS films (without substrate bias) deposited with CoH» flow rate from 10 to 18 sccm, the diffraction
peaks distribute at 26 =~ 40.65°, 47.29° and 69.12° corresponding to (111), (200) and (220) lattice planes of
fcc TaC, respectively. With increasing C;H, flow rate, these diffraction peaks exhibit similar intensities with a
slight left shift. Generally, the shift of the diffraction peak toward a lower angle is related to lattice expansion
and/or compressive stress. From Fig. 8(b), the compressive stress of the HiPIMS (floating) deposited films
(black line with ball) remains almost unchanged. Hence, it can be inferred that the left shift of the peak position
derives from lattice expansion caused by the stoichiometric change of TaC grains [41][42]. As the substrate bias
increases in HiPIMS, the full width at half maximum (FWHM) of (111) peak narrows monotonically,
accompanied by an increase in intensity. It corresponds to the coarsening of the microstructure, provided by the
enhanced substrate temperature due to the high energy ion bombardment effect of the substrate bias.

The mean grain size of TaC/a-C:H films as a function of the C,H, flow rate under different deposition

conditions are shown in Fig. 5. It is calculated from the Scherrer formula, where the total broadening of the

12



FWHM is attributed to the grain size while the strain broadening is ignored. It can be seen that the grain size of
the HiPIMS deposited film is smaller than that of the DC deposited film at each C;H, flow rate. This is caused
by the higher ionization rate induced by HiPIMS plasma and the higher amorphous carbon content in HiPIMS
deposited films. On the one hand, the higher ionization rate of the HiPIMS plasma will interrupt the growth of
TaC grains and thus force the newly arrived TaC-forming species to renucleate. On the other hand, the higher
content of amorphous carbon is more effective in inhibiting grain growth. Therefore, the grain size of the
HiPIMS deposited film is easily refined. For the grains that gradually coarsen with increasing substrate bias in
HiPIMS, the fundamental driving mechanism is the enhanced ion bombardment effect, since the elevated ion
velocity and energy serve the same role as substrate heating. Furthermore, the less amorphous carbon content

with the substrate bias provides a weaker growth-inhibiting effect on TaC grains.
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Figure 5. The grain size of TaC/a-C:H films deposited in different conditions with various CoH> flow rates.

Apart from the overall comparison of the grain size under different deposition conditions, the evolution of
grain size with the CoH, flow rate also shows deposition condition-dependence. For DC deposited films, the
grain size first increases from 7.2 to 14.5 nm, and then decreases to 10.9 nm, with a turning point at 16 sccm
C,H; flow rate. From 10 to 16 sccm C;H, flow rate, the increase in carbon source provides a favorable growth
condition for the phase of tantalum carbide. The TaC grains are therefore gradually coarsened and reach a

maximum size of 14.5 nm. As the further increasing C,;H, flow rate exceeds 16 sccm, the amorphous carbon
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matrix surrounding the TaC grains reaches an appropriate amount capable of isolating TaC grains, thereby
hindering the growth of the TaC grains through its encapsulation role. Similar evolution of grain refinement
with increasing carbon content in nc-MeC/a-C:H (Me stands for transition metal) films has been reported in
[43][44].

For the films deposited in HIPIMS with floating substrate and -50 V bias, the grain size remains unchanged,
which is consistent with the results of [34][36]. It is known that the evolution of TaC grain in TaC/a-C:H film is
governed by the competition between the grain growth and the hindering effect of the amorphous carbon matrix.
Since the grain size is finer and the content of amorphous carbon is higher in the HiPIMS deposited film
(indicated by XPS) compared to those in DC deposited film, the hindering effect of sufficient amorphous
carbon content acted on the growing grains is more pronounced in HiPIMS deposited films. As a result, the
grain coarsening with increasing C,H, flow rate from 10 to 16 sccm (as occurred in DC deposited film) is
suppressed to some extent, the grain size remains unchanged in this interval. At the C;H; flow rate of 18 sccm,
HiPIMS film still contains a higher content of amorphous carbon and finer grains than those of DC deposited
film, which suggests a stronger inhibition of amorphous carbon on the grain growth. However, the grains were
not suppressed at 18 sccm CoH, flow rate. The grains that are not inhibited here are explained by the higher
bombardment energy of the HIPIMS plasma which enhances the reactivity of Ta species with carbon at growing
interface and thus prompts the growth of TaC grains. Consequently, it can be stated that for the films deposited
in HiPIMS with floating and -50 V bias, the constant trend of grain size (from 10 to 18 sccm C;Hb) is the almost
balanced result of the competition between the hindering effect of amorphous carbon and growth of grains.

For films deposited in HiIPIMS with -100 V substrate bias, the grain size is neither reduced nor kept
constant but is gradually coarsened in the range of 5.8 to 8.4 nm (from 10 to 18 sccm C,H; flow rate). It is
attributed to two aspects. Firstly, in the case of HiPIMS operating at high substrate bias, the ion bombardment
effect dominates the chemical bonding state of the film, manifesting as a reduction in amorphous carbon
content. The sealing and suppressing effect of less amorphous carbon matrix on the TaC grain growth is thus
weakened. Secondly, the bombardment energy of film-forming species is strong. Under the condition of -100 V
substrate bias, the bombardment energy of species is not only derived from the energy delivered by the

sputtering process on the target surface, but also from the high potential of the biased substrate. After the
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film-forming species experience collisions and lose partial energy, they can regain energy from the potential of
the biased substrate due to the high ionization rate of the HIPIMS plasma. Therefore, the degree of reaction of
Ta species reaching the substrate with carbon is very high at the growing interface, which is conducive to the
growth of TaC grains. The synergy of these two aspects promotes grain growth to be superior in the
aforementioned competition and thus the grain is gradually coarsened. This growing grain size with increasing
carbon content is consistent with the results of [38], in which the used deposition condition is HiPIMS with

-150 V substrate bias.

‘ Nanocrystalline TaC

Nanocrystalline

TaC \

Figure 6. The HRTEM images and corresponding SAED patterns of TaC/a-C:H films deposited in DC with (a)

12 scem (b) 16 scem and (¢) 18 scem and in HIPIMS with (d) 16 sccm C;H; flow rates.

The microstructures of four representative TaC/a-C:H films, deposited in DC with 12, 16 and 18 sccm C;H»
flow rates and in HiPIMS with 16 sccm C;H; flow rate, are also investigated by high-resolution TEM and the
corresponding selected area electron diffraction (SAED), shown in Fig. 6. The typical nanocomposite structure

composed of TaC grains dispersed in the amorphous carbon matrix is clearly exhibited at all TaC/a-C:H films.
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For the film deposited in DC with 12 sccm (Fig. 6(a)), the grain size is about 12 nm and the inter-planar spacing
(d) is measured to be 0.256 nm. The crystalline TaC grains are not completely separated by the amorphous
carbon matrix, presenting many interconnected grain boundaries. In Fig. 6(b), the film deposited at 16 sccm
exhibits a large grain size of 17 nm while the d of TaC grain is 0.259 nm. The TaC grains are well separated by
amorphous carbon matrix, and the width of mean grain separation is about 1.5 nm. As the CoH, flow rate rises
to 18 sccm (Fig. 6(c)), the grain size decreases and more amorphous carbon matrix is observed. The d increases
to 0.261 nm, while the width of mean grain separation increases to ~4 nm. With the CoH, flow rate increases in
DC condition, the crystallinity of the film degrades, accompanied by the widening of the mean grain separation.
This trend can also be confirmed by the corresponding SAED patterns. For the film deposited in HIPIMS with
16 sccm (Fig. 6(d)), it can be observed that nanocrystalline TaC (4 nm) is uniformly dispersed in the amorphous
carbon matrix, with a mean grain separation of ~1 nm. The inter-planar spacing expands to 0.263 nm,

corresponding to the higher stoichiometric ratio of TaC grains.

3.3 Mechanical properties
The hardness H and Young’s modulus E of the TaC/a-C:H films with various C;H; flow rates are plotted in
Fig. 7. The hardness and Young’s modulus of TaC/a-C:H films prepared in DC and HiPIMS (without substrate
bias) have the same evolutionary trend. It can be seen from Fig. 7 that as the C;H, flow rate increases from 10
to 16 sccm, H and E increase correspondingly. The values of hardness and Young’s modulus increase from 25.8
and 298 to 35.0 GPa and 385 GPa for DC deposited film, while for HiPIMS deposited film, they increase from
32.7 and 369 to 40.6 GPa and 427 GPa, respectively. Both H and E reach maximum values at 16 sccm of CoH,.
Once the C;H; flow rate further increases to 18 sccm, the evolutions of H and E reverse and begin to decrease.
It is known well that for carbon-based nanocomposite films, the grain size, mean grain separation,
stoichiometric ratio, matrix properties, and growth morphology are important factors in determining the
mechanical properties of the film. For TaC/a-C:H films deposited in DC, the growth morphology (indicated by
the SEM) is very similar regardless of the C;H, flow rate. At the same time, the ratio sp*/sp? -C, which acts to
harden the carbon matrix, gradually decreases since sp>-C increases and sp*-C floats randomly in a small range

(obtained from XPS) as the C,H, flow rate increases. It can therefore be stated that the two factors of
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morphology and matrix properties (sp*/sp?) do not contribute to the mechanical properties of the DC deposited
films. With the C,H; flow rate increases from 12 to 18 sccm, the grain size of DC deposited film first increases
and then decreases. Note that the film deposited at 10 sccm C,H, exhibits the Ta,C phase. Here we only
consider the influence of the TaC phase. According to the Hall-Petch relation, this trend of grain size suggests
that the hardness first decrease and then increase, which is contrary to what we observed. However, for the
carbon-based nanocomposite film, the increased amorphous carbon content causes the grains to be gradually
separated despite the continued increase in grain size, which is confirmed by Fig. 6(a-c). Therefore, the film
hardness gradually rises as the Co;H, flow rate increases from 12 to 16 sccm, since the narrow mean grain
separation will cause dislocation motion to be suppressed. At 16 sccm C;H, flow rate, the width of mean grain
separation is about 1.5 nm while the TaC grain size is about 17 nm (indicated by HRTEM images). This narrow
mean grain separation can effectively restrict the deformation under applied load caused by dislocation
movement and decrease cracks propagation [36][41], thereby leading to the optimal hardness. As the C,H, flow
rate further reaches 18 sccm, the grain size drops while the amorphous carbon content continues to increase.
The mean grain separation is thus widened significantly to ~4 nm, as displayed in Fig. 6(c). Too wide grain
separation, filled by the amorphous carbon matrix, not only promotes the influence of the amorphous carbon
phase on the film properties but also provides more space for nano-crack initiation and propagation, therefore

causing a decrease in hardness [45].
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Figure 7. Hardness H and Young’s modulus E of TaC/a-C:H films with various C,H, flow rate.
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Besides, as the C;H, flow rate increases from 12 to 18 sccm, the stoichiometric ratio of DC deposited film
increases from 0.5 to 0.69. It is known that, apart from the factors discussed above, the mechanical properties of
fcc Ta-C system also derive from the electronic structure and bonding state of the mixed metal-covalent
character. Carbon vacancies are responsible for this electronic structure and can be used to tune Fermi level
which plays a leading role in bond strength. Therefore, appropriate content of carbon vacancies, expressed as a
substoichiometric ratio, is favorable for obtaining the highest hardness [2][3]. Riedl, H. et al. [3] reported that
for the single-phase fcc structured TaC, coatings, the low-carbon TaCy7s film exhibited the highest hardness.
When x exceeds 0.78, the hardness begins to decrease. Hong, Q. et al. [46] demonstrated through electronic
structure calculation that the maximum hardness and melting temperature can be obtained when x<<0.85 of the
TaC, system. For the TaC/a-C:H films in our case, although XPS technology being used to obtain
stoichiometric ratio has measurement errors, we suspect that x=0.69 is still less than the critical value of the
substoichiometric ratio for driving maximum hardness. Therefore, the increase in the stoichiometric ratio in DC
deposited films from 12 to 18 sccm continuously increases the hardness. The reduced hardness at 18 sccm is
dominated by the too wide mean grain separation, and here the stoichiometric hardening effect may be offset.

For HiPIMS (without substrate bias) deposited films, as the C,H, flow rate increases, the trends of
morphology and ratio sp*/sp? -C are similar to those of DC deposited films. It means that for HiPIMS deposited
films, these two factors are also independent of the evolution of mechanical properties, as they did for DC
deposited films. In addition, as the C;H; flow rate increases, the grains that remain constant in size are separated
by the growing content of the amorphous carbon matrix, and the separation is getting larger. From HRTEM
image (Fig. 6(d)), the mean grain separation reaches about 1 nm as the C,H, flow rate up to 16 sccm. The
gradually formed grain separation will hinder the dislocation operation and induce the grain incoherence strains,
which can enhance the resistance to plastic deformation [50]. Therefore, the film hardness increases from 10
sccm and achieves maximum at 16 sccm. However, at 18 sccm C;H, flow rate, the larger separation may
provide sufficient space to make grain slip and rotate easier, thereby worsening the film hardness. Besides, the
stoichiometric ratio of HiPIMS deposited film increases from 0.65 to 0.78 as the CoH, flow rate increases from
10 to 18 sccm. It is considered that this increase in stoichiometric ratio favors the rise of hardness in the

segment of 10 to 18 sccm. Therefore, the observed reduced hardness at 18 sccm may be ultimately determined
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by the result of the competition between stoichiometric hardening and softening of mean grain separation
(excessively wide), which is similar to that in DC deposited films. In summary, it can be concluded that the
evolutions of the hardness of DC and HiPIMS (without substrate bias) deposited films are dominated by two
factors, mean grain separation and stoichiometric ratio of TaC grain.

Comparing the mechanical properties of DC and HiPIMS deposited films, at all CoH, flow rates, the
hardness and Young’s modulus of HiPIMS deposited films are higher than those of DC deposited films. It is
attributed to the finer grain size (i.e., the high volume of grain boundaries), higher stoichiometric ratio, and
greater compressive stress (as indicated by Fig. 8(b)) of the HiPIMS deposited films supported by the HiPIMS
plasma. These HiPIMS plasma-designed features of the film on the nanoscale level can prevent the operation of
dislocations and upgrade the mechanical properties.

As the substrate bias increases in HiPIMS, the hardness of TaC/a-C:H film increases at each C,H, flow rate.
The compressive stress also increases with the substrate bias, as shown in Fig. 8. It can be seen that the
hardness increases dramatically in the segment of floating to -50 V bias and increases slightly in the segment of
-50 V to -100 V bias. Interestingly, this growth ratio of hardness in different bias segment is opposite to that of
compressive stress, which rises slightly in the range of floating to -50 V and increases considerably in the range
of -50 V to -100 V. Although it is widely held that higher compressive stress in the film gives rise to higher
hardness, the compressive stress hardening here is not the main driving force for increased hardness. Moreover,
the content of the amorphous carbon matrix decreases while the grains coarsen as the substrate bias increases.
That is, under the same C;H, flow rate, the mean grain separation is reduced with the application of the
substrate bias. It is indicative of lower hardness, as opposed to the measured hardness trend. Besides, the sp3-C
content decreases as the substrate bias increases. The change in matrix property thus does not contribute to the
enhanced hardness. Based on the above discussion, by excluding these known factors for improving film
hardness, one can speculate that the enhanced film hardness is related to the increase of the stoichiometric ratio
of TaC grains. The correlation between stoichiometry and hardness in TaC nanocomposites has been
demonstrated by [51][52][3]. It was observed in [51][52] that the hardness of the carbides of group VB metals,
such as NbC; and TaC,, increases accordingly and reproducibly as the stoichiometric ratio increases, and

reaches a maximum at the stoichiometric ratio of 0.88. H. Riedl er al. [3] demonstrated that for TaC films, in
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the regime where the stoichiometric ratio is below 0.78, the film hardens as the stoichiometric ratio increases.
For the TaC/a-C:H films in our work, the stoichiometric ratio of TaC grain increases with the substrate bias,
confirmed by the calculation of XPS. Taking the films deposited at 12 sccm C;H, as an example, the
stoichiometric ratio rises from 0.7 to 0.73, which is consistent with the increase in hardness. In addition, the
denser morphology with the substrate bias also partially contributes to the increased hardness.

When we observe the overall trend of film hardness as a function of the CoH, flow rate under the three bias
modes of HiPIMS (in Fig. 7), the maximum hardness gradually shifts to the left with the substrate bias increases
from floating to -100 V and occurs at 14 sccm with -100 V bias. Comparing the TaC/a-C:H films deposited at
14 and 16 sccm C;H; under the bias of -100 V, their morphologies are similar in density and the film deposited
at 16 sccm has higher compressive stress (which indicates a higher hardness). Meanwhile, the stoichiometric
ratio of the film deposited at 14 sccm is 0.77 and at 16 sccm is 0.81 (shown in Table 1). It can thus be
speculated that the lower hardness of the film deposited at 16 sccm is caused by the stoichiometric ratio of 0.81,
which may exceed the threshold for determining the maximum hardness in the Ta-C film. Therefore, in the case
of the substrate bias, the mean grain separation and compressive stress are subordinate to the stoichiometric
ratio and morphology with regards to influencing film hardness. Moreover, the substoichiometric ratio for
obtaining the optimal hardness appears at x~0.77, which is close to the threshold observed in [3].

The mechanical behavior of TaC/a-C:H film is also characterized by the ratio H/E, which reflects the
toughness of the film characterizing the film's ability to absorb energy and plastically deform without fracturing
[47][48]. It is well known that hard nanocomposite film with enhanced toughness is desirable because it greatly
contributes to the optimization of tribological performance. However, hard nanocomposite films are considered
to lack toughness [49] since hardness and toughness are mutually coupled and there is a contradiction relation
between them [47]. In the present work, the H/E ratios of the TaC/a-C:H films as a function of the CoH; flow
rate are shown in Fig. 8(a). For DC and HiPIMS (without substrate bias) deposited films, their H/E ratios
exhibit a trend consistent with the evolution of hardness. Moreover, the H/E ratios of HiPIMS deposited films
are greater than those of DC deposited films in all C;H, flow rates. For the films deposited in HIiPIMS with

substrate bias, H/E ratio is substantially promoted with increasing bias value at each C;H, flow rate. It stems
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from the large increase in hardness and the slight rise in Young’s modulus with the substrate bias. These results

in Fig. 8 indicate that the TaC/a-C:H films deposited by HiPIMS possess higher toughness.
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Figure 8. Ratio H/E and compressive stress of TaC/a-C:H films as a function of the C;H, flow rate.

The improved toughness in HiPIMS conditions is interpreted as the random orientation of the grains
(indicated via XRD), smaller grain size, and higher content of amorphous carbon of the HiPIMS deposited films.
The random orientation (i.e., high angle grain boundaries) can minimize the grain incoherence strain and
promote the grain boundary sliding in the nanocomposite film [50]. The smaller grain size creates a large
volume of grain boundaries and diminishes the size of the initial crack. The higher content of amorphous carbon
can absorb the elastic energy released under load due to its relative Physico-chemical inertness. The synergy of
these factors are capable of (i) releasing the strain by easier grain boundary sliding under the load exceeding
elastic strength, and (ii) terminating the propagation of cracks through the deflection effect at high volume grain
boundaries and the absorption of strain energy within amorphous carbon matrix. Both of them are responsible
for improving toughness, thus the higher toughness is achieved in HiPIMS deposited films. Generally, the
toughness can be improved in two ways, one is by adding a second metal element as the ductile phase, and the
other is by regulating the nanostructure (grain size and distribution of amorphous carbon). However, despite the
means of toughening, it is still not easy to achieve toughening while holding high hardness due to the high

requirements for precise adjustment of the nanocomposite structure. Fortunately, in the present work, HiPIMS
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deposition (including floating and biased substrate) is indicated to be a promising synthetic method for
effectively regulating nanocomposite structures to enhance toughness.
3.4 Tribological behavior

The dynamic friction curves of TaC/a-C:H films deposited in DC and HiPIMS as a function of sliding laps
are shown in Fig. 9. Among them, the HiPIMS TaC/a-C:H films deposited at 16 sccm C>H» are chosen as a
representative to reveal the effect of substrate bias on the friction behavior. Furthermore, Fig. 10 summarizes

the friction coefficient values and wear rates of all TaC/a-C:H films prepared in DC and HiPIMS.

0.30 -
HiPIMS with different substrate bias—3% | F’M

0.20 [

HiPIMS_floating

0.15 i HiPIMS_-50 V
DC HiPIMS_ (0L \ ) N HIPIMS -100V |
\ \ 0 2000 4000 6000 8000 10000
N
0.6F —— 10 sccem —— 12 scem —— 14 scem
f —— 16 sccm —— 18 sccm
gj, | 0.5f
lf:) ’
& ‘ blll My A
2 o HiLLMY ‘ v 1Y 04f
5] ‘MIL" i { 2 ;
5 i I g
= ‘ il
o
—— 10 scem —— 12 sccm —— 14 scem ‘f“ﬁ’d W“ A ol
02y —— 16 sccm —— 18 scem 0.2 f""m
0.1 1 " 1 1 " 1 1 .1 1 1 1 L L
0 2000 4000 6000 8000 10000 0O 2000 4000 6000 8000 10000
Number of cycles Number of cycles

Figure 9. Friction coefficients of TaC/a-C:H films deposited in different conditions as a function of sliding

cycle: (a) DC, (b) HiPIMS with floating substrate, (c) HIPIMS with different substrate bias (at 16 sccm C,Hb»).

For the friction coefficient, as the CoH, flow rate increases from 10 to 18 sccm, its value decreases from 0.6
to 0.37 for DC deposited films and decreases from 0.47 to 0.23 for HiPIMS (without bias) deposited films.
Meanwhile, the features of the dynamic friction curves evolve from dramatic fluctuations (i.e., with a large
number of burrs) to minor fluctuations with increasing C;H, flow rate in both DC and HiPIMS. Note that for

the DC TaC/a-C:H film deposited at 10 sccm, the friction curve suddenly drops to 0.42 (approximating the
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friction coefficient of WC ball sliding on substrate M2) after 5200 sliding cycles, which is due to the film being
completely worn through. The friction coefficient of M2 at about 0.4 has also been reported in [53][54]. Both
trends of reduced friction coefficient and smoothed friction curve are attributed to the increase in sp?-C content
with the increase of CoH, flow rate. As the CoH, flow rate increases to 18 sccm, the sp>-C content reaches 20.6
at.% and 30.6 at.% in the films deposited in DC and HiPIMS, corresponding to the minimum friction
coefficients of 0.37 and 0.23, respectively. Moreover, the friction coefficients of HIiPIMS deposited films are
lower than those of DC deposited films. The friction curves of HiPIMS deposited films exhibit slighter
fluctuations compared to those of DC deposited films at all CoH» flow rates. These better friction performances
are determined by the higher sp?-C content in the HiPMS deposited films. Since the sp?-C phase enhances the
formation of an easily sheared graphitic tribolayer, the film with higher content of sp?>-C exhibits superior
friction behavior.

The application of the substrate bias from floating to -100 V in HiPIMS results in an increase in friction
coefficient at all CoH, flow rates. It is caused by the decrease in sp?>-C content as the substrate bias increases
(evidenced by XPS), which weakens the self-lubricating effect on the film surface. Such a friction behavior
developed with the substrate bias is consistent with the literature [S5][56][12]. It is worth noting that compared
with the DC deposited films, the films deposited in HIPIMS with -100 V bias possess lower sp>-C contents (see
Table 1) but exhibit lower friction coefficients. Moreover, the dynamic friction curve of the film deposited in
HiPIMS with -100 V is smoother, that is, the fluctuations thereon become invisible. They are explained by the
higher hardness and toughness of the films under biased substrate conditions. Since the better mechanical
properties of the film can weaken the plastic plough and reduce the level of mechanical interlocking between
the film surface and the WC ball, less significant abrasive wear and less wear debris are generated, thereby
ultimately reducing the value of the friction coefficient and smoothing the friction curve. To sum up, combining
the friction coefficients of the films under different deposition conditions, it is concluded that the friction

coefficient of TaC/a-C:H film is controlled by the synergy of sp>-C content and mechanical properties.
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Figure 10. Friction coefficient (lines) and wear rate (columns) of TaC/a-C:H films as a function of the CoH»

flow rate.

For the wear rate, shown as columns in Fig. 10, it exhibits a tendency consistent with that of friction
coefficient in DC and HiPIMS (without substrate bias). As the CoH flow rate increases from 10 to 18 sccm, it
gradually decreases in the range of 1.7 X 107 — 2.6 x 1077 mm3/N for DC films and in the range of 7.0 X
1077 - 8.9 X 1078 mm?3/Nm for HiPIMS films. Note that the wear rate of the DC film deposited at 10 sccm
C,H; is not shown in Fig. 10 since this film is completely worn through. It can also be observed that the
application of substrate bias in HiPIMS can further reduce the wear rate, contrary to its effect on the friction
coefficient. For a more detailed analysis of the wear behavior, Fig. 11 exhibits the SEM images of the wear
tracks on both DC and HiPIMS deposited films. Moreover, the HiPIMS films deposited under 12 sccm C>H»
with different substrate biases are taken as a representative case to analyze the influence of the substrate bias on

the wear behavior. The evolution of the top view and cross profile of the wear track is shown in Fig. 12.
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magnified views of the white squared regions in (a), (b), (c). The EDS maps of the subgraph (f) are displayed
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From Fig. 11, it can be observed that in both DC and HiPIMS (without substrate bias), the wear track of the
film becomes narrower and shallower as the C,H» flow rate increases, which is consistent with the evolution of
friction coefficient. At 12 sccm C;H; flow rate, the wear track of the film deposited in DC is locally damaged,
showing the obvious delamination, accumulated wear debris, grooves and cracks at the boundary of the film
breakage. However, there are no detected failures, agglomerated debris and cracks on the wear track of the
HiPIMS deposited film at the same C;H, flow rate. Meanwhile, distinct grooves parallel to the sliding direction
are observed on this wear track through the corresponding enlarged image. These results of the DC and HiPIMS
films deposited at 12 sccm C;H»> stem from poor hardness and toughness, as well as severely insufficient
amorphous carbon content. The lack of amorphous carbon content causes a large shear sliding resistance

between the counterpart ball and the film surface. The poor hardness leads to a larger sliding contact surface
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(between the counterpart ball and the film) and a deeper penetration distance under applied load, which thus
generates a wider wear track and higher wear rate. Also, poor hardness has less resistance against abrasion (of
wear debris) during the test, resulting in a pronounced groove distribution [47][57]. The poor toughness does
not effectively prevent crack propagation and then causes delamination and failure to take place after sliding
multiple times. Therefore, the higher wear rate (of HiPIMS film) and local failure (of DC film) appear at 12
sccm C;H» flow rate. Besides, these severe wear and local failure of the films deposited at 12 sccm CoH, are
another reason for the high friction coefficient value and the dramatic fluctuation of the friction curve in
addition to the low sp>-C content.

As the C;H, flow rate increases to 16 sccm, the wear tracks become smoother and narrower and the grooves
become shallower in DC and HiPIMS. It indicates improved wear resistance and is attributed to the continued
increase in hardness, toughness and sp>-C content. Moreover, compared to DC deposited films, less debris and
narrower wear track are observed in HiPIMS deposited films. As the C,H, flow rate further increases to 18
sccm, the wear tracks are slightly narrower in both DC and HiPIMS. The accumulated debris on the wear track
of the DC deposited film is greatly reduced. However, on the wear track of the HiPIMS deposited film, the
grooves which are almost invisible at 16 sccm become deeper again, and the distinct tribolayer appears revealed
by EDS maps. The reappearance and deepening of the groove is due to the decrease in hardness after the C,H,
flow rate exceeds 16 sccm. Since the wear debris acts as grinding particles and abrades the film surface during
the test process, the impaired hardness weakens the resistance of the film against abrasion under continual
periodic load, thereby deepening the groove again. It is worth noting that although the hardness is reduced and
the groove distribution is deepened, the wear rate of the film deposited at 18 sccm C,H, does not deteriorate
rather than continues to decrease with increasing CoH» flow rate. This is due to the lowest friction coefficient
and the initial formation of the tribolayer, which reduces the sliding resistance and acts as a protective layer to
reduce the direct contact between the counterpart ball and the film surface to some extent, thereby contributing

to the diminution of wear rate.
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Figure 12. SEM images and cross profiles of wear tracks for HIPIMS TaC/a-C:H films deposited at 12 sccm

C,Ho flow rate with different substrate bias: (a-c) floating, (b-f) -50 V, (g-i) -100 V.

It can be seen from Fig. 12 that as the substrate bias increases, the wear track of the film deposited at 12
sccm CoH; flow rate becomes narrower and smoother significantly. It is contrary to the evolution of the friction
coefficient. The film deposited under the floating substrate is characterized by the obvious plowing grooves and
wear debris, confirmed by the corresponding enlarged SEM image and cross profile of the wear track. With the
substrate bias increases to -100 V, the wear track becomes narrower and the wear debris decreases. Meanwhile,
it can be observed from the enlarged SEM image and cross profile that the surface of the wear track becomes
very smooth. These results suggest a higher resistance against abrasion as the substrate bias increases, which is
supported by the increased hardness, toughness and compressive stress. With the substrate bias rises from
floating to -50 V and then to -100 V, the hardness of the film deposited at 12 sccm C,H, flow rate increases
from 35.4 to 43.2 and then to 45.5 GPa, while the compressive stress increases from -0.98 to -1.12 and then to
-2.61 GPa. At the same time, the wear rate of the film (columns in Fig. 10) decreases linearly. Therefore, it can
be stated that from the floating to -50 V bias, the reduction in wear rate is mainly due to the enhanced hardness,
while in the range of -50 V to -100 V bias, it is attributed to the compressive stress. The contribution of

compressive stress to the wear rate is consistent with that in [58].
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In summary, the friction and wear performances of HiPIMS (with and without substrate bias) deposited
films are superior to those of DC deposited films, exhibiting less fluctuating friction curves, smaller values of
friction coefficient and wear rate, narrower and shallower wear tracks and less wear debris. There are three
reasons for driving the better tribological performance of the HiPIMS deposited TaC/a-C:H films. First,
HiPIMS discharge (under floating and -50 V bias) results in a higher content of sp>-C inside the film. Second,
the higher bombardment energy of the HiPIMS plasma produces greater compressive stress, which helps to
terminate crack nucleation and propagation and thus improves the wear resistance. Third, the hardness and
toughness of the HiPIMS deposited films are higher. They not only promote the reduction of friction coefficient
and the improvement of wear resistance but also reduce the possibility of frictional interlocking during multiple
sliding processes, which results in less wear debris and smoother friction curve. Therefore, the rich sp>-C
content and greater compressive stress, coupled with adequate hardness and toughness, qualify the HiPIMS
deposited TaC/a-C: H film as an excellent candidate for tribological applications.

Regarding the wear behavior of TaC/a-C:H films, there are two main factors. On the one hand, under the
DC and HiPIMS deposition conditions without substrate bias, the tribochemical nature of sp2-C content
dominates the wear behavior (the higher the sp>-C content, the lower the wear rate), despite the decline in
mechanical properties. This is because the presence of rich sp?>-C facilitates easy shearing of the two sliding
surfaces. Moreover, the specific interface (interphase boundary), provided by the relative Physico-chemical
inert carbon matrix dispersed in the TaC grains, can dissipate and absorb the elastic energy released during the
test and terminate the propagating cracks, which improves the wear resistance. It is consistent with the wear
behavior Nb- and Ti- carbide/amorphous carbon nanocomposite films reported in [8][14]. On the other hand,
under HiPIMS with different substrate biases, the wear behavior of the film is controlled by mechanical
properties and compressive stress. Although the content of sp>-C is lowered as the substrate bias increases,
which causes shear sliding becomes difficult, the hardness, toughness and compressive stress are greatly
increased. According to the delamination theory of wear proposed by Suh [59], the wear process consists of
three stages: plastic deformation accumulation, crack nucleation and crack propagation. In the case of

application of substrate bias, higher hardness (resisting plastic deformation) and toughness (enhancing
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load-bearing capability) and greater compressive stress (preventing and slowing crack expansion) can enhance
the wear resistance of the film. This trend is consistent with the result of [55].
3.5 Oxidation resistance

The oxidation resistance test was carried out for all TaC/a-C:H films. The results show that the oxidation
resistance of the film remains almost unchanged with varying flow rates of C,H». However, the significant
differences between the films prepared by different deposition conditions were observed. In this section, the
films deposited at 16 sccm CoH flow rate are used as the representative to analyze the effect of deposition
condition on the oxidation resistance of the film. The structural evolutions of the TaC/a-C:H films (at 16 sccm
C,H; flow rate) with different annealing temperatures are illustrated in Fig. 13, where (a), (b) and (c) represent
the results of the films deposited in DC, HiPIMS with floating substrate and HiPIMS with -100 V bias,

respectively.

[— HiPIMS_floating
{— HiPIMS_-100 V/

m : TaC. Face-centered cubic (Jepds : 03-065-0282)
@ : TaO;. Body-centered tetragonal (Jcpds : 01-077-2305)
@ : Ta,0s. Hexagonal (Jepds : 00-018-1304)

700 °C B A:w,f : :Af‘. ::j\ :

600 °C ::")L %%% N %%g \__AL
S00°C J l‘ .__.JU\. __JL./&
400 °C JL J U\ J LJL
300 °C Jk J U\ -_J‘LJ\
200 °C Jk J U\ —_.J\LJ\
as-dep L JAN —J\L_/\.

(@) , ®) , © ,

'S
<)

50 30 40 50

[
(=]
B
<)

50 30
2[] diffraction angle [deg]

Figure 13. X-ray diffractograms of the TaC/a-C:H films deposited in different conditions as a function of

annealing temperature: (a) DC, (b) HiPIMS with floating substrate, (c) HIPIMS with -100 V bias.



When the annealing temperature is below 400 °C, all TaC/a-C:H films perform well regardless of the
deposition conditions. After annealing at 400 °C, the diffraction peaks become narrower and more intense for
the film deposited in DC and HiPIMS with -100 V bias, which is explained by the slight coarsening of
microstructure. After annealing at 500 °C, for the DC deposited film, the intensities of TaC peaks (111) and
(200) begin to weaken, while the (222) peak of the TaO phase begins to appear. For the films deposited in
HiPIMS with -100 V bias, the decrease in the intensities of TaC peaks (111) and (200) are also observed, but no
significant peaks of tantalum oxide are detected. It should be noted that for the film deposited in HiPIMS with
floating substrate, no change in the intensity and width of the TaC peak is detected, indicating that the TaC
phase of this film is the most stable.

After annealing at 600 °C, the two phases, TaC and TaO,, coexist in the DC deposited film. Moreover, the
intensity of the TaO, peak reaches a level comparable to that of the (111) peak of TaC phase. It reflects a
gradual phase transformation from TaC to TaO,. For the film deposited in HiPIMS with -100 V bias, three
small peaks appear, identified as the (003), (111) and (200) planes of the Ta;Os phase, which confirms the
beginning of oxidation. For the film deposited in HIPIMS with floating substrate, three Ta>Os peaks can also be
observed, but their intensities are relatively weak (see the sub-figure in the upper right corner of Fig. 13). After
annealing at 700 °C, no TaC peaks can be detected in all TaC/a-C:H films, indicating that the films are
completely oxidized regardless of the deposition conditions. Besides, for the position of the XRD peak, the
gradual right shift appears on all films as the annealing temperature rises from 200 °C to 600 °C, corresponding
to the relaxation of compressive stress. Through this structural development at different oxidation temperatures,
it is proved that the TaC/a-C:H film deposited in HiPIMS with floating substrate has stronger oxidation
resistance compared to those deposited in DC and HiPIMS with -100 V bias. However, it is difficult to state the
specific oxidation degree of the film based on the XRD diffractograms alone. For a more detailed comparison,

the cross-sections of the films after annealing at 600 °C were analyzed by SEM and EDS, shown in Fig. 14.

30



Figure 14. SEM/EDS images of cross-sections of TaC/a-C:H films after annealing temperature at 600 °C: (a)

DC, (b) HiPIMS with floating substrate, and (c) HIPIMS with -100 V bias.

From Fig. 14, it can be observed that the thicknesses of 1.27 um, 0.72 um and 1.22 pm of oxide layers (zone

1) are formed on the surfaces of the films deposited in DC, HiPIMS with floating substrate and HiPIMS with
-100 V bias, respectively. It indicates that the film deposited in HiPIMS with floating substrate is less oxidized,
which is consistent with the XRD results. In addition, after annealing at 600°C, none of the films show any
cracks on the surface or cross section. The cracks, if happening after annealing, are associated with the
mismatch of the thermal expansion coefficients between the substrate and the film. In the present work, the
pre-deposition of Ta interfacial layer between the TaC/a-C:H film and the substrate can absorb this mismatch.
Moreover, the compressive stress present in the films may also prevent cracking of the film after annealing.

The better oxidation resistance of the film deposited in HiPIMS with floating substrate is related to the grain
size. We know that the oxidation resistance of carbon-based nanocomposites can be achieved by oxidizing the
"ceramic grains" dispersed therein to form a barrier layer [60]. When the carbon-based nanocomposite film is
exposed to a high-temperature oxidizing environment, the carbon on its surface is first oxidized, and then a
decarburized layer composed of oxide grains is formed. As the oxidation continues and the reaction time
prolongs, an oxide layer on the surface of the decarburized layer is formed. It can serve as a barrier layer to
reduce the diffusion flux of oxygen, thereby protecting the underlying material. During this oxidation process,

the oxidation rate of the crystalline phase is an important factor affecting the anti-oxidation capacity of the film.
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For the film deposited in HiPIMS with floating substrate, the small-sized grains can be rapidly oxidized. The
tantalum oxide layer can thus be formed at a faster rate on the film surface. This means that the rate of diameter
reduction of the channels required for oxygen diffusion is faster, which is the key to limiting the rate of oxygen
diffusion into the film. Meanwhile, the rapid formation of the oxide layer also consumes a large amount of
oxygen (that will diffuse into the film), thereby slowing down the oxidation rate of the film. Therefore, the
oxidation resistance of the film deposited in HiPIMS with floating substrate is higher. Besides, the oxidation
resistance of film seems to be independent of the density of the film morphology. As our results show, the films
prepared in the conditions of DC and HiPIMS with -100 V bias have denser morphologies (indicated by the

SEM images in Fig. 2 and Fig. 3) but poorer oxidation resistance.

4. Conclusion

TaC/a-C:H films were deposited utilizing HiPIMS (operated with three substrate bias: floating, -50 V and
-100 V) and DC magnetron sputtering in the C;H»/argon mixed atmosphere. Analysis of the chemical bonding
state, morphology, structure, mechanical and tribological properties, as well as oxidation resistance of the
TaC/a-C:H films were conducted. The comparison between HiPMS and DC (without substrate bias) deposited
TaC/a-C:H films reveals that the properties of HiPIMS deposited films are superior to those of DC deposited
ones, exhibiting higher hardness and toughness, lower friction coefficient and wear rate, and stronger oxidation
resistance. It is attributed to the finer grains, higher stoichiometric ratio of TaC grains, higher volume fraction
of amorphous carbon matrix and greater compressive stress in HiPIMS deposited films. These features
responsible for better performance are supported by the greater degree of plasma reaction between Ta and C;H,
due to the high energy density and high ionization rate of HiPIMS discharge. The application of substrate bias
in HiPIMS further improves the mechanical properties and the wear resistance, but deteriorates the friction
coefficient and oxidation resistance of the film. These performance adjustments result from two influences of
enhanced ion bombardment. One is that it causes both the mobility of Ta ions and the reactivity with C to be
further enhanced at the growing interface of the film. The volume fraction of amorphous carbon is thus lowered
and the carbide volume fraction is increased, corresponding to the degradation of the friction coefficient. The
other is that it results in the increased stoichiometric ratio of TaC grains, enhanced compressive stress,

densification of the morphology, and coarsened grain. The first three promote optimization of mechanical
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properties and wear resistance while the latter one inhibits the oxidation resistance of the film. It is
demonstrated that HiPIMS provides a better strategy to tune the chemical bonding state and nanocomposite
structure of TaC/a-C:H film through HiPIMS plasma in a way favorable for improving mechanical properties,
tribological performance, and oxidation resistance. Moreover, it is very practical and can be transferred to other

carbon-based protective films broader than that tested within the present article.
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Figures

Figure 1. High resolution XPS spectra C 1s of TaC/a-[:H films deposited in different Conditions: (a) D[J; (b)
HiPIMS with floating substrate; () HiPIMS with substrate bias.

Figure 2. SEM micrographs of cross-sections and top surfaces (upper right corner) of TaC/a-C:H films
deposited in DC (upper row, a-c) and in HiPIMS (lower row, d-f) with various CoH, flow rates: (a, d) 10 sccm,
(b, e) 14 sccm and (c, f) 16 sccm.

Figure 3. SEM micrographs of top surfaces (a-c) and of cross-sections (d-f) of HiPIMS deposited TaC/a-C:H
films at 16 sccm C,H» with different substrate bias: (a)floating, (b) -50 V, (c) -100 V.

Figure 4. X-ray diffractograms of TaC/a-C:H films deposited in DC (left) and HiPIMS (right).

Figure 5. The grain size of TaC/a-C:H films deposited in different conditions with various C;H> flow rates.
Figure 6. The HRTEM images and corresponding SAED patterns of TaC/a-C:H films deposited in DC with (a)
12 sccm (b) 16 sccm and (¢) 18 sccm and in HiPIMS with (d) 16 sccm C,H» flow rates.

Figure 7. Hardness H and Young’s modulus E of TaC/a-C:H films with various C;H, flow rate.

Figure 8. Ratio H/E and compressive stress of TaC/a-C:H films as a function of C>H; flow rate.

Figure 9. Friction coefficients of TaC/a-C:H films deposited in different conditions as a function of sliding
cycle: (a) DC, (b) HiPIMS with floating substrate, (c) HiIPIMS with different substrate bias (at 16 sccm C,Hb»).
Figure 10. Friction coefficient (lines) and wear rate (columns) of TaC/a-C:H films as a function of C;H, flow
rate.

Figure 11. Wear tracks of TaC/a-C:H films deposited in DC (group I) and HiPIMS (group II). In both groups,
(a), (b) and (c) represent the films prepared at 12 sccm, 16 sccm and 18 sccm C,H,, where (d), (e), (f) are
magnified views of the white squared regions in (a), (b), (c). The EDS maps of the subgraph (f) are displayed
on the right side of group II.

Figure 12. SEM images and cross profiles of wear tracks for HIPIMS TaC/a-C:H films deposited at 12 sccm
C,H; flow rate with different substrate bias: (a-c) floating, (b-f) -50 V, (g-i) -100 V.

Figure 13. X-ray diffractograms of the TaC/a-C:H films deposited in different conditions as a function of

annealing temperature: (a) DC, (b) HIPIMS with floating substrate, (¢) HIPIMS with -100 V bias.
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Figure 14. SEM/EDS images of cross-sections of TaC/a-C:H films after annealing temperature at 600 °C: (a)
DC, (b) HiPIMS with floating substrate, and (c) HiPIMS with -100 V bias.

Tables

Table 1. The relative amount of chemical bonds of Ta-C, sp?>-C and sp>-C, stoichiometric ratio x of TaC grains,

and amorphous carbon content of the TaC/a-C:H films with different CoH flow rates.
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