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An atomic-scale insight into Ni3Al slip traces
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We examined at the atomic scale using in situ scanning tunnelling microscopy under ultra-high vacuum environment the slip traces left by dislocation movements at the free surface of Ni 3 (Al,Ta) single crystals deformed in compression at different temperatures, namely room temperature, 400 K and 600 K. The purpose is to extract from the slip traces, considered as direct signatures of dislocation movements in the bulk, the elementary dislocation mechanisms that could be at the origin of the so-called yield stress anomaly in this ordered crystallographic structure. The atomic surface structure has never been concomitantly observed with slip traces, but atomic scale resolution has been currently achieved allowing the imaging of a single lattice spacing deviation along a slip trace. Our atomic scale observations of slip traces do not permit to draw decisive conclusions regarding the various models that have been proposed to explain the yield stress anomaly, but they definitively bring new and unique insights in the understanding of this phenomenon. In particular, they show the formation and breaking of incomplete Kear-Wilsdorf configurations, which unambiguously supports interpretations of in situ TEM observations. They also prove that the so-called Kear-Wilsdorf locks are indeed early mobile on the cube cross slip plane, which is usually not accounted for in the models.

Introduction

The ordered Ni3Al crystallographic structure has the simple cubic structure that can be conveniently described as a face centred cubic structure (fcc) with Al atoms at the vertices of the unit cell and Ni atoms at the centre of each face. This particular atomic arrangement, called the L12 crystallographic structure, leads to specific dislocation core configurations, which are detailed hereafter. These core configurations are believed to be at the origin of the positive temperature dependence of Ni3Al yield stress over a given temperature range, usually referred to as yield stress anomaly (YSA). Note that this is not the case of all L12 alloys [START_REF] Ngan | The negative temperature dependence of yield strength in the L12 compound Ni3Ge[END_REF].

As the yield stress, the work-hardening rate (WHR) also exhibits an anomalous behaviour, characterised by a peak temperature (i.e. the temperature at which the WHR is maximum), which is consistently lower than the one of the yield stress [START_REF] Viguier | Work hardening in some ordered intermetallic compounds[END_REF]. Ni-based superalloys, which are composed of a fcc γ-matrix reinforced by L12 γ'-precipitates, take advantage of the YSA.

While the chemical composition of the precipitates differs significantly from that of Ni3Al, their crystallographic structure is still L12. The yield stress of this class of superalloys is usually high and constant up to elevated temperatures, before to drastically decrease. These high performance alloys have a wide range of industrial applications [START_REF] Nabarro | Dislocations in Solids[END_REF], in particular when high strength, good creep resistance, excellent corrosion and oxidation resistances are required. Obviously, the overall performances of superalloys result from a combination of those of each phase [START_REF] Veyssière | The mechanical anomaly of L12 alloys: a review of recent experiments and models[END_REF]. Extensive mechanical testing and microstructural investigations have been performed on the two-phase γ/γ' materials, as well as on the γ' phase, while less attention has been paid to the γ phase. For the latter phase, it has been established that their contribution to superalloy strengthening arises from solid solution hardening and also, depending on the alloy composition, from short-range ordering [START_REF] Choi | Modelling plasticity of Ni3Al-based L12 intermetallic single crystals. I. Anomalous temperature dependence of the flow behaviour[END_REF]. On the other hand, the numerous investigations carried out on the γ' phase have yielded a variety of theoretical models. Detailed reviews regarding both the experimental results and proposed models are given in [START_REF] Nabarro | Dislocations in Solids[END_REF] and more concise reviews can be found in [START_REF] Veyssière | The mechanical anomaly of L12 alloys: a review of recent experiments and models[END_REF][START_REF] Choi | Modelling plasticity of Ni3Al-based L12 intermetallic single crystals. I. Anomalous temperature dependence of the flow behaviour[END_REF]. Basically, the theoretical models can be classified in three groups that are: [START_REF] Ngan | The negative temperature dependence of yield strength in the L12 compound Ni3Ge[END_REF] forest hardening [START_REF] Thornton | The temperature dependence of the flow stress of the γ′ phase based upon Ni3Al[END_REF], (2) lattice friction [START_REF] Beardmore | On the temperature dependence of flow stress of nickel-base alloys[END_REF] and

(3) cross slip (CS) (for a review see [START_REF] Nabarro | Dislocations in Solids[END_REF][START_REF] Choi | Modelling plasticity of Ni3Al-based L12 intermetallic single crystals. I. Anomalous temperature dependence of the flow behaviour[END_REF]). The two first groups hardly explain some specificities of the Ni3Al phase, such as, for instance, the orientation and sign dependences of the yield stress so-called critical resolved shear stress (CRSS), usually defined as the flow stress at 0.2% offset plastic strain [START_REF] Ezz | The strain rate sensitivity of the flow stress and the mechanism of deformation of single crystals of Ni3(Al, Hf)[END_REF]. Therefore, there is currently in the concerned scientific community a consensus to recognise that CS is at the origin of the YSA, but the description of the CS process may significantly differ from one modelling to another. In particular, the CS distance is sometimes considered as an adjustable parameter and may vary from less than one up to several lattice parameters. Also depending on the kinetics, CS may lead with increasing temperature either to a decreasing dislocation velocity or to an exhaustion of mobile dislocations [START_REF] Louchet | Intermetallics: Anomalous yielding[END_REF]. Note that it is sometimes argued that strictly separating these two phenomena certainly constitute an oversimplification of the actual physical processes controlling the YSA, because there may be an interplay between them [START_REF] Kruml | Dislocation density and internal stress in Ni3Al[END_REF]. Similarly, some theoretical models do not rigorously belong to only one of the above-defined groups and may mix up forest-like and CS contributions [START_REF] Thornton | The temperature dependence of the flow stress of the γ′ phase based upon Ni3Al[END_REF][START_REF] Ezz | The strain rate sensitivity of the flow stress and the mechanism of deformation of single crystals of Ni3(Al, Hf)[END_REF].

Different experimental techniques have been used in the past in an attempt to elucidate if the Ni3Al YSA was resulting either from a velocity or a density-type dependence of mobile dislocations. On the one hand, experimental results obtained using the double etching technique [START_REF] Nadgorni | Temperature dependence of dislocation mobility in Ni3Al: in High-Temperature Ordered Intermetallic Alloys VI[END_REF][START_REF] Jiang | Dislocation velocities in Ni3Al single crystals[END_REF] indicate that, at a given stress, screw dislocation velocity decreases with increasing temperature. On the other hand, quantitative measurements of the density of mobile dislocations performed during transient tests [START_REF] Bonneville | A new interpretation of stress relaxations in Ni 3 (Al,Hf) single crystals : in High-Temperature Ordered Intermetallic Alloys VI[END_REF][START_REF] Martin | The role of thermal activation in the strength anomaly of Ni 3 Al[END_REF] give evidences that it drastically decreases with increasing temperature. More recently, a new insight was obtained by dedicated experiments on Ni3Al samples using atomic force microscopy (AFM) under atmospheric conditions. It was convincingly shown that the slip trace lengths, which are markers of dislocation movement, were strongly decreasing with increasing temperature suggesting that dislocations are increasingly immobilised when the temperature is raised [START_REF] Coupeau | Slip line analysis in Ni 3 Al by atomic force microscopy[END_REF][START_REF] Bonneville | Quantitative AFM analysis of slip traces in Ni3Al yield stress anomaly[END_REF][START_REF] Michel | What can be learnt on the yield stress anomaly of Ni3Al using AFM observations[END_REF]. Unfortunately, at the in-plane resolution of AFM, it was not possible to finely examine and to catch the CS features along the slip traces for a direct comparison with the descriptions that have been proposed in the literature.

It has been shown that atomic resolution can be achieved on the {111} surfaces of Ni3Al single crystals using scanning tunnelling microscopy (STM) in ultra-high vacuum (UHV) environment [START_REF] Rosenhahn | The formation of Al2O3-layers on Ni3Al(111)[END_REF][START_REF] Jurczyszyn | Formation of STM images on Ni3Al (001) and (111) surfaces[END_REF], which in principle should allow the examination at the atomic scale of slip trace features resulting from dislocation movements emerging at the free surface of deformed samples. The development of the so-called 'Nanoplast' apparatus [START_REF] Nahas | An experimental UHV AFM-STM device for characterizing surface nanostructures under stress/strain a variable temperature[END_REF], which has been designed for STM imaging of surface evolution of deformed samples as a function of strain and temperature, ranging from 90 K to 600 K, gives unique insight on crystallographic dislocation motions [START_REF] Coupeau | Atomic scale insight into non-crystallographic slip traces in bcc crystals[END_REF]. In this context, Ni3(Al,Ta) single crystals have been in situ deformed under UHV at three temperatures in the YSA domain and the related slip traces have been investigated by STM for each temperature as a function of plastic strain. These results are presented and then discussed in the frame of models and simulations found in the literature.

Experimental procedures

Ni74.3Al24.7Ta1 samples were spark-eroded from a single crystalline rod provided by D. Pope at the University of Pennsylvania. The final sample sizes were 2.0 mm x 2.0 mm in cross section with a gauge length of 5.5 mm. The deformation tests were carried out in compression at a nominal strain rate of 1.8 × 10 -4 s -1 under UHV environment (< 10 -10 mbar).

A complete description of the set-up was given elsewhere [START_REF] Nahas | An experimental UHV AFM-STM device for characterizing surface nanostructures under stress/strain a variable temperature[END_REF]. Two compression axes were selected in the present study.

One of the compression axes was near to the [1 23] crystallographic direction (see Fig. 1a for a complete crystallographic indexation), which yields a maximum Schmid factor m ≅ 0.46 for the [1 01](111) primary octahedral slip system and m ≅ 0 for the associated 〈110〉(11 1) octahedral cross-slip system. It also corresponds to high Schmid factors on the (010) cube cross-slip plane, m ≅ 0.4, and for the [110](001) primary cube slip system (m ≅ 0.45) (for more details, see [START_REF] Staton-Bevan | Dislocation structures in deformed single-crystal Ni3(Al,Ti)[END_REF]). The crystallographic indices of the vicinal observation face are (541 ), as shown in Fig. 1b. The slip traces corresponding to the (111) and (010) slip planes are represented in Fig. 1b by dashed lines, as well as their angles with the compression axis. In a first step, the sample face was mechanically polished with SiC papers of successively increasing grades and finally with colloidal silica nanoparticles of 40 nm in diameter. An ultimate mechanical polishing using a colloidal alumina solution improves the surface quality by removing silica particle agglomerates remained at the surface. This procedure leads to a surface roughness of less than 1 nm. Then, for atomic scale resolution, several heating/sputtering cycles were further performed under UHV. The cycles consisted of an Ar ion bombardment (E ~ 2.5 keV and I = 2.5 mA) of sample surface under low pressure (10 -6 mbar) followed by 5 minutes heating at 1150 K. The vicinal (541 ) observation surface is now composed of atomic (110) terraces, for which the slip traces associated with the primary (111) octahedral planes and the (010) cube cross slip planes are now expected to lie at an angle of 55° and of 35°, respectively, from the compression axis (see solid line in Fig. 1b). The theoretical height of slip traces corresponding to the emergence of a single superdislocation (SD) of Burgers vector is given in Table , which may be considered as both primary and cross-slip cube slip systems. The imaging face was oriented close to the (11 1) crystallographic plane, with a small misorientation of nearly 1°. The final procedure for achieving atomic scale resolution was similar to that of the ( ) surface. Because the initial surface was not perfectly aligned with the (11 1) crystallographic surface and also due to the sample/ion-beam geometry leading to local ion etching, the final observation surface is composed of several (11 1) terraces having one-layer height and various widths. For this second sample orientation, all slip traces are expected to make an angle of ±60° with respect to the compression axis (as shown in Fig. 1d).

Pertinent heights of slip traces, which now correspond to the Burgers vector components perpendicular to the (11 1) surface, are also given in Table 1. Note that, for such an orientation, only the movement of dislocations with and Burgers vectors give rise to slip markings. For this orientation 2, deformation tests were performed at RT, 400 K and 600 K.

The reported observations were obtained by STM. In practice, the STM images were recorded after stopping the pushing rods of the load train, that is, under stress relaxation conditions. In the case of Ni3Al, the associated decrease of the applied stress is negligible (see serrations in Fig. 2), so that each image can be accurately assigned to a precise plastic strain (or stress) value. 

Expected aspects of slip traces

We are dealing in this study with the tracking of slip traces left at free surfaces of deformed single crystals. The crystallographic orientations of the compression axis and of the examined surfaces being known, one can anticipate, depending on the elementary mechanism controlling the dislocation movement, the shapes that they should exhibit. For this, we can also rely on a complete study of microstructures and dislocation core configurations that has already been performed by transmission electron microscopy (TEM) on the same alloy [START_REF] Baluc | Contribution à l'étude des défauts et de la plasticité d'un composé intermétallique ordonné[END_REF].

Based on dislocation microstructures, two temperature regimes were distinguished over the temperature range [77 K -750 K], with transition zones more or less extended between them that share the dislocation microstructures of the two adjacent regimes. Briefly summarised, only SDs with Burgers vectors are observed in the YSA regime.

At low temperature in regime I (i.e. < 373 K), the SDs are dissociated into two superpartial (SP) dislocations that may border either a superlattice intrinsic staking fault (SISF) or an antiphase boundary (APB). In the former case, the Burgers vectors of the SP dislocations are of the type , while in the latter they are of the type . Although further dissociations of the SP dislocations have been theoretically predicted, they were not experimentally observed. On the other hand, the two-fold dissociation of the SP dislocations in two Shockley partials was clearly evidenced, that is, SDs were four-fold dissociated according to the scheme given in Fig. 3a. It exists between the paired Shockley partials a complex staking fault (CSF), which consists of both the chemical and the stacking faults. Except for APB-dissociated screw dislocations, which were in Kear-Wilsdorf (KW) lock configurations (see Fig. 3b), all dissociation planes belonged to the primary octahedral (111) plane.

In temperature regime II (373 K -750 K), SP dislocations with Burgers vectors were no more present. The dislocation microstructure predominantly consists of screw dislocations in KW configurations that are linked by mixed dislocation segments dissociated on the primary octahedral plane, i.e. the so-called macrokinks (MKs). At the upper part of this regime, above 715 K, it was seen that KW locks started to bow on the (010) cube CS planes.

In temperature regime III (750 K -1250 K), which includes the peak temperature (Tp ~ 800 K), the dislocation microstructure became rather complex. SDs mainly belonged to primary cube planes. Screw and mixed dislocations were APB dissociated, while edge dislocations might have various dissociation configurations, such as climb-dissociated Lomer-

Cottrell locks [START_REF] Sun | A TEM weak-beam study of dislocations in γ' in a deformed Ni-based superalloy[END_REF]. At very high temperatures, i.e. above 1150 K, B2 locks [START_REF] Sun | A TEM weak-beam study of dislocations in γ' in a deformed Ni-based superalloy[END_REF] with were also frequently evidenced.

Based on these dislocation configurations, we have to depict in combination with theoretical models what kind of slip traces can be created by dislocation movements (Fig. 4):

(i) The CS pinning (CSP) model [START_REF] Paidar | A theory of the anomalous yield behaviour of L12 ordered alloys[END_REF][START_REF] Takeuchi | Temperature and orientation dependence of the yield stress in Ni3Ga single crystals[END_REF] considers a cross slip distance onto the {100} plane over a distance smaller or equal to the superpartial Burgers vector. Obviously, it should lead to straight slip traces corresponding to the primary octahedral plane (Fig. 4a), which may eventually end in a KW configuration.

(ii) Likewise, the MK models [START_REF] Sun | A TEM weak-beam study of dislocations in γ' in a deformed Ni-based superalloy[END_REF][START_REF] Mills | A TEM study of the relationship between dislocation structure and the anomalous temperature dependence of the flow stress in ordered Ni3(Al,1%Ta)[END_REF][START_REF] Veyssière | Transmission electron microscopy observation of dislocations in ordered intermetallic alloys and the flow stress anomaly[END_REF][START_REF] Hirsch | A new theory of the anomalous yield stress in l12 alloys[END_REF] should yield rectilinear slip traces, which depending on the dislocation character (i.e. mixed MK segments or screw portion) intersecting the sample surface, will be ended by either a planar configuration on the primary octahedral plane or a KW lock, respectively.

(iii) Incomplete KW configurations [START_REF] Caillard | A model for the anomalous mechanical properties of nickel-base L12 ordered alloys-II. Cross-slip processes and mechanical properties[END_REF][START_REF] Caillard | A model for the anomalous mechanical properties of nickel-based L12 ordered alloys -I. Dislocations dynamics[END_REF] are related to a CS distance on the cube CS plane smaller that the APB width, that is, SD have APBs lying in the primary octahedral and in the cube cross slip planes. Considering the unlocking models of incomplete KW configurations [START_REF] Caillard | A model for the anomalous mechanical properties of nickel-base L12 ordered alloys-II. Cross-slip processes and mechanical properties[END_REF][START_REF] Caillard | A model for the anomalous mechanical properties of nickel-based L12 ordered alloys -I. Dislocations dynamics[END_REF], one should observe wavy slip traces that mainly belong to primary octahedral planes and which are connected by short extensions on cube CS planes (see Fig. 4b); this extension being equal to the APB width for the so-called APB jump mechanism (when the CS distance onto the cube plane is equal to the APB width) as depicted in Fig. 4c.

(iv) Finally, single CS from the primary octahedral planes to the cube cross slip planes should lead to slip traces as shown in Fig. 4d, with width extensions on the cube cross slip plane that depend on the SD mobility on the latter plane.

One must also notice that, at the atomic scale, forest interactions lead to the formation of jogs along dislocation lines that may also appear as short extensions out of the primary octahedral slip planes.

Experimental results

Sample surfaces

Fig. 5 shows a signal error mode UHV-STM image of the Ni3Al (11 1) surface. After the successive preparation treatments, the vicinal surface is composed of (11 1) terraces limited by wavy vicinal steps. The terraces are preferentially lying along one direction and exhibit irregular widths with sizes ranging from approximately 5 to 25 nm. It must be noticed that the size distribution of the terraces may strongly vary from one place to another over the sample surface (for comparison, see Fig. 7). One must also recall that, for an initial misorientation angle of approximately 1°, a mean terrace width of 12 nm is here expected. An atomic scale STM image at RT under stress condition, τ = 40 MPa, is presented in Fig. 6. Due to small drifts of the piezo-actuators controlling the UHV-STM tip, the atomic hexagonal arrangement is slightly distorted. Note that like in [START_REF] Rosenhahn | The formation of Al2O3-layers on Ni3Al(111)[END_REF][START_REF] Jurczyszyn | Formation of STM images on Ni3Al (001) and (111) surfaces[END_REF], the Ni3Al (111) surface exhibits a superstructure with a lattice constant of approximately 0.51 nm, which corresponds to the distribution of the surface Al atoms and confirms that Ni atoms remain invisible in the STM images. More details regarding UHV-STM image simulations can be found in [START_REF] Jurczyszyn | Formation of STM images on Ni3Al (001) and (111) surfaces[END_REF].

Unfortunately, atomic resolution has been rarely obtained. In addition, it has not been obtained for the (110) surface and concomitant observations with slip traces have never been achieved. Nevertheless, even if the surface atomic structure is not revealed, it must be emphasised that the in-plane resolution of the UHV-STM images presented hereafter is sufficient for identifying atomic scale details on slip traces, i.e., the lateral resolution of the UHV-STM images are better than the lattice parameter of the associated crystallographic structures. primary octahedral plane only, in agreement with previous AFM observations [START_REF] Michel | What can be learnt on the yield stress anomaly of Ni3Al using AFM observations[END_REF]. It must be noticed that, for this orientation, there is no ambiguity regarding the determination of the slip planes related to the slip traces, assuming that there are only of the {111} or {001} types. It must be also noticed that AFM analyses were also previously performed at 400 K and 600 K [START_REF] Michel | What can be learnt on the yield stress anomaly of Ni3Al using AFM observations[END_REF] and confirm that only primary octahedral slip is activated with an increasing propensity of cube CS events at increasing temperatures. We can therefore assume that, similarly, for the second sample orientation (Fig. 7b at 400 K), where slip traces corresponding to octahedral and cube planes are mixed, the observed slip traces belong to the primary octahedral planes and, when CS events are visible, to their associated cube CS planes.

Detailed observations

These observations were performed at the atomic scale with the aim of evidencing on the slip traces the possible aspects predicted by the various models that have been proposed to account for the YSA. The analysed slip trace lengths were approximately 45 µm, 35 µm and 35 µm at 293 K, 400 K and 600 K, respectively. Note that the total length of investigated slip traces may appear quite short, i.e. a few tens of micrometres, but at this scale of observation it represents hundreds of acquired images that are necessary for allowing the slip trace analysis at the atomic scale. In particular, since most of the models are based on specific CS events, special attention was paid to detect deviations that may occur from primary octahedral {111} slip planes. Fig. 8 illustrates such characteristic CS events occurring at T= 293 K. The interatomic distance between two successive parallel octahedral {111} slip planes, { } = √ = 0.208

, leads to an elementary theoretical surface distance δ{111} = 0.220 nm. The CS distance δ experimentally observed in Fig. 8a (resp. in Fig. 8b) consequently corresponds to two (resp. three) times δ{111}. All the experimental results are presented in Fig. 9 for the three investigated temperatures, where the number of double-CS events is plotted as a function of the CS distance in unit of δ{111}. Fig. 9 clearly illustrates that the number of double-CS events is rather low and increases in length with increasing temperatures. In this figure, the dashed line represents, in unit of δ{111}, the {010} APB width projected on the normal to the (111) slip traces. Thus, Fig. 9 also indicates that double CS events only occur when the CS distance of the cube CS plane is smaller than that of the APB width on this plane. Note that the highest number of CS events is recorded at 600 K and corresponds to single CS events from primary octahedral planes onto cube CS planes, which is not reflected by Fig. 9. In this case, the CS distance is by far larger than that of the {010} APB width (see Fig. 10a for a characteristic STM image).

Finally, we would like to emphasise that, at this scale of observation, whatever are the sample orientation, the temperature and the slip trace system, the slip traces were predominantly observed to end at the edge of vicinal surfaces (see Fig. 7a for octahedral slip traces and Fig. 10b for cubic slip traces). This suggests that, like in Au [START_REF] Chauraud | Influence of terrace widths on Au(111) reconstruction[END_REF], it may exist some interaction between emerging dislocations and vicinal steps. The drawback is a partial convolution of the two steps, i.e. the step of the vicinal surface and that of the slip trace, yielding an uncertainty in the determination of the SD core configuration.

General remarks

One of the more surprising results concerns the number of dislocations per slip trace. It was already pointed out that, at the resolution of AFM imaging (~ 8 nm) [START_REF] Bonneville | Quantitative AFM analysis of slip traces in Ni3Al yield stress anomaly[END_REF][START_REF] Coupeau | How do nanometre scale dislocation traces evolve in the stress anomaly domain of intermetallics[END_REF], the number of dislocations per 'slip trace' was very low, usually between 1 and 4 and does not exceed 6.

Atomic scale UHV-STM observations now prove from the out-of-plane displacement (see step profiles in Fig. 8) that, in fact, the slip traces never involve more than one SD. Obviously, AFM was given a convolution of several close slip traces. In addition, over the very large number of examined slip traces in this study, the slip traces are never linked by cross-slip events. This is of prime importance since it suggests that dislocation sources do not emit more than a single SD, as discussed below.

Another striking feature relates to the stability of the so-called KW lock. Over the large number of examined slip traces, atomic scale UHV-STM observations reveal that double-CS between primary octahedral planes only occurs when the CS distance is smaller than that of the APB widths on the cube CS plane. That is, reverse CS from cube CS plane to primary octahedral planes is only observed for incomplete KW configurations. In other words, once the KW configuration has been reached, SDs never cross slip back onto primary octahedral planes, suggesting that the KW configuration is very stable on the cube CS plane.

Discussion

The short deviations observed along slip traces may have different origins. They can for instance result from either a double CS process or the intersection with forest dislocations.

The later process usually leads to the creation of kinks or jogs, one in the moving dislocation and one in the forest dislocation, depending on the Burgers vector of the intersecting dislocations. Since the plane and the Burgers vector of the forest dislocation determine both the plane and the direction of the created dislocation segment, two situations must be considered. When the Burgers vector of the forest dislocation is in the plane of the moving dislocation then a kink is created, which is glissile, and the planar movement of the dislocation is not affected. However, when the Burgers vector of the dislocation forest is out of the glide plane of the moving dislocation, then a jog is created, which is sessile with respect to the dislocation movement. The observation of slip trace deviations of various lengths would require the existence of jogs of different heights, possibly resulting from elementary jog agglomeration. This hypothesis would necessitate the elementary jogs to be glissile along the dislocations, which in consideration of the SD core configuration seems to be very unlikely. Therefore, we believe that the present results give an unambiguous evidence of the existence of short double-CS between close and parallel {111} planes (see scheme in Fig. 4b). Their numbers are however far below of what can be expected from TEM observations [START_REF] Veyssière | Microcopy and plasticity of the L12 γ' phase: in Dislocations in Solids[END_REF]. As already pointed out [START_REF] Michel | What can be learnt on the yield stress anomaly of Ni3Al using AFM observations[END_REF], a direct comparison between the two types of observations is not straightforward, since TEM reports the number of CS events along the dislocation lines, while STM (similarly to AFM) gives the number of CS events along their mean free path. It must be noticed that, in the case of TEM, the resolution is not sufficient enough for imaging short double CS, which were deduced from the peculiar movement of screw dislocations observed during in situ experiments [START_REF] Molenat | Dislocation mechanisms in Ni3Al at room temperature.In situ straining experiments in TEM[END_REF]. Two double CS spaced by a distance of the APB width on {111} planes (see Fig. 4c), which would correspond to APB jumps, were not observed in this study. Whatever it may be, double CS events over short distances, which are lower than that of the APB width in the cube plane, are clearly identified at the atomic scale and confirm that such a mechanism does occur.

One of the main surprising features concerns the ability of the so-called KW locks to glide over large distances on the cube cross slip planes (see Fig. 10a). This indicates that the KW configuration consisting in a superdislocation dissociated into two superpartials with an APB fully extended onto the cube CS plane (see Fig. 3b) is in the case of the present alloy very stable. It should be noted that, at 600 K where cube CS glide is the more important, a rough estimate of its contribution, using the ratio of the slip trace lengths on primary octahedral and cube CS planes, indicates that it does not exceed more than 5% of the total plastic strain. Several authors [START_REF] Caillard | A model for the anomalous mechanical properties of nickel-based L12 ordered alloys -I. Dislocations dynamics[END_REF][START_REF] Veyssière | Microcopy and plasticity of the L12 γ' phase: in Dislocations in Solids[END_REF][START_REF] Molénat | Jerky motion of dislocations in Ni3Al and Ni3Ga. Experimental observations and modelling[END_REF][START_REF] Saada | The dissociation of a screw superdislocation in the L1 2 structure[END_REF][START_REF] Chou | Computer simulation of the motion of screw dislocations in Ni 3 Al[END_REF][START_REF] Hirsch | A model of the anomalous yield stress on (111) slip in L1 2 alloys[END_REF] studied the formation, the stability as well as the possibility of reverse CS of such a configuration. In the present case, we are essentially interested by the latter mechanism. It was shown [START_REF] Caillard | A model for the anomalous mechanical properties of nickel-based L12 ordered alloys -I. Dislocations dynamics[END_REF] (note that similar expressions were also deduced in [START_REF] Saada | The dissociation of a screw superdislocation in the L1 2 structure[END_REF]) that, in the frame of linear anisotropic theory, the threshold stress for reverse CS from the cube CS plane into the primary octahedral plane is given by:

= !1 -√ ## $, (1) 
where b is the Burgers vector magnitude of a superpartial dislocation, γ111 and γ100 are the APB energies in the octahedral and cube planes, respectively. Note that Eq. ( 1) does not take into account the lattice friction that may result from the superpartial dissociation into Shockley partials. Using b = 0.253 nm and the values in [START_REF] Baluc | Contribution à l'étude des défauts et de la plasticité d'un composé intermétallique ordonné[END_REF] for γ111 (= 237 ± 20 mJ/m 2 ) and γ100 (= 200 ± 15 mJ/m 2 ) yields = 480 ± 110 MPa. The calculated stress is much larger than those achieved in all our compression experiments, i.e. τ = 140 MPa at 600 K, which explained why, once it is formed, a KW configuration is stable in the cube CS plane.

On the other hand, for small values of the CS distances w on the cube CS plane, i.e. w ~ b, the refined threshold stress is expressed by [START_REF] Caillard | A model for the anomalous mechanical properties of nickel-based L12 ordered alloys -I. Dislocations dynamics[END_REF]:

= !1 - %&/( √ ## $, (2) 
where A ≈ 3.34 is the Zener's anisotropic factor. Using Eq. ( 2) with similar values than those reported above, we now obtain a critical value of 210 ± 50 MPa for destabilising an incomplete KW configuration. Again, this latter stress is high compared to the applied stresses during our compression tests, which may explain why in the present investigated temperature range such events are so scarcely observed. Clearly, the number of formed complete KW configurations is significantly larger than that of destruction of incomplete KW locks. This is in agreement with the high WHR in this temperature range. For this Ni3(Al,Ta) alloy, the WHR measured at 0.2% plastic deformation is rapidly increasing from RT up to 600 K, then exhibits a plateau up to 750 K before to decrease [START_REF] Spätig | Mechanical Properties of the Intermetallic Alloys Ni 3 (Al,Hf) and[END_REF]. It should be noted than the validity of Eq. ( 2) has also been discussed in [START_REF] Kruml | From dislocation cores to strength and work-hardening: a study of binary Ni3Al[END_REF] in terms of the changes in the WHR with temperature and material composition, for which a good agreement has been found. The latter temperature is only slightly lower than that of the stress temperature peak (~ 800 K). It appears that the KW configuration becomes highly mobile at 600K, in agreement with AFM observations were cross slip events from {111} primary octahedral planes onto {001} cube CS planes yield long slip traces, i.e. a few tens of nanometres, on the latter planes [START_REF] Michel | What can be learnt on the yield stress anomaly of Ni3Al using AFM observations[END_REF]. TEM observations [START_REF] Baluc | Contribution à l'étude des défauts et de la plasticité d'un composé intermétallique ordonné[END_REF][START_REF] Baluc | TEM observation of the fourfold dissociation of superlattice dislocations and the determination of the fault energies in Ni3(A1, Ta)[END_REF] indicate that KW configurations start to bow onto cube CS planes, but at a temperature slightly higher (T ≥ 700 K) and to shorter distances as compared to AFM and STM images. This raises the question regarding the activation of primary cube slip that has a higher Schmid factor and for which the frictional stress should be roughly similar to that of cube CS plane. The absence of primary cube slip may be attributed to the lack of dislocation sources that require the movement of all dislocation characters, from screw to edge, in order to operate. It has been shown that not only screw dislocations feel a friction stress due to their out-of-plane dissociation when gliding on cube planes, but also edge dislocations may exhibit peculiar sessile core configurations in L12 alloys, such as for instance Lomer-Cottrell locks [START_REF] Sun | A TEM weak-beam study of dislocations in γ' in a deformed Ni-based superalloy[END_REF][START_REF] Sun | The locking of 〈110〉 edge dislocations on {001} in L12 ordered compounds: High-resolution electron-microscopy observations[END_REF][START_REF] Bonneville | On the equilibrium configurations of climb Dissociated Lomer-Cottrell dislocations[END_REF][START_REF] Conforto | Comparison of Ni-based alloys with extreme values of antiphase boundary energies: dislocation mechanisms and mechanical properties[END_REF]. Therefore, while screw dislocation character is mainly involved in cube CS gliding, the locking of edge dislocation character on primary cube planes prohibits dislocation source activity. A support for the pinning of edge dislocations gliding onto the {100} planes in the YSA domain of the Ni3Al intermetallic at 600K can be found for instance in [START_REF] Conforto | Comparison of Ni-based alloys with extreme values of antiphase boundary energies: dislocation mechanisms and mechanical properties[END_REF].

A striking feature is that, according to our STM observations, each slip trace corresponds to the emergence of a single dislocation. This is consistent with TEM observations that do not reveal any dislocation pile up suggesting that either dislocation sources only emit a single superdislocation or CS is efficient enough to avoid dislocation accumulation over the same dislocation mean free path. The latter mechanism does not seem realistic since double CS events between octahedral planes, even single CS events, that would spread dislocation paths were not observed on slip traces. This result is in agreement with theoretical calculations showing that CS between {111} planes is highly energetic and will only occur for specific orientations [START_REF] Paidar | A theory of the anomalous yield behaviour of L12 ordered alloys[END_REF], when the Schmid factor for cube glide is negligible.

In the same vein, given our observations, double CS between similar {111} planes, via cube CS planes, can be rejected due to their low occurrence. It seems therefore that singledislocation slip traces are in the present case due to a rapid exhaustion of dislocation sources, as often evoked in order to explain the high work-hardening rate as compared to pure fcc materials. It should be emphasised that single-dislocation slip traces are not specific to Ni3Al, but are also a characteristic of slip traces observed at the atomic scale for Au [START_REF] Chauraud | Influence of terrace widths on Au(111) reconstruction[END_REF] and Nb [START_REF] Douat | Atomic scale insight into non-crystallographic slip traces in bcc crystals[END_REF]. Although a specific explanation can be proposed for each material, it is not yet clear whether there is a common explanation for this unexpected observation.

Summary

Due to the limited range of investigated temperatures, it is not possible to draw decisive conclusion regarding the exact role of incomplete Kear-Wilsdorf locks in the anomalous behaviour of the work-hardening rate of the Ni3Al intermetallic compound. We can nevertheless confirm, since cross slip events smaller than the APB width on cube CS planes connecting (111) primary planes have been directly highlighted on the slip traces, that both the nucleation and the destruction of IKW take place in the YSA. Such experimental observations at the atomic scale would be in favour of the yield stress anomaly modelling proposed in [START_REF] Caillard | A model for the anomalous mechanical properties of nickel-base L12 ordered alloys-II. Cross-slip processes and mechanical properties[END_REF][START_REF] Caillard | A model for the anomalous mechanical properties of nickel-based L12 ordered alloys -I. Dislocations dynamics[END_REF]. Irrefutable new contributions of our atomic scale observations that must be accounted for in the modelling of the YSA of Ni3Al intermetallic alloys can be summarised as follow:

(1) Glide of <011> SD on cube CS planes does occur almost from the onset of the regime of the yield stress anomaly with temperature. This result clearly confirms that the so-called KW locks are only sessile regarding octahedral glide, but glissile on the cube CS planes. This indicates that the friction stress due to the non-planar dissociation of the SP dislocations is rather weak in agreement with the small measured dissociation widths [START_REF] Baluc | TEM observation of the fourfold dissociation of superlattice dislocations and the determination of the fault energies in Ni3(A1, Ta)[END_REF][START_REF] Kruml | On the strengthening of Ni 3 Al by hafnium additions[END_REF]. The nonoccurrence of primary cube plane activity is thus attributed to the low mobility of edge dislocations on these planes, whose movement are required to allow source to operate, resulting in a lack of dislocation sources.

(2) Once a complete KW configuration is reached on the cube CS plane, reverse CS onto octahedral planes is never observed, which confirms the great stability of this configuration in agreement with dedicated calculations [START_REF] Saada | Properties of L12 Alloys[END_REF].

(3) Dislocation sources onto {111} planes are rapidly exhausted since, according to our observations, they do not emit more than a single SD. This result is consistent with the high The insert gives the resolved stress-strain curves at 400 K and 600K. 
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work hardening rate recorded for this type of alloys, because of the limited dislocation meanfree path [START_REF] Michel | What can be learnt on the yield stress anomaly of Ni3Al using AFM observations[END_REF] which implies with increasing strain the activation of increasingly shorter dislocation segments. This necessarily leads to a rapid and strong flow stress increase with increasing strain.