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Abstract 

After presenting the state-of-the-art Bridgman casting process to obtain single 

crystalline components, as well as alternative directional solidification techniques, common 

processing defects (recrystallized grains, freckles, microsegregation, slivers …) are reviewed 

and their formation mechanisms are discussed.  The typical heat treatment sequence applied 

to Ni-based single crystal superalloy (when needed) is then detailed from both microstructure 

mechanical properties points of view. Creep properties of these alloys are shown to be mainly 

dependent on the heat treatments following investment casting, especially the solution heat 

treatment. Conversely, fatigue properties are mainly controlled by the solidification processes, 

through the casting pore size and spatial distribution, when oxidation has no major 

contribution to the crack initiation mechanisms. 

 

1) Introduction 

The thermodynamic cycle of gas turbine engines reveals that better efficiency can be 

achieved when increasing the operating temperature. This simple rule remains the main driver 

for designing and engineering parts, which includes the development of materials as well as 

the processing technologies, both for aero-engines and land-based power generation gas 

turbines. More precisely, the cold compressed gas entering the combustion chamber must 

leave it with a maximum temperature when entering the subsequent turbine. The first blading 

row of the gas turbine, just behind the combustion chamber, thus experiences the highest 

temperature and pressure. It is certainly the most significant constraint when designing the 

turbomachinery. Thus, the solutions for these turbine components must withstand very high 

loads at elevated temperatures, not mentioning the severe gas environments and the long 

periods of time, all repetitively. 

Before the Second World War, at the beginning of the development of gas turbine for 

aero-engine applications, iron-based cold wrought materials were first used [1]. The 

superiority of nickel-based superalloys was yet very soon recognized, notably for its 

exceptional creep and fatigue properties at high operating temperature as well as its resistance 

to oxidation and corrosion [2]. Nickel-based superalloys were first shaped by extrusion and 

forging. But with always higher strength and the introduction of hollow blade designs, 

investment casting based on the lost-wax process was developed. It is the current processing 

route for all turbine blades made of nickel-base superalloys, although concurrent 

methodologies are being investigated based on additive manufacturing [3]. 

The hollow design aims at defining cooling passages for fresh air as well as weight 

reduction. This major breakthrough in turbine blade engineering started in the 60’s and led to 

dramatic increase of the turbine entry temperature. It is still a topic of optimization by engine 



manufacturers. But the other main innovation over the second half of the twentieth century 

was due to alloy elaboration by metallurgists. With uninterrupted demand for higher 

mechanical properties at more elevated temperatures, alloy cleanliness was a crucial 

requirement. This was achieved by introducing multiple successive melting of alloys under 

vacuum, thus considerably reducing non-metallic inclusions and chemical inhomogeneity and 

achieving a very high control of composition [1]. Another main step was the constant search 

for better compositions of the nickel-base superalloys. The basic trend consisted in replacing 

Cr by ′-forming elements such as Al, Ti and Ta, increasing the ′-solvus temperature by 

additions of Ta and W, and finally introducing creep-strengthening elements Re, W, Ta, Mo 

and Ru [2, 4]. The design of the alloys could then become more systematic by defining 

automatic procedures that scan the chemical species and its content, access computed 

properties using thermodynamic and physical databases, and make use of criteria to select 

compositions [5]. Nowadays, the microstructure leading to the highest mechanical properties 

for turbine blades are directionally solidified single crystal (SX) with chosen crystallographic 

orientation so as to suppress the weakening effects of grain boundaries. The SX components 

are heat treated to reach around 70% of coherent ′-precipitates in a -matrix phase while 

maintaining a small lattice misfit, high creep strengthening and oxidation resistant properties. 

Finally, multilayer coatings are applied to enhance the corrosion and oxidation properties, 

increasing the durability of these expensive parts when operating at a temperature close to the 

′-solvus temperature in severe gas environments, for long periods of time and thousands of 

cycles. With typically 10 alloying elements and use of noble and rare chemical species, the 

SX nickel-based materials are complicated metallic alloys. They challenge our metallurgical 

and mechanical understanding as most of theoretical studies are developed for simple model 

alloys, often dilute with only few chemical species. 

Historical development of directional solidified SX components made of nickel-based 

superalloys is a paramount example of how materials properties and processing of products 

are intimately linked. The present contribution aims at giving the status of the interplays 

between processing and material properties for SX components. It will start by introducing 

the general concepts of the casting technologies and the related solidification defects. 

Modeling efforts will be cited. Heat treatments of as-cast components contributing to define 

the required (service) mechanical properties are important steps in the processing route. They 

will thus be introduced and discussed, also focusing on related defects. Conclusions will be 

drawn on perspectives for further improvements and innovations. 

 



2) Directional solidification and related defects 

2.1) Generalities on the casting processes 

With the advent of nickel base superalloys for gas turbines, shaping from the liquid has 

become essential. The reasons are multiple. They include the limitations of machining 

techniques for complicated hollow geometries due to the design of internal cooling passages 

for in-service temperatures higher than the compressor-chamber gas temperature. The high 

strength properties of the superalloys also infer dedicated and expensive tooling for 

machining. So direct casting of a liquid melt into a mold has quickly become the usual route. 

Due to the demand for highly precise geometries, including thin walls with complex 

shape, the lost-wax casting process was adopted. It starts by making a replica of the desired 

nickel-base superalloy component by injecting wax around ceramic cores in to a metallic die. 

Several such wax plus core models are assembled as a cluster by adding gates and runners 

forming a tree like structure later defining the filling path of the molten metal. Ceramic filters 

are integrated as part of the gates/runners so as to block large inclusions that may be present 

in the melt and to reduce melt turbulence. The next step consists of making a ceramic mold. 

The wax assembly is immersed into slurries of colloidal silica binder and sand-like stuccos. 

The operation is repeated several times so as to form a thick and rigid coating. The mold is 

dried and the wax is removed, thus forming the ceramic shell with its embedded ceramic 

cores. Casting is operated in a vacuum induction melting furnace. This permits thorough 

control of superheat and composition through elimination of dissolved gases, elements traces 

and oxides [6]. After casting, the ceramic shell and cores are removed, the gates and runners 

are cut off so only the metallic component plus cores remain. Cores are eliminated prior to 

heat treatment (see section 3 of this chapter).  

In this section are presented main features and issues related to casting of nickel based 

superalloy to produce single crystalline turbine blades by the lost-wax process. The latter is of 

particular importance in the processing route of the material as it defines the initial 

metallurgical microstructures, i.e. the thermodynamic phases, its amount, crystallography, 

size, morphology, composition and stresses, as well as defects, all taking part in dictating the 

subsequent forming steps and final properties of the components. 

 

2.1.1) The Bridgman-Stockbarger casting process 

In a conventional lost-wax casting, the liquid metal is poured in a static mold and 

cooling takes place by heat exchange with the surrounding environment in all directions. As a 

consequence, heat flow is not directional and the structure is mainly isotropic or consist of 

columnar and equiaxed grains. Components produced with this static mold technology are 

named “equiaxed”. In fact, this denomination is somewhat abusive: while copious nucleation 



of grains takes place at the mold surface, growth proceeds toward the central part of the 

casting geometry. Seen from its skin after chemical etching, the casting skin indeed looks like 

an equiaxed structure while most of the grains grew columnar in a direction opposite to the 

heat flow and meet at the center part of the geometry [7, 8]. In fact, for such equiaxed 

component, nucleation at mold surface is induced by application of a special coating at the 

internal surface of the mold containing an inoculant compound (e.g., cobalt aluminate). This 

is achieved by adding the compound as part of the first slurry of colloidal silica binder 

forming the ceramic mold. In order to produce directionally solidified components, both 

nucleation and growth of the solidifying structure need to be well controlled. Directional 

solidification of nickel-base superalloys to produce single crystal components was first 

introduced in the sixties [9]. The schematics of a typical set-up based on the so-called 

Bridgman-Stockbarger directional solidification process is shown in Figure 1a. It consists of 

(top) a hot zone and (bottom) a cold zone separated by a baffle, as well as a chill plate on 

which is located the mold. Unlike conventional lost-wax casting, the mold is no longer static. 

Initially located in the hot zone, it is dynamically moved downward into the cold zone by 

withdrawing the chill plate at a rigorously controlled velocity. With the hot/cold zones 

respectively above/below the melting temperature of the alloy, the solidification front is 

located in a narrow window close to the baffle and growth of the solid proceeds upward at a 

velocity roughly equal to the withdrawing rate of the chill plate, v. Note that in principle, the 

temperature gradient at the position of the growth front, G, can also be adjusted by controlling 

the temperature of the hot zone. Thus both the velocity and the temperature gradient could be 

controlled, which are the main processing parameters for casting (the cooling rate 𝑇̇ is simply 

the product of the last-two parameters when a steady regime is established as 𝑇̇= -G* v ).  

 



 

Figure 1 – Schematics of (a) the Bridgman-Stockbarger process and (b) the liquid metal 

cooling process for directional solidification of nickel base superalloy to produce single 

crystal turbine blades [10, 11]. 

 

As a result of directional solidification, a columnar dendritic microstructure is growing 

into the melt. For single crystal Ni-based superalloys, they consist of a solid disordered 

fcc-phase. Its characteristic length scales after complete solidification are the primary dendrite 

arm spacing, 1, and the secondary dendrite arm spacing, 2. According to simple literature 

models [12], they depend on the processing parameters as:  

1 ∝ G –1/2 ∙ v –1/4 (1) 

2 ∝ G –1/3 ∙ v –1/3 (2) 

While derivation of the first relation involves a dendrite tip kinetics theory, the second 

relation is linked to the physics of coarsening taking place in the mixture region of liquid and 

solid phases called mushy zone. The latter region is approximately defined by the 

solidification interval, i.e. the difference between liquidus temperature, TL, at which the first 

solid phase forms from the melt and the solidus temperature, TS, at which the last liquid 

solidifies. Such relations are approximate and dependencies with alloying elements are not 

given. More detailed experimental studies and relationship coming from direct measurements 



for nickel-based superalloys are available [13]. Although compositions of single crystal Ni-

based superalloys are defined to avoid the formation of secondary interdendritic phases 

formed in the residual liquid located at the end of the mushy zone, formation of peritectic 

and/or eutectic microstructures could happen, involving an ordered fcc-phase. The 

solidification structure thus generally consists of a primary dendritic disordered fcc-phase and 

a mixture of secondary disordered and ordered fcc-phases, as will be further described in the 

present contribution. Another feature of the as-cast microstructure includes microporosity. It 

is naturally presents as its origin is related to the density variations between phases in the 

mushy zone. Directional solidification is well suited to reduce it but its full elimination could 

be challenging.  

Another important feature of a single crystalline microstructure is the crystallographic 

orientation. Its selection requires using either a solid seed or/and a grain selector. In the first 

configuration, the seed is a single crystal with controlled orientation, positioned between the 

chill plate and the component, with one of its <100> directions aligned with a chosen 

component axis. For instance, considering a turbine blade, its main airfoil axis (along its 

height) is chosen to host a <100> crystallographic direction by positioning the seed 

accordingly. Partial remelting of the seed takes after the liquid is poured in the ceramic mold 

and epitaxial growth proceeds, propagating the crystal orientation through the entire 

component. Note that in nickel-based alloys, the preferred growth directions defined by the 

trunks and arms of the dendritic microstructure correspond to the <100> crystallographic 

directions. Thus, a <100> crystal orientation is chosen to correspond to the airfoil direction, 

usually the normal to the chill plate and thus the direction of the temperature gradient defined 

by the hot and cold zones of the furnace. It is also worth noting that the secondary <100> 

directions, the dendrite arms perpendicular to the trunk and main airfoil axis, can also be 

chosen to correspond to selected component directions. The second configuration makes use 

of a grain selector. It consists of a constriction designed as part of the ceramic mold from the 

wax assembly located between the chill plate and the component. Its role is to select a given 

single crystal orientation from a polycrystalline columnar grain structure arising from 

randomly nucleated grains in contact with the chill plate. The grain selector geometry can be a 

simple helix (the so-called “pig tail”), as schematized in Figure 2, or it can take more 

sophisticated shapes. In any case, its development is based on the fact that the preferred 

growth direction of the columnar dendritic grains follows a <100> crystallographic direction 

more or less aligned with the temperature gradient.  

 

2.1.2) Alternate casting processes 

While the Bridgman-Stockbarger directional solidification process is by far the most 

commonly used for the production of nickel-base superalloy single crystal components, 



alternate methods have been proposed. Considering that a non-static mold and the presence of 

hot and cold zones separated by a baffle was a somewhat complex casting process relying on 

heavy investments, Walser et al. proposed to rely on existing conventional vacuum casting 

equipment for static molds, still using a chill plate to ensure directional heat flow [14, 15]. 

This main idea was to optimize cooling from the chill plate and insulation of the ceramic shell 

using layers of blanket materials. Despite its interest, the so-called SMCT-process was not 

widely adopted. In fact, upon directional growth of a mushy zone from a chill, the 

temperature gradient at the dendritic growth front progressively decreases while the velocity 

increases [16]. In such conditions, the microstructure length scales (Eqs 1-2) can hardly be 

controlled and, upon low values of the ratio (G / v), nucleation of equiaxed grains takes place, 

obviously breaking the condition for single crystal growth [17].  

The need for higher temperature gradient and velocity was very soon identified. Not 

only it produces finer microstructures but we also shall see in Session 2.2 its roles on various 

defects that could happen during solidification. This is why other cooling media were 

proposed. Figure 1b gives an illustration of the liquid metal cooling process [10, 11, 18]. The 

cold zone is made of a low melting and low vapor pressure liquid metal (e.g., Sn), maintained 

at a temperature always much lower than the solidus temperature of the nickel-based 

superalloy. The ceramic mold filled with the superalloy is thus progressively immersed into 

the liquid metal. Both the combination of the heat flow through the liquid metal and a baffle 

floating above it ensures a temperature gradient at the solidification front 2 to 3 times higher 

compared to the standard Bridgman-Stockbarger casting process in the 1500°C-900°C 

temperature range. This also offers the possibility to increase the withdrawal rate while 

maintaining a constant (G / v) ratio, thus increasing productivity. It is worth noticing that a 

seed is preferred to define the single crystal orientation as using a grain selector implies direct 

contact of the superalloy melt with the chill plate and risk of mixture with the liquid metal 

bath. Interaction of the nickel-base superalloy with the liquid metal is also an issue. A variant 

was thus introduced where the liquid medium is replaced by solid particles (e.g., carbon balls) 

held in suspension and transported by a continuous flow of inert gas (e.g., argon) [10, 19, 20]. 

All these processes with higher solidification rates are also known to produce alloys with a 

smaller casting pore size, and hence better fatigue properties (see last sub-section of this 

chapter) [10, 11, 21, 22]. 

Other parameters and manufacturing processing are being considered. One could cite 

additive manufacturing of single crystal superalloys [3]. Using electron beam, advantages 

include an even finer microstructure due to always higher temperature gradients, more 

homogeneous chemical composition and reduced shrinkage porosity compared to investment 

casting, while recrystallization is an issue if heat treatment is still to be considered. Magnetic 

field is another direction being investigated for improvement of the superalloy 



microstructure [23]. These researches can be considered as new directions for potential 

breakdown technologies. 

 

2.2) Casting defects 

The features identified as defects in the production of single crystal components are 

numerous and have very diverse origins. Fig. 2 is a classical schematic that reports 

microstructure related defects observed upon inspection of a turbine blade component after 

casting. We shall only consider such defects that are directly related to solidification issues, 

meaning that inclusions, surface scales, critical dimensions and tolerances, and other defects 

due to non-well controlled foundry practices and/or quality issues with the core, shell and 

superalloy materials are not considered hereafter. 

 

2.2.1) Crystal structure 

There are several origins for the breakdown of the single crystalline structure. When 

nucleation proceeds on the chill plate, crystal orientation is random and copious. Dendritic 

growth starts from each nucleus. It requires undercooling, i.e. a driving force identified by the 

temperature difference between liquidus temperature of the alloy given by thermodynamic 

equilibrium and the dendrite tip temperature. This undercooling is due to several 

contributions, including solute diffusion of chemical species segregated at the solid-liquid 

interface [12, 17]. Because the liquid is undercooled, nucleation of new grains could further 

happen in the melt in front of the columnar dendrites. In the absence of nucleation, a 

columnar grain structure grows in the starter block shown in Fig. 2. The growth front is then 

composed of several grains, each grain containing several dendrite trunks with the same 

crystal orientation, all dendrite tips at some undercooling, i.e. on an isotherm surface lower 

than the liquidus temperature of the alloy and perpendicular to the chill plate if one assumes a 

vertical temperature gradient opposite to the heat flow. The grain density decreases upon 

growth as only the grains with a <100> dendrite trunk direction well aligned with the 

temperature gradient survive, giving birth to a fiber texture [24-26]. At the exit of the starter 

block, i.e. at the entry of the grain selector, there still exist many grains.  

 



 

Figure 2 – Schematics of casting defects in a turbine blade [27]. 

 

Primary misorientation. The helix geometry aims at selecting a single crystal. It acts as 

a heat flow channel, where the direction of the temperature gradient basically follows the 

metal path during cooling. This is due to the insulating role of the ceramic shell, the 

difference in thermal properties between the mold and the superalloy, as well as cooling from 

the underneath chill plate [28]. As a consequence of growth competition between secondary 

branches also propagating the <100> directions of the grains, only a single grain and hence a 

single crystal orientation remains at the exit of the grain selector. Not only a single crystal 

must be selected at the exit of the grain selector but also its primary crystallographic direction 

defined by the direction of the primary dendrite trunks with respect to the stacking axis of the 

turbine blade. In Fig. 2, the primary misorientation is used to define the possible deviation 

with the desired crystal orientation. In principle, simulation of dendritic growth can be 

directly carried out using various methodologies. The Phase Field (PF) method and the 

Cellular Automaton (CA) methods are the actual two extremes in terms of objectives and 

scales. While PF is able to directly produce complicated dendritic patterns, CA only aims at 

propagating grain envelopes. Consequently, PF is much more demanding in terms of 

computer resources and cannot assess simulation for a whole grain selector. This was yet 

achieved long time ago by the CA method [29] and is still used for optimization of both the 

starter block and the grain selector [30, 31]. Nowadays, PF and CA were demonstrated to 

converge towards satisfying results when considering growth competition of bi-grains, yet 

limited to binary dilute alloys [25]. 



Bi-grain, secondary grain and high-angle grain boundaries. As suggested in Fig. 2, it 

could also happen that the grain selector does not work properly so a bi-grain or more grains 

survive the growth competition in the helix geometry and propagate in the turbine blade. In 

this situation, a single crystal may never have been present in the helix. This situation may 

happen when the heat flow is not well controlled, the helix geometry is not well designed, or 

if heterogeneous nucleation takes place in the undercooled region ahead of the dendrite tip or 

in a cold part of the grain selector. Adjectives spurious or stray are used for several types of 

crystal defects, including undesired grains due to nucleation. It is worth noting that such 

grains are often seen in large section changes, for instance when leaving the airfoil to enter the 

platform of a turbine foot geometry (top-left regions in Fig. 2). Simple explanations with 

observations and analytical models were provided [32, 33]. They involve the time required for 

the dendritic growth front to propagate in the platform, thus increasing the total undercooling 

of the liquid together with the risk for spurious nucleation. These spurious grains are often 

large and with random crystallographic orientation. 

Zebra grains. This defect is, again, a region of the component with crystal orientations 

that differ from the desired single crystal. Their appearance is not similar to secondary grains. 

Zebra grains are surrounded by the single crystal, they are of limited size and can be made of 

several distinct crystal orientations. In case of zebra grains located in the platform of Fig. 2, 

they form as a result of partial remelting of the dendritic structure after its propagation in the 

undercooled region of the platform [34, 35]. In fact, upon growth of the single crystal, 

recalescence can take place when the temperature gradient could not be maintained 

directional and high enough to evacuate the latent heat. Partial remelting leads to detachment 

of dendrite arms and rotations in the liquid create new crystal orientations. The occurrence of 

such recalescence can also be modeled when coupling the CA model with heat flow [36].  

 

2.2.2) Microstructure and microsegregation 

Solidification is accompanied by segregation: solute species are redistributed between 

the phases present in the mushy zone. In case of no phase transport by convection, the 

evolution of the solute composition in all phases leads to the so-called microsegregation. The 

path of the interfacial compositions upon cooling and solidification, even if it follows 

thermodynamic equilibrium, can be very complicated as full equilibrium does not necessarily 

take place. Figure 3 presents a typical microstructure for the single crystal nickel-based 

superalloy AM1. Its composition can be read in Table 1. Full equilibrium using only 

thermodynamic data concludes that full -phase solidification takes place. This is obviously 

not the case as ′-phase is present as part of an interdendritic eutectic microstructure.  

 



Figure 3 – As-cast microstructure of directionally solidified nickel base superalloy AM1 

as observed by electron microscopy revealing (a) primary -phase dendritic solidification and 

(b) an interdendritic eutectic region made of a mixture of the - and ’-phases [Ham09]. 

 

Alloy/Element Ni Al Ti Ta W Cr Co Mo Re Nb Hf 

AM1 Bal. 5.3 1.2 8.0 5.7 7.8 6.5 2.0 / / 0.05 

AM3 Bal. 6.0 2.0 3.5 5.0 8.0 5.5 2.2 / / / 

MC2 Bal. 5.0 1.5 6.0 8.0 8.0 5.0 2.0 / / / 

CMSX-4 Bal. 5.6 1.1 6.5 6.4 6.5 9.7 0.6 3.0 / 0.1 

CMSX-4 Plus Bal. 5.7 0.9 8.0 6.0 3.5 10.0 0.6 4.8 / 0.1 

CMSX-10K Bal. 5.7 0.2 8.2 5.5 2.2 3.3 0.4 6.3 0.1 0.03 

Quaternary 

(Fig. 4) 
Bal. 5.8 / 7.94 8.84 8.98 / / / / / 

Table 1 – Chemical composition (in wt. pct.) of nickel-based superalloys cited in this 

contribution. 

 

In practice, the microsegregation path is a consequence of diffusion kinetics and 

interfacial equilibrium at the /l-interface. Explanations involve limited diffusion in the 

-phase while the l-phase can be assumed to be in complete mixing or of uniform 

composition. This is due to the ratio of the diffusion coefficients for the chemical specie i in 

phase   and the Di
/Di

l ratio easily reaching 10-3. Consideration of diffusion in the solid with 

cross diffusion terms is also necessary for nickel-base superalloys. This could be handled with 



advanced PF models [37]. Figure 4 presents typical distribution of four chemical species in a 

quaternary nickel-base superalloy. As can be seen, because the dendritic microstructure is due 

to -phase solidification, it inherits from the solubility of chemical species in the -phase. This 

property is given by the segregation coefficients, i.e. the ratio of the -phase composition over 

the liquid composition at the interface. As stated above, assuming thermodynamic equilibrium 

at the interface, it can be directly read from the phase diagram. In practice, the CALPHAD 

method has become a standard for determining these coefficients, although it relies on 

databases that are mostly fitted from experimental data. In the case reported in Fig. 4, 

measurements of composition reveal an Al-, Cr- and Ta-depleted and W-enriched dendrite, as 

well as non-uniform distributions in the dendrite. Also small secondary solidified regions are 

seen with clear composition differences, here only representing around 1% in volume. Of 

course, the reported behavior for the solute species in the dendrite is retrieved with Al-, 

Cr- and Ta-enriched and W-depleted secondary solidified regions. 

As-cast microstructure and microsegregation are essential outputs of the lost-wax 

casting process of nickel-base superalloys. As the eutectic is not generally desired, it could be 

seen as a defect, similarly as non-uniform chemical compositions in the solidified -phase. 

We shall see later the role of heat treatments for the control of the microstructure and 

microsegregation. 

 

 

Figure 4 – Distribution of Al, Cr, Ta and W between the dendritic -phase and the 

interdendritic region after directional solidification of the nickel base superalloy (in wt. pct.| 

in at. pct.) Ni – 5.8|13.06 Al – 8.98|10.49 Cr – 7.94|2.67 Ta – 8.84|2.92 W as measured by 

wavelength dispersive X-ray spectroscopy [37]. Processing conditions: temperature gradient 

G = 20.0 K.mm-1 and withdrawal rate v = 5 mm.min-1. 

 

2.2.3) Freckles 

Freckles defects are shown in Figure 5. They appear as chains of small equiaxed grains 

in the turbine airfoil of Fig. 5a where variations of grey colors compared to the rest of the 



geometry clearly reveal different crystallographic orientations. Their origin is the 

redistribution of chemical species by liquid transport. During solidification, due to 

microsegregation, the interdendritic liquid regions are enriched or depleted as a result of 

solidification and interfacial equilibrium (see explanation in Section 2.2.2). Variations in the 

liquid composition induce buoyancy forces due to inhomogeneous density. In case of density 

inversion close to the dendritic growth front, liquid can flow upward, leave the mushy zone 

and accumulate in the liquid melt, thus creating segregation at the scale of the product, named 

macrosegregation. The transport of solute and its effect on dendritic growth are illustrated in 

Figure 6 where the first in-situ real-time X-ray radiography of plumes of solute ahead of a 

columnar dendritic growth front observed in the 2nd generation CMSX-4 (see composition in 

Table 1) nickel-based SX superalloy were observed (variations of the grey level in the liquid 

region) [38]. These observations also reveal the strong interaction between the flow of solute 

and the growth front. Following the dendrite tip identified by the white arrow (Fig. 6a) with 

time, one can draw its position (Fig. 6b), velocity (Fig. 6c) and above liquid composition 

qualitatively given by the grey level (Fig. 6d). The latter information reveals a periodic 

oscillation due to the propagation of solute convection cells shown in Fig. 6a. The correlation 

with the growth velocity evolution is immediate when considering the vertical dashed lines: 

the times at maximum grey level correspond to the time at minimum velocity and oscillation 

of the growth front propagation. Of course, this is in link with the main contribution for 

dendritic growth, previously referred to as the solutal undercooling. When the intensity of the 

grey level increases, the average supersaturation decreases and so does the velocity. Although 

not reported in this figure, it could be seen that each dendrite has an oscillation regime that 

travel with the solute plumes, i.e. not only upward but also from right to left due to a larger 

convection cell in the above melt. On the right-hand-side of the mushy zone, in contact with 

the border of the sample, is a larger channel that is progressively forming. Closer look shows 

that this channel is the origin of a higher upward solute flow. Later on, it solidified with 

equiaxed grains formed by fragmentation of the existing dendritic microstructure and/or 

nucleation in the liquid channel [38], giving rise to a freckle. 

Several criteria have been proposed in the literature for the formation of the freckles. 

The simplest considered the effect of the processing parameters previously introduced [39]. 

Freckles appear when the product G –m ∙ v –n becomes too low, where m and n are positive 

values lower than unity. Note that such relation is comparable to Eq. 1-2 and correspond to 

the observations that a critical value of the primary spacing exist above which freckles form. 

This observation is nothing but the manifestation of the mushy zone permeability, directly 

proportional to the microstructure length scale. The larger the dendrite arm spacing, the larger 

the permeability, thus permitting circulation of a convective flow into the mushy zone and 

transport of solutal species above the dendritic growth front. An experimental correlation was 

later derived based on a large experimental database with systematic characterization of the 



primary dendrite arm spacing, the liquid density variation due to segregation and the 

solidification interval [40]. Finally, Rayleigh-type criteria were proposed, where the influence 

of fluid flow was estimated [41, 42]. In principle, such criteria are better suited as they 

compare buoyancy forces to the friction forces in presence of a mushy zone. So properties 

including liquid viscosity, mushy zone permeability and thus microstructure length scale and 

solidification path, liquid density variations with composition and temperature, as well as heat 

diffusion, all these parameters could be included. In practice, however, properties are often 

not very well established and the role of the solidifying geometry is difficult to account for. 

This is why efforts continue to account for more physics in direct simulations of thermo-

solutal convection, i.e. the interaction of the solidifying microstructure with liquid flow [43]. 

Figure 5 – Examples of the freckles defect formed upon directional solidification of (a) 

a turbine blade geometry and (b) a dummy geometry also exhibiting spurious grains, low 

angle grain boundaries and sliver grains [44]. 

 

 

 

 

 

 



 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 6 – Experimental analyses of a directionally solidified CMSX-4 superalloy 

sample processed with in situ and in real-time observations by means of synchrotron X-

radiography at the European Synchrotron Radiation Facility (ESRF, Grenoble, France). 

Temperature gradient G = 44 K.cm-1, growth rate v = 7.5 m.s-1[38]. 



2.2.4) Deformation related defects 

Slivers and low angle grain boundaries. An example of a sliver grain is show in Fig. 5. 

While its primary <100> dendrite trunk direction only slightly differs from the surrounding 

single crystal, the other <100> directions could be more misoriented. This means that a 

rotation has taken place about the primary <100> direction. The literature proposes various 

origins for this defect. However, the most recent explanations suggest that deformation of the 

growing dendritic microstructure could be the best explanation [45]. In fact, thanks to 

tremendous progress made by direct observations of phase transformations using in-situ real-

time X-ray radiography, the deformation can now be imaged in metallic alloys [46]. Direct 

correlation was thus possible between deformation and rotation of sliver-type defects. In fact, 

the role of thermo-mechanical stresses built with solid state precipitation of the ordered ′ 

phase in the primary dendritic disordered  phase below the solidus temperature was soon 

identified to explain cumulated deformation and low angle grain boundaries also referred to as 

sub-grains, shown in Fig. 5 [47]. 

Recrystallized grains. This defect is built during cooling of the metal trapped between 

the ceramic parts, i.e. the core and the shell of mold. All three materials have different 

dilatation coefficients. Upon cooling, the thermo-mechanical histories are thus different, 

leading to the build-up of stresses in the metal. These stresses are at the origin of the 

nucleation and growth of recrystallized grains during later heat treatments. Figure 7 presents 

recrystallized grains as observed in the airfoil of a component designed to be a single crystal. 

The abrupt color changes reveal the presence of several grains, i.e. variations of the 

crystallographic orientations. The part not being a single crystal must simply be discarded, 

decreasing the yield rate of the production route. Formation of recrystallized grains following 

single crystal casting has only been recently studied. Deformations were first imposed by 

indentation at room temperature of single crystal samples. A minimum value of the plastic 

strain was identified above which recrystallization takes place during the solution heat 

treatment, e.g. typically 6 hours at 1315 °C in case of CMSX-4 alloy [48]. But compressive 

and tensile tests were also tested at several temperatures, followed by isothermal annealing 

heat treatments for various parameters (holding time and duration) [48-50]. The presence of 

recrystallized grains is found to depend on i- the plastic strain, ii- the annealing temperature, 

and iii- the temperature at which the specimens were deformed. Most of the experiments are 

conducted with plastic strains of 4% [48, 50] and of 5% [49] when the annealing temperature 

and the deformation temperature are studied. But depending on the plastic strain, the 

annealing temperature seems to influence the formation of recrystallized grains. Similarly for 

CMSX-4, if the temperature at which 4% plastic strain is introduced is lower than 950 °C, no 

recrystallized grains were formed for annealing treatments below 1260 °C [50]. Finally, the 

recrystallized area is a direct function of the annealing temperature. Above the solvus of the γ′ 

precipitates in the γ matrix phase (around 1300 °C), the recrystallized area increases rapidly. 



Below this temperature it would be a direct function of the fraction of γ′ precipitates. Despite 

these observations and electron microscopy investigations, author’s explanations do not 

converge to explain the recrystallization mechanisms [49]. A special feature of the 

recrystallized grains is that they are not immediately detectable in the as-cast state. They 

develop during the heat treatments that follow casting which will be the object of the next 

section. 

  

 

Figure 7 – Recrystallized grains in the airfoil of a component designed as a single crystal.  

  



3) Heat treatments and microstructure optimizations 

3.1) Generalities on heat treatments  

 

Solution and aging heat treatments (see schematic illustration in Fig. 8) are usually 

applied to most of the single crystalline components (i.e. blades and vanes) for which a given 

level of mechanical properties in creep and fatigue is expected. It has to be noted that several 

components may be used in as-cast state (e.g. vanes or shrouds) to reduce production costs 

and/or to limit the development of defects during processing, such as recrystallization 

(Fig. 10b). During production of SX components, typical heat treatments are composed of a 

solution heat treatment and of two aging heat treatments at least (see Fig. 8). Moreover, other 

operations (de-sulfurization, de-oxidation, pre-oxidation of the bond-coat before top-coat 

deposition…) lead to additional temperature cycles of the components before being serviced. 

In the following of this chapter, we will mainly focus on key heat treatments steps controlling 

the microstructure and mechanical properties of SX alloys, namely, the solution heat 

treatment and agings. 

Fig. 8 – Typical heat treatments schedule 

 

Typical metallurgical defects that can be encountered/should be avoided in SX 

components are presented in Figs. 9 and 10. Casting pores are shown in Fig. 9a in the case of 

MC2 (see composition in Table 1) 1st generation SX alloy whose solidification process was 



done with issues in withdrawal rate. These casting pores are forming in the interdendritic 

spacings during the dendritic growth in the last stages of solidification of the mushy zone [51-

54]. These pores can reach a size of up to 100-150 µm, depending on the casting parameters 

and alloy’s chemistry [22, 55, 56]. It will be shown in the last sub-section of this chapter how 

these pores are critical in controlling fatigue properties if no Hot Isostatic Pressing (HIP) is 

applied. In Figs 9b and 10a, typical microstructures of /′ eutectics and local incipient 

melting are presented, respectively. Finally, new grains nucleated at the surface of a 

component profile after solution heat treatment due to, e.g., a local surface plasticization 

during shell removal or local residual stresses introduced during the solidification are shown 

in Fig. 10b. The authors will refer to these figures in the following when referring to such 

typical metallurgical defects. 

 

Fig. 9 – Typical metallurgical defects that can be encountered in SX components after 

investment casting: (a) casting pores (see red arrows) and (b) /′ eutectic pool. The nearly 

[001] solidification direction (SD) is indicated by a white arrow in (a). (authors own works) 

 

 

 

 

 

 

 

 

 



 

 

 

 

 

 

 

 

 

 

Fig. 10 – Typical metallurgical defects that can be encountered in SX components after 

solution heat treatment: (a) incipient melting in interdendritic spacings and (b) surface 

recrystallization due to local surface plasticization. The nearly [001] solidification direction 

(SD) is indicated by a white arrow in (b). (authors own works) 

 

3.1.1) Solution heat treatment 

 

The main objective of solution heat treatments (SHT) is to break the dendritic 

chemical inhomogeneity inherited from the solidification and to dissolve the /′ eutectics 

pools [57]. For this, the alloy is usually heated above the ′ solvus temperature and the closest 

possible to the incipient melting temperature (or solidus) to achieve the best chemical 

homogeneity in a reduced time (see Fig. 8). Typical SHT are either performed in a stepwise 

manner (see Fig. 11a) or using a fixed heating ramp (see Fig. 11b) or a combination of both. 

These stepwise or ramped SHT procedures are especially mandatory for alloys with a high 

amount of refractory elements (typically, for 2nd, 3rd and 4th generation SX alloys with more 

than 3.0 wt. pct. Re containing alloys) since a progressive chemical homogenization will be 

achieved with each temperature increment meanwhile increasing progressively the incipient 

melting temperature [58-60]. These progressive (stepwise) increases in temperature during 

SHT as presented in Fig. 11a are also more convenient in industrial heat treatment furnaces to 

ensure almost similar temperature profiles for each component treated in a same batch. 

 



Fig. 11 – Traditional step-wise (a) and ramp (b) solution heat treatments. Adapted from [61]. 

 

In principal, a SHT is considered to be optimal when almost all /′ eutectics pools have 

been dissolved, as illustrated in Fig. 12 in case of CMSX-4 Plus alloy (see composition in 

Table 1), and when the ′ precipitate size distribution is homogeneous across the dendritic 

structure, as shown in Figs. 13e and 93f. In fact, when a residual chemical micro-segregation 

is still present, mainly in heavy elements such as Re, W and Mo, the ′ precipitate size 

distribution is inhomogeneous across the dendritic structure, with coarser precipitates and a 

higher volume fraction of ′ phase within interdendritic spacings as compared to primary 

dendrite arms (compare Fig. 93b and 93c). Such a difference in precipitate size is known to 

degrade tensile and creep strengths of the alloy in a wide temperature range according to 

pioneering works of Caron and Khan [62-64]. Finally, limiting or ideally suppressing /′ 

eutectics pools is highly desirable from a creep strength point of view. Indeed, the lower the 

/′ eutectics pools fraction will be, the higher the fraction of efficient fine ′ precipitates as 

the ones presented in Figs. 93e and 93f, overall improving creep strength [65]. It has however 

been shown in a recent study of L.M. Bortoluci Ormastroni et al. that a non-negligible 

fraction of /′ eutectics pools can be kept without inducing a debit in creep, tensile and 

fatigue properties [56]. Another very important part of the SHT is the final cooling before 

subsequent agings. The impact of this final cooling on microstructure and mechanical 

properties will be presented in a forthcoming sub-section of this chapter. If the main aim of 

the SHT consist in optimizing bulk microstructure precipitation through elemental chemical 

interdiffusion across the cast dendritic structure, one should also mention that achieving a 

good chemical homogeneity is also required to further limit/suppress the development of 

secondary reaction zone (SRZ) during the bond coat deposition process in 2nd, 3rd and 4th 

generation SX alloys [66] and to improve their oxidation/corrosion resistance [67, 68]. 

Finally, the SHT also leads to the nucleation of so-called “homogenization” pores in 

interdendritic spacings due to the imbalance of diffusing elements across the dendritic 

structure, in addition to the growth of solidification pores [53, 54, 69]. These homogenization 



pores being far smaller (typical size of ~ 10-20 µm) than solidification pores, they do not have 

any noticeable impact on the mechanical properties [70]. 

 

Fig. 12 – Evolution of the /′ eutectic pools (see white arrows) as a function of the applied 

solution treatment in 3rd generation CMSX-4 Plus SX alloy: as-cast structure (a), after a ST of 

15h at 1330°C (b) and after 15h at 1340°C (c). Adapted from [56]. 

 

Fig. 93 – Cast dendritic structure (a, d) and /′ microstructure in primary dendrite arms (b, 

e) and in interdendritic spacings (c, f) of an experimental 3rd generation 5.4 wt. pct Re-

containing SX alloy. An optimized ST+ agings schedule has been applied for (d, e, f) while 

only agings (no ST) were applied for (a, b, c) microstructures. (authors own works) 

 

 

 

 



3.1.2) Aging heat treatments 

 

Differently from other precipitate strengthened materials like aluminum alloys, 

maraging steels or Inconel 718, aging heat treatments applied to /′ SX alloys do not trigger 

the ′ precipitation. Indeed, almost all the ′ precipitates have already formed during cooling 

from the ST temperatures, even for fast cooling rates of up to 500°C/min [71]. Industrially, 

typical cooling rates from the solution treatment temperatures are in the 200 – 400 C/min for 

aero-engines components [72-74], and slower for large blades and vanes used in industrial gas 

turbines due to their thermal mass [73, 75]. Hence, from a bulk microstructure point of view, 

aging heat treatments have the main purpose to adjust the size and morphology of ′ 

precipitates, so as to achieve a regular array of cubical precipitates having an average edge 

length of nearly 400-500 nm. In fact, it is well admitted in the literature that such a 

microstructure is the most desirable to maximize creep, tensile and fatigue properties ~ [001] 

oriented components in a very wide temperature range (i.e. from 700°C up to 1,000-1,100°C), 

whatever the alloy composition [2, 62-64, 74, 76], by favoring an homogeneous plastic 

activity in the  matrix [77]. 

A typical example of the to /′ microstructure evolution in primary dendrite arms of 

the AM3 1st generation Ni-based SX alloy is given in Fig. 14 (see composition in Table 1). 

Starting from a coarse and erratic precipitation state after Bridgman casting (due to slow 

cooling rate), a fine precipitation of nearly 100-200 nm in size is obtained after the ST 

followed by a 300°C/min cooling rate. During the first aging at 1080°C for 6h, followed by 

air quench (AQ), a very regular array of cubical precipitates is obtained, as observed in 

Fig. 104. Even if it is recalled that the duration and temperature of the first aging heat 

treatment are mainly defined to ensure a good interdiffusion between the substrate and the 

bond coat of either -(Pt)NiAl or MCrAlY (M = Ni, Co, Ta) type (see chapter 12 of this 

book) and a sufficient pre-oxidation of the bond coat before ceramic top coat deposition, in 

addition to cost considerations, most of first aging heat treatment temperatures are within the 

1,050°C-1,170°C temperature range [78], ensuring this regular microstructure. In fact, in such 

a temperature range, the natural lattice mismatch (i.e. without any application of external 

stress) is close to being maximum in absolute value [79-87], ensuring a very huge level of 

long range internal stresses [88, 89], hence favoring this very regular cuboidal /′ 

microstructure. Finally, the last aging heat treatment performed at lower temperatures 

(typically between 750°C and 900°C) has the main purpose to relax residual stresses 

introduced during all processing steps (e.g. broaching of the blade root, laser cooling holes 

perforation, minor profile grinding to correct geometrical defects …). From a microstructure 

point of view, this last aging leads to thinner  matrix channels (see Fig. 14) thanks to the 

higher ′ content at temperatures below 900°C (the ′ content is of nearly 70% in most of Ni-
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based SX alloys from room temperature up to ~ 800-900°C, and then slowly decrease up to 

the ′ solvus temperature [90-96]) compared to the temperature employed during first aging 

heat treatment. This decrease of the  channel width is known to limit dislocation mobility 

[77, 97] and, consequently, to improve creep and tensile properties [74, 94, 98-100]. 

 

 

 

 

 

 

 

Fig. 104 – /′ microstructure evolution in primary dendrite arms of AM3 1st generation Ni-

based SX superalloy from as cast to fully heat treated state. (authors own works) 

 

3.2) Defects and optimizations 

3.2.1) Incipient melting 

 

The occurrence of incipient melting (see example in Fig. 10a) during solution 

treatment becomes an issue for Ni-based SX alloys with a high amount of refractory elements 

such a Re, W, Ta and Mo. Indeed, by increasing the content of such elements, the degree of 

chemical segregation is increased, overall leading to a lower temperature for incipient melting 

within interdendritic spacings while the ′ solvus temperature is increased. Overall, the heat 

treatment “window” becomes (very) narrow if one wants to dissolve as much as possible /′ 

eutectics pools without reaching incipient melting [58, 59, 101]. This is typically the case for 

alloys such as CMSX-10 alloys family (see CMSX-10K composition in Table 1) for which 



intricate ST schedules have to be designed [58, 59, 102-104]. Despite very few studies have 

been performed on the consequences of incipient melting on subsequent mechanical 

properties, it is interesting to notice that one group in China is proposing a new type of ST 

approach, including incipient melting and re-solutionning afterwards at a close-to-solvus 

temperature so as to rejuvenate all melted areas [105]. Improved creep strength have been 

obtained for a 3rd generation alloy with such a modified ST, since the chemical homogeneity 

is better across the dendritic structure compared to “standard” step-wise ST ending just below 

the incipient melting temperature [105]. Very recently, it has even been shown by L.M. 

Bortoluci Ormastroni that incipient melting can be tolerated in CMSX-4 Plus 3rd generation 

SX alloy after ST provided that localized melting is not accompanied by a detrimental pore 

growth [56]. In fact, local melted areas re-solidify in epitaxial relationship with the un-melted 

metal during final ST cooling and subsequent aging heat treatments restore an acceptable /′ 

microstructure within and in the vicinity melted area. It was shown that an area fraction of up 

to 10 pct. of incipient melting has no detrimental impact on tensile, creep and fatigue 

properties [56]. 

 

3.2.2) Optimizations 

 

Due to the cost added to the overall price of SX components by heat treatments, 

especially the solution heat treatment, reducing the duration and/or temperature of ST to the 

strictly necessary in terms of microstructure/mechanical properties quality is highly desirable. 

Usually, in such complex multi-element alloys, one of the simplest way to estimate the time 

necessary for ST is to assume that the completeness of this heat treatment is controlled by the 

diffusion of the slowest diffusion element [69, 106, 107], which is often rhenium for 2nd, 3rd 

and 4th generation alloys, while it is tungsten for most of 1st generation alloys. A ST is 

considered as completed once such an element has been able to diffuse over a characteristic 

length L which generally corresponds to the distance between the primary dendrite arm and 

interdendritic spacing centers. This distance can be calculated according to Eq. 3, knowing the 

apparent diffusion coefficient D of the least diffusive element [69, 108, 109], which is 

temperature dependent: 

 

𝐿 = √𝐷 ∗ 𝑡            (3) 

 

From this equation, it is then possible to obtain an estimation of the required ST 

duration t to achieve acceptable chemical homogeneity. It is clearly seen that the smaller will 

be the L value, the shorter/cooler can be the solution heat treatments. This is clearly the case 



for AM1 SX alloy, in which almost no more remaining eutectics has been observed after an 

accelerated (LMC) solidification compared to a standard one, using the same solution 

treatment (see Fig. 17 later on in this section) [22]. More recently, it has been observed even 

more impressive possibilities in ST time/temperature reduction considering quasi-SX 

solidification achieved by Selective Electron Beam Melting [3, 110, 111]. 

 

Over the last 10 years, different numerical tools have been developed to achieve much 

more reliable previsions of the chemical homogenization during ST, based on multi-

component diffusion databases and taking into account the initial dendritic chemical 

heterogeneity in a phase field approach [112]. The limitations of these approaches are that 

they are much more time consuming and they require the knowledge of the initial distribution 

of elements in the as-cast state. The same applies regarding the optimization of the precipitate 

size during aging heat treatments using phase-field approaches [113-117] at the expanse of 

very simple and efficient mean-field Lifshitz-Slyozov-Wagner (LSW) models [118, 119].  

 

4) Mechanical properties sensitivity to the processing parameters 

4.1) Creep and tensile properties 

 

As already mentioned earlier in this chapter, solution and aging heat treatments have 

mainly been designed so as to achieve the best degree of chemical homogeneity across the 

dendritic and a regular array of cuboidal ′ precipitates with an average edge length of nearly 

400-500 nm. No exception to this “rule of thumbs” can be noticed in the open literature for ~ 

<001> oriented components (the usual crystallographic orientation along the profile of blades) 

while it is known that the optimal precipitate edge length in terms of creep resistance for ~ 

<111> oriented SX specimens is around 200 nm [64]. This optimal precipitate size and 

regularity is also one of the targets to be reached for serviced components using rejuvenation 

procedures involving a ST and/or HIPping procedure after several hours of use [114, 120-

122].  

However, processing of components involves many different steps in addition to the 

“state-of-the-art” solution and aging heat treatments and industrial practices may lead, 

sometimes, to variation in cooling rates at the end of, e.g., the solution treatment. If the effect 

of the ST cooling rate has been widely studied for polycristalline disk alloys [123-125], very 

few papers have attempted to investigate this parameter on creep properties of Ni-based 

DS/SX alloys [72, 74]. Figure 115 presents the consequences of this parameter on creep 

properties of AM3 alloy. The solution cooling rate was varied from 10°C/min up to 

300°C/min, covering possible cooling rates encountered for high pressure turbine blades used 



in industrial gas turbines, large civil aero-engines and turboshaft engines for helicopters. The 

slower the cooling rate, the coarser the ′ precipitation and the more irregular the morphology 

of precipitates. At the fastest cooling rate, the optimum cuboidal microstructure is obtained as 

observed in Fig. 115. For an intermediate cooling rate of 80°C/min, the precipitation is 

irregular across the dendritic structure, with cuboids within primary dendrite arms (due to a 

locally higher /′ misfit resulting from the remaining chemical microsegregation) and a 

coarser precipitation within interdendritic spacings. For the slowest cooling rate, very coarse 

and interconnected precipitates are obtained, with a second population of very fine secondary 

′ precipitates. In this study, it was shown that the slower the cooling rate, the lower the yield 

stress in tension from room temperature up to 950°C, and the lower the isothermal and non-

isothermal creep properties [74]. As observed in Fig. 126, having a ST cooling rate of 

10°C/min corresponds to a spectacular decrease in creep strength of nearly 50°C in all the 

investigated temperature range (i.e. from 750°C up to 1050°C) compared to a ST cooling rate 

of 300°C/min. The creep properties with a ST cooling rate of 80°C/min lie in between these 

two extremes, closer to 300°C/min cooling rate [74]. It is then of the utmost importance to 

have the fastest possible cooling rate after the solution heat treatment to achieve a fine 

distribution of precipitates that can be adjusted in morphology and size afterwards by aging 

heat treatments. This is the reason why most of solution heat treatment furnaces are equipped 

with forced convection devices (e.g. gas fan cooling systems) to achieve the desired cooling 

rates, especially for large industrial gas turbines components. Coupled fluid-thermic modeling 

of the cooling gas flow in such furnaces is highly desired to optimize location of components 

and their cooling histories [126, 127].  

To summarize, creep properties of Ni-based SX superalloys are mainly dependent on 

the regularity of the /′ microstructure across the dendritic structure and the ability to reach a 

cubical ′ whose average edge length is in the 400-500 nm range, i.e. on the solution heat 

treatment (mainly) and agings. It is however weakly dependent on the size of the casting pore 

size, as observed by Steuer et al. [22]. A large casting pore size and heterogeneous 

distribution of pores as observed in Fig. 9a may only affect creep ductility and lifetime, but 

with a limited effect on both primary and secondary creep stages. A typical maximum 

acceptable porosity level for SX components from a creep point of view is in the 0.5-1% 

range. 



Fig. 115 – Evolution of /′ microstructure as a function of the ST cooling rate for AM3 1st 

generation SX alloy. Adapted from [74]. 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 126 – Creep properties dependence (Larson-Miller diagram) of AM3 1st generation SX 

superalloy as a function of the ST cooling rate. Adapted from [74]. 



4.2) Fatigue properties  

 

Fatigue properties, in the absence of any contribution of oxidation, are mostly 

dependent to the solidification defects, and more particularly to the casting pore size [22, 128, 

129]. One of the pioneering study has been conducted by Lamm and Singer using PWA 1483 

1st generation SX alloy used for land-based gas turbines for power generation, showing that 

the finer the dendritic structure (especially primary dendrite arm spacings), the higher the high 

cycle fatigue (HCF) at 800°C/R = -1/f = 95 Hz [21]. Such an issue was deepen later on by C. 

Brundidge, using René N5 2nd generation SX alloy, and a modified Ta-rich version of this 

alloy and both “standard” Bridgman solidification and Liquid Metal Cooling (LMC) [11, 130, 

131]. As expected, increasing the solidification rate led to a finer dendritic structure (see 

Fig. 137) and to smaller casting pores, especially the largest ones, the volume fraction of 

pores being almost the same. As a consequence of this decrease in the largest pore size, an 

improvement in low cycle fatigue (LCF) properties was obtained while creep properties were 

hardly affected by the change in solidification process.  

A better understanding was then obtained by S. Steuer et al. [22] and more recently, by 

A. Cervellon et al. [98, 132]. Indeed, as observed Fig. 148, the smaller the pore size is, the 

higher is the LCF life of AM1 1st generation SX alloy (see composition in Table 1) at 

750°C//R = -1/f = 0.5 Hz. An improvement of up to a factor 4 can be achieved in this 

condition using the LMC solidification process. At higher temperatures (e.g. 950°C and 

more), when oxidation is more active, this benefit is not observed anymore since crack 

initiation occurs at the surface. It was however shown that the casting pore size (and hence the 

solidification process) intrinsically controls the fatigue life at such a high temperature if tests 

are performed in high vacuum [22] or at high frequencies [55, 98, 132], such as the ones 

encountered by airfoils during transient engine regimes corresponding to the excitation of one 

of their fundamental resonance mode. Indeed, Fig.159 shows that the very high cycle fatigue 

(VHCF) life of AM1 1st generation SX alloy can be improved by a factor of 5 using an LMC 

solidification process compared to a Bridgman one. Applying a HIPping process is even more 

efficient according to this figure, by (almost) closing all casting pores. As a fundamental 

understanding, this improvement in fatigue properties by reducing the casting pore size results 

from a longer time spent in the very short crack propagation (the so-called micro-propagation 

domain) which can be into account using newly developed fatigue life criteria [22, 55, 56, 98, 

132].  

 

 

 

 



 

 

Fig. 137 – Dendritic structure of AM1 1st generation SX alloy after Bridgman and LMC 

processing. Adapted from [22]. 

 

Fig. 148 – LCF properties of AM1 1st generation SX alloy at 750°C/R = 0.05/f = 0.5 Hz as a 

function of the solidification process (a) and crack initiation sites (b). Numbers in (a) for each 

datapoint correspond to the size of the pore serving as a crack initiation site expressed as 

either the diameter of the smallest circle in which the pore can be included or the projected 

are of this pore. Adapted from [22].  

 

 

 

 



 

Fig. 159 – Effect of the pore size on VHCF properties of AM1 1st generation SX alloy at 

1,000°C/R = -1/f = 20,000 Hz. Adapted from [132, 133]. 

 

In summary, fatigue properties are mainly dependent on the solidification process 

when environment has a limited contribution to the crack initiation processes. Accelerating 

the solidification process is then a very reliable way to increase service life of Ni-based SX 

components, especially for internally cooled ones known to be very sensitive to fatigue 

cracking during their service life [134]. 

 

5) Conclusions 

Presentation has been given of the general features dealing with casting and heat 

treatments used for the production of SX components, including historical background and 

current trends, mainly dealing with modeling and simulation.  

Based upon historical perspectives, two main improvements can be highlighted 

considering the use of nickel base superalloys: i- alloys with always better creep properties at 

increased operating temperature and ii- complicated air cooling as part of the component 

design. These were the results of collaborations between metallurgists and mechanical 

engineers, while processing had to adapt and find solutions to deliver the products. The yield 

rate is still low for single crystal casting, typically reaching 70% as a consequence of the 



demand for very high quality. And because of the evolution of the alloy compositions, further 

steps are required for the products, such as the deposit of a thermal barriers coating. Yet this 

was not part of the criteria for the design of the last generation superalloys and many such 

alloys could not be introduced in engines because of the absence of thermal barriers coatings. 

So despite the fact that metallurgist could demonstrate always better intrinsic mechanical 

properties of new alloys composition, other factors prevented their use.  

Processing capabilities and the entire processing route were not or very little considered 

so engineers and processing teams had to adapt forming processes of the alloys from its 

original formulation. As a consequence alloys were proposed with enhanced creep properties 

at high temperature. However, no coating could be designed for these alloys which are not in-

use for SX blades. This shows that a SX component is a very sophisticated item that, more 

than in the past, needs collaborative efforts to bring innovative ideas into a working product. 

Enhanced synergetic strategies are required that would bring engine efficiency always higher 

as a result of a team work gathering teams of process engineers, metallurgists and physicists 

to create enhanced materials science products.  
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