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A B S T R A C T

Extruded polycrystalline pure magnesium (Mg) with fine grain size (~1.2 µm) exhibits ductility of over 100% at
room temperature, in spite of the presence of a strong basal texture. In this study, a set of complementary in-situ
characterisation techniques over multiple-length scales were utilised to reveal the deformation modes enabling
such ductility. Synchrotron X-ray diffraction results show that the elastic lattice strain of fine-grained sample for
tensile elongation up to ~55% is 3–10 times lower than that in the coarse-grained sample, indicating the absence
of significant strain accumulation inside fine grains and potential inter-granular deformation in bulk. In-situ scan-
ning electron microscopy validates the predominant operation of the inter-granular deformation, and it further
reveals that the inter-granular deformation occurs by the relative sliding between groups of grains having similar
orientations. The deformation resulting from such sliding is substantial, and it is accommodated by the rotation
of grains located between slid grouped grains, from hard to softer orientations to allowing dislocation slip to
readily occur. The accommodating mode of dislocation slip is further supported by in-situ transmission electron
microscopy observations. Dislocations glide readily to, and annihilate at, grain boundaries. The observations and
direct evidences presented herein suggest that the major deformation mode is sliding between grouped grains
that is accommodated by grain rotation and dislocation slip, in contrast to dislocation slip in coarse-grained Mg.
The coordinated deformation processes postpone the occurrence of localised stress concentration and greatly in-
creases the ductility of pure Mg at room temperature.

© 2021

1. Introduction

Magnesium (Mg) is a candidate for weight-saving in the transporta-
tion and electronic industries [1, 2]. A persistent barrier to the wider
adoption of wrought Mg-alloys is their limited ductility, and hence
formability, at room temperature. The intrinsically low formability of
Mg is caused by an insufficient number of deformation modes at room
temperature and a strong texture due to the hexagonal close packed
(HCP) crystal structure [3]. Deformation modes in Mg include in-
tra-granular dislocation slip on the basal, prismatic, and pyramidal
planes, and twinning [4]. However, only basal slip and {10 2}<10
1> exten
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sion twinning are the deformation modes that can be activated readily at
room temperature; which are insufficient to accommodate homogeneous
plastic deformation [5]. With respect to prismatic and pyramidal dislo-
cation slip, and other modes of twinning, the required critical resolved
shear stress is much higher. Compared to basal dislocation slip, they are
more difficult to activate and therefore become operative at room tem-
perature in Mg polycrystalline [4]. It was reported that for pyramidal II
slip, even if activated, <c+a> dislocations for such a slip system dis-
sociate into sessile dislocations that impede the migration of other mo-
bile dislocations, resulting in high hardening and low ductility [3]. Re-
cently, mobile <c+a> dislocation has been recorded using in-situ TEM
compression of a pure Mg single crystal along c-axis [6], suggesting that
<c+a> dislocation slip may still contribute to the plastic deformation
even in pure Mg.

Another cause for the low ductility of Mg is strong basal texture,
such as [0001]//normal direction (ND) in rolled sheet or <10 0>//

https://doi.org/10.1016/j.actamat.2021.116648
1359-6454/© 2021.
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extrusion direction (ED) texture, which is typically developed during
thermomechanical processing. A strong basal texture makes the avail-
able basal dislocation slip even more difficult to activate and operate,
leading to low formability [4]. For example, the total elongation of con-
ventionally processed pure Mg is normally less than 10% [7–9]. The
ductility of Mg at room temperature can be increased by alloying addi-
tions [4]. By adding appropriate alloying elements, e.g., rare-earth ele-
ments and zinc, the strong basal texture may be substantially weakened,
allowing ready activation of basal dislocation slip, as well as non-basal
dislocation slip [10]. The elongation of the resultant alloys is enhanced
to 30–40% when these alloys are tensile tested at room temperature
[11–15].

In addition to alloying additions, grain refinement to approximately
one micron or less is another effective approach that has been used
to enhance ductility, particularly for pure Mg and dilute (i.e. lean al-
loy) Mg alloys. The enhancement in ductility and formability made by
this approach is so significant that samples exhibit a total elongation
of more than 100% or nearly infinite compressive formability [16-23].
These findings provide a new approach for designing and developing
highly formable products from Mg and its dilute alloys. Existing stud-
ies [18–22] proposed that the high ductility at room temperature is
achieved by the occurrence of grain boundary sliding (GBS).

For metallic materials in general, GBS is regarded as a dominant
mechanism when extraordinarily high ductility (elongation > 100%) or
even superplasticity (elongation > 400%) was observed [24]. In order
to activate GBS, the material must have fine grain size (initially) and
deformation usually occurs at elevated temperature (> 0.5Tm, where
Tm is the absolute melting temperature of the material) [24]. At room
temperature, the extraordinarily high ductility achieved via GBS has
to date been reported in two types of metallic materials. One type is
the alloys with low melting temperatures, such as Bi (Tm = 271 C or
544K) [25], and Pb (Tm = 237 C or 510K) [26-28], Zn (Tm = 419.5
C or 692.5K) [29, 30] alloy, in which room temperature > 0.5Tm

is nearly satisfied. Another approach is to form a nanocrystalline mi-
crostructure with an average grain size of several to tens of nanome-
tres [31–33], whereby deformation is dominated by an inter-granular
mechanism even at a temperature below 0.5Tm – due to a vast propor-
tion of atoms in nanocrystalline alloys inhabiting grain boundary re-
gions [34]. In the case of highly ductile Mg (> 100%) at room tem-
perature as reported in Refs. [18–22], however, grains are microcrys-
talline rather than nanocrystalline, and the deformation temperature is
only 0.32Tm of Mg (Mg Tm = 923K (650 C)), which is considerably be-
low 0.5Tm. Although trace of GBS has been observed on the surface of
fine-grained Mg after tensile deformation at 0.32Tm [18–22], clarify-
ing how GBS operates as a dominant deformation mode at such a (rel-
atively) low temperature inside bulk microcrystalline Mg presently re-
mains an open question. Moreover, the important evidence that supports
the operation of GBS in the cited studies [18–22] is that the ductil-
ity is sensitive to strain rate, and the strain rate sensitivity values (m)
are around 0.2–0.3. Empirically, plastic deformation by GBS is charac-
terised by a m-value of ~0.5, whilst m = 0.2–0.3 corresponds to de-
formation dominated by dislocation–controlled creep, rather than GBS
[35, 36]. From this perspective, the role of GBS and dislocation slip
during room temperature deformation in highly ductile Mg requires fo-
cused clarification. If dislocation activity is found to be a major factor,
then intra-granular dislocations that are capable of resulting in ductility
of > 100% at room temperature (only when the grain size is one mi-
cron or less) need to be rationalised. If GBS is the dominant mode as
claimed in previous reports formability [16-23], then why the m-value
is only 0.2–0.3 needs to be explained. Furthermore, although the ac-
commodation mode for GBS in fine-grained Mg at room temperature
has been proposed [18, 19], the accommodation process has not been
directly observed yet, and thus still needs to be further identified. Re-
sponses to such postulates are unclear, predominantly due to the lack

of direct observation of the microstructural evolution during tensile test-
ing of highly ductile polycrystalline Mg.

To address an important knowledge gap for a technologically signif-
icant metal, a set of complementary in-situ characterisation techniques
were used in this study, including in-situ synchrotron X-ray diffraction,
in-situ digital image correlation (DIC), in-situ electron backscattered dif-
fraction (EBSD), and in-situ transmission electron microscopy (TEM).
The purpose of using these combined techniques is to provide a com-
plete information on the microstructural evolution of ductile pure Mg,
covering different length scales that has not been attempted before. For
the bulk material, synchrotron X-ray diffraction can reveal the evolu-
tion of elastic lattice strain and intra-granular plastic strain, which are
critical for identifying the deformation mode at the macroscopic scale.
Hence, pure Mg samples with coarse grains and with fine grains are
characterised using in-situ synchrotron X-ray diffraction, in order to il-
lustrate the impact of grain size on the deformation mechanism and im-
portantly accumulated elastic lattice strain with applied load in the bulk
material. The deformation modes revealed by the synchrotron X-ray dif-
fraction are then cross-examined using scanning electron microscopy
(SEM) based techniques at the mesoscopic scale. The in-situ SEM imag-
ing provides surface observations about the evolution of grain size and
shape, whilst the evolution of grain orientation and strain is visualised
and quantified using EBSD and DIC. At the submicron or even nanoscale,
in-situ TEM records the motion of dislocation and grain boundary. As
mobile grain boundaries have been proposed to be important for the
high ductility by accommodating GBS [35, 36], the grain boundary mo-
bility of ductile pure Mg at room temperature is examined. The utilisa-
tion of combined in-situ characterisation techniques herein is expected to
provide a full view of deformation modes in fine-grained Mg that cannot
be obtained by using individual characterisation method only, allowing
the mechanism of extraordinarily high ductility at room temperature in
microcrystalline Mg to be discussed.

2. Experimental procedures

2.1. Extrusion, mechanical testing and ex-situ characterisation

Commercially pure Mg ingot (99.95% from Amac Alloys, Australia)
was directly extruded at 80°C and 240°C at an extrusion ram speed of
0.1 mm/s. Billets before the extrusion were 35 mm in diameter, and
the extruded rectangular bars were 3 × 10 mm2 in cross-section, result-
ing in an extrusion ratio of 40:1. The as-extruded bars were immedi-
ately quenched in cold water. Tensile specimens with a gauge length of
5 mm were prepared by electric discharge machining. The tensile direc-
tion was parallel to the ED. The tensile test was performed in an Instron
5982 machine at the speeds of 0.03 mm/min and 0.003 mm/min, cor-
responding to initial strain rates of 10−4 /s and 10−5 /s. The microstruc-
ture of the as-extruded samples and fracture surface after tensile test-
ing was observed using a FEI Quanta 3D-FEG equipped with a Pegasus
Hikari EBSD detector. The as-extruded specimens were prepared by me-
chanical grinding using SiC sandpaper, and electro-polishing using a so-
lution of 20% nitric acid and 80% methanol, at room temperature and
0.6 Ampere.

2.2. In-situ synchrotron X-ray diffraction

In-situ synchrotron X-ray diffraction measurements were performed
on the powder diffraction (PD) beamline at Australian Synchrotron,
ANSTO [37]. Monochromatic X-rays with a beam cross-section of
3 × 1.2 mm2 and wavelength of 0.5905 Å was incident on the sample.
The diffracted X-rays were collected using a Mythen II microstrip de-
tector [38] for rapid acquisition of the high-resolution diffraction data.
The diffracted beam signal spanned an angular range of 50 2θ and a full
pattern was recorded for each loading increment. To improve the grain
sampling statistics, the load stage and test piece were rocked
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±17 about the centre of rotation. For each load increment, the diffrac-
tion data were recorded over an exposure time of 400s, coinciding with
one full ±17 rotation. Instrument calibration was carried out using the
National Institute of Standards and Technology standard reference ma-
terial 660b (LaB6) powder [39]. The setup of in-situ synchrotron X-ray
diffraction was shown in Refs. [40–42].

The tensile deformation was carried out on a 5 kN micro-deforma-
tion stage. The tensile test piece was clamped with a pin arrangement for
self-aligning the gauge length with respect to the loading axis. A nomi-
nal load of ~25 N was applied to the tensile sample in order to remove
any mechanical instability in the sample gripping system. The dimension
of the tensile sample gauge volume was 10 × 3 × 2 mm3. The loading
direction was along the ED and the ND was parallel to the incident beam
direction. The thickness of the sample parallel to the incident beam was
2 mm. Tensile loadings were carried out at an extension rate of 0.2 mm/
min, resulting in an initial strain rate of 3.3 × 10−5 /s. Samples were
loaded in the extension control mode where the samples were loaded
until the desired load/stress was achieved. As per the Bragg equation,
only grain orientations that had a {hkil} perpendicular to (or scattering
vector parallel to) the loading direction were measured. During the ac-
quisition of diffraction data, stress relaxation occurred. Then, the value
of the strain rate sensitivity was calculated from the stress-time curve,
using the equation of m = d ln σ / d ln , where σ was the stress, and
was the stress rate.

2.3. In-situ SEM, DIC, and EBSD

In-situ SEM, DIC and EBSD were performed in a JEOL-7001F
equipped with EDAX EBSD detector and a tensile test stage
(TSL-TS-1500-II; control system TSL-Tensile Test V6.57). The images
were obtained at a constant working distance using an acceleration volt-
age of 15 kV and a beam current of 12 nA, and contains 2500 × 2000
pixels. The pixels were used to trace and establish the image correlation
with the applied load. The samples for DIC were prepared by mechanical
grinding and polishing using OP-S 50 nm-silica suspension. The tensile
test stage automatically stopped for every 1% total elongation for the
SEM image acquisition. In-situ EBSD were captured in the as-extruded
state, and after 2%, 5%, 10%, 15% sample elongation. No data cleaning
was performed for the EBSD result. The tensile specimen for in-situ SEM
and EBSD had a gauge volume of 10 × 2 × 1 mm3, and were prepared
by electric discharge machining, mechanical grinding, and electro-pol-
ishing using a solution of 10 ml perchloric acid and 90 ml ethanol at
−30°C at 15 V for 30s. The cross-head speed during the in-situ straining
was 0.06 mm/min, corresponding to 10−4 /s strain rate. The straining
direction was horizontal in the images and maps shown in this paper.

2.4. In-situ TEM

In-situ TEM straining experiments were carried out using a Gatan
room-temperature straining holder in a JEOL 2010 microscope operated
at 200 kV. Microstructural evolution was monitored by means of DVD/
HD recording using a MEGAVIEW II CCD camera. Automated crystal
orientation mapping (ACOM) was obtained by an ASTAR system oper-
ating on a CM20FEG [43]. The corresponding videos, interrupted by
ACOM, were recorded on a Gatan Orius camera operated at 15 fps. Rec-
tangular micro-samples with size 3 mm (along the transverse direction,
TD) × 1 mm (along the ND) were prepared by electric discharge cut-
ting, followed by mechanical grinding to 50 µm thick using 4000 grid
SiC sandpaper. The samples were then ion-polished using Gatan Preci-
sion Ion Polishing System (voltage 4.8 kV and angle 4°) at −100 °C until
a small hole formed in the specimen.

2.5. Data processing

The data files obtained from EBSD and ACOM were processed us-
ing TSL-OIM 8 software. The size of a grain was represented by the
equivalent diameter that was calculated from the measured grain area.
The in-situ DIC strain analysis was performed using Vic-2D Digital Im-
age Correlation Ver.6.0.6 software. The displacement coordinate maps
on the ED-TD plane were produced using the Gaussian weights methods.
The in-plane deformation and strain were calculated from the coordi-
nate maps using the Lagrangian finite strain method. The grid spacing
for analysis was 0.2 µm.

For in-situ synchrotron X-ray diffraction analysis, line profile analysis
was carried out using TOPAS 5 software (Bruker) [44] to determine pre-
cisely the peak positions (2θ) and full-width at half-maximum (FWHM)
of the in-situ transmission XRD profiles. Single Mg peaks were fit us-
ing a Pseudo-Voigt (linear combination of Lorentzian and Gaussian func-
tions) profile fitting function [45]. The background for the entire dif-
fraction pattern was modelled based on a 6th order Chebyshev polyno-
mial. Employing the calibration methodology and the peak fitting pro-
cedures described above ensured an absolute value for the peak posi-
tions and strain sensitivity of 1.5 × 10−4. With 2θ positions established,
interplanar spacings were calculated according to Bragg's law, and the
elastic lattice strain was determined using , where
was the reference (unstressed) lattice plane spacing. From the instru-
ment corrected FWHM results, micro-strain was calculated following
the equation of , where β was peak broadening in radians, and
θ was Bragg angle of the peak. The increment of micro-strain during
tensile testing was defined by , where was the residue
micro-strain in the as-extruded state before tensile testing. The X-ray in-
tensities from grains with {10 0}, (0001), {10 1}, {10 2}, {11 0}, {10
3}, {10 2}, {20 3}, {2 1}, {11 4}, {2 3} perpendicular to the ten-

sile direction at each stage of elongation were measured. Based on the
intensity measurement, the fractions of such grains were calculated us-
ing equation: Ihkl = Iobs / (LP |F|2), where Ihkl is the volume fraction of
grains, Iobs is the measured intensity which was correct for the Lorentz
polarisation (LP) and structure factor |F|2 [40].

3. Results

3.1. Microstructure and mechanical properties of as-extruded samples

The microstructure of the as-extruded samples was characterised us-
ing EBSD (Fig. 1). For samples extruded at both 80 C and 240 C, most
grains had nearly equiaxed shape. The sample extruded at 80 C had
fine grains of 1.2 ± 0.75 µm in diameter (denoted FG-Mg hereafter),
whereas the sample extruded at 240 C (denoted CG-Mg hereafter) had
a coarser grain size of 12 ± 6.2 µm in diameter. In the FG-Mg, some
unrecrystallised grains were observed, whose area fraction was approx-
imately 10%, and this fraction was decreased to 4% in the CG-Mg. In
terms of texture, both FG-Mg and CG-Mg had a strong [0001]<10 0>
texture, i.e. [0001]//ND and <10 0>//ED. This texture was similar
to the rolling texture in the extruded bar. From the EBSD result, it was
evident that the only major difference in the microstructure between
FG-Mg and CG-Mg was their grain size.

Despite the similar strong basal texture, the FG-Mg and CG-Mg ex-
hibited distinctly different ductility at room temperature. For FG-Mg,
subjected to the tensile testing at 10−4 /s, the elongation was ~100%
(Figs. 2a and b). With a lower strain rate, e.g. 10−5 /s, the total elon-
gation increased dramatically to ~230%. For the CG-Mg, however, it
had much lower ductility, only ~11%, even subject to the same low
strain rate of 10−5 /s. The dash–dot curves show the strain-harden-
ing in Considere–Hart's criterion [46], using equation γ + m = 1. m is
strain-rate sensitive of Mg samples, which was measured from stress re
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Figure 1. EBSD orientation maps and corresponding (0001) pole figures along normal direction (ND), extrusion direction (ED), and transverse direction (TD), and inverse pole figure along
ED, of (a) fine-grained (FG-Mg) and (b) coarse-grained (CG-Mg) samples.

laxation tests (Fig. 3a), whilst (derived from tensile
stress-strain curve). The FG-Mg was found to have a much lower strain
hardening than CG-Mg. The intersection points with the stress–strain
curves indicated the onset of necking. It was shown that the magni-
tudes of uniform elongation in FG-Mg and CG-Mg were similar, approx-
imately 8–15%. However, the FG-Mg sample had a very long-range of
stable necking, larger than 80% at 10−4 /s, and 200% at 10−5 /s strain
rates. After tensile testing, the ED–TD surface of samples was observed
by SEM. For the FG-Mg after 50% elongation, numerous fine-grains
emerged from the polished surfaces (Fig. 2c). No cracks were observed
after such large elongation. As a comparison, after 10% elongation, the
surface of CG-Mg was much smoother (Fig. 2d). The boundaries of some
grains were observed, but not as clear as those in the FG-Mg. A major
crack was observed along grain boundaries of several grains, which was
nearly perpendicular to the tensile direction. It seemed that the grains
at the left side of the crack were higher than those at the right side, in-
dicating the relative motion of grains along the ND. The SEM observa-
tions further illustrated an evident difference in the fracture surfaces be-
tween the FG-Mg and CG-Mg samples. The fracture surface of the FG-Mg
sample contained a high density of dimples, indicating a ductile fracture
mode (Fig. 2e). In contrast, the fracture surface of the CG-Mg sample
was quite flat, which is a signature of brittle fracture (Fig. 2f).

3.2. In-situ synchrotron X-ray diffraction

In-situ synchrotron X-ray diffraction was utilised to characterise the
deformation mode in the bulk material. During measurement, the sam-
ple inevitably relaxed during data acquisition (Fig. 3a). Based on the
stress relaxation, the calculated values of the strain rate sensitivity were
~0.2 maximum for FG-Mg and ~0.06 maximum for CG-Mg (Fig. 3b),
which suggested a higher level of inter-granular deformation in the
FG-Mg sample. During elongation, the tensile strain led to a shifting of
the diffraction peaks towards a lower 2θ value, whilst the storage of
intra-granular dislocations and potential sub-cell formation resulted in
diffraction peak broadening [45]. Hence, the examination of the posi-
tions and broadening of the diffraction peaks was able to provide in-
sightful information about the deformation mode of samples. Three dif-
fraction peaks with the highest intensity were selected for analysis. They
were {10 0}, {11 0} and {10 1} peaks as they represented the ma-
jor proportion of grains in the samples. Figs. 3c and d show the dif-
fraction profile of {10 0} peak of the FG-Mg and CG-Mg, respectively,
up to ~8% elongations. Firstly, it was observed that the peaks in both
samples shifted towards lower Bragg angles, which was caused by the
increase in lattice plane spacing during the tensile deformation. How-
ever, at 8% elongation, the {10 0} peak of FG-Mg shifted by 0.01 ,
whilst the peak of CG-Mg shifted by 0.04 . Secondly, the peak broad-
ening in the FG-Mg was much less significant than that in the CG-Mg.
Essentially, it was found that, not only the {10 0}, but also {10 1} and
{11 0} showed increased levels of peak broadening in the CG-Mg than



UN
CO

RR
EC

TE
D

PR
OO

F

Z. Zeng et al. / Acta Materialia xxx (xxxx) 116648 5

Figure 2. (a) True stress–strain curves of FG-Mg in tensile tests at strain rates of 10−4 /s and 10−5 /s, and CG-Mg at a strain rate of 10−5 /s as benchmark. Dash–dot curves represent strain
hardening rate based on Considere–Hart's criterion. (b) Photo showing FG-Mg samples after tensile testing. SEM micrographs show the (c, d) ED–TD surfaces and (e, f) fracture surfaces of
FG-Mg with strain rate of 10−4 /s and CG-Mg with strain rate of 10−5 /s.

in the FG-Mg with the applied load. Therefore, the grain size was found
to have a considerable influence on the evolution of lattice plane spac-
ing during the tensile deformation.

In order to quantify the influence of grain size, the measured elas-
tic lattice strain, FWHM, apparent micro-strain, and grain volume frac-
tion, were plotted against the measured percentage gauge length elon-
gation (Fig. 4). Fig. 4a shows the elastic lattice strain as a func-
tion of sample elongation. The elastic lattice strain of the CG-Mg was
much higher than that of the FG-Mg. In the CG-Mg, the {10 0} and {11
0} grains had elastic lattice strain increased in an approximately linear

manner up to 3 × 10−3, after 8% elongation. For {10 1} grains in the
CG-Mg, elastic lattice strain increased in a similar gradient to {10 0} or
{11 0} grains at small elongation, but there was a sharp change in the
gradient at ~1.4% elongation. Beyond this elongation, the increase of

elastic lattice strain plateaued with increased elongation. This deflection
suggested the relaxation of elastic strain, reportedly caused by the onset
of basal dislocation slip [40, 47, 48]. In contrast, in the FG-Mg (Fig.
4a), the evolutions of elastic lattice strain from all the measured peaks
were similar – all exhibited much lower gradient in the strain–elonga-
tion curves and the overall magnitude of the elastic strain was almost
an order of magnitude lower than those in the CG-Mg. Even after the
FG-Mg sample was stretched by 55% elongation, the values of {10
0}, {11 0} and {10 1} lattice strain were only 6.5 × 10−4, 6.3 × 10−4,
and 5.5 × 10−4, respectively. During deformation at room temperature,
such low values of elastic lattice strain have not been reported before.
The results are indicative that the microstructure does not experience
significant growth in tensile strain even at high levels of elongation.
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Figure 3. (a) Stress–strain curves, and (b) calculated strain rate sensitivity of FG-Mg and CG-Mg samples as a function of elongation during in-situ synchrotron XRD tensile testing. (c, d)
2θ scan profile of {10 0} peak of the FG-Mg and CG-Mg respectively up to ~8% elongation.

Figure 4b shows the FWHM of the diffraction peaks as a function of
sample elongation. At nominal load, the anisotropic peak broadening in
FWHM data for the FG-Mg sample was higher than the CG-Mg sample,
predominantly caused by the distinctly different grain size of 1.2 µm and
12 µm, respectively. Based on the FWHM data, the micro-strain was
calculated. In order to highlight the increment of micro-strain during
the tensile testing ), the residual micro-strain in the as-extruded state
was was deducted from . It was found that in the FG-Mg was
much lower than that in the CG-Mg in all the peaks (Fig. 4c). For {10
0} and {11 0} grains of CG-Mg, the values of after ~8% elongation
were approximately 3.7 × 10−3 and 4.0 × 10−3, respectively. This was
~3 times higher than those in the FG-Mg at the same elongation. It was
noted that in the FG-Mg, the maximum occurred when the sample
was tensile strained by ~22%. With further elongation, the value of
plateaued. When the elongation of FG-Mg was increased to ~55%, the
value of was still only 2.0 × 10−3 for {10 0} grains and 1.5 × 10−3

for {11 0} grains. For {10 1} grains of FG-Mg, the value of was
even lower, approximately 1.1 × 10−3. In contrast, for the CG-Mg, the
maximum values of in the {10 1} grains of the CG-Mg was much
higher, ~3.0 × 10−3, and increased steadily with increasing elon-
gation. The observed low level of apparent plastic strain supports the
controlled stress concentration in the FG-Mg.

Figure 4d supported the EBSD observation (Fig. 1) that FG-Mg
and CG-Mg have similar strong basal texture in the as-extruded state
in which {10 0} and {11 0} grains were majority. Specifically, the {10
0} grains had the highest fraction, about 41% in FG-Mg and 36% in

CG-Mg, followed by {11 0} grains (23% in FC-Mg and 24% in CG-Mg).
Despite similar initial texture, the evolution of {10 0} and {11 0}

grain fraction were different in the FG-Mg and CG-Mg during in-situ syn-
chrotron tensile deformation. In the CG-Mg, the volume fraction of {10
0} and {11 0} grains slightly increased by 1–2% with elongation. In

contrast, in FG-Mg, volume fraction of {10 0} and {11 0} grains de-
creased in larger magnitudes from 41% to 33% and from 23% to 20%,
respectively. This demonstrates that a greater grain orientation change
occurred in FG-Mg during the tensile test; whereby the grains with ini-
tially hard orientations (such as {10 0} and {11 0} grains), were ro-
tated away with increased elongation.

3.3. In-situ SEM observations

Whilst a rapid increase in strain has been observed in the CG-Mg and
other Mg alloys whose deformation were dominated by intra-granular
dislocation slip [38, 39], it is the first time to observe such a low elas-
tic lattice strain in the FG-Mg synchrotron diffraction results even af-
ter substantial elongation at room temperature. In order to reveal why
FG-Mg has such a unique low strain accumulation, the microstructural
evolution of the FG-Mg was monitored at the mesoscale, using the in-situ
SEM imaging during tensile deformation. The sample stage was tilted
by 20 around the tensile direction, and thus small differences in sur-
face height could be observed. The in-situ SEM characterisation (Figs.
5a–f) clearly shows the plastic deformation progressed by the relative
motion of grain groups, such as those label by I, II, and III. The rela-
tive displacement between grain groups I and II led to the formation
of a shear band nearly along the TD, whilst the relative motion be-
tween grain groups II and III resulted in a zigzag surface step in the
FG-Mg (Fig. 5a). With the increase in the tensile elongation, the shear
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Figure 4. Evolution of (a) elastic lattice strain , (b) FWHM, and (c) increment of micro-strain ( ), and (d) volume fraction of grains, as a function of sample elongation (in log scale)
in grains with {10 0}, {11 0} or {10 1} normal to the tensile direction.

Figure 5. In-situ SEM images showing FG-Mg sample after (a) 5%, (b) 10%, (c) 15%, (d) 20%, (e) 25%, and (f) 30%. (g) Measured distance between marks in along the tensile direction
as a function of sample elongation.

band became wider, whereas the step height increased but the slope of
the step decreased (Figs. 5b–f).

Surface features, e.g. cavities or protrusions, were selected as the
marks for strain estimation. These marks were aligned such that they
deform in a manner that is rationalised by the line segment. The dis

tance between marks projected along the tensile direction, AB, BC, CD,
DE, and EF, were measured during in-situ SEM (Fig. 5g). AB crossed
the shear band between grain groups I and II, and DE crossed the step
between grain groups II and III. It was observed that the tensile strain
of DE was remarkably high, ~128% when the sample was stretched by
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30%, followed by tensile strain of AB of 68%. As a comparison, the
strain of segments within each grain groups, such as BC, CD, and EF,
were much lower (less than 30%). During the sample elongation from
5% to 30%, AF was elongated from 40 to 58 µm, whilst AB and DE
was elongated from 8 to 13.5 µm, and from 7 to 16 µm, respectively.
The combined elongation of profile AB and DE accounted for 81% of
the total elongation of profile AF. Therefore, the grains in shear band
or between steps seemed subject to more severe deformation than those
grains within the grain groups. To assess the deformation within shear
band, further in-situ SEM at higher magnification, EBSD and DIC was
used.

At the corner of the zigzag step (location highlighted in red rectangle
in Fig. 5d), two neighbouring grains, labelled A and B, were selected.
For Grain A, a step with a height of ~0.06 µm, caused by GBS, was
formed after 5% elongation (Fig. 6a). During sample elongation from
5% to 15%, the height of this step increased to 0.06 µm and 0.12 µm,
respectively. The further stretching of the sample did not effectively in-
crease the step height by GBS (Figs. 6b–d). Even after the sample was
stretched by 25%, the step height was almost unchanged. With respect
to the intra-granular deformation of Grain A, the grain diameter showed
no increase as the elongation was increased from 5% to 15%. However,
from 15% to 25% sample elongation, Grain A was stretched from 1.7
µm to 2.2 µm along the tensile direction. The intra-granular strain was
then calculated from the elongation of grain E along the tensile direc-
tion, whilst the strain that was caused by GBS (that contributed to sam-
ple total strain) was calculated from the grain boundary offset, using the
model ( is the displacement in step height, L is the diameter
of grain along the tensile direction, k is a coefficient of 1.5). This model
was proposed by Bell and Langdon [49]. The operations of GBS and in-
tra-granular deformation led to an elongation of ~30% for this individ-
ual grain.

In grain B, grain rotation and much more significant intra-granu-
lar deformation were observed (Fig. 6). As the grain boundary at the
right-hand side could not be distinguished, only a part of grain B, which
was marked by the grain boundary at the left-hand side and the cavities
(Fig. 6b), was observed. Grain rotation started at small sample elon-
gations (< 5%), and it led to formation of an inclined plane of Grain
B with respect to the reference surface (Fig. 6a). With further stretch-
ing, several straight slip lines were readily observed on the inclined
plane, suggesting the operation of dislocation slip (Fig. 6b). At a sam-
ple elongation of 10%, the length of Grain B along the tensile direc

tion was 0.8 µm (Fig. 6b). When the sample was stretched from 10% to
15%, a step was formed from the inclined plane. The step was 0.5 µm in
length (Fig. 6c). With the further stretching of the sample to 25% elon-
gation, another step with a length of 0.8 µm was formed from the in-
clined surface, and now the length of Grain B along the tensile direction
was 2.2 µm (Fig. 6d). During sample elongation from 10% to 25%, the
inclined plane became a staircase, which led to a dramatic elongation of
163% of the observed fraction of grain B along the tensile direction.

In order to validate the observation in Fig. 6, the evolution of an-
other grain was observed using in-situ SEM. Fig. 7 showed that the
grain, labelled C, was on the slope of a surface step formed during the
tensile testing. The grain boundary of grain C could be readily observed
and a yellow line was used to show the grain diagonal. The resolved
length of the yellow line along the tensile direction was measured dur-
ing tensile testing. Similar to grain B, grain C was also subjected to
grain rotation and significant intra-granular deformation, which accom-
modated the formation of the surface step. The elongation of Grain C
along the tensile direction was estimated at ~180% during the tensile
process from 5% to 30% elongation. Numerous straight slip traces were
observed on the surface of grain C, indicating the operation of dislo-
cation slip. Similarly, a grain (labelled D) next to Grain C also demon-
strated significant intra-granular deformation, from 0.4 µm to 1.7 µm
along the tensile direction when the sample was elongated from 5% to
20%. The close examination of grain D showed that the deformation
occurred through an intra-granular mode, with a significant elongation
of grain shape along the tensile direction. It was also observed that ac-
companied by significant intra-granular deformation, the cavities, which
were formed due to the incompatibility of the relative motion of ad-
jacent grains, were gradually flattened during further stretching. These
cavities did not penetrate or transform into cracks.

Figures 8(a, b) showed evolution of a grain outside of shear band
or step (within a grain group). It can be observed in Fig. 8b that grain
boundary offset was formed between a grain (labelled E) and bench-
mark surface through GBS, and that grain E was gradually elongated
with increased sample elongation from 5% to 30%. Grain rotation was
not observed. Using the equation , it was estimated that the
strain caused by GBS increased from 0.045 at 5% sample elongation to
0.063 at 10% sample elongation, and stabilised between 0.075-0.08 be-
yond 15% sample elongation (Fig. 8c). From 5% to 30% sample elon-
gation, the intra-granular strain of grain E increased steadily to 0.16. In

Figure 6. In-situ SEM observation showing the surface morphology of grains A and B subjected to (a) 5%, (b) 10%, (c) 15% and (d) 25% elongations in FG-Mg sample.
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Figure 7. In-situ SEM observation of the FG-Mg sample subjected to (a) 5%, (b) 10%, (c) 15%, (d) 20%, (e) 25% and (f) 30% elongations showing that significant elongation of grains C
and D. Cavities on the surface after 10% and 15% elongations was gradually filled at an elongation of 30%.

the regions outside of shear bands, the local strain contributed by intra-
and inter-granular deformation in total was less than strain of grain lo-
cated in shear bands, and also less the sample elongation.

Using the same method, the deformation of 67 grains, including
those within and outside of shear band, were examined. The selection
criteria of these 67 grains was that their grain boundary offset could be
readily observed in SEM image at 5% sample elongation, allowing the
evolution of grain shape to be tracked since early stage of tensile test.
The strain caused by intra-granular deformation varied significantly, but
strain caused by GBS was similar (Fig. 8d). It was found that although
GBS contributed the major fraction of strain at small sample elongations,
its contribution to total elongation was decreasing with further elonga-
tion (e.g. beyond 15%). This was because at large elongation, the in-
crease of grain boundary offset was limited, however grains continued
to elongate through intra-granular deformation. This observation sug-
gested that GBS between individual grains may contribute to a minor
fraction of total elongation in the FG-Mg at 10−4/s strain rate at room
temperature.

EBSD was utilised to measure the orientations of grains where shear
band or step is formed. Figs. 9a and b show equiaxed grains with
strong basal texture in a local region of the FG-Mg sample. In this re-
gion, the fraction of grains with strong basal orientations. These grains
(grain populations) formed several distinct grain groups as shown in
Fig. 9c. Between these strong basal-oriented grains, there were some
non-basal oriented grains, which separated the grain groups (Fig. 9d).
It was found that a major fraction of these non-basal-oriented grains
had high-value Schmid factor for basal slip, indicating the relative ease
of operation of basal dislocation slip (Fig. 9e). In contrast, for most of
the strong basal-oriented grains, their Schmid factor for basal slip was
quite low, suggesting a higher stress required to activate the basal slip
in these grains. After 15% elongation, a shear band (depicted by dark
curves) was clearly observed in the SEM image (Fig. 9f). The shape of

the shear band was similar to the distribution of non-basal-oriented
grains shown in Fig. 9d. This coincidence indicated the presence of
soft-oriented grains fostered the formation of shear band during defor-
mation.

In-situ EBSD were used to measure the evolution in grain orienta-
tion during the relative motion of grain groups. However, due to the
small grain, large local strain, and grain boundary offset, the index rate
was too low so that majority of grains could not be tracked using in-situ
EBSD. Instead of presenting in-situ EBSD map of whole area, six neigh-
bouring grains (labelled 1–6), which had comparatively higher index
rate and could be tracked up to 15% elongation, were selected for case
study. It should be noted that the indexed grain shape might differ from
the their real shapes, because the area close to grain boundary might not
be indexed, but in-situ EBSD could still measure the orientation of these
grain during tensile deformation. The orientation map (Figs. 10a–e)
and basal pole figure (Fig. 10f) show the orientation of Grains 1–6.
These six grains had diverse orientations. It was noted that Grains 1, 2,
3, and 5 already had a high-value Schmid factor for basal slip (soft ori-
entations) in the as-extruded state. Grains 4 and 6 had hard orientations
– c-axis of Grain 4 was only 7 tilted away from the ND, whilst the c-axis
of Grain 6 was nearly perpendicular to the ND (84 ). They both had low
values of Schmid factor for basal dislocation slip (~0.1) in the as-ex-
truded state.

It was found that at 5% sample elongation, the magnitudes of the
grain rotation were similar, and relatively small about 3–6 . During elon-
gation from 5% to 15%, the rotation of Grains 4 and 6 became much
more significant than the rest of the selected grains. Up to 15% elonga-
tion, the rotation angle of Grains 4 and 6 were approximately 25 and
35 , respectively. In contrast, the rotation angle of Grains 1, 2, and 5
was ~15 . For Grain 3, the rotation angle was ~18 . For Grains 1, 2,
3, and 5, the rotation during stretching was not so significant and did
not make a big change in their values of Schmid factor for the basal
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Fig. 8. (a) SEM image showing a region outside of shear band. A grain as labelled E is highlighted by red arrow after 5% sample elongation. (b) In-situ SEM observation of Grain E during
tensile testing from 5% to 30% sample elongation. (c) Calculated strains caused by GBS and by intra-granular deformation of grain E. (d) Calculated strain caused by GBS as a function of
sample elongation from 67 grains in the FG-Mg from 5% to 30% elongation based on in-situ SEM observation.

slip (Fig. 10h). In comparison, the rotations of Grains 4 and 6 signifi-
cantly increased their values of Schmid factor for basal slip to 0.41 and
0.25, respectively. In shear bands, not all grains had soft orientation ini-
tially. It appears that during the formation of a shear band where soft
grains were the majority, some grains in this region, which had initially
hard orientation, rotated to a softer orientation. Such grain rotation al-
lowed more grains to gain an improved capability of plastic deforma-
tion. This observation rationalised the substantial intra-granular defor-
mation of grains B and C, after grain rotation (Figs. 7 and 8), and sug-
gested that such significant intra-granular deformation was most prob-
ably to be achieved by the high activity of basal dislocation slip. The
operation of basal dislocation slip in fine-grained pure Mg was also ob-
served and reported by a recent study [50]. The grain rotating away
from hard orientation was also supported by the synchrotron X-ray dif-
fraction that showed the decreased fraction of {10 0} and {11 0} with
increased sample elongation.

In order to further show the deformation characteristics of FG-Mg
at a larger observation area, an indentation matrix was applied to the
polished sample surface (Fig. 11a). The indent diagonal was 18 µm
and the distance between the centre of each unique indent was 85 µm.
Then the sample was tensile deformed up to 50% elongation, and the
deformation of each indent and distance between the centre of neigh-
bouring indents were measured. It was found that at 50% elongation,
the average elongation of the indent diagonal was less than 50%, only
31.6 ± 13% along the tensile direction (Fig. 11b). As a comparison,
the average elongation between neighbouring indent centre was much
larger, at 49.7 ± 10.3%. We examined the indents whose elongation
along the tensile direction more than 50%, and found that they are in

evitably in a shear band (Fig. 11c) or cross a surface step. Given that
indent diagonal was shorter than the distance between neighbouring in-
dent centre, each indent was more likely to be within the grain group
between shear bands (example shown in Fig. 11d), rather than across
a shear band or a surface step. Fig. 11 further demonstrated that defor-
mation was not uniform throughout the sample during testing, and the
deformation in shear band or step region was much more significant.

In the next step, the in-situ DIC was used to quantify the strain level
and to visualise the in-plane strain distribution (Fig. 12). Shear bands
(highlighted by the red arrows in Fig. 12b) was observed after the sam-
ple was stretched to an elongation of 10%. With the increase in elon-
gation, the deformation along with the shear bands was more signifi-
cant than the rest of the sample, and the intersection point of the shear
bands was deformed most severely (Figs. 12a–d). A white arrow was
drawn across an intersection point in Fig. 12d, and the magnitude of
the true strain along this arrow was plotted in Fig. 12e. At the intersec-
tion point (highlighted by the green spot in Fig. 9d), the tensile strain
increased nearly linearly as a function of elongation, reaching a surpris-
ingly high value of 4.3 (Fig. 12f). However, within the grain groups, the
local plastic strain increased at a much slower rate. As highlighted by
the yellow spot in Fig. 12d, the strain value of this spot was still quite
low, only ~0.27 even after 50% elongation. During the whole deforma-
tion process, global certainty of the DIC analysis was kept over 98% and
reached close to 100% at the end of deformation (see supplementary fig-
ure 1).
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Figure 9. (a, b) EBSD orientation map and corresponding (0001) pole figure showing the microstructure and grain orientations of the as-extruded FG-Mg sample. (c, d) Orientation maps
highlight the grains with strong basal texture and non-basal texture in this region. (e) Plot showing the fraction as function of the values of Schmid factor for basal slip of grains in (c) and
(d). (f) SEM secondary electron image showing a shear band after 15% elongation (sample tilted by 70 ).

3.4. In-situ TEM straining

The SEM observation of large strain by intra-granular deformation in
some grains is further supported by in-situ TEM straining. Fig. 13 (Sup-
plementary video 1) showed that in the thin-foil sample, the fine-grains
were subjected to significant necking before trans-granular fracture ini-
tiated. This phenomenon was not widely observed in Mg, but it was ob-
served in fine-grained thin films of Al that also present large elongation
[51]. The high intra-granular ductility and trans-granular fracture lead
to the formation of dimples, which were observed in the SEM image of
fracture surface (Fig. 2e).

In the loading experiments, most of the time the dislocation con-
trast vanished at the grain boundary (Supplementary videos 2 and 3),
indicating a rapid decomposition as previously observed in Ref. [51].
Figs. 14a–c (snapshot of Supplementary video 2) showed an exam-
ple of dislocation–grain boundary interaction. At t = 0s (Fig. 14a), a
curved dislocation highlighted with a red dashed line, was moving to-
ward the upper grain boundary due to the applied stress. At t = 3.6s
(Fig. 14b), the dislocation expanded and entered the grain boundary
which led to two dislocation segments. The dislocation contrast van-
ished except at the intersection between the right segment of the dislo-
cation and the grain boundary (indicated by a black arrow). This dislo-
cation eventually remained pinned by the grain boundary. At t = 3.7s
(Fig. 14c), the left dislocation segment continued to move on the left to-
ward the triple junction without leaving any visible contrast in the grain
boundary. This observation clearly indicated that the dislocation has
been fully incorporated in the grain boundary. As the grain boundaries

seemed to be able to actively absorb of dislocations, deformation was
thought to be efficiently transferred along them by GBS, and prevented
a strong localisation of deformation in the grain [52]. With respect to
grain boundaries, they were quite sessile throughout the entire in-situ
TEM straining.

The close examination using in-situ TEM straining in combination
with ASTAR-ACOM revealed the important role of grain boundary on
ductility. Subjected to large sample elongation, a pre-existing crack
propagated nearly perpendicular to the tensile direction. Fig. 15a shows
that a crack was approaching a triple junction of grains labelled 1, 2 and
3. When the crack was far from the triple junction, e.g. more than 0.5
µm, it propagated at a nearly constant rate, and the sample in front of
the crack tip was thinned by intra-granular plastic deformation. When
the crack was near the triple junction, the propagation rate decreased
(Fig. 15b). The in-situ TEM characterisation (Supplementary video 4
and the snapshots shown in Figs. 15c–f) indicated that the localised
thinning zone ahead of the crack tip became diffuse and the crack tip
was blunt at the triple junction, which is most probably to be achieved
by enhanced ductility near the grain boundary through active emission
and absorption of dislocations. It was noted that crack tips and a large
variety of GBs with different planes would modify the stress state, which
was not a pure tension stress. Herein, we merely made use of large plas-
tic deformation ahead of a crack tip to exam if GB would move un-
der stress. If so, GB migration would be captured as shown in previ-
ous studies [51, 52]. When GBs were on the free surface of TEM foil
and subjected to stress concentration in front of crack tip, GB migra-
tion should be much easier than that within bulk sample. However,
even under this circumstance, the GB migration was still not observed.
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Figure 10. (a–e) In-situ EBSD orientation maps of selected grains in (a) as-extruded state, and after (b) 2%, (c) 5%, (d) 10%, (e) 15% elongations. (f) (0001) pole figure showing the
orientation of selected grains in as-extruded state and after 15% sample elongation. Plots showing the change of (g) grain rotation angle (h) Schmid factor for basal slip as a function of
sample elongation in the selected grains. The Euler angle of each grain in the as-extruded state is provided in degrees.

Instead, it was frequently observed that many slip traces cross individ-
ual grains from side to side. In such grains, no evidence of GB migra-
tion were recorded (supplementary video 5). These in-situ TEM results,
which recorded intra-granular rather than inter-granular deformation in
different grains, suggested the GBs were immobile, and their migration
was even less likely to operate in the bulk sample.

4. Discussion

4.1. Inter-granular deformation mode

In this study, fine-grained pure Mg (~1.2 µm in diameter) was uni-
axially elongated by ~100% (at 10−4 /s) and > 200% (at 10−5 /s) at

room temperature despite a strong basal texture. Based on the tensile
stress–strain curves, the ductile deformation of FG-Mg at room tempera-
ture still exhibits some differences to the superplastic deformation of Mg
alloys at elevated temperature [53–57]. First, the FG-Mg at room tem-
perature has a total elongation of 100–200%, whilst elongation in su-
perplastic deformation is normally more than 400% [53–57]. Secondly,
the flow stress during superplastic deformation is extremely low, nor-
mally less than 20 MPa, and with negligible work hardening [53–57].
In comparison, the flow stress of the ductile pure Mg at room tem-
perature is much higher in the range of 50–120 MPa, and the work
hardening, although low, was still observed. Such differences revealed
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Figure 11. (a) SEM image of indentation matrix. (b) Histogram showing the elongation of each indent and elongation of each segment of grid after 50% elongation. SEM image of indents
with elongation (c) larger and (d) smaller than 50%, after 50% sample elongation.

Figure 12. In-situ SEM images and corresponding DIC maps showing evolution of tensile strain (exx) at sample elongations of (a) 0, (b) 10%, (c), 30%, and (d) 50%. (e) Plot showing the
distribution of tensile strain along the white (arrow) profile shown in Fig. (d). (k) Plot showing evolution of tensile true strains as a function of sample elongation at the green and yellow
spots in Fig. (d).

by tensile testing may indicate a different deformation mode for high
ductility at room temperature, in contrast to the superplastic flow at
elevated temperature. In the following sections, we analyze the results
from the complementary in-situ diffraction and imaging techniques, and

identify the key factor for the extraordinarily high ductility of FG-Mg at
room temperature.

First of all, it is necessary to validate whether inter-granular defor-
mation is the dominant mode in the FG-Mg at room temperature. In-
deed, how to demonstrate the operation of inter-granular deformation
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Fig. 13. In-situ TEM images showing the formation of dimple and ductile trans-granular fracture.

Figure 14. (a) TEM bright-field image of FG-Mg after stretching. (b–d) Snapshots from Supplementary video 2 showing absorption of a dislocation by a grain boundary during stretching
of FG-Mg sample. Irradiation loops (IL) due to electron irradiation can be observed and dislocation lines are highlight by red dashed curves.

within a bulk sample has been a puzzle for a long time. This is because,
using SEM or TEM, the observation area is always on the free surface
rather inside the bulk sample. Moreover, on the free surface, there is less
restriction from the neighbouring grains, and thus grains have higher
freedom to be deformed by the inter-granular mechanisms. Even though
steps along grain boundaries are formed on the polished surface, it is
still difficult to fully prove that the GBS is also operating in the bulk. An-
other evidence that is widely used to prove the operation of inter-granu-
lar deformation is high strain rate sensitivity, which is usually measured
by strain–jumping or stress–relaxation tests. If inter-granular deforma-
tion such as GBS is the dominant mode, then the m-value is ~0.5. For
m-value of ~0.2, it is valid to claim that the operation of inter-granular
mechanism is enhanced compared to intra-granular deformation (m <
0.05), but it is still difficult to identify whether inter-granular deforma-
tion is dominant.

Herein, the transmission in-situ synchrotron X-ray diffraction pro-
vides evidence to speculate inter-granular mechanism as the major de-
formation mode of the bulk sample at the macroscopic scale. For the
dominant proportion of grains in the FG-Mg (i.e. the {10 0}, {11 0}
and {10 1} grains), the elastic lattice strain and FWHM quickly form a
plateau and the absolute value of this plateau data is 3–10 times lower
than those in the CG sample during tensile deformation (Fig. 4). These
results strongly indicate the absence of significant strain accumulation
inside these grains in the FG-Mg even at the very high levels of elonga-
tion applied. Therefore, the deformation in the FG-Mg must occur pre-
dominantly in an inter-granular mode between the grains, but such in-
ter-granular deformation is difficult to assess using the applied bulk syn-
chrotron XRD test.

To account for the plausible inter-granular deformation mode, we
examined if the ductile deformation at room temperature was achieved
by homogeneous GBS between individual grains. In order to achieve
homogeneous GBS as schematically shown in Figs 16a–c, the mobile
grain boundaries are required so that they can rearrange themselves dur-
ing superplastic deformation [58–60]. Otherwise, the incompatibility
during GBS will cause a high density of cavities and result in an early
fracture. That is why in-situ TEM was used to examine grain boundary
mobility in the FG-Mg in this study. The result, however, shows that
the grain boundaries are immobile at room temperature, even in front
of a crack tip. Hence, it is difficult to rationalise how homogeneous
GBS actively operate without mobile grain boundaries. Further evidence
against homogeneous GBS is the contribution of the GBS between indi-
vidual grains to total elongation is quite limited. The magnitude is even
less than that of intra-granular strain at large sample elongation. This
has been systematically demonstrated by in-situ SEM observations and
statistics as shown in Figs. 6 and 8. Then, what is the deformation mode
that contributed to the rest (also the major fraction) of total elongation?

Using the in-situ SEM-based-techniques, the inter-granular deforma-
tion is observed to occur by relative sliding between grouped grains
predominantly with strong basal texture, rather than GBS between in-
dividual grains that was observed at elevated temperatures and re-
ported in Refs [53–57]. The local strain caused by the sliding be-
tween grouped grains is substantial, e.g. more than 1.0 true strain;
there are high density of grouped grains, as demonstrated by numer-
ous surface steps and shear bands between slid grouped grains. There-
fore, the active operation of sliding between grouped grains is capable of
contributing to considerable strain during tensile testing. Based on the
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Figure 15. (a) Transmission Kikuchi diffraction orientation map showing local microstructure in FG-Mg sample during in-situ stretching in the TEM and a crack formed under the applied
stress. (b) Propagation distance of the crack as a function of time, and (c–f) in-situ TEM bright-field images showing the propagation of the crack up to 160s. Red dashed curve depicting
grain boundaries, and yellow curve depicting local thinned region ahead of crack tip.

measurement shown in Fig. 5, the strain caused by the sliding between
grouped grains accounts for ~81% of the total strain, which evidently
proves that the major fraction of elongation is contributed by sliding
between grouped grains. This long-range cooperation in the process of
sliding between groups of grains was reported in previous studies, and
was termed as cooperative grain boundary sliding (cGBS) [61–63]. In
fine-grained Cu [64], Ni [64], Al [65] and Pb [66], cGBS was also ob-
served during deformation at room temperature.

It is now established that when the grain size is reduced from 12 µm
to 1.2 µm, the dominant deformation mechanism transitions from dis-
location slip to a cGBS, rather than homogeneous GBS between individ-
ual grains. To illustrate, a schematic figure of cGBS is shown in Figs.
16d–i. The sample starts to be deformed by sliding between grouped
grains even at small strains. The groups of grains are those with sim-
ilar strong basal orientation. The strong basal orientation makes them
difficult to be deformed either by intra-granular or inter-granular mech-
anisms. However, between them, there are grains with softer orienta-
tions, allowing the initiation of cGBS (Fig. 16d). For cGBS, a common

plane is required to allow the grain groups to slide; the model is demon-
strated in Ref. [61]. The formation of the common plane can either be
achieved by the alignment of existing grain boundaries under load or by
forming a band by intra-granular slip crossing a grain [61]. Given that
the grain boundary is immobile in FG-Mg, the formation of a band can
only be achieved by intra-granular slip. This is why cGBS tends to initi-
ate in the grains with soft orientations (as observed in Fig. 9).

4.2. Accommodation mode of cGBS

While the cGBS has been demonstrated in this study to be the ma-
jor deformation mode, there is still a critical question about cGBS:
what is the accommodation mechanism for the sliding between grouped
grains? In both FG-Mg and CG-Mg, grains tend to slide against each
other, but only the grain sliding in FG-Mg is accommodated, whilst the
grain sliding in CG-Mg results in tearing at the grain boundaries (as
shown in Fig. 2d). Therefore, the effective accommodation of the slid
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Figure 16. Schematic illustration showing realization of (a–d) superplasticity deformation at elevated temperature and (e–j) large macroscopic elongation by synergetic cGBS, grain rota-
tion and intra-granular deformation in FG-Mg, and (k, l) low ductility in CG-Mg.

ing mechanism is a key factor that guarantees the high ductility. For
metals that exhibit superplasticity in general, the accommodation modes
include diffusion, extensive grain boundary migration, dynamic recrys-
tallization, and dislocation slip [35, 36]. However, as aforementioned
in 4.1, the in-situ TEM observations rule out the possibility of grain
boundary migration in FG-Mg as the accommodation mode. This is dif-
ferent from the accommodated achieved by mobile grain boundaries in
nanocrystalline metals at room temperature [67–69]. Due to the lack of
mobile grain boundary, the discontinuous dynamic recrystallization and
growth of recrystallized grains [70], which requires the migration of the
grain boundaries, is not likely to occur during the deformation herein.

With respect to diffusion, it is not observed by using in-situ electron
microscopy or X-ray diffraction. Moreover, deformation via diffusion
during stretching normally needs high temperature [71], which should
be far higher than room temperature for pure Mg. Moreover, the strain
rate sensitivity value will be close to unity if the diffusional flow is the
mechanism [35]. Therefore, the diffusional flow is unlikely to be a ma-
jor accommodation mode to the cGBS of Mg at room temperature.

Having established that diffusion, grain boundary migration, dy-
namic recrystallization are unlikely to be the accommodation mode, the
only possible accommodation mode to the cGBS is dislocation slip. Dis-
location slip was regarded as a minor accommodation mechanism for
GBS during superplastic deformation [35, 36]. The experimental ob-
servations herein, however, demonstrate active operation of dislocation
slip, which rationalises the m-value of ~0.2 rather than ~0.5. Empiri-
cally, the higher activity of dislocation slip results in a lower m-value
[24]. The significant operation of dislocation slip is found critical to
effectively accommodate cGBS. To accommodate cGBS, the magnitude
of intra-granular deformation is found to be surprisingly large in some
grains, which is distinctly different to the conventional opinion that Mg
is intrinsically difficult to be intra-granularly deformed at room temper-
ature. Hence, the next question is how some grains in pure Mg can be
deformed to such a large extent by intra-granular deformation?

This question is addressed here by utilising the multiple-length scale
in-situ characterization approach. A major reason for the low ductility
in Mg is that dislocations are prone to entangle within the grains, and
they thereafter become obstacles that further impede the motion of mo-
bile dislocation, leading to high hardening and low ductility [3]. How-
ever, in the present study, the in-situ TEM observations reveal that dislo-
cations can be absorbed by grain boundaries (Supplementary videos 2,
3, and 5). Therefore, effective dynamic recovery is proposed to operate
in FG-Mg by dislocation annihilation at the grain boundaries, similar to
those reported in other fine-grained metals [72–74]. In the FG-Mg, the
density of the grain boundary was ~300 µm/µm2, which is almost 10
times higher than that in the CG-Mg of ~30 µm/µm2 (measured from
the EBSD result in Fig. 1). Therefore, with fewer dislocation pile-ups,
mobile dislocations are less likely to be impeded, leading to a lower
strain hardening and contributing to a higher ductility. The speculation
of recovery is further validated by in-situ synchrotron observations. The
peak broadening in the FG-Mg is much slower than that in the CG-Mg
and reaches a plateau after ~6% elongation. In contrast, in the CG-Mg,
the rapid broadening occurs in all peaks and there is no plateau forma-
tion, demonstrating that the dislocation annihilation mechanism does
not effectively operate when the grain size is large (~12 µm in average).
The resultant high density of dislocations may result in great difficulty
in dislocation motion, which becomes an important factor for the high
hardening and low ductility in coarse grains.

The accommodation to substantial strain caused by cGBS is further
enhanced by the rotation of grains located between slid grouped grains,
from hard to softer orientations to allowing dislocation slip to readily
occur (Figs. 16d–f). With the aid of grain rotation, the amount of grains
that are expected to actively participate into accommodating cGBS is in-
creased, so that the deformation of the shear band becomes diffused,
rather than localised. These coordinated deformation processes greatly
postpone the occurrence of localised stress concentration during stretch-
ing.

The accommodation by combined processes of rotation and disloca-
tion slip is so effective that even cavities, which inevitably form due to
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the incompatibility between the different slid grouped grains, are diffi-
cult to grow (Fig. 16f). The intra-granular deformation of grains adja-
cent to cavities can be so significant that it even flattens the cavities dur-
ing further tensile deformation (Figs. 16f and g). Therefore, although
the cavities are formed at the early stage of cGBS, they are difficult to
grow, and thus unlikely to affect the sample ductility. This is similar to
the case of Ti-Al-based dual-phase alloys, in which the ductile β phase
suppresses the crack propagation and enhances ductility [75]. In con-
trast, in CG-Mg, grains also tend to move against each other. However,
the grains are rigid: Grains cannot rotate or slide, as there is no mech-
anism that can accommodate their relative motion. Consequently, lo-
cal cracks along the grain boundaries are formed, and then there is no
mechanism to prevent the propagation of local cracks (Figs. 16h and i).
As illustrated, they readily propagate through several grains, resulting
in fracture at small elongation and the smooth fracture surface.

In this study, significant intra-granular deformation of some grains
was demonstrated through in-situ SEM and in-situ TEM, however there
still remains a lack of direct evidence in regards to demonstrating what
type of dislocations contribute to outstanding ductility. We posited that
basal dislocation slip might play a dominant role, due to the lower crit-
ical shear stress (CRSS) than other dislocation modes. At room temper-
ature, the CRSS value is 57 MPa for pyramidal dislocation slip and 39
MPa for prismatic dislocation slip, about an order higher than the CRSS
for basal dislocation slip of 4 MPa [76]. Despite the much higher CRSS,
it is still possible that in grains with hard orientation throughout ten-
sile stretching, non-basal dislocation slip still actively operates and con-
tributes to ductility. Moreover, it has been observed that <c+a> dis-
locations can also migrate in pure Mg single crystals [6], when they are
deformed along hard orientation (e.g. compression along the c-axis of
crystal). How non-basal dislocation slip contributes to the high ductility
of fine-grained pure Mg polycrystalline will require investigation in a fu-
ture study.

5. Conclusions

The present study reveals that fine-grained Mg is extraordinarily duc-
tile at room temperature, exhibiting an elongation of ~100% at a strain
rate of 10−4 /s and more than 200% at 10−5. A set of complementary
in-situ characterisation techniques, including in-situ synchrotron X-ray
diffraction, SEM, DIC, EBSD, and TEM characterisation, were utilised to
provide direct evidences that reveal the operating deformation mode in
the fine-grained pure Mg. The main conclusions are:

a In-situ synchrotron X-ray diffraction reveals that grain size has a sig-
nificant influence on the evolution of elastic lattice strain and peak
broadening during tensile deformation. When the grain size is ~1.2
µm, the accumulation of elastic lattice strain and micro-strain in bulk
FG-Mg is 3–10 times lower than that in the CG-Mg with an aver-
age grain size of ~12 µm. The remarkably low strain observed in the
FG-Mg grains suggests the operation of an inter-granular deformation
mode that is different from the intra-granular deformation operated
in the CG-Mg.

b In-situ SEM-based techniques reveal that the inter-granular defor-
mation in FG-Mg occurs predominantly by relative sliding between
grouped grains with similar basal orientations. The strain within
grouped grains is limited in spite of the operation of GBS there. In
contrast, the strain resulting from the sliding between grouped grains
is substantial, and is accommodated mostly by rotation of grains lo-
cated between slid grouped grains, from hard to softer orientations
to allowing dislocation slip to more readily occur. These coordinated
sliding and accommodation processes are absent in the CG-Mg during
tensile deformation.

c In-situ TEM observation exhibits mobile dislocations and immobile
grain boundaries, and demonstrates that mobile dislocations glide

readily to and annihilate at grain boundaries. With denser grain
boundaries in the FG-Mg than CG-Mg, the mobile dislocations have a
higher probability to be absorbed by grain boundaries, and are thus
less likely to be entangled with other intra-granular dislocations. The
observed dislocation motion and annihilation rationalises the plateau
formed in the synchrotron FWHM data, which both demonstrate an
effective recovery in the FG-Mg during tensile deformation.

d In the FG-Mg, although cavities are formed because of the incompati-
bility during grain sliding, they are often healed by the intra-granular
deformation of adjacent grains during further elongation, and there-
fore they are unlikely to affect bulk sample ductility. In contrast, in
the CG-Mg, grains also tend to move against each other, but these
coarse grains are difficult to rotate, slide or deform. The relative grain
motion results in tearing at the grain boundary, which readily trans-
forms into open cracks.

e The dominant deformation mode of pure Mg is strongly dependent on
grain size. When the Mg grain size is reduced to the order of one mi-
cron, the major deformation mode is altered from dislocation slip to
sliding between grouped grains that is accommodated by grain rota-
tion and dislocation slip. These coordinated deformation and accom-
modation processes postpone the occurrence of localised stress con-
centration and greatly increases the ductility of pure Mg at room tem-
perature.
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