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Abstract 
Nanoscale precipitation is one of the most widely used microstructural tools to manipulate 
the properties of metallic alloys, and especially to reach high strength. Optimal 
microstructures are reached through complex solid state phase transformations involving 
non-isothermal heat treatments, metastable phases, complex chemistry, non-equilibrium 
vacancies, and interaction with structural defects. These phase transformations are controlled 
by an interplay between thermodynamics and kinetics, resulting through nucleation, growth 
and coarsening, in a large variety of precipitation trajectories that depend on both alloy 
chemistry and processing. Progress in both experimental characterization and modelling has 
tremendously improved the knowledge and description of these processes. The purpose of 
this overview is to describe the current level of understanding of precipitation kinetics, 
starting from the relatively simple situation of homogeneous precipitation of dilute coherent 
phases and including different levels of additional complexity regarding the diffusion 
mechanism, the effect of finite volume fraction, the effect of particle shape, the competitive 
multi-phase precipitation, the heterogeneous nucleation, and the non-isothermal effects.  
 
 
 
Introduction 
 
Solid-state precipitation is one of the most powerful means the metallurgists have at their 
disposal to affect the properties of engineering alloys. It is exploited in almost all alloy classes 
– primarily to control the mechanical properties, but it also has important effects on 
electrochemical properties as well as other functional properties such as the resistivity or 
magnetic properties. Precipitation is induced by thermal and/or thermo-mechanical 
treatments and controlling the precipitate nature, size, shape and spatial distribution is 
critical to obtaining the most desirable final properties. The process is time and temperature 
dependent and the microstructures obtained result from the competition between nucleation, 
growth and coarsening, coupled with the simultaneous competition between all possible 
phases (metastable and stable). This competition results in an enormous richness in the 
precipitate microstructures that may be obtained and this translates to a large variety in the 
resulting properties. It is for this reason that the solid-state precipitation processing in 
metallic materials attracts so much attention. 
 
Characterizing the nanoscale precipitation process in different metallic alloys subject to the 
variety of thermomechanical treatments has been a constant focus in metallurgy over the past 
50 years. This experimental work has been accompanied by theoretical work trying to 
quantitatively describe the different stages of precipitation: nucleation, growth and 
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coarsening, and how they interact. When combined with suitable thermodynamic and kinetic 
descriptions of metallic alloys, it becomes possible to build models to attempt to describe the 
kinetics of precipitation. These are an important and necessary component of an integrated 
computational materials (and process) design [1]. 
 
In recent years, the experimental techniques to characterize the precipitation kinetics in 
alloys have dramatically improved, now giving reasonably efficient access to the time 
evolution of precipitation. This characterization of transformation kinetics has been a major 
step forward to feed quantitative data into precipitation models, which have also developed 
tremendously. As a consequence, the understanding of the dynamics of precipitation 
reactions has now reached a much more mature level, where it can be used in more complete 
simulations of metal processing [2].  
 
Although a few specialized reviews have been published in recent years addressing e.g. 
precipitation in Al-Cu-Li [3], in Al-Mg-Si-Cu [4], during friction stir welding of 6xxx series Al 
alloys [5], modelling precipitation in Al alloys [6] or nanoprecipitation and clustering in steels 
[7], there is no recent review addressing in a general way the question of precipitation 
kinetics, such as the seminal chapter by Kampmann and Wagner from 1991 [8].  
 
Thus the aim of this overview is: 
- To present briefly the different experimental techniques that can give access to 
precipitation kinetics: small-angle scattering, differential scanning calorimetry, resistivity, 
and ex-situ repeated measurements by direct observations (transmission electron 
microscopy, atom probe tomography) 
- To present briefly the different modelling techniques that have been used to model 
precipitation kinetics, and their degree of maturity to describe different levels of complexity: 
kinetic Monte Carlo, cluster dynamics, phase field, class models, semi-analytical models 
- To describe the current level of understanding, and the convergence between models 
and experiments, in the main situations encountered during precipitation in metals, focusing 
on different classes of scientific issues. 
 
1. Experimental techniques  
 
Characterizing precipitation kinetics means determining the evolution with time of different 
parameters. These include structural information (nature of the phase formed), chemical 
information (chemical composition, distribution of the species on the different sub-lattices of 
the phase), morphological information (size, shape, volume fraction), and possibly spatial 
distribution and orientation. Obtaining all this information in a time-resolved manner is not 
simple, especially when dealing with nanometer or sub-nanometer size objects, often 
metastable, and whose structural and chemical characteristics evolve with time.  
Experimental tools can be separated into microscopy techniques, where a direct imaging of 
the precipitates is available, and indirect techniques, where a given signal (diffraction 
intensity, resistivity, heat, …) can be converted to information regarding the precipitate state. 
Direct imaging techniques necessarily involve a trade-off between the spatial resolution 
required to determine accurately the precipitate characteristics, and the volume that can be 
probed, which determines the statistical relevance of the observations. 
 
In this first section, we briefly list the main experimental techniques that can be used to 
access such information. We first present ex-situ techniques, whose measurements can be 
combined to obtain a full kinetics. We then describe in-situ techniques that can give direct 
access to kinetic measurements.  
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1.1. Ex-situ techniques 

 
Transmission electron microscopy (TEM) and atom probe tomography (APT) are the most 
commonly used ex-situ characterization techniques for the study of nanoscale precipitation, 
and provide the largest variety of structural, chemical and morphological information. When 
precipitates form with a larger size (100’s nm or m’s), a larger panel becomes available, 
especially scanning electron microscopy (SEM), however this review will be mostly focused 
on precipitation at the nanoscale.  
TEM provides access to the crystallographic structure of precipitates. The structure of an 
individual precipitate is classically evaluated by high resolution imaging: traditionally by high 
resolution electron microscopy, nowadays increasingly in scanning mode using high angle 
annular dark field (HAADF) imaging, or by combining the two [9]. Such images are inherently 
local (due to the necessary high resolution of the images). The challenge for obtaining kinetics 
from TEM is the statistical relevance of the measurements. Recent developments in scanning 
micro-diffraction (scanning precession electron diffraction or SPED) [10] have shown that it is 
possible to obtain automatically the crystal structure of very small objects and obtain an 
evolution kinetics for the nanoscale precipitate types [11].  
TEM is particularly useful for measuring the morphological parameters of precipitates (size, 
size distribution, morphology, etc). Such systematic measurements have often been applied as 
a function of heat treatment time to obtain a set of precipitation kinetics, with the exception of 
the earliest stages where measurements become very tricky. Measuring a volume fraction of 
precipitates from TEM is somewhat more difficult, as it necessitates taking into account 
projection effects on the particle size distribution [12] and measuring the sample thickness, 
which can be achieved using electron energy loss spectroscopy (EELS) or convergent beam 
diffraction (CBED).  
Chemical composition measurements are also possible using TEM. Semi-quantitative 
composition analysis can be carried out by analysis of HAADF intensity profiles, and more 
precise information can be gathered either by electron dispersive spectrometry (EDS) or by 
EELS. However, these measurements are generally quite difficult for nanoscale objects and 
are restricted to a limited number of objects, so they are not well adapted to the systematic 
measurements required for determining a full precipitation kinetics. 
Although the vast majority of TEM studies provide projection images in two dimensions, it is 
possible to achieve 3D characterization using electron tomography [13]. A requirement is that 
a chemical-sensitive imaging technique is used so that diffraction effects (which have a 
complex orientation-dependence) are avoided.  
TEM is regularly used in-situ, enabling a direct imaging of the evolution of precipitation 
kinetics, thus providing interesting insight on the local interactions of precipitates or 
transformation of the crystallographic character of individual precipitates [14]. However, one 
should always be aware that the observations of in-situ precipitation kinetics necessarily 
remain qualitative, because of surface effects on such thin samples: surface diffusion is much 
faster than bulk diffusion, the vacancy supersaturation will be lost more rapidly compared to 
bulk material, internal stresses (such as arising from coherency strains) are partially relaxed 
by the free surfaces, etc. 
 
APT is the other technique of choice to obtain direct space information on precipitates 
[15,16]. Compared to TEM, it has less resolving power for obtaining structural information, 
however this is compensated by the 3D nature of the information and by the detailed 
information on chemistry. Recent instruments enable reconstructing volumes up to ~106 nm3, 
meaning that 100 precipitates can be viewed when the precipitate number density is 1023 m-3. 
It therefore becomes possible to image a sufficient number of precipitates, when their number 
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density is large, to obtain statistically relevant information. However, many alloys possess 
mesoscale heterogeneities (chemical composition, distribution of structural defects, …), which 
make a representative characterization by such local tools still very challenging. 
Statistical treatment of the 3D datasets can provide an automated, parameter-free 
determination of precipitate size distributions [17]. Chemistry can be studied with a spatial 
resolution that allows identification of composition variations within precipitates, which has 
proven particularly useful to show the core-shell nature of some precipitates [18], and 
segregation at precipitate-matrix interfaces [19]. APT is the most sensitive technique which 
can reliably determine the chemistry of the residual solid solution in the matrix between 
precipitates, and a particularly efficient procedure to perform this measurement 
automatically has been devised [20]. When measuring precipitate compositions and volume 
fractions, APT may suffer from several artefacts, most importantly differences in evaporation 
fields between precipitates and matrix, preferential evaporation of some species, and more 
generally the effective resolution of the instrument. It is now recognized that the effective 
resolution of APT measurements is of the order of 1 nm [21] so that reliable quantitative 
characterization requires precipitates whose smallest dimension is larger than 1 to 1.5 nm, 
while measurements on smaller objects may remain qualitative and biased in terms of size, 
solvent concentration, etc. 
Many other ex-situ techniques exist to provide useful information on precipitation reactions. 
Among the most useful, one can cite positron annihilation techniques [22,23], which provide 
information on the local chemical environment around vacancies, X-ray absorption 
spectroscopy (XAS) [24] and nuclear magnetic resonance (NMR) [25,26], which both provide 
information on the local environment of solute species (chemistry and structure), or thermo-
electric power (TEP) [27].  
 
1.2. In-situ techniques 

 
Among all in-situ techniques, Small-Angle Scattering (SAS) has probably provided the most 
comprehensive data on precipitation kinetics. This technique can be applied with X-rays 
(SAXS) or neutrons (SANS) [28,29]. SAS is a diffraction technique, where the intensity 
scattered in reciprocal space by the precipitates depends on the contrast in scattering length 
density (electronic density for X-rays) between the precipitates and matrix, and on the size, 
morphology and size distribution of the precipitates. Recording the X-ray signal in-situ during 
a heat treatment allows, in principle, to follow any kind of kinetics: precipitation kinetics has 
been monitored from room temperature up to 1100°C for some oxide-dispersion steels [30], 
or in combination with plastic deformation [31] and even during welding [32]. SAS is 
particularly adapted to characterize very small objects, since there is no lower limit to the size 
it can detect. However, precipitates larger than 10-50 nm become more difficult to 
characterize by this technique due to the very small scattering angles involved. Some 
information on the chemistry of the precipitates can be obtained using contrast variation 
methods, such as comparing nuclear and magnetic SANS [33], combining SAXS and SANS [34–
36] or changing the X-ray energy close to an absorption edge (anomalous SAXS or ASAXS) 
[37,38]. Limitations of SAS include the impossibility to discriminate between precipitates of 
different crystal structure, of simultaneously determining the precipitate morphology and size 
distribution, and the impossibility to determine simultaneously the precipitate chemistry and 
volume fraction. The lower limit in volume fraction that can be detected by SAS depends 
strongly on the contrast, however as a rule of thumb it lies roughly between 0.01 and 0.1 %. 
When dealing with larger precipitates of significant volume fraction (>1%), in-situ X-ray 
diffraction (XRD) is more adapted [39–42]. It gives a more direct access to the volume fraction 
when the crystal structure of the precipitates is known and in cases where the material’s 
texture is sufficiently random. It has the advantage of separating different precipitate families, 
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however it does not give a direct access to precipitate size. For in-situ measurements, 
synchrotron measurements are preferred in order to obtain a sufficient temporal resolution. 
SAXS and XRD signals (sometimes named WAXS for Wide-Angle X-ray Scattering when 
combined with SAXS) can be measured simultaneously to obtain a more complete view of 
reciprocal space [43–45]. 
 
Calorimetry based techniques, especially differential scanning calorimetry (DSC), are also 
widely used for in-situ measurements of the precipitation kinetics. DSC is very sensitive to all 
thermodynamic transformations, and thus provides useful information on transformations 
that occur during a temperature scan, such as the sequence of metastable phases succeeding 
each other. For a given phase, the heat signal is, at first order, proportional to the derivative of 
the volume fraction, so the latter can be estimated, provided that the specific transformation 
heat is known by other means and only one dominating precipitation reaction is occurring in 
a given temperature range [46]. The classic use of DSC is during heating scans at constant 
rate, which are very different conditions compared to more typical isothermal heat 
treatments. However, DSC can also be used isothermally with specific, very sensitive and 
stable equipment [47], and during quenching, especially since the development of ultrafast 
DSCs [48–50]. It can be tempting in DSC to associate individual peaks to individual structural 
transformations. However, one should take great care in doing so, since complex behaviors 
can take place in non-isothermal conditions, and the precipitation or dissolution of one phase 
can lead to several peaks in DSC. Since sensitive DSCs are low-temperature instruments, this 
technique has been mostly used for precipitation studies on light alloys such as Al or Mg 
based alloys.  
 
Many other physical parameters can also be used to monitor precipitation, some of which can 
be measured in-situ, such as electrical resistivity [51,52]. Electrical resistivity is mostly 
sensitive to the matrix solid solution, so following its evolution provides indirect information 
on the progress of a precipitation reaction. However, below a certain size (around 1 nm), 
precipitates do have a significant impact on resistivity, and during the early stages of atomic 
clustering, the precipitation kinetics can be linked with the resistivity increase [53]. High 
sensitivity in-situ dilatometry can also provide information on the precipitation kinetics [54]. 
When studying precipitates of relatively large size (>10-100nm), 3D characterization 
becomes accessible using in-situ X-ray tomography [55].  
 
 
2. Modelling techniques  
 
The most commonly used precipitate kinetics models describe the evolution of precipitate 
number density (N) and size (R), of one or more precipitate types. Through mass 
conservation, they also describe the evolution of precipitate volume fraction (fv) and solute 
remaining in solution, providing a range of computed parameters that can be compared with 
experiment. When comparing model and experiment, it is important to compare (at least) two 
of the above precipitate parameters, ideally those which can be measured with the greatest 
confidence. The focus of this section is to briefly present the most frequently used modelling 
techniques for simulating precipitation kinetics. The important assumptions underlying the 
approaches, the limitations to certain levels of complexity and the computing intensity 
required are discussed. The comparison with experimental measurements of precipitation 
kinetics under different levels of complexity is made in Sections 4-11. 
 
2.1. Mean-field approaches – nucleation, growth and coarsening 
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Nowadays, by far, the most common precipitate kinetics modelling approach is the mean-field 
‘class’ model for precipitation. These types of models operate at the continuum level and 
describe the evolution of the precipitate number density and size (assuming a certain 
precipitate shape) using a set of coupled evolution equations. The nucleation rate is usually 
described by the classical nucleation rate equation (Eq. 1) [56,57]:  
 

  

  
         

      
   

  
      [1] 

 
N is the number of precipitates per unit volume, t is time, Nsites is the number of sites per unit 
volume where nucleation can take place, Z is Zeldovich’s factor, accounting for the 
fluctuations of clusters at the critical size, * is the critical attachment rate of a solute on a 
precipitate at the critical radius,    is the all-important nucleation barrier and kT is the 
thermal energy. Detailed expressions for Z and * have been derived and can be found in [58].  
  
The classical nucleation rate equation was originally derived for condensation of liquid 
droplets from vapor and has been adopted for use in solid-state precipitation reactions, even 
though in its most commonly used form, it is only applicable for precipitates forming with the 
same composition as the matrix and where the rate limiting step is the interfacial attachment 
of atoms. ie. there is no chemistry change. The assumptions underlying Eq. 1 are strong and 
there have been many attempts to build on Eq. 1 and relax some of these constraints. These 
approaches, and the limitations of Eq. 1, are discussed and summarized in [59].  
 
The growth rate of spherical, solute-rich, precipitates, is usually described by a form of 
Zener’s diffusion-controlled growth solution (Eq. 2) [60], made under hypothesis of a binary 
system, of quasi-stationary growth, of a composition-independent diffusion coefficient and a 
small supersaturation: 
 

  

  
 

 

 
 
      

 

     
        [2] 

 
R is the radius of the growing spherical precipitate, D is the diffusivity of the rate controlling 
species in the matrix,     is the concentration of solute in the mean-field matrix,    is the 

solute content inherited by the precipitate for the increment of growth dR (which may not be 
constant), and   

  is the solute content in the matrix at the precipitate-matrix interface, which 
is usually taken as the local-equilibrium composition corrected for the Gibbs-Thomson effect. 
 
When Eqns. 1 and 2 are numerically integrated and the evolution of the full particle size 
distribution is monitored, we refer to it as a ‘class’ model. Such a model was first introduced 
by Kampmann and Wagner [8,61] and is sometimes referred to as the Kampmann-Wagner N 
(numerical) model. Numerically, the precipitate size distribution is discretized into classes 
and the evolution of the distribution can be described either with a Lagrangian-type approach 
where the size of a precipitate class evolves with time, or an Eulerian-type approach where 
the size of precipitate classes is fixed and precipitates change classes during growth or 
dissolution [62]. 
 
A particular advantage of class models for spherical precipitates is that coarsening is naturally 
captured through the Gibbs-Thomson effect in Eq. 2 (  

 ) and no further equations are 
required. Despite the simplicity, these types of class models have been remarkably successful 
and can show a large richness in behavior when coupled with reliable thermodynamic and 
kinetic databases. Due to this success, class models for precipitation are now integrated into 
commercial software such as TCPrisma, MatCalc and PanPrecipitation, which no doubt 
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enhances their popularity [63–68]. We will show a number of examples of the success of class 
models in the following sections. 
 
With modern computers, the computational cost of a class model of precipitation is no barrier 
to implementation and they can be easily implemented on modern laptops. This was not 
always the case. In the past, approaches that describe the precipitation kinetics using Eqns. 1 
and 2, but which monitor only the mean precipitate size (  ) instead of the full size 
distribution were popular and computationally much lighter, e.g. [69]. These ‘mean radius’ 
approaches require an explicit description for the coarsening stage of precipitation, as well as 
a criterion to describe the transition from the growth state to coarsening. Coarsening in such 
models is usually described using the Lifshitz-Slyozov-Wagner (LSW) equation derived for 
dilute solutions (Eq. 3) [70,71]: 
 

   
      

  
        

  

    
      [3] 

 
 is the interfacial energy of the precipitates, Vm is the molar volume, and Rg is the gas 
constant. The mean field solute concentration in the coarsening stage is in local equilibrium 
with the precipitates of mean size, and equals the equilibrium concentration when the Gibbs-
Thomson effect becomes negligible. 
 
Whether it is a class model, or the mean particle size model which is used, there are a large 
number of assumptions that lie behind Eqns 1-3 when used in mean field models, and which 
are not frequently discussed. These models are mean-field models, meaning there is no direct 
interaction between precipitates, and they only interact with the surrounding matrix of a 
mean-field solute composition. This approximation improves as the volume fraction of 
precipitates approaches zero (dilute approximation) and the important effects of a finite 
volume fraction (non-dilute solutions) is explored in Section 6 of this overview. 
 
To make the calculations, we must know the interfacial energy () and Gibbs energy of the 
precipitate phase(s) (as well as the matrix phase) which may change with size, temperature 
and composition. These are required for the calculations of the all-important energy barrier 
for nucleation,    , but also the solute concentration at the matrix/precipitate interface,   

  , 
that affects the growth and coarsening kinetics. Whilst these important thermodynamic 
parameters may be well defined for large particles, when the particles are of the order of 1nm 
or less, the situation is much less clear and the nucleation rate is especially sensitive to their 
effect on     . The structure and chemistry of the newly forming precipitate may be 
significantly different from that expected at equilibrium, and the effective interfacial energy 
may show an important size and chemistry dependence. These questions also depend on 
exactly how we define a precipitate at these small length scales and these questions are 
explored in Section 3. 
 
In addition to thermodynamic descriptions of the precipitating system, calculations also 
require accurate kinetic information in the form of diffusivities (D) or mobilities (M). In many 
cases, particularly at low temperatures, non-equilibrium vacancy concentrations can be 
present during precipitation leading to enhancements in the diffusivity that may show a time-
dependence even under isothermal conditions. Vacancies may also preferentially interact 
with solutes in solution leading to trapping effects, or correlations, leading to other types of 
deviations in the diffusivities. Such effects have been experimentally observed and they are 
explored in Section 5 of this overview. 
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The use of the classical nucleation equation (Eq. 1) requires one to know the number of 
available nucleation sites (Nsites) as well as the nucleation barrier (   ) applicable at those 
sites. One differentiates between ‘homogeneous’ nucleation, where all sites in the matrix are 
considered equally probable and the available number of sites is approximated by the number 
of lattice sites, or ‘heterogeneous’ nucleation where particular sites, such as dislocations, 
solute clusters, grain boundaries, are preferred sites. There are a few cases where the 
homogeneous nucleation model may be a reasonable approximation and these are discussed 
in Section 4. However, heterogeneous nucleation tends to dominate in engineering alloys, and 
a particular challenge is calculation of the nucleation barrier at these heterogeneous sites. 
Heterogeneous precipitation is explored in Section 10 and the related topic of metastable 
phases and ‘precipitation trajectories’ is explored in Section 9. 
 
The mean field framework described above does not require the precipitate to have a 
constant composition during precipitation, but this is the way it is usually treated in kinetic 
models. There is increasing experimental evidence that a constant precipitate composition is 
actually rare and this evolution in composition affects all aspects of the nucleation, growth 
and coarsening behavior. The effects of precipitate non-stoichiometry are discussed in Section 
7. 
 
The equations above, used in mean-field models for precipitation kinetics, are written 
assuming spherical precipitate shapes. Indeed, they assume a shape and that the shape does 
not change during growth or coarsening. These models do not describe morphological 
transitions. Whilst spherical precipitates do exist in some alloy systems, and some of these 
will be discussed in Section 4, it is more common for precipitates to be non-spherical: plate 
and rod-shaped precipitates are common. In these latter cases, Eq. 2 can be replaced with the 
Zener-Hillert equation for the shape-preserved lengthening rate (Eq. 4) [72–74] in the mean-
field models but such equations cannot self-consistently also describe coarsening and there 
are many further complications in trying to simulate non-spherical particles. The important 
considerations for non-spherical particles are discussed in Section 8 of this review. 

 
  

  
 

 

 
 
      

 

     
       [4] 

  
L is the precipitate plate or rod length, =r for rods and 2r for plates, where r is the rod or 
plate lengthening tip radius. 
 
 
2.2. Cluster Dynamics 
 
A closely related mean-field class model that can also be used to describe precipitation 
reactions is Cluster Dynamics. The precipitates are described by a single variable, the number 
of atoms they contain, and they grow or shrink by exchanging atoms with the surrounding 
mean field. The evolution of the precipitate size distribution is described by a master 
equation, Eq. 5 [75–77]: 
 

   

  
                                 [5] 

 
Cn is the concentration of n sized clusters, n is the evaporation rate which describes the 
probability of a n-sized cluster to release an atom into the mean field per unit time, and n is 
the growth rate which describe the probability the n-sized cluster will add an atom from the 
mean field per unit time. 
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The growth rate, n, is derived assuming long range diffusion control, and the evaporation 
rate, n, by assuming detailed balance between growth and shrinkage, requiring a precise 
description of the volume and surface contributions to the clusters’ free energy. A detailed 
derivation is given in [75] and the growth and evaporation rates must be carefully defined 
with respect to the thermodynamics and kinetics of the system being studied. The particle 
size distribution is discretized into size classes and the movement between size classes is 
described by Eq. 5. 
 
Cluster Dynamics differs from the ‘nucleation and growth’ class models described above in the 
sense that there is no explicit nucleation stage or nucleation description such as in the CNT. 
No barrier for nucleation needs to be defined. Indeed, no explicit differentiation is made 
between the product and matrix phase, and no critically sized nuclei is defined. The state of 
the system is simply defined by the cluster size distribution and this will include sub-critically 
sized clusters when comparing with the CNT framework. There are some advantages to such 
an approach when comparing with experimental measurements and this is discussed in 
Section 3. 
 
 
2.3. Full-field approaches – Phase field simulations 
 
The mean field approximation in modelling precipitation kinetics is convenient from a  
computational viewpoint but it is a quite strong assumption. The mean field approaches 
cannot capture precipitate interactions other than the indirect effects through the mean field, 
cannot describe morphological transitions, they are not well suited to the commonly observed 
non-spherical precipitate shapes and cannot describe well the coarsening stages for such 
distributions. The alternative is a full field approach, such as Phase field. Phase field 
simulations are also continuum approaches describing precipitation by coupled field-
equations but they do not a priori assume the precipitate shape. Instead, the shape is a 
consequence of anisotropy in migration rates of different precipitate interfaces which occur in 
response to anisotropies in interfacial energy and interfacial mobility, and local elastic or 
chemical fields. When phase field simulations are properly coupled with reliable 
thermodynamic and kinetic databases, they can describe the evolution of a precipitate 
distribution during growth and coarsening, taking into account variations in particles shapes 
and interactions between particles ; examples include the description of precipitation in Ni-
based alloys [78–80]. They can naturally describe coarsening in a system of non-spherical 
particles. In principle, defects in the form of heterogeneous nucleation sites could also be 
introduced into phase field simulations of precipitation. The flexibility of phase field 
simulations comes with much greater computational cost, especially when extended to 3D. 
Phase field simulations cannot naturally simulate nucleation. Nucleation is incorporated 
manually using either noise, or a form of the classical nucleation equation (Eq. 1). Some 
examples of the power of this full-field approach for describing precipitation processes in 
topologically complex systems is shown in Section 8. Excellent reviews of the phase field 
method exist and the interested reader is referred to the following [81,82]. 
 
 
2.4. Atomistic approaches – Lattice Kinetic Monte-Carlo (LKMC) 
 
The continuum models for precipitation (mean-field or full-field) are efficient for describing 
the growth and coarsening regimes of precipitation where mass transport occurs over 
relatively long times and distances in the microstructure.  
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However, at the very earliest stages of precipitation, including the nucleation stage, atomistic 
approaches can provide important new insights. Molecular Dynamics (MD) does not allow 
access to the necessary timescales to be able to describe the chemistry changes associated 
with solid state precipitation in most engineering alloys, but a number of authors have 
successfully used Lattice Kinetic Monte Carlo (LKMC) approaches to simulate precipitate 
nucleation and early-stage growth. The downside of LKMC is that due to the computational 
demands it is limited to short aging times and large supersaturations, and can only be applied 
to coherent phase formation where the structure of the precipitate can be expressed in terms 
of the underlying lattice of the matrix. This is a strong constraint. The formation of L12 
ordered phases in a FCC matrix is such a case and this example will be shown in Section 4. 
 
The simulation usually considers a rigid matrix lattice (although approaches that include 
relaxation do exist) and the atoms are constrained to occupy sites on this lattice. The 
thermodynamics of the system is represented by a bond energy summation (E) over the 
system (Eq. 5)[58,83,84]: 
 

  
 

   
    

   
   

    
    

 

   
    

   
   

    
        [5] 

 
Ns is the total number of lattice sites in the simulation box and   

 is an occupation number 
with   

    if site n is occupied by an atom of type i and   
    if not.  

 
The first and second summations apply to the first and second nearest neighbors pairs of 
atomic sites, and     

 and     
  are the effective energies of the pairs of sites. All of the 

thermodynamic properties lie in the first and second nearest neighbor interaction energies 
and these must be chosen carefully to properly reproduce the thermodynamic properties of 
the alloy of interest. Depending on the system, higher order terms may be required.  
 
For diffusion mediated by the vacancy mechanism, a single vacant lattice site is introduced in 
the simulation and atoms may exchange positions with the vacancy with a certain attempt 
frequency that depends on the energy required to move the atom from its current lattice site, 
to the saddle point between it and the vacancy. In this way, the atomic configuration of the 
system evolves by subsequent jumps of the vacancy. No assumptions need to be made about 
the shape of the precipitate and no choices need to be made regarding the interfacial energy, 
or its size dependence – these are naturally captured in the bond energy summations. The 
LKMC approach is simple in principle but great care must be taken in correctly identifying the 
thermodynamic and kinetic input parameters.  
 
This powerful approach has been used to simulate the initial ‘homogeneous’ nucleation and 
early stage precipitate growth and examples will be discussed in Sections 4 and 7. The major 
limitations are the computational cost which restricts LKMC to short aging times and to large 
supersaturations, and the need to describe the crystal structure of the precipitate in terms of 
the underlying matrix lattice. 
 
The following sections address different cases of precipitation, first providing experimental 
evidence of the main points to be discussed, and then details on how the different phenomena 
are taken into account in the models. Each section concludes by summarizing the current 
limitations of the understanding / experimental description / modelling. 
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3. Definition of precipitates  
 
Before discussing in detail the kinetics of precipitation, it is useful to discuss the definition of a 
precipitate. In the common sense of metallurgists, precipitates are defined by a specific crystal 
structure, and this translates thermodynamically into a specific relationship between 
chemical composition and energy, which is usually described in thermodynamic databases by 
the Gibbs energy of the phase. Usually, an assumption lying behind precipitation models is 
that a collection of precipitates of the same phase existing in a microstructure share common 
features: at a given ageing time, they all have the same chemical composition and the same 
interfacial energy with the matrix, i.e there exists a precipitate size distribution but not a 
precipitate composition distribution among a given phase. Such definitions are well suited to 
relatively large precipitates that are found in late stages of precipitation processes. However, 
when considering precipitates from the atomic scale, and hence describing the early stages of 
precipitation, arriving at a clear definition of a precipitate is less clear. In the initial stages of 
clustering, the typical size of solute-rich features is commonly sub-nanometric [85]. An 
example of clusters formed from natural aging of an Al-Mg-Zn alloy is shown in Fig. 1. In such 
cases, it becomes difficult to uniquely define precipitates: their chemical composition is ill 
defined, their interface with the matrix may be far from a well-defined surface, and their 
crystal structure can exhibit different partial degrees of ordering existing in different objects. 
Although such clusters are still in many cases considered as individual objects, e.g. in APT 
volume analyses, their distribution may be more suitably described as fluctuations of 
concentration in solid solution, in a way similar to the description of spinodal decomposition 
[36,86]. Obviously, such a description poses the question of how to deal with the transition to 
more classical descriptions of precipitates during later stages of phase transformations.  
 

 
 
Figure 1:  HAADF imaging of clusters in Al-Mg-Zn after natural ageing. From [87]. 
 
Aside from the question on the definition of a precipitate, a related question when comparing 
experiments and models is the detection of these objects, which should be made with the 
same criteria in experiment and model. In many microscopy observations, the detection of 
precipitates is limited by resolution, and/or by the contrast, so that small clusters that are 
close to the matrix in both composition and structure may not be detected. On the other hand, 
in the classical framework of precipitation modelling, the distinction between a sub-critical 
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cluster and a precipitate is defined by the critical nuclei size. The two definitions agree only if 
the detection limit for microscopy coincides with this critical size. Differences between these 
two criteria may lead, e.g. to systematic biases in nucleation rates. Small-Angle Scattering, 
which is able to resolve fluctuations of chemical composition at sub-nanometric scale, does 
not make any differentiation between sub-critical clusters and precipitates and provides a 
global measurement of all features present in the microstructure. Such data could be 
advantageously compared with Cluster Dynamics simulations, that do not require the 
definition of a critical nuclei size. This experimental detection of subcritical clusters is 
probably one reason why in most published precipitation kinetics using in-situ SAS (e.g. 
[37,88–90]), the number density of precipitates is only observed to continuously decrease, i.e. 
no apparent nucleation takes place, simply because in the very early stages, sub-critical 
clusters are included in the analysis, whose number is constantly decreasing with time. An 
example is shown in Figure 2, showing in-situ SAXS measurements of precipitation in a Zn-Al-
Mg alloy. There is no obvious domain where the number of particles is increasing. 
 
 

 
Figure 2: Evolution of precipitate volume fraction and number density from in-situ SAXS 
measurements on a Zn-Al alloy aged at 95°C – from [88]. 
 
When dealing with these early stages of precipitation, it therefore becomes necessary to 
define frameworks that allow a sound comparison, both between different experimental 
techniques and between experiments and the outcomes of models. Such common frameworks 
are being developed actively, e.g. to compare SAS and APT [21], or to define in a parameter-
free way a distribution of precipitate sizes from APT measurements [17].  
Another issue when dealing with the thermodynamic description of precipitates, especially 
when modelling is involved, is the implicit homogeneity of the structure and chemical 
composition of the phases which is usually assumed by models working at the continuum 
level. It is now experimentally well established that many (if not most!) precipitates show 
some heterogeneity, such as a core-shell chemical structure or complex structure and 
distribution of chemical species at the interface, which may represent a large fraction of the 
precipitate’s atoms. Such features are still very challenging to describe in many modelling 
frameworks.  
 
4. Homogeneous precipitation of dilute, stoichiometric, spherical phases during 
isothermal treatments.  
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In the simplest, idealized situation, precipitation occurs within a perfect lattice (i.e. without 
interference from crystalline defects such as grain boundaries and dislocations) by forming 
particles of second phase of a given crystal structure and homogeneous chemical composition, 
of small volume fraction (dilute limit). In this case, one can consider that the interaction 
between particles occurs only through the solid solution composition present between the 
precipitates, considered spatially uniform except close to the particles, which makes it 
possible to apply a mean field approach to precipitation kinetics. This idealized situation is 
very difficult to find in practice: when only a very small fraction of precipitates is formed, the 
supersaturation is usually small, which favors heterogeneous nucleation. In order to 
maximize the supersaturation while keeping the precipitate fraction small the solubility of the 
precipitate-forming solute should be as small as possible.  
 
In this idealized situation, the description of precipitation kinetics is summarized by the 
description of the evolution of the precipitate size distribution, under the strong hypothesis 
that all precipitates of a given size (i.e. a given number of atoms) have the same 
thermodynamic properties, namely volume and surface free energies, and that diffusion 
occurs exclusively by monomers (i.e. isolated solute atoms). 
 
In such a simplistic situation, the classical nucleation theory (Eq. 1) has been applied with 
some success [58,91,92]. The nucleation driving force can be obtained directly from 
thermodynamic databases or calculated by appropriate thermodynamic models such as 
cluster variation methods (CVM) [92]. These calculations show that care needs to be taken 
when using simple expressions such as regular or ideal solution, which in general do not lead 
to a reliable expression of the driving force.  
 
Even for the simplest case of spherical precipitates, a reliable description of the interfacial 
energy of the small particles that are involved in the nucleation process necessitate to take 
into account a size dependence of , as well as a temperature dependence [75]. Taking into 
account the influence of points and lines in the description of a spherical interface, an 
approximation valid for precipitates larger than a few atoms is: 
 

                           [6] 

 
where n is the number of atoms per cluster, c and d are constants that represent the line and 
point contributions and 0 is the interfacial energy for large precipitates. 
 
An example where a good level of description has been reached is the precipitation kinetics of 
L12 ordered precipitates in Aluminum, and particularly the Al3Sc and Al3Zr phases. Although 
the latter is a metastable phase, it is observed in practice even at low supersaturation. These 
two systems represent good model systems thanks to the limited existence of elastic stresses 
(related to the small difference of lattice parameters between the precipitates and matrix), the 
low solubility of Zr and Sc in Al, and the spherical character of the precipitates. In such 
systems the interfacial energy, whose value dramatically affects the nucleation rate, is 
dominated by the chemical component and this can be calculated with good precision. 
Nucleation rates from CNT are consistent with those obtained from kinetic Monte Carlo 
modelling [58,75,92], Fig. 3.  
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Figure 3: Comparison of the steady-state nucleation rate of L12 precipitates in FCC Al calculated 
using classical nucleation theory (lines) and kinetic Monte Carlo (symbols), as a function of a) Zr 
content, and b) Sc content at a range of temperatures. Modified from [92]. 
 
In such systems, the description of later stages of precipitation, i.e. growth and coarsening, 
can be achieved relatively straightforwardly using Eq. 2 implemented in the mean-field class 
models described in Section 2.  
 
This precipitation kinetics shows typically four different stages:  
-i- nucleation, where the precipitate size is constant and the precipitate density quickly 
increases. Although this stage is observed in models, it is rarely found in experiment, as 
discussed in Section 3 (Fig. 2); 
-ii- growth, where the number density of precipitates is constant and the precipitate size 
rapidly increases, and becomes much larger than the critical radius. This is the stage where all 
precipitates in the distribution grow together. At the end of this stage, the diminishing 
supersaturation causes the critical radius to increase and to enter in the particles size 
distribution range, so that the smallest precipitates become unstable; 
-iii- transition between growth and coarsening, where the microstructure seems stable, with a 
constant average precipitate radius. During this stage, the particle size distribution shape 
evolves, becomes wider, as the smallest precipitates start to dissolve, yet are still present, 
which compensates the increasing size of the largest precipitates [62].  
-iv- coarsening, where a self-similar particle size distribution is reached, the average and 
critical radii grow together, and the precipitate number density decreases. The precipitate 
volume fraction is equal to the Gibbs-Thomson corrected equilibrium fraction, which might in 
cases of small precipitate size and high interfacial energy still be significantly different from 
the final equilibrium fraction. 
 
Using a mean field nucleation and growth class model of the Kampmann-Wagner type (Eq. 1 
and 2) leads naturally to the classical coarsening LSW law (Eq. 3), and its time exponent of 
1/3, in agreement with experimental data [37]. Although the agreement between models and 
experimental data concerning the time exponent for coarsening is good [62], most 
experimental determinations of the particle size distribution during coarsening do not agree 
with the theoretical LSW shape [62], with a few exceptions which are compatible within 
experimental uncertainty [93]. Generally, experimentally determined particle size 
distributions are much closer to a log-normal distribution with the presence of large 
precipitates, whereas the LSW distribution predicts a cut-off radius.  
 
In addition to the now common mean-field class models for precipitation, one can obtain 
similar results during isothermal ageing by other modelling methods, such as the mean-radius 
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approach or Cluster Dynamics. Although the mean radius approach is less versatile than the 
class methods, it requires much less numerical resources which can make them more 
appropriate to couple with process control or other models such as finite element modelling, 
and provides identical results to class models in simple situations. An example is shown in Fig. 
4.  
Cluster dynamics models have also proven efficient to describe precipitation kinetics and 
compare well with other methods [75,94]. As can be seen below in Fig. 4, they have the 
advantage of being able to access much longer time frames than KMC, but do not need to 
explicitly invoke a nucleation stage like traditional class models.  
 

       
 
Figure 4: Left: Comparison between two types of class modeling approaches (Eulerian and 
Lagragian-type) and a mean radius approach for modelling a complete isothermal precipitation 
kinetics (from [62]) ; right : simulation of precipitation kinetics in Al-Sc at two temperatures 
using LKMC and CD, compared with experimental data (from [75]). 
 
The alloy systems that are relatively close to the idealized situation invoked in this section are 
not very numerous. One can cite studies of Al3Sc and Al3Zr in Al, Co in Cu [89], Fe2SiTi in Fe 
[95] (although in the two last cases the volume fraction is too high to really satisfy the dilute 
approximation). Of particular interest to evaluate the capability of the current state of 
modelling to describe experimental data are high throughput experimental approaches such 
as carried out on Cu-Co [89], which involves space- and time-resolved SAXS experiments on 
compositionally graded alloys, covering a range of compositions. The full set of 
compositionally-dependent precipitation kinetics at three temperatures could be described 
by a class model, with a limited number of parameters. However, the description of the early 
stages of precipitation was still far from satisfactory, showing that there is still much room for 
improvement in our description of the nucleation stages of precipitation in metallic alloys 
[59]. 
 
5. Influence of the diffusion mechanisms on precipitation kinetics 
 
Precipitation involves the movement of solutes. In metals, most solutes forming precipitates 
are substitutional and thus the diffusion mechanisms involve mainly the movement of 
vacancies. Therefore, the precipitation kinetics is directly controlled by the concentration of 
vacancies by their diffusion rate within the material and by their interaction with solutes [96–
98,36,99,100]. An important exception is the precipitation of cementite in steels during 
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martensite tempering, where carbon diffuses interstitially. However, in many cases, cementite 
precipitation can be accompanied by concurrent substitutional solute partitioning which 
occurs by a vacancy mechanism [101,102]. 
 
During precipitation, the concentration of vacancies is generally out of equilibrium. This 
happens, e.g. during quenching where temperature changes too rapidly for the vacancies to 
equilibrate [103,104], or during early precipitation stages after quenching where an excess 
vacancy concentration is retained. Knowing the magnitude of this vacancy excess and its 
evolution during precipitation is a difficult task. In most cases, it has been neglected by 
models, which is probably a good approximation at relatively high temperatures where the 
excess may rapidly annihilate, but not during early processes such as formation of GP zones or 
clusters close to room temperature. At these lower temperatures, there is conclusive evidence 
that it plays a prominent role [105,106]. There are few experimental techniques capable of 
measuring vacancy contents quantitatively.  Positron annihilation can be used although great 
care must be taken in the quantification process [107]. An example of the positron lifetime 
measured in an Al-Mg-Si alloy as a function of natural ageing time at room temperature after 
quenching is shown in Fig. 5. Whilst the three different quenching processes (IWQ, VC and AC) 
lead to the same positron lifetime at long times, the early time differences (<30min) are 
attributed to different vacancy and clustering states. 
 

 
Figure 5: Positron lifetime evolution during natural ageing of an Al-Mg-Si alloy after different 
quenching procedures from solution treatment. The early time difference results from very 
different vacancy concentrations and clustering states (from [106]). 
 
Another key issue to consider is the interaction of vacancies with solutes, and frequently with 
solute clusters. In some systems, it can be a good approximation to consider that single 
vacancies exchange with single solutes without special correlative effects. In this case, models 
considering the diffusion of single solutes as controlling precipitation are realistic. However, it 
has been shown by atomistic modelling that this approximation breaks down in a number of 
cases. A good example of more complex diffusion pathways happens during Cu precipitation 
in Fe, where a significant transport of solute happens by diffusion of dimers or trimers, which 
has consequences on the description of the precipitation kinetics [94,108,109].  
It is also well known that the removal of solute from the matrix in Al alloys during low 
temperature clustering (natural ageing) shows a logarithmic time dependence, rather than 
the power-law kinetics that would be expected for a diffusion controlled process 
[53,110,111].  This has been interpreted in terms of the preferred interaction between 
vacancies and solute atoms and the temporary trapping of vacancies at clusters (using the so-
called vacancy-pump model [112]). Another complexity arises when correlations between 
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vacancy movements and solutes result in the displacement of groups of solute atoms, which 
can involve as much as the displacement of whole precipitates, thus favoring precipitate 
coagulation [113].  
Last, the diffusion mechanism may become complex in multi-component alloys and influence 
significantly the precipitation pathway. This happens when complex solute-vacancy binding 
effects occur, resulting in cross-terms in the Onsager diffusion matrix, and therefore to 
coupling of solute fluxes during the precipitation process [113,114]. 
 
6. Effects of finite volume fraction 
 
Most practical cases where precipitation kinetics is studied involve volume fractions that are 
too high to satisfy the dilute approximation. If we approximate the distance between 

precipitates as         
  

   

 , where r is the precipitate size and fv is the precipitate 

volume fraction, the limit for dilute approximation can be placed somewhat arbitrarily when 
the ratio d/r is between 5 and 10, corresponding to a volume fraction of 3 to 0.4% 
respectively. However more restrictive definitions exist, and show that deviations from the 
dilute approximation may exist as early as a solute fraction of 0.1% [58]. 
 
In a non-dilute system, most hypotheses that underpin the ideal description of precipitation 
kinetics described in Section 4 become invalid. Starting with nucleation, the free energy of 
clusters preceding precipitation is modified by cluster interactions. In a non-dilute system, 
one has to take into account the probability of cluster coagulation, and the geometrical 
frustration, which means that the available volume to nucleate a cluster is the free volume 
unoccupied by existing clusters. Modifications have been made to account for these effects 
and the new equations have been successfully compared to cluster size distributions and 
nucleation rates predicted by Monte Carlo simulations [115–117], applied to a good model 
system namely the formation of Al3Li precipitates in Al: spherical coherent precipitates, low 
coherency strains, volume fraction up to 20%. 
During the later stages of precipitation, the increase of volume fraction has a number of 
consequences. When increasing supersaturation, models show that the different stages of 
precipitation, namely nucleation, growth and coarsening, become increasingly overlapped, 
meaning in particular that no distinct growth stage can be defined [118]. 
 
Most importantly, the breakdown of the dilute approximation results in the breakdown of the 
mean field approximation, meaning that the evolution with time of a single precipitate does 
not depend only on the average microstructure (matrix solute content and particle size 
distribution) but also on its neighbors. A small precipitate that should dissolve due to the 
Gibbs-Thomson effect may actually grow if it is surrounded by even smaller precipitates. A 
second related consequence is that the diffusion fields in the matrix surrounding growing or 
shrinking precipitates may overlap, which increases the kinetics of solute transport between 
precipitates in the coarsening stage. The extreme case is when precipitates can touch each 
other, which may lead to coagulation [113], and whose effect on the kinetics of microstructure 
evolution has been modelled in Ni superalloys [119].  
These correlation effects are most pronounced during the coarsening stage. Indeed, during 
the growth stage the solute flux happens mainly from the supersaturated solid solution 
towards the precipitates, so that neighboring particles are shielded by this supersaturation. 
During coarsening, however, the solute movement consists of exchanges between precipitates 
and thus involves much more dramatic spatial correlation effects. Considerable work has 
been published to establish corrections to the classical dilute approximation LSW theory of 
coarsening [120–126], e.g. Fig. 6. As the volume fraction of particles increased, the 
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acceleration of the coarsening rate constant, compared with the dilute limit LSW value, can 
increase by an order of magnitude. 
 

 
Figure 6: Effect of volume fraction  on the coarsening rate constant K normalized by the dilute 
limit coarsening constant KLSW predicted by modelling (from [125]). 
 
7. Non stoichiometric precipitates  
 
In most practical situations, it is not a good approximation to assume the precipitates have a 
constant composition throughout the precipitation process. Since the development of 
appropriate measurement tools, of which Atom Probe Tomography is the most illustrative, it 
is now known that particles are found to be much richer in the solvent species than the 
equilibrium value during the early stages of precipitation. In precipitates containing several 
solute species, the ratio between these species usually evolves with time. There can be several 
reasons for these deviations from stoichiometry. 
 
7.1. Non-stoichiometry may help nucleation.  
 
The CNT nucleation barrier is proportional to      

  , and deviations from stoichiometry 
affect both the interfacial energy () and the nucleation driving force (gv).  
When compared to a stoichiometric precipitate, the formation of a particle with a higher 
solvent concentration will increase its volume free energy but simultaneously decrease the 
chemical contribution to the interfacial energy. It is frequently favorable to accept this 
deviation from equilibrium during early precipitation stages [127,128]. Formation of a nuclei 
with a composition closer to the matrix composition also offers kinetic advantages since less 
long-range mass transport is required. This precipitation pathway, starting from very dilute 
precipitates, which become more concentrated in solute over time, sometimes called non-
classical nucleation, can be quite similar in some aspects to spinodal decomposition, making 
the two difficult to distinguish from the perspective of the increase with time of the 
concentration contrast within the alloy.  
 
In other cases, the precipitate composition that gives a maximum in the nucleation driving 
force may differ substantially from the equilibrium composition of the bulk precipitate. This 
can occur especially in cases where the precipitate contains more than one type of solute. In 
such cases, there can be a large bias between the precipitate composition at early and late 
stages of precipitation. A good example is the nucleation of V(C,N) in steels, where the C/N 
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ratio at nucleation is very different from the equilibrium bulk precipitate value [129], see Fig. 
7.  
 

 
Figure 7: Predicted evolution of relative carbon content in V(CN) precipitates during 
precipitation in Fe, showing a large deviation from equilibrium in the early stages that helps 
maximizing the nucleation driving force (from [129]). 
 
 
7.2. Non-stoichiometry due to large differences in solute diffusivities 
 
When large differences in diffusivities exist between the different solute species, faster 
growth can occur by maximizing the concentration of fast-diffusion solute, resulting in 
concentration changes during the course of precipitation [37]. When precipitates dissolve, the 
reverse can occur, namely the fast diffusion species leaves first, which increases the 
concentration of slow diffusing species in the precipitates [130]. A particular case of this 
evolution of precipitate composition with time is when vacancies do not enter frequently in 
the precipitates, in which case the precipitates conserve the history of the different layers of 
solute that have been added with time, resulting in a core-shell precipitate structure [84]. This 
formation of core-shell structures is exemplified in aluminum alloys by the many possible 
substitutions in the L12 structures: most classically Sc and Zr, but also Ti, Er, V, … [131–134]. 
An example of such a core shell structure in Al-Sc-Zr is shown in Fig. 8 below. The role of this 
shell may also be to decrease the interfacial energy between the precipitates and matrix 
[135]. This core-shell structure may result in a relatively fast rate of formation of the 
precipitates (controlled by the fast diffuser) followed by an extremely slow coarsening rate 
(controlled by the slow diffuser) [136,137].  
 

 
 
Figure 8:  Left : solute distribution across an Al3(Zr,Sc) precipitate measured by APT, evidencing 
the core-shell structure with a Sc-rich core and Zr-rich shell (from [138]). Right : the Zr-rich shell 
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prevents precipitate coarsening, resulting in a constant precipitate number density with time as 
evidenced by in-situ SAXS (from [136]). 
 
A similar situation exists in multicomponent steels where the diffusivities of the interstitial C 
and substitutional solutes differ by a factor of ~106. The precipitation of cementite during the 
tempering of multi-component martensite (e.g. Fe-C-Mn) first occurs with a substitutional 
composition corresponding to the bulk alloy composition of the substitutional lattice. As 
precipitation proceeds, the partitioning substitutional element content (e.g. Mn) gradually 
increases to the equilibrium value, which can be as high as 40 or 50% for Mn [101,102]. These 
deviations from stoichiometry are kinetically driven and are frequently observed. 
Non-stoichiometry evolution of precipitate chemistry can also be driven by complex diffusion 
mechanisms involving cross-terms in the Onsager diffusion matrix, resulting in coupling of 
diffusion fluxes during diffusion. Such mechanisms have been extensively described during 
precipitation of ’ in multi-component Ni-based alloys [114,139,140]. 
 
Modelling the evolution of the precipitate composition during the course of precipitation has 
generally been made in the (relatively) simple case of a uniform precipitate composition. It 
involves finding at each time step the optimal compromise between thermodynamics and 
kinetics to optimize the precipitate growth rate. However, precipitation frameworks that 
properly treat multicomponent diffusion are capable of describing evolutions in the 
compositions inherited by the precipitate at the interface as a result of changes in the 
operative interfacial tie-lines. Examples include commercial codes such as TCPRISMA or the 
the Svoboda-Fischer-Fratzl-Kozeschnik (SFFK) model, based on the Onsager extremum 
principle [141]. The applications to non-stoichiometric precipitate evolution prediction, 
compared to experimental data, is widespread [124,142–150]. A subtlety, is to properly 
describe the evolution of the precipitate composition under conditions where the significant 
deviations in chemistry that are observed during precipitation do require one to self-
consistently describe diffusion both in the matrix and in the precipitate. Most precipitation 
models do not currently capture the latter. A practical example where the latter is required is 
shown in refs [101,102]. 
 
7.3. Interface segregation 
 
In addition to the effects discussed above, large deviations to the precipitate composition can 
be observed at the precipitate / matrix interface due to segregation or anti-segregation 
effects. These deviations can help decrease the cost of these interfaces through the 
combination of lower chemical and structural contributions, and/or decreasing the lattice 
strains between the two phases. Kinetics effects such as those presented for core-shell 
precipitates in the preceding sections may also be present. Reducing the interfacial energy can 
help the nucleation process [151] and when slow diffusing species are present at the 
precipitate interfaces, strain fields are reduced and/or the interfacial energy is reduced, the 
coarsening resistance can be enhanced [152]. Many systems exhibit solute segregation at the 
precipitate-matrix interfaces with resulting combinations of these effects, such as in Al-Cu 
[153–158], Al-Cu-Li [19,159], Al-Cu-Ag [160,161], Al-Zn-Mg [162,163], Al-Mg-Si-Cu [164], Al-
Ni-Zr [165], Mg alloys [166,167], precipitates in steels [168,169], or superalloys [170–173]. 
 
 
8. Non-spherical precipitates  
 
In most practical cases, the precipitates in metallic alloys are non-spherical. This is to be 
expected when two crystals of different structure are in contact, since the different interface 
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planes do not have the same energy and mobility. The non-spherical shape of the precipitates 
arise from the combination of at least three factors: anisotropy of interfacial energy, 
anisotropy of growth rate (including anisotropy of the interface mobility), and anisotropy of 
elastic energy (coherency strains). A fourth factor, which is related to heterogeneous 
nucleation sites, will be discussed in section 10. It is not the purpose here to review in detail 
the different mechanisms leading to anisotropic shapes, but rather to show how these shapes 
influence the precipitation kinetics, and how this can be described by modelling. 
 
One can separate the cases of non-spherical particles into moderately anisotropic and highly 
anisotropic. The first category applies when the distance between precipitates is much larger 
than their maximum dimension, this condition becoming more restrictive as the precipitate 
volume fraction increases. In this first case, one can expect the diffusion field around a 
precipitate to be of nearly spherical symmetry at a certain distance from the precipitate, and 
thus the diffusion-controlled precipitation kinetics from spherical precipitates can be applied 
with reasonably good confidence, by simply calculating an equivalent precipitate size. Such 
models have been applied also in cases where these hypothesis were not necessarily met, for 
the sake of simplicity [174].  
 
In all other cases, the situation becomes much more complicated, as the anisotropic diffusion 
fields of the growing (or shrinking) precipitates interfere in complex ways. Precipitates may 
experience soft impingement of their diffusion fields [175], or even hard impingement with 
precipitates meeting each other [176], long before the equilibrium volume fraction is reached, 
thus allowing precipitation to occur in several stages and leading to extreme overlap of 
growth and coarsening regimes of precipitation [177]. 
 
A classic example is the precipitation of plate shaped precipitates in Aluminum alloys (Fig. 9). 
In these cases, the aspect ratios of the plates exceed 10 and soft impingement of the diffusion 
fields at the tips of the plates occurs long before most solute has been removed from solid 
solution. 
 

 
Figure 9:  a) Bright field TEM micrograph showing plate-shaped  particles formed in an Al-Cu 
alloy after aging for 4h at 200°C, b) a schematic illustration of the anisotropic solute diffusion 
fields that accompany plate shaped particles showing that soft impingement at the plate tips 
occurs long before all of the solute is removed from solution. In the Al-Cu case, the peak aged 
state at 200°C corresponds to 4h ageing and only ~ 50% of the solute supersaturation has been 
relieved at this time (modified from [175]). 
 
Experimentally, the evolution of the different characteristic dimensions of the precipitates can 
be obtained from the analysis of non-isotropic SAXS patterns when the main precipitate axes 
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are aligned with the incoming X-ray beam [178,179]. Some misalignment can be dealt with by 
appropriate calculations. This, coupled with in-situ measurements during heat treatments, 
makes it possible to evaluate the independent evolution of the different precipitate 
dimensions during the course of precipitation [180,181]. An example of the evolution of the 
length (diameter) and thickness of T1 (Al2CuLi) precipitates during ageing of an Al-Cu-Li alloy 
is shown in Fig. 10. 
 

 
 

 
Figure 10: Top: Evolution of SAXS patterns during ageing at 155°C of an Al-Cu-Li alloy, showing 
the development of streaks whose shape is characteristic of the high aspect ratio T1 precipitates. 
Bottom: from these images the thickness and diameter of the precipitate plates is calculated, 
allowing to evidence the effect of pre-deformation on the precipitation kinetics and aspect ratio 
evolution (from [180]). 
 
Precipitation kinetics models for anisotropic particles require some knowledge of the shape 
evolution during the course of the phase transformation. Depending on the crystallography of 
the precipitate / matrix interface and on the growth mechanism, several different hypotheses 
can be made to calculate the evolution rate.  
 
Prior to soft impingement, the lengthening rate of needles or plates is relatively constant and 
can be described by the Zener-Hillert equation (Eq. 4) [73]. This description has been used, in 
combination with the prediction of soft impingement by the consideration of the extension of 
the diffusion field, to describe the lengthening of precipitate plates in Aluminum alloys, Fig. 9 
[175], and Magnesium alloys [182].  
 
The equilibrium shape can be computed using both interfacial energy and elasticity, leading to 
the prediction of the precipitation of anisotropic precipitates [183,184]. These simulations 
show that this equilibrium assumption overlooks the effect of growth mechanisms (and their 
effects on the interfacial mobility) and thus deviates from experimental observations. 
Realistic shapes can be computed by phase field modelling when introducing all aspects of 
interfacial anisotropy and elastic strains [185], see Figure 11. Another possibility is to use the 
thermodynamic extremal principle to predict the evolution of the aspect ratio from the 
anisotropy of strain energy [186]. 
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Figure 11: Prediction of precipitate evolution during precipitation in Al-Cu by a multi-scale 
phase field approach (from [185]). 
 
Another possible assumption is to consider a constant aspect ratio, which could correspond to 
an equilibrium Wulff construction, balancing the anisotropy of interface energies. In this case, 
models have been proposed as a simple evolution of the spherical KWN models, such as in a 
6xxx series Aluminum alloy where the lengthening rate of needle-shape precipitates was 
calculated from the Zener-Hillert equation [187], or in the 718 Ni-based superalloy [188], and 
implemented in a class precipitation model. More advanced corrections to the growth rate of 
non-spherical precipitates have been developed [189] and implemented in KWN-type models, 
with the ability to predict the evolution of the aspect ratio together with that of the precipitate 
size distribution [190]. 
 
The thickening rate of plate-shaped particles with well-defined planar interfaces shows a very 
different kinetics from its lengthening, as it can be controlled by a separate mechanism of 
ledge nucleation [191]. This is very system dependent, and explains why in some cases 
precipitates can lengthen at constant thickness if thermal activation does not allow thickening 
to occur and thicken at higher temperature [46,176,180], or grow at relatively constant aspect 
ratio, yet with a different rate constant as for traditional growth / coarsening [192]. 
 
9. Multi-phase precipitation, metastability trajectories  
 
Multiple phases can precipitate together due to two factors: due to an increasing number of 
solute species in the alloy which increases the number of phases that can coexist at 
equilibrium, and, more generally, due to the existence of metastable phases, favored 
kinetically over the stable phases. Even in modestly complex alloys, e.g. Al-Mg-Si-Cu, one can 
find up to half a dozen different phases together at a given time, and they evolve in a complex 
manner towards a more stable state [11]. One should emphasize that in most cases, the 
metallurgical states of interest for practical use precisely contain these metastable phases, 
which are usually dispersed at a finer scale than the stable ones. 
 
Understanding how the material follows a sequence of phases during the course of a phase 
transformation is one of the most classical problems in physical metallurgy. This sequence is 
sometimes called a “precipitation sequence” or a “metastability cascade”, however it is 
probably more appropriate to use the concept of “precipitation trajectory”, which emphasizes 
that this trajectory is not unique to a given system - it can depend sensitively on the exact 
chemical composition and on the thermal path followed.  
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When multiple precipitates form together and in sequence, it is not possible to describe their 
kinetics as if they were forming alone from a uniform solid solution. The simplest coupling 
between the different phases occurs by only considering the effect of the average solid 
solution content. In this case, the formation of the most stable phase is made possible because 
the solubility of the matrix in equilibrium with the metastable phase is higher than that of the 
stable phase. Since the metastable phase is favored kinetically (or else it would not be 
observed), it forms first, and is later destabilized by the formation of the stable phase which 
takes over with time. Such a simple coupling is able, for instance, to describe successfully the 
competition between precipitation of -carbides and cementite in low-carbon steels [193], 
Fig. 12.  
 

 
Figure 12: predicted competition between precipitation of -carbides (m for metastable) and 
cementite (s for stable) in a low-carbon steel at 200°C, with the radius and volume fraction 
evolution of both phases (from [193]). 
 
This type of coupling has also been used to describe the evolution from clusters to 
precipitates in 6xxx series (Al-Mg-Si based) aluminum alloys [194]: the clusters that form 
during room temperature ageing reduce the solute content and thus usually make the 
formation of the next phase (’’) more difficult [195]. This coupling through the solid solution 
has been implemented in commercial software such as Matcalc where it has been used to 
describe the sequence of phases in 6xxx series Aluminum alloys [196] or in TC Prisma where 
it has been used to describe the competition between different carbides in steels [65] or the 
transition from clusters to S phase in 2xxx series Al-Cu-Mg [43]. These examples require a 
suitable description of the Gibbs energy of the clusters as a function of composition and 
temperature which brings us back to the question of what defines a precipitate discussed in 
section 3. 
 
A second mechanism for multi-phase precipitation is the in-situ transformation of one phase 
into another. We have seen in the previous section that in the general case gradual 
composition changes occur during precipitation within a given crystallographic structure; 
these changes can trigger a structural transformation when reaching a critical value. Another 
parameter that may affect the precipitation kinetics is a loss of precipitate coherency, which 
usually is predicted to happen above a critical size, and results in a change of interfacial 
energy, translating into a change of Gibbs-Thomson effect and thus a change of interfacial 
matrix concentrations.  
 
The internal crystal structure of the precipitate can also change (gradually or abruptly) during 
precipitation. A classic example is the precipitation of Cu in Fe. During early precipitation 
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stages, Cu precipitates have the BCC structure of Fe, and they progressively transform into an 
FCC structure through complex internal transformations involving multi-twinned structures. 
The description of the transition between these structures is obviously complex, but was first 
simplified to a criterion on precipitate size [197], before recent phase-field modelling has 
been able to describe the occurrence of the internal displacive transformation [198]. Another 
classic case is the evolution of GPI zones in Al-Cu alloys (a single atomic plane of Cu) into GPII 
zones (two atomic planes), which simply requires adding atoms to the initial structure, 
followed by more abrupt changes in structure towards the ’  [199] and  phases [55]. An 
interesting case of this in-situ transformation is when the metastable state contains some 
crystallographic building blocks of the precipitate which will form from it. In the Al-Mg-Si 
system, for instance, it has been shown that some specific cluster states contain atomic 
arrangements similar to those encountered in the ’’ phase, which has been interpreted as 
facilitating the formation of the latter phase during subsequent ageing [200]. The obvious 
advantage of this internal structure is that the transition to the stable phase does not require 
any nucleation, so that it can happen with almost no barrier. In terms of the kinetics of such a 
transition, one should distinguish cases where the composition of the metastable phase and 
the more stable phase that it replaces are equal (e.g. Cu precipitates in Fe), with cases where 
there is a change of composition. In the first case, once the criterion for the transition is 
reached, the transformation can be expected to be almost instantaneous. In the second case, 
the change of composition requires transport of solute by diffusion, which controls the 
transition [201].  
 
The last mechanism by which it is possible to couple several precipitates forming together is 
heterogeneous precipitation of a new phase on the existing one. The new phase may take 
advantage of the particular crystallographic arrangement at the interface between the first 
phase and the matrix, or simply of the presence of an interfacial energy and a reserve of 
solute. In this case, the heterogeneous nucleation of the new phase should be thermally 
activated, and once it is nucleated the new phase can grow very rapidly by destabilizing its 
neighbor and incorporating its solute. If a large change of composition is involved, some more 
long-range diffusion of the missing species may be necessary. Examples of such transitions 
include the transition between different S phases in Al-Cu-Mg [39,43], or the complex multi-
phase structures found in Al-Cu-Li-Mg alloys, where T1, Al-Cu GP zones, ’ and S precipitates 
are observed to be all connected to each other [19,159], as shown in Fig. 13.  
 

 



 26 

Figure 13: APT volume reconstruction of an aged Al-Cu-Li-Mg alloy showing the presence of 
multiple phases connected to each other: T1 (Al2CuLi), ’ (Al2Cu) and S (Al2CuMg) (from [19]). 
 
Many other examples exist of structural transformations of precipitates, e.g. Ni-Al based 
precipitates in Fe alloys [202], transition from spinodal decomposition to G-phase 
precipitation in steels [203], complex precipitation sequences in Mg alloys [204,205], co-
precipitation of ’’ and ’ in Ni based superalloys [206]. 
 
10. Heterogeneous precipitation on structural defects 
 
Except for systems where precipitation occurs with a high driving force and a very low 
interfacial energy, homogeneous nucleation in metallic alloys is generally impossible. It is 
more common for nucleation of phases to occur by a sequence of metastable phases, as seen 
in the previous section, and/or by heterogeneous precipitation on structural defects such as 
dislocations and grain boundaries. When the precipitation kinetics is compared between 
materials with large differences in defect density, many effects that will be detailed below are 
coupled, and result in a change of the nature and scale of precipitation. When a material is 
plastically deformed prior to a precipitation ageing treatment, the presence of a high 
dislocation density frequently changes the precipitation sequence towards equilibrium 
phases that are difficult to form otherwise and accelerates the precipitation kinetics 
[207,180,208–212]. In materials with very small grain sizes, such as achieved by severe 
plastic deformation, the precipitation kinetics can be shifted to much lower temperature 
[213] and in extreme cases coarse precipitates characteristic of high temperature 
precipitation can be found after room temperature storage [214]. 
 
At least four factors need to be considered to account for heterogeneous nucleation and to 
understand its kinetics: 
- The presence of a pre-existing excess energy, essentially an interfacial energy for grain 
boundaries, and an elastic energy for dislocations. This pre-existing excess energy favors 
nucleation by biasing the energy balance and decreasing the energy barrier, in the case where 
there is at least a partial wetting tendency of the precipitate on the structural defect. 
- The crystallographic matching between the precipitate and matrix may be more 
favorable than for homogeneous nucleation, and nucleation on defects may favor some phases 
and/or special orientation relationships [215]. For instance, when forming a hexagonal 
precipitate in an FCC matrix, the presence of a dissociated dislocation provides the necessary 
stacking fault that allows a coherent matching on the dense packed planes [216]. 
- The crystal defects interact not only with precipitates, but also with solutes. Prior to 
nucleation of the precipitates, there is usually a tendency for solute segregation at the crystal 
defect [217]. This solute segregation changes the solute distribution and thus influences 
nucleation [218–220]. It provides a solute distribution which should facilitate nucleation, but 
on the other hand the presence of segregation modifies the energy of the crystal defect and 
thus may decrease the first effect described above.  
- The presence of a crystal defect changes the solute diffusion kinetics, both 
quantitatively (dislocations and grain boundaries are fast diffusion paths) and qualitatively 
(the geometry of diffusion is modified and thus the spatial distribution of solute) [221]. If the 
crystal defect moves during precipitation, it can act as a solute collector plate and further 
accelerate the kinetics [214,222].  
 
Taking all these effects into account, it is generally observed that nucleation at structural 
defects occurs faster than homogeneous nucleation. In some cases, only heterogeneous 
precipitation is ever observed [223,224]. A common feature is also that heterogeneous 
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precipitation favors the formation of more stable phases [225] (which could not have formed 
homogeneously), so that a mixture between stable phases at structural defects and 
metastable phases in the matrix may be observed [195]. 
 
To describe nucleation at structural defects, the CNT equation might be modified so long as 
the nucleation barrier can be calculated with sufficient precision, the kinetic pre-factor can be 
modified to reflect changes to the diffusion geometry and that one takes into account the 
effective number of nucleation sites available for nucleation [226]. This is by no means 
straightforward. It is doubtful that a stationary nucleation rate applies for very long during 
heterogeneous nucleation. Once the initial solute at the defect is used for the first nuclei, 
nucleation of new particles rely on solute diffusing from the bulk towards the defect. A solute 
reaching the defect can diffuse rapidly along it to an existing precipitate, or be used to form a 
new one. The probability of further nucleation depends on the competition between these two 
mechanisms. This effect has been successfully implemented for describing the nucleation at 
dislocations of NbC in Fe [227].  
 
After nucleation is complete, the growth and coarsening rates at structural defects have very 
different characteristics from those of homogeneous precipitates. Two cases need to be 
considered:  
- Firstly, the case where the heterogenous precipitates are alone in the microstructure, 
for instance the precipitation of NbC in a Fe alloy containing a sufficient density of 
dislocations, see Fig. 14. The kinetics of growth and coarsening is then completely determined 
by the geometry of solute diffusion. When solute transport occurs only by diffusion along the 
crystal defect, coarsening rates as t1/4 and t1/5 have been predicted by theory for grain 
boundaries and dislocations [228,229], respectively. An interesting effect in such a case arises 
from the geometry: since the precipitates are in contact only via the crystal defect, there must 
be much stronger correlation between neighboring precipitates, even in dilute systems. In 
practice, it is necessary to account for both fast diffusion pathways and volume diffusion, and 
derive appropriate models to describe the precipitate evolution in such mixed diffusion 
geometry [228,230]. 
- The second case is when precipitation at structural defects is competing with 
homogeneous precipitation. A classic case is the development of precipitate-free zones on 
each side of grain boundaries in precipitate containing Aluminum alloys, which has a strong 
effect on fracture, fatigue and corrosion properties. Similar precipitate-free zones can develop 
around dislocations for the same reasons, and in the presence of dislocations, homogeneous 
and dislocation-based precipitates can form competitively such as in direct-aged 718 Ni based 
alloy [231]. Although the presence of these PFZs is not only determined by solute fluxes 
(vacancies annihilated at the structural defect play a prominent role), the evolution of the 
precipitate microstructure is in this case determined by the neighborhood of two different 
precipitate families, at the grain boundaries and in the bulk. Usually, precipitates at the 
structural defect are both more stable (stable vs. metastable in the bulk, see above) and larger 
(due to faster diffusion at the defect). These two features add and result in a solute 
concentration gradient in the matrix towards the defect, which tends to dissolve the 
homogeneous precipitates lying closest to the PFZ, increase the size and volume fraction of 
the heterogeneous precipitates and increase the size of the PFZ with time, see Fig. 15 
[69,222].  
Taking all effects globally into account in an integrated model remains challenging. However 
it has been achieved with some simplified assumptions in a number of cases 
[195,222,227,232]. 
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Figure 14: Left: dark field electron micrograph showing NbC precipitates in Fe solely forming at 
dislocations (adapted from [223]). Right: Predicted kinetics of heterogeneous precipitation at 
different temperatures compared to SANS results, showing the transition from buk diffusion 
control (1/3 time exponent) to pipe diffusion control (1/5 time exponent) as temperature is 
decreased (adapted from [227]). 
 

 
 
Figure 15: Left : Large grain boundary precipitates surrounded by a precipitate-free zone in a 
friction stir welded Al-Zn-Mg-Cu alloy ; right : predicted evolution of the size of grain boundary 
precipitates and of the PFZ during the welding cycle (from [222]). 
 
Finally, strong coupling can occur between the movement of crystal defects and precipitation, 
when these occur concurrently, so-called dynamic precipitation is observed (e.g. [31,233–
236]). This coupling results in a very wide variety of kinetic effects, which will not be detailed 
in this review. 
 
11. Non-isothermal effects  
 
Precipitation is generally studied along isothermal paths, which ensures stable 
thermodynamic conditions and simplifies the description. However, in many practical 
situations, precipitation occurs non-isothermally. This is the case when a part of large 
thickness is quenched from the solution treatment temperature, and when precipitation 
occurs during cooling to room temperature. Conversely, in many cases heating towards a 
precipitation heat treatment temperature occurs at a finite rate, either intentionally or 
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incidentally because of the material’s large dimensions. During specific secondary heat 
treatments, among which welding is the archetype, a temperature spike can occur which 
profoundly modifies the precipitate microstructure.  
During these temperature changes, all physical parameters that control the precipitation 
reaction change, especially the solubility within the parent phase, the driving force for 
precipitation and the diffusion rate. Non-equilibrium effects such as the capillarity effect 
(Gibbs Thomson effect) experience changes in magnitude, as well as the surface energy. 
Therefore, the precipitation kinetics may show a variety of specific features due to the non-
isothermal nature of the ageing path. 
 
To describe the variety of specific features (as compared to isothermal precipitation) that can 
be found, we will follow the different stages of a classical precipitation treatment: quench-
induced precipitation, precipitation during non-isothermal heat treatments, and finally the 
effect of secondary processes (welding).  
An ideal quench from the solution treatment temperature should leave the solid solution in a 
supersaturated state. Even when the quench is made very rapidly, a detailed analysis of the 
solid solution shows generally some deviation from a random solid solution (which is not 
homogenous and would anyway contain clusters!). It is recognized that the exact quench 
conditions (solution treatment temperature and quench rate) can have large consequences on 
the subsequent phase transformation kinetics, as has been evidenced for spinodal 
decomposition in Fe-Cr alloys for instance [237,238]. In many practical applications, it is 
either not possible to perform an ideal quench due to the size of the parts to be quenched, or 
not desirable because an ideal quench would lead to unacceptable levels of internal stresses. 
In this case, precipitation can occur during quenching (autotempering of martensite is an 
example). Particularly in Aluminum alloys, large efforts have been made to characterize in 
detail the kinetics of this non-isothermal precipitation upon cooling, particularly using 
combinations of calorimetry techniques [50], and to model its kinetics [239,240]. Since 
temperature is decreasing, all phenomena occurring at high temperature can be considered to 
be ‘frozen’ at lower temperature, where other phenomena can take place. Thus, precipitation 
at high temperature consists mostly of heterogeneous precipitation at structural defects or 
insoluble phases, which is followed by formation of metastable phases, GP zones or clusters 
during the late stages of cooling at lower temperatures [241,242]. The kinetics of these 
processes is in principle relatively easy to describe from those of isothermal experiments. 
Once a precipitate nucleates, since the temperature continuously decreases, its 
thermodynamic stability continuously increases and thus it will continuously grow with an 
increasing solute contrast within the matrix between the concentration at the interface and 
the residual matrix concentration. Coarsening is unlikely (except for very slow cooling rates) 
and destabilization cannot happen. In Ni based superalloys, precipitation during cooling of the 
’ phase (either during multi-step isothermal treatments or during continuous cooling) is 
classically used and results in multi-modal precipitate distributions [243,244]. 
However, one complexity can arise due to the behavior of vacancies, which become 
supersaturated during cooling and therefore experience their own kinetics of annihilation at 
the structural defects of the microstructure (grain boundaries and dislocations). Depending 
on this annihilation kinetics relative to the precipitation kinetics, the two can become strongly 
coupled. As an example, in-situ SAXS study of quench-induced precipitation in a 7xxx series 
Aluminum alloy has shown that the kinetics of GP zone formation during the late stages of 
quenching did not depend on quenching rate, because the smaller time left for precipitation 
during fast quenching was compensated by a larger retention of quenched-in vacancies [104], 
Fig. 16.  
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Figure 16: Left: Calculated evolution during three cooling schedules (fast, medium, slow) of the 
vacancy supersaturation with temperature in an Al-Zn-Mg-Cu alloy quenched from the 
solutionizing temperature. Right : Volume fraction of precipitates formed during quenching 
measured by in-situ SAXS, compared with modelling, showing the compensation between 
diffusion time and vacancy concentration in controlling the precipitation kinetics (from [104]). 
 
A second point which needs to be carefully accounted for, especially when considering 
subsequent precipitation during ageing, is the geometry of the solute distribution at the end 
of quenching. A good example is the effect of coarse quench-induced heterogeneous 
precipitation on subsequent nanoscale precipitation during ageing. Most models describing 
this effect consider that precipitation during quenching uniformly decreases the solute 
available for subsequent precipitation [245]. In fact, the solute distribution after quenching is 
very heterogeneous, with a strong depletion around quench-induced precipitates, resulting in 
the formation of a precipitate-free zone, whereas the remaining material behaves similarly to 
a perfectly quenched material [246]. Quench factor analysis (e.g. [247]) describes the 
resulting strength as a fraction of the strength obtained after an ideal quench, thus making an 
assumption of a simple law of mixtures between unaffected material and soft, nanoscale 
precipitate-free material. 
 
The second situation where non-isothermal effects are important happens when ageing is 
carried out using non-isothermal routes. In most industrial situations, the heating of parts to 
the ageing temperature can take several hours, which renders ageing non-isothermal by 
necessity [30,248]. In some cases, the ageing treatments are purposely non-isothermal or 
multi-stage, usually with increasing temperature (like the two-stage classical ageing of 7xxx 
series Aluminum alloys [246]) or more complex (like the retrogression and re-ageing 
treatment of the same alloys [130] or two stage ageing to promote bi-modal precipitate 
distributions [249]). At the extreme of this logic, non-isothermal ageing treatments can be 
designed ad hoc to either optimize a final microstructure, minimize the time of the heat 
treatment, minimize the energy consumed, etc.., such as been demonstrated with the Fe-Cu 
system [250], see Fig. 17.  
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Figure 17: Result of designing an optimal non-isothermal heat treatment path for precipitation 
in an Fe-Cu alloy, showing that it is possible when compared to isothermal precipitation to reach 
a higher number density and lower precipitate size, and a higher resulting strength (from [250]). 
 
Designing a multi-stage heat treatment can follow two purposes: decouple nucleation and 
growth, and take advantage of metastable-to-stable phase transitions. In both cases, the 
rationale is that at low temperatures nucleation is favored by the high supersaturation and / 
or by the possibility to form metastable phases of low interfacial energy. Once low-
temperature nuclei are formed, their growth may be extremely slow, and in the case of 
metastable phases such as GP zones they may not provide the appropriate properties, such as 
strengthening, as compared to precipitates further along the precipitation trajectory. This 
leads one to increase the temperature to promote diffusion and/or transition to more stable 
phases. An important point to monitor is the evolution of the nuclei formed at low 
temperature during heating. When temperature is increased, the stability of these nuclei 
decreases, and it is often observed that they start to dissolve, at least temporarily, before 
transition to a more stable phase or irreversible growth takes place [37,251]. If the extension 
of this dissolution is too large, the influence of the low-temperature nucleation stage becomes 
ineffective. As an example, it has been shown that applying a fast heating rate during artificial 
ageing of a naturally aged 7xxx series Aluminum alloy has a negative effect on the nucleation 
of the strengthening ’ phase due to the dissolution of the GP zones, as compared to a slower 
heating rate [252]. On the contrary, when low-temperature phases do not serve as nuclei for 
the strengthening phase, such as in Al-Mg-Si alloys, one can aim to minimize the time between 
quench and ageing and minimize the heating ramp to retain the solid solution for efficient 
nucleation. Alternatively, in this system, even more complicated non-isothermal heat 
treatments have been designed with pre-ageing heat treatments between quench and 
artificial ageing, which favor the formation of “good” clusters which can efficiently transition 
to the strengthening phase [253,254].  
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The third case involves situations where an existing precipitation microstructure is subjected 
to a strongly non-isothermal heat treatment, resulting in changes of the precipitate 
characteristics. This happens obviously during classical welding, where the heat-affected 
zones are subjected to a temperature spike (we will not discuss here what happens in the 
fusion zone), during solid state welding (e.g. friction stir welding), where these temperature 
spikes can be accompanied by substantial plastic deformation, and other processes, such as 
laser surface treatments [255] or additive manufacturing [256]. The common feature is a 
precipitate microstructure subjected to a temperature spike, which includes a temperature 
increase, followed by a temperature decrease. What happens to the latter corresponds to 
what happens during quenching, with the difference that the microstructure at the maximum 
of temperature is generally far from a homogeneous solid solution (except for very high peak 
temperatures). Thus, we will concentrate on what happens during heating, usually called 
reversion, illustrated by modelling results in Fig. 18. When temperature is increased, the 
stability of the precipitates decreases. This translates into an increase of the critical radius for 
dissolution R*, which becomes at one point larger than the radius of existing precipitates, 
triggering their dissolution [257]. Since this dissolution occurs concurrently to the growth of 
the largest precipitates (which may still be larger than R*), it is often observed that during the 
early stages of reversion the volume fraction of precipitates decreases but the average radius 
remains constant [258,259]. When dissolution proceeds, two cases can be encountered: either 
the precipitates become less and less stable, then the precipitates finish to dissolve, their size 
decreases, ending with a full solid solution; either the increasing level of solid solution 
resulting from partial dissolution stabilizes the remaining precipitates (translating in a 
decreasing R*), and the surviving precipitates can experience coarsening. Such multi-stage 
dissolution kinetics has been observed experimentally and described by modelling [257,260]. 
It explains the variety of microstructural states observed in weld heat-affected zones [261] or 
after laser surface treatments [255] depending on the heating and cooling rates experienced.  
 

 
Figure 18: modelled evolution of precipitate size, number density and volume fraction, during a 

reversion heat treatment (from [259]). 
 

 
Concluding Remarks 
 
We have reviewed in this paper a number of issues raised by the understanding and 
quantitative description of precipitation kinetics in metallic alloys. As a conclusion, we have 
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formulated summary remarks about what we feel are important directions for future work in 
this area: 

- Characterization and modelling tools have come so far in the last 10-20 years that 
many can now be used routinely, and the convergence between experiments and 
models has become widespread. However, work is still needed to develop a common 
data analysis framework to reach an unambiguous comparison of the two, especially 
when approaching the atomic scale. 

- A quantitative description of nucleation that can be used generally in metallic alloys 
remains an issue. CNT, in the most commonly used form, is not applicable to solid state 
precipitation where there is a change in chemistry. It is used, but it is semi-quantitative 
at best. Precipitation models always need to be ‘tuned’ because of the uncertainly in 
describing nucleation. This is what prevents precipitation kinetics models from being 
properly predictive and this remains one of the major outstanding problems in solid 
state phase transformations. This issue is particularly outstanding in “realistic” cases 
involving semi-coherent phases, heterogeneous nucleation or sequences of clustering 
and metastable phases. 

- Better experimental methods to quantitatively monitor vacancy behavior are needed, 
so that these important effects can be properly integrated into models. The effects can 
be large but we are very much limited at the moment in the characterization.  PALS is 
extremely useful but quantification and separating signals from different positrons 
traps is non-trivial. 

- Commercial software, coupled with thermodynamic databases, are nowadays widely 
available for precipitation kinetics modelling. These make precipitation modelling 
easily accessible, and the development of thermodynamic data for metastable phases 
widens their applicability. Yet the underlying assumptions are much less well 
established and appreciated, as compared to equilibrium thermodynamics, and one 
should be careful to understand these assumptions to avoid using such software as a 
“black box”.  

- We have described in this overview how different levels of complexity in the 
precipitation process can be described and understood. Many of the additional 
ingredients have now received an appropriate modelling description, however an 
integration of several of these remains mostly out of reach. Much work is now needed 
to integrate several of these approaches, e.g. to describe precipitation of non-isotropic 
particles nucleated on structural defects, non-isothermal effects in concentrated alloys, 
etc.  

- With the development of high throughput experimental approaches, as well as high 
throughput modelling tools, the amount of data available describing precipitation 
kinetics will certainly grow considerably in the next years, although this will come at 
the cost of the level of precision of the microstructure characterization (no direct 
imaging possible). In cases where the complexity of phenomena prevents a predictive 
traditional modelling approach, machine learning approaches may be useful to reach a 
practical description of microstructure evolution, find optimal processing paths and 
help alloy design. This may be an interesting alternative approach to the nucleation 
problem. 

- Precipitation coupled to plastic deformation is a very wide topic involving many 
different competing effects. These have been hardly addressed in this overview for lack 
of space, and would benefit from a separate overview to summarize the large body of 
work that has been published in the last 10 years. 
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