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A B S T R A C T

The evolution of the substructure and the distribution of interstitial elements in lath martensite during tempering
in soft martensitic stainless steel X4CrNiMo16-5-1 was studied with line profile analysis of diffractograms from
energy dispersive synchrotron X-ray diffraction, local chemical analysis with atom probe tomography and or-
ientation mapping with electron backscatter and transmission Kikuchi diffraction. Martensite formation oc-
curred below 135 °C without auto-tempering and led to a dislocation density in martensite of 3.8 ∙ 1015 m−2, as
determined from X-ray line profile analysis. On tempering, carbon and nitrogen segregated to low-angle and
high-angle grain boundaries. Recovery commenced above 550 °C and led to a reduction in dislocation density to
a steady value of 4 ∙ 1014 m−2 from 600 to 750 °C. Further tempering led to a second increase in dislocation
density at room temperature, owing to the transformation of reverted austenite, formed above 650 °C, into
martensite on cooling. It was observed that the recovery of martensite competes with the formation of reverted
austenite. The interpretation of the coherently diffracting domain size obtained from X-ray line profile analysis
was critically discussed in the context of the internal structure in martensite.

1. Introduction

Martensitic Fe-Cr-Ni alloys with> 11 wt.% Cr and particularly low
C and N contents are known as soft martensitic stainless steel. The steel
grade is known for good corrosion resistance, good ductility at high
strength, excellent impact toughness and particular resistance to wet
abrasion and cavitation [1–3]. These properties qualify the material for
use in heavy section water turbine components, pump and valve bodies
for the power generation and petrochemical industries, and wellhead
equipment for the offshore oil and gas industries [4,5].

The material's properties are obtained by solution treating in the
austenite region, martensite formation during cooling, and subsequent
formation and stabilization of reverted austenite by annealing in the
inter-critical temperature region (A1 < T < A3). During slow heating
or isothermal annealing the kinetics of reverted austenite formation are
diffusion controlled [6,7]. Chemical analyses have shown that growth
of austenite is accompanied by partitioning of alloying elements
[6,8–10]. Such partitioning contributes to the stabilization of reverted
austenite at room temperature and below [11,12]. Reverted austenite
leads to softening and improves the impact toughness significantly

[3,4].
While the growth stages of reverted austenite at different tem-

peratures are well covered in the literature [10,13–15], the micro-
structural evolution of martensite before austenite nucleation has re-
ceived little attention. Generally, before inter-critical annealing, soft
martensitic stainless steels are austenitized and quenched to room
temperature to form martensite. Transformation to martensite is asso-
ciated with transformation strains [16] and in lath martensite this is
accommodated by the generation of a high dislocation density
(~1 × 1015 m−2) [17–19]. On heating the material to a temperature
above A1, martensite is tempered while reverted austenite develops
[20]. The morphology, chemical composition and strain energy of
tempered martensite all affect the nucleation of austenite. It is therefore
crucial to characterize these microstructural features of tempered
martensite.

The present work elucidates the changes in morphology, local
chemical composition and micro-strain, which occur during tempering
of soft martensitic stainless steel. To this end, a combination of electron
backscatter and transmission Kikuchi diffraction (EBSD and TKD), atom
probe tomography (APT) and line profile analysis of energy-dispersive
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synchrotron X-ray diffractograms is applied.

2. Experimental procedures

2.1. Materials and heat treatments

The composition of the investigated X4CrNiMo16-5-1 (EN 1.4418)
soft martensitic stainless steel is given in Table 1. The material was
received as a Ø10 mm rod in as-drawn condition and was heated at a
(average) heating rate of 0.75 K.s−1 to 950 °C, austenitized for 600 s
and quenched to room temperature in an Ar flow at an average cooling
rate of approximately 1 K.s−1. Martensite formed during quenching;
the resulting condition is referred to as the hardened condition.

Specimens for EBSD were ground and subsequently electro-polished
for 30 s at 25 V with Struers A2 electrolyte to remove the strain-affected
surface layer. Electron transparent specimens for TKD were prepared by
electrolytic twin-jet polishing in 10% perchloric acid dissolved in
ethanol at −20 °C.

Specimens for APT analysis were prepared by electrolytic polishing
to obtain needle-shaped specimens for field-evaporation, using a stan-
dard two-stage method [21]. The investigated specimens were the
hardened condition, and tempered conditions achieved by isochronal
heating at 0.033 K.s−1 to final temperatures of 295 and 435 °C.

Specimens for synchrotron X-ray diffraction were cut to
Ø10 × 0.3 mm2 discs and exposed to isothermal holding for 60 s at
50 K intervals from 100 to 800 °C in a chamber furnace, followed by
quenching in water. HajyAkbary et al. [22] found that the dislocation
density in lath martensite at 400 °C was not significantly affected by
tempering treatments longer than 5 s. The present holding time of 60 s
was therefore considered sufficient to obtain homogeneous tempering
of martensite while minimizing austenite reversion and precipitation of
carbides.

2.2. Orientation mapping with electron backscatter diffraction (EBSD) and
transmission Kikuchi diffraction (TKD)

Orientation mapping was carried out with an FEI Nova NanoLab
600 scanning electron microscope by applying EBSD on bulk specimens
and on-axis TKD on electro-polished thin foils. The detector was a
Bruker e-Flash EBSD detector. EBSD was carried out at 8.5 mm working
distance with 20 keV beam energy, 4.3 nA beam current and a step-size
of 60 nm between neighboring Kikuchi patterns. In on-axis TKD the
electron-transparent specimen is positioned above an OPTIMUS™ TKD
on-axis detector without specimen tilt [23,24]. The beam energy was
30 keV, the beam current 1.7 nA, the step-size between Kikuchi patterns
12 nm and the working distance 3 mm.

2.3. Local chemical analysis with atom probe tomography (APT)

The instrument used was a CAMECA LEAP 4000 HR®. Field eva-
poration was conducted in voltage mode. The analysis was conducted at
50 K, 20% pulse fraction and 200 kHz pulse rate. The detection rate was
0.3% in legacy mode. Most of the substitutional elements were ob-
served as doubly charged ions and are thus detected with a mass-over-
charge ratio half of their atomic mass. Only Mo also showed triply
charged ions, in the region 31–33 Da; Cu was the only element to show

singly charged ions, at 63 and 65 Da. Regarding interstitial elements, C
was detected as C+, C2+, C3+, (2C)2+ and (3C)2+, and counted ac-
cording to Ref. [25]. Identification of N was more complicated, as this
element, singly charged, overlaps with the mass-to-charge ratio of
doubly charged Si. In steels containing Mo, N has a very strong ten-
dency to form molecular ions, MoN, that are detected as (MoN)2+. In
the current material virtually all N was detected as (MoN)2+, as no
characteristic shoulder was observed for the Si2+ peak at 14 Da.
Therefore only this contribution was considered for N. Average bulk
compositions were determined from all data sets with more than 5
million ions and more than 50 million total ions per heat treatment
condition. The standard deviation of interstitial content in terms of
counting statistics [26] of individual measurements was< 2.5 × 10−3

at.% for both C and N.

2.4. Energy-dispersive synchrotron X-ray diffraction

Energy-dispersive synchrotron X-ray diffraction (XRD) was carried
out on the EDDI-beamline of the synchrotron facility HZB-BESSY II [27]
and comprised measurement of the evolution of the diffraction line
profiles of annealed specimens. In the applied energy-dispersive XRD
set-up, a beam of white X-rays was applied in reflection geometry at a
fixed scattering angle, 2θ0 = 14°. Diffraction for crystallographic
planes, {hkl}, occurs for a photon energy, Ehkl, which is inversely pro-
portional to the inter-planar spacing, dhkl, i.e. proportional to the
magnitude of the diffraction vector, Khkl:

= =K
d

E
hc

1 2 sin( )
hkl

hkl

hkl 0

(1)

A detailed description of the setup of the EDDI-beamline is given in
Ref. [28]. Line profile analysis of energy-dispersive XRD data is un-
common, because of the generally poor instrumental resolution
[29–31]. Although the detector resolution has not improved sig-
nificantly compared to earlier studies, the use of state-of-the-art syn-
chrotron radiation and advances in instrumentation enable significantly
better geometrical resolution, implying narrower instrumental line
profiles [29]. In the present study, the instrumental resolution was
optimized by reducing the cross-section of the primary beam with a
0.5 × 0.5 mm2 primary slit configuration and limiting the divergence
of the diffracted beam by an equatorial slit aperture of 30 μm. The
suitability of this specific experimental setup for line profile analysis of
powder specimens has been demonstrated in Ref. [21]. Diffraction
patterns for line profile analysis were acquired for 600 s with an
average detector dead time of 34 ± 3%. The energy dependent in-
strumental line broadening was characterized by measurement of a
standard powder LaB6 SRM660b (NIST), which is shown in Fig. A.1.

3. Results and interpretation

3.1. Microstructure morphology

Orientation mapping with EBSD and TKD was applied to reveal the
microstructure of lath martensite in the hardened condition. The or-
ientation relationship of lath martensite with austenite was identified as
Kurdjumow-Sachs (K-S) in a previous investigation [32]. Fig. 1a shows
an orientation map obtained with EBSD of a bulk specimen of mar-
tensite in the hardened condition. The coloration of the map represents
the crystal orientation with reference to the extrusion direction of the
material according to the orientation color key in Fig. 1c. As is typical
for lath martensite, the microstructure is strictly hierarchical, which is a
result of the minimization of the total shape strain [33]. Prior austenite
grains (white solid lines) are subdivided into packets (examples given
by white broken lines) and blocks (parallel units within packets). Or-
ientation mapping with TKD on an electron-transparent specimen at
higher spatial resolution in Fig. 1b reveals that blocks are further sub-
divided into laths. Fig. 1c shows a magnified area from the map in

Table 1
Chemical composition of X4CrNiMo16-5-1 (EN 1.4418) soft martensitic stain-
less steel in wt% and at.% from optical emission spectroscopy (OES) and C and
N chemical analysis.

Fe C N Cr Ni Mo Mn Si

wt.% Bal. 0.034 0.032 15.0 5.8 1.0 0.86 0.39
at.% Bal. 0.157 0.126 15.9 5.5 0.59 0.87 0.77
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Fig. 1b. Here laths that are intersected approx. perpendicular by the
specimen surface are marked with dashed lines. Measurement along
their thinnest direction yields an average lath thickness of
133 ± 63 nm. Thicker laths in Fig. 1b may not be intersected per-
pendicular to their thinnest dimension and would thus give a false es-
timate of the lath thickness.

3.2. Atom probe tomography

For all analyzed specimens, evaluation of the desorption pattern for
multiple hits revealed the presence of the [011] crystallographic pole,
at which the impact density was greatly enhanced (see example in

Fig. 2). Analysis of the distribution of alloying elements revealed that Cr
was systematically enriched along this pole. This Cr-enrichment is an
artefact and originates from loss of Fe ions upon multiple hits. This
effect is known as the pile-up effect [34–36]. The artefact was exploited
to highlight the crystallographic pole with Cr isoconcentration surfaces
of xCr>23 at.% where the average Cr content is 16 at.% (Fig. 3). The
interruptions and relative shifts of these poles are an indication of the
misorientation of adjacent grains and allow to distinguish between lath
boundaries, which are low angle grain boundaries (LAGBs) and packets,
blocks or prior austenite boundaries, which are high angle boundaries
(HAGBs).

In the hardened condition, all elements were more or less homo-
geneously distributed within the laths and across lath boundaries.
Fig. 3a reveals an essentially homogeneous distribution of C across two
martensite laths, indicated by the interrupted crystallographic pole (in
green). The average bulk concentrations of C and N in the hardened
condition were 0.164 ± 0.014 and 0.126 ± 0.006 at.% (Table 2),
respectively, which is in good agreement with the overall composition
in Table 1.

Fig. 3b shows the specimen which was tempered by heating to
295 °C. Considerable C enrichment and a large shift of the crystal-
lographic pole indicates the location of a HAGB, while the other seg-
regated features are LAGB's, i.e. lath boundaries. The C and N con-
centrations fluctuate slightly within the laths, which is consistent with
the anticipated clustering. Segregation of C and N has led to a reduction
of the bulk C and N concentrations to 0.062 ± 0.018 and
0.096 ± 0.010 at.%, respectively (Table 2).

Peak concentrations at grain boundaries were determined by
background corrected 1D concentration profiles with a fixed bin width
of 0.5 nm along the length of a perpendicularly intersecting cylinder.
The maximum C and N concentrations at observed LAGBs ranged from
negligible segregation up to 1.3 and 0.3 at.%, respectively. The com-
position profiles of all segregating elements across the HAGB are shown
in Fig. 4. The maximum C concentration at the HAGB was 2.6 at.%
which is approx. 40 times higher than in the bulk; the N concentration
only increased by a factor of 4 to 0.4 at.%. The HAGB was further en-
riched in P by a factor 25, in Cr by ~1 at.%, in Mo by ~2 at.%, and by
minor amounts of Nb and V (not shown) in balance with Fe. The low
martensite start temperature of 135 °C in this alloy and the increased Cr

Fig. 1. Orientation maps of the hardened condition (a) Overview map from
EBSD showing the hierarchical subdivision of prior austenite grains (solid lines)
into packets (examples given by broken lines) and blocks (parallel units within
packets); (b) High-resolution map from TKD showing the division of blocks into
laths; (c) Magnified section from TKD-map in panel b showing individual laths
(marked by dashed lines) that were approximately intersected perpendicular to
their longitudinal direction. The average lath thickness, 133 ± 63 nm, was
determined along the thinnest direction of the marked laths.

Fig. 2. Desorption pattern of multiple hits showing the presence of the [011]
crystallographic pole. The high field-evaporation rate led to an artificial en-
richment of Cr around this crystallographic pole (red area) and was used to
identify grain boundaries and to distinguish LAGBs (lath boundaries) from
HAGBs. (For interpretation of the references to color in this figure legend, the
reader is referred to the web version of this article.)
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and Mo concentrations at the interface exclude the possibility that the
compositional profile is associated with a film of retained austenite. The
width of the segregation profile is notably larger than the one of an
actual interface. The degradation of the actual interfacial width is

instrument-related and known as the local magnification effect [37].
The effect increases with the inclination of the interface, which is high
(> 60°) in the present case.

The specimen tempered by heating to 435 °C also revealed segre-
gation of C and N to lath boundaries (Fig. 3c). No indications of tran-
sition carbides were found, while more clustering of C was encountered
as compared to the specimen that was heated to 295 °C. Continued
segregation of C and N to lattice defects led to a further reduction of the
bulk to 0.048 ± 0.005 at.% for C and 0.076 ± 0.010 at.% for N
(Table 2). The maximum concentrations of interstitials at observed
LAGBs ranged from negligible segregation up to 0.5 and 0.4 at.% for C
and N, respectively. As the overall analyzed volume and thus the
number of observed boundaries in APT is relatively low (three to five
LAGBs were observed per heat-treatment condition), the reported peak
concentrations at boundaries cannot be regarded statistically significant
and should be considered mere examples.

3.3. Energy dispersive synchrotron X-ray diffraction

The instrumental broadening of the diffraction setup was analyzed
in a Williamson-Hall plot for a LaB6 reference powder (see Fig. A.1) and
was dominated by Gaussian broadening, reflecting the resolution of the
solid state germanium detector; the results are consistent with those
generally observed for energy-dispersive XRD [29,30].

The diffraction profile of the hardened condition is given in Fig. 5,
and reveals characteristic peaks of martensite and austenite. No
asymmetry or splitting of the 200α′ reflection was observed, which is
consistent with the presence of cubic martensite with a particularly low
interstitial content [20,38]. The diffraction data was analyzed with
Rietveld refinement, applying the model described in Ref. [29]. Thus,
the fraction of retained austenite was determined as 8 ± 2 vol%. In the
diffractograms, the line profiles were fitted with the generalized
Thompson, Cox & Hastings [39] pseudo-Voigt function, yielding the
parameters of the Gaussian and Lorentzian contributions to the as-
measured profile to a very good approximation [29].

b)

c)

a)

LAGB LAGBHAGB

LAGB

XCr > 23.0 at.% 50 nmC

Fig. 3. Atom probe reconstruction of martensite a)
in the hardened condition, b) after tempering to
295 °C and c) after tempering to 435 °C. The red dots
represent C atoms; the green surfaces are Cr iso-
concentration surfaces for xCr>23 at.% (artefact
from pile-up effect), indicating crystallographic
poles that reveal the presence of and approx. mis-
orientation across grain boundaries. (For inter-
pretation of the references to color in this figure le-
gend, the reader is referred to the web version of this
article.)

Table 2
Average C and N bulk concentrations of the hardened and tempered conditions
in at.%. The bulk concentrations are average values containing the standard
deviation of several measured specimens and were obtained at regions that
were uninfluenced by segregation and adjacent depleted zones. Data originates
from > 5 ∙ 106 ions per specimen and in total > 5 ∙ 107 ions per tempering
condition.

Condition xCbulk [at.%] xNbulk [at.%]

Hardened 0.164 ± 0.014 0.126 ± 0.006
Tempered 295 °C 0.062 ± 0.018 0.096 ± 0.010
Tempered 435 °C 0.048 ± 0.005 0.076 ± 0.010

0 2 4 6 8 10 12 14 16 18 20
0

1

2

15

16

17

18

]
%.ta[

x

d [nm]

 C
 N
 Cr
 Mo
 P

Fig. 4. Background corrected compositional profile across the HAGB shown in
Fig. 3b. The profile shows the integrated atom counts along the length of a
perpendicularly intersecting cylinder.

Fig. 5. Diffractogram of the hardened condition. The
vertical axis shows the square-root of the integrated
intensity, I, to reveal reflections of minor intensity;
the horizontal axis gives the magnitude of the dif-
fraction vector, K. Reflections of austenite are in-
dicated by the blue labels and reflections of mar-
tensite that were excluded from line profile analysis
are indicated by red labels. Martensite peaks con-
sidered for line profile analysis are indicated by the
black, underlined labels; The peak at K = 6.6 nm-1
is an escape peak of the Ge detector originating from
the 211α′ reflection. (For interpretation of the re-
ferences to color in this figure legend, the reader is
referred to the web version of this article.)
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3.3.1. Line profile analysis
For quantitative line profile analysis, the 110α′, 200α′, 211α′, 220α′

and 321α′ line profiles of martensite were considered. The 310α′ and the
222α′ reflections overlapped with the 400γ and 331γ reflections, re-
spectively, and were therefore excluded from the analysis. Further,
since none of the austenite reflections had sufficient diffracted intensity
for accurate peak fitting, they were not included in the analysis. The
Lorentzian and Gaussian contributions to the pseudo-Voigt functions
fitted through the as-measured line profiles were corrected for instru-
mental broadening (see Ref. [40]) and thereafter convolved to the total
structurally broadened line profiles with the procedure given in Ref.
[41].

The dislocation density, ρ, and the size of the coherently diffracting
domains, D, were determined from the structurally broadened line
profiles with the modified Williamson-Hall (MWH) method. This
method accounts for strain anisotropy, which induces a non-linear be-
havior of the magnitude of the diffraction vector, K, and the broadening
of the line profiles, ΔK [31,42]. The MWH method applies average
dislocation contrast factors, C , to account for this non-linear behavior
[43,44]. The structural line broadening, ∆K, is given by [44]:

+K
D

bM KC0.9
2

( )1/2
(2)

where M is the dislocation distribution parameter, a dimensionless
constant, b the magnitude of the Burgers vector (here 0.2 nm) and 0.9
the Scherrer constant for a spherical crystal with cubic symmetry. An
estimate of the maximum detectable domain size, detailed in Appendix
2, was derived from data on the instrumental resolution from Ref. [45]
and Eq. (2) and assessed at 110 nm. The detailed procedure for the
calculation of the average dislocation contrast factor,C , can be found in
Appendix 3. As the MWH method contains two unknowns, M and ρ, the
method is semi-quantitative. Following HajyAkbary et al. [22] a sui-
table value for lath martensite, adopted here, is M = 1.4.

The modified Williamson Hall analysis was applied to determine the
dislocation density and the coherently diffracting particle size for dif-
ferent tempering conditions. An example of a modified Williamson Hall
plot is given in Fig. 6. The relationship of ∆K vs.

KC1/2 evidently follows a linear behavior. The regression line of the
650 °C condition shows a significantly lower goodness-of-fit value R2

compared to the other conditions. Closer inspection shows that the
110α′, 220α′ and 200α′ reflections follow a distinct linear relationship
with KC1/2, excluding the 211α′ and 321α′ reflections (blue dashed lines
in Fig. 6). The origin of this phenomenon is discussed in section 4.4.

Evaluation of the intercept and slope of the linear regression lines in
Fig. 6 in Eq. (1) yields D and ρ, respectively. The evolution of disloca-
tion density, coherently diffracting domain size and austenite fraction
of the hardened condition and the tempered specimens in the interval
100 to 800 °C is shown in Fig. 7. The dislocation density of hardened
martensite and tempered specimens up to 550 °C is approximately

Fig. 6. Modified Williamson-Hall (∆K vs. KC 1 2/ ) plot for the hardened condition and specimens tempered at 300, 650 and 800 °C. The regression lines of the
hardened and 300 °C conditions have a y-intercept of ~0, which indicates negligible contribution from domain-size broadening. The 650 °C condition shows a low
goodness-of-fit value R2. For this condition it appears that the 110α′, 220α′ and 200α′ reflections follow a distinct linear relationship with KC 1 2/ , excluding the 211α′
and 321α′reflections (blue dashed lines). (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)

Fig. 7. Dislocation density, ρ, average size of coherently diffracting domains, D,
and fraction of austenite, fγ, measured at room-temperature after quenching
from the indicated tempering temperature. The error bars for ρ and D show the
propagated standard error from determining the slope and y-intercept with
linear regression, respectively. The error of the phase fraction is in the range
of± 0.02 [46]. Up to a tempering temperature of 600 °C, the domain size D
shows unreasonably large and/or negative values, marked in gray, since the
broadening from domain sizes approaches 0 (see Fig. 6); these values are re-
garded insignificant.
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constant within the range 2.9 ∙ 1015 - 3.8 ∙ 1015 m−2. Tempering in the
temperature range 650–750 °C reduces the dislocation density to a
steady value of 4 ∙ 1014 m−2. Tempering at 800 °C and cooling to room
temperature leads to an increase in dislocation density to 3.0 ∙ 1015

m−2.
The coherently diffracting domain size of martensite shows un-

realistically high positive and negative values of several μm for all
tempering conditions up to 600 °C. This is caused by a domain size
broadening effect that approaches 0, rendering the associated domain
size values insignificant (see discussion in Section 4.3). Tempering in
the temperature range of 650 °C to 800 °C is associated with reasonable
domain size values in the range of 130 to 190 nm (see inset in Fig. 7).

The fraction of austenite is initially 8 vol% and gradually decreases
to 3 vol% after tempering to 650 °C. Tempering at 700 and 750 °C, i.e.
above A1, and cooling leads to an increase in austenite fraction at room
temperature, while tempering to 800 °C and cooling leads to a second
reduction of the austenite fraction at room temperature.

4. Discussion

4.1. Redistribution of alloying elements

The distribution of alloying elements as measured by APT for the
hardened condition does not indicate segregation of interstitial ele-
ments. This implies that martensite formation below Ms = 135 °C [16]
occurred without auto-tempering and that no measurable aging oc-
curred at room temperature during storage for over 6 months. Aging at
room temperature is commonly observed for martensitic steels with
higher C content (see for instance the study on a Fe-25Ni-0.4C in Ref.
[47]).

After tempering by heating to 295 and 435 °C an obvious redis-
tribution of the interstitial elements had occurred. Heating to 295 °C led
to segregation of C and N to LAGBs and HAGBs. The simultaneous
enrichment in ferrite stabilizing elements at the location of the HAGB in
Fig. 3b indicates that this boundary is a prior austenite grain boundary.
Significant grain boundary segregation of substitutional elements is
only possible at high temperature where austenite is the only matrix
phase. The observed segregation profile in Fig. 4 is typical for grain
boundaries in austenitic stainless steels [48,49]. The hardened condi-
tion should consequently reveal similar segregation of substitutional
elements at prior austenite grain boundaries, while segregation of C and
N could differ. No prior austenite grain boundary was investigated in
the hardened martensite condition.

Fig. 3b and c demonstrates that the interstitially dissolved elements,
C and N, progressively segregated to crystal defects with increasing
tempering temperature. This finding was supported by in-situ syn-
chrotron XRD measurements in previous work [20].

Comparison of the C distribution around LAGBs at 435 °C (Fig. 3c)
compared to the hardened (Fig. 3a) and 295 °C (Fig. 3b) conditions
reveals that instead of a sudden clustering of C at the grain boundary,
the C concentration gradually increases on one side of the LAGBs. This
one-sided gradual increase in C may be associated with the presence of
misfit dislocations on one side of the martensite laths. Sandvik and
Wayman [50] observed that the mechanical constraint of retained
austenite during thickening of martensite laths generates dislocations to
accommodate the misfit of the progressing martensite-austenite inter-
face.

4.2. Dislocation density

Only few quantitative studies on the dislocation density in soft
martensitic stainless steel have been reported in literature. In the pre-
sent study, the dislocation density of the hardened condition was
~3.8 ∙ 1015 m−2 and, upon tempering in the range 650 to 750 °C, de-
creased to a steady minimum value of 3.1 ∙ 1014 to 4.3 ∙ 1014 m−2. The
reduction in dislocation density is caused by recovery of the

dislocations between the lath boundaries and occurs in the temperature
range of 500 to 600 °C in Fe-C alloys [51]. The newly increase in dis-
location density after tempering at 800 °C is associated with reduced
stability of the reverted austenite formed at this temperature, which
leads to new martensite formation during quenching.

Christien et al. [19] investigated the evolution of the dislocation
density during martensite formation in a commercial 17–4 PH steel
with neutron diffraction. The dislocation density was determined by
multiplying the squared micro-strain ΔK/K with a temperature depen-
dent pre-factor, neglecting the contribution from domain size broad-
ening. The pre-factor relates the elastic energy density stored in the
bulk with the elastic energy density per unit-length of a dislocation. The
applied elastic parameters were = 2.5E

µ and ν = 0.25, with E, the
Young's modulus, μ, the shear modulus and ν, the Poisson's ratio. These
parameters were similar to the ones used in our study, = 2.58E

µ and
ν = 0.29, which were converted from the elastic constants reported in
Appendix 3 by a Hill-average approximation. In their study, a disloca-
tion density of ~4 ∙ 1015 m−2 was reported after martensite formation,
which reduced to a steady level of ~3 ∙ 1014 m−2 after annealing at
600 °C for 600 s. The present results are in excellent agreement with
those findings.

Results from Wiessner et al. [18] were obtained by measurements
with laboratory XRD and the above described evaluation method ac-
cording to Christien et al. [19] on a soft martensitic stainless steel with
a composition similar to the present alloy. Their results are in reason-
able agreement with the ones from our study, albeit consistently a
factor 3–6 lower. The dislocation density in the hardened condition was
reported as ~7 ∙ 1014 m−2 and decreased to ~1 ∙ 1014 m−2 after iso-
chronal heating to 600 °C with 0.82 K.s−1. The dislocation density re-
mained virtually unaffected after heating to 550 °C, which is in line
with the present findings.

4.3. Coherently diffracting domain size

In their investigation of the evolution of the dislocation density in
low-carbon martensitic stainless steels, Christien et al. [19] and
Wiessner et al. [18] did not report quantitative results for the size of the
coherently diffracting domains as obtained from line profile broad-
ening. Christien et al. [19] argued that for a martensite crystallite size
of a few hundred nm's the contribution to line broadening is negligible
compared to the contribution from strain broadening. They reported
that line profile broadening was independent of the magnitude of the
diffraction vector. Wiessner et al. [18] reported as well that no sig-
nificant contribution from the coherently diffracting domain size could
be observed.

HajyAkbary et al. [22] conducted line profile analysis on lath
martensite in a Fe-0.3C-1.6Si-3.5Mn steel with laboratory XRD and
determined coherently diffracting domain sizes in the range of
200–600 nm. These domain sizes were associated with the average
thickness of the martensite blocks. This interpretation of the coherently
diffracting domain size would imply that lath boundaries, which are
contained within the martensite blocks, would not disturb coherent X-
ray diffraction. Morito et al. [52] determined that on average 230 nm
wide martensite laths in a similar Fe-0.2C-2Mn steel have an average
boundary misorientation of 2.9°, which should conflict with coherent
diffraction from martensite blocks as suggested by HajyAkbary et al.
[22].

Our observations regarding the domain size are in line with the ones
of Christien et al. [19] and Wiessner et al. [18]. It was found that
specimens tempered up to 600 °C showed positive and negative values
for the domain size with unrealistically high magnitudes of several μm.
The average magnitude of domain size broadening for these specimens
was 0.00080 nm−1, which is significantly below the determined de-
tector resolution of 0.0038 to 0.0081 nm−1 in the relevant range of
diffraction vectors 4.5 to 13.5 nm−1 (see Appendix 2). The determined
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domain size values for these specimens are therefore not significant.
Specimens tempered in the temperature range 650 to 800 °C showed

realistic domain size values of 130 to 190 nm, which were associated
with only positive domain size broadening with an average magnitude
of 0.00494 nm−1. The value is larger than the detection resolution for
the diffraction vectors< 7 nm−1, which includes two out of five re-
flections. The detector resolution is regarded an approximation rather
than a strict limit and considering the reasonable and consistent values
of the domain size in this temperature range, the obtained values may
be significant.

Regardless of the detectability of the domain size, the merit of do-
main size determination with X-ray line profile analysis on martensitic
steels is debatable. Martensitic steels are made up of lath-, needle- or
plate-shaped, i.e. elongated, units. Since cubic symmetry of the parent
phase gives rise to a range of martensitic variants (24 unique variants in
the case of lath martensite) the well-defined shapes of martensite units
cannot be directly related to a crystallographic axis. It is therefore not
possible to take the crystal shape of the martensitic units into account in
X-ray line profile analysis [53]. As a consequence, the simplifying as-
sumption of a spherical crystal (Scherrer constant of 0.9 in Eq. (2))
needs to be made. It follows that direct comparison between domain
size from synchrotron X-ray diffraction with the lath size from TKD is
not possible because the diffraction vector, i.e. the direction along
which the domain size is determined, is generally inclined with respect
to the thickness direction of the martensite laths. This implies that the
domain size determined from X-ray diffraction line broadening should
generally be larger than the size determined from (the current) mi-
crographs. Then again, dislocation networks within the laths may
constitute separate coherently diffracting domains.1 In this respect,
Sandvik and Wayman [50] showed that the orientation of laths in an
Fe-20Ni-5Mn (wt%) alloy varied along a single lath by<1°, which may
be sufficient to break the coherency of the diffracted X-rays. This effect
would lead to smaller values for the domain size than the size de-
termined from micrographs. In conclusion, the value of the domain size
from X-ray line profile analysis is not considered suitable to describe the
unit thickness of martensite.

4.4. Modified Williamson-Hall analysis of austenite containing specimens

The results from X-ray line profile analysis in Fig. 7 show that the
nucleation and growth of reverted austenite is not only associated with
a reduction of the dislocation density, but also with an increased
standard deviation of this parameter. The modified Williamson-Hall
plot in Fig. 6 shows that this higher uncertainty originates from a lower
goodness-of-fit value R2 for the 650 °C condition. It was identified that
the 110α′, 220α′ and 200α′ reflections follow a distinct linear relation-
ship with KC1/2, excluding the 211α′ and 321α′ reflections. While the
origin of this phenomenon is unclear, some aspects of it can be dis-
cussed: It may be argued that the splitting of these reflections could
originate from the elastic anisotropy of the crystal. However, all but the
200α′ reflection have the same orientation factor H2 of 2.5, which is in
conflict with this argument. The first group of reflections, consisting of
110α′, 220α′ and 200α′, only contains plane families of symmetry with
relatively low multiplicity (12, 12 and 6, respectively). The 220α′ re-
flection corresponds to the same family of crystal planes as the 110α′
reflection and thus obeys the same linear relationship in a modified
Williamson-Hall plot. This corroborates the observation of two distinct

relationships with KC1/2. The nucleation and growth of reverted aus-
tenite occurs at some of the 110α′ interfaces, while other 110α′ inter-
faces remain unaltered. This effect might lead to an inhomogeneous
strain distribution at the 110α′ and 220α′ interfaces, which would be
associated with line broadening. The second group of reflections, 211α′
and 321α′ consists of non-symmetry planes with high multiplicity (24
and 48, respectively). It is therefore conceivable that austenite nu-
cleation and growth has an effect on the line profiles of the first group
of relatively low multiplicity, but does not alter the line profiles of the
high multiplicity reflections. At higher tempering temperatures
(> 700 °C) the splitting of the reflections faded, which is caused by the
decreasing stability of austenite at these temperatures [10], leading to
new martensite formation upon quenching.

4.5. Combined discussion of results from X-ray line profile analysis

Consistent with the above interpretation of the coherently dif-
fracting domain size, the change in dislocation density as appearing
from Fig. 7, can be discussed as follows. The dislocation density on
tempering is first observed to decrease for temperatures exceeding
550 °C and reaches a minimum value at 650 °C; while after tempering at
800 °C (followed by quenching) it increases again. The steep decrease at
600 °C is accompanied by a realistic domain size of 130 nm, indicating
that recovery of dislocation networks within the martensite laths has
occurred (see above). Speich [51] reported for low-carbon martensite,
that dislocation networks recover at 500–600 °C. Norström [54] and
Grange et al. [55] both reported an effect of alloying additions on the
kinetics of recovery. Addition of Mo [54,55] and addition of P, Ni, Si, Cr
and V [55] were found to retard recovery, consistent with the higher
recovery temperature in the present investigation. Krauss [56] reported
that the kinetics of recovery is accelerated significantly by increasing
the temperature, which suggests that the present tempering time of 60 s
has led to measurable annihilation of dislocations at 600 °C.

While recrystallization in Fe-C martensite occurs above 600 °C
[51,56], in the present alloy, relatively slow recovery competes with
austenite formation at lath boundaries [10] (see Fig. 7c). Initially,
tempering leads to a gradual reduction of the austenite content down to
3 vol% at 650 °C compared to 8 vol% in the hardened condition, which
may be related to the decomposition of retained austenite [57,58]. The
location and morphology of retained austenite could not be determined
with microscopy methods, most likely due to surface martensite for-
mation during sample preparation. In the case of the presence of thin
films of retained austenite in between lath boundaries, these films are
expected to aid elemental partitioning during tempering and the for-
mation of reverted austenite, as no nucleation is required. Further
heating leads to a second increase in austenite content up to 11 vol% at
750 °C. This reverted austenite obtains its stability at room temperature
from partitioning of Ni [10,32,59]. Further increase of the austenite
fraction at higher annealing temperature (or longer annealing time)
leads to dilution of the Ni content in reverted austenite and a reduction
of its stability upon cooling to room temperature. Thus, new martensite
forms during quenching which explains the increase in dislocation
density in martensite at 800 °C.

Summarizing, C and N gradually partition to lattice defects, mainly
grain boundaries, during tempering. Grain boundaries are known to act
as preferred nucleation sites for reverted austenite [10,60–63] close to
A1 and the locally increased interstitial content is expected to promote
austenite nucleation. Recovery of martensite commences above 550 °C,
which is close to A1 [64]. Both recovery and nucleation of austenite
require sufficient mobility of substitutional elements. The dominating
driving force for recovery is a reduction of strain energy. In the present
system, solid solution of substitutional alloying elements in martensite
leads to delayed recovery as compared to Fe-C martensite [54,55],
while nucleation of reverted austenite at lath boundaries leads to a
softening of the material [3,65]. Thus, in the present system, nucleation
and growth of reverted austenite compete with recovery of martensite.

1 Analogously, Ungár et al. [70] reported that the measured domain size in
hierarchically, heavily deformed metallic materials, is commonly found smaller
when measured with XRD line profile analysis as compared to measurements
from transmission electron micrographs. While low misorientation in the range
of 1–2° within grains does not invoke a large contrast difference in transmission
electron microscopy, scattered X-rays from such regions are not coherent and
thus lead to measurement of the sub-grain size rather than the grain size [70].
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5. Conclusion

The structural evolution of a X4CrNiMo16-5-1 soft martensitic
stainless steel during tempering was investigated by analyzing syn-
chrotron XRD line profiles, studying segregation of interstitial N and C
with atom probe tomography and characterizing the morphology of
martensite with orientation mapping. The main conclusions are:

• Martensite formation below 135 °C occurs without auto-tempering
and leads to a dislocation density in martensite of ~3.8 ∙ 1015 m−2.
• Tempering of martensite by heating to 475 °C with 0.033 K. s−1

leads to progressive rejection of C and N from the matrix to lattice
defects, mainly grain boundaries.
• Isothermal tempering for 60 s does not notably affect the dislocation
density below 550 °C.
• The dislocation density at room temperature decreases to a steady
level of ~3.8 ∙ 1014 m−2 after tempering in the temperature range
650 to 750 °C.
• Austenite formation at 800 °C leads to formation of new martensite
during cooling, leading to a new increase of the dislocation density.
• The average size of coherently diffracting domains was found to be
below the detection limit for specimens that were tempered by
heating to 600 °C. The overall merit of domain size analysis for
elongated features appearing in martensitic microstructures is dis-
cussed.
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Appendix 1. Instrumental broadening

The instrumental broadening was determined by measurement of a LaB6 SRM660a NIST [66] standard powder with identical diffraction geo-
metry and acquisition parameters as those used in all subsequent measurements. As the reference is a powder with crystallite size> 2 μm and
absence of micro-strains [66], its measurement does not show structural line-profile broadening and thus reveals the instrumental profile of the
diffractometer. The instrumental broadening ΔK vs. the magnitude of the diffraction vector K in Fig. A.1 follows the linear relationship
ΔK = 0.00312K + 0.03678.
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Fig. A.1. Line-profile broadening ΔK vs. magnitude of the diffraction vector K of LaB6 SRM660a NIST standard powder for the determination of instrumental profile.

Appendix 2. Detection limit of domain size line profile broadening

The detection limit of domain size line profile broadening is given by the instrumental resolution, which, in energy-dispersive XRD, is dominated
by the detector resolution [29,31,67]. For the present diffraction setup, data on the detector resolution as a function of energy was obtained from
Ref. [45]. In this reference, the detector resolution at a dead time of 5% is given as a function of energy. The detector resolution is further measured
for the Kα2 line of tungsten at 59.31 keV as a function of dead time. To approximate the resolution of the present data, the relationship of detector
resolution vs. energy for a dead time of 5% was extrapolated to the present average dead time of 34%. This relationship yielded detector resolutions
ΔKres of 0.038 and 0.081 nm−1 for the diffraction vectors with smallest and largest magnitude, 4.5 and 13.5 nm−1, respectively. Assuming that the
smallest broadening that can be observed is 10% of the detector resolution [31], rearranging the y-intercept of Eq. (2) to =Dcrit K

0.9
0.1 res

yields critical
domain sizes of 237 nm and 111 nm for K= 4.5 and 13.5 nm−1, respectively. Evaluating this equation with the determined instrumental broadening
in Appendix 1 yields critical domain sizes of 177 nm and 114 nm for K= 4.5 and 13.5 nm−1, respectively. The overall lower sensitivity for domain
size line profile broadening described by the latter values reflects that instrumental broadening determined by measurement of a standard powder
not only includes the contribution from the detector, but also from the diffraction geometry. Therefore, for the present diffraction setup domain sizes
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smaller than ~110 nm are expected to lead to consistent and detectable line profile broadening over the entire analyzed energy range.

Appendix 3. Determination of average dislocation contrast factors

In an untextured polycrystalline aggregate, for which the population of Burgers vectors can be assumed random, the average dislocation contrast
factors Chkl can readily be determined when the average contrast factor Ch00 of the {h00} reflections and the parameter q is known [42]:

=C C qH(1 )hkl h00
2 (A.1)

where q is a parameter describing the edge- or screw-character of dislocations and can be determined experimentally. H2 is the orientation factor and
can be calculated from the hkl: = + +

+ +
H h l h k l k

h k l
2

( )

2 2 2 2 2 2
2 2 2 2 .Ch00 is determined by the dislocation contrast factors Ch00 of pure screw and edge dislocations and

the fraction of screw and edge dislocations. Ch00 depends on the three elastic constants c11 = 230 GPa, c12 = 135 GPa and c44 = 117 GPa [68] of the
material:

= + +C a A
b

c A d1 exph i i
c

i
c i

c
i
c

00,
(A.2)

where A is the elastic anisotropy parameter =A c
c c

2 44
11 12

[69] and the index i indicates screw or edge dislocations. The parameters aic, bic, cic, and dic

depend on the ratio c12/c44 and can be found in Ref. [42]. In order to experimentally determine the parameter q, Eq. (A.1) is inserted into the squared
form of Eq. (2) to yield the following expression [42]:

K
K

C qH( ) (1 )h
2

2 00
2

(A.3)

where = ( )D
0.9 2

and β= πM2b2ρ/2. Linear regression of the left hand of Eq. (A.3) over H2 then yields the experimental value for q as the inverse x-
intercept. An example of the determination of q is given in Fig. A.2.
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Fig. A.2. Example of experimental determination of parameter q by linear regression analysis of Eq. (A.3). The parameter q is obtained by the inverse x-intercept of
the linear regression line.

Knowing the experimental value of q, the fraction of edge- and screw-dislocations can be determined by:

= =f f
q q

q q
1edge screw

screw
th

screw
th

edge
th

(A.3)

The parameters qscrewth and qedgeth are the theoretical q values for full screw- and edge dislocation contribution, respectively. These factors also
depend on the ratio c12/c44 of the material:

= + +q a A
b

c A d1 expi
th

i
q

i
q i

q
i
q

(A.4)

where i indicates screw and edge dislocations and the parameters aiq, biq, ciq, and diq can be found in Ref. [42]. For A = 2.46 in this work, the
parameters qscrewthand qedgeth were 1.31 and 2.68, respectively, which are typical values for bcc crystals [42].

A more comprehensive description of the procedure for the determination of the average dislocation contrast factors, C , can be found in Ref.
[42].
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