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High thermal conductivity states and enhanced figure of merit in
aligned polymer thermoelectric materials

Thibault Degousée,® Viktoriia Untilova,® Vishnu Vijayakumar,” Xinzhao Xu,® Yiwei Sun,® Matteo
Palma,® Martin Brinkmann,® Laure Biniek,” Oliver Fenwick**

Control of morphology in polymer thermoelectric materials is critical to their performance. In this work we study highly
aligned polymer thermoelectric materials prepared by mechanical rubbing. We observe a remarkable range of thermal
conductivity states from <0.2 W.m™.K™ to >1 W.m™.K* when comparing measurements made parallel and perpendicular to
the chain alignment direction and in isotropic films. Nanomechanical analysis reveals that the high thermal conductivity
films are stiffer, but this does not fully account for the increase in thermal conductivity. The underlying morphologies of
the materials are studied using electron diffraction and Raman spectroscopy and correlated to the electronic and thermal
transport states. Despite the discovery of high thermal conductivity states, mechanical rubbing results in a power factor
enhancement along the rubbing direction that far outweighs the increase in thermal conductivity, resulting in a 25-fold

improvement in the thermoelectric figure of merit, Z7, as compared to the isotropic doped films.

Introduction

Organic and polymer semiconductors are promising materials
for (opto)electronic applications® such as organic transistors,’
photovoltaic ceIIs,3 and light-emitting diodes.” ® The attraction
of these materials is partly due to certain intrinsic electronic
and optical properties such as high absorption coefficients,®
high luminescence efficiencies’ and charge mobilities that can
be competitive with other thin film technologies.g'10 However,
they also bring improved mechanical properties (flexibility),
chemical tunability and solubility, which enables them to be
printed as electronic inks. There is also growing interest in this
class of materials for thermoelectrics™™* that is driven by
certain intrinsic properties, in this case their low thermal
conductivity, k, (typically ~ 0.3 W.m'l.K'l)ls'19 and Seebeck
coefficients, S, of the pristine materials which are comparable
to their inorganic counterparts (e.g. ~900 uV/K for the
undoped polymer PBTI'TzO). Both properties are important for
a high thermoelectric figure of merit, ZT, which is given by
ZT = 6S?T/k, where o is the electrical conductivity and T is
the temperature. Whilst electrical conductivities reported in
polymers are generally much lower than their inorganic
counterparts, there are notable exceptions such as poly(3,4-
ethylenedioxythiophene):polystyrene sulfonate (PEDOT:PSS)
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which has o typically in the range 500-1000 S.em™#

Consequently, thermoelectric figures of merit of up to 0.4 in p-
type polymers16 and 0.3 in n-type polymers22 have been
reported, as well as thermoelectric power factors >2mW.m"
kB Nonetheless, routes to optimise the figure of merit, ZT,
in polymer thermoelectrics remain underdeveloped.
Experimentally, ZT optimisation has been explored by tuning
the doping level,® * dopant-polymer interactions,?*%®
polymer chemistry27 and film morphology.zs’ 2 The importance
of the latter should not be underestimated, not least since the
semicrystalline nature of polymer films®  results in
heterogeneous charge transport properties with current
following filamentary pathways of least resistance.>! Indeed,
some emerging models of thermoelectricity in polymersaz'34
indicate strong effects of the semicrystalline morphology. One
such model highlights the importance of electron-electron
interactions within crystalline domains, and, by consequence,
the model is dependent on the size of crystalline domains as
this determines the magnitude of the electron-electron
interactions.> Meanwhile, a model based on quantum
mechanical tunneling of charge carriers through nanoscale
Coulomb barriers at order-disorder boundaries is used to
explain the thermoelectric behaviour of PEDOT:PSS where
insulating PSS sidechains separate ordered PEDOT domains.®
Unlike models based on homogeneous materials, these
emerging theories of polymer thermoelectricity are able to fit
experimental data of temperature-dependent Seebeck
coefficient, S(T), and electrical conductivity, o(T). It is therefore
evident that to advance the field of organic thermoelectrics,
we must develop an understanding of which morphologies will
result in the highest figure of merit, ZT.



One morphological aspect of charge transport in polymers is
anisotropy due to charge delocalisation along the extended
polymer backbone. Consequently, charge transport is also
strongly affected by the polymer chain alignment within
crystalline domains and the structural disorder of the chains in
crystalline and amorphous regions alike.**® The impact of
polymer microstructure orientation on the thermoelectric
performance has recently been reviewed.*® The intrachain
transport is hindered by breaks, kinks and defects in the
conjugation, so long-range alignment of polymer chains and
control of the crystallite dimensions are of crucial interest for
enhancing transport properties.36’ 041 |ndeed stretch-aligned
doped polyacetylene can have o~ 10°S.cm™.*  Another
method to strongly align polymer chains along a desired
direction is to use mechanical rubbing at ambient or high
temperatures.43’ a“ Hence, we have previously shown an
anisotropic electrical conductivity reaching 2 x 10°S.cm™ along
the chain alignment direction for FeCl;-doped poly(2,5-bis(3-
dodecyl-2-thienyl)thieno[3,2-b]thiophene) (C12—PB'I'I’T),23 i.e.
equivalent to that of doped polyacetylene.45 A similar process
applied to poly(3-hexylthiophene-2,5-diyl), P3HT, doped with
2,3,5,6-tetrafluoro-7,7,8,8-tetracyanoquinodimethane,
F,TCNQ, resulted in an order of magnitude of anisotropy in o,
which was enhanced along the chain alignment direction.®
Furthermore, the Seebeck coefficient, S, was also enhanced
along the chain alignment direction and was
unaffected by dopant concentration, resulting in an
anisotropic power factor that was maximised along this
direction.”® This deviation from the inverse relationship
between S and o is important for the tuning of ZT, and is a sign
of a heterogeneous morphology that, in this case, took the
form of alternating lamellae of ordered and disordered
regions. Yet, this enhanced power factor can only be
translated to an improved thermoelectric figure of merit, ZT, if
the thermal conductivity is not significantly increased by the
adopted morphologies.

Thermal conductivity is comprised of electronic (k.;), and
lattice (Kjqreice) contributions, K = ke + Kigerice- POlymers
have an intrinsically low lattice thermal conductivity (typically
~ 0.2-05 W.m'l.K'l) of great interest for
thermoelectric applications. The electronic contribution
corresponds to the heat carried by the electrical charges and is
given by the Wiedemann-Franz law (WFL): k,; = oLT, where T
is the temperature, o is the electrical conductivity and L is the
Lorenz number. Due to its proportionality to o, k,; cannot
typically be tuned to optimise ZT. On the other hand, the
lattice contribution arises from propagating phonons on the
chains which are hindered by scattering events such as those
at boundaries (chain ends), interfaces (amorphous-crystalline
domain boundaries), intrachain scattering centres (including
kinks) or between two adjacent chains (intermolecular
scattering).47 Together, those scattering mechanisms limit the
phonon mean free path to typically less than 10 nanometres.*”
49 Nonetheless, recent progress in thermally conductive
polymers has been made by morphological engineering, with
the thermal conductivity of ultra-drawn polyethylene
nanofibers™ reaching 104 W.m'l.K'l, and polycrystalline51 or

relatively

which is
13, 15-19
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a\morphous52 P3HT nanofibers reaching 2 W.m™.K" and 4.4
w.m™k?, respectively. It is clear, therefore, that polymer
processing has a strong impact on lattice thermal conductivity,
which could be detrimental to ZT.

In this manuscript, investigate the effects of high-
temperature rubbing and electrical doping on the in-plane
thermal conductivity of the thermoelectric polymer P3HT. Our
results reveal a remarkable spectrum of thermal conductivity

states in these polymer films from ~0.2 W.mtK! to >1 W.m’
1

we

K. We reveal a highly anisotropic thermal transport as a
consequence of high-temperature rubbing. The large increase
of the thermal conductivity cannot be explained by the
enhanced electrical conductivity, but is instead due to high
lattice thermal conductivity caused by a particular morphology
in the doped films. We explore the structural origins of these
thermal conductivity states. Our results indicate that low
thermal conductivity cannot always be assumed for
thermoelectric polymers, and contrary to common belief,
there is plenty of scope for morphological optimization of the
thermal conductivity to enhance thermoelectric properties of
polymers. Nonetheless, results show that high
temperature rubbing can enhance the thermoelectric figure of
merit, ZT, by a factor of ~¥25 compared to isotropic polymer
films.

our

Experimental section

Sample deposition

P3HT (Mw = 43.6 kg/mol) was purchased from Merck and used
without further purification. Anhydrous ortho-dichlorobenzene
(oDCB) was purchased from Sigma Aldrich, and F,TCNQ was
purchased from TCl and used without purification. To allow
the transfer of the films to the thermal conductivity
measurement  chips, a poly(sodium  4-
styrenesulfonate) (Na:PSS) was spin-coated from water (10
mg.mL’l) on clean microscope slides at 1500 rpm. The
deposition process is presented in Fig. 1a. The P3HT films were
deposited by doctor blade on top of the Na:PSS layer from a
solution of P3HT in ortho-dichlorobenzene at 20 mg/mL. The
orientation of the films by high temperature-rubbing followed
the protocol described in previous publications.“' % Oriented
polymer films were prepared by using a homemade set up
consisting of a translating hot plate (171°C) on which the
sample is fixed and a rotating cylinder covered with a
microfiber cloth. Doping is achieved by dipping the P3HT
samples into a F,TCNQ solution (1 mg.mL‘1 in acetonitrile)
during a period of 30 seconds.

layer  of

Electrical conductivity and Seebeck coefficient measurement

The details of the measurements and the average and
maximum values of charge conductivity
coefficient are described in detail in our previous works.
All devices were fabricated on glass substrates, cleaned by
ultrasonication in acetone, ethanol, Hellmanex and deionized

and Seebeck
46, 54
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water (3 times). The cleaned substrates were dried under
nitrogen and exposed to plasma prior to film deposition. Gold
electrical contacts (1 mm spacing between electrodes, 5 mm
length) in a four-point probe geometry were deposited via
controlled thermal evaporation through a shadow mask, at an
average rate of 4—6 A/s (40 nm thick). An initial layer of
chromium (2.5 nm thick) was deposited prior the gold to
promote a good adhesion on the glass substrates (evaporation
rate 0.5-1 A/s). Oriented films of P3HT (deposited on top of
the sacrificial Na:PSS layer) were floated on water and
carefully recovered on the device with pre-deposited gold
electrodes. They were subsequently doped by dipping into a
F,TCNQ solution (1 mg.mL'1 in acetonitrile) for a period of 30
seconds. The geometry of deposited gold electrodes allows
determination of the charge transport and thermopower on
the same substrate in directions both parallel and
perpendicular to rubbing.

Thermal conductivity measurement

Various methods are available to investigate the thermal
conductivity of organic materials, each with advantages as well
as limitations.® The in-plane thermal conductivity was
measured with a Linseis Thin Film Analyzer (TFA) by the 3w-
technique coupled to the Volklien geometry.ss’ *% The active
measurement area of our pre-patterned test-chips consists of
a free standing membrane of silicon nitride with a
lithographically-defined metal wire running down its centre.
This metal wire acts as a thin-film resistive heater and
thermometer. The heat flux is from the centre of the
membrane towards the edge making this an in-plane
measurement of thermal conductivity in the direction
perpendicular to the thin-film heater. The polymer films were
vertically immersed in de-ionised water to dissolve the Na:PSS
layer. The resulting free-standing (floating) films were
transferred to TFA measurement chips with the rubbing
direction either parallel or perpendicular to the heat flux of the
thus of thermal
conductivity parallel or perpendicular to the rubbing direction
(Fig. S1). Each reported thermal conductivity value represents
the average value and standard deviation of three to four
samples. Each sample was measured over a temperature
range 293 K - 373 K in vacuum (10'6 - 10" mbar), and several
temperature sweeps were recorded in each case to check the
stability of the measurement. The frequency of the heater
current used was 0.8 Hz, and there as a stabilization time of 7
minutes per temperature step.

measurement, enabling measurement

Film thickness

The film thickness for each sample was averaged over ten
locations around the freestanding membrane using a Dektak
surface profilometer. Thickness measurements on any one
sample typically deviated by + ~10 %. The average thickness of
all our films in this study was 56 nm with a standard deviation
of 19 nm. We did not observe a dependence of the thermal
conductivity with film thickness.

This journal is © The Royal Society of Chemistry 20xx

Misalignment of the film

We performed a 2D Fast Fourier Transform (2D-FFT) on optical
microscope images of the high-temperature rubbed to obtain
the misalignment of the ridges in regard of the heater line.
Each sample was imaged on three different positions on the
membranes and the angle between the rubbed P3HT and the
heater was recorded. The average misalignment of each
sample is obtained by averaging the three angles per image.
The value of 2.8° cited in the text corresponds to the average
value of all the images recorded (Fig. S2).

Atomic Force microscopy

The topography and modulus images of the samples we
obtained with a Bruker Dimension Icon atomic force
microscope (AFM) with TAP525 (Bruker) tips (Mechanical
Property mode, Quantitative Nanoscale Mechanical
Characterization (QNM)). A typical PSFILM-12M sample
(Bruker) was used as a reference with a known modulus of 2.7
GPa. After calibration, we used the tip to measure the Young
modulus of our polymer films in Peak Force mode. We
repeated this calibration process every between each sample
to ensure the accuracy of the measured modulus. The Young’s
modulus fitting is reported in Fig. S6.
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films. UV-Vis absorbance spectra of b) doctor bladed non-rubbed
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Raman spectroscopy

Raman spectra were recorded using a Renishaw InVia in back
scattering configuration. The spectra were made recorded for
10 seconds using a x100 objective lens under an excitation
wavelength of 785 nm. The laser intensity was minimised to
avoid photo-degradation of the samples.
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When the non-rubbed films are doped with F,TCNQ (Fig. 1d),
we note a quenching and broadening of the neutral region of
the polymer (peak at ~ 500 nm) compared to the neutral non-
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Effect of chain alignment

The absorbance of neat non-rubbed P3HT (Fig. 1b) reveals
widely reported absorption characteristics of the polymer: the
0-1 transition peak at 552 nm and the 0-0 transition peak at
601 nm.>” " After rubbing at 171°C, the absorbance of P3HT
becomes highly polarized with strong absorbance of light
polarized in the direction parallel to rubbing and significantly
quenched absorption of light polarized in the direction
perpendicular to rubbing (Fig. 1c). This suggests that the long
axis of the polymer is oriented predominantly along the
rubbing direction,44' 6 something which can be quantified
using the dichroic ratio (Dg), defined as the ratio of the
absorbance in directions parallel and perpendicular to
rubbing.ez’ % At the 0-0 transition peak (601 nm), the dichroic
ratio of P3HT rubbed at 171°C is 14.1, confirming a strong
alignment of the conjugation along the rubbing direction. It is
also possible to calculate a 3D order parameter, S =
(Dg — 1)/(Dg + 2), which is commonly used to estimate the
alignment of dye molecules in liquid crystals.e‘"66 A value of S =
1 indicates perfect alignment of molecular transition dipoles,
whereas S = 0 is indicative of an isotropic film. In our case, S =
0.81, indicating excellent chain alignment in good agreement
with our previous work.**

4| J. Name., 2012, 00, 1-3

rubbed films, and the appearance of three sharp peaks (at 417
nm, ~ 770 nm and 858 nm) all corresponding to the anionic
form of the dopant. We also observe the emergence of two
polaron bands, one at 650 — 1100 nm and a wide band above
1200 nm.****

After doping, the rubbed films (Fig. 1e) exhibit characteristic
features of doped P3HT when the incident light is parallel to
the rubbing direction. This includes neutral, and polaronic
features of the P3HT chains. Peaks associated with neutral or
charged F,TCNQ are barely visible. On the other hand, when
the incident light is perpendicular to the rubbing direction,
peaks corresponding to anionic F,TCNQ are clearly observed,
whilst the broad P3HT polaronic bands are absent.®” ® This
indicates that the alignment of P3HT chains is translated to the
dopants, which sit within the alkyl side chains of the polymer
with their transition dipoles perpendicular to the P3HT
backbone.

The electron diffraction pattern of as-cast P3HT (Fig. 2a)
presents a single Scherrer ring corresponding to the (0 2 0)
reflection, typical of edge-on orientation of the crystalline
domains and implies no specific orientation of the crystalline

This journal is © The Royal Society of Chemistry 20xx
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regions.43’ Note that we previously estimated the
crystallinity of P3HT films doctor-blade coated at 171°C as
50%."" Hence, the morphology of non-rubbed non doped P3HT
consists of crystalline domains of various length scales
randomly embedded in an amorphous phase. The thermal
conductivities of the non-rubbed samples at room
temperature parallel (kj) and perpendicular (ki) to the
deposition direction are 0.29 + 0.09 Wm™ K" and 0.30 + 0.08
wmK?, respectively (Fig. 2c). This is in the range expected for
P3HT. %® * The lack of anisotropy in thermal conductivity of
the non-rubbed films, over the entire temperature range (Fig.
S3), suggests no or little preferential alignment of P3HT during
the deposition. The thermal conductivity exhibits no
significant temperature dependence, as observed for polymers
above their glass transition temperature.70’ " For amorphous
P3HT, the glass transition is expected to occur slightly below
room temperature.’” "

After rubbing at 171°C, P3HT films present different diffraction
patterns (Fig. 2b). The appearance of a 0 0 2 reflection that
represents the intrachain periodicity between successive
thiophene units, along the rubbing direction confirms that
high-temperature rubbing effectively aligns our P3HT chains.
The appearance of the equatorial reflections (h 0 0) (h = 1-3)
represents a change of the contact plane of the crystalline
domains from edge-on to face-on. Note that the persistence of
a weakened 0 2 O reflection shows that a small fraction of
edge-on crystals is also present in the high-temperature
rubbed films. Furthermore, a crystal structure emerges with
polymer backbones separated by alkyl side chains (a-axis) at a
distance of 16.6 A, a -1 stacking distance of 3.8 A (b-axis) and
an intrachain distance between thiophene units of 3.85 A (Fig.
2b). In our previous work, we demonstrated that the rubbing
temperature controls the lamellar morphology and the
crystallinity of the films.** When P3HT is rubbed at
temperatures higher than 144°C, it crystallizes along the
rubbing direction in a folded chain lamella fashion, forming a
regular lamellar semi-crystalline morphology at a larger
a4, 48 Using a fast Fourier transform of bright-field
transmission electronic microscope (BF-TEM)

scale.
images, we
reported the total lamellar period (alternating amorphous and
crystalline phases) of the films rubbed at 171°C is ~ 17 nm.*
The degree of crystallinity of the 171°C rubbed films was
previously measured by differential scanning calorimetry (DSC)
and found to be 33 + 1.3%.* Using the total length of the
lamellar period and the crystallinity of the rubbed films, it can
be estimated that the amorphous phase in the lamellar
structure is about 11 nm long and the crystalline phase 6 nm
long (Fig. S4).

After rubbing, the thermal conductivity (Fig. 2d) along the
rubbing direction is k3 = 0.59 * 0.05 wm?Kk? at room
temperature, double that of non-rubbed films, and remarkably
high for a polymer. However, perpendicular to the rubbing
direction, k. = 0.19 + 0.08 WmK? at room temperature,
slightly lower than the isotropic films. The anisotropy
coefficient, K = K /x,, of the thermal conductivity is K = 3.1

This journal is © The Royal Society of Chemistry 20xx

over the entire temperature range (Fig. S3). An anisotropic
been previously observed for
orientated polymers, with high thermal conductivity along the
7L 7477 \We note that
the lower thermal conductivity perpendicular to the chain

thermal conductivity has

chain alighnment direction, as in our case.

alignment in our films may originate either in an intrinsically
low thermal conductivity along the crystal a-axis which
includes transport through the flexible alkyl side chains (non-
interdigitated with only weak intermolecular van der Waals
forces)”™™ 7 7, or from a specific morphology of the films.
Atomic force (Fig. S5) that high-
temperature rubbing introduces a film morphology consisting
of ridges running parallel to the rubbing direction. Therefore,
in the direction perpendicular to rubbing, thermal transport
can be reduced by bottlenecks in the morphology (thin regions
of the film in the form of trenches between the ridges). On the
other hand, the thermal conductivity measured along the
rubbing direction is not subject to these bottlenecks in thermal
transport and therefore represents the intrinsic thermal
conductivity of the material.

microscopy reveals

We performed quantitative nanoscale mechanical
characterization (QNM) to probe the effect of high-
temperature rubbing on the polymer’s mechanical properties.
The elastic modulus of neat P3HT films, Epsyr, follows a sharp
normal distribution, with Epzyr =1.42 + 0.16 GPa (Fig. S6), in
agreement with modulus values in the literature.® 8 After
high temperature rubbing, the Young’s modulus follows a
multimodal distribution that reflects the trenches and ridges of
the films (Fig. S6). We performed a Gaussian fit to distinguish
the Young’s modulus of the two regions of the film (Fig. S6).
The broad peak centred at 3.15 GPa is associated with the
trenches of the film morphology where the film is thinner. In
this case, we expect the higher modulus to be due to the
measurement feeling the effect of the substrate due to the
confined geometry rather than an intrinsically high modulus
state of the polymer. On the other hand, the ridges of the
rubbed films exhibit a Young’s modulus requiring at least two
Gaussian peaks at 1.31 GPa and 1.86 GPa. As-deposited
isotropic P3HT has an edge-on orientation, which implies that
the mechanical characterization preferentially probes the
flexible alkyl side chains (a-axis), whilst rubbed P3HT adopts a
preferential face-on orientation, allowing mechanical probing
of the m-stacking direction (b-axis). Therefore, the peak at 1.86
GPa in the rubbed films is most likely related to face-on P3HT
regions with the smaller peak at 1.31 GPa likely due to residual
edge-on regions.

The lattice thermal conductivity is proportional to the square
root of the bulk modulus, E, as described by equations (1) and

(2).
K = (1/3)Cvsounal Equation (1)

1
Vsouna = (E/p)2 Equation (2)

J. Name., 2013, 00, 1-3 | 5
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capacity, / is the phonon mean free path and p is the density.
Our data therefore indicate that macroscopic stiffness is not
the main cause of the increase in thermal conductivity along
the rubbing direction. Instead it points to a probable increase
in the phonon mean free path, /. Significantly larger phonon
mean free paths along the polymer backbone compared to the
interchain direction in another polythiophene (PEDOT) have
been predicted by nonequilibrium molecular dynamics
simulations and first-principles calculations.”

Effect of doping

At room temperature, the measured thermal conductivities of
our isotropic (not rubbed), doped films are k; = 1.08 + 0.01
w.m™ K" and ki = 0.95 + 0.01 W.m™.K", essentially isotropic
(Fig. 3a and Fig S3). However, thermal conductivities of
~1 W.m™ K" are surprising high for a semi-crystalline polymer
without a specific orientation of the crystalline domains.
Previous works on the thermal conductivity of conjugated
polymers also revealed an improved thermal transport after
doping. Among them, polyacetylene doped by AsFg,
PEDOT:PSS and PEDOT:Tosylate exhibit thermal conductivities
of 0.7 W.m™K", 0.84 to 1 W.m'K' and 1.5 W.m'K?
respectively.ls’ 8288 |n these cases, the increase in thermal
conductivity was mostly ascribed to the electronic component
of thermal conductivity, k,;, given by: k,; = oLT, where L is

6 | J. Name., 2012, 00, 1-3
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surprising for the non-rubbed films is the significant increase
of k despite a modest electrical conductivity of 8.9 + 1.8 S.cm™
(Table 1). It should be noted that there is significant
disagreement on the value of the Lorenz number in organic
materials, with some putting the value up to 2.5 times the
Sommerfeld value™ 84, and others measuring values equal to®
the Sommerfeld value. In our case, we expect an electronic
contribution to the thermal conductivity at T = 300 K of just
0.007 + 0.002 W.m'l.K'l, assuming the Sommerfeld value of the
Lorenz number, L. Even with a value of the Lorenz number that
exceeds the Sommerfeld value by factor of 2.5 84, we would
only expect an electronic contribution of k, < 0.02 w.m™K™
This leads us to believe that the remarkable increase in
thermal conductivity upon doping cannot be attributed to an
electronic contribution but originates from a modification to
the lattice thermal conductivity, Kittice-

We therefore studied molecular packing in these films too,
finding that the ED pattern of the non-rubbed doped film (Fig.
3c¢) is slightly different from the non-doped analogue film (Fig.
2a). The Scherrer ring corresponding to the 0 2 0 reflection is
still present, which suggests an edge-on orientation of the
crystallite domains.> However, the process of doping induces
a sizable decrease of the average m-m stacking distance from
3.8A t03.60 +0.05A.
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After sequential doping of the isotropic films, the topography
and modulus images from QNM were recorded (Fig. S5), and
analysis shows an increase in the Young’s modulus to 3.42 +
0.39 GPa (Fig. S6). This modulus is ~2.5 times the modulus of
the undoped analogue. It is known that the presence of
polarons on conjugated polymer chains can increase their
quinoidal character®®, with quinoidal chains being more rigid
and more planar, and this might be the cause of the increase in
the Young’s modulus upon doping our films. Some previous
work on P3HT:F,TCNQ indicated that the chains can straighten
upon doping and their conjugation length increases, resulting
in a better connectivity in the films.®® An analogous effect was
reported by Kim et al. where the inclusion of short and rigid
poly(N-acryloyl piperidine) (PAP) inside the gyration radius of
poly(acrylic-acid) (PAA) flatten the PAA chains due to strong H-
bonding.90 This resulted in an improved intrachain thermal
transport, leading to an amorphous blend with a cross-plane
thermal conductivity of 1.5 W.m™.K". Most of the doping in
our films occurs in the crystalline regions by intercalation into
the side chains, which may affect the thermal conductivity in
the lamellar-stacking (a-axis) direction. However, the a-axis
points out-of-plane in the non-rubbed films and is therefore
not probed by the in-plane thermal conductivity
measurements. Nonetheless, doping also decreases the m-
stacking distance in these films. The edge-on morphology of
the non-rubbed films makes the in-plane thermal conductivity
measurement sensitive to this reduction in m-stacking
distance, which would most likely be an extra factor increasing
the thermal conductivity.

The rubbed doped films exhibit, at room temperature, a
thermal conductivity of k= 0.69 £ 0.04 Wm'K'and kL =0.14 +
0.05 Wm™Kk™ (Fig. 3b). Doping of highly-oriented rubbed films
therefore only induces a small increase of the thermal
conductivity along the rubbing direction compared to the
rubbed but not doped analogue (for which k; = 0.59 + 0.05
Wm'lK'l). Considering the electrical conductivity of these films
parallel to the rubbing direction, o/, = 110 + 10 s.cm™ (Table 1),
and the Sommerfeld value of the Lorenz number, the
electronic contribution to the thermal conductivity at room
temperature is expected to be, kg1 = 0.079 + 0.007 wm’K?,
which adequately describes the modest increase of thermal
conductivity in this direction after doping.

The electron diffraction pattern of the rubbed-doped films
(Fig. 3d) presents similar reflections to the rubbed non-doped
films. However, we note an increase in the intensity of the 0 0
2 and a streaking of this reflection while the 1 02 and 2 0 2
reflections tend to disappear. This indicates that dopant
intercalation induces a re-organization of P3HT backbones
within individual m-stacks and a disordering of alkyl side
chains.”* Furthermore, the intercalation of F,TCNQ in the
crystalline domains modifies the intermolecular unit cell
parameters. The interlamellar distance (a-axis) increases to
18.1 A while the m-1 distance (b-axis) decreases to 3.60 + 0.05
A. A schematic of the structure of the crystalline regions of the

This journal is © The Royal Society of Chemistry 20xx

rubbed doped films is shown in Fig. 3d. We note that the face-
on orientation of the rubbed films would mean that the
increase in lamellar stacking distance upon doping (along with
the disordering of the sidechains) is probed by the in-plane
thermal conductivity measurements, which would most likely
limit the measured thermal conductivity due to weaker
intermolecular coupling and increased scattering in this
direction.

After sequential doping of the rubbed films, there remains a
multimodal distribution of the Young’s modulus (Fig. S6). We
used a similar fit as for the rubbed non-doped samples to
observe the effect of doping on the stiffness of the films. The
Young modulus distribution is best fitted with two peaks, one
centred at 2.23 GPa and another at 3.29 GPa. Notably, the soft
component at 1.31 GPa in the rubbed but not doped films,
that we believe probes the residual edge-on material, is no
longer present, being incorporated into the peak at 2.23 GPa
after doping. This adds weight to the argument that stiffening
of the a-axis of crystalline regions is induced by doping. This
result confirms that sequential doping does induce a more
rigid polymer film in the lamellar packing direction.

We further looked at the effect of high-temperature rubbing
and doping on the molecular packing using Raman
spectroscopy. We used an excitation wavelength of 785 nm as
it is resonant with the doped segments in the films. The
assignment of the thiophene stretching modes on P3HT was
made according to existing literature.’®® Furthermore, the
laser polarization allowed us to qualitatively probe the impact
of rubbing and doping parallel and perpendicular to the
deposition direction. The complete Raman analysis and the
deconvolution methodology for of pristine and doped films
can be found in the electronic supporting information. Here,
we focus our attention on the intra-ring C-C and C=C stretching
modes (1300-1600 cm'l). In what follows, “order” refers to
intrachain order, and not necessarily interchain crystallinity,
which allows us to detect increases in order in crystalline and
amorphous regions alike. An “ordered” mode would relate to a
polymer segment where there is a long conjugation length
containing a large number of thiophene units and high degree
of planarity. Conversely a “disordered” mode would be of
short conjugation length and/or low degree of planarity.97
When polarons are considered, we split the definitions of
ordered and disordered chain segments into neutral and
charged. Neutral ordered and neutral disordered chain
segments are as defined described above. Charged ordered
and charged disordered chain segments are polaron-
containing chain segments that were ordered and disordered,
respectively, in their neutral state.” The polaron will planarise
the polymer locally in each case, but the difference in polaron
structure between “ordered” and “disordered” cases comes
from the effective conjugation length which is larger on the
initially “ordered” segments. On these ordered segments

there is a relatively small conformational change to

accommodate the polaron, but there are larger changes in
bond length when a polaron forms on shorter segments
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causing greater shifts in the Raman signal.91 It is therefore
possible to distinguish polarons on ordered (long conjugation
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Fig. 4 Raman spectroscopy under 785 nm excitation of the principal
molecular vibrations on the thiophene ring: C-C stretching, C=C
charged (dis)ordered, C=C neutral (dis)ordered, a) isotropic doped
(NR-D) and rubbed doped (R-D) P3HT along the deposition
direction, and b) total integrated peak area of the four vibration

madac Af C= rina hraathina far icatranic Adanad and rithhad AAanad

length) and disordered (short conjugation length) chain
segments.

Prior to doping, the Raman spectra of the non-doped isotropic
and rubbed P3HT films are comparable parallel and
perpendicular to the deposition/rubbing direction (Fig. S8-10).
Upon doping with F,TCNQ, differences arise. Along the doctor
blade direction, non-rubbed doped P3HT (NR-D //, Fig. 4a,b)
shows a broadening of the C=C intraring modes, namely C=C
charged disordered (1405 cm’l) and C=C charged ordered
(~1420 cm’l). It can be seen from the deconvolution that the
resulting C=C intraring mode after doping contains significant
C=C charged ordered components and only a small C=C
charged disordered contribution (Fig. 4a,b). This indicates that
ordered chain segments are doped preferentially to disordered
ones in this process. Nonetheless, the isotropic doped films
remain mainly in a neutral state (Fig. 4a,b). This picture is
similar for spectra taken perpendicular to the deposition
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direction (NR-D @) and for the rubbed films perpendicular to
the rubbing direction (R-D @).

On the other hand, Raman spectra of doped rubbed films
parallel to the rubbing direction are radically different (R-D //,
Fig. 4a,b). Firstly, the proportion of C=C charged disordered
stretching is only 3%. Secondly, doping induces a large increase
of the C=C charged ordered stretching centred at 1421 em’?,
making it the main contribution to the total integrated peak
area at 65% (Fig. 4a,b). This indicates a higher degree of
doping for chains aligned with the rubbing direction compared
to all other cases, but also that the polarons lie on chain
segments with longer average conjugation and/or lower
torsion angles, which will result in greater charge
delocalisation.

The ratio of the C-C intraring mode to the combined C=C
intraring modes (Io_c/Ic=¢) is known to increase with
molecular order of the chain segments due to greater electron
density over the intraring C-C bond in planar, ordered P3HT. 7
Ic_c/lc=¢ for the rubbed films parallel to the rubbing
direction (R-D //, Fig. 4a) is larger than all other doped cases
(Fig. S11). Such enhancement is probably due to a transition
from aromatic to quinoid upon doping, leading to enhanced
planarity, which is eased by the specific morphology after
rubbing.

Critically, not only does morphology influence the degree of
doping, we have found that doping has a strong effect on the
morphology. Doping is known to flatten the polymer chains
and reduce the dihedral angle between adjacent P3HT
monomers thereby increasing the conjugation length and
chain stiffness.”® This is supported by the redshift to 1440 cm™
of the C=C neutral ordered vibration mode of isotropic doped
films, which indicates a longer conjugation length of the
polymer chains.”” As a result, this new morphology adopted
after doping is different than that of the neat polymer, and
may explain why the Young modulus and thermal conductivity
increase despite the moderate increase in electrical
conductivity. In contrast, the rubbed morphology along the
rubbing direction promotes loading of F,TCNQ into the film
and seems to limit the impact of doping on the remaining
neutral chains. It transpires that the doped phase with highest
thermal conductivity is not observed along the rubbing
direction despite the high electrical conductivity of the films,
and this is highly beneficial for ZT.

Power factor and ZT

The isotropic doped films exhibit an electrical conductivity of
89 + 1.8 S.cm™ (Table 1), similar to the values recently
reported for P3HT:F,TCNQ thin films.”® The Seebeck coefficient
reaches 55 + 2 uV/K, and the power factor (PF) is therefore 2.7
+0.8 pW.m ™.k

High-temperature rubbing introduces a strong anisotropy to

the electrical conductivity, with the electrical conductivity
increasing to 110 s.cm™ along the rubbing direction, an order
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of magnitude higher than in the non-rubbed doped films.>* We
previously observed an anisotropy in hole mobility of almost
an order of magnitude in rubbed P3HT (rubbed at ~171°C) and
it seems that this is translated directly into an anisotropic
electrical conductivity (gy/0, =10 £4)."* * The high
electrical conductivity along the rubbing direction compared to
the perpendicular direction and the non-rubbed films is
consistent with the Raman analysis which shows a greater
proportion of doped polymer chains aligned with the rubbing
direction, along with a greater proportion of polarons on
ordered chain segments showing a larger planarity.

Astonishingly, despite the large increase in o in the rubbing
direction, Sy (=62t 4 uV.K'l) is significantly higher than in the
perpendicular direction (S. =14 £ 2 uV.K'l) and slightly higher
than in the doped non-rubbed films (Syg = 55 * 2 uV.K'l). This
confirms that the decoupling of S and o is a consequence of
high-temperature rubbing, as reported by Hamidi-Sakr et al.
and Untilova et al. **>* Consequently, PFj =42 £+ 6 uV.K'1 is
among the highest reported for P3HT:F,TCNQ thin films. In the
direction perpendicular to rubbing, PFL = 0.2 + 0.1 |.1V.K'1,
leading to a power factor anisotropy of PF;/PF, = 210.

Due to the surprisingly high thermal conductivity of 1.08 £ 0.01
W.m™.K?, the isotropic doped films have a low figure of merit,
ZT = 7.3 = 2 x 10™. Note that this is comparable to the ZT
measured perpendicular to the rubbing direction despite a PF
ten times higher for the isotropic doped films (Table 1). On the
other hand, despite a large increase of k| after rubbing and
doping P3HT, ZTj = 1.79 + 0.28 x 10™. This value represents an
improved ZT by a factor 25 compared to the isotropic films and
highlights the importance of using morphological control in the
development of high ZT polymer thermoelectrics.

Table 1 Room temperature thermoelectric properties of the
doped P3HT films. || and L indicate measurements parallel and
perpendicular to the rubbing direction.

Average values NR-D R-D || R-D L
Electrical cond.

1 9+1.8 110+ 10 11+4
(o,S.cm™)
Seebeck coeff.

1 5512 62+4 14+2
(S, pv.K7)
Thermal cond.

1.1 1.08 £ 0.01 0.69+£0.04 0.14 £ 0.05
(k, Wm™K™)
Power Factor

1.2 7+0.8 42 +9 0.22+£0.12
(PF, pW.m™K™)
Figure of merit
7302 180 £ 28 45+1.1

(zT) x 10

Conclusions

This work has shown that the thermal conductivity of
thermoelectric polymer films is highly tuneable by a factor of
at least 5 from <0.2 W.m™.K" to >1 W.m™.K™. This challenges

the assumption that polymer thermoelectric materials always

This journal is © The Royal Society of Chemistry 20xx

benefit from lower thermal conductivities than their ceramic
counterparts. The polycrystalline structure of rubbed films was
shown to induce an anisotropic thermal conductivity with high
/ along the polymer chains. Doping of rubbed films was shown
not to have a significant additional effect on the thermal
conductivity other than a small increase that was consistent
with an electronic contribution. On the other hand, doping of
polymer films in the absence of rubbing induced significant
changes to the molecular packing and morphology, yielding
exceptionally high lattice thermal conductivity, above 1 W.m"
'k which is unusual for a polymer and detrimental to the
thermoelectric figure of merit, ZT. Nanomechanical analysis
revealed that a stiffer phase developed upon doping, which
suggests that the high thermal conductivity originates from a
modified morphology likely to be due to the stiffening or
straightening of polymer chains in the amorphous regions. This
drastic increase in k reinforces the point that an improved
power factor does not necessarily translate to an improvement
in ZT. Nonetheless, despite the discovery of high thermal
conductivity states, mechanical rubbing results in a power
factor enhancement along the rubbing direction that far
outweighs the increase in thermal conductivity, resulting in a
25-fold improvement in ZT as compared to the isotropic doped
films.

This work has highlighted that morphological control is key in
the development of polymer thermoelectrics and that it
should not be assumed that the lattice thermal conductivity is
constant as a function of processing or doping. Such
assumptions may lead to miscalculation of the figure of merit.
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