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Abstract This work provides a description, at the atomic level, of a mechanical
treatment on a mixture composed of two metallic powders. We used Molecular
Dynamics to simulate the impact of grinding balls involving compaction and plas-
tic deformation. Four binary mixtures were considered: Ni-Al, Ti-Al, Fe-Ni, and
Fe-Cr, in order to assess the influence of the mechanical and structural proper-
ties of these pure elements on the characteristics of the activated mixture. The
formation of nanometric mixing zones was tracked over deformation steps. The
microstructure of the activated mixture was characterized using various indica-
tors: local crystallographic configuration, radial distribution function, potential
energy distribution, and mixing efficiency. The effects induced by the mechanical
treatment were found to be specific for each binary system, and depended on both
the mechanical and structural properties of the pure elements. Mechanical activa-
tion induces solid-state solubility, structural transformations, and defects. We also
evaluated reactivity and transport properties at different temperatures in Ni-Al
and Ti-Al nanocomposites fabricated by mechanical activation. We assessed the
extent of their mixing zones, together with solubility, mobility, and the formation
of intermetallics within these zones.

Keywords Powder metallurgy, High Energy Ball Milling, Metals and Alloys,
Reactive nanocomposites, Molecular dynamics simulations

1 Introduction

Mechanical treatment of powders in planetary ball mills is a very common pro-
cess used for several purposes including the synthesis of inorganic compounds
and metallic nanocomposites, the formation of supersaturated solid solutions or
metastable crystalline phases, and the elaboration of nanostructured materials or
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amorphous alloys [1]. Mechanosynthesis, also termed mechanochemistry or me-
chanical alloying, supposes that the reaction is completed during the mechanical
treatment [2]. In contrast, preliminary mechanical activation is used to fabricate
reactive materials [3], and the reaction follows the activation process. As an ex-
ample, the combination of mechanical activation and reactive sintering leads to
the formation of nanostructured intermetallics [4], and nanostructured High En-
tropy Alloys [5]. Nanocomposites prepared by mechanical milling are also used
in additive manufacturing [6,7], where attention is also paid to particle size and
shape. Characterizing the reactive properties of activated powders is important to
design reactive material with tailored reactivity, and to choose the most adequate
parameters for the elaboration process (e.g., milling speed).

In practice, powders processed in planetary ball mills are submitted to a series
of transformations induced by contact with grinding balls. The different elemental
load modes observed in milling experiments include compression, shear, shock,
cutting, and impact. Beinert et al. [8] classified the contacts between beads or
bead and wall into four contact types: impact, torsion, shearing, and rolling, as a
function of the relative velocity of colliding bodies. In addition, in situ observations
have demonstrated that milling balls undergo complex motions in the jar [9]. Three
milling regimes were identified as a function of milling parameters in the case of a
large number of grinding balls [10]. In cascading regime, the balls are taken along
the container and unroll upon each other from the bulk top to its base. Friction
between grinding balls is dominant. In cataracting regime, the balls detach from
the wall and impact the other balls or the opposite wall with high intensity. In
centrifugal regime, the balls are stuck to the inner wall of the vial and move
together with the vial. The specific milling regime was found to influence the
microstructure and reactivity of the final powder mixture [11]. The action of balls
on the blended elemental powders is essential to control the effects of milling. The
two main activation factors are the collision of grinding balls with one another and
with the milling wall, and friction between the grinding balls.

The fundamental question is to determine how the mechanical energy delivered
by the mechanical process is stored in the powder, leading to enhanced reactivity
in activated powders. The most common explanation is to assert that mechanical
energy is stored in defects created during severe plastic deformation associated
with mechanical treatment. According to Hoffman et al. [12], the defects due to
mechanical treatment include: zero-dimensional point defects, such as vacancies;
one-dimensional line defects, such as dislocations; two-dimensional area defects,
such as stacking faults, grain boundaries, and contact areas with other phases.
Three-dimensional volume defects include amorphous regions, pores, other phases,
and metastable regions, corresponding to the development of structural transfor-
mations. The energy associated with different types of point defects, dislocations,
and grain boundaries has been evaluated by Khina [13,14]. Low-dimensional de-
fects appear to have a negligible effect on subsequent reactivity, in comparison with
metastable phases, for which the formation mechanism is not yet understood.

In order to understand the effect of mechanical activation on reactivity, the
Ni-Al system has been widely studied experimentally. It has been shown that
high-energy ball milling affects the reaction kinetics of Ni/Al reactive composites
[15,16]. Specifically, it was demonstrated that the effective activation energy of the
reaction is significantly reduced after mechanical treatment [17]. This reduction
may be attributed to structural refining that leads to an increase in the number of
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contact surfaces. In addition, microstructural analysis has shown that nanosized
clusters are formed, which can serve as highly reactive precursors of new phases,
and thus reduce the potential barrier to the initiation of exothermic reaction.

A problem of topical interest is to understand how impact and friction (the
two prevalent actions during milling) act on the powder and modify microstruc-
ture evolution. Several studies have already been conducted at the atomic level.
The plastic deformation induced by milling was modeled by cyclic deformation
[18,19]. These studies have demonstrated that cyclic deformation forces chemical
mixing due to dislocation gliding. The progressive amorphization and mixing of
a binary system through extensive plastic straining has been studied in [20], by
means of a strain-and-stack process similar to cold-rolling. Since the pioneering
work of Holian and coworkers [21], the friction between sliding metallic blocks
has been extensively studied (see for instance [22]). The frictional sliding of solid
surfaces involves large plastic strains and strain gradients, high strain rates and
strain rate gradients, and mechanical mixing from both contacting solids. Mechan-
ical mixing was attributed to different mechanisms: interface instability that leads
to local vorticity, dislocation and twin activity, and amorphization. Atomic mixing
in metals under shear deformation has been studied at various interfaces in [23].
The mixing was found to be diffusive or "superdiffusive", depending on the coher-
ence between interfaces. Heat dissipation due to sliding was investigated by means
of non-equilibrium Molecular Dynamics simulations [24,25]. Atomic-scale mechan-
ical mixing and generation of mixing layer were observed in the regions near the
contact interface. The enhanced reactivity of mechanical activated systems has
also been considered in the literature. The mechanisms of loading and chemical
processes resulting from shock compaction have been investigated in the case of
Ni/Al composites by means of Molecular Dynamics simulations [26,27]. The role
of porosities in such systems during deformation has been considered in [28]. The
reactivity of Ni-Al composites prepared by mechanical activation has been studied
in order to detect the role played by the nanoscale mixing of the reagents [29]. But,
in these studies, a nano-laminated structure or premixing of reagents was assumed.
So a complete description of the effects induced by the mechanical treatment of
elemental powders from activation to reaction is still lacking.

In the present work, we developed a set of Molecular Dynamics simulations
mimicking the effects of grinding balls on powder particles, in order to obtain a
better understanding of the mechanisms that take place during mechanical ac-
tivation at the atomic level. We modeled the impact of grinding balls and their
action on blended powders following Maurice and Courtney’s idea [30]. Flat sur-
face tools act on a large number of individual powder particles and cause uniaxial
compression of the powder. Despite unavoidable limitations in system size and
simulation time, large-scale Molecular Dynamics simulations are a useful tool to
provide in situ observations during mechanical activation. We considered a set
of metallic binary systems: Ni-Al, Ti-Al, Fe-Ni, and Fe-Cr. It is expected that a
layered structure would be observed in ductile/ductile binaries. In the case of cou-
ples with dissimilar ductility, the resulting composite represents a metallic matrix
with inclusions of the less ductile phase. The aim is to understand the specific
behavior of each couple as a function of the mechanical and structural proper-
ties of its elemental constituents. Understanding the specific behavior of metallic
couples during mechanical activation is important when this process is used to
fabricate complex alloys. The efficiency of mechanically induced deformation will
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Table 1 EAM potential used for the different binaries.

Metallic binary system K-L EAM potential
Ni-Al Purja Pun and Mishin (2009) [34]
Ti-Al Zope and Mishin (2003) [35]
Fe-Ni Bonny et al. (2009) [36]
Fe-Cr Bonny et al. (2011) [37]

be investigated by measuring amorphization rate, chemical mixing efficiency, and
the creation of defects. In order to evaluate their reactivity, activated Ni-Al and
Ti-Al systems were studied at different temperatures, below and above the melting
point of the less refractory element (Al). Both diffusion and reaction mechanisms
were evaluated in Ni-Al and Ti-Al systems.

2 Methods

Fig. 1 Simulated system. Initial state with fcc-Ni and fcc-Al polycrystalline particles (left).
System elongated along the y-direction after deformation (right).

All atomic simulations were performed with the Large-scale Atomic/Molecular
Massively Parallel Simulator (LAMMPS) [31]. The LAMMPS is very well suited
to study the properties of large-scale metallic systems by Molecular Dynamics
and Embedded Atoms Method (EAM) potentials. The equations of motion of the
atoms were integrated with a timestep of 1 fs. As shown in Fig. 1, we studied the
mechanical deformation of a parallelepipedal simulation box filled with rounded
particles 1. The typical box size was 58.6 nm x 58.6 nm x 16.8 nm. To build this ini-
tial system, we randomly distributed 12 spheres of 16.6 nm diameter in the middle
plane of the simulation box. Each sphere was filled with either a monocrystalline
or polycrystalline metal. The polycrystalline systems were obtained by Voronoï
tessellation [32,33]. The binary systems considered in the present study are listed
in Table 1, with their corresponding EAM potentials. The number of atoms of
each species and mole fraction are given in Table 2. The properties of the elements
are summarized in Table 3.

The system was first equilibrated at 300 K by a run of 50 ps in the NVT
(canonical) ensemble followed by 50 ps in the NPT (isothermal-isobaric) ensemble.

1 Here, "particle" means powder particle
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Table 2 List of systems considered in the analysis. N(K) is the number of atoms of element
K, N is the total number of atoms, x = N(K)/N is the mole fraction.

K − L N N(K) N(L) x (at.%)
Ni-Al mono 2 106 488 1 097 480 1 009 008 52
Ni-Al poly 2 110 942 1 099 995 1 010 947 52
Ti-Al mono 1 510 824 789 312 721 512 52
Ti-Al poly 1 658 148 866 526 791 622 52
Fe-Ni mono 2 440 686 1 170 390 1 270 296 48
Fe-Cr mono 2 329 662 1 170 390 1 159 272 50

Table 3 Structural, thermodynamics and mechanical properties: Structure of pure elements
at ambient temperature; Melting temperature Tm of pure elements: Experimental value and
theoretical value corresponding to the specific potential; Experimental value of the transition
temperature Ttr; Simulated tensile strength, σ; Experimental value of hardness, H.

structure Exp. Tm (K) Sim. Tm (K) Exp. Ttr (K) Sim. σ (GPa) Exp. H (HV)
Al fcc 933 1055 [34] 8.0 [34] 18

898a -870b [35] 6.6 [35]
Ni fcc 1728 1710 [34] 19.4 [34] 60

14.6 [36]
Fe bcc → fcc 1811 1185 9.4[36] 60

9.4 [37]
Ti hcp → fcc 1713 1571a - 1531b [35] 1155 14.8 [35] 99
Cr bcc 2180 Not given 13.5 [37] 100

a Melting temperature evaluated using the sphere method. bMelting temperature evaluated
using the two-phase method.

After this preliminary step, the atoms are integrated in the NPT ensemble. In order
to mimic high-energy ball milling in which the average impact velocity of grinding
balls is typically between 2 and 14 m/s, the box was shrunk at the constant velocity
of 13.17 m/s, corresponding to a compression rate of ε = 4.5 1010 s−1 along the
x-direction [38]. The length of the simulation box was fixed along the z-direction,
and adjusted along the y-direction by the Nose-Hoover barostat to maintain zero
pressure in the system. The system deformation was monitored by computing
the relative compression εxx = |∆L/L0| = |(L − L0)/L0|. In the following, we
will use ε instead of εxx, for simplicity. The system was deformed up to 80% of
its initial length in 1.78 ns before studying its reactivity at a finite temperature.
The reactivity simulations were carried out at constant temperature using the
anisotropic NPT ensemble along all three directions.

The mechanical alloying observed during high-energy ball milling is necessarily
related to the mechanical properties (e.g. Young’s modulus, hardness, and tensile
strength) of the elemental metal. Some of these properties can be evaluated by
computing stress-strain curves. Nevertheless, hardness calculations will require
nanoindentation simulations, which are complex and beyond the scope of this
study. As a first approximation, stress-strain curves give a rough estimate of the
hardness in a given binary by using an empirical linear dependance, H ≈ 3σ,
reported between tensile strength and hardness [39]. The computed stress-strain
curves are given in Supporting Information.

The atomic positions were visualized with the open-source software, OVITO
[40]. The local environment (i.e. fcc, bcc, or unknown/amorphous) was determined
for each atom, with the adaptative Common Neighbor Analysis (a-CNA) [41]. In
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the initial configuration depicted in Fig. 1, each atom was tagged with an indicator
referencing its type and local structure.

3 Results and Discussion

3.1 Study of deformation

Fig. 2 Evolution of the Ni-Al system composed of polycrystalline spheres during deformation.
(a) Snapshots at different deformation rates: ε = 0%, ε = 35%, ε = 55% and ε = 73% and DXA
(Dislocation Extraction Algorithm) analysis at ε = 73% [42] (b) Number of atoms (at.%) in
contact zones CZ, in mixing zones MZ, and in local configuration fcc, hcp or unk in the entire
system as a function of deformation. Evolution of the mixing parameter Ω and of the relative
volume of the simulation box. The relative volume is defined as the volume of the simulation
box divided by 12× d3 with, d, the diameter of the particle.

We first describe the effect of deformation on the Ni-Al system. A progressive
uniaxial compression was applied to the system of 12 polycrystalline particles of
nickel and aluminum, as described in the previous Section. Figure 2a presents
snapshots of the system in the x− y plane at representative stages of the process.
The simulation box shrank in the x-direction and elongated in the y-direction.

The particles were homogeneously distributed in the initial configuration. The
compression applied to the simulation box induced modifications in the system as a
function of deformation. Up ε = 10%, the particles moved freely, filling voids (stage
I). At that deformation, the simulation box is equal to 12 ×Vcube, where Vcube is
the volume of the cube in which a particle is inscribed. During compaction (stage
II from ε = 10% to 49%), most of the empty space between particles was removed.
At ε = 35%, Al particles seem to be crushed by Ni particles, and some dislocation
started to develop in Al particles. Compaction was complete at ε = 49% when
the volume of the simulation box reached its inflection point. After compaction
(stage III, ε > 49%), the powder was further compressed and underwent plastic
deformation. The ductile Al particles deformed whereas Ni particles remained
spherical. The microstructure of the composite formed after compression (Fig. 2a
at ε = 73 %) looks very similar to the samples obtained experimentally via HEBM
[43], despite the difference in scale.



Title Suppressed Due to Excessive Length 7

In what follows, we analyze the different stages of the microstructural changes
during deformation. To do so, several indicators were tracked, including the frac-
tion of atoms in relation to their chemical identity, their local configuration (hcp,
fcc, unk), and the particle it belonged to initially. Figure 2b presents the evolution
of the entire Ni-Al system as a function of deformation in terms of these indicators.
A major consequence of mechanical activation (MA) is the formation of contact
zones between particles. In order to study this aspect, we defined two types of
regions:
– Contact Zone (CZ): an atom in particle a belongs to a CZ if one of its neighbors,

in a sphere of radius rcut, belongs to another particle b.
– Mixing Zone (MZ): an atom of type i in particle a belongs to an MZ if one of

its neighbors, in a sphere of radius rcut, belongs to another particle b and is of
type j, with i 6= j.

The choice of rcut = 3.25 Å is such that only nearest neighbors are selected. A
group of atoms that will be in a particular region at the end of the deformation is
noted "end-region". For instance, if we consider the group of atoms that will be in
the MZ at the end (but not necessarily at any previous time except the end), the
group is noted "end-MZ". Figure 3 highlights, in the initial system, the position
of atoms that participate in end-CZs and end-MZ.

(a) Polycrystalline Ni-Al particles (b) Polycrystalline Ti-Al particles (c) Monocrystalline Fe-Ni particles
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Fig. 3 Snapshots of the initial system prior to deformation (x− z view). Atoms embedded in
mixing zones after deformation are highlighted. Atoms in end-CZ are red and atoms in end-MZ
are blue. (For interpretation of the references to color in this figure, the reader is referred to
the online version of this article).

Table 4 gives the characteristics of all K − L systems at ε = 73 % (where K
and L stand for Ti, Al, Fe, Ni, Cr):
– NMZ is the total number of atoms in MZs;
– NMZ(K) is the number of atoms of species K in MZs;
– nMZ = NMZ/N is the fraction of atoms in MZs;
– xMZ = NMZ(K)/NMZ is the mole fraction in mixing zones;
– uMZ = NMZ(unk)/NMZ is the fraction of unk-atoms in MZs;
– ûMZ = NMZ(unk−L)/NMZ(L) is the number of unk-atoms of species L over

the number of atoms of species L in MZs.
In the case of the Ni-Al polycrystalline system, the initial system already con-

tained unk-atoms distributed at grain boundaries and on particle surfaces (see
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Table 4 System characteristics at deformation ε = 73% for each binary K-L

ε = 73% Ni-Al poly Ni-Al mono Ti-Al poly Ti-Al mono Fe-Ni mono Fe-Cr mono
nMZ (at.%) 15.2 12.6 10.2 7.6 4.5 4.7
xMZ (at.%) 47.0 44.8 45.7 45.3 48.5 51.0
uMZ (at.%) 74.4 69.3 52.9 45.6 62.5 31.8
ûMZ (at.%) 88.6 86.3 60.4 54.7 54.2 23.3
Ω at 73% 0.54 0.36 0.32 0.30 0.25 0.24

Fig. 2a). During deformation, the number of fcc-atoms decreased in relation to
unk- and hcp-atoms: unk-atoms were observed at contact zones and hcp-atoms in
the dislocation network. The number of atoms in CZs and MZs increased during
compaction (stage II). This rise was slightly more pronounced during plastic de-
formation (stage III). The number of atoms in CZs reached 20 at.% in the final
sample with more atoms in CZs than in MZs. This indicates that only a fraction
of atoms in CZs will lead to effective chemical mixing. Most of the atoms in MZs
are amorphous (uMZ = 74.4 at.%), with a large majority of unk-Al (ûMZ = 88
at.%) (see Table 4). The mole fraction in MZ (xMZ = 47 at.%) is not strictly
preserved in comparison with the overall mole fraction (x = 52 at.%). This means
that more Al atoms were trapped in the MZ during deformation. It appears that
plastically deformable aluminum forms layers between Ni particles. Some Ni atoms
were trapped in these amorphous Al layers. During compaction and compression
of both Al and Ni particles, plastic deformation involved dislocations that can be
quantified by the percentage of hcp-atoms in the system. As shown in Fig. 2a,
plastic deformation is more noticeable in Ni particles, where the number of hcp
atoms is greater after deformation.

The atomic-level mixing induced by mechanical activation is best appreciated
by considering a simple nondimensional order parameter. The short-range order
parameter (SRO) is based upon nearest-neighbor atomic distribution:

Ω =
c

1−cN
j
i + 1−c

c N i
j

N j
i +N i

j

(1)

where N j
i is the average number of neighbors of type j in a sphere of radius

rcut = 3.25 Å around atoms of type i, and c is the number density (c = 0.5
in an equiatomic system). Values of Ω between 0 and 1 indicate partial chemical
segregation, and Ω = 1 corresponds to a randomly mixed system. Thus Ω provides
a sensitive measure of the state of chemical mixing in a given system [44]. Atoms
located in end-MZs were identified, and the SRO Ω was then evaluated for this
specific group of atoms as a function of deformation. Note that atoms that do
not belong to end-MZs contribute to N j

i if they are in the coordination sphere of
radius 3.25 Å. The value of Ω at ε = 73% is given in Table 4. The evolution of Ω
as a function of deformation is depicted in Fig. 2b. We observed that Ω increased
with deformation but never reached the value corresponding to complete mixing.

We next considered the system of 12 polycrystalline particles of Ti and Al. The
Ti-Al system behaves very differently from the Ni-Al system. After deformation,
the number of atoms in MZs (nMZ) is lower: only 10 at.% in the Ti-Al system
compared to 15 at.% in the Ni-Al system. The nature of MZs is also different: only
half of MZ-atoms are amorphous, with only a slight excess in Al atoms. In order
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Fig. 4 Evolution of two Ti particles as a function of deformation. (a) Number of Ti atoms in
particles #5 and #12 (at.%) in MZs and number of fcc-Ti in particles #5 and #12 (at.%). (b)
Snapshot of Ti particles #5 and #12 at ε = 40.7 % during stage I (compaction) (c) Snapshot
of Ti particles #5 and #12 at ε = 60 % during stage II (plastic deformation).

to visualize behavior during deformation, we considered two Ti particles (Fig.
4a). The relative number of Ti atoms in MZs increased with deformation but this
evolution differs from one particle to another. As shown in Fig. 4b and 4c, particle
#5 is surrounded by more Al particles than particle #12. As a consequence, the
number of atoms in MZs is greater for particle #5. More Ti atoms were trapped
in MZs during plastic deformation, with a substantial increase at ε = 45% (close
to the compaction limit, Fig. 4a). For the entire system, the SRO reaches 0.49 in
MZs after deformation, corresponding to partial mixing between Ti and Al.

Initially, Ti particles are in hcp local configuration except in their external
shell. During compaction, we observed that a non-negligible number of hcp-atoms
became fcc, as depicted in Fig. 4a. This tendency is more pronounced during plas-
tic deformation (ε > 45%). The increase in fcc-Ti can be attributed either to the
occurrence of stacking faults in Ti particles or to structural transformations. In-
deed, the structural transformation hcp → fcc of Ti atoms has been observed in
Ti-Al multilayers as a function of bilayer thickness and orientation at interfaces
[45,46]. Nanometric Ti-Al multilayers can nevertheless be very stable in specific
conditions: the interface between (002)-Ti plane and (111)-Al plane is very sta-
ble because of the slight misfit between the two structures [47]. In this case, the
solubility of Ti in Al is very limited in the solid state. In the simulation of de-
formation, the random contact between Ti and Al particles generated interfaces
with different orientations that may present weak stability. Deformation induces
emergence of fcc-Ti inside Ti particles and promotes mixing between Ti and Al at
low temperatures.



10 Florence Baras et al.

3.2 Microstructure after deformation

We then studied the microstructure of the four binary systems Ni-Al, Ti-Al, Fe-Ni,
and Fe-Cr after deformation using several indicators. Figure 5 shows the typical
microstructure after deformation and the arrangement of atoms in MZs. The par-
tial radial distribution functions (RDF), gKL(r), are presented in Fig. 6. Partial
RDFs, in comparison with the solid configuration of pure elements, provide the
degree of amorphization, and the local rearrangement of atoms. Figure 7 gives the
histogram of potential energy per atom in MZs in comparison with pure elements.
It allows us to appreciate the effect of mechanical activation on atom stability.
Finally, Fig. 3 allows us to detect where atoms in end-MZs and end-CZs were
initially located: in the core, in the shell, or in internal grain boundaries. In what
follows, we analyze the case of monocrystalline particles, with comparison in some
cases to polycrystalline particles.

Fig. 5 Snapshots of a slice of 10 Å, around z = 100 Å after deformation (ε = 73 %): (a) Ni-Al
monocrystalline particles (b) Ni-Al polycrystalline particles (c) Ti-Al monocrystalline particles
(d) Ti-Al polycrystalline particles (e) Fe-Ni monocrystalline particles (f) Fe-Cr monocrystalline
particles. Inserts represent enlarged views of mixing zones after deformation (MZs).

3.2.1 Ni-Al system

In the case of the Ni-Al system, the mole fraction of MZ, xMZ, is 45 at.% after
deformation compared to the global mole fraction, x, 52 at.%. This means that
MZs trapped more Al atoms than Ni atoms during deformation. The majority of
atoms in MZs are amorphous (uMZ = 70 at.%) and most are Al atoms (ûMZ = 86
at.%). In Fig. 6a, we observe that the partial RDF, gAlAl(r) has the typical shape
of an amorphous phase: the long-range order is lost. The first peak is shifted to
the left in comparison with that of pure Al. The partial RDF gNiNi(r) keeps the
typical order of pure fcc-Ni. At short range, the first nearest neighbors Ni-Al are
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Partial	radial	distribution	function	-	monocrystalline	particles	-	ε	=	73	%
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Fig. 6 Partial Radial Distribution Functions gKL(r) calculated in end-MZs at ε=73 % for the
four systems: (a) Ni-Al (b) Ti-Al (c) Fe-Ni and (d) Fe-Cr. Vertical lines indicate the position
of nearest neighbors in pure systems: star for fcc, cross for bcc and diamond for hcp structures.

Fig. 7 Histogram of potential energy per atom prior to deformation and at ε = 73 % in end-
MZs

located at the first peak of pure fcc-Ni, but the second and subsequent neighbors
indicate an amorphous phase. At short range, fcc-Al atoms are embedded in the
fcc-Ni lattice.

The histogram of potential energy per atom provides supplementary informa-
tion (Fig. 7a). Prior to deformation, Ni atoms in end-MZs are in a state cor-
responding to pure Ni, but some are less stable, as indicated by multiple small
peaks to the right of the main peak. These atoms are actually located in the shell
of Ni particles. In contrast, a large number of Al atoms in end-MZs correspond
to pure Al. This result indicates that most of the Al in end-MZs are atoms that
were initially located in the core of the particles, as shown in Fig. 3a. After de-



12 Florence Baras et al.

formation, the distribution of potential energy per atom is quite different. The
Al-distribution expands to lower energies with a maximum value slightly shifted
compared to that of Al atoms prior to deformation. The Ni-distribution expands
to the right, but the main peak remains unchanged. These typical profiles with
overlap are associated with the amorphization of Al, the partial dissolution of Ni
into unk-Al atoms, and the substitution of Al atoms in the fcc-Ni lattice.

As shown in Fig. 5a (insert), a thin layer of fcc-Ni surrounds Ni particles
in which a few fcc-Al atoms are trapped. The layers of amorphous Al atoms are
located around Al particles and contain a few unk-Ni atoms. The same microstruc-
ture of MZs is observed after compression of Ni-Al polycrystalline particles (see
insert in Fig. 5b). The MZ is thicker in this case, with more dissolved unk-Al atoms
and unk-Ni atoms. This result indicates that internal grain boundaries in Al par-
ticles enhance the mobility of unk-Al during deformation. Indeed, the number of
atoms in MZs is greater (nMZ = 15 at.%) in the case of polycrystalline particles
than in the case of monocrystalline particles (nMZ = 12.6 at.%) (Table 4). The
presence of linear defects (lines of hcp-atoms) was observed in Ni monocrystalline
particles (Fig. 5a), and in the inner grains of polycrystalline particles (Fig. 5b).
Defects are fewer in Al particles. This must be related to the ductility of Al in
comparison with that of Ni.

3.2.2 Ti-Al system

The effect of deformation is noticeably different in the Ti-Al system. The layering
of both elements is more pronounced. Here, the two elements have a different
crystalline structure: hcp-Ti and fcc-Al, and the metallic radius of Ti is slightly
larger than the metallic radius of Al: rmetal(Ti) = 1.47 pm and rmetal(Al) =
1.43 pm. The number of atoms in MZs after deformation does not exceed 7.6 at.%
(Table 4). The mole fraction in MZs after deformation, xMZ = 45 at.%, corresponds
to an excess of Al compared to the value prior to deformation, x = 52 at.%. Half
of end-MZ atoms are amorphous, in equal ratios for Al and Ti. Other atoms are
either fcc (32 at.% in equal quantities for Al and Ti) or hcp (21 at.% with an
excess of Ti).

Partial RDFs keep a long-range order typical of an ordered crystalline struc-
ture (Fig. 6b). The gTiTi(r) first peak shifts to a slightly lower value compared to
the pure hcp-Ti first peak. The third and fourth peaks merge. The gAlAl(r) peaks
are located at positions corresponding to fcc-Al. These observations corroborate
the existence of an fcc crystallographic structure in MZs after deformation. His-
tograms of potential energy per atom are plotted in Fig. 7b. The Al peak shifts
to a lower value after deformation compared to the value prior to deformation.
The Al distribution developed a long tail over a large range [-3.5 eV; -6 eV]. The
opposite result is observed in the Ti histogram. There is an overlap of energies for
Ti and Al atoms. The crossing value Ecr

0 of the two distributions corresponds to
the energy value of Al atoms in direct contact with Ti atoms (or Ti with Al). This
value corresponds to the situation where half of the nearest neighbors of Al(Ti)
are Ti(Al) atoms. Aluminum (Titanium) atoms with E0 lower (higher) than Ecr

0

are surrounded by a larger number of atoms of the other species. Figure 3b shows
that a thick external shell of Ti particles contributes to CZs and MZs at the end of
deformation, in comparison with the thin external shell for Ni particles in contact
with Al (Fig. 3a).



Title Suppressed Due to Excessive Length 13

Figure 5c depicts the typical microstructure of mixing zones after deformation
in the case of monocrystalline particles. We noted fcc-arrangement of Ti and Al
atoms in small hexagons in (111) orientation (highlighted in the inserts). In Fig.
5d (polycrystalline particles), we observed ordered regions with fcc-atoms in MZs
after deformation. A substantial number of Ti atoms adopt fcc-configuration when
in contact with Al atoms. In other regions, MZs are amorphous, with dispersion of
unk-Ti in a pool of unk-Al atoms. As in the case of the Ni-Al system, polycrystalline
particles promote the mixing of atoms during deformation because of the increasing
mobility of unk-atoms in internal grain boundaries.

3.2.3 Fe-Ni system

The effect of deformation was also analyzed in a system composed of monocrys-
talline bcc-Fe and fcc-Ni. Both elements have comparable hardness. Figure 5f shows
that Fe particles keep their rounded shape and Ni particles are crushed. The CZs
and MZs are mainly fed with atoms from the thin shells of Fe particles and the
thicker shells of Ni particles, as shown in Fig. 3c. We observed the creation of
defects in Ni particles in the form of stacking faults and localized amorphization.
The number of atoms in MZs is considerably reduced (4.5 at.%) compared to that
of systems with Al, and the mole fraction in MZs is preserved. Amorphous atoms
in MZs are in the majority (uMZ = 62.5 at.%), with an excess of Fe. Crystallized
atoms in MZs are either fcc-atoms (21 at.%) or bcc-atoms (12 at.%). Only a small
proportion of crystallized atoms adopt the structure of the other element. The
partial RDF gFeFe(r) partly loses the strict bcc-structure, while gNiNi(r) keeps
the long-range order (see Fig. 6c). The distributions of potential energy per atom
developed a long tail for higher values of E0 and their maximum shifted to the
right (Fig. 7c). This result indicates a loss of stability for both elements. A typ-
ical MZ microstructure is presented in Fig. 5e. Typically, MZs are composed of
fcc-Ni/unk-Fe or bcc-Fe/unk-Ni layers. A few atoms adopted the structure of the
opposite element. In the case of the Fe-Ni system, deformation creates metastable
mixing zones.

3.2.4 Fe-Cr system

Finally, we considered the effect of deformation in a system composed of monocrys-
talline bcc-Fe and bcc-Cr. A snapshot of the system after deformation is given in
Fig. 5f. Chromium hardness is much greater than that of iron. This may explain
why Fe particles are crushed by Cr particles due to compression. The number of
atoms in MZs is only 4.7 at.%, with mole fraction xMZ = 51 at.%, almost equal
to the mole fraction x = 50 at.%of the global system. The majority of atoms in
MZs are in bcc-configuration (68 at.%). This observation is corroborated by the
analysis of partial RDFs (Fig. 6d). Both elements in MZs keep their bcc-ordered
configuration. Peaks correspond to nearest neighbor positions of bcc-Fe and bcc-Cr.
Note that the lattice parameter of bcc-Cr is nearly equal to that of bcc-Fe. The
maximum of the histogram E0 per atom of Fe shifts slightly to the left, and that
of Cr to the right (Fig. 7d). Both distributions developed a long tail for higher
values of E0. Atoms in MZs are thus less stable compared to bulk atoms. As shown
in Fig. 5f (insert), MZs contain layers composed of bcc-Fe and bcc-Cr or unk-Fe
and unk-Cr. Only a few localized defects were created, in the form of amorphous
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atoms in particle cores. In the case of the Fe-Cr system, deformation gives rise to
thin metastable mixing zones, with an excess of bcc-atoms.

3.3 Deformation and atom mobility

We noted that the number of atoms in CZs and MZs increased during compaction
(Fig. 2b). Particle motion is relatively complex, and several types of impact were
observed. As an example, the collision between one Ni particle and one Al particle
is depicted in Fig. 8. An impact occurs when particles have a relative velocity
normal to the surface where the contact takes place (Fig. 8a). At impact, the two
particles were in contact, and locally Al atoms became amorphous (Fig. 8b). The
Ni particle started to rotate. This induced friction between the two particles. We
observed that the Ni particle caught Al unk-atoms that remained stuck to the
particle. At the same time, the Al was crushed and lost its rounded shape (Fig.
8c). This sequence illustrates the very first steps of mechanical activation and the
formation of mixing zones.

Fig. 8 Ni-Al system: (a) Collision between 2 particles. Arrows indicate the displacement
direction. Blue circle marks the rounded shape of the Al particle prior to deformation. (b)
Impact. The yellow ellipse indicates the contact zone. (c) Shearing between particles. The
green ellipse indicates the contact zone. All atoms are represented with the color coding of
Fig. 1.

Deformation induces a redistribution of atom positions in the system. Each
particle has a distinct path during the simulation; hence it is necessary to analyze
particles one by one and to take into account the displacement of the center of
mass of each particle in order to study atomic mobility. In order to follow atoms
during compression, we introduced an indicator to determine how atom mobility
was affected. We here consider the relative displacement of atoms with respect to
the particle they belong to, and define the Mean Square Displacement associated
with mechanical deformation, MSDdeform, as

MSDdeform =
1

Npart(K)

Npart(K)∑
j=1

1

Nend−MZ(K, j)

Nend−MZ(K,j)∑
i=1

|~ri(t)− ~ri(0)− (~rCMj(t)− ~rCMj(0))|2

(2)
where ε = v t is deformation and v the constant deformation rate, K corresponds
to one of the two elements in the system (Al, Ni, Ti, Fe or Cr), Npart(K) is the
number of particles of the K element, ~ri(t) is the position of the i-th atom at time
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t, ~rCMj(t) is the center of mass position of the particle j, and Nend−MZ(K, j) the
number of atoms K in end-MZs of particle j. The MSDdeform as a function of
deformation is presented in Fig. 9a. The behavior is very different for each binary
system:

- In the Ni-Al system, Al is much more mobile than Ni. This could be related
to the higher ductility of Al compared to Ni. In addition, the majority of
Al atoms in MZs (86.3 at.%) are amorphous (see Table 4), and amorphization
promotes mobility. The Al mobility already starts at ε = 20 at.% before plastic
deformation. A possible mechanism is featured in Fig. 8, where amorphous Al
atoms are stuck to the rotating Ni particle after impact.

- In the Ti-Al system, Al is less mobile than in the Ni-Al system. The mobility
of both elements starts with plastic deformation. The interaction between Ti
and Al is not strong enough to induce Al atoms to stick to Ti particles. The
lower mobility of Al atoms is certainly due to the fact that half of the Al atoms
in end-MZs are crystallized. The formation of fcc-seeds observed in MZs (Fig.
5d) restricts their mobility.

- In the Fe-Ni system, Fe and Ni are characterized by a similar hardness, and the
number of unk-Ni is just slightly larger than the number of unk-Fe. Neverthe-
less, Ni atoms are more mobile than Fe atoms. The main difference between the
two elements is the large number of planar defects in fcc-Ni particles compared
to bcc-Fe particles (Fig. 5e). Figure 3c confirms the fact that more Ni atoms
located in the core of the particles participate in MZs with increased mobility.

- In the Fe-Cr system, the hardness of Cr is greater than the hardness of Fe.
This may explain the limited mobility of Cr atoms compared to Fe atoms. In
addition, only 23 at.% of Cr are amorphous in MZs. More unk-Fe atoms in
MZs implies increased mobility.

(a) (b)

Fig. 9 Evolution of the MSDdeform (a) and mixing short-range order parameter Ω (b) among
end-MZs during deformation for the four binary systems composed of monocrystalline particles.
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The short-range order parameter Ω (eq. (1)) as a function of deformation is de-
picted in Fig. 9. For all systems, we noted an acceleration of mixing during plastic
deformation. Mixing efficiency correlates noticeably with atom mobility: Ω(Ni-Al)
is higher at any deformation rate. Mixing is more pronounced for populated MZs:

nMZ(Ni−Al) > nMZ(Ti−Al) > nMZ(Fe−Ni) ∼ nMZ(Fe− Cr).

But mixing is not directly related to the number of amorphous atoms in MZs:

uMZ(Ni−Al) > uMZ(Ti−Al) > uMZ(Fe−Ni) > uMZ(Fe− Cr).

As observed in the Ti-Al system, the formation of intermetallic seeds also leads to
mixing.

The analysis of the four binaries demonstrates that the effect of deformation
is directly related both to mechanical properties and structural characteristics
(crystallographic structure, lattice parameters, etc.) of ground elements. Solid-
state solubility associated with MZs, structural transformations, and defects were
actually induced by the mechanical treatment.

3.4 Reactivity and mobility in activated powders

Two of the systems studied are reactive: Ti-Al and Ni-Al. Mechanical activation of
elemental powders was found to increase their reactivity [3,29]. This result could
be attributed to the formation of premixed nanoclusters, nano-sized precursors
and/or defects, including amorphous and metastable regions. In order to under-
stand the role of activation in reactivity, we studied the evolution of MZs in a
temperature range close to ignition temperature, together with atom mobility in
MZs, and reactive mechanisms as a function of microstructure.

3.4.1 Ti-Al system

We first considered the Ti-Al activated system composed of polycrystalline par-
ticles after a deformation of ε = 73%. The system evolution was investigated at
temperatures ranging from 850 K to 1150 K, in 50 K steps. For this purpose, the
system was heated up to the target temperature and simulations were carried out
in the NPT ensemble. We focused on MZs because they reflect the reactivity be-
tween pure elements. The evolution of MZs as a function of time is represented in
Fig. 10a. The number of atoms in MZs is 10 at.% after deformation. At low T , in
the range (850 K - 950 K), the number of atoms in MZs reached a plateau value
in 5 ns. For larger T values, the number of atoms in MZs continued to increase
slowly over the time scale considered. Temperature was found to strongly influ-
ence the population in MZs. We must reach temperatures close to 1150 K for the
whole system to be mixed. We next analyzed in detail the system at T = 850 K,
950 K, and 1100 K, on each side of the melting temperature of the less refractory
element (Tm(Al) = 870 K for the Ti-Al EAM potential [35]). What is the reason
for the increase in MZs? We expected partial or complete amorphization of Al and
diffusion of Ti in Al atoms, resulting in an increase in the number of dissimilar
close neighbors.
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Fig. 10 (a) Evolution of the number of atoms (at.%) in MZs as a function of time, for different
temperatures. (b) Evolution of the number of fcc- and unk- atoms (at.%) in MZs at T = 850
K. (c) T = 950 K. (d) T = 1100 K. The atomic percentage of atoms is relative to the number
of atoms in the entire system.

At T = 950 K (Tm(Al) < T < Tm(Ti)) and 10 ns, atoms in MZs represent
more than half of the system (nMZ = 55 at.%). Figure 10c shows the distribution
of atoms according to their local configuration and type as a function of time. The
number of unk-atoms sharply increased and reached a maximum at 4 ns with a
majority of Al atoms. After that stage, MZ reorganization took place. Some amor-
phous atoms of Ti and Al progressively adopted an fcc-local configuration. The
ratio between fcc-Ti and fcc-Al in MZ, ξfcc = Nfcc(Ti)/(Nfcc(Ti) +Nfcc(Al)) =
0.28, is close to the typical value required for the formation of the TiAl3 intermetal-
lic (ξfcc = 0.25). At 10 ns and later, a majority of atoms in MZs were amorphous
(uMZ = 65 at.%). We identified two transformations:

- melting of Al and partial dissolution of Ti in liquid
- formation of the intermetallic phase TiAl3. Note that the D022 structure is
based on a face-centered cubic structure.

Alsol + Tisol → Alliq + (Al+ Ti)sol + TiAl3 (3)

A representative slice was chosen to analyze the local dynamics. Corresponding
snapshots are given in Fig. 11. We identified the following characteristic behaviors
at 950 K:

I After deformation, Ti particles are composed of hcp-Ti, fcc-Ti, and unk-Ti
at internal grain boundaries (GB). Defects in hcp-Ti grains are fcc-Ti linear
defects (stacking faults). Aluminum particles lost their spherical shape and
are composed of fcc-Al and unk-Al in GBs. A few hcp-Al atoms correspond
to defects in Al grains.

II As the system temperature was increased to 950 K, we observed the rapid
amorphization of Al surrounding Ti particles (0.2 ns). Titanium atoms at the
particle periphery started to dissolve. We noted that a small region of fcc-Ti
promoted the formation of fcc-Al in its vicinity.
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Fig. 11 Snapshots of a slice of 40 nm in the y-direction and 10 nm in the x-direction: system
after deformation, system at 850 K, 950 K, and 1100 K, at different times.

III From t = 0.2 ns to 5.25 ns, we observed a progressive coarsening of hcp-grains
in Ti particles and disappearance of fcc-defects. Amorphous atoms in GBs
either became hcp-atoms or dissolved in the surrounding liquid. After 5.25 ns,
the transformation of unk-Al to fcc-Al accelerated in MZs.

IV At the end, Ti particles were surrounded by a few hcp-Al, a layer of fcc-atoms,
and a liquid solution of Ti and Al.

The final microstructure reflects the two processes described by (3).
We now analyze the behavior at 1100 K. In less than 2.5 ns, more than 50

at.% are in MZs (Fig. 10a), with a majority of amorphous atoms (Fig. 10d). The
snapshots in Fig. 11 (0.2 ns and 2.5 ns) depict the rapid dissolution of Ti in the
liquid and the reorganization of the Ti particles, with larger grains and reduction of
fcc-defects. From 2.5 ns, the number of atoms in MZs further increased, reaching
70 at.% at 12.5 ns (Fig. 10a). In Fig. 10d, we noted that the number of fcc-Al
increased continuously from 2.5 ns to 12.5 ns, followed by a smooth increase in
fcc-Ti atoms. The incoming atoms in MZs are fcc-atoms with a ratio ξfcc ∼ 0.33
at 12.5 ns. A massive recrystallization of TiAl3 around the Ti particle took place
at 15 ns. At 1100 K, reactive dissolution and formation of the intermetallic TiAl3
were both observed.

For the two temperatures above the melting point of Al, we observed the
spontaneous formation of the intermetallic phase TiAl3. The solubility of Ti in the
solution, xMZ = 0.22 - 0.26, is independent of temperature. At 850 K, the situation
is quite different. Because the temperature is below the melting point of Al, we did
not expect a global amorphization of Al atoms. A limited number of atoms (nMZ =
35 at.%) were in MZs at 12.5 ns (Fig. 10a). This result indicates limited reactivity
at that temperature. As shown in Fig. 10b, the number of unk-atoms increased,
reaching a maximum at around 2 ns. The decrease in unk-atoms was followed by
an increase in fcc-atoms; the ratio is 0.22 in amorphous phase and 0.35 in fcc-
phase. The microstructures depicted in Fig. 11 show a transient amorphization of
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Al atoms around Ti particles. At 2.5 ns, Ti atoms were either dissolved in unk-
Al or substituted in the fcc-Al phase. At 10 ns, the Ti particle mainly recovered
its hcp-structure, with a thin layer of hcp-Al at the periphery. Aluminum hcp-
atoms correspond to atoms that occupy vacancies liberated by outgoing Ti atoms.
Dissolution operates as an exchange of Ti and Al atoms at interfaces. At the end,
the particle was surrounded by an fcc solid solution, an amorphous solution, and
fcc-Al with defects.

Fig. 12 MSD log-log plot for Al inside the MZs in the Ti-Al system (a) and in the Ni-Al
system (b) at representative temperatures. Log-log plots for Ti in the Ti-Al system and Ni
in the Ni-Al system are given in Supporting Information. Vertical lines delineate the 3 stages
observed in the system evolution (see text). Solid line corresponds to the time interval over
which diffusion coefficients are computed (see Table 5).

In order to study the mobility of atoms in MZs, we computed the mean square
displacement (MSD) of atoms in MZs as a function of time:

MSD =
1

NMZ

NMZ∑
i=1

|~ri(t)− ~ri(0)|2 (4)

where NMZ is the number of particles in the MZ, ~ri(0) is the reference position
of the i-atom, ~ri(t) is the atom position at time t. Note that the number of par-
ticles in MZs increases as a function of time. The MSD log-log plot at different
temperatures is depicted in Fig. 12a. Typically, a diffusion mode corresponds to a
linear dependance: MSD ∼ t. Three characteristic slopes are observed in the MSD
log-log plot that delineate three stages in the system evolution (the very beginning
up to 0.1 ns corresponds to the suppression of voids between particles):

I First stage (∼ 0.1 ns - ∼ 2 ns): The MSD log-log plot is fitted by a straight
line, characteristic of a diffusion regime in MZs composed of unk-atoms.

II Second stage (2 ns - 8 ns): There is a change of slope and curve bending. This
reflects lower atom mobility associated with partial recrystallization in MZs.

III Third stage (after 8 ns): There is another change of slope corresponding to a
further slowing down of mobility.
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Table 5 Diffusion coefficients ×10−9 (m2/s) in MZs for the Ti-Al system and the Ni-Al
system. Values corresponding to temperatures above the melting point of Al are in bold.

T (K) 700 800 850 900 950 1000 1050 1100 1150 1200
Al/Ti-Al 0.78 1.35 1.97 2.07 2.46 2.71 3.02
Ti/Ti-Al 0.42 0.72 1.21 1.37 1.80 2.19 2.61
Al/Ni-Al 0.016 0.057 0.38 1.16 1.90 2.26
Ni/Ni-Al 0.015 0.061 0.45 1.36 2.29 3.05

Table 6 Diffusion activation energy (kJ/mol) for the Ti-Al system and the Ni-Al system (eq.
(5))

Al in Ti-Al Ti in Ti-Al Al in Ni-Al 9 Ni in Ni-Al
Q low T 69.84 69.45 100.54 103.95
Q high T 20.32 36.08 18.86 31.76

Atom mobility can be directly related to the microstructure evolution of MZs
depicted in Fig. 10b-d. The first stage corresponds to the increase in unk-atoms in
MZs. In the second stage, the number of unk-atoms decreases in favor of fcc-atoms.
In the third stage, the microstructure of MZs does not evolve significantly.

The diffusion coefficients are estimated for the time interval [0.1 ns - 3 ns] prior
to recrystallization in MZs (Table 5). Figure 12 gives ln(D) for Ti and Al in MZs as
a function of 1/T . We noted two slopes associated either with high temperatures
(950 K - 1150 K) or with low temperatures (850 K - 900 K). The linear fit gives
the corresponding activation energies Q according to the Arrhenius law:

D = D0 exp

(
− Q

RT

)
(5)

where D0 is the prefactor and R the universal gas constant. The activation en-
ergies are given in Table 6. Below the melting point of Al (850 K), the diffusion
coefficient is noticeably lower than at higher temperatures. The existence of two
slopes observed in Fig. 13 reflects the change of microstructure in the MZs, with
a transition from an amorphous system to pure liquid.

Fig. 13 Plot of ln(D) as a function of 1/T for the Ti-Al system.
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For purposes of comparison, the diffusion coefficients were evaluated with Dic-
tra (Thermo-Calc). The diffusion activation energy in pure liquid Al is 19 kJ/mol,
close to the value measured in MD simulations. The diffusion coefficient of Ti in
liquid Al at 1100 K, with mole fraction x(Ti) = 0.2, is 3.4 10−9 m2/s, of the same
order of magnitude as the value measured in MD simulations at high temperatures.
Note, however, than this molar fraction is unrealistic in a system at equilibrium,
due to the limited solubility of Ti in Al liquid.

In an activated system, Ti solubility in Al is greater than at equilibrium, which
actually enhances reactivity. Figure 14 depicts the location of Ti atoms that will
later be embedded in MZs. We identified Ti atoms in MZs at 2 ns (snapshot
not shown), and reported their positions in black on a snapshot at 0.06 ns. Two
locations were identified: internal grain boundaries and the external shell of the
particle. Around the Ti particle, we observed a dissolution front in the liquid. Inside
the Ti particle, GBs expanded with incoming Al and became channels for effective
diffusion of Ti atoms toward the liquid solution. The GB expansion weakened
particle stability so that it fragmented into small Ti-grains, which are more likely
to dissolve. Both mechanisms promote the dissolution of Ti beyond the expected
equilibrium value.

Fig. 14 Two detailed views of the snapshot after deformation (0.06 ns). Black atoms are Ti
atoms in MZs at 2 ns. (a) Visualization of Ti atoms in grain boundaries (b) Visualization of
Ti atoms in the external shell. Left: All atoms are represented with the color coding of Fig.
11. Right: Ti atoms in MZs at 2 ns are shown in black.

3.4.2 Ni-Al system

We next considered the Ni-Al activated system composed of polycrystalline parti-
cles after a deformation of ε = 73%. Mechanical treatment induces the formation
of amorphous regions where atoms of Ni and Al are mixed, occupying 15 at.% of
the entire system. Mixing zones generally contain the same amount of Ni and Al.
In order to investigate the reactivity of the activated system, the system evolution
was studied at temperatures ranging from 700 K to 1200 K, in 100 K steps. For
this purpose, the system was heated up to the target temperature, and simulations
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Fig. 15 (a) Evolution of the number of atoms (at.%) in MZs as a function of time, for different
temperatures. (b) Evolution of mole fraction xMZ (at.%) in MZs (c) Evolution of the number
of unk-atoms (at.%) in MZs at T = 800 K and T = 900 K. (d) Evolution of the number of
bcc- and unk-atoms (at.%) in MZs at T = 1200 K. The atomic percentage of atoms is relative
to the number of atoms to the entire system.

were carried out in the NPT ensemble. The extent of MZs as a function of time
is represented in Fig. 15a. The mole fraction xMZ = NMZ(Ni)/NMZ expressed in
at.% is given in Fig. 15b. The behavior depends on temperature:

- At low temperatures (700 K and 800 K), the number of atoms in MZs (nMZ)
remained limited and did not exceed 22 at.% at 700 K and 30 at.% at 800 K.
The proportion of Ni in MZs measured by xMZ decreased as a function of time
(Fig. 16b). This result indicates that more and more Al atoms are in MZs. If
we compare the snapshot of the system prior to and after heating at 700 K
(Fig. 16a and Fig. 16b), we note a coarsening of Al grains and the creation of
amorphous regions around Ni grains with the mixing of Ni and Al atoms. As
shown in Fig. 15c, MZs contained twice as much unk-Al as unk-Ni atoms.

- At an intermediate temperature (900 K, below the melting point of aluminum
Tm(Al) = 1055 K for the Ni-Al EAM potential [34]), the number of atoms in
MZs (nMZ) grew continuously up to 56 at.% at 10 ns because of the strong
amorphization of Al atoms and subsequent dissolution of Ni in these amorphous
regions. At 10 ns and beyond, the mole fraction xMZ is stable and equal to 30
at.%. Mixing zones almost completely replaced Al regions (Fig. 16c). Locally,
seeds of bcc-atoms nucleated around Ni particles.

- The behavior of the number of atoms in MZs is more or less the same at high
temperatures (1000 K, 1100 K, and 1200 K). The number of atoms in MZs
(nMZ) increased before reaching a plateau value. At 1200 K, almost 80 at.%
of atoms are in MZs. As shown in Fig. 15b, the mole fraction xMZ decreased
abruptly before reaching a minimum. First, Al melted and then Ni atoms pro-
gressively dissolved in the liquid solution. Figure 15d shows the increase in the
number of unk-Al followed by the increase in unk-Ni in less than 2 ns. After
2 ns, the number of bcc-Al and bcc-Ni started to increase with the formation
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of intermetallic B2-NiAl. The number of unk-Al decreased slightly, while the
number of unk-Ni remained constant. This result indicates that unk-Al atoms
in MZs transformed into bcc-Al, and that unk-Ni atoms that became bcc-Ni
were replaced in MZs by incoming Ni atoms that dissolved in the liquid region.
At 10 ns, the snapshot (Fig. 16d) depicts shrinking fcc-Ni particles surrounded
by a liquid solution composed of Ni and Al. Disoriented B2-NiAl grains sur-
rounded the Ni particles and eventually formed a neck between particles. Grain
boundaries progressively disappeared inside the Ni particles. We suppose that
internal GBs acted as channels for outgoing unk-Ni that were dissolved in the
melt. The mole fraction of unk-Ni in MZs is 0.34 at 10 ns, close to the expected
equilibrium value.

Fig. 16 Snapshots of the system (slice at x = 169 nm) after deformation (a), at 700 K (b),
900 K (c), and 1200 K (d) at t = 10 ns.

Fig. 17 Plot of ln(D) as a function of 1/T for the Ni-Al system.
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The mobility of atoms in MZs was studied for the temperature range (700 K-1200
K). The MSD log-log plot is presented in Fig. 12b. At high temperatures (1100 K
and 1300 K), we noted a diffusive regime followed by a slowing down of mobility,
directly associated with the formation of the solid B2-NiAl intermetallic. By con-
trast, at 900 K, the diffusive regime was followed by an increase in atom mobility.
This behavior is actually associated with the polycrystallinity of Al particles: Al
GBs played the role of diffusion paths and thus enhanced atom mobility.

Diffusion coefficients were evaluated in the time interval [0.1 ns - 1 ns] prior to
recrystallization. Results are summarized in Table 5, Table 6, and Fig. 16. At high
temperatures, above the melting point of Al, the activation energy is close to 19
kJ/mol for pure Al liquid, the value given by Dictra (Thermo-calc) (D = 6.95 10−9

m2/s at 1100 K). In the case of a liquid solution Ni + Al at 1100 K, the diffusion
coefficient of Ni in the solution given by Dictra ranges from 1 10−8 m2/s to 2 10−8

m2/s, with the mole fraction x(Ni) in the range [0 - 0.3]. In the MD simulations,
the estimated diffusion coefficient is smaller by one order of magnitude. Note that
the melting temperature given by the Purja and Mishin potential is 1050 K, which
is 170 K higher than the experimental value. This temperature difference will nec-
essarily produce discrepancies when computing diffusivities close to the expected
melting point. In addition, the discrepancy could be attributed either to the amor-
phous state of MZs, which occurs prior to complete melting in the time range over
which the diffusion coefficient was estimated, or to the progressive dissolution of
Ni into the liquid solution. At low temperatures, the diffusion coefficient measured
in MZs is of the order of 10−11-10−10 m2/s, larger than the characteristic value
in the fcc solid phase 10−15-10−13 m2/s. This higher diffusivity results from the
almost completely amorphous atomic arrangement of the Ni-Al MZs.

We observed three different behaviors as a function of temperature:

- At high temperatures (1000 K - 1200 K), aluminum was completely melted.
Large MZs with liquid solution (Ni+Al)liq were formed. Note that, at 1000 K,
the system behaved as if it were above the melting point of Al. The nanometric
size of MZs induces their melting.

- At low temperatures (700 K - 800 K), atoms diffused in the amorphous regions
formed around Ni particles. In this case, MZs can be considered as an amor-
phous solid solution (Ni+Al)sol . Nevertheless, diffusion coefficients are larger
than values characteristic of a solid but of the typical order of magnitude of
diffusion in GBs.

- At 900 K, below the melting point of aluminum, we noted an intermediate sit-
uation: extended amorphous regions in which Ni atoms diffuse more efficiently
than at 800 K but less than in a liquid phase.

It appears that mechanical activation induced increased reactivity below the melt-
ing point of aluminum.

4 Conclusions

In the present work, Molecular Dynamics simulations were used to provide in situ
observations of the mechanical activation of a pulverulent mixture composed of
two metallic powders. A system composed of nanometric particles of K and L (Ni-
Al, Ti-Al, Fe-Ni, and Fe-Cr) was subjected to compaction and plastic deformation



Title Suppressed Due to Excessive Length 25

mimicking the action of grinding balls during mechanical treatment. The system
was then studied during deformation in order to detect the effect of mechanical
activation. We focused on the 3D defects created by mechanical activation, in
particular mixing zones (MZs) where the two elements are in direct contact. The
efficiency of mixing, the degree of amorphization, and atom mobility were quan-
tified during deformation. Mixing zones are of special interest because they could
play the role of precursor in subsequent alloying processes. We observed that the
effect of deformation depends both on mechanical properties and on the struc-
tural characteristics of K and L. The main characteristics of mixing zones after
deformation are summarized as follows:

- In the Ni-Al system, both elements are fcc but Ni is harder than Al (HNi >
HAl). Mechanical treatment produces thick and amorphous MZs with an excess
of Al. The other crystallized atoms adopt the fcc-Ni lattice. In this case, the
ductile element adheres easily to hard particles, as in a wetting process. This is
corroborated by the high mobility of Al atoms that already occurs during the
compaction stage. After plastic deformation is completed, hcp planar defects
(stacking faults) are created in Ni particles.

- In the Ti-Al system, there is a considerable difference in hardness (HTi � HAl),
as in the Ni-Al system, but the elements have a different crystallographic struc-
ture (hcp-fcc). The consequences of mechanical treatment are very different in
comparison with the Ni-Al system. Mixing zones have a limited extent, with
only half of the atoms being amorphous, and a moderate excess of Al. Atom
mobility is limited, and occurs during the plastic deformation stage. Crystal-
lized atoms in MZs are fcc-Al, fcc-Ti, hcp-Al, or hcp-Ti. In other words, Al(Ti)
can adopt the original Ti(Al) structure. Aluminum atoms are stabilized when
they are in close vicinity to Ti atoms. This feature leads to the creation of fcc
seeds that could play the role of nucleus in the formation of an intermetallic.
After deformation, fcc stacking faults (2D) and fcc regions (3D) are created in
Ti particles.

- In the Fe-Ni system, both elements have the same hardness (HFe ∼ HNi) but
a different crystallographic structure (bcc/fcc). After mechanical treatment,
Ni particles are crushed by Fe particles that remain spherical. Thin mixing
zones are formed with a majority of amorphous atoms and slightly more Ni
unk-atoms. Crystallized atoms in MZs form layers of fcc-Ni/unk-Fe and unk-
Ni/bcc-Fe. There is no mixing between fcc and bcc atoms. Stacking fault (hcp)
defects are created in Ni particles after deformation is completed.

- In the Fe-Cr system, both elements are bcc, with a difference in hardness
(HCr ∼ HFe). Thin mixing zones with a low degree of amorphization are ob-
served. Layers of bcc-Fe/bcc-Cr and unk-Fe/unk-Cr form the MZs. Amorphous
defects are created in Fe particles.

Deformation due to mechanical activation leads to the formation of partly amor-
phous mixing zones. The nature and microstructure of MZs depend both on me-
chanical properties and on the microscopic characteristics of the pure elements.

The mechanical treatment produces Ti-Al and Ni-Al nanocomposites whose re-
activity has been investigated in the present work. For this purpose, we focused on
the evolution of mixing zones at different temperatures, just below and above the
melting point Tm(Al) of the less refractory element (here Al). We also quantified
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the mobility in MZs by measuring the diffusion coefficients. The typical behavior
can be summarized as follows:

- For the Ti-Al system, MZs increase during annealing. Annealing leads to the
coarsening of Ti grains inside Ti particles, with suppression of defects and
grain boundaries. For T < Tm(Al), the reactivity is limited, with partial
amorphization of Al, formation of fcc solid solution, and dissolution of Ti in
amorphous Al. The diffusion coefficient prior to massive recrystallization corre-
sponds to typical mobility in a dual-phase system: here, an amorphous phase.
For T ≥ Tm(Al), the system is more reactive, with complete melting of Al,
dissolution of Ti into the liquid solution, and formation of the intermetallic
TiAl3. The diffusion coefficient prior to crystallization corresponds to a melt.
The mechanical treatment promotes the solubility of Ti in Al in comparison
with equilibrium.

- For the Ni-Al system, annealing promotes broad MZs. The reactive behavior
is directly related to the temperature. For T < Tm(Al), the reactivity is lim-
ited. Mixing zones remain narrow, with the dissolution of Ni in the amorphous
solid solution. The diffusion coefficient in MZs is of the same order of magni-
tude as diffusion in grain boundaries. For T ∼ Tm(Al), the reactivity is more
pronounced, with broader MZs composed of unk-Al and unk-Ni. The diffusion
coefficient in MZs remains smaller than in a liquid. For T > Tm(Al), the acti-
vated system becomes very reactive, with the full amorphization of Al. Mixing
zones extend over Al regions with effective dissolution of Ni into the liquid
solution. The intermetallic B2-NiAl is formed around the solid Ni particles.
The diffusion coefficient in MZs becomes close to that of a liquid.

Microscopic simulations provide an interesting tool to observe the effects of a
mechanical treatment, and to study the reactivity of nanocomposites fabricated by
a mechanical process. This work could be extended in order to take into account the
activation associated with the friction of sliding interfaces. It would be interesting
to estimate the efficiency of amorphization and chemical mixing, in the case where
heat dissipation is taken into account. Another important issue is to understand
the fragmentation process during HEBM. Alternative approach such as Extended
Finite Element method [48] could be undertaken to handle fracture and crack
propagation at the mesoscopic scale.
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