
HAL Id: hal-03288006
https://hal.science/hal-03288006

Submitted on 16 Jul 2021

HAL is a multi-disciplinary open access
archive for the deposit and dissemination of sci-
entific research documents, whether they are pub-
lished or not. The documents may come from
teaching and research institutions in France or
abroad, or from public or private research centers.

L’archive ouverte pluridisciplinaire HAL, est
destinée au dépôt et à la diffusion de documents
scientifiques de niveau recherche, publiés ou non,
émanant des établissements d’enseignement et de
recherche français ou étrangers, des laboratoires
publics ou privés.

Alumina Failure and Post-failure Oxidation in the
NiCoCrAlY Alloy System at High Temperature
Thomas Gheno, Catherine Rio, Maxime Ecochard, Damien Texier

To cite this version:
Thomas Gheno, Catherine Rio, Maxime Ecochard, Damien Texier. Alumina Failure and Post-failure
Oxidation in the NiCoCrAlY Alloy System at High Temperature. Oxidation of Metals, 2021, 96 (5-6),
pp.487-517. �10.1007/s11085-021-10060-9�. �hal-03288006�

https://hal.science/hal-03288006
https://hal.archives-ouvertes.fr


Alumina failure and post-failure oxidation in the NiCoCrAlY alloy
system at high temperature

Thomas Gheno1 , Catherine Rio1, Maxime Ecochard2 and Damien Texier2
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Abstract This paper examines the oxidation behavior of thin specimens of
cast NiCoCrAlY alloys at 1150 ◦C through successive stages, from Al2O3

growth to complete alloy conversion to oxide. Five alloy compositions were
used, with varying fractions and compositions of γ and β. The time evolu-
tion of the alloy composition during Al2O3 growth was simulated using the
DICTRA module of Thermo-Calc, and calculated analytically in the approx-
imation of flat profiles. Simulated and experimental profiles were found to
be in good agreement, indicating that the phase equilibrium and mass bal-
ance were correctly reproduced in the simulations. Local variations of alloy
composition were observed in thinner specimens and found to be compara-
ble with the variations expected from the uncertainty on the initial specimen
thickness. The variations observed in the time-to-Al2O3 failure were greater
than expected on this basis, suggesting that additional sources of variability
were in effect. Alumina failure was followed by the growth of a Cr2O3 layer at
the alloy–scale interface. Similarly, Cr consumption eventually led to Cr2O3

failure, and Ni- and Co-containing spinel oxide formed, converting the Cr2O3

at the alloy–scale interface and the Al2O3 at the scale–gas interface. The re-
maining NiCo alloy was then converted to (Ni,Co)O. This sequence occurred
without abrupt increase of the mass gain, due to the continued presence of the
remnant Al2O3 layer, and to the small amount of metal left to oxidize when
the (Ni,Co)O eventually broke through the scale. The evolution of the scale
composition throughout the oxidation stages is discussed based on an analysis
of the thermodynamic conditions at the alloy–scale interface.

Keywords Selective oxidation; Reservoir effect; Thin foils; Intrinsic chemical
failure; Breakaway; Alloy diffusion

1 Introduction

High temperature alloys and coatings withstand oxidizing environments via selective
oxidation, a process in which an alloying element, usually Cr or Al, is preferentially
oxidized to form a slow-growing and adherent oxide scale — oxidation is then pro-
tective. The corrosion rates associated with the oxidation of major elements such as
Fe, Ni or Co, and with attacks from other oxidants such as C or S, are orders of mag-
nitude larger than those imparted by protective oxidation. As a consequence, what
are the conditions of protective oxidation is a question of technological importance,
one that has attracted considerable attention [1].
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The present paper is interested in protection by Al2O3 but the following would
apply similarly to Cr2O3. Alumina develops as an external scale rather than internal
precipitates when the outward Al flux in the alloy exceeds the inward O flux [2, 3].
Once the Al2O3 scale is formed, the Al concentration at the alloy-scale interface,
xintAl , must remain above a certain threshold, noted x∗Al, for Al2O3 to be thermody-
namically stable. This threshold is determined by the equilibrium between Al2O3

and the next most stable oxide, usually Cr2O3 if the alloy also contains Cr. At
steady-state, the scale stability is achieved when the outward Al flux matches the
Al flux required for scale growth [4]. In the ideal case of a strictly parabolic scale
growth on a binary alloy of composition-independent diffusion properties, once a
steady-state is reached, the interfacial Al concentration remains constant [4]. In
the absence of external causes for change, this remains so until Al depletion reaches
the center of the specimen, at which point xintAl gradually decreases. In practice,
non-parabolic oxidation kinetics as well as composition-dependent alloy diffusion
properties may cause xintAl to increase or decrease during steady-state.

The classification introduced by Evans et al. [5] distinguishes intrinsic and extrin-
sic forms of chemical failure. When the protective scale is subject to mechanical dam-
age (cracks or delamination), its re-formation rapidly consumes the oxide-forming
element (say, Al), and xintAl drops. Mechanically-induced chemical failure (MICF)
occurs if xintAl falls below x∗Al, after either one or repeated such events. MICF is es-
sentially a local form of failure — although it could in principle be global if the scale
were to spall off everywhere at the same time. On the other hand, intrinsic chemi-
cal failure (InCF) occurs when xintAl < x∗Al everywhere on the surface, either shortly
after the start of oxidation (no protective regime is reached), or, if the specimen
is thin enough, after Al depletion has reached the center of the specimen, and xintAl

has eventually reached x∗Al (“time-delayed InCF”). Before causing InCF, the global
decrease of xintAl due to through-thickness depletion also has the effect of increasing
the likelihood of local failure by MICF.

When designing thin components such as turbine blades, heat exchangers, heaters
or catalyst carriers, the question of through-thickness depletion can arise, and it is
desirable to be able to predict the time-to-failure, given a set of service conditions.
This becomes even more relevant as additive manufacturing fosters the fabrication
of components with more intricate geometries and therefore thinner sections. This
question is also central in the design of alloy-coating systems. An Al-rich coating
will tend to lose Al by oxidation on one side and by interdiffusion with the alloy
on the other. As in the case of a bare alloy oxidizing on both sides, a change of
boundary conditions occurs when the two Al depletion profiles meet, and xintAl tends
to decrease. Eventually, the Al loss by oxidation can be so important that the alloy-
coating flux is reversed, and the coating receives Al from the alloy. It is important
to anticipate these evolutions because they directly control the oxidation lifetime,
but also because changes in the alloy composition via alloy-coating interdiffusion
may affect the mechanical properties of the system [6].

Different types of models have been developed to estimate the time-to-failure of
a protective scale, depending on the shape of the depletion profile. If Al diffusion
in the alloy is much faster than the oxidation rate, the Al profile is essentially
flat, and failure occurs when Al has been fully consumed. The time-to-failure is
then obtained from a relatively simple mass balance, as shown by Quadakkers and
Bongartz [7]. The situation is more complex if the Al profile is not flat, and there is
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significant Al left in the bulk when xintAl reaches x∗Al. Estimating the time-to-failure
then requires a model describing the time evolution of the Al profile, a problem that
has been studied under various limiting assumptions, using analytical and numerical
methods — the reader is referred to Refs. [8, 9, 10] for reviews of earlier and more
recent literature on the subject. Various approaches can then be used to define and
estimate a time-to-failure, as shown recently by Duan et al. [11] for instance.

When Al2O3 can no longer be formed, oxides of the other alloying elements form
instead. This transition (or the post-transition stage) is commonly called breakaway,
in reference to the sudden increase of the oxidation rate, usually manifested in a
sudden increase of the mass gain. In some circumstances, however, Al2O3 remains
as a continuous layer in the scale and continues to limit the overall oxidation rate
for a significant amount of time, giving rise to a secondary protective stage. Slow
growth of a Cr2O3 layer at the base of the scale, termed “pseudo-protection” in
Ref. [12], has been reported on thin foils of FeCrAl alloys [13, 14, 15, 16, 17, 18] and
of a wrought γ-phase NiCrAl alloy [19, 20].

Alumina failure on MCrAlY coatings has been observed [21, 22] but so far,
detailed examinations of alloy and scale composition in pre- and post-failure stages
have mostly concerned single-phase alloys. Recently, InCF has been studied in thin
freestanding specimens of a multiphase APS NiCoCrAlY coating [23]. The reaction
kinetics in Ref. [23] were affected by metallurgical defects inherent to the projection
process. The aim of the present paper is to provide a more quantitative analysis
of alloy composition variations and phase transformations in response to oxidation,
and a more systematic description of the time-to-failure and post-failure reaction
mechanisms in the NiCoCrAlY alloy system. This was done based on γ, γ–β and
β NiCoCrAlY alloys with varying phase fractions and compositions. Oxidation
experiments were carried out using thin specimens at 1150 ◦C so as to trigger Al2O3

failure in relatively short times. The mode of failure that applied in these conditions
was InCF. The experimental work was completed with numerical simulations of the
alloy composition using the DICTRA module of Thermo-Calc [24].

2 Materials and procedures

2.1 Materials

Five cast NiCoCrAlY alloys were used in this study. The nominal compositions are
given in Table 1 and plotted on an isothermal, isoplethal section of the NiCoCrAl
phase diagram in Fig. 1. At 1150 ◦C, alloys UT2, UT4 and UT11 have a two-phase
γ–β microstructure, while UT13 and UT17 are single-phase (γ and β, respectively).
Alloys UT13, UT11 and UT17 are approximately located on the same tie-line, i.e.,
the composition of the γ and β phases in UT11 are the compositions of UT13 and
UT17, respectively. Conversely, alloys UT2 and UT11 have similar phase fractions,
but different phase compositions (for more details on how the alloys were designed,
the reader is referred to Ref. [25]). Alloys with varying Al and Cr contents were
used to cover a wide composition range.

Ingots were made by argon-arc melting, followed by drop casting into 10 mm
diameter rods, which were then homogenized in vacuum for 6 h at 1200 ◦C plus
another 48 h at 1150 ◦C, at the Materials Preparation Center of the Ames Lab-
oratory [28]. Microstructural characterization after further annealing at 1150 ◦C
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Table 1: Nominal composition of the MCrAlY alloys (at. %).

Ref. Ni Co Cr Al Y Phases at 1150 ◦C

UT2 bal. 19 15 24 0.1 γ–β

UT4 bal. 30 30 12 0.1 γ–β

UT11 bal. 19 10 24 0.1 γ–β

UT13 bal. 28 19 11 0.1 γ

UT17 bal. 14 5 32 0.1 β

Figure 1: Nominal alloy compositions projected on an isothermal, isoplethal section
(T =1150 ◦C, xCo = 0.3) of the NiCoCrAl phase diagram, calculated with Thermo-Calc [24]
and the CRALDAD database [26, 27]. Note that not all alloys are on the xCo = 0.3 isopleth.
SEM micrographs showing the bulk microstructure of 2-phase alloys are also included.

followed by air cooling showed that the phases present were those expected from
thermodynamic equilibrium. Two SEM micrographs are included in Fig. 1 as ex-
amples. The alloys also contained a small amount of yttrium-rich intermetallics (∼
0.1 vol. %).

2.2 Experimental procedures

The rods were sliced using electrodischarge machining to obtain 1-mm thick discs.
Thin specimens were then prepared using a precision jig and a lapping machine
in order to ensure good control over the thickness and surface finish [29]. Four
specimens were prepared for each alloy: one “thick” (400–500 µm) used as a reference
(series A in Table 2), and three “thin” (< 50 µm) used to rapidly trigger InCF (series
B, C and D). Within a specimen, the thickness variation was about ± 3 µm around
the average.

The specimens were oxidized in laboratory air at 1150◦C for 200 h, with inter-
ruptions after 20, 50 and 100 h. The specimens were weighed and photographed at
each interruption.

After 200 h, the specimen surfaces were analyzed by X-ray diffraction (XRD)
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Table 2: Average initial specimen thicknesses (µm). Variations within specimens were
about ± 3 µm around the average.

Alloy A B C D

UT2 476 47 26 11

UT4 482 48 35 22

UT11 478 43 23 24

UT13 438 29 16 17

UT17 445 35 14
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Figure 2: Compositions of single-phase alloys (a) UT13 (γ) and (b) UT17 (β) in the
as-received state measured by SEM–EDS, compared with nominal compositions. (The ex-
perimental values represent the mean of 11 point analyses. The standard deviation for each
series was about 0.1–0.2 at. %.)

using an X’Pert Panalytical diffractometer with a Cu-Kα radiation and a step size of
0.033 ◦. Metallographic cross-sections were then prepared and analyzed by scanning
electron microscopy (SEM) in a FEG-SEM Zeiss Merlin. Chemical compositions
were measured by energy dispersive X-ray spectrometry (EDS) using a built-in stan-
dardless quantification procedure (SAMx acquisition software). The compositions
of single-phase alloys UT13 (γ) and UT17 (β) measured by EDS in the as-received
state are compared with their nominal compositions in Fig. 2. The mean difference
between EDS and nominal concentrations is 0.9 at. %. From previous work with
alloys obtained from the same supplier, the actual compositions are known to be
within 0.5 at. % of the nominal compositions. It is concluded that the accuracy of
the EDS measurements is about 1 at. %. The oxide phases were identified based on
the XRD and SEM–EDS results.

2.3 Simulation procedures

The oxidation-induced evolution of alloy composition was simulated by solving the
multicomponent diffusion problem in the alloy, in one dimension, using the DICTRA
module of Thermo-Calc [24]. The procedure is described in detail in Ref. [10]; aspects
specific to the present simulations are addressed here.
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Figure 3: Phase compositions in γ–β alloy UT2 in the as-received state (annealed at
1150 ◦C) measured by SEM–EDS, compared with equilibrium values at 1150 ◦C calculated
with Thermo-Calc and the TCNI8 and CRALDAD databases. (The experimental values
represent the mean of 30 point analyses. The error bars represent the standard deviation
for each series.)

Phase equilibria in bulk alloys and choice of databases

The DICTRA simulations combine phase equilibrium calculations and a finite-
difference resolution of the diffusion equation. This requires thermodynamics and
mobility databases, which store parameters used in computing the quantities of
interest (Gibbs free energy and diffusion mobility) according to the CALPHAD
method [30, 31].

The computations were run with MOBNI (version 5 [32]), the Ni-based alloy
mobility database from Thermo-Calc Software. MOBNI is recommended for use
with TCNI, the associated thermodynamics database. However, equilibrium phase
compositions computed with TCNI (version 8 [33]) were found to be at variance
with compositions measured in the γ–β alloys. This is due to the fact that TCNI is
geared towards superalloy compositions, and is not adapted to the large Co, Cr and
Al contents of the present alloys. A better representation of the γ–β equilibrium
was obtained using CRALDAD, an open NiCoCrAl database developed specifically
for bondcoat-type compositions [26, 27]. As an illustration, phase compositions
measured by EDS in the UT2 alloy are compared with those calculated using both
databases in Fig. 3. On average, the difference between calculated and experimental
values is 1.6 at. % for TCNI8, versus 0.7 at. % for CRALDAD. For a detailed study
of phase equilibria and database comparison in the NiCoCrAl system, the reader is
referred to Ref. [26].

We note that since MOBNI was developed using thermodynamics data from
TCNI, its use in association with another database results in diffusion properties
that are not optimized. This should, in principle, be avoided. In the present case,
however, alloy diffusion was fast relative to oxidation; this resulted in flat composi-
tion profiles that were not very sensitive to the diffusion properties. Indeed, tests
conducted on the alloys of interest with the TCNI8 + MOBNI5 and CRALDAD +
MOBNI5 combinations showed that the latter produced results in better agreement
with the experimental data in two-phase alloys (because of the better description of
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phase equilibrium), while there was no significant difference in single-phase alloys
(because of the low sensitivity to the diffusivity). The results included in this paper
were obtained with CRALDAD + MOBNI5.

To be complete, we also note that diffusion mobilities generated with MOBNI5
are in significant error in NiCoCrAl alloys with large Co concentrations [10] such as
those considered here. However, for the reason stated above, this had no significant
impact on the present simulations.

Oxidation model

The simulated material represented half-specimens, with a zero-flux boundary con-
dition on the bulk side (symmetry plane). Oxidation was modeled by setting a flux
of the oxidized element as a boundary condition on the surface side. The other
element fluxes were set to zero. As a consequence, the total amount of matter in the
simulation (and therefore the size of the simulated material) decreased over time, re-
flecting the metal recession associated with oxidation. The space grid was adjusted
as required via a built-in procedure.

As shown subsequently, the alloys were subject to a sequence of stages, starting
with Al2O3 growth, and ending with full metal conversion to oxide. The growth of
a pure Al2O3 scale was considered first. The scales observed in practice contained
small amounts of impurities, but this was neglected in the simulations for simplicity.
Alumina growth was modeled using a simple power rate law,

Xn
Al2O3

= k · t, (1)

where XAl2O3 is the Al2O3 thickness, k the rate constant and t the time. Based on
a mass balance at the alloy-scale interface, the Al flux across this interface, Jout

Al ,
can be expressed as

Jout
Al =

2

VAl2O3

dXAl2O3

dt
, (2)

with VAl2O3 the molar volume of Al2O3. Using Eq. (1), this yields

Jout
Al =

2

VAl2O3

k

n
(k · t)

1
n
−1 . (3)

The boundary condition used in the simulation was given in terms of Jout
Al ·Va, where

Va is the molar volume of the alloy.
The oxidation parameters were estimated to be n = 3 and k = 3×10−22 m3/s,

based on the mass gains measured on the specimens that exclusively formed Al2O3

throughout the 200 h experiment (Section 3.1). It is recognized that oxidation
kinetics are in general more complex than Eq. (1), for a number of reasons. The
transient stage includes rapid variations of the oxidation rate, which is arguably
not well captured by a power law with constant parameters. The microstructural
evolution of the Al2O3 will also introduce deviations from Eq. (1) — specifically,
as grain boundary diffusion significantly contributes to mass transport in the scale,
oxide grain growth will tend to accelerate the decrease of the oxidation rate and
result in non-trivial thickening kinetics [34, 35, 36]. Nevertheless, cubic kinetics
were found to be a good match to the limited mass gain data available to us for
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Table 3: Main parameters used in the oxidation simulations.

T ( ◦C) 1150

t (h) 200

VAl2O3 (cm3/mol)a 25.6

VCr2O3 (cm3/mol)a 29.1

Va (cm3/mol)b 7.2

n 3

k (m3/s) 3×10−22

a At room temperature [37]. Value varies with temperature but these variations
are small compared to the uncertainty on k.

b Average for the compositions of interest at 1150 ◦C calculated with Thermo-Calc
and TCNI8 (molar volumes are not available in CRALDAD).

these alloys at 1150 ◦C, and were therefore used in the simulations. The parameters
used in the simulations are given in Table 3.

In the case of the thinner specimens, after some time, xintAl decreased to a value
where the simulation could no longer proceed with the prescribed boundary condi-
tion, Eq. (3). At this stage, the boundary condition was changed and Cr2O3 growth
was considered instead. This is presented in Section 4.

3 Results

3.1 Experimental results

Overview

Figure 4 shows photographs of the specimen surfaces throughout the 200 h experi-
ment. The oxides can be identified based on their color: Al2O3 is grey/blue, Cr2O3

is dark green, while Ni- and Co-rich oxides are dark grey. All alloys were found
to follow the same sequence of oxidation regimes. All specimens initially formed
Al2O3 scales. The thicker specimens (A series, 400–500 µm) retained this behavior
throughout the 200 h experiment, while some of the thinner specimens transitioned
to less protective regimes. The duration of this first stage increased with increas-
ing alloy thickness and Al concentration. A first transition was observed as Cr2O3

started to appear at the specimen edges, and with time progressed toward the cen-
ter until it covered the whole surface. A second transition occurred in a similar
manner, with Ni- and Co-rich oxides developing from the edges toward the center.
On some specimens, the transitions started at the center, where pores due to the
casting process were present. Finally, the thinnest specimens broke into pieces.

The thickest specimens of alloys UT11 and UT17 were subject to significant
oxide spallation, visible from the light grey color in Fig. 4(a). These specimens
remained flat throughout the experiment, whereas the thinner specimens, for which
no spallation was observed, tended to deform.
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Figure 4: Photographs of the specimens at interruptions of the 1150 ◦C oxidation experi-
ment. Grey/blue: Al2O3; dark green: Cr2O3; dark grey: Ni- and Co-rich oxides; light grey:
alloy.
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Figure 5: Mass changes recorded during oxidation at 1150 ◦C. In (a)-(e), the dashed line
represents the mass gains corresponding to the growth of a pure Al2O3 scale according to
the rate law chosen for the simulations, Eq. (1) and Table 3; (f) shows a log-log plot for the
specimens that remained in the stage of Al2O3 growth throughout the 200 h.

The mass changes recorded at each interruption of the experiment are plotted
in Fig. 5. The oxidation kinetics of all specimens in the Al2O3 growth stage are
found to be similar. The transitions from Al2O3 to Cr2O3 and then to Ni- and Co-
rich oxides, identified above from the photographs, caused the mass gain to slightly
deviate from the trend set by Al2O3 growth. However, no specimen exhibited an
abrupt acceleration. The small oxide pieces that broke out were not collected. This
resulted in a mass loss (specimens UT4 and UT13). Likewise, the effect of oxide
spallation on specimens UT11A and UT17A is manifested in an important mass
loss.

A log-log representation of the mass change for the specimens that remained in
the stage of Al2O3 growth throughout the 200 h experiment, shown in Fig. 5(f), was
used to analyze Al2O3 growth kinetics. A linear function was fitted to each log-log
series with a least-squares method. The slope was found to be 0.31±0.03 (average ±
standard deviation on the 6 specimens), which translates to n = 3.2±0.3 in the power
rate law, Eq. (1). In previous work on the same alloys, Al2O3 growth was found to be
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Figure 6: Cross-section SEM images of alloy UT2 after 200 h oxidation at 1150 ◦C.
(a) UT2A (476 µm), (b) UT2B (47 µm).

faster above β regions than above γ regions in the first minutes of exposure, before
the trend reversed, and differences faded after hundreds of hours [38]. Here, since
the number of data points was small in each series, the differences observed between
the specimens were deemed to be too small to constitute reliable measurements
of an effect of alloy composition. We therefore decided to use the same n value
for all specimens in the DICTRA simulations; the value n = 3 was picked out of
simplicity. The data series were fitted again, this time with a fixed slope of 1/3 and
only adjusting the intercept; this yielded the k value reported in Table 3. The mass
gains calculated with these n and k values are shown as dashed lines in Fig. 5(a)-(e).

Reaction products

Analysis of the cross-sections by SEM–EDS showed that the thicker specimens be-
haved like their bulk counterparts [25, 38]: they formed Al2O3 scales, with mixed
Al-Y oxide particles and occasionally transient spinel oxides at the surface. Further-
more, in the γ–β and β alloys, Al consumption to form the Al2O3 caused subsurface
β dissolution: this is illustrated in Fig. 6(a).

In the thinner specimens, β dissolution extended across the whole thickness, as
shown in Fig. 6(b). Among the specimens of the B series (35–50 µm), only those with
more than 20 at. % Al (UT2, UT11 and UT17) were still exclusive Al2O3-formers
at the end of the 200 h experiment. In these cases, the Al2O3 scale was similar to
that formed on the thicker specimens, except that it presented transverse cracks, as
seen in Fig. 6(b). Average scale thicknesses measured on the specimens that formed
Al2O3 exclusively are gathered in Fig. 7. We note that the value obtained from the
oxidation model used in the DICTRA simulations (power law adjusted to the mass
gain data), shown as a dashed line, is close to the measured thicknesses.

The B series specimens with less than 20 at. % Al, as well as the thinner speci-
mens, presented a wide variety of reaction morphologies. As mentioned earlier and
seen in Fig. 4, the transitions between oxidation stages did not occur in a uniform
manner on the specimen surfaces. Several stages were sometimes visible on a given
specimen, depending on the local thickness and proximity with the edges and center
(which acted as initiation sites). This is illustrated in Fig. 8 for specimen UT17D:

• in the thicker zones/away from initiation sites, a thin Cr2O3 layer is present
between the alloy and the Al2O3 (Fig. 8(b));
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Figure 7: Average scale thickness measured on specimens that only formed Al2O3, after
200 h at 1150 ◦C. The dashed line shows the value corresponding to the boundary condition
used in the DICTRA simulations.

Figure 8: Cross-section SEM images of alloy UT17D (14 µm) after 200 h oxidation at
1150 ◦C, showing several stages of the oxidation process. (a) Overview, (b) Al2O3 and thin
Cr2O3, (c) Ni and Co oxide around the Al2O3, and (d) alloy fully oxidized.

• in intermediate zones, mixed spinel oxide layers are present both underneath
the Al2O3, replacing the Cr2O3, and at the scale surface (Fig. 8(c));

• in the thinner zones/close to initiation sites, the Al2O3 has been fully converted
to spinel oxide, the alloy has been converted to (Ni,Co)O, and (Ni,Co)O par-
ticles are present at the scale surface (Fig. 8(d), see also right hand side of
Fig. 8(a)).

This general sequence was observed for all five alloys, with minor variations in the
oxide morphologies and compositions. In particular, the Cr2O3/Al2O3 interface was
more or less sharp. In Figs. 9(a) and (c) for instance, there is a zone of intermediate
contrast between the two layers, and the composition varies continuously between
that of Cr2O3 (with ∼ 1–3 at. % Al) and that of Al2O3 (with no significant Cr).
This composition gradient may reflect ongoing interdiffusion between the oxides,
but it may also in part be the result of a measurement artifact, and reflect varying
volume fractions of each oxide in the analyzed material, which is not necessarily
uniform in the out-of-plane direction — indeed, Cr2O3 appears to be developing
along Al2O3 grain boundaries, as observed by previous investigators [19, 20]. This
is less apparent in other micrographs (see Figs. 8(b), 9(b) or 9(d) for instance),
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Figure 9: Cross-section SEM images of alloys (a) UT4B (48 µm), (b) UT13B (29 µm),
(c) UT2D (11 µm) and (d) UT4C (35 µm) after 200 h oxidation at 1150 ◦C.

where the Cr2O3/Al2O3 interface appears to be sharp and the oxides are close to
stoichiometric (∼ 1–3 at. % Al in Cr2O3 and no significant Cr in Al2O3).

Another aspect of interest is that Cr2O3 layers grew to varying thicknesses be-
fore being converted to spinel, reflecting the variable amount of Cr available in the
specimens. In Fig. 9(c), the lowermost layer is spinel oxide, whereas in Figs. 9(b)
and (d), the lowermost layer is Cr2O3 and takes up a larger proportion of the total
scale thickness. Variations were also observed in the spinel oxide composition; the
latter reflected the initial composition of the alloys.

Alloy composition

Alloy compositions were measured by SEM–EDS. Figures 10 and 11 show the profiles
recorded in the thicker specimens of the single-phase alloys, UT13A (γ) and UT17A
(β), and of two γ–β alloys, UT2A and UT11A. After 200 h, all of these specimens
are still in the Al2O3 growth stage, and their composition is still quite close to the
nominal composition (indicated by dashed lines in Fig. 10). In particular, the β
alloy remained fully β. Slight composition gradients are observed in the γ alloy
(Fig. 10(a)), while no gradients are seen in the β alloy (Fig. 10(b)), or in either
phase of the γ–β alloys (Fig. 11).

Figure 12 shows the profiles recorded in the specimens of the B and C series
that were still in the Al2O3 growth stage after 200 h. Again the profiles are found
to be essentially flat. However, the Al concentration decreased significantly, to a
point where no β phase is left, even in the case of the (initially) full β alloy, UT17.
In the thinner specimens, UT17B and UT2C, the composition was found to vary
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Figure 10: Experimental and simulated (DICTRA) concentration profiles for alloys
(a) UT13A and (b) UT17A after 200 h at 1150 ◦C. Nominal concentrations added as
dashed lines for reference.
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Figure 11: Experimental and simulated (DICTRA) concentration profiles for alloys
(a) UT2A and (b) UT11A after 200 h at 1150 ◦C.

significantly from one place to another on the same cross-section. The variability
is particularly pronounced in UT2C: in one location, the Al content is ∼ 2 at. %,
indicating that the alloy is close to Al2O3 failure, whereas in the other location,
there is still ∼ 10 at. % Al left, and the alloy is 7 µm thicker.

Figure 13 shows profiles recorded in specimens in the stage of Cr2O3 growth, a
situation depicted in Figs. 8(b) and 9(a-b). Aluminum is seen to be fully exhausted,
while the Cr concentration has significantly decreased, and varies significantly from
one place to another. As in the other specimens, no gradient is observed in the
profiles.

Profiles were also recorded in specimens where Ni and Co have started to oxidize,
as in Figs. 8(c-d) and 9(c-d). In these cases, the remaining alloy was found to be
free of both Al and Cr (not shown here).
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Figure 12: Experimental and simulated (DICTRA) concentration profiles for alloys
(a) UT2B, (b) UT11B, (c) UT17B and (d) UT2C after 200 h at 1150 ◦C. The lower and
upper limits of the shaded bands represent profiles simulated with an initial alloy thickness
at – and + 3 µm, respectively, of the average. The shape taken by the shaded band in (c) is
due to the fact that some β phase was left in the specimen center in the + 3 µm simulation.
In (d), the simulation run with the average initial thickness resulted in full Al consumption
before 200 h.

3.2 Simulation results

Alloy composition profiles in the Al2O3 growth regime

The composition profiles obtained from the DICTRA simulations in the Al2O3

growth regime are compared with the experimental results in Figs. 10–12. The
effect of the initial alloy thickness was studied by performing simulations with val-
ues representative of the experimental variations, i.e., at + and – 3 µm of the average
thickness. These variations made no significant difference in the thicker specimens
(A series). In thinner specimens, however, they had a visible impact on the profiles,
and in particular on the Al concentration. This is represented by shaded bands in
the profiles of Fig. 12.

In the thicker specimens, the agreement between simulated and measured profiles
is found to be excellent, as the difference is typically below 1 at. %, i.e., within
experimental uncertainty (Figs. 10 and 11).
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Figure 13: Experimental and simulated (DICTRA) concentration profiles for alloys
(a) UT4C and (b) UT13B after 200 h at 1150 ◦C. Simulated profiles obtained with ei-
ther cubic or linear Cr2O3 growth kinetics — see text for details. In (b), linear kinetics led
to full Cr consumption before the end of the 200 h simulation.

In the thinner specimens, the experimental profiles fall within the band defined
by the ± 3 µm simulations (Fig. 12). One exception to this generally good agreement
is observed in specimen UT2C. Using the measured average value of 26 µm as initial
alloy thickness, the simulation predicted that Al would be completely exhausted after
170 h. Experimentally, Cr2O3 started to appear at the specimen center between
100 and 200 h (Fig. 4), but most of the specimen was still Al2O3-former after
200 h. In these regions, the remaining Al concentration in the alloy was highly
variable (Fig. 12(d)) — more than expected from the initial thickness variation. This
specimen presented another peculiarity: the Al2O3 scale was significantly thinner
than that formed on the other specimens, ∼ 4 µm instead of ∼ 6 µm (Fig. 7).
The reason for this discrepancy is not known, but the lower scale thickness would
certainly be associated with a lesser Al consumption; this qualitatively explains why
Al2O3 remained stable for a longer time, and more Al was left in the alloy, than
simulated.

3.3 Alloy phase transformations in the Al2O3 growth regime

The DICTRA simulations describe the evolution of phase compositions and fractions
over time. This is now exploited to examine the phase transformations caused by
the selective oxidation of Al. The analysis of the simulated profiles shows that for
the γ–β alloys, the Al removal due to Al2O3 growth is mainly accommodated by
the complete dissolution of β in a subsurface zone, while in the rest of the alloy, the
volume fraction of β (fβ) slightly decreases. This defines a distinct β dissolution
front. The composition on either side of this front is all but uniform. This is
illustrated in Fig. 14, where the Al and β fraction profiles are plotted at 50 and
200 h for a thick specimen, UT2A. Note that in the γ–β zone, the decrease in fβ
results in a slight decrease of the overall Al fraction, but also has the counterintuitive
consequence of increasing the Al fraction in γ. This is simply due to the topology
of the phase diagram. Overall, these phase composition changes are small, and the
main consequence of Al consumption is the progression of the β dissolution front.



Oxid Met (2021) 17

12.5

15.0

17.5

20.0

22.5

25.0

27.5

30.0

x
φ A
l 
(a

t 
%

)

0 h

50 h

200 h

global

γ

β

global

γ

β

0 10 20 30 40 50 60

z (µm)

0

25

50

f β
 (

m
o
l 
%

)
γ γ− β

0 h

50 h

200 h

Figure 14: Simulated (DICTRA) Al and β fraction profiles at 0, 50 and 200 h in alloy
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Figure 15: Simulated (DICTRA) time evolution of Al and β fraction at mid-specimen in
alloy UT2B during oxidation at 1150 ◦C.

In thin specimens, the β dissolution eventually reaches the specimen center, at
which point the alloy becomes single-phase γ. This is illustrated in Fig. 15, which
shows the time evolution of fβ at mid-specimen in UT2B: fβ gradually decreases
during 113 h, and then drops to 0. This transition time was extracted from all
simulations, and is plotted as a function of initial alloy composition and thickness
in Fig. 16. The thickness dependence follows a plain power law. As shown in
the Discussion, because of the fast alloy diffusion, the time-to-β dissolution can be
related to the oxidation kinetics via an analytical expression.

Time-to-Al2O3 failure

Alumina fails when xintAl , the Al fraction at the alloy/scale interface, reaches x∗Al, the
Al content at Al2O3–Cr2O3 equilibrium. As noted in Section 3.1, wherever Cr2O3

was observed at the base of the scale, no significant Al was found in the alloy. We
will show in the Discussion that x∗Al is indeed very small and can be approximated
as 0. The time-to-Al2O3 failure, tf , is then simply obtained as the time when xintAl

reaches 0 in the simulation. This also corresponds to the time when the boundary
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condition, Eq. (3), can no longer be fulfilled, and the simulation stops. Values of tf
thus obtained are plotted in Figure 17.

Experimentally, Al2O3 failure did not occur uniformly over the specimen sur-
faces (Fig. 4). Lower and upper bounds of tf were estimated by visually inspecting
the specimens after each interruption, excluding the edges. These are included in
Fig. 17 for comparison. Qualitatively, the composition and thickness dependence
of the time-to-failure observed experimentally is correctly reproduced in the simu-
lations. However, the spread observed experimentally within a given specimen is
generally larger than the spread expected from the simulations, considering varia-
tions of ± 3 µm in the initial specimen thickness.

Like the time-to-β dissolution, the time-to-failure follows a simple power law.
The analytical expressions are derived in the next Section.
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4 Discussion

The discussion will first consider the stage of Al2O3 growth. We will show that for
a large part, the alloy response to oxidation can be described analytically using the
approximation of uniform alloy composition. The effect of the problem parameters
is readily examined with the analytical treatment; this will be used to study the
influence of the thermodynamics database used in calculating metrics relevant to
multiphase alloys, the effect of neglecting the metal recession in thin specimens, and
the sensitivity of the alloy response to its initial thickness. The discussion will then
turn to the thermodynamic and mechanistic aspects involved in the transition from
Al2O3 to Cr2O3, spinel oxide and (Ni,Co)O growth. Finally, we will present an
attempt at modelling Cr2O3 growth after Al2O3 failure.

4.1 Approximation of flat depletion profiles

The composition profiles measured in all specimens were found to be essentially flat.
This reflects the fact that diffusion was fast in both γ and β, relative to the oxidation
rate. With the assumption of flat profiles, calculating the time evolution of an alloy
composition reduces to a 0-dimension problem, which can be solved analytically. In
the Al2O3 growth stage, the quantity of each of Co, Cr and Ni remains constant;
making the approximation of a constant alloy molar volume and neglecting creep,
this can be expressed as

xi
x0i

=
h0
h
, i = Co,Cr,Ni, (4)

where xi is the atom fraction of species i, h the specimen half-thickness, and 0 used
as subscript or superscript indicates values at t = 0. It follows that

1 − xAl

1 − x0Al

=
h0
h
. (5)

The specimen half thickness h is related to the scale thickness by the relation [4]

h0 − h

Va
=

2XAl2O3

VAl2O3

. (6)

If the time evolution ofXAl2O3 is known, the alloy composition can then be calculated
from Eqs. (4) and (5). In particular, with power law kinetics, Eq. (1), the Al fraction
is given by:

xAl = 1 −
1 − x0Al

1 − 2Va
VAl2O3

(k · t)1/n

h0

. (7)

Values corresponding to the alloys of interest were calculated using the parameters
used in the simulations (Table 3); these are not included in Figs. 10–13 for the sake
of readability, but they were found to be in close agreement with the simulated
profiles. In the case of two-phase alloys, the xi values given by Eqs. (4) and (5) are
to be compared with global concentrations, which are not shown in Figs. 10–12 but
are accessible from the DICTRA simulations.
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Rearranging Eqs. (1), (4), (5) and (6), the time needed to reach a given xAl value
can be calculated as:

t =
1

k

(
VAl2O3

2Va
· h0 ·

x0Al − xAl

1 − xAl

)n
. (8)

We note that Eq. (8) is slightly different from the expression given by Quadakkers
and Bongartz [7] and used by other investigators [11]. The latter makes the approx-
imation that the metal recession is small compared to the initial alloy thickness and
can be neglected, i.e., that h ≈ h0. This becomes apparent when writing that the
amount of Al in the scale equals that consumed in the alloy:

XAl2O3

VAl2O3

=
1

2Va

(
h0 · x0Al − h · xAl

)
. (9)

Equation (9) is equivalent to Eq. (8), but yields the commonly used expression if
h = h0:

XAl2O3

VAl2O3

=
1

2Va
h0

(
x0Al − xAl

)
. (10)

We further note that the relative error made in using Eq. (10) does not in fact
depend on the initial alloy thickness. Indeed, xAl and h are related, by virtue of
Eq. (5): if the specimen is so thick that h ≈ h0, then xAl cannot be much smaller
than x0Al. The approximation only becomes valid when the target concentration xAl

is close to 0: if the remaining metal contains little Al, the remaining thickness has
little influence — this is also apparent in Eq. (9).

The time to Al2O3 failure is obtained by setting xAl = 0 in Eq. (8):

tf =
1

k

(
VAl2O3

2Va
· h0 · x0Al

)n
. (11)

Values of tf calculated with Eq. (11) are plotted alongside those determined from
the DICTRA simulations in Fig. 17. The two sets of results are in agreement,
which confirms that the approximation of fast alloy diffusion is justified here. We
also note that insofar as this approximation applies, the time-to-failure obtained
from DICTRA simulations does not depend on the databases used to perform the
simulations, since tf simply reflects the total amount of Al initially present in a
given specimen.

Another time of interest is that required to fully consume the β phase. The
threshold xAl value can be determined by varying the amount of Al (number of
moles) while keeping the amounts of Ni, Co and Cr constant, as would happen
when an alloy loses Al by oxidation, and finding the value where fβ reaches 0, i.e.,
the γ + β / γ equilibrium. This was done using Thermo-Calc and the CRALDAD
database. For instance, we obtained xAl = 13.8 at. % in alloy UT2. The time to
β dissolution was then calculated with Eq. (8); this is plotted as a function of the
initial specimen thickness for the alloys of interest in Fig. 16 (alloy UT13 is not
included because it contains no β phase at 1150 ◦C). This analytical model is seen
to be consistent with the values obtained from the DICTRA simulations.

Contrary to the time-to-failure, the time-to-β dissolution relies on a phase equi-
librium; the calculated value therefore depends on the thermodynamics database
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that was used to compute this equilibrium. The above calculation was repeated us-
ing the TCNI8 database: we obtained xAl = 12.8 at. % for the threshold Al fraction
in the UT2 alloy. This is ∼ 1 at. % lower than the CRALDAD calculation, which
translates into a slightly longer time-to-β dissolution. The same trend was obtained
for the other alloys. The corresponding times are compared to those obtained with
CRALDAD in Fig. 16. The difference between the results obtained with the two
databases is 26 %, 28 % and 10 % for alloys UT2, UT11 and UT17, respectively.

Figure 16 also includes the values obtained with CRALDAD but neglecting the
metal recession, i.e., using Eq. (10). Making this approximation reduces the time-to-
β dissolution by 36 %, 39 % and 43 % for alloys UT2, UT11 and UT17, respectively.

The expression obtained in the approximation of fast alloy diffusion, Eq. (8),
has the advantage of exposing the influence of the problem parameters in a straight-
forward manner. If the oxidation constant k is multiplied by 10, for instance, the
time-to-β dissolution will be divided by 10. When this approximation is not valid
(at lower temperatures), the influence of the parameter can still be studied ana-
lytically when an analytical solution of the problem exists, i.e., in a pseudo-binary,
single-phase system with composition-independent interdiffusion coefficient, follow-
ing purely parabolic kinetics and neglecting the metal recession: this was done by
Young et al. [39]. In the more general case of a multicomponent, multiphase alloy
of any thickness and oxidation rate law, useful metrics can only be obtained from
numerical simulations of alloy diffusion such as those conducted in the present work
or by previous investigators, see for instance Refs [40, 41, 42, 43, 44, 45].

4.2 Validity and limits of the simulations

In the Al2O3 growth stage, the simulations were conducted under the assumption
of cubic oxidation kinetics with an alloy-independent k, a drastic simplification of
what is in fact a complex process. Nevertheless, the resulting profiles were found to
match the measured compositions within experimental uncertainty.

We note that since alloy diffusion was fast relative to the rate of Al removal, the
alloy composition was not very sensitive to the oxidation model: a different exponent
in Eq. (1), or another rate law altogether, would have produced similar composition
profiles so long as the final Al2O3 thickness was the same. In this regard, the good
agreement between experimental and simulated profiles at one point in time does not
in itself demonstrate that the time-evolution of Al2O3 growth was suitably described
— this was instead shown by the time-dependent mass gain data. Nevertheless, it
does indicate that the underlying mass balance, as well as the alloy phase equilibria
and diffusion process, were correctly modeled.

In other words, given a rate law, the consequences of Al2O3 growth on the com-
position of a perfectly uniform γ–β NiCoCrAl specimen can be correctly simulated.
Of course, actual specimens inevitably include imperfections (metallurgical defects
such as pores or oxide inclusions, surface preparation defects, thickness variations).
The effects of these imperfections on oxidation-induced composition changes are
stronger in thinner specimens. This follows from Eqs. (4) and (5), and with regards
to thickness variations, it is manifested in Figs. 10–13 by the fact that the shaded
bands representing profiles calculated at 2h0 ± 3 µm are wider in thinner specimens.

An aspect which has been neglected emerges from the comparison of experimen-
tal and simulated profiles in Figs. 12 and 13: after 200 h, the reacted alloys were
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consistently thinner than expected from the mass balance underlying oxidation.
This thickness reduction is believed to be due to creep, as observed in other studies
of thin foils oxidized at high temperature [16]. The occurrence of creep can have
complex implications with regard to the alloy response to oxidation, for a number
of reasons related to the interactions between stress and alloy diffusion [46]. These
effects would be expected to be more pronounced in thinner specimens, as those
would have larger creep rates. The comparison between experimental and simulated
profiles suggests that creep-related effects were not pronounced in specimens above
∼ 30 µm; no conclusion can be drawn in the case of thinner specimens. A more de-
tailed account of oxidation-creep interactions cannot be arrived at from the present
results.

4.3 Reaction mechanism

The Discussion now turns to the thermodynamic and mechanistic aspects of the
transitions between the oxidation regimes observed here, from Al2O3 scaling to full
metal consumption. All thermodynamic calculations were done using Thermo-Calc,
with the TCNI8 database (oxides are not included in CRALDAD).

During Al2O3 growth, once a steady-state is established, the pO2 at the al-
loy/scale interface is controlled by the Al–Al2O3 equilibrium, where Al designates
Al in solution in the alloy. Assuming that the Al2O3 activity is one, this can be
expressed as

1

a2Alp
3/2
O2

= exp

(
−∆fG

0
13

RT

)
, (12)

where aAl is the activity of Al in the alloy solution and ∆fG
0
13 is the standard free

energy of formation of Al2O3 from pure Al in its reference state at the temperature
of interest:

2Al (liq.) +
3

2
O2 (g) = Al2O3, (13)

The conditions for Al–Al2O3 equilibrium and Al dissolution in the alloy at 1150 ◦C
were calculated using the nominal composition of alloy UT2; one obtains aAl =
3.2×10−4 (with reference to liquid Al) and pO2 = 5.9×10−26 bar. As Al is consumed,
aAl decreases and pO2 rises by virtue of Eq. (12) until Cr can be oxidized and reduce
the Al2O3. This is represented in the predominance diagram of Fig. 18(a).

According to the thermodynamic assessment by Saltykov et al. [47], Al2O3 and
Cr2O3 are completely miscible above ∼ 930 ◦C at pO2 = 0.21 bar, and would there-
fore be expected to form a corundum solution in the present case. The Cr content
of the corundum would then gradually increase as the pO2 increases. Instead, we ob-
served separate Al2O3 and Cr2O3 layers with limited mutual solubility (Section 3.1).
As pointed out by Chyrkin et al. [20], this is due to the relatively slow diffusion ki-
netics of Al and Cr in Al2O3. As Cr enters the Al2O3, it locally saturates it and
Cr2O3 precipitates; the two layers tend to mix by interdiffusion, but slowlier than
new Cr2O3 forms.

This metastable state implies that the conditions at which Cr2O3 precipitates
can be calculated by considering the following displacement equilibrium:

Al2O3 + 2Cr = Cr2O3 + 2Al, (14)
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Figure 18: Predominance diagrams in the (a) Ni–Co–Cr–Al–O and (b) Ni–Co–Cr–O sys-
tems at 1150 ◦C, calculated with Thermo-Calc and the TCNI8 and TCOX10 databases.
The dashed lines describe the evolution of the thermodynamic conditions at the alloy–scale
interface during the oxidation of an alloy of initial composition UT2, during (a) Al2O3

and then (b) Cr2O3 growth (the composition at the start of Cr2O3 growth, Ni–25Co–20Cr,
corresponds to a Ni–19Co–15Cr–24Al alloy that lost all of its Al).

where each oxide is assumed to be pure. The Al and Cr activities then verify(
aAl

aCr

)2

= exp

(
−∆fG

0
14

RT

)
, (15)

where ∆rG
0
14 is given by

∆rG
0
14 = ∆fG

0
17 − ∆fG

0
13, (16)

and ∆fG
0
17 is the standard free energy of formation of Cr2O3 from pure Cr in its

reference state at the temperature of interest:

2Cr (bcc) +
3

2
O2 (g) = Cr2O3. (17)

The values of ∆fG
0
13 and ∆fG

0
17 at 1150 ◦C were used with Eqs (16) and (15) to

determine the aAl/aCr ratio at equilibrium. The dissolution equilibrium of Al and
Cr was then calculated to obtain the Al atom fraction corresponding to this aAl/aCr

ratio in a Ni–25Co–20Cr–xAl alloy (the Co and Cr concentrations correspond to
alloy UT2 without the Al). This resulted in x∗Al = 2.3×10−4 at. %. This value is
small and justifies the assumption made in Section 3.2 when determining the time-to-
failure tf (x∗Al ≈ 0). The pO2 corresponding to the alloy–Al2O3–Cr2O3 equilibrium
is calculated to be 2.4×10−18 bar.

After Al2O3 failure, the Cr2O3 layer develops at the base of the scale and Cr
diffuses into the remnant Al2O3 layer. As long as Cr2O3 grows, the pO2 at the
alloy/scale interface is controlled by the Cr–Cr2O3 equilibrium, and it is too low for
Ni- and Co-containing spinel to form. Patches of spinel oxide were locally observed
at the top of the scale (Fig. 9(a), (b) and (d)). These may have been formed at
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the very start of the exposure, or after one of the interruptions. As suggested by
Chyrkin et al. [20], thermal cycling produces cracks in the scale; upon heating up,
if a crack exposes the alloy to the gas, transient Ni and Co oxide may form, and be
pushed upwards as Al2O3 or Cr2O3 regrows. In addition, even if pure spinel oxide
would not form below the Cr2O3, minute amounts of Ni and Co may dissolve in
the corundum phase, and grain boundary diffusion would then produce a significant
flux of these elements toward the surface, where the higher pO2 would cause spinel
to precipitate.

As Cr2O3 grows and consumes Cr, a situation analog to that of Al2O3 failure
develops: aCr decreases, the pO2 rises by virtue of the Cr–Cr2O3 equilibrium, until
Ni and Co can reduce the Cr2O3 (which, as a result of interdiffusion, now contains
significant Al) and form spinel oxide by the displacement reaction:

(Ni,Co) + (Cr,Al)2O3 +
1

2
O2 = (Ni,Co)(Cr,Al)2O4 (18)

This is represented in the predominance diagram of Fig. 18(b). The threshold xCr

and pO2 values are determined by considering the alloy–corundum–spinel equilib-
rium; one obtains x∗Cr = 3.6×10−3 at. % and pO2 = 7.0×10−13 bar for an alloy of
initial composition UT2 (now almost emptied of its Al and Cr) at 1150 ◦C. Like
Al2O3, Cr2O3 fails at a Cr content that is below the EDS detection limit.

Reaction (18) produces the continuous layer observed at the base of the scale in
Figs. 8(c) and 9(c). Their activity gradient across the scale, as well as the opposite
pO2 gradient, drive Ni and Co diffusion into the remnant Al2O3. Grain boundary
diffusion produces a large Ni and Co flux without significantly affecting the composi-
tion of the Al2O3; as a result, Ni and Co accumulate the the scale/gas interface and
another continuous spinel layer develops there (Figs. 8(c) and 9(c)), by a displace-
ment reaction analog to reaction (18) but involving the remnant Al2O3 rather than
the basal (Cr,Al)2O3. As bulk diffusion of Ni, Co and Cr proceeds from its grain
boundaries and lower and upper surfaces, the remnant Al2O3 layer is converted to
spinel and finally disappears (Fig. 8(d)).

In the stage of spinel oxide growth, the alloy reduces to a Ni–Co solution, and
therefore the consumption of Ni and Co does not lead to a decrease of their activity.
The pO2 then remains at a value controlled by the alloy-spinel equilibrium, and
is too large for the monoxide (Ni,Co)O to form. However, once Al2O3 is entirely
converted, in the absence of available Al or Cr, Ni and Co saturate the spinel, the
pO2 rises and the monoxide is formed. As shown in Fig. 8(d), its fast growth converts
the alloy in place, while nodules of (Ni,Co)O are also found above the scale surface.
These have likely been pushed through cracks of the scale as a result of the volume
change accompanying the alloy conversion.

As discussed in Section 4.4, after Al2O3 fails and stops growing, its presence as
a continuous layer limits the growth of the Cr2O3 and spinel layers. When, in the
last stage of the oxidation process, (Ni,Co)O finally forms, only a small amount of
Ni–Co alloy is left to oxidize. As a result, the stages following Al2O3 failure are not
accompanied by a strong increase of the mass gain: no breakaway is observed in
Fig. 5.
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4.4 Chromia growth

A difficulty in modeling the oxidation kinetics in the stage of Cr2O3 growth arises
from the lack of direct experimental data: when considering the Cr2O3 layer at any
given location of a specimen, we do not know for how long it has been growing,
since the time to Al2O3 failure varies within each specimen. In the absence of
time-dependent thickness measurements, or mass gain data reflecting the Cr2O3

layer alone, a Cr2O3 growth model cannot be built from an empirical rate law and
instead requires assumptions.

From the observed tf ranges and calculated tf values (Fig. 17), Cr2O3 growth
appears to have been much slower than it would have been in the absence of an
Al2O3 layer at this temperature. Indeed, considering parabolic growth kinetics
(X2

Cr2O3
= k · t) with k = 10−15 m2/s at 1150 ◦C [48], a Cr2O3 scale would be

10–25 µm in the time range of interest, which is much thicker than observed here.
As discussed in Section 4.3, Cr2O3 starts forming when the pO2 at the alloy/scale

interface reaches 2.4×10−18 bar. As the Cr2O3 layer grows, the pO2 at the Al2O3–
Cr2O3 interface is no longer bounded by the equilibrium with the alloy, and presum-
ably increases to ease the pO2 gradient across the Al2O3 layer. The rate at which
this occurs is not known, but at least in the beginning of its growth, the Cr2O3 layer
is subject to a much smaller pO2 gradient than it would in the absence of the Al2O3;
this would contribute to its slower growth.

The defect structure of Cr2O3 is not fully understood, and is known to be system-
dependent [1]. Kofstad [49] reviewed early data and concluded that outward Cr
diffusion was predominant, via Cr interstitials at low pO2 and Cr vacancies at high
pO2 . More recent work on pure Cr and Ni–30Cr [50, 51] concluded that Cr2O3

grew outward with Cr vacancies as the major defect at high pO2 , and inward with
O vacancies as the major defect at low pO2 . In the present case, the pO2 at the
Al2O3–Cr2O3 interface is not known and likely varies over time, and the Cr2O3

contains some Al and likely trace amounts of Ni and Co. In the absence of specific
information, two possibilities suggested by Strehl et al. [16] were considered:

• Cr2O3 grows predominantly by outward Cr diffusion. The rate-limiting step
is O diffusion across the remnant Al2O3 layer, which can be modeled by

dXCr2O3

dt
=

(
dXAl2O3

dt

)
t=t−f

, (19)

where t = t−f indicates that the derivative is taken immediately before tf , i.e.,
using Eq. (1). One obtains:(

dXAl2O3

dt

)
t=t−f

=
k

n
(k · tf )

1
n
−1 =

Xf
Al2O3

n · tf
, (20)

where Xf
Al2O3

denotes the thickness of the remnant Al2O3 layer, which is as-
sumed to remain constant, and the values of n and k are the same as those
used to describe Al2O3 growth. This leads to linear kinetics:

XCr2O3 =
Xf

Al2O3

n · tf
· (t− tf ) . (21)
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Figure 19: Illustration of the Cr2O3 growth mechanisms considered after Al2O3 failure,
derived from Ref. [16]. See text for symbol definitions.

• Cr2O3 grows predominantly by inward O diffusion. The rate-limiting step is
O diffusion across both the remnant Al2O3 layer and the growing Cr2O3. The
rate law is not known in general, but in the extreme case where the diffusion
properties of Cr2O3 are the same as those of Al2O3, it simply derives from
Eq. (1):

dXCr2O3

dt
=
k

n
(k · t)

1
n
−1. (22)

This yields

XCr2O3 = (k · t)
1
n −Xf

Al2O3
, (23)

with, again, the same values of n and k, i.e., cubic kinetics.

The two alternatives are summarized in Fig. 19. We note that neither is quite
realistic. Instead, they may be considered as upper and lower bounds: in the “linear
kinetics” scenario, Cr2O3 growth never slows down, whereas in the “cubic kinet-
ics” scenario, Cr2O3 growth slows down as rapidly as Al2O3 growth would. The
actual kinetics presumably lie in between. Some of the investigators who studied
Al2O3 failure on FeCrAl alloys described the mass gain curves they obtained in the
stage of Cr2O3 growth as linear [13, 18]. Depending on the numerical values of the
parameters involved (Al2O3 growth constants k and n, time to Al2O3 failure tf ,
total experiment time), the mass gain curves produced by the two scenarios can be
quite similar, so much so that they would be impossible to distinguish in practice.
This was demonstrated by Strehl et al. [16], who concluded that their data were not
sufficient to identify the prevailing growth mechanism.

Two-step simulations (Al2O3 growth until failure, then Cr2O3 growth according
to linear or cubic kinetics) were run with DICTRA for four specimens where ex-
perimental profiles had been recorded in the Cr2O3 growth stage: UT4B, UT11C,
UT4C and UT13B. The profiles obtained for UT4C and UT13B are included in
Fig. 13. In UT4C, both linear and cubic scenarios underestimated the Cr consump-
tion, compared to the measured values. In UT13B, on the contrary, both scenarios
overestimated Cr consumption — the linear scenario even led to full Cr exhaustion
before the end of the 200 h simulation. In UT4C and UT13B, the duration of Cr2O3
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growth (time elapsed between Al2O3 failure and 200 h) was shorter, such that linear
and cubic scenarios gave results close to each other, but again both either under- or
over-estimated Cr consumption, compared to the experimental results.

The Cr concentration at the end of the 200 h experiment depends on the Cr2O3

growth mechanism, but is also quite sensitive to the Al2O3 failure time, since the
latter determines the time span during which Cr2O3 has grown and the state of the
specimen (remaining alloy thickness and composition) when Cr2O3 started growing.
The uncertainty on xCr is then determined by two antagonistic effects:

• on the one hand, the uncertainty on tf decreases when h0 decreases, by virtue
of Eq. (11) (in other words, a given spread ∆h0 will result in a larger ∆tf in
a thicker specimen);

• on the other hand, the uncertainty on xCr for a given tf increases when h0
decreases (by analogy with Eq. (5), applied to Cr depletion).

In the present case, it appears that the latter effect prevailed. Indeed, neither
scenario offered a consistent match to the experimental results. The absence of a
consistent trend across all specimens indicates that the xCr values were strongly
affected by experimental variability. As a consequence, it was not possible to deter-
mine which mechanism best described Cr2O3 growth on the basis of profiles recorded
at a few locations.

5 Conclusions

This work analyzed thermodynamic, mechanistic and kinetic aspects of the oxida-
tion of thin NiCoCrAlY foils at 1150 ◦C, before and after the intrinsic chemical
failure of the initially formed Al2O3 scale. The comparison of simulated and mea-
sured composition profiles showed that the simulations correctly reproduced the
alloy response to oxidation, within experimental error. Compositions in the thin-
ner specimens showed some variability; the latter was similar in amplitude to the
variations expected from the experimental uncertainty on the initial alloy thickness.

The time evolution of the alloy composition during the stage of Al2O3 growth
was described with an analytical expression, based on the approximation of flat
profiles. This was used to compute quantities of interest in the assessment of thin
component lifetime: the time required to fully dissolve the β phase and the time to
Al2O3 failure. The error made in neglecting the metal recession was evaluated.

Insofar as the flat profile approximation is valid, the time evolution of the alloy
composition is insensitive to the alloy diffusion properties, and therefore, the simula-
tion results do not significantly depend on the input diffusion data. The thermody-
namics data, however, remain an important factor in computing quantities relying
on phase equilibria: phase compositions and fractions, or the time for β dissolution
for instance. In this respect, the CRALDAD database appeared to be better suited
than TCNI8 to simulate the response of NiCoCrAlY alloys to oxidation, because of
a more accurate description of the γ–β equilibrium.

Experimentally, the time-to-Al2O3 failure was subject to important local varia-
tions within the specimens. These were greater than the variations expected from
the uncertainty on the initial alloy thickness. It is concluded that other sources of
variability, such as casting defects, were in effect; their impact on Al consumption
should be quantified in order to estimate the uncertainty associated with a predicted
time-to-failure.
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After it failed, the alumina remained present as a continuous layer. The Cr2O3

that formed underneath was found to grow much slowlier than it would in the
absence of the remnant Al2O3 layer. Following the same sequence as that observed
for Al2O3, Cr2O3 growth consumed Cr, the alloy Cr content gradually decreased
until the Cr activity was too low to maintain Cr2O3 stability, and Ni- and Co-
containing spinel oxides formed instead. As Ni and Co oxidized and diffused across
the remnant Al2O3, spinel layers developed both at the Al2O3-gas interface and
at the alloy-Cr2O3 interface, eventually converting both corundum layers to spinel.
Finally, as the oxygen pressure further increased at the alloy surface, the remaining
NiCo alloy was converted to (Ni,Co)O, which caused the rupture of the scale and
the formation of (Ni,Co)O nodules above it. The small amount of metal left to
oxidize at this stage explains the absence of a sharp increase of the mass gain, i.e.,
the absence of breakaway.
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