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The formation of persistent slip bands (PSBs) at early stages of fatigue plays an important role in fatigue damage. In order to get a better understanding of the physics involved at the dislocation scale, 3D discrete dislocation dynamic simulations are set up in the case of an isolated surface grain of Cu cyclically loaded in single slip. Simulations reveal the complex transformation process of the dislocation microstructure from a homogeneous distribution into an organized microstructure made of slip bands mainly composed of dislocation dipoles and prismatic loops. These slip bands are the embryo of the PSBs observed for large number of cycles. The localization mechanism evidenced by the simulations is well explained from a stress field analysis which highlights the role of cross-slip. A saturation regime is reached after a few cycles during which dislocation microstructure, dislocation densities and height of extrusions/intrusions remain unchanged. Furthermore, the linear relationship between the volume fraction of slip bands and the imposed plastic strain amplitude is retrieved by the simulations and the stability of the slip bands is verified by decreasing the plastic strain amplitude after the saturation regime is reached. Finally, when compared to AISI 316L stainless steel, Cu shows a tendency to build more bands with relatively larger thicknesses which is attributed to the differences in the cross-slip probability.

Introduction

Fatigue damage is one of the main origin of structure failure in long terms, especially for aerospace and power plant industry [START_REF] Schijve | Fatigue damage in aircraft structures, not wanted, but tolerated?[END_REF][START_REF] Courtin | High cycle thermal fatigue damage prediction in mixing zones of nuclear power plants: engineering issues illustrated on the father case[END_REF]. For example, in nuclear industry, materials at the mixing zone of hot fluid and cold fluid in the piping system of nuclear plant always endure thermal fatigue shocks due to the temperature gradients, which may ultimately lead to leakage of cooling water (Accident Civaux [START_REF] Atwood | Analysis of pressurized water reactor primary coolant leak events caused by thermal fatigue[END_REF]). Simular failure problems are observed in airplane components or in any structural materials subjected to repetitive loads [START_REF] Suresh | Fatigue of materials[END_REF]. Investigations of the fatigue damage mechanism is thus a major concern for industry and academic research. Since the first systematic fatigue research conducted by August Wöhler [START_REF] Wöhler | Über die festigkeitsversuche mit eisen und stahl[END_REF] on railway axles, fatigue damage mechanism has been investigated for more than 100 years. However, due to the complexity of the underlying physics in terms of time and space scales, a complete understanding of the fatigue failure mechanism is still not available. The fatigue damage process is generally divided into two stages [START_REF] Forsyth | Fatigue damage and crack growth in aluminium alloys[END_REF]: the initiation and the propagation of cracks. The initiation stage represents about 90% of the fatigue life, which is also called the early stage of fatigue damage. The work presented here exclusively focuses on the early stage of fatigue damage.

One remarkable observation during experiments of the early stages of fatigue damage is the formation of slip bands, which was firstly evidenced by Ewing [START_REF] Ewing | the fracture of metals under repeated alternations of stress[END_REF] at the surface of a Swedish iron. During the last fifty years, the fatigue behavior of FCC (face-centered cubic) metals has been deeply investigated [START_REF] Mughrabi | The cyclic hardening and saturation behaviour of copper single crystals[END_REF][START_REF] Li | Cyclic response and dislocation structures of aisi 316l stainless steel. part 2 polycrystals fatigued at intermediate strain amplitude[END_REF][START_REF] Blochwitz | A method for the determination of the cyclic stress-strain curve of presistent slip bands in fatigued single crystals[END_REF] because of the relatively uniformed fatigue behaviors and wide applications in industry. The development of persistent slip bands (PSBs) [START_REF] Mughrabi | The cyclic hardening and saturation behaviour of copper single crystals[END_REF][START_REF] Thompson | Xi. the origin of fatigue fracture in copper[END_REF][START_REF] Winter | A model for the fatigue of copper at low plastic strain amplitudes[END_REF][START_REF] Woods | Low-amplitude fatigue of copper and copper-5 at.% aluminium single crystals[END_REF] is considered as a characteristic feature for FCC metals at early stages of fatigue damage. Different aspects concerning PSBs have been studied extensively such as the dislocation microstructures within the PSBs [START_REF] Suresh | Fatigue of materials[END_REF][START_REF] Mughrabi | The cyclic hardening and saturation behaviour of copper single crystals[END_REF], the surface roughness evolution at the PSB's surface [START_REF] Man | Extrusions and intrusions in fatigued metals. part 2. afm and ebsd study of the early growth of extrusions and intrusions in 316l steel fatigued at room temperature[END_REF][START_REF] Man | Extrusions and intrusions in fatigued metals. part 1. state of the art and history[END_REF] and the dislocation motion mechanism [START_REF] Brown | Dislocation bowing and passing in persistent slip bands[END_REF]. The recent publication of Lavenstein et al. [START_REF] Lavenstein | The heterogeneity of persistent slip band nucleation and evolution in metals at the micrometer scale[END_REF] has reported dynamic observations of the formation of PSBs at a micro-scale. In situ SEM observations of Ni microcrystals oriented for single slip showed that the PSBs nucleate from inside the crystal and gradually grow in the sample until they reach the free surfaces. It was also concluded that the location of the PSBs corresponds to the positions of the slip traces evidenced during the first 10 cycles.

Among the FCC metals, Cu single crystal is the most studied material and commonly considered as a reference for academic study of FCC crystals. The evolution of the dislocation microstructure with the applied strain amplitude of Cu in single slip situation has been well explained by Mughrabi [START_REF] Mughrabi | The cyclic hardening and saturation behaviour of copper single crystals[END_REF] by introducing his famous CSS (cyclic stress-strain) curve: for small plastic strain amplitude, a matrix and vein structure is formed; for larger strain amplitudes, PSBs are formed; for even larger applied deformation, the activation of a second slip system [START_REF] Gong | Cyclic deformation behavior and dislocation structures of [001] copper single crystalsi cyclic stress-strain response and surface feature[END_REF] leads to the formation of dislocation cells or labyrinth structures. The formation of PSBs is always accompanied by a saturation phenomenon [START_REF] Mughrabi | The cyclic hardening and saturation behaviour of copper single crystals[END_REF][START_REF] Suresh | Fatigue of materials[END_REF] regarding both the macroscopic response and the PSBs volume fractions and positions.

On the other hand, fatigue behavior is affected by many factors. Since the applied plastic strain amplitude influences the dislocation behaviors, it has a strong effect on the PSB volume fraction [START_REF] Winter | A model for the fatigue of copper at low plastic strain amplitudes[END_REF], the hardening rate [START_REF] Cheng | Mechanisms of fatigue hardening in copper single crystals: The effects of strain amplitude and orientation[END_REF] and the shape of the macroscopic response [START_REF] Abel | Fatigue of copper single crystals at low constant plastic strain amplitudes[END_REF]. Winter [START_REF] Winter | A model for the fatigue of copper at low plastic strain amplitudes[END_REF] has proposed a model relating the volume fraction of PSB with the applied strain amplitude through a linear relationship. Even though the fatigue behaviors of most of the FCC metals are quite similar, slight differences exist between them. By comparing copper-aluminum alloy with pure Cu, Feltner and Laird [START_REF] Feltner | Cyclic stress-strain response of fcc metals and alloysi phenomenological experiments[END_REF] found different sensitivities to the initial conditions, which allows the authors to bring out the influence of the stacking fault energy (SFE) on the cyclic slip mode [START_REF] Feltner | Factors influencing dislocation structures in fatigued metals[END_REF]. Later on, short-range order (SRO) [START_REF] Clément | The order and disorder in materials[END_REF][START_REF] Steffens | Transmission electron microscopy study of the stacking-fault energy and dislocation structure in cumn alloys[END_REF] in alloys and annihilation distance y s [START_REF] Mughrabi | Cyclic strain localization and fatigue crack initiation in persistent slip bands in face-centred cubic metals and single-phase alloys[END_REF] were also pointed out to characterize the slip mode. Despite these studies, no unified criterion of the slip mode transition has been proposed yet.

It can be seen that dislocation motion in fatigue damage is crucial but always difficult to be traced with experimental methods. On the other hand, numerical simulations offer new possibilities. The recent 3D Discrete Dislocation Dynamics (DDD) model is a mesoscopic simulation method which aims at relating the dislocation activity to the mechanical response of micrometric size volumes. Proposed in the early 1990s [START_REF] Devincre | Simulations dynamiques des dislocations a une echelle mesoscopique: une etude de la deformation plastique[END_REF][START_REF] Verdier | Mesoscopic scale simulation of dislocation dynamics in fcc metals: Principles and applications[END_REF], DDD possesses special advantages in studying the collective behavior of massive dislocation populations because most of the physics of mechanisms for dislocations are taken into account, eventually complemented by reasonable constitutive rules or empirical laws when continuum elastic framework is not sufficient (i.e. dislocation nucleation, grain boundary interaction, etc..). When both in situ and postmortem experiments can only provide limited information, DDD shed new light on the understanding of fatigue damage at the mesoscopic scale.

Considering the computer capacity, the application of DDD to fatigue started with 2D simulations. In a very simplified 2D DDD model, Yang et al. [START_REF] Yang | Simulation and observation of dislocation pattern evolution in the early stages of fatigue in a copper single crystal[END_REF] have observed that randomly distributed dislocations could evolve to form a regular matrix-wall structure in Cu. Deshpande et al. [START_REF] Deshpande | Discrete dislocation plasticity modeling of short cracks in single crystals[END_REF] studied the interaction between dislocations and pre-existing cracks by 2D DDD. Brinckmann and Van der Giessen [START_REF] Brinckmann | A discrete dislocation dynamics study aiming at understanding fatigue crack initiation[END_REF] also used 2D DDD to investigate the stress concentration during the early fatigue cycles. In three dimensions, the most extensive DDD investigations of fatigue were conducted by Déprés et al. [START_REF] Déprés | Low-strain fatigue in aisi 316l steel surface grains: a three-dimensional discrete dislocation dynamics modelling of the early cycles i. dislocation microstructures and mechanical behaviour[END_REF][START_REF] Déprés | Low-strain fatigue in 316l steel surface grains: a three dimension discrete dislocation dynamics modelling of the early cycles. part 2: Persistent slip markings and micro-crack nucleation[END_REF] (see also [START_REF] Déprés | 3d discrete dislocation dynamics investigations of fatigue crack initiation and propagation[END_REF] for a review of this work) who used a 3D DDD edge-screw model to study the Low Cycle fatigue behavior of AISI 316L stainless steel loaded in a single slip mode. The main result of this study is the prediction of the number of cycles required to initiate a crack and its dependence on material parameters. More recently, they have investigated the propagation of fatigue cracks inside a grain [START_REF] Déprés | An extensive 3d discrete dislocation dynamics investigation of stage-i fatigue crack propagation[END_REF] and into the neighbor grains [START_REF] Reddy | Effect of grain disorientation on early fatigue crack propagation in face-centred-cubic polycrystals: A three-dimensional dislocation dynamics investigation[END_REF].

Later on, more attention was paid to multiple slip like Hussein and El-Awady who used a nodal DDD model to investigate the microstructure characters developed in a fatigued Ni grain in multiple-slip situation [START_REF] Hussein | Quantifying dislocation microstructure evolution and cyclic hardening in fatigued facecentered cubic single crystals[END_REF] and the surface roughness of Ni single crystals [START_REF] Hussein | Surface roughness evolution during early stages of mechanical cyclic loading[END_REF]. They pointed out specifically the influence of the initial condition and grain size on the macroscopic response and localization of plasticity at the surface. El Achkar and Weygand [START_REF] Achkar | Analysis of dislocation microstructure characteristics of surface grains under cyclic loading by discrete dislocation dynamics[END_REF] recently used graph analysis to quantify the evolution of the dislocation microstructure in terms of prismatic loops and dipoles developed in a surface grain of Al in multiple slip fatigue loading conditions. Erel et al. [START_REF] Erel | Dependence of hardening and saturation stress in persistent slip bands on strain amplitude during cyclic fatigue loading[END_REF] have artificially introduced a wall structure which mimics the microstructure configuration of a typical PSB observed experimentally in 3D DDD in order to study the movement of dislocations within the wall and the relationship with cyclic hardening and saturation stress. Several researchers have also applied DDD to study the irreversibility under cyclic torsion loading [START_REF] Stricker | Irreversibility of dislocation motion under cyclic loading due to strain gradients[END_REF][START_REF] Senger | Dislocation microstructure evolution in cyclically twisted microsamples: a discrete dislocation dynamics simulation[END_REF], as well as the Bauschinger effect in thin films [START_REF] Zhou | Dislocation dynamics simulations of the bauschinger effect in metallic thin films[END_REF][START_REF] Shishvan | Bauschinger effect in unpassivated freestanding thin films[END_REF].

Surprisingly, although DDD has already been applied to study the fatigue behavior of FCC metals, the cyclical mechanical behavior of Cu during single slip has never been studied in details despite the fact that Cu is certainly the most studied metal in classic experimental fatigue research and well documented. Moreover, the localization mechanism associated to the formation of multiple persistent slip bands has never been simulated. Finally, to the best of the authors' knowledge, no DDD simulation of the saturation regime observed experimentally has been reported in the literature. Therefore, in this article, we shall use DDD model to simulate the fatigue behavior of Cu in single slip mode with the aim of elucidating the formation and propagation mechanisms at the origin of the PSBs. The paper is written as follows. Next section is a brief presentation of the 3D DDD model and its adaptation to treat fatigue simulations of a surface grain. Then simulations results are exposed in the next section, starting with a careful examination of the PSB formation and multiplication mechanisms, followed by a one to one comparison between Cu and ASI316L stainless steels behaviors.

Simulation methods

Screw-edge model

The DDD model retained for this study is the edge-screw model TRIDIS [START_REF] Verdier | Mesoscopic scale simulation of dislocation dynamics in fcc metals: Principles and applications[END_REF] previously used in the modeling of Low Cycle Fatigue of AISI 316L stainless steels [START_REF] Déprés | 3d discrete dislocation dynamics investigations of fatigue crack initiation and propagation[END_REF]. In this model, dislocation lines are divided into connected discrete segments of edge and screw character. The velocity of the dislocation segments is calculated by a linear mobility law with the effective shear stress τ ef f , resolved on the dislocation slip system:

v = τ ef f * b B ( 1 
)
where v is the velocity of the dislocation segment, b is the length of the Burgers vector and B is a phonon drag coefficient. τ ef f is a combination of different stress fields acting on the dislocation segment:

τ ef f = τ -sign(τ ) * τ f r (2) 
τ = {[ 1 b (σ σ σ app + σ σ σ int )b b b] × l l l} * g g g + τ lt (3) 
In these two equations, b b b is the Burgers vector, l l l is the line vector of the segment and g g g is the glide direction vector contained in the glide plane and perpendicular to the dislocation line. The shear stress τ is the stress resolved on the dislocation segment slip system obtained from the superposition of different stress fields: σ σ σ app , the applied stress field; σ σ σ int , the internal stress field produced by the other dislocations contained in the crystal; τ lt is the line tension correction. Finally, the effective shear stress τ ef f is obtained by subtracting the contribution of the lattice friction stress τ f r , also called the Peierls stress which refers to the impediment caused by the crystal lattice on the dislocation movements. Note that in the present simulations we will neglect the image stress field that shall arise from the interaction between dislocations and the grain free surface since [START_REF] Déprés | An extensive 3d discrete dislocation dynamics investigation of stage-i fatigue crack propagation[END_REF] has shown that they could be neglected in fatigue simulation of surface grains.

When the effective shear stress τ ef f is bigger than the friction stress τ f r , the dislocation i is able to move. Then the predicted displacement ∆d i is estimated in an explicit way by multiplying the time step δt and velocity v i : ∆d i = v i * δt. In practice, the actual distance swept by the dislocation segment may be reduced by the presence of obstacles within the flight area. The associated shear strain is then calculated as: ∆γ i p = b * ∆A i V , where V is the volume of studied grain, ∆A i = l i * ∆d i , ∆A i is the area swept by the dislocation segment i and l i is the length of the segment i. The increment of the plastic strain, ∆ε p accumulated in the simulated grain is defined as the sum of the individual contributions ∆ε i p coming from all the dislocation segments and calculated as:

∆ε i p = 1 2b (b b b (s) ⊗ n n n (s) + n n n (s) ⊗ b b b (s) )∆γ i p ( 4 
)
∆ε p = N i=1 ∆ε i p ( 5 
)
where s is the slip system of the dislocation segment and n n n s and b b b s are the slip plane normal and Burgers vector of this slip system, respectively. An equivalent Von Mises plastic strain is calculated from the second invariant of the plastic strain tensor as:

ε V M p = 2 3 
3(ε 2 xx + ε 2 yy + ε 2 zz ) 2 + 3(ε 2 xy + ε 2 xz + ε 2 yz ) 4 ( 6 
)
where ε ij are the components of the plastic strain tensor.

For each time step of the calculation δt, the following interactions are taken into consideration: annihilation and combinations of dislocations, junction formations, cross-slips and line reconnections. In TRIDIS [START_REF] Verdier | Mesoscopic scale simulation of dislocation dynamics in fcc metals: Principles and applications[END_REF], the cross-slip probability for the screw segments is computed from the following expression adapted from [START_REF] Kubin | Dislocation licrostructures and plastic flow: a 3d simulation[END_REF] :

P i = β l l 0 δt t 0 exp( τ dev -τ III kT V act ) (7) 
where β = 10 5 is a normalization coefficient to assure that the cross-slip probability P i ∈ [0, 1], l l0 is the ratio between the length of the considered screw dislocation segment l and the reference length l 0 (l 0 = 1µm [START_REF] Verdier | Mesoscopic scale simulation of dislocation dynamics in fcc metals: Principles and applications[END_REF]) and δt t0 is the ration between the simulation time step δt and the reference time step t 0 (t 0 = 1s [START_REF] Verdier | Mesoscopic scale simulation of dislocation dynamics in fcc metals: Principles and applications[END_REF]). Inside the exponential function, the entire formula represents the activation energy for cross-slip: (τ dev -τ III ) is the comparison between the absolute value of the shear stress resolved on the deviate plane and in the direction of the Burgers vector of the dislocation segment, τ dev and a reference stress value, τ III corresponding to the shear stress measured at the beginning of Stage III in single crystals tensile tests; V act is the activation volume, k and T represent the Boltzman constant and the temperature respectively.

In practice, cross slip is decided for screw dislocation segments if the following checks are successively verified :

-the screw segment is part of a dislocation line admitting an angle with the Burgers vector smaller than 10 degrees, -the shear stress resolved in the deviate slip system is larger than the shear stress resolved on the primary slip system τ dev /τ > 1.15.

-a random number generated by the computer is lower than the theoretical probability P i.

This algorithm implies that cross-slip mechanism in DDD is a stochastic event.

Quasi-static single shear loading

The applied stress field σ σ σ app is imposed as a homogeneous stress tensor, identical for each dislocation segment. The applied stress field at step k is given as follows:

σ σ σ k app = σ σ σ k-1 app + λ * (-1) a * ∆σ σ σ app (8) 
where σ σ σ 0 app = 0 0 0, a = 0 for loading so that (-1) a = 1, and a = 1 for unloading so that (-1) a = -1. λ is the coefficient to control the quasi-static loading rate. ∆σ σ σ app is the stress increment at each time step of the proportional applied loading. The stress tensor is chosen so that it induces a pure shear stress on a 2 (1 11 )[110] slip system. When expressed in the crystal coordinate system, it writes as:

∆σ σ σ app =        0.577 0.
-0.288 0.

-0.577 -0.288 -0.288 -0.288 0.

       * σ * δt (9) 
In Eq 9, σ is the stress rate ( σ = 5 × 10 9 M P a/s). Let recall here that the time integration algorithm is purely explicit. For this reason, the choice of the time step δt is of great importance. If δt is too small, the computational time can be very long. On the other hand, if δt is too big, the local interaction cannot be well simulated. According to validation tests, δt is chosen as δt = 2 × 10 -10 s.

λ at step k is computed from the increment of the equivalent plastic strain at step k-1, ∆ε V M,k-1 p . When ∆ε V M,k-1 p is smaller than the value ∆ε V M,min p , the dislocations are considered in an equilibrium position so that the amplitude of the applied stress should be increased and λ = 1. In the ideal situation, ∆ε V M,min p should be zero, but small vibration of dislocations can never be avoided. The choice ∆ε V M,min p = 10 -7 has been decided in an empirical manner by carefully monitoring the dislocation activity during the simulations. If ∆ε V M,k-1 p is bigger than the value ∆ε V M,max p , the increment of deformation at last step is judged to be too high and may lead to dislocation avalanches which violates the assumption of quasy-static loading conditions. In this situation, it is deciced that the applied stress is reduced by choosing λ = -0.5. Monitoring of the dislocation dynamics during cycling has lead to ∆ε V M,max p = 10 -5 . If the increment of deformation ∆ε V M,k-1 p is between the two values, the applied stress remains unchanged and λ = 0 so that the dislocations can keep on moving under the same applied stress field to find the equilibrium position. The value of λ at step k is summarized as follows:

λ =    1 if ∆ε V M,k-1 p ≤ ∆ε V M,min p -0.5 if ∆ε V M,k-1 p ≥ ∆ε V M,max p 0 else ( 10 
)
The load is reversed when the equivalent accumulated plastic strain reaches the desired maximum imposed strain amplitude. In the next simulations, the load is always symmetric (R = -1) so that an imposed plastic strain amplitude ε V M p,applied = 10 -3 signifies that the plastic strain will vary between -10 -3 and +10 -3 .

Simulation settings

The grain geometry and the initial dislocation configuration are selected so that it ensures strain localization on a particular slip system and simulations could be performed in a reasonable CPU time. These informations are provided by the previous work of Déprés et al [START_REF] Déprés | Low-strain fatigue in aisi 316l steel surface grains: a three-dimensional discrete dislocation dynamics modelling of the early cycles i. dislocation microstructures and mechanical behaviour[END_REF] who demonstrated two key features. Firstly, strain localization is possible on slip systems admitting a low angle between the Burgers vector and the normal to the free surface. Secondly, the PSB microstructure can be obtained from a single initial Frank-Read source, i.e. without the need to include all the 12 possible slip systems.

In our case, the simulated situation is a [2 2 1] surface grain as shown in Fig 1 . For sake of simplicity the grain geometry is defined as an opened cylinder of D = 5µm diameter and H = 5µm height. Its top surface (as shown in yellow in Fig 1) is considered as a free surface where dislocations can escape and leave the crystal, while the other surfaces are all impenetrable for the passage of dislocations. The resolution of the discrete lattice of the edge-screw model is fixed to xl=10b, where b is the Burgers vector [? ]. A single Frank-Read dislocation source is introduced inside the crystal on the a 2 (1 1 1)[1 1 0] slip system, refered as the primary slip system. The applied stress field defined by Eq 9 induces a pure shear stress of the primary slip system. Although DDD simulations will only concern two families of dislocations, namely a 2 (1 1 1)[1 1 0] and a 2 (1 1 1)[1 1 0], the ratio between the shear stress for each of the total 12 systems and the shear stress on the primary slip system τ system τ primary are given in Tab 1 for information.

The green plane drawn in Fig 1 is a typical slip plane of the primary slip system #8. The blue plane is a slip trace of system #7 which corresponds to the conjugate slip plane of the primary system. System #7 will be later called the deviate slip plane since dislocation can cross-slip from system #8 to system #7 Table 1: Slip systems in FCC crystals and activation factor induced on each system by the stress tensor given in Eq 9. Primary slip system corresponds to slip system #8 and deviate slip system is system #7. τ system τ primary 0.50 0.17 0.50 0.17 0.67 0.67 0.33 1.00 0.17 0.50 0.17 0.50

Slip system

Most of our simulations are realized for Cu but for sake of comparison, some complementary simulations are also performed for a second material having a higher activation volume, i.e. a lower stacking fault energy. In that objective, a comparison has been made between Cu and austenitic stainless steel AISI 316L. All the parameters used in the DDD simulations for these two materials are listed in Tab 2 and taken from [START_REF] Déprés | Low-strain fatigue in 316l steel surface grains: a three dimension discrete dislocation dynamics modelling of the early cycles. part 2: Persistent slip markings and micro-crack nucleation[END_REF][START_REF] Verdier | Mesoscopic scale simulation of dislocation dynamics in fcc metals: Principles and applications[END_REF]. 

Spatial dislocation distributions measurement

Since the simulated situation is single slip, most of the dislocations are primary dislocations slipping on system #8. For the analysis of Persistent Slip Bands formation, it is important to quantify the distribution of the dislocation positions with time. The proposed method is illustrated in Fig 2 . Let assume that the two labeled planes (Plane 1 and Plane 2) in Fig 2 are two primary slip planes. The total length of dislocation lying on each slip plane, noted as L1 and L2, is calculated. The evolution of the total dislocation length on every slip plane of the grain is plotted with the relative plane position calculated along the direction of the normal to the slip plane (as shown in Fig 2). With this method, the spatial distribution of the primary dislocations along the transverse direction is calculated and the obtained histograms give information on the dislocation density distribution in the grain: peaks stand for slip bands. If needed, the quantitative evolution of positive or negative dislocations is a possible outcome of this method. After the first two cycles, multiple dislocation loops have been generated from the initial Frank-Read source in order to accommodate the imposed plastic strain. During this multiplication process, the dislocations are homogeneously distributed in the entire grain through the double cross-slip mechanism as also evidenced in [START_REF] Carstensen | Structural evolution and mechanisms of fatigue in polycrystalline brass[END_REF]. As can be seen in Fig 3(a), the distribution remains homogeneous until the 5 th cycle. However, from the 10 th cycle, a localization of dislocations can be observed. Starting from the 10 th cycle, some dislocations gather to form adjoining slip planes connected by dislocations of the cross-slip system. The built-up microstructure compares well to the macro slip bands as observed in experiments [START_REF] Suresh | Fatigue of materials[END_REF][START_REF] Mughrabi | Microscopic mechanisms of metal fatigue[END_REF]. Most of the plastic strain is confined in these bands. In this paper, the name PSB will be used to describe this organized microstructure although at this stage this dislocation organization obviously corresponds more to the embryo of the PSBs that will form later in the cycling.

According to Lavenstein et al. [START_REF] Lavenstein | The heterogeneity of persistent slip band nucleation and evolution in metals at the micrometer scale[END_REF], the slip traces observed during the first cycles coincide with the PSBs. These simulated bands can therefore be considered as the embryos of the PSBs. The dislocation arrangements inside the PSBs are relatively much denser than everywhere else in the grain but randomly distributed dislocations are still visible. With the increase of the number of cycles, more PSBs are constructed (see Fig 3(a)). After the 15 th cycle, besides the two already formed PSBs, the embryo of the third one appears at the right side of the grain. From the 20 th cycle, four PSBs are about to be formed but the frontiers between the PSBs are still not very clear because of the existence of many reversible dislocations. After the 26 th cycle, four PSBs have been well constructed and easy to be distinguished directly from the 3D picture. The width of the formed PSB is about 1µm, which is of the same order of magnitude as observed in the micro-sample fatigue experiment of Lavenstein et al. [START_REF] Lavenstein | The heterogeneity of persistent slip band nucleation and evolution in metals at the micrometer scale[END_REF]. Finally, it is found that the positions and thicknesses of these four PSBs stay almost invariant from the 26 th cycle to the 50 th cycle which could then be qualified as a saturation regime similar to what was observed experimentally in [START_REF] Suresh | Fatigue of materials[END_REF][START_REF] Mughrabi | Microscopic mechanisms of metal fatigue[END_REF]. It is worth mentioning also that the distribution process of the numerical PSBs presented here resembles to the in-situ SEM observations printed in Figure 1 of Lavenstein et al. 2020 [START_REF] Lavenstein | The heterogeneity of persistent slip band nucleation and evolution in metals at the micrometer scale[END_REF]. In order to quantify the organization of the dislocation microstructure during the cyclic loading, the dislocation densities on the primary and cross-slip slip systems (or deviate slip system) are plotted as functions of the loading cycles in Fig 3(b). During one cycle loading, the dislocation densities for both slip systems fluctuate with the increasing or decreasing of the strain. Thus, the dislocation density reaches two extrema per cycle, one for the maximum positive strain and a second one for the minimum negative plastic strain. The plot shows that the dislocation population can be subdivided in two parts: ρ dis = ρ dis,stored + ρ dis,rever . The stored dislocation ρ dis,stored bluecan be estimated as the fit of the minimum of the curve. It is plotted as a dashed line in Fig 3(b). The evolution of the reversible dislocation ρ dis,rever corresponds to the fluctuations within each cycle.

The reversible dislocations mainly contribute to the accommodation of the plastic deformation during one cycle. The stored dislocations have lower mobility. They accumulate inside the crystal and contribute to the formation of the microstructures. The evolution of the stored dislocation densities matches well with the formation of the PSBs. When the four PSBs are still under construction (before cycle 26), the stored dislocation density is still increasing and the amplitude of the reversible dislocation density is quite low. Once the PSBs are all formed (after cycle 26), the stored dislocation density remains constant and the amplitude of the reversible dislocation density reaches a maximum. The microstructure constructed by a limited number of stored dislocations (at cycle 26) described hereafter.

The detailed structure of the dislocation arrangement within a PSB at the 26 th cycle (visualized in the green box in ) so that the dislocations of the primary slip system are seen in their real length. When ε V M p,applied = 0, dislocations exist in the form of dipoles, prismatic loops and tangles. Multiple dislocation dipoles are built-up by the attraction of two edge dislocations of opposed sign and are arranged in a regular array. In the center of the PSB, due to the back and forth motion of dislocations by cross-slip during the loading and unloading sequences, dislocation dipoles are cut into pieces by line multiple recombinations which create dislocation prismatic loops. This cutting mechanism has already been described in [START_REF] Déprés | Low-strain fatigue in aisi 316l steel surface grains: a three-dimensional discrete dislocation dynamics modelling of the early cycles i. dislocation microstructures and mechanical behaviour[END_REF][START_REF] Li | Cyclic response and dislocation structures of aisi 316l stainless steel. part 1: single crystals fatigued at intermediate strain amplitude[END_REF][START_REF] Li | Cyclic response and dislocation structures of aisi 316l stainless steel. part 2 polycrystals fatigued at intermediate strain amplitude[END_REF]). Tangled dislocations are also formed from the recombination process on the side of the prismatic loops. The simulated dislocation microstructures are quite similar to the experimental results. The existence and persistence of dislocation dipoles under cyclic loading have been reported in several experimental studies [START_REF] Li | Fundamental factors on formation mechanism of dislocation arrangements in cyclically deformed fcc single crystals[END_REF][START_REF] Kroupa | Dislocation dipoles and dislocation loops[END_REF]. When the applied plastic strain amplitude is increased, most of the dislocation lines or tangles are destroyed or extended by the stronger applied shear stress at maximal deformation. In contrast, dislocation dipoles and prismatic loops show more permanence because most of them seldom move or are broken down by the stress. The low mobility of these structures suggests that they contribute little to the accommodation of the plastic deformation. Nevertheless, dislocation pile-ups are found to be built up near the grain boundaries at maximal deformation. Dislocation pile-ups have a relatively higher mobility since they can easily unstack when the load is reversed. From this point, it can be inferred that during one cycle of deformation, most of the plastic deformation is accommodated by the pile-up dislocations. These observations also show that the build-up and build-down of the dislocation pile-ups correspond to the fluctuation of reversible dislocations while the persistence of dislocation dipoles and prismatic loops refers to the storage of dislocations.

In experiments, dislocation dipoles exist also in several different aggregation forms such as dipole bundles [START_REF] Gerold | On the origin of planar slip in fcc alloys[END_REF], veins [START_REF] Basinski | The temperature dependence of the saturation stress and dislocation substructure in fatigued copper single crystals[END_REF] and ladders [START_REF] Mughrabi | Microscopic mechanisms of metal fatigue[END_REF] but the formation mechanism is still not clear and under investigation [START_REF] Li | Fundamental factors on formation mechanism of dislocation arrangements in cyclically deformed fcc single crystals[END_REF].

Due to the limitations of the model in term of computational power, the formation of the ladder and vein structure are not accessible by the DDD simulations but multipoles are clearly evidenced in the dislocation organization.

It is worth mentioning that the saturation state normally appears after 1000 cycles in experiments whereas in the DDD simulation, the saturation regime is observed after about 25 cycles. This difference suggests that the DDD simulation may accelerate the process of microstructure formation under cyclic loading. A possible reason could come from the physical mechanisms which are not accounted for in our DDD simulations such as forest hardening, point defect interactions, diffusion mechanism, dislocation/grain boundary interactions and the presence of the grain neighborhood. Note also that the relative small size of the simulated volume contributes to the accelerated organization of the dislocation microstructure. Nevertheless, the in-situ fatigue tests on micro-samples [START_REF] Lavenstein | The heterogeneity of persistent slip band nucleation and evolution in metals at the micrometer scale[END_REF], have demonstrated that the strain localization that will ultimately lead to PSBs starts within the first 10 cycles. This statement can be considered as a favorable argument for the limited number of cycles reached in DDD simulation. Finally, despite these restrictions, it is remarkable that DDD did reproduce the main characteristics of dislocation self-organization in fatigue.

Growth of the surface roughness at the surface

Another important aspect of the early stages of fatigue is the growth of roughness on the surface at its intercept with the PSBs. In DDD, the plastic steps associated with the dislocation shear can be computed using Barnett formula optimized for DDD codes [START_REF] Fivel | An easy implementation of displacement calculations in 3d discrete dislocation dynamics codes[END_REF]. The procedure allows to compute the actual shape of the free surface during the cycling.

The whole configuration of the free surface at the 26 th cycle, when the total plastic deformation is zero, The growth of extrusions is induced by the passage of prismatic loops across the free surface [START_REF] Déprés | Low-strain fatigue in 316l steel surface grains: a three dimension discrete dislocation dynamics modelling of the early cycles. part 2: Persistent slip markings and micro-crack nucleation[END_REF]: vacancy prismatic loops lead to intrusions and interstitial prismatic loops induce extrusions. Each prismatic loop contributes to one layer of extrusion or intrusion with a magnitude of one Burgers vector. The extrusions and intrusions growth is realized by the accumulation of these layers. It should be noted that the dimension of the layer depends also on the size of the prismatic loops. In other words, the height and morphology of the extrusion and intrusion are influenced by the character and shape of the prismatic dislocation loops crossing the free surface. 
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Analysis on the saturation regime

As said before, a saturation state is reached after about 26 cycles as evidenced in Fig 3 . In this so-called saturation regime, even if the plastic deformation loading continues, many characteristics remain stable including the PSB number, PSB locations, PSB thicknesses, dislocation densities, and maximal height of surface extrusions and intrusions. It should also be pointed out that the saturation regime has not been reported by former DDD simulations of fatigue.

The stability of the dislocation density suggests that a dynamic equilibrium in the dislocation movements is reached, which implies that the number of dislocations created within a cycle is equal to the ones annihilated or escaping at the free surface. Moreover, the consistency of PSBs number and thickness imply that the dislocation-related microstructures do not change significantly in the saturation regime, that is to say the microstructure is stable. As the maximal height of extrusion and intrusion is correlated to the crossing of prismatic loops, the slight fluctuation of these two values demonstrates that the flux of prismatic loops nucleation inside the PSB is almost constant during the saturation regime. In other words, the dislocation nucleation kinetics has reached a permanent regime.

It should be emphasized that saturation phenomenon has been widely observed in fatigue experiments conducted on FCC metals. The most famous experiments are the ones of Mughrabi on the single slip fatigued single crystal of Cu [START_REF] Suresh | Fatigue of materials[END_REF][START_REF] Mughrabi | The cyclic hardening and saturation behaviour of copper single crystals[END_REF]: under the cyclic loading, PSBs are formed and result in a rapid hardening. The observation of specimen surfaces has demonstrated that the PSBs are stable once they are well constructed: the position, the thickness and the volume fraction remain almost unchanged, which corresponds to the simulation outcome (See Fig 3). This characteristic seems to be a constant among FCC metals. Pure Ni single crystal has shown the same behavior as Cu in the research work of Mecke [START_REF] Mecke | Saturation dislocation structures in cyclically deformed nickel single crystals of different orientations[END_REF]. Lavenstein et al. have also confirmed the saturation of the number of PSBs with the cycling [START_REF] Lavenstein | The heterogeneity of persistent slip band nucleation and evolution in metals at the micrometer scale[END_REF].

Huang et al. [START_REF] Huang | Plastic behavior of a nickel-based alloy under monotonic-tension and low-cycle-fatigue loading[END_REF] has used in situ neutron diffraction to detect the dislocation density in a Ni-based super-alloy. The saturation of the dislocation density was observed: dislocation density increases with the cycles and saturates when the PSBs are formed. Essmann and Mughrabi [START_REF] Essmann | Annihilation of dislocations during tensile and cyclic deformation and limits of dislocation densities[END_REF] have used a simple model of dislocation accumulation as a function of the plastic strain to study the importance of dislocation annihilation and concluded that the annihilation of dislocations can lead to a natural limit of the dislocation density under cyclic loadings. The saturation of the dislocation density in our simulation suggests the same idea that an upper limit of stored dislocations exists for a given value of the imposed plastic strain amplitude.

Regarding the surface roughness, it is generally admitted that the height of extrusions or intrusions continuously increases and will ultimately lead to the initiation of cracks at room temperature. Compared with the model of Polák [START_REF] Man | Extrusions and intrusions in fatigued metals. part 1. state of the art and history[END_REF][START_REF] Man | Extrusions and intrusions in fatigued metals. part 2. afm and ebsd study of the early growth of extrusions and intrusions in 316l steel fatigued at room temperature[END_REF] for the formation of surface extrusions, the growth of extrusions in our simulation can be considered as the so-called rapid growth of static extrusions because it is induced by the dislocation motion and the crossing of prismatic loops. In their model, the second stage of extrusion or intrusion growth is called stable growth [START_REF] Man | Extrusions and intrusions in fatigued metals. part 1. state of the art and history[END_REF][START_REF] Man | Extrusions and intrusions in fatigued metals. part 2. afm and ebsd study of the early growth of extrusions and intrusions in 316l steel fatigued at room temperature[END_REF] and is associated to the diffusion of vacancies. Since the effect of vacancy diffusion is not included in our model, that may be the reason for the saturation of extrusion and intrusion heights in the DDD simulation. Moreover, the saturation in the PSB surface roughness has been reported by Mughrabi [START_REF] Mughrabi | Cyclic slip irreversibilities and the evolution of fatigue damage[END_REF] especially at low temperature and with vacuum environment. The low temperature has prevented the diffusion of vacancies while the vacuum environment can reduce the irreversibility introduced by the oxidation at the surface. These experimental conditions match well the assumptions made in the DDD simulations which may be another explanation for the observed saturation phenomenon on the surface. In experiments, the slip-path of dislocations within PSBs has attracted many research interests such as the study comparing the rhythmical and randomly oriented flip-flop in loop patches [START_REF] Kuhlmann-Wilsdorf | Dislocation behavior in fatigue iii. properties of loop patchesdo they participate in fatigue cycling?[END_REF]. Generally, it is thought that dislocations move in the PSBs in an energy-favored way to accommodate plastic deformation [START_REF] Glazov | Self-organized dislocation structures (sods) in fatigued metals[END_REF][START_REF] Kuhlmann-Wilsdorf | Dislocation behavior in fatigue[END_REF]. One of the models is the gliding of screw dislocations in the channels and bowing out of edge dislocations from the walls [START_REF] Brown | Dislocation bowing and passing in persistent slip bands[END_REF]. In order to understand the dislocation slip-path required to accommodate the plastic deformation during the saturation regime of the simulation, we have shown in Fig 5 the dislocation distribution evolution and the related surface deformation during the 40 th cycle. Snapshots and dislocation length analyses are performed at four instants of the cycle corresponding to the zero and maximal plastic deformations. First of all, during one cycle, the cyclic shear deformation is well simulated as evidenced by the changes in the surface shape during the cycle. The dislocation density also fluctuates with the variation of the applied deformation. It is mainly the dislocations in the two sides of the PSBs that multiply to accommodate the plastic deformation and the sign of increasing dislocations alternates with the direction of the applied load. Combined with the observation made in Fig 3(c), it can be inferred that in the simulation, the plastic deformation is mainly accommodated by the construction and destruction of pile-ups which are located at the interfaces between the PSBs and the matrix so that during the cyclic loading, the dislocation dipoles and prismatic loops located in the center of the PSBs are more stable and do not impede the pile-ups movements.

Dislocations move on slip planes (primary and cross-slip planes), driven by the corresponding shear stresses. According to the geometric relation between the simulated grain and the slip plane orientations (see Fig 1), dislocations which slip on the primary slip system mainly lead to the formation of pile-ups, dipoles in the PSB and dislocation crossing the free surface, while the movements in the transverse direction of the crystal is contributed by the dislocations slipping on the cross-slip plane. The localization of dislocations in the PSBs is the critical consequence of these transverse movements. To further explore the reasons for the dislocation localization, the distribution of the effective shear stress resolved on the cross-slip plane, including both the internal stress produced by dislocations and the applied stress, is presented in Fig 6 for different cycles. As indicated in the illustration, the plane used for the calculation is perpendicular to both the primary slip plane and the cross-slip plane, i.e. the plane normal is aligned with the Burgers vector shared by the two slip systems n n n = [110]. At the second cycle, the dislocations are distributed homogeneously enough but as indicated by the red box, most of the dislocations are bearing a very strong cross-slip shear stress, which means they are not in a stable position. Under the effect of the shear stress, dislocations will move in the cross-slip plane (in the transverse direction) during loading and unloading. Let recall here that the positive or negative moving direction is determined by the sign of the shear stress and also the sign of the dislocations. The shear stress on the cross-slip plane provides indirect information on the dislocation ability to interact so that from the 2 nd cycle to the 10 th cycle, dislocations show a tendency to repeal each other. That is to say, dislocations move towards the two opposite sides of the grain respectively to reduce the stress on the cross-slip plane, which enables the formation of two PSBs. As the dislocations are more isolated, the shear stress and hence interactions between the dislocations in the two PSBs get weaker. The continuing cyclic loading from 10 th cycle to the 26 th cycle allows more dislocations to move away from the two PSBs and be pushed away towards the grain outer surfaces, which contributes to the formation of four PSBs. At the same time, it can be observed that some dislocations are stored in the center of the PSBs (dislocation dipoles and prismatic loops) and the shear stress resolved on the cross-slip system becomes smaller. Finally, in the saturation regime, the cross-slip shear stress in the matrix between two PSBs is much reduced, which explains why the dislocations cannot further move in the matrix to form another PSB. This can be considered as a key mechanism to clear the dislocations in the matrix. As a result, from the 26 th to the 50 th cycle, the number of PSBs and their positions remain constant.

We can conclude that the stress state induces a self-organization of the dislocations that lead to the localization and PSB formations. And reciprocally, this localization largely reduces the dislocation interactions and hence the shear stress on the cross-slip planes. It stabilizes the dislocation microstructure so that the dislocations can move in a so-called low-energy mode with less stress interactions to accommodate the plastic deformation, which explains the saturation state from the 26 th cycle to the 50 th cycle.

Influence of the imposed plastic strain amplitude

The influence of the imposed plastic deformation on the fatigue behavior for FCC metals has been widely studied in experiments [START_REF] Cheng | Mechanisms of fatigue hardening in copper single crystals: The effects of strain amplitude and orientation[END_REF][START_REF] Winter | A model for the fatigue of copper at low plastic strain amplitudes[END_REF][START_REF] Abel | Fatigue of copper single crystals at low constant plastic strain amplitudes[END_REF]. The plastic deformation amplitude is thought to have a significant effect on the fatigue behavior, especially on the microstructure, the macroscopic response and the hardening rate. For Copper single crystals, a larger deformation will eventually create more PSBs [START_REF] Winter | A model for the fatigue of copper at low plastic strain amplitudes[END_REF] and a very brutal raise of the applied plastic strain amplitude is able to activate more slip systems and will modify the PSB microstructure into cells [START_REF] Gong | Cyclic deformation behavior and dislocation structures of [001] copper single crystalsi cyclic stress-strain response and surface feature[END_REF]. In order to depict the effect of the imposed plastic strain amplitude, a simulation campaign is conducted on the same geometry (cylindrical grain D = H = 5µm) under five different strain amplitudes (ε V M p,applied = 0.6 × 10 -3 , 0.8 × 10 -3 , 1.0 × 10 -3 , 1.2 × 10 -3 and 1.5 × 10 -3 ).

Simulations are performed both for Cu and 316L. Fig 7 shows the evolution of the total dislocations densities for each of the five applied strain values for Cu. Dislocation density increases along with ε V M p,applied . Regardless of the value of the applied strain amplitude, and as seen in the previous simulation, after about 20 cycles of loading, the saturation regime is systematically reached. In fact, this stands not only for the dislocation densities, but also for the PSB height and the surface roughness. The dislocation microstructures obtained in the saturation regime (corresponding to the 40 th cycle) for Cu and 316L are compared in Fig 8 for the different values of ε V M p,applied and when ε V M p = 0. From the 3D snapshots, it can be intuitively seen that a larger strain amplitude leads to more storage of dislocations as well as more construction of PSBs. It is worthwhile mentioning that for a given material, instead of increasing the individual PSB's thickness to accommodate the plastic deformation, more PSBs are constructed as if each PSB could only accommodate a finite amount of plastic strain. Comparing with Cu, under the same deformation, 316L has constructed fewer PSBs.

Based on the linear relationship between the PSB volume fraction and the applied deformation for Cu in single slip mode, observed in experiments, Winter [START_REF] Winter | A model for the fatigue of copper at low plastic strain amplitudes[END_REF] has proposed a two-phases model to describe the relationship between the applied deformation and the formed PSBs. In his model, the plastic deformation is accommodated by the two phases separately: the first phase is the PSB, which is soft and active; the second one is the matrix, which is hard and almost inactive. The capacity of accommodation for the plastic deformation in these two phases are fixed. The relation is given as follows:

ε V M p,applied = ε p,P SB * f + ε p,M atrix * (1 -f ) ( 11 
)
where f is the volume fraction of PSBs in the grain and ε p,P SB , ε p,M atrix are the plastic strain in the PSBs and the matrix respectively. This model has been applied successfully in many FCC metals such as Cu and Ni [START_REF] Winter | A model for the fatigue of copper at low plastic strain amplitudes[END_REF][START_REF] Mecke | Saturation dislocation structures in cyclically deformed nickel single crystals of different orientations[END_REF].

In order to verify if the evolution of the PSB volume fraction (f ) with the imposed plastic strain amplitude obtained in our simulations follows Winter's model, the PSB thicknesses are calculated using a method described in Fig 9 . Firstly, the thickness is measured at maximal deformation, when many dislocation pile-ups are built-up so that the frontiers between PSBs are easier to identify. The volume fraction of PSBs is then calculated as the ratio between the total PSB thicknesses and the grain diameter D. The relation found between the PSB volume fraction and the imposed plastic strain amplitude for Cu and 316L is illustrated in Fig 10 . Since the matrix in our simulation contains almost no dislocations, ε p,M atrix is supposed to be zero so that the fitting function should write ε V M p,applied = ε p,P SB * f .

As it can be seen Fig 10, such a linear relationship matches well the evolution of the PSB thickness with strain measured from our DDD simulations. The slope of the fitting linear equation gives the value of ε p,P SB for Cu and 316L. It is concluded that the capacity of a PSB to accommodate plastic strain for 316 (ε p,P SB = 5.055 × 10 -3 ) is bigger than that of Cu (ε p,P SB = 2.945 × 10 -3 ). The comparison between the behaviors of Cu and 316L is discussed in the last section.

In brief, for the first time, the linear relationship between the volume fraction of PSBs (f ) and the applied plastic strain is confirmed by DDD simulations. Such a relationship means that the formed microstructure in the PSBs has a fixed capacity to accommodate plastic deformation. Consequently, the PSBs adjust their volume fractions according to the imposed plastic strain amplitude.

Stability of the PSBs

Winter has constructed its model by analogy with the liquid-vapor system but there is one limitation: the transformation from vapor to liquid or from liquid to vapor is perfectly reversible while the constructed PSB cannot have such a high level of reversibility. Winter has confirmed this limitation by realizing experiments with a decreasing loading amplitude and observed surface slip lines of PSB. He concluded that few PSBs 

316L:

Cu: constructed at a high deformation amplitude survive when the amplitude is decreased but becomes inactive, which proves the irreversibility of the PSB microstructure. In order to investigate the irreversible character of PSBs formed in our DDD simulations, a two steps fatigue loading is applied on the Cu single crystal (D = H = 5µm). During the first 25 cycles, a plastic strain amplitude of ε V M p,applied = 1.2 × 10 -3 is applied and then reduced to ε V M p,applied = 0.6 × 10 -3 . The obtained stress-strain curve is plotted in Fig 11(a). During the second part of the loading, when the applied strain is reduced by a factor 2, the dislocation organization mechanism is affected by the prior construction of the PSBs during the first 25 cycles and as the applied deformation decreases, the initial microstructure contains more PSBs than necessary to accommodate the plastic deformation. As shown in Fig 11(b), the dislocation density drops down shapely at the 26 th cycle and decreases gradually in the subsequent 15 cycles to attain a new saturation regime. It is found that the decrease of a factor 2 in the applied strain amplitude leads to a decrease of a factor 2 in the dislocation density measured in the respective saturation regimes. An interesting feature concerns the evolution of the PSB microstructure distribution. In Fig 11(c), the number of PSBs in the last cycle before the strain drop is about 6 (two smaller PSBs and four thicker PSBs). The thicknesses of the PSBs are clearly presented in the dislocation distribution diagrams. After 35 cycles continuing the lower deformation loading: the dislocation density decreases and the thickness of each PSB also becomes thinner. On one hand, the four thicker PSBs stay at the same position after the reduction of loading, on the other hand, the two thinner PSBs have almost disappeared and only a few debris remains.

Winters model has been cited in many publications but the fatigue test with a decreasing loading is rarely tried in practice. Blochwitz [START_REF] Blochwitz | A method for the determination of the cyclic stress-strain curve of presistent slip bands in fatigued single crystals[END_REF] has tested the evolution of PSBs with a decreasing loading for Ni and he has observed the changes induced on the PSBs. Our DDD simulations could reproduce these experimental results, especially, for the four thicker PSBs which stay at the same positions, but reduces in thickness after reduction of the plastic strain amplitude. Similarly, the debris observed at the lower applied strain remain at the same location as the PSBs formed during the high plastic strain loading. Even though the thickness scale of the experimental PSBs (∼ 10µm from Fig 12) and the numerical PSBs (∼ 1µm from Fig 3) in DDD is different, the interpreted similarity can be considered to be qualitative.

Comparisons between Cu and 316L

We have already mentioned in the discussions above that the fatigue behaviors of Cu and AISI 316L austenitic stainless steel are different. In Fig 8, under the same deformation amplitude, evidently, the distribution of dislocations for Cu and 316L is different. As an example, for ε V M p = 0.6 × 10 -3 , Cu has formed two PSBs while 316L has only constructed one PSB occupying less volume than Cu. The simulations have shown that this is a general trend: for a given plastic strain amplitude, Cu builds up more PSBs which occupy a larger volume fraction of the grain than 316L. From the fitting equation of Fig 10, we have concluded that 316L's PSBs have a higher capacity to accommodate the plastic deformation. A more quantitative comparison is now plotted in Fig 13 in terms of the thicknesses of the PSBs for the two materials. It can be seen that under the same strain amplitude, Cu is more likely to construct a thicker PSB. The distribution of individual PSB thickness in Cu is more dispersed than that in 316L. In fact, the dislocation density in the two materials is almost identical in the saturation regime. However, the dislocation arrangement in Cu is less compact than in 316L.

To understand the observed results, the PSB formation mechanism should be further investigated. As observed in the simulation and mentioned in [START_REF] Carstensen | Structural evolution and mechanisms of fatigue in polycrystalline brass[END_REF], dislocation glide on the primary slip plane is dominant and dislocation glide on the deviate plane is minor but crucial for the deformation spreading in the transverse direction and for the formation of PSBs. Finally dislocation multiplication occurs in the crystal through a double cross-slip mechanism which consists of two consecutive cross-slip occurrences: from primary plane to deviate plane, then from deviate plane to primary plane. It can be inferred that the character of cross-slip plays a critical role in the dislocation distributions.

The probabilities for cross-slip in our model for Cu and 316L are plotted in Fig 14(a). Evidently, under the same shear stress τ dev , Cu has a higher probability of cross-slip. As indicated by the value given to τ III in Tab 2, cross-slip is triggered for a lower stress value for Cu (32MPa) than for 316L (56MPa) but this should be scaled by the elastic constant of the investigated materials. The simple ratio R cs = τ III µ can be defined to compare the cross-slip activities in the two materials. It is remarkable that this ratio is comparable for both materials: R Cu cs /R 316L cs = 1.03 while the fatigue behavior is different. All simulations for Cu and 316L starts with a single initial dislocation source. The primary microstructure to be constructed in the first cycle is one individual dislocation pile-up. The first cross-slip occurs in the pile-up for Cu when the applied plastic deformation is ε V M p = 0.25 × 10 -3 while in 316L, the first cross-slip happens at ε V M p = 0.65 × 10 -3 : it reflects also a higher possibility of cross-slip in Cu. During the whole simulation, a good indicator of the cross-slip activity is the number of slip plane changes in the microstructure. The evolution of this parameter with the number of cycles is plotted in Fig 14(b). It is shown that the number of slip plane changes is increasing with the number of loading cycles. And for larger deformation, slip plane changes are more frequent. As expected, we observed that generally, for a given deformation, the number of slip plane changes in Cu is more important than in 316L. Even though this parameter doesn't distinguish what is cross-slip events and what is line recombinations, it proves fairly well that Cu presents the characteristic to trigger more cross-slip events than 316L.

The relatively higher cross-slip frequency of Cu has several consequences. Primarily, the mobility of dislocations is significantly enhanced. Because of this, dislocations in Cu can explore a larger volume which explains a higher possibility for Cu to form wide PSBs. Secondly, the easiness of cross-slip promotes the creation of more dislocation sources via the Koehler mechanism. More initial dislocation sources lead to more pile-ups as well as more PSBs to share the accommodation of the plastic deformation. Since the total plastic strain is fixed, the average plastic deformation accommodated by every pile-ups is smaller, which means that in Cu, fewer dislocation loops are contained in the piled-up zones. The number of pile-ups in one PSB is limited to a maximum of 2 per PSB (on the 2 sides). Thus, for Cu, the reduced number of dislocation loops in pile-ups limits the capacity of PSBs to accommodate the imposed strain so that more PSBs are required. It can be concluded that cross-slip easiness can be considered as the origin of the differences in the fatigue behaviors of Cu and 316L.

The cross-slip ability of 316L and Cu can also be deduced from the analysis of the shear stress resolved on the cross-slip system during the saturation regime (see Fig 15). As previously discussed in Fig 6, after the formation of four PSBs in Cu, the dislocations are well stabilized in the grain and the shear stress in the cross-slip system is very small. However, from the distribution of shear stresses on 316L, it can be seen that the shear stress on the cross-slip plane is still really high, at least bigger than the one of Cu, which means the dislocations in PSBs of 316L are likely to cross slip. Furthermore, dislocations in 316L have not moved to another place for self-stabilization. It is because in 316L, cross-slip requires much larger shear stress, even though the shear stress near the PSBs is so strong, dislocations in the PSB can not slip on the Since the cross-slip probability is correlated to the stacking fault energy (SFE), the slip mode in fatigue is strongly determined by the SFE as reported in literatures [START_REF] Li | Fundamental factors on formation mechanism of dislocation arrangements in cyclically deformed fcc single crystals[END_REF][START_REF] Gerold | On the origin of planar slip in fcc alloys[END_REF][START_REF] Wang | Cyclic deformation response of planar-slip materials and a new criterion for the wavy-to-planar-slip transition[END_REF][START_REF] Hong | Mechanisms of slip mode modification in fcc solid solutions[END_REF]. For high SFE materials, like Cu, the slip mode is called wavy slip, while for low SFE, like Cu-16 at% Al alloy, the slip mode is called planar slip. The dislocation microstructure of planar slip shows dislocations confined in planes marked by dipole arrays whereas wavy slip materials prefer to construct a more three-dimensional microstructure where dislocations aggregate to form veins or walls. Even though veins or wall have not been simulated in this work, our simulation results for Cu and 316L correspond well to these experimental observations: since Cu has a higher SFE (80 M J/m 2 ) than 316L (30 M J/m 2 ), Cu should construct a more 3D structure, which is what we have obtained in our simulations: Cu constructs PSBs occupying more volume fraction than 316L. The 3D character is not evidenced by our simulations which were performed in single slip loading conditions, but surely a different loading state such as a double glide configuration, would lead to a more three-dimensional geometry for Cu than for 316L.

Concluding remarks

Three dimensional Discrete Dislocation Dynamic simulations have been conducted on a cylindrical surface grain of Cu to investigate the formation of PSBs and the involved mechanisms. A detailed analysis of the PSB formation process, the influence of the imposed plastic strain amplitude and the comparison between Cu and 316L behaviors, have led to the following conclusions : Localization of dislocations is observed in the simulations and results in the formation of slip bands, which are constituted mainly by dislocation dipoles and prismatic loops. These slip bands correspond to embryo of PSBs. Dislocation pile-ups are evidenced at the interface between the PSBs and the matrix. These pile-up dislocations accommodate most of the imposed plastic deformation. The mechanism of formation of the PSBs is highly related to the shear stress distributions in the cross-slip plane.

After a few cycles, a saturation regime is reached: the average dislocation densities, the PSB volume fraction, PSB location as well as extrusions and intrusions heights are stable. This saturation phenomenon is also observed experimentally in Copper surface grains.

The effect of the imposed plastic strain amplitude on the PSB volume fractions verifies the Winter two-phases model. To the best of the author's knowledge, this is the first time that this model is validated by DDD simulations.

By reducing the imposed strain amplitude, the degree of reversibility of formed numerical PSBs is verified. It is stated that the position of formed PSBs remains unchanged, which is also predicted by Winter's model.

When comparing similar simulations realized on two materials chosen for their difference in their stacking fault energy (Cu and 316L), it is found that Cu constructs more PSBs and has a higher tendency to build up thicker PSBs. Also, the capacity of the PSBs in Cu to accommodate plastic deformation is found to be weaker than in AISI 316L. The differences of cyclic behaviors are thought to be induced by a different cross slip ability. The easiness of cross-slip in Cu leads to a higher mobility of the dislocations which, on one hand, facilitates the PSBs construction and augmentation of PSB's thickness, and on the other hand, reduces the dislocations loops localized in the pile-ups, which reduces the plastic accommodation capacity.

Although most of the main characteristics of fatigue at the early stages are well reproduced by the simulations presented here, DDD application to fatigue still has some weakness. In experiments, the observation is realized at the surface of samples where the oxidation may contribute to the slip irreversibility of the bands, which can deepen the slip lines at the surface and eventually modify the extrusion growth rate. In our DDD simulations, the oxidation process at the free surface has not been considered such as many other factors like precipitation and forest hardening from the other slip systems, which can all contribute to the irreversibility in dislocation motion.

For forthcoming simulations of fatigue, the irreversibility in DDD simulations should be reconsidered. Because in a monotonic loading process, the irreversibility is not as important as in cyclic loading situation, it has often been neglected in DDD modeling of monotonic simulations. In fatigue simulations, the irreversibility is introduced mainly by cross-slip, dipole formations and line recombinations but if the deformation is too small, the dislocations cannot be stored due to the lack of irreversibility. This result is different from the experimental observations, in which the irreversibility can always be brought even in the case of high-cycle fatigue. The augmentation of the friction stress is a possible way to augment the irreversibility based on arguments from solid solution contents. The add of precipitations or secondary slip systems can also be a solution. To conclude, the current DDD model can still be optimized to better simulate dislocation interactions, typically for high cycle fatigue simulations.
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 1 Figure 1: Illustration of the grain shape, the relative positions of the slip systems, the initial condition, and the loading mode used in the DDD simulations.
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 122122 Figure 2: Illustration of the method used to quantify the dislocation distributions.
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 31 Formation process and distribution evolution of the slip bands This section presents the simulation of Cu in a cylindrical grain shown in Fig 1 (D = H = 5µm) under ε V M p,applied = 10 -3 applied plastic strain amplitude. The dislocation distributions computed at maximal deformation is shown in Fig 3(a) for different cycle numbers.
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 3 Figure 3: Simulation results for a cylindrical Cu grain (D = H = 5µm) at ε V M p,applied = 10 -3 : (a) Evolution of the dislocation microstructure with the increasing cycles at maximal deformation; (b) dislocation density evolution for primary and deviate slip systems with loading cycles; (c) snapshots of the dislocation microstructure inside a PSB formed at cycle 26 (see green box) observed at zero and maximal deformation.

  Fig 3(a)) is presented in Fig 3(c) when the VonMises equivalent plastic strain is zero and when it is maximal. Practically, Fig 3(c) is a slab of Fig 3(b)-cycle 26 viewed along direction (1 11

  presented in Fig 4(a) and the colors indicate the value of displacement projected along the normal to the surface. From the profile line in Fig 4(c), extrusions and intrusions are clearly illustrated, which are the typical surface morphologies observed experimentally [15, 14, 53]. The evolution of maximal extrusion and intrusion heights as a function of the loading cycles are plotted in Fig 4(d)). The two values increase during the formation process of the PSBs but after the 26 th cycle, the height values simply fluctuate around a constant. Fig 4(b) presents the local evolution of extrusions from cycle 22 to cycle 26. At the 22 nd and 24 th cycle, there are only two layers of extrusions. Then, one layer is constructed again at the 26 th cycle.

Figure 4 :

 4 Figure 4: Roughness on the free surface of the grain when the global deformation is zero for simulation of a Cu cylindrical grain (D = H = 5µm) under (ε V M p,applied = 10 -3 ): (a) global configuration of the surface with the corresponding dislocation microstructure at cycle 26; (b) zoom on the local growth of one extrusion during 4 cycles; (c) line profile at cycle 26 plotted along the diameter (blue line); (d) evolution of the maximal extrusions/intrusions heights with loading cycles.

Figure 5 :

 5 Figure 5: Surface deformation and evolution of dislocation distributions at the 50 th simulated cycle for different value of stress and strain in the loading cycle (D = H = 5µm) under ε V M p,applied = 10 -3 (the deformation has been amplified 300 times for clarity).

Figure 6 :

 6 Figure 6: Evolution of the shear stress distribution on the cross-slip plane inside the grain with the formation of PSBs for simulation of Cu (D = 5µm and H = 5µm) under ε V M p,applied = 10 -3 .

Figure 7 :

 7 Figure 7: Evolution of the total dislocation density with the number of loading cycles for different applied strain amplitudes (Cu, cylindrical grain D = 5µm and H = 5µm).

Figure 8 :

 8 Figure 8: Comparison of the dislocation microstructures of Cu and 316L at the cycle 40 for the different imposed plastic strain amplitudes (cylindrical grain, D = H = 5µm).

Figure 9 :

 9 Figure 9: Illustration of PSB thickness measurement: (a) Dislocation microstructure (PSB) inside the crystal with five profile lines at the free surface; (b) PSB line profiles at maximal strain; (c) dislocation distribution histograms at zero strain and maximum strain (316L, cylindrical grain, ε p,applied = 0.6 × 10 -3 , D = 5µm, H = 5µm).

Figure 10 :

 10 Figure 10: Linear relationship between the volume fraction of PSB, f , and the applied strain amplitude ε V M p,applied for both Cu and 316L (cylindrical grain D = H = 5µm).

Figure 11 :

 11 Figure 11: (a) Stress-strain curve for the simulation with decreasing applied deformation, the first 25 cycles are applied with ε V M p,applied = 1.2 × 10 -3 then the loading amplitude is reduced to ε V M p,applied = 0.6 × 10 -3 ; (b) dislocation density evolution for primary and deviate slip systems with the loading cycles; (c) the dislocation distribution evolution when the applied deformation is reduced from ε V M p,applied = 1.2 × 10 -3 ) at the 25 th cycle to ε V M p,applied = 0.6 × 10 -3 at the 60 th cycle and the corresponding distribution histogram (Cu, cylindrical grain, D = 5µm, H = 5µm).

  Fig 12 shows the main experimental results of this publication. The position of macro-bands developed at the plastic amplitude ε p = 3.0 × 10 -3 in the saturation regime can be observed in Fig 12(a) while Fig 12(b) displays the macro-bands developed at the same sites after a decrease of the strain amplitude to ε p = 1.0 × 10 -3 until another saturation regime. Bycomparing the old and the new bands, the authors concluded that the positions of macro-bands at the higher and lower amplitude correspond well to each other, however, at the lower amplitude, the intensity of the bands is smaller than at higher amplitude.

Figure 12 :

 12 Figure 12: Comparison of formed macro-band position: (a) the positions at high amplitude εp = 3.0 × 10 -2 ; (b) the positions at lower amplitude εp = 1.0 × 10 -2 from [10] with permissions.

Figure 13 :

 13 Figure 13: Thicknesses of each PSB under different imposed strain amplitude for Cu and 316L (cylindrical grain, D = H = 5µm).

Figure 14 :

 14 Figure 14: (a) Probability of cross-slip in the DDD model for Cu and 316L; (b) evolution of the count of slip plane changes for Cu and 316L under different imposed plastic strain amplitude with the loading cycles.

  cross-slip plane to seek for a more stable position.

Figure 15 :

 15 Figure 15: Comparison of the shear stress resolved on the cross-slip plane in Cu and 316L at the 50 th cycle (Cylindrical grain, D = 5µm, H = 5µm, ε V M p = 0.6 × 10 -3 ).

Table 2 :

 2 Parameters used in the simulations for Cu and AISI 316L

	Parameters	Shear modulus µ MPa	Poisson ratio ν	Burgers vector b 10 -10 m	Friction stress τ f r /µ	Drag coefficient B Pa.s	V act	τ III MPa
	Cu	42000	0.324	2.56	50 × 10 -5	1.5 × 10 -5	300b 3	30
	AISI 316L	81000	0.27	2.54	50 × 10 -5	0.71 × 10 -5	1800b 3	56
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