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Abstract

A new technique, High-Temperature Scanning Indentation (HTSI), is proposed to investigate metallurgical evolution
occurring during anisothermal heat treatments. This technique is based on the use of high-speed nanohardness
measurements carried out during linear thermal ramping of the system with appropriate settings. A specific high-speed
loading procedure, based on a quarter sinus loading function, a creep segment and a three-steps unloading method,
permits the measurement of elastic, plastic and creep properties. The indentation cycle lasts one second to minimize
thermal drift issues. This approach enables quasi-continuous measurements of elastic modulus and hardness as a
function of temperature in much shorter times than previous techniques. The H7SI technique is validated on fused
silica and pure aluminum. The application to cold-rolled aluminum undergoing thermal cycling highlights the potential
of the HTSI technique to investigate in situ thermally activated mechanisms linked with microstructural changes such
as viscoplasticity, static recovery and recrystallization mechanisms in metals. Results on aluminum were confirmed

using Electron Back-Scattering Diffraction measurements.
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I. Introduction

Significant progress in high-temperature nanoindentation testing has been made over the last decade, opening the way
to the investigation of thermally activated mechanisms at different length scales. Micron-scale measurements of the
hardness, Young’s modulus and even creep properties at temperatures up to 800°C and beyond now appear feasible!-
4. A recent paper of Baral et al.> has also highlighted the ability of high-temperature nanoindentation to investigate in
situ microstructural evolution, i.e., static recrystallization®, in an aluminum alloy. High-temperature nanoindentation is

clearly one of the most promising techniques to reveal new insights into the small-scale properties of materials.

Among all the challenges that have been overcome to allow high-temperature measurements, one of the most critical
is the development of a suitable tip and sample thermal regulation to eliminate/minimize thermal drift issues”. This
development has led to various regulation strategies and procedures that are usually dependent on the setup®71%!11 It is
worth noting that the use of such procedures takes time>®!!. Unfortunately, during such a period of time, thermally
dependent physical transformations in materials can occur'?!°. Therefore, important information can be missed. More
precisely, this is a very important issue when investigating recrystallization mechanisms in polycrystalline materials'>-
15 or crystallization in amorphous materials'®22, This issue can even affect the well-known indentation size effect,
which has been deeply investigated during the past two decades?® . Consequently, it is of crucial importance to
develop robust nanoindentation methodologies to permit the measurement of mechanical properties at high temperature

without the need to use time-consuming thermal stabilization procedures.

In the paper of Baral et al.%, it is clearly stated that the strategy used is only relevant to characterize slow recrystallization
kinetics because of both the stabilization time and the duration of an indentation test (approximately 8 min per test).
The resulting lack of statistics may thus introduce an interpretation bias, mostly related to the inherent microstructure
heterogeneity. Recrystallization is a thermally activated mechanism that involves nucleation of dislocation-free grains
in a deformed microstructure. These nuclei grow at the extent of the former microstructure grains until the whole
recrystallization process is achieved®?®. The dislocation-free grains are softer than the deformed grains, which allows
us to discriminate them from the former grains by a simple hardness test. Therefore, the quantification of
recrystallization kinetics through nanoindentation testing requires an extensive set of nanoindentation data to be
independent of microstructural heterogeneity, which can be done using ultrafast indentation measurements (less than

1 s). One advantage of high-speed nanoindentation is that it should also diminish displacement drift issues. Thus, it



should even be possible to obtain data during the heating and cooling phases. Hence, the aim of this paper is to
investigate whether High Temperature Scanning Indentation, a technique based on high-speed nanoindentation, is able
to overcome the difficulties induced by the thermal stabilization time in order to pave the way for robust in situ

quantifications of thermally activated physical transformations of materials.

In this paper, the first part presents the new High Temperature Scanning Indentation technique. A specific indentation
methodology with an unloading segment, named three-step unloading, is proposed to avoid unloading nose issues in
time-dependent materials. This technique is then validated through high-temperature experiments on fused silica and
pure aluminum. The last part investigates the ability of High Temperature Scanning Indentation to track the mechanical

properties and microstructure evolution in pure aluminum upon heating and cooling.

II. Methodology

The main objective of this paper is to conduct nonisothermal nanoindentation (i.e., during heating and cooling) to
investigate in situ physical transformations in materials within a dedicated nanoindentation setup. One of the most
important issues with high-temperature nanoindentation is thermal drift, which is a consequence of thermal
fluctuations, mainly attributed to the tip-sample temperature mismatch. This thermal drift must remain low relative to
the loading rate to ensure quantitative measurement of displacement. Therefore, specific calibration procedures must
be used, depending on the temperature range and the setup. Most of the time, these calibration procedures are performed
to ensure the temperature balance between the tip and the sample surface’™. In this paper, the setting calibration process
described by Minnert et al.* is used to set the temperatures of the tip in regards of the one of the sample (in isothermal
conditions). The principle consists of finding the right thermal setting to minimize the displacement drift. To do so, the
tip temperature is tuned during multiple tip-sample contact steps. This procedure is applied at different temperatures
in the temperature range of the experiment. Once that those settings are known, the thermal ramps of the tip and the
sample could be determined. When performing experiments, the tip and sample are heated using those ramps. For
instance, imagine that the tip temperature should be 5°C higher than the sample at 100°C and 10°C at 200°C. Saying

that the sample is heated at 3°C/min, the tip ramp should be 3.15°C/min.

This technique allows calibration of the settings for the whole thermal cycle. This procedure needs to be performed for

each new tested material with a dedicated calibration sample.



1. High-speed indentation tests

To minimize the impact of the temperature variations on the displacement during heating and cooling, the indentation
cycle has to be fast enough with regard to the temperature evolution during an indentation test. For instance, an increase

0f 0.05°C during an indentation test with a thermal ramp of 3°C/min corresponds to a test duration of 1 s.

a. Loading part
One strong interest of high-temperature indentation is the investigation of rate-dependent mechanical properties
(creep). Therefore, including a holding time at constant load is appropriate here. To avoid any load overshoot at the
beginning of the creep segment, it is necessary to design a loading part smoothing the transition between loading and
creep segments. Clearly, the usual constant indentation strain rate segment, which is often used to satisfy the principle
of geometric similarity?”?%, does not fit such a requirement. Hence, it is proposed to use a quarter sinus function instead,
as illustrated in the load-versus-time curve of FIG. 1(a):

I
P(t) = Py Sin——t Eq. 1
2tload

where P is the load, t is the time, P4, is the maximum load, and t;,,4 is the loading time. With such a loading
procedure, the force deceleration is slow enough to permit better control of the applied force by the PID when starting
the creep segment. It is worth noting that this loading function does not allow us to keep the indentation strain rate
constant during the loading part. Due to device limitations, the loading time could not be faster than 0.5 s when using
a quarter sinus function. However, the quarter sinus loading method can lead to artificial pop-in at the beginning of the
loading part where a very high loading rate is applied at a shallow depth. This feature can be seen in FIG. 1(b) and (d)
for indentation in aluminum at 300. This artifact could be avoided by defining a sigmoidal loading function for which
the loading rate tends to zero at both the beginning and end of loading. Such a development is not within the scope of
this paper and will be part of a complementary investigation that will deal exclusively with the analysis of pop-in

during fast indentation cycles.

b. Unloading part
A quick unloading part (At < 0.5 s) is also necessary to precisely determine the contact stiffness needed to calculate

the hardness and modulus of the materials. Contrary to the loading part, there are no conditions to fulfill at the end of



the unloading part. Therefore, a linear evolution of the load with time was initially chosen as the unloading function

(see FIG. 1(a)):

P(t) = Bnax (1 _M) Eq.2

tunload

where P is the load, t is the time, P4, is the maximum load, ty5;0qq is the time of the unloading part and ty,14ing iS

the time at the end of the creep segment.

This method is very relevant for materials with limited time-dependent mechanical properties, such as fused silica.
However, for materials that exhibit significant time-dependent mechanical properties in the investigated temperature
range, such as pure aluminum at 300°C, a nose can appear on the unloading curve (see FIG. 1(b)). This feature is a
well-known consequence of creep?. This nose is problematic regarding the fitting of the unloading curve and therefore

leads to inaccurate values of the contact stiffness S, as defined by Oliver and Pharr®®. Note that when determining the
contact depth h, (see Eq. 3 — Pm% &K hypay), the error in the stiffness calculation has a low impact on the contact depth

determination of aluminum. In fact, unlike the elastic modulus, the hardness H is not so much impacted here, even in

the presence of a nose.

Consequently, the main issue related to such a creep-induced nose is an inaccurate measurement of elastic modulus

values (see Eq. 7 and Eq. 8). Ngan correction?® was applied but did not lead to accurate stiffness measurements.



40 T \ T \ 40

. . T
Loading Unloadin Z —1
Cree o -
30 P . 30 |5
= ~ s
=z
g £ 20900 2950 3000 3050
o 20} 4 E:ZO Depth h (nm)
3 3
S S
10 T 10+
o
_-/
| | | LN e
(@ O | (b) 0F——
0 0.2 0.4 06 08 1 1.2 0 500 1000 1500 2000 2500 3000
time t (s) Depth h (nm)
25 T T T T 25 T
Loading Unloading Zaof g
201 Creep 20 o s
- 10
— 3
=z z |7
ET5 ET15| 2250 2300 2350 2400
o o Depth h (nm)
® - ®
10} 10 .
| |
5 5
(.;‘ < Datas
(C) 0 ‘ | (d) 0t o | Futlofunloadung part
0 0.2 0.4 0.6 0.8 1 0 500 1000 1500 2000 2500
time t (s) Depth h (nm)

FIG. 1 (a) High-speed indentation cycle applied during initial tests. The loading part is constructed from a quarter sinus function,
a holding segment is implemented to measure creep parameters, and unloading is linear over time. The whole cycle duration is less
than 1.2 s. (b) Load-displacement curve measured on pure aluminum at 300°C, corresponding to the indentation cycle presented in
(a). The nose on the unloading part is an issue regarding the measurement of the initial contact stiffness and thus elastic modulus.
(c) Modified high-speed indentation cycle. The loading part is again constructed from a quarter sinus function, and a holding
segment is implemented to measure creep parameters. Unloading is performed as quickly as possible using the three-step unloading
method, i.e., three unloading steps of 0.05 s. The whole cycle lasts less than 1 s. (d) Load-displacement curve measured on pure
aluminum at 300°C, corresponding to the indentation cycle presented in (c). Owing to the modified unloading procedure (i.e., the

three-step unloading method), the nose is no longer observed. The unloading part can now be fitted using a linear function.

To overcome this issue, it is proposed here to use a three-step method during the unloading part (see FIG. 1(c)). The
idea of such unloading method is to unload as fast as possible while having enough data points to accurately determine
the stiffness. It is done using load steps during unloading. More precisely, a first unloading step, from B, to

75%P,qx, 1s applied instantaneously. It is stabilized for 0.05 s before decreasing to 50%P,,,,. The same stabilization



of 0.05 s is performed before decreasing to 25%P,,,,. After another 0.05 s time interval, a linear unloading part is
applied. The resulting load-versus-depth curve, where the nose is no longer present, is shown in FIG. 1(d) for pure
aluminum at 300°C. The unloading part of the load-displacement curve can then be fitted accurately using a linear
regression with the slope corresponding to the contact stiffness S. It is worth noting that no creep occurs when the steps

in load stabilize at 75%P,,4x> 50%Prax OF 25%P0x-

2. Methodology for data analysis

The procedure for data analysis is based on the model of Loubet’!, for which further details are given in the appendix.

According to this model, the contact depth h, is given by

P
h, = a(hmax —%mo) Eq.3
u

where h,,4, and P,,,, are the maximum depth and load, respectively, at the end of the creep segment, h, is the tip

defect and @ = 1.2 is a constant.

The unloading contact stiffness S,, is then calculated from:

1
Sy =

_1 Eq.4
SLF

Gl =

where S; is the load frame stiffness calibrated at the ambient environment. The load frame stiffness is supposed to

remain independent of the temperature in the range of our experiments®.
By considering the tip as perfect, the contact area A, is given by

A, =mtan? 0 h? Eq. 5

where 8 = 70.32°, the equivalent conical angle for a Berkovich tip.

The hardness H (GPa) and reduced elastic modulus Ex (GPa) are given by:

Eq. 6

E, = |T Eq.7
R= A, q.

Finally, Young’s modulus E (GPa) is computed through:



1 1—-v3 Eq. 8

knowing the Poisson ratio of the sample v and the tip elastic constants E;;, and v;,,. Creep data are analyzed using the
methodology presented by Baral et al.*2. In uniaxial tests, the representative stress o, could be related to the

representative strain rate &, using a power-law relation:

& = car™ Eq.9

where c is the strength coefficient and m is the strain rate sensitivity, which are material constants.

To relate the representative strain rate from uniaxial tests €, to the indentation strain rate €, = h/h , the following

expression is used, as proposed by Baral et al.3%:

0.2\ h
&, = 0.44 cot exp (W) 7 Eq. 10

From the same way, o, the representative stress is related to the hardness H:

oy = ? Eq. 11
where y is the constraint factor, defined by Kermouche et al.**:
cotd —(1—-¢&,)H/E
_&cotd — (1= &)H/ b 12

&;cotl
with the geometrical constants for a cone of half-induced angle 8 = 70.32°, i.e., Berkovich indenter, & = 0.66, &, =

0.216 and &3 = 0.24.

Using Eq. 9 to Eq. 12, strength coefficient ¢ and strain rate sensitivity m are determined through a linear fit of the

plotInh/h -Ino,.
The analysis of Sherby and Armstrong* is used to determine the apparent activation energy Q:

H Q
2 i Eq. 13
g = Co®XPopr q

where C, is a pre-exponential constant, R is the gas constant, and n is the stress exponent, which is equal to 5 for

consistency with previous studies*.

10



III. Validation

The High Temperature Scanning Indentation technique was validated on fused silica and pure aluminum. The proposed

indentation method with the 3-step unloading part was carried out during anisothermal high-temperature cycles.

1. Validation on fused silica

The Young’s modulus and hardness of fused silica versus temperature are plotted in FIG. 2. The Young’s modulus of
fused silica was investigated by numerous authors!!*>#? and is known to increase with temperature. The evolution of
the Young’s modulus during the heating phase is in excellent agreement with the model of Spinner et al.3”. However,
the obtained hardness values are slightly lower than those from Schuh et al.*°, but they remain correct when considering
possible error sources during high-temperature nanoindentation (thermal drift, tip area function changes, load frame

stiffness being a function of temperature, etc.) .
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FIG. 2 Young’s modulus and hardness versus temperature on fused silica during a slow thermal ramp (3°C/min). The Young'’s
modulus values are in good agreement with the model of Spinner et al. 3. The hardness values are also in quite good agreement

compared to those of Schuh et al. *
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2. Validation on aluminum up to 325°C

As shown in FIG. 3, the Young’s modulus of aluminum decreases linearly with temperature. The trend is in agreement
with the literature data*!, even if the values are slightly lower. This difference may arise from the model used for data

analysis or from the assumption of constant load frame stiffness in temperature.

The hardness also decreases linearly with temperature, and the values are in agreement with literature data**. It is
worth noting that care should be taken here when compared with the results of Wheeler et al. since these results are

contact model dependent.
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FIG. 3 Young’s modulus and hardness versus temperature on pure aluminum during a slow thermal ramp (3°C/min). The reference

data are from*' for the Young’s modulus and from*>* for hardness.

The apparent activation energy was then determined by studying the evolution of the modulus-compensated hardness
H/E against T,, /T, where T is the absolute testing temperature and T,, is the absolute melting temperature (see FIG.

4 and Eq. 13). Young’s modulus data in temperature were taken from*'. Another approach would be to fit the obtained

12



Young’s modulus data on all the interesting temperature scale to use them. However, it does not impact the following
results. H/E decreases as the temperature increases. The slope of the curve gives the apparent activation energy and

changes two times (at approximately 125°C and 250°C). The values are consistent with the reference data*’.
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FIG. 4 Modulus-compensated hardness versus the inverse of temperature over melting temperature. The literature data are from

42,43

The temperature-compensated indentation strain rate versus modulus-compensated hardness is plotted in FIG. 5 for an
activation energy Q=130 kJ/mol. The data are close to those obtained in the literature by Phani and Oliver** for an
activation energy Q=142 kJ/mol. Let us, however, pay attention to the fact that the contact models used to analyze

the data are different. Phani and Oliver used Oliver and Pharr’s model, whereas Loubet’s model was used here.
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FIG. 5 Temperature-compensated indentation strain rate versus modulus-compensated hardness. The apparent activation energy

is equal to 130 kJ /mol. The literature data come from Phani and Oliver*.

In conclusion, the proposed High Temperature Scanning Indentation technique allows quick and precise indentation
measurements to be performed during a nonisotherm thermal cycle with a quasi-continuous resolution in temperature
(i.e., one data point per 1°C). By comparison with literature models and experimental data, strong validation has been

performed on fused silica and aluminum for the hardness and modulus, as well as for the activation energy.

IV. Application of High Temperature Scanning Indentation to the
monitoring of thermally activated mechanisms

1. Results

The proposed High Temperature Scanning Indentation technique is applied to study the in situ evolution of the
mechanical properties of pure aluminum during nonisothermal temperature cycles (heating at 3°C/min, holding at
300°C or 325°C before cooling at 3°C/min). Further details on the material and thermal cycles are given in the Materials

and methods section. Hardness versus temperature curves are plotted in FIG. 6(a) and (b) for the two investigated

14



thermal cycles. The results are well reproducible during the heating phase. The hardness appears to decrease linearly
with temperature. However, a slight change in the slope can be noticed for a temperature of approximately 250°C. For
both samples, a decrease in hardness occurs during the hold temperature step. During the cooling phase, the hardness
increases linearly. The hardness versus temperature curves during the cooling phase are not superimposed. As shown
in FIG. 9, the temperature holding segment was prescribed to occur at a higher temperature for the second experiment
(holding at 325°C). Therefore, the hardness at the beginning of the cooling step for the second experiment was expected
to be lower than that with the first experiment (holding at 300°C). However, the slope appears to be relatively similar.

It is worth noting that this slope (in absolute value) is lower than that observed during the heating phase.
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FIG. 6 (a) and (b): Hardness versus temperature for tested aluminum samples during the thermal cycles previously described, (a)
during the whole thermal cycle, (b) magnified view of T>200°C. The hardness clearly changes considerably between the heating
and cooling phases. The dashed lines underline the slope change during the heating phase. (c) and (d): Hardness versus time for

tested aluminum samples during the thermal cycles previously described ((c) whole cycle, (d) zoom during holding phases). A
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hardness decrease is observed during the hold temperature segment that may be considered a signature of recrystallization. The

same change in slope during heating can be seen (dashed line).

FIG. 6(c) and (d) shows the hardness evolution versus time for the two thermal cycles. A decrease in hardness is clearly
visible during the temperature holding step. It is much more pronounced for the first thermal cycle. When the sample

was held at 325°C, there was a decrease during the first few minutes until the hardness stabilized.

The variation in the strain rate sensitivity m with temperature is given in FIG. 7 for the 300°C thermal cycle. Similar
results are obtained for the 325°C thermal cycle. Unlike hardness, there is almost no difference between heating and

cooling, even though a slightly lower value might be noticed for the cooling phase.
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FIG. 7 Strain rate sensitivity m of an aluminum sample versus temperature during the first thermal cycle previously described.

The microstructures after thermal cycling of the two tested samples were investigated by Electron Back Scattering
Diffraction (EBSD). The results are shown in FIG. 8. The black lines indicate High Angle Boundaries (HABs),

misorientation angle € > 15°, and are usually considered grain boundaries. The red lines indicate Low Angle
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Boundaries (LABs), 2° < € < 15°, and are usually defined as subgrain boundaries. Recrystallized grains are defined

as grains where the average misorientation angle 6 over the grain is lower than 2°; they are colored in blue in FIG. 8.
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FIG. 8 Microstructure of the two studied aluminum samples after thermal cycles (a) up to 300°C and (b) up to 325°C, obtained by
EBSD measurements. The grain boundaries are in black, the subgrain boundaries are in red, and the recrystallized grains are in

blue. The two samples were partly recrystallized during the thermal cycles applied.

Some recrystallized grains are clearly visible on the sample heated up to 300°C. Initial grains can be identified through
the presence of LABs. The recrystallization fraction is approximately 20%. In comparison, the recrystallization process
was much more advanced on the sample heated up to 325°C. There are many fewer subgrain boundaries, and the
recrystallized grains are relatively larger. The recrystallization fraction is closer to 50% for this thermal cycle, which

is consistent with a lower hardness after the 325°C thermal cycle.

2. Discussion

The temperature dependence of the hardness can be explained through various mechanisms. Thermal activation of
viscoplasticity mechanisms (activation of dislocation movements: dislocation glide, dislocation climb, etc.) that have

been extensively studied for aluminum*>* are clearly the most important mechanisms, as pointed out in the previous

17



section. Nonetheless, the differences observed between heating and cooling require the consideration of other

mechanisms such as static recovery and recrystallization.

The hardness of metals is known to depend upon the dislocation density*®*’. The higher the dislocation density is, the
higher the hardness. Cold work increases the amount of dislocations in metals; aluminum hardness is thus dependent
on the amount of cold work. When the temperature increases, dislocation annihilation is eased due to dislocation climb
and cross-slip (thermally activated viscoplasticity mechanisms), which lead to a decrease in the dislocation density

(i.e., hardness). This mechanism is known as static recovery®.

A change in the slope of the curves of hardness versus temperature (heating) — see FIG. 6 — is observed at approximately
250°C. This result might be attributed to a change in the static recovery mechanism or to the occurrence of a second
metallurgical mechanism, i.e., recrystallization®. Such variation is also observed in FIG. 4: the apparent activation

energy increases drastically at 250°C.

Recrystallization® is characterized by the birth and growth of new grains at the extent of the initial microstructure. The
driving force of this mechanism is the stored energy (i.e., dislocation density). Recrystallized grains are characterized
by a low dislocation density that is often considered null. Therefore, the hardness of recrystallized grains is significantly
lower than that of a cold-rolled microstructure. So, during heating, because static recovery and recrystallization occur,

the dislocation density decreases drastically, as does the hardness.

When recrystallization starts, a strong increase in the hardness standard deviation might be expected since some grains
are recrystallized and other grains are not. In the current work, the volume affected by indentation is larger than the
recrystallized grain size. The maximum penetration depth is approximately 3 um (ranging from 1 um to 3 um
depending on the temperature and recrystallization state), which corresponds to an average contact radius of 10 um.
Considering that the length of the indentation-affected volume is approximately 3 times the contact radius, it leads to
a value of 30 um when the average recrystallized grain size is approximately 5 um (extracted from FIG. 8 for the
300°C thermal cycle). Consequently, the hardness value can be assumed to be the mixed value of the recrystallized
grain and the recovered grain hardness through the recrystallization fraction. The increase in the recrystallization
fraction leads to a global hardness decrease. This approach is the usual way to measure recrystallization kinetics
through hardness measurements*, even though it neglects the effects of static recovery that also influence hardness.

Note that such a methodology has been applied previously in the framework of in situ high-temperature
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nanoindentation by Baral et al’. The decrease in hardness during the hold temperature segment might be seen as the
signature of recrystallization despite ongoing competition with static recovery. FIG. 8 indicates that for the sample
heated to 325°C, the recrystallization fraction is much higher, which is in agreement with the thermal activation of
recrystallization mechanisms. It can also be observed that the density of subgrain boundaries (i.e., dislocation density)

is much lower, which means that static recovery continues parallel to recrystallization.

At the end of the high-temperature holding phase, the microstructure of the samples changed. In recrystallized grains,
the density of dislocations is low compared to that of the cold-rolled sample. Therefore, during cooling, the decrease
in hardness with temperature is expected to be much lower. Indeed, the temperature dependence of hardness would be
mainly governed by thermal activation of viscoplasticity (in contrast to cold-rolled grains). Recovery and

recrystallization become negligible.

When studying FIG. 6, hardness’ decrease during holding at 300°C is higher than during holding at 325°C. However,
the reverse effect would be expected since recovery and recrystallisation kinetics increases with increasing temperature.
In fact, those phenomena are temperature and time-dependent. The microstructural evolution (linked to hardness
variations) is the same for the two cycles up to 300°C. From this point, while the sample 1 is hold at 300°C, a linear
increase of temperature (3°C/min up to 325°C) is performed. This sample experiences recovery and recrystallisation
during the 8min needed to increase temperature up to 325 °C, which leads to significant hardness decrease. When

starting the holding period at 325°C, recrystallisation of this sample is almost achieved: hardness will not change a lot.

It must be noted that strain rate at the end of loading is not constant as a function of temperature. This could impact the
measured hardness values®. However, aluminum has a relatively low strain rate sensitivity, as shown in Fig. 7. When
doing the experiments, an increase of strain rate at the end of the holding segment is evidenced when increasing
temperature: it goes from 0.05 s! at the ambient to 0.2 s at 325°C. To quantify the impact of such an increase on
hardness values, strain rate sensitivity could be linked to hardness using **:

_ dIn(H)
™= (e

Eq. 14

Saying that
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Aln(H) = mAln(g) Eq. 15

the impact of strain rate variation on hardness could be estimated.

The increase of strain-rate with temperature (from 0.05s! at 25°C to 0.2s™! at 300°C) should induce an increase of 7%
to 23% of hardness (m=0.05-0.15 — see FIG. 7). However, a decrease in hardness is observed during the tests (due to
viscoplasticity, static recovery and recrystallization). The decrease that is observed would be a little higher if the

measurement were carried out at the exact same strain rate for all the tested temperatures

Regarding the recrystallization mechanism, Baral et al.’ proposed taking advantage of pop-in phenomena that are more
likely on recrystallized grains than on deformed grains. Unfortunately, an artifact is observed on the load-displacement
curve due to the quarter of the sinus load segment (see FIG. 1). One way to solve the problem without changing the
loading function would be to use a spherical tip to postpone the load needed for the appearance of the first pop-in.
However, this approach would introduce another bias in hardness evolution interpretation since self-similarity would

be intrinsically lost with such a geometry.

It is clearly demonstrated here that the High Temperature Scanning Indentation technique, based on high-speed
nanoindentation during thermal cycles, should allow the investigation of microstructural evolution mechanisms and
viscoplasticity. The design of a set of experiments might be envisioned to access a limited number of experiments on
the physical parameters governing viscoplasticity, recovery and recrystallization in metals in relation to the initial

microstructural state.
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Conclusion

This paper presents the High Temperature Scanning Indentation technique, a nanoindentation methodology, to track

the evolution of in situ mechanical properties during a ramp of a tempering profile. The main points are as follows:

e  Thermal drift issues are overcome through the use of high-speed nanoindentation;

e The loading profile using a quarter sinus segment allows measurements of hardness and creep properties;

e The Young’s modulus can be measured owing to the use of the three-step unloading method, a specific
unloading profile that limits the occurrence of an unloading nose (for time-dependent materials);

e The hardness, Young’s modulus and creep properties can now be measured quasi-continuously as a function
of temperature (i.e., one data point per 1°C);

e The methodology is validated on fused silica and aluminum.

This High Temperature Scanning Indentation methodology has been applied to cold-rolled pure aluminum that

undergoes recrystallization during the tempering ramp:

e  During heating, the hardness measured on similar samples is well reproducible;

e Hardness upon heating and cooling varies in a different manner, pointing out the occurrence of static recovery
upon heating;

e A hardness drop is observed during the constant temperature segment. This effect is related to
recrystallization, which has been assessed by postmortem EBSD microstructural characterizations;

e Creep, recovery and recrystallization mechanisms can be measured through high-speed nanoindentation

testing using a suitable tempering ramp.

The nanoindentation methodology developed in this paper should allow the design of a set of experiments to measure

thermally activated physical transformations in metals in a cost- and time-effective way.
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Materials and methods

Materials

To validate the developed High Temperature Scanning Indentation technique, experiments were carried out on
different materials. The validation process was started on a fused silica sample of 2 mm thickness and 12.5 mm
diameter, provided by Edmund Optics. This material was chosen as a reference material for nanoindentation

measurement. Its temperature properties are also well known!%11:33-40.50,

In the second part of the validation process, two samples of pure aluminum are studied. They were also used to
investigate the microstructure evolution of pure aluminum upon heating and cooling. Samples are cold laminated with
a reduction of 80% of their thickness. They are 3 mm thick and 11.5 mm in diameter. These samples are mechanically
polished by hand up to 1 pm (diamond solution). After indentation measurements, the two samples were
electropolished to characterize the microstructural state using Electron Back-Scattering Diffraction in a JEOL FEG
6500F Scanning Electron Microscope. Postprocessing was performed using the MTEX MATLAB ToolBox>!. The step

size was set between 0.36 um and 0.4 um to obtain an indexation higher than 80%.

Experimental apparatus

The indentation measurements were performed using an InNSEM HT nanoindentation system (KLA Nanomechanics).
A doped diamond Berkovich tip was set up on the apparatus. Tip calibration was performed at ambient conditions on
fused silica. Because the stiffness of the indenter is approximately 5 10> — 1 10°N/m, when testing aluminum, the
load frame stiffness was calibrated on the aluminum samples at ambient conditions prior to experiments>2. Note that
indents in aluminum are higher and deeper than in fused silica, so indentation in aluminum is very stiff compared to

indentation in fused silica.

Samples were mounted the same way as in Minnert et al.*. All indentation tests were performed under vacuum (<
9 1073Pa), and the nanoindentation system was installed in a SEM VEGAZ3 system (Tescan). The distance between

each indents was at least 10k, >*. The acquisition frequency was 1 kHz.
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The tip and the sample were heated apart by conduction, and the heating process was controlled by specific PID loops.

The settings were calibrated using the procedure presented in Section II.

Thermal cycles

On fused silica, the heating ramp was set at 3°C/min up to 350°C. On aluminum samples, the heating and cooling rates
were also at 3°C/min. The holding temperatures were 300°C for 35 min and 325°C for 70 min (see FIG. 9). The cycle
with holding at 325°C was used for the validation process of the new proposed methodology. On the thermal cycle

with holding at 300°C, the performed indentation cycle was that with the linear unloading part (see FIG. 1(a)).
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FIG. 9 Temperature versus time during two thermal cycles on pure aluminum samples: one of the aluminum samples was heated to
300°C at 3°C/min and held for 35 min before being cooled to ambient conditions (first cycle). The other was heated to 325°C at

3°C/min and held for 70 min before being cooled to ambient conditions (second cycle).
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Appendix — The model of Loubet

1. Contact depth h, versus contact area relation

The hardness of a material is defined as the ratio of the applied load P divided by the projected contact area A, (see

Eq. 6).
The contact area can be geometrically determined from the contact depth. For a perfect conical indenter,

A; = Cyh,? Eq. 16
With C, a geometrical constant. For a Berkovich indenter, C, = 24.56. However, the contact depth is not directly
measured and has to be calculated from the tip displacement measurement. This measurement does not account for
pile-up or sink-in phenomena.
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2. Plastic depth h,.

Loubet’s model is based on indentation measurements made on an elastic, perfectly plastic material. More specifically,
he considers that the depth underneath the tip is purely plastic. Consequently, he relates the indentation depth to a

plastic depth, named h;., with the following expression:

P
hp=h-t Eq. 17

The plastic depth is presented in FIG. 10 and FIG. 11. FIG. 11 shows the intersection between the displacement axis

and the linear fit with the S slope.
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FIG. 10 Schematic representation of the contact geometry between a conical indenter and some material, defined in Loubet’s model.

h is the measured indentation depth, h, is the plastic depth, hy is the tip defect and h, is the contact depth.
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FIG. 11 Schematic load-displacement curve of a material. h,. is the persistent depth, and h,. is the plastic depth.

3. Tip defect

When carrying out real experiments, the tip is never perfect. Therefore, the real contact area is underestimated if

considering a perfect tip (see FIG. 10). The hatched purple area is a perfect tip contact area without defects. Because
the real tip is slightly round, the purple zone should be added to the perfect contact area to obtain the real contact area.

Therefore, to solve this issue, a tip defect term h, is added in the contact depth expression when calculating the tip

contact.
Eq. 18

, P
hi=h=<+ho

This term could be easily determined when plotting stiffness against depth changes for a homogeneous material such
as fused silica during calibration of the system with CSM measurements. For a perfect tip, this term should be S(h) =
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bh. When there is a tip defect, the equation becomes S(h) = b(h — hy), and h, can be determined. Let us note that

the obtained value of hy depends on the load frame stiffness determined by calibration.
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FIG. 12 Determination of the tip defect from the stiffness-displacement curve made on fused silica using CSM mode.

At low depth, the term h, allows us to be more precise in the calculation of the contact area. At large depths, the error

between the ideal contact area and the real contact area becomes negligible.

4. Consideration of pile-up
Pile-up*® can occur when performing indentation measurements. This effect increases the real contact area, so if not
considered, the Young’s modulus and hardness will be overestimated. Therefore, Loubet defined the contact depth
using:
h, = ah; Eq. 19
with @ = 1.2 from experimental results***°. This value was experimentally determined on gold by Bec et al.?. It was

also validated theoretically for perfectly elastic materials>® and numerically for perfectly plastic materials®® in the case

of a conical indenter. It is worth noting that when pile-up occurs, h, could be higher than the maximum depth.

Looking to Eq. 19, the condition for sink-in is not forbidden. Loubet’s model could also been applied to materials that

presents sink-in. Guillonneau et al.’” shows that Oliver and Pharr’s model and Loubet’s model give the same results

on fused silica, which presents sink-in.

27



5. Independence to the load frame stiffness S;

Eq. 18 can be rewritten using u, the raw displacement of the tip instead of h, and the displacement corrected from the

load frame stiffness when performing a nanoindentation experiment:

h; = P_r +h Eq. 20
T u SLF S 0 q.
Therefore:
t_1 + ! Eq. 21
K~=S'Ss,, 4
with K the global stiffness.
Therefore,
, P
hr=u_E+h0 Eq. 22

we can deduce from this expression that even if an error is made in the frame stiffness calculation, it will not change
the plastic depth value because the elastic part of the displacement P/S (where S is not well calculated if S, is not
well estimated) is removed from u to calculate h,.. Therefore, with the use of Loubet’s model, h,., h, and hardness H
are independent of the load frame stiffness. This point is particularly interesting when performing experiments at low

penetration depths for materials with high E /H ratios.
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