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In situ neutron measurements and modelling of the
intergranular strains in the near-f titanium alloy Ti-f21S

Viwanou Hounkpati®’, Sylvain Fréour?, David Gloaguen?, Vincent Legrand?,
Joe Kelleher®, Winfried Kockelmann®, Saurabh Kabra®

aUniversité de Nantes, Centrale Nantes, Institut de Recherche en Génie Civil et Mécanique (UMR CNRS 6183), Equipe Etat Mécanique et
Microstructure des Matériaux, 58 rue Michel Ange, BP 420, 44606, Saint-Nazaire Cedex, France
bISIS, STFC Rutherford Appleton Laboratory, Chilton Didcot, Oxfordshire, OX11 0QX, United Kingdom

The intergranular lattice strains in the near- titanium alloy Ti-B21S have been measured in the longi-tudinal and transverse directions during tensile
loading using neutron diffraction. The obtained results have been modelled and explained using a two-phase elasto-plastic self-consistent model. We first
identified the best set of the main model parameters (single crystal elastic constants, critical resolved shear stresses) and investigated the influence of
these parameters on the behaviour of both the poly-crystal and the diffracting volume. Good agreement between the experimental results and those pre-
dicted by the model was found for the macroscopic stress-strain dependencies and lattice strain developments of Ti-21S.

1. Introduction

Aerospace industries are turning more and more towards near-f3
titanium alloys due to their high oxidation resistance among many
other interesting properties that they exhibit [1,2], in order to
benefit from their improved structural durability. Since B-titanium
alloys keep their good properties only up to moderate temperatures
[1], their limitations are their low resistance to hot hydraulic fluid,
which is one of the very few corrosive media for titanium in the
aerospace environment. In response to this weakness, a metastable
B alloy Ti—15Mo—3Nb—3AIl-0.2Si (Ti-B21S) has recently been
developed to offer a high specific strength, a good cold formability
and especially to improve oxidation resistance, which would in
turn enhance temperature strength, creep resistance as well as
thermal stability [2,3].

The study of the elasto-plastic behaviour of this kind of alloy is
more complex than that of the pure « titanium, both experimen-
tally and in terms of modelling. These alloys display two complex
phases [4]; the micro- and mesoscopic properties of which as well
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as their incidence on the overall behaviour are misunderstood and
thus poorly mastered. A significant number of scientific challenges
remain unresolved regarding plasticity of these f-metastable tita-
nium alloys. They show alpha and beta phases, respectively hex-
agonal and body-centred cubic crystallographic structures, with
different volume ratio and grain morphology depending on the
undergone thermal or thermomechanical treatments and on the
nature and the quantity of alloying elements [4—7]. The deforma-
tion of hexagonal structure materials, like the alpha phase Ti-alloys,
is complex due to the multiplicity of possible slip modes: prismatic,
basal or pyramidal (48 possible systems, if the two directions of
each slip mode are considered). Regarding the cubic phase, the
deformation can be accommodated thanks to 96 slip systems on
{110}, {112} and {123} planes [8—10]. Since slips activation order is
disrupted due to interaction between phases, it is difficult to
establish a clear hierarchy between deformation modes for each
phase. Indeed, the results obtained on the single-phase Ti-alloys
[11—14] cannot be directly applied to multiphase ones. In addition,
there are very few studies related to the beta phase of Ti-alloys
[7,8,15,16].

Residual stresses can occur through a variety of mechanisms
including plastic deformations, temperature gradients or structural
changes [17,18]. At grain scale, residual stresses arise as a
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consequence of the mechanical anisotropy of the crystals, influ-
encing the material properties. Therefore, the control of the re-
sidual stress distribution within the material is mandatory for
optimizing the behaviour and durability of structural parts. Many
studies, accounting for a realistic description of the microstructure
of the material through scales transition models, have been con-
ducted to predict the micro-mechanical behaviour of titanium al-
loys during plastic deformation. In-situ diffraction experiments are
often used to facilitate the choice of the best set of model param-
eters [8,9,12,14] and thus validate the models. In the present paper,
experimental and theoretical investigations of intergranular strain
evolution in Ti-f21S samples during plastic deformation are per-
formed. Diffraction methods are helpful techniques to characterize
the mechanical state of polycrystalline materials at the grain level.
In situ time-of-flight (TOF) neutron diffraction was used to measure
changes in the d-spacings of lattice planes during tensile loading
experiments due to its ability to measure intergranular strains.
Besides, predictive scales transition models provide a powerful
numerical tool for interpreting the experimental data collected
owing to diffraction methods and thus enabling to understand how
intergranular strains are generated. These elastic strain fields are
related to deformation mechanisms that dependent on the crys-
tallographic structure. The experimental part was thus com-
plemented by a two-phase Elasto-Plastic Self-Consistent (EPSC)
model used to describe quantitatively the material parameters
(single crystal elastic constants (SECs), critical resolved shear
stresses (CRSSs) ...). The purpose of this study is to combine
experimental observations (tensile tests and neutron diffraction)
with the predictions of the EPSC model in order to explain the
plastic behaviour of Ti-B218S. In other words, this coupled approach
will provide a better understanding and interpretation of experi-
mental results. For example, this will enable us to identify the slip
systems responsible of the plastic activity within each phase.

2. Experimental study and results
2.1. Ti-(21S titanium material

The investigated Ti-f21S titanium alloy used in this work was
provided by Goodfellow Company (France) in a rolled plate form
(200 mm x 100 mm x 0.5 mm). Its chemical composition, in weight
%, is: Mo (15), Nb (3), Al (3), Si (0.2), with balance Ti. Due to this
proportion of alloying elements, Ti-f21S is a quasi- §§ alloy. The
material microstructure exhibits equiaxed B grains with a mean
size between 25 and 30 pm. However, o precipitates are still visible
along the B grains boundaries as usually observed in some f
metastable titanium alloys [19,20]. In order to study the anisotropy
induced by the machining of the plate and thus, the influence of the
loading direction, samples were cut both along the rolling (RD) and
transverse (TD) directions of the sheet, as shown on Fig. 1. These
samples will be denoted in the following text “RD-sample” and
“TD-sample”, respectively.

2.2. Material analysis

2.2.1. Texture

Texture measurements were performed on the as-received
material at the GEM beamline at the ISIS facility neutron spall-
ation source, Rutherford Appleton Laboratory (Didcot, UK). Detailed
information about the instrument, the measurement technique and
the sample geometry used to determine the crystallographic
texture can be found in Refs. [21,22]. Only the texture of the f-phase
has been successfully measured. The volume fraction of the a-
phase in the studied alloy is not high enough to permit measure-
ment of the crystallographic texture of this phase. Fig. 2 displays the
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Fig. 1. Schematic view showing dimensions (in mm) of the samples used in diffraction
experiments.

3 {200} and {222} pole figures. These measurements show that the
B-phase exhibits a weak texture: the highest intensity on the pole
figures is actually only 2.04 multiples of a random distribution
(mrd).

2.2.2. Volume fraction of the constituting phases

An X-ray technique based on the procedure developed by
Averbach and Cohen [23] was used to determine the volume frac-
tion of each phase. This procedure, more commonly known as the
“direct comparison” method is applicable to randomly oriented or
non-textured materials, where the integrated intensity from any
diffraction peak is proportional to the volume fraction of the cor-
responding phase. Full information about this procedure can be
found in Refs. [23—26]. One can note that for a textured sample, the
intensity of a Bragg reflection does not only depend on the volume
fraction of the diffracting phase, but also on its preferred crystal-
lographic orientations. In this case, others methods can be used to
correct the influence of texture on the quantitative phase analysis
[24,25,27]. In order to determine the volume fraction of the phases
constituting the studied samples, diffractograms were recorded
from the as-received material on a four-circle XRD3003PTS Seifert
goniometer using Cu Ko radiation. Several measurements were
performed at different sample surface positions. The collected dif-
fractograms present strong similarities in terms of peak intensity
and 26#-angle values, whatever the position on the surface of the
specimen. This result confirms the homogeneity of the material.
Fig. 3 shows one of these diffraction patterns. Due to the weak
texture of the B-phase and the lack of texture knowledge for the a-
phase, the actual volume fraction of each phase was determined by
means of the classic direct comparison method of Averbach and
Cohen [23]. The {11.0} and {20.1} peaks of the a-phase were less
intense; thus, they were not exploited. As a consequence, the {10.0}
and {10.1} reflecting lines were considered for this phase, instead.
For the B-phase, {110}, {200} and {211} reflections were selected
since their relative intensities are similar to those obtained in the
case of analysis achieved on powder samples. According to the
direct comparison method [23], the ratio between volume fraction
of « and B phases is proportional to that between the intensities of o
and P peaks. Indeed, for a lattice plane {hkl} of a given phase i, the
integrated intensity I;Ikz is proportional to the volume fraction f' of
this phase according to expression (1) below [23,25,27]:

lhyg = KR} f! (1

where K is a constant factor connected with the measurement
conditions (intensity and wavelength of the incident beam, mass
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Fig. 3. Indexed diffraction pattern obtained with a four-circle XRD3003PTS Seifert goniometer using Cu Ke. radiation, for the as-received material.

and charge of electron, diffractometer radius, ...). Thus, K is inde-
pendent of the investigated material. Besides, RL,d is the reflectivity
of the considered {hkl} lattice plane. Detailed expression of the
reflectivity can be found in Refs. [23,25]. By writing the expression
(1) of the integrated intensity for o and 3 phases (i = «, ) and by
making the ratio of the two relations obtained, one can find:

. R
fﬁ:% hklfoc (2)

het RE

Knowing that f* + f# = 1, the volume fraction of the a-phase
can be expressed, for the chosen Bragg reflections, as:

-1
. R
fa: 1+M hkl) (3)
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This method was conducted to determine the volume fraction of
the a-phase which was found equal to f* = 10 + 1%. As a conse-
quence, the volume fraction of the main B-phase is equal to the
complement: =90 + 1%.

2.2.3. Residual stresses
Some analyses have also been carried out using X-ray diffraction
techniques to assess the residual stresses in the as-received

samples. A y-type goniometric assembly with Cu Ka radiation was
used. The {321} plane family of the B-phase was studied at
26 = 125°. Diffractograms were recorded for 16 tilt angles y varying
between —48° and 45° and for two azimuthal angles: ¢ = 0° and
90°. The direction ¢ = 0° corresponds to the rolling direction. The
set of diffraction peaks obtained for all the tilt angles were fitted
simultaneously with a pseudo-Voigt function which takes into ac-
count the Kal—Koa2 contribution. The centroid of the fitted
diffraction line was taken as the peak position. For each diffraction
peak, background was fitted through a polynomial function. The
measurement ranges were chosen in order to cover an adequate
number of points for a complete description of peak tails and
background. The X-ray elastic constants
(51{321} = —3.2 x 1078 MPa, % $,{321} = 13.7 x 1078 MPa™ 1),
needful for the stresses determination, were calculated with an
elastic self-consistent model [18]. The normal residual stresses
were 1 + 19 MPa and —17 + 24 MPa in the RD and TD directions,
respectively. The corresponding shear residual stresses
were —1 + 4 MPa and 18 + 5 MPa, respectively; values which are
relatively low. The {321} peak integral widths were 0.463 + 0.070°
and 0.719 + 0.155° in the RD and TD directions, respectively. These
low values of integral widths show that our samples were initially
weakly strain-hardened. According to all these results, residual
stress removal was not mandatory prior to performing further in-
vestigations and they did not play a key role on the elastoplastic



behaviour. As a consequence, the samples were not annealed but
were directly used for the in situ tensile tests described below.

2.3. In situ tensile tests and results

Neutron diffraction measurements were performed on the
ENGIN-X beamline at the ISIS facility [28], using a 100 kN Instron
universal testing machine. The ENGIN-X instrument presents a
horizontal loading axis positioned at 45° to the incident beam. Two
detector banks are set up horizontally and at angles +90° to the
incident beam, enabling simultaneous measurements of lattice
strains from plane families lying parallel (loading direction, LD) and
perpendicular (transverse direction, TD) to loading direction of the
samples (Fig. 4). The Time-Of-Flight (TOF) technique enables col-
lecting simultaneously an entire diffraction pattern (effective d-
spacing range from 0.88 to 2.63 A) by each detector, owing to the
specificity of the neutron beam. The detector banks cover +14° in
the horizontal plane and +21° in the vertical plane [28]. An
extensometer was attached to the sample in order to make it
possible to accurately measure the macroscopic strains experi-
enced by the investigated specimen.

The specimens were subjected to a displacement controlled
regime. A series of increasing uniaxial tensile loads was then
applied as shown in Fig. 5. At each measurement point, a rapid
stress relaxation (less than 50 MPa) was observed after loading of
the specimen. For this reason, it is the measured points after
relaxation which will be modelled, since this macroscopic me-
chanical state actually corresponds to that experienced by the
material when the positions of the diffracting lines are gathered.
The recording time was about 150 min for each measurement at a
given macroscopic strain to obtain a good signal to noise ratio. Fig. 6
shows a typical measured diffraction pattern. Plane families {211},
{200} and {110} of the B-phase only were exploitable. The lack of a-
phase reflections should be related to its low volume fraction, and
correspondly, to low diffracted intensities. Non-indexed peaks
observed in Fig. 6 at TOF = 37.5, 38.2 and 43 ms are parasite peaks
induced by the crystalline sample holder material.

Single peak fitting was performed using the Open Genie code
[29]. For each analysed peak, the elastic strain (e'(¢, y, hkl))y4 of a
group of grains with a common {hkl} plane-normal parallel to the
diffraction vector can be found from the measured lattice spacing
(d(¢,y, hkl))yq and a reference lattice spacing dg(hkl), using the

Moderator

Fig. 4. Three-dimensional representation of the neutron diffraction instrument
ENGIN-X (ISIS facility, UK). Strains are measured along the diffraction vectors Q; and
Q.. The volume of the sample explored by the instrument corresponds to the inter-
section of incident and diffracted beams.

following expression:

d ,hkl — do(hkl
<e”(<ﬂ,x//, h1<1)>Vd:< (o, ¥, do)(?ﬁz) o(hkl) @

where v is the declination angle and ¢ denotes the rotation of the
specimen around the specimen surface normal [18,30]. The refer-
ence point for this calculation is the initially measured dg(hkl) for
each lattice plane before deformation (prior to external mechanical
loading) of the material. ()y4 represents the volume average oper-
ation over the set of diffracting grains for the {hkl} reflection
considered.

The lattice strains obtained were plotted as a function of the
macroscopic strain (Fig. 7). Uncertainties calculated on the
measured lattice strains are relatively low and vary from +85 to
+485 micro-strains (10~%). These results show the various behav-
iours in terms of deformation (due to the plastic anisotropy) of the
principal families of grains {hkl}. According to the analysed plane
family, crystallites groups have different crystallographic orienta-
tions. These crystallites activate different deformation modes, more
or less intensively according to their orientation with respect to the
loading axis. Initially, at the beginning of the loading, the material is
in the elastic domain. There is therefore a linear variation of the
measured lattice strains as a function of the applied macroscopic
stress. Due to the elastic anisotropy, each crystallite group partici-
pating in the diffracting volume will present a behaviour more or
less stiffer. For example, the stiffest plane families {211} and {110}
show the lowest deformations in the elastic domain. On the con-
trary, the crystallite group corresponding to {200} which is less
rigid, experiences more strains. Since the elastic behaviour is linear
and especially due to the limited allocated beamtime, only three
measurement points were chosen to characterize the elastic
domain. More recording time was then spent to investigate the
plastic domain, and specifically the elasto-plastic transition. The
elasto-plastic transition is a second stage which is characterized by
the deviation from linearity of the stress vs strain curve. This de-
viation indicates the onset of plastic deformation, well observed by
a slight increase of lattice strains as a function of the applied load.
An increase of elastic deformation therefore occurs in other grains
which recover a part of the stress due to load transfer.

3. Elastoplastic self-consistent modelling

EPSC models are a useful approach for modelling the mechanics
of polycrystalline materials. The principles for using the self-
consistent model to predict elastoplastic deformation were histor-
ically proposed by Kroner [31] and Hill [32]. In this context, each
grain is considered as an ellipsoidal inclusion in a Homogeneous
Effective Medium (HEM), whose properties are the average of all
the other grains in the aggregate [33]. The polycrystal is repre-
sented by a weighted discrete distribution of orientations. A brief
description is given below.

3.1. Single crystal plasticity

In the case of two-phase materials, single crystal plasticity of
each phase is described in the same way as for single phase ma-
terials. In this work, the model developed in Refs. [34,35] is used
and extended to two-phase materials. A detailed description of the
EPSC model can be found in Refs. [36—38]. Owing to the study
carried out in this work, the small strain formulation is sufficient
because the macroscopic deformations are low (<10%). At such
deformation levels, lattice rotation (reorientation by slip) and
texture changes are limited. Therefore they will be neglected
within the simulations.
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The plastic flow can take place in a grain when the Schmid
criterion is verified, i.e. slip (or twinning) occurs if the resolved
shear stress 8 on a system g is equal to the critical value 7%
depending on the hardening state of the slip system. This necessary
condition is nevertheless insufficient. Thus, the complementary
condition, which states that the increment of the resolved shear
stress must be equal to the incremental rate of the CRSS, has to be
checked simultaneously. The resolved shear stress is defined as the
projection of the mesoscopic stress tensor ¢! on the considered
deformation system. In small strain formulation, one has:

=R .l=2and € =R . ¢!l = 8 (5)

where RS is the Schmid tensor on a system g. A:B denotes the
double scalar product AjjBimn using the Einstein summation
convention.

The main issue to overcome is to determine which combination
of deformation systems will actually be activated at each step of the
plastic deformation path. Therefore, all possible combinations of
potentially active systems should be scanned to find one that sat-
isfies both the previous conditions (Eq. (5)) simultaneously.
Because this must be done at each strain increment, running time
considerations becomes one of the main technical issues of the
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Fig. 7. Measured lattice strain for both RD- and TD samples in the loading direction (e: {211}, m: {200}, A: {110}) and transverse direction (¢: {211}, O0: {200}, A: {110}) as a function

of the macroscopic strain.



model. Moreover, this method can give several equivalent solutions
for some hardening matrices [39]. In order to overcome these is-
sues, Franz et al. [40,41] proposed a new formulation to determine
the slip system activity in the elastoplastic regime. The accuracy of
the simulations was also evaluated at the meso- and macroscopic
levels by referring to mechanical experiments (tensile tests,
neutron diffraction) [35]. It should be noticed that the “classic”
EPSC model and the modified one provide similar results: the main
active systems, predicted texture and residual strains are similar
[42]. Based on Refs. [40,41], the slip rate ¥8 on a system g can be
expressed by:

8 = K& (78, 7%)78 (6)

The slip rate is linked to the resolved shear stress rate 7 through
a function K& which is given by Refs. [40,41]:

e gt (09 (3 (1 m(x(5 1)) (o

+ th(%g)))%g
(7)

where H2 is the self-hardening parameter and k is a numerical
parameter. The hyperbolic tangent (th) function [40,41] was tested
and used because it enables the mechanical and hardening be-
haviours observed in practice to be reproduced.

The strain rate ¢ can be decomposed into its elastic (¢"¢) and
plastic (¢/P) parts:

The plastic strain rate P is related to the tensor K& and the slip
rate ¥& of a system g by the expression

P =7 REyE (9)
4

The slip rate of an active system g can be linked to the meso-
scopic stress rate by the following equation:

8 = K8+ — K&RE : ¢! (without summation over g) (10)

Using the classical generalized Hooke's law and Eq. (10), the slip
rate on a system g becomes:

8 = KERE : ¢ : e (11)

where c stands for the SECs (Single Crystal Elastic Constants) tensor.
With Egs. (8), (9) and (11), one obtains, after calculations, the
following relation:

1
8 = Xh:(agh +KERE ¢ RM) KMRM i o (12)

In Eq. (12), gy is the Kronecker's delta.

A hardening matrix H8" was introduced to describe the evolu-
tion of the CRSS rate in a system g, as a function of the plastic slip on
the other systems:

n
H=> H&"4"'(n being the number of active systems) (13)
h=1

3.2. Two-phase EPSC model

The single phase EPSC code [34,35] has been rewritten in
Mathematica 8.0 software and adapted to two-phase poly-
crystalline materials. For a given phase i (i = o or B), the relation
between the stress rate ¢! and the strain rate ¢/ can be written for

the mesoscopic scale as follows:
é_lli _ li . éIIi (14)

where [ is the tensor of the elastoplastic tangent moduli of a single
crystal of the phase i. Its expression can be found with relations (8),
(12) and (13) and the classical generalized Hooke's law:

. . . L . A —1 L .
FQ@)=c-> "> c:R8 (5g,, + K&RS : ¢t R’“) KMR . ¢
g h

(15)

At the pseudo-macroscopic scale (phase's scale) and the
macroscopic one, the corresponding relations between the stress
rate (¢! and ¢/, respectively) and the strain rate (¢! andé!, respec-
tively) are:

ot =1l (16)

o =L:& (17)

L and L are the tensors of the elastoplastic tangent moduli of the
phase i and the polycrystal, respectively. The mesoscopic strain and
stress rates of a single crystal of a phase i can be obtained through
the localization A" and concentration B' tensors:

G _ [SEsh 1 <li 7L> +1}71 el = AlL (18)

Gl i . [SEsh 1. <li 7L> +IT] L.l — B gl (19)

where | is the fourth-order identity tensor, whereas SE" is the
Eshelby tensor. The pseudo-macroscopic and macroscopic me-
chanical properties are obtained by the following volume averages
over the mesoscopic properties:

Gl — <éni>i ol = <(~711i>‘ (20)

1

o — <éni>w ol = <d"i>a,/3 (21)

After some algebraic calculations, Egs. (14), (18) and (20) give
the pseudo-macroscopic elastoplastic tangent moduli tensor of the
phase i:

e (rfo () o)

: <[555h Lt (11 ,L) +1}7]>;1 (22)
The overall elastoplastic tangent moduli tensor is given by:
I <,f: [SEsh 1. (LL) +1]_]>w (23)

Eq. (23) is a non-linear implicit equation, because the Eshelby
tensor depends on the unknown L in the framework of EPSC theory.
The Eshelby tensor S™" is calculated by an integral equation [37],
which fully takes the plastic anisotropy into account. This Eq. (23) is



solved iteratively (as in the elastic case [30]) at each incremental
loading step of the calculation.

4. Model parameters

The purpose of this study is to find a single set of material pa-
rameters to simultaneously describe the entire data set (i.e., the
macroscopic stress—strain curve and the lattice strains measured
on the various available reflections) in two principal directions and
for the two kinds of samples (RD-sample and TD-sample). Table 1
summarizes the main parameters of the model. Accordingly, the
volume fraction of each phase determined in the previous Section 2
was taken into account. Experimental pole figures of the B-phase
were used to generate an orientation distribution function. A set of
1000 grain orientations weighted by the measured volume fraction
has been selected from the experimental orientation distribution
function (ODF) and used to model the texture of the B-phase. The -
phase was represented by a weighted discrete distribution (1000
grains) of random orientations (Euler angles (@1, ¢, ¢2)). These
numbers of grains are sufficient to describe correctly the experi-
mental data (X-ray or neutron measurements) of two-phase tita-
nium materials [8,9]. For the two phases each grain is considered as
a spherical inclusion, as observed experimentally. The k value (Eq.
(7)) is determined by comparison with a “classic” EPSC model un-
der monotonic deformation (in terms of main active deformation
systems and crystal reorientation). For all simulations, k is fixed to
25. The CRSSs are taken as identical for all equivalent systems of a
system type. The deformation systems introduced in the model are
assumed to be: basal slip (denoted B<a>), prismatic slip (P<a>),
pyramidal slips (ITy<a> and Ilj<c + a>). The second-order pyra-
midal slip IT,<c + a> is not considered in our simulations. Indeed,
this slip system was not (or rarely) experimentally observed as
significantly active during the plastic deformation of two-phase
titanium alloys [43,44]. Without assumption, there are 576 (=
24 x 24) elements in the H&" matrix (Eq. (13)) for the a-phase and
2304 (= 48 x 48) for the B-phase, that need to be specified. To
obtain a usable description of hardening, we opted for a more
simplified form to keep a reasonable number of parameters. Thus,
the following form is assumed for the hardening matrix [45]:

Heh = qHMh (24)

Owing to a lack of relevant data on the nature of latent hard-
ening in titanium alloys, the interactions between different defor-
mation modes should be described by a simple law. The factor q
determines the degree of latent hardening and is taken to be con-
stant and fixed to a value of q¢ = 1.3 for the simulations. In the
present calculations, the constant value of H (for a given defor-
mation mode g) and g assumed for the plastic deformation lead to a
linear hardening law. With these assumptions, apart from the factor
q, only 4 parameters (H38 values for the 4 deformation modes) are
sufficient to describe the H&" matrix for the a-phase and 3 others
(H®8 values for the 3 deformation modes) for the B-phase.

In EPSC models, the most significant parameters are the SECs

Table 1

The main parameters of the model.
Parameters a-phase B-phase
Volume fraction 10% 90%
Number of grains 1000 1000
Grains morphology equiaxed equiaxed
Crystallographic texture isotropic experimental

SECs
CRSS

Hardening parameters

to be determined
to be determined
to be determined

to be determined
to be determined
to be determined

Table 2
CRSSs () and self-hardening (H88) values used in the simulations.
Phases Slip system 7c(MPa) H8&(MPa)
a-phase B<a> 250 110
P<a> 220 100
IIi<a> 350 170
II1<c + a> 400 180
B-phase {110}<111> 310 160
{112}<111> 330 170
{123}<111> 350 180

and CRSSs [8]. The experimental yield strength and curvature of the
elastic—plastic transition at both diffracting volume and macro-
scopic scales were used as the fitting criteria to determine the best
set of CRSS and self-hardening values for each phase. The final
values that give the optimum agreement between the measured
and predicted results were summed up in Table 2.

The SECs used for the a-phase in this model are: cj; = ¢y =
168 GPa, c15 = 94.5 GPa, c13 = 69.3 GPa, c33 = 190.5 GPa and cy44 =
48.8 GPa [46]. While there is agreement in the literature
[8,14,46,47] for the SECs of the a-phase, the Ti-B SECs often strongly
vary from one reference to another. The wide values of the SECs of
the B-phase existing in the literature may be related to the nature
and proportions of alloying elements that are present in this phase:
both actually vary a lot from one alloy to another, contrary to the
case of the a-phase. Table 3 summarizes some SECs of titanium f-
phase published in the literature [8,19,48—50]. Figs. 8 and 9 show,
for the RD-sample, the influence of these values on the macroscopic
stress—strain curves and the lattice strain evolution of the B ana-
lysed plane families in the loading direction, respectively. Large
changes of the macroscopic behaviour (especially during the elastic
regime) depending on the choice of B SECs were observed. Indeed,
due to the high volume fraction of the B-phase, the choice of its

Table 3
Some literature single-crystal elastic constants (SECs) in GPa for the B-phase of
titanium.

Materials Label c11 C12 Caq Refs
Ti-17 B_SECs_FREO5 1740 116.0 41.0 [48]
Ti-B B_SECs_LED04 99.7 827 375 [49]
Ti-B B_SECs_PET91 1340 1100 36.0 [50]
Ti-B21S B_SECs_HER11 153.0 101.0 57.0 [19]

Ti-10-2-3 (forged) B_SECs_RAGO7F 140.0 128.0 50.0 [8]
Ti-10-2-3 (forged and aged) P_SECs_RAGO7A 165.0 118.0 450 [8]
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Fig. 8. Influence of the B SECs on the macroscopic stress—strain curves of the RD-
sample.
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Fig. 9. Influence of the  SECs on the lattice strain of the B analysed planes family along
the loading direction of the RD-sample.

SECs significantly affects the macroscopic (elastic) behaviour of this
alloy. The Young's modulus varies from 60.6 GPa for SECs_LED04
values to 109.7 GPa for SECs_HER11 (see Table 3 for correspondence
between labels, bibliographic references and SECs values). Only the
single-crystal elastic constants SECs_FREO5 and SECs_RAGO7A
satisfactorily reproduce the measured macroscopic stress-strain
curve. For example, at the macroscopic total strain of 1.4%, the
relative deviations upon the applied stress are only —0.5 and 0.7%
for SECs_FREO5 and SECs_RAGO7A, respectively. However, the lat-
tice strain curves obtained by these latter deviate significantly from
the experimental values. For the same point (1.4% of macroscopic
strain) for example, the relative deviations upon the lattice strain of
the {200} family planes are —30.8 and 16.2% for SECs_FREO5 and
SECs_RAGO7A, respectively. Indeed, all these SECs (Table 3) do not
simultaneously reproduce the meso- and macroscopic properties.
For these reasons, the B-phase SECs were treated as additional
fitting parameters and adjusted until a reasonably good agreement

with the experimental data was reached at the diffracting volume
and macroscopic scales. The final B SECs values fitted to the
macroscopic and lattice strain behaviours in the models were:
c11 = 153.5 GPa, c1; = 109.7 GPa and c44 = 41.9 GPa. These values
are within the range of the data found in the literature for the f-
phase of various titanium alloys. The macroscopic and lattice strain
curves obtained for these values are shown on Figs. 8 and 9,
respectively. One can notice an improvement compared to the
curves obtained with the other SECs values (Table 3).

5. Results and discussions

Once all the model parameters were determined, the compari-
son between the results of our simulations and their experimental
counterparts was carried out for the RD-sample and TD-sample at
the macroscopic and diffracting volume scales. The results will be
presented and discussed in this section.

5.1. Model comparison with the experimental macroscopic response

Fig. 10 shows the comparison between the measured and pre-
dicted stress—strain curves for RD-sample and TD-sample. The
predicted and measured plastic slopes are identical up to 2% total
strain. The Young's modulus calculated for the two kinds of sample
are identical (89.9 GPa). This is due to the fact that equiaxed grains
were considered in the simulation along with an almost isotropic
crystallographic texture. The calculated Young's moduli are close to
the experimental ones (96.8 GPa for the RD-sample and 91.1 GPa for
the TD-sample). The model predictions for the macroscopic
response of Ti-$21S are in good agreement with the experiment.
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Fig. 10. Comparison between modelled and measured macroscopic stress—strain
curves. Dots indicate neutron measurement points which are modelled in this study.
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Fig. 11. Longitudinal (O: experiment, smmm: model) and transverse (0: experiment, = ==: model) lattice strains vs. macroscopic strain for the  {hkl} plane families analysed.

5.2. Model comparison with the experimental lattice response

The development of the elastic strains in different grain orien-
tations can be used as a useful and sensitive sensor of plasticity.
Fig. 11 shows the longitudinal and transverse lattice strains vs.
macroscopic strain for the B {hkl} reflections. At the mesoscopic
scale, lattice responses are also similar for the two samples for the
same reasons as discussed previously for the macroscopic response.
However, different elastic and plastic responses were observed for
each investigated grain family. Indeed, when a polycrystalline
aggregate is submitted to a uniaxial loading in the elastic region,
the lattice strains develop linearly with load up to the point of
micro yielding. Owing to their inherent elastic anisotropy and their
range of possible crystallographic orientations, there is a significant
difference in the elastic response for each grain family (i.e., all
grains with a particular {hkl} plane perpendicular to the scattering
vector Q for the given detector bank). When plastic deformation

occurs, slip activity is initiated in certain grains similarly orientated.
The imposed deformation is plastically accommodated, and these
grains carry less load.

A good agreement is reached between experimental data and
model predictions in the longitudinal direction, except for the
{200} family planes for which the lattice strains are under-
estimated by the model (with a maximum relative deviation of
20.3% at 0.9% total strain for the RD-sample and 24.4% at 1% total
strain for the TD-sample). This deviation observed for the {200}
family planes could be due to the morphological texture effects.
Indeed, in our simulations, all crystallites (coherent diffraction
domains) are assumed to be spherical. The form of some crystallites
may be different from the equiaxed grain shape considered. This
family of planes is very influenced by the morphological texture
[30], this could explain these discrepancies. The low multiplicity of
this plan (and therefore less grains in diffraction position) and the
simplified description of the hardening may also explain these
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differences. Some authors encountered the same difficulties in the
literature to simulate the behaviour of the diffracting volume for
this plane. This is the case for example of Ti—10V—2Fe—3Al alloy
where Raghunathan et co-workers [8] obtained very significant
difference between the simulated lattice strain and the corre-
sponding values measured on synchrotron for {200}.

One can notice that the discrepancies between model calcula-
tions and measurements are globally more pronounced perpen-
dicularly to the tensile axis than in the longitudinal direction. Many
authors pointed out this problem [51—54]. Indeed, all grains with a
plane normal vector positioned along the transverse scattering
vector, for a given {hkl} reflection, have a common (hkl) plane
normal perpendicular to the loading axis. The grains which
participate in the reflection have widely varying crystallographic
orientations with respect to the loading axis. A grain rotation
around an axis perpendicular to the loading direction highly
changes the stiffness in the tensile direction and, thus, the strain
and stress state in the grain. For the considered {hkl} reflection, the
lattice strain of the diffracting grains shows wide variation. In the
longitudinal direction, grains which contribute to a given {hkl}
reflection are all oriented more-or-less identically relative to the
loading axis: all the grains have the identical lattice plane normal in
a direction parallel to the tensile axis. The lattice strains variation
for all grains in the diffracting volume along the longitudinal di-
rection is lower than that along the transverse direction within a
given {hkl} family. Consequently, the predicted transverse strains
are sensitive to small variations in the crystallographic texture
representation, unlike the longitudinal direction.

The model predicts the yielding of {211}, {200} and {110} B-
grains at 679 MPa (0.77% total strain) induced by the activation of
the 3 slip systems of this phase. For the RD-sample, the corre-
sponding lattice strains for the 3 B-grains families in the longitu-
dinal direction are 7339, 8833 and 7382 micro-strain (units of 10°)
respectively. In the transverse direction, the lattice strains corre-
sponding to the pB-grains yielding points are —2747, —3398
and —2346 micro-strains (10~%) respectively. For the TD-sample,
slight discrepancies are observed for the lattice strains corre-
sponding to the B-grains yielding points: 7363, 8831 and 7379
micro-strains (10~8) respectively in the longitudinal direction
and —2720, —3399 and —2280 micro-strains (10~%) respectively in
the transverse direction.

Fig. 12 shows the relative contribution of each deformation
mode of a- and B-phase to the total shear as a function of macro-
scopic deformation. The plastic activity is the same for the RD- and
TD-sample because of the crystallographic texture almost isotropic.
The plastic activity begins in the a-phase at 610 MPa (0.68% total
strain) with 51.8% P<a>, 43.7% B<a>, 4% Ilj<a> and 0.5%
II1<c + a>. In the B-phase, the plastic activity begins at 679 MPa
(0.77% total strain) with 46.8% {110}<111>, 47% {112}<111> and
6.2% {123}<111>. With the CRSS values chosen (see Table 2),
deformation is accommodated through B<a>, P<a>, II1<c + a>,
{110}<111> and {112}<111>. As it can be seen in Fig. 12, the relative
contributions of IT{<a> and {123}<111> are small, as observed by
Stapleton et al. [9]. In this work, the results obtained for specimens
cut in both directions (longitudinal and transverse) of the plate are
substantially similar. This is due, as mentioned above, to the crys-
tallographic texture almost isotropic and the equiaxed grain shape.
However, the model manages to capture these small differences at
the macroscopic and diffracting volume scales.

6. Conclusion

A complete study concerning the development and the evolu-
tion of internal strains under mechanical loading in a metastable f
alloy Ti—15Mo—3Nb—3AI-0.2Si (Ti-f21S) was made. Neutron
diffraction techniques in combination with a modified two-phase
EPSC model were used to interpret the lattice strain development
and to deduce the main active deformation modes during uniaxial
tensile tests. This capacity to measure intergranular strains pro-
vides a relevant experimental tool for understanding how inter-
granular strains are generated. Moreover, diffraction data offer a
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rigorous test for the models at meso- and macroscopic levels.

The results from the model agree well with the macroscopic
stress-strain curve and there is reasonable agreement with the
longitudinal and transverse lattice strains evolutions of the -
phase. This indicates that combinations of different material pa-
rameters (SECs, CRSSs, hardening matrix ...) determined in this
work are suitable for this alloy. Due to the wide values of the SECs of
the B-phase existing in the literature, their influence on the
macroscopic stress—strain curves and the lattice strain evolution
has been investigated in this work. The results show a strong in-
fluence of the SECs on plasticity, both on the macroscopic behaviour
and at the diffracting volume scale.
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