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Aluminium alloys are susceptible to stress corrosion cracking (SCC) in specific conditions, which can be asso­

ciated with hydrogen embrittlement (HE). Interrupted SCC tests are often performed to evaluate the suscepti­

bility of the samples to a specific environment under mechanical loading. Those tests consist in a pre-corrosion 

step, which can lead to hydrogen-precharging, followed by a tensile test in air. The present study, perfonned on a 

7046 aluminium alloy, confinned literature data showing that tensile tests in laboratory air on as-polished 

samples at sufficiently low strain rates led to a significant hydrogen ingress. Depending on the sample micro­

structure, varions hydrogen - dislocations and dislocations - microstructure interactions could be effective 

leading to a change in the tensile behaviour of the samples. Such a phenomenon cotùd lead to misinterpret the 

interrupted sec tests perfonned on hydrogen-precharged sarnples. In the present study, a corrected sec sus­

ceptibility factor was defined to better analyse the interrupted SCC tests. 

1. Introduction 

The automotive industry is increasingly subjected to standards 

requiring a major limitation of polluting emissions leading research and 

development policies to focus on the weight reduction of the vebide 

structure by replacing steels with aluminium alloys. In this respect, 7xxx 

(Al-Zn-Mg) aluminium alloys are a promising alternative, due to their 

high mechanical properties. However, they are also known to be sus­

ceptible to stress corrosion cracking (SCC) in some specific conditions. 

Therefore, a better understanding of the mechanisms involved in SCC 

conditions would contribute to a metallurgical optimisation of these 

alloys. Generally, cracks are initiated from defects in relation with 

forming processes or with localised corrosion (pitting or intergranular 

corrosion). These local defects can then evolve into cracks according to 

different types of damage mechanisms such as preferential dissolution of 

the grain boundaries for alloys susceptible to intergranular corrosion, 

stress concentration at the crack tip, with mechanisms assisted or not by 

hydrogen [1-3]. Concerning the 7xxx series aluminium alloys, many 

studies highlighted the effect of hydrogen during SCC mechanisms 

[ 4-8]. Classically, SCC behaviour of aluminium alloys is studied by slow 

strain rate tests (SSRT) in aqueous environment in order to exacerbate 

the role of the corrosive environment as well as the adsorption and the 
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diffusivity/transport of the absorbed species [9-11]. The main interest 

here is that SSRT promote hydrogen-dislocations interactions that 

constitute a key phenomenon for most of mechanisms proposed to 

describe SCC behaviour of aluminium alloys. Indeed, previous studies 

showed that hydrogen diffusion in the lattice or at grain boundaries 

could be slowed down due to hydrogen trapping on specific micro­

structural sites. These traps can be dassified as reversible (dislocations, 

vacancies [12], low-angle grain boundaries [13]) or irreversible (pre­

cipitates [8,14] and high-angle grain boundaries [15--17]). Conceming 

the specific case of dislocations, many experimental evidences showed 

reciprocal interactions between hydrogen and dislocations [18]. A 

decrease in the elastic interactions between dislocations was observed 

by transmission electron microscopy (TEM) in a 3 lOS hydrogenated 

steel, with a decrease in the distance between dislocations [18]. Evi­

dences of a hydrogen effect on dislocation motion in 7075, 7050 and 

high purity aluminium alloys were also observed [19-21]. Finally, it was 

also demonstrated that hydrogen could inhibit the cross-slip of dislo­

cations, promoting dislocation piling up [22,23]. 

Therefore, the manifest interactions between hydrogen and dislo­

cations contribute to explain the macroscopic damage observed after 

SCC exposure, generally associated with a decrease in the elongation to 

failure [6,21,24] and characterised by the occurrence of brittle 
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intergranular and transgranular fracture modes (quasi-cleavage) [24, 

25]. Among the esisting models, the most frequently mentioned are i) 

the hydrogen-induced dislocation emission (AIDE) mode! [26] based on 

hydrogen adsorption in the first atomic layers of the alloy promoting the 

emission of dislocations at the defect tip, and ii) the hydrogen-enhanced 

localised plasticity (HELP) mode! [27] that considers the formation of 

hydrogen Cottrell atrnospheres around dislocations leading finally to 

enhanced localised plasticity. 

For a better understanding of the SCC susceptibility of aluminium 

alloys, interrupted SCC tests are often performed. They consist in a pre­

corrosion step, which can correspond to hydrogen-precharging 

depending on the electrolyte and on the alloy, followed by a tensile 

test in air. However, some authors showed that moisi air could be 

associated with embrittlement of aluminium alloys. For example, stress 

corrosion crack growth rate of two low-copper Al-Zn-Mg-Cu alloys, i.e. 

AA 7079 and AA 7022 (0.6%--0. 9% Cu), and a high-copper alloy, i.e. AA 

7075 (1.5% Cu), was investigated by Knight et al. [28] in aqueous 

chloride and in moist air (AA: aluminium alloy). In moist air, the authors 

observed crack arrest markings indicating a discontinuous crack growth 

process, where the crack growth rate between markings could be related 

to the hydrogen arrivai lime (by diffusion or transport) up to the process 

zone, i.e the crack tip plastic zone. The authors highlighted that the 

rate-determining step was not how fast hydrogen content increased at 

the grain boundaries by diffusion, but rather the hydrogen embrittle­

ment mechanism occurring at the grain boundaries. More generally, at 

room temperature, a large body of evidence supports hydrogen envi­

ronment embrittlement CHEE) as the mechanistic process goveming 

environment-enhanced fatigue crack growth behaviour in aluminium 

alloys in the presence of water vapor; such embrittlement is observed 

even at low PH20 values [29-32]. Indeed, Kannan et al. [11] carried out 

SSRT tests in glycerin and in laboratory air leading to highlight 

hydrogen absorption from air moisture related to increased degradation. 

Furthermore, works performed by Holroyd et al. [33] and Mueller et al. 

[34] focused on the reversibility of HE depending on the strain rate and 

the testing environment, in particular for SSRT tests performed in lab­

oratory air on hydrogen-precharged samples; the authors demonstrated 

that laboratory air might counteract the properties recovery, clearly 

showing that laboratory air was definitively not an inert atmosphere. 

The influence of the testing environment on !ensile tests results was also 

studied more recently by Dey et al. [35]. 

In this framework, the present study attempts to provide a better 

understanding of hydrogen-dislocation interactions and their role on the 

Joss of mechanical properties for a hydrogen-embrittled low-copper 

aluminium alloy. Tensile tests were carried out in laboratory air under 

controlled moisture (relative humidity of about 60 %) at various strain 

rates for an AA 7046 considered at two different metallurgical states, 

after hydrogen pre-charging in NaCI solution. Reference tests corre­

sponded to tensile tests in the same environment as previously (i.e., 

laboratory air under controlled moisture) without hydrogen­

precharging. However, considering the results obtained by different 

authors [33-36] relative to SSRT tests performed in laboratory air, the 

influence of this specific environment during !ensile tests, in particular 

those at low strain rate, was also investigated to help in the interpre­

tation of the results obtained for the hydrogen-precharged samples. 

2. Experimental procedure 

2.1. Materials and specimen preparati.on 

2.1.1. Material and microstructure characterisati.on 

In the present work, 2-mm thick sheets of a 7046 aluminium alloy 

(AA 7046) were studied (Constellium Research center, France). The 

chemical composition of the alloy was Zn (7.4 ± 0.2), Mg (1.5 ± 0.1), Cu 

(0.16 ± 0.02), Fe (0.20 ± 0.08), other elements ( <0.1) and Al (balance) 

(in wt. %); such a composition corresponded to a low-Cu alloy. The 

reference metallurgical state, T4, was hot rolled, cold rolled, solution 

heat treated and then stored at room temperature for two weeks until 

microstructure stabilisation. The second metallurgical state, named 

150/20, was obtained from T4 sheets by applying an artificial ageing 

treatment at 150 °C for 20 h. The mechanical properties of both 

metallurgical states are presented in the following; significant differ­

ences in their yield strength and ultimate !ensile strength are shown. As 

pointed out by Holroyd in his review paper [37], the comparison of the 

HE susceptibility of different aluminium alloys is relevant for alloys with 

similar mechanical resistance. In this paper, the aim was not to conclude 

about an improvement of the HE susceptibility depending on the heat 

treatment, but to study the hydrogen-dislocation interactions to help in 

analysing the results of interrupted tensile tests performed for 

hydrogen-precharged samples. 

Optical microscopy (OM, Olympus PMG3) and scanning electron 

microscopy (SEM LEO435VP) coupled with energy dispersive X-ray 

spectroscopy (EDS IMIX analyser) were used to characterise the coarse 

precipitation. The samples were mechanically ground with SiC paper 

from grade 1200 to grade 2400, then polished with 9 µm and 3 µm 

diamond paste, rinsed in distilled water for 30 s in an ultrasonic bath and 

finally air-dried. Distilled water was used as lubricant during the pol­

ishing step. For microstructure characterisation at a finer scale, TEM 

(JEOL-JEM-2010) was used. The samples were eut as dises of 3 mm in 

diameter after having been abraded using SiC paper (grade 1200) until a 

thickness of 100 µm. These dises were finally electropolished in a 

TenuPol-5 solution (CH3OH: 900 mL, HNO3: 300 mL) at -15 °c. The 

precipitates were also characterised by EDX analyses with a spot size 

varying from 1.5 to 30 nm and by plotting their electron diffraction 

patterns. 

2.1.2. Tensile specimen preparati.on 

Tensile samples were directly machined in the 2-mm thick sheets by 

electro-erosion in order to provide samples with a gauge length of 23 

mm and a width of 3 mm, as described in a previous paper [24 J. The 

loading direction was the long-transverse (LT) direction of the sheet. 

Before each tensile test, the samples were mechanically ground with SiC 

paper (grade 1200) to remove the zone affected by the electro-erosion 

process. They were then polished with 9 µm and 3 µm diamond paste 

with distilled water as lubricant, rinsed in distilled water for 30 s in an 

ultrasonic bath and finally air-dried. 

2.2. Hydrogen-precharging and hydrogen content measurements 

2.2.1. Hydrogen-precharging 

Hydrogen-precharging corresponded to an immersion of the samples 

at their corrosion potential (Ecorrl in a 0.6 M NaCI solution. Two types of 

samples were used, i.e. parallepipedic coupons and !ensile samples. For 

tensile samples, only the gauge length was exposed to the electrolyte, 

the heads and edges being protected by silicone. The exposed surface 

area was 15 x 3 mm2 for the two types of samples, corresponding to the 

L-LT plane (L, longitudinal and LT, long-transverse). The temperature of 

both the laboratory and the electrolyte was maintained at 25 °C and 

samples were tested (for hydrogen amount measurements and tensile 

tests) Jess than 5 min after hydrogen-precharging. Samples that were not 

hydrogen-precharged in NaCI before the !ensile tests are referred to as 

"as-polished" samples. 

2.2.2. Hydrogen amount measurements 

The global hydrogen amount contained in the samples was measured 

using a Bruker G8 GAlILEO Instrumental Gas Analyser (!GA). The 

samples were melted in graphite crucibles and the hydrogen amount was 

quantified by a catharometric method with Argon as vector gaz. For this 

study, the setup allowed a sensitivity of 0.5 ppm for samples of 

approximately 300 mg. The near surface of the samples was slightly dry­

polished using a 2400 SiC paper before the measurement in order to 

limit the presence of hydrogen related to the formation of a thin hy­

drated oxide film during the immersion in NaCI solution [38]. Each 
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measurement was repeated at least two times. 

2.3. Tensile tests 

A first set of tensile tests was carried out at strain rates within the 

range of 10-3 to 10-6 s-1 at room temperature in laboratory air with 

controlled moisture (relative humidity of about 60 %) on a dual column 

MI'S testing machine with a frame capacity of 30 kN. The strain was 

measured by contact extensometers during the tensile tests. As-polished 

(i.e., samples without exposure to NaCl) and hydrogen-precharged 

samples were tested in order to highlight the effects of hydrogen on 

the mechanical properties and fracture surfaces observed by SEM. Then, 

a second set of !ensile tests was performed on as-polished samples under 

vacuum, i.e. 1.10-5 mbar, in order to evaluate the effect of hydrogen 

from moisi air on the !ensile curves. For those tests under vacuum, a MI'S 

testing machine with a frame capacity of 5 kN was used and tests were 

carried out in an environmental test chamber. The sample strain was 

measured by means of a laser extensometer. Il is of major importance 

here to note that additional !ensile tests in laboratory air were per­

formed for as-polished samples using this experimental setup, i.e. the 

MTS testing machine with the 5 kN frame capacity, in order to allow a 

relevant comparison between tensile tests in air and under vacuum for 

as-polished samples. The only difference was the techniques used to 

measure the sample strain, i.e. by means of a laser extensometer for 

under-vacuum tests, as said above, and by contact extensometers for 

tests in air. As mentioned later in the results section, this did not inter­

fere with the robustness of the conclusions drawn from the results. 

3. Results and discussion 

3.1. Hydrogen-precharging in NaCl solution 

Prior to the !ensile tests, coupons (L-LT surfaces) ofboth T4 and 150/ 

20 samples of AA 7046 were immersed in a 0.6 M NaCl solution al their 

corrosion potential. Those preliminary immersion tests were perlonned 

for durations between 1 and 72 h. Due to the high chloride content of the 

electrolyte, they led to the growth of corrosion defects. The aim here was 

to take advantage of the susceptibility to localised corrosion of AA 7046 

in order to introduce hydrogen in both T4 and 150/20 samples. Indeed, 

it is well known that localised corrosion mechanisms imply a local 

acidification step inside the corrosion defects associated with an exac­

erbated proton reduction, and finally with the adsorption and diffusion 

of hydrogen into the metal lattice [1---S]. After the immersion tests, 

global hydrogen amount was measured in order to establish a rela­

tionship between the global hydrogen amount inserted into the samples 

and the immersion duration lime in NaCI. 

After 1 h of exposure, only matrix dissolution (not shown) was 

observed for both T4 and 150/20 samples around coarse precipitates, i. 

e. Al3Fe and Al3Ti, that are nobler than the matrix and act as cathodic 

sites [8]. After 72 h of exposure, pitting corrosion occurred for T4 state 

(Fig. la), whereas only matrix dissolution was observed for 150/20 

sample (Fig. lb). This difference in corrosion behaviour was explained 

by the presence for 150/20 samples ofintragranular MgZn2 precipitates 

(Fig. 2b), that were not present in the T4 samples (Fig. 2a). Indeed, 

several works showed that the presence of magnesium and zinc in solid 

solution contributed to reduce the corrosion potential of the matrix 

[39-42]. Moreover, it is also known that zinc in solid solution decreases 

the breakdown resistance of the Al2O3 passive layer. Consequently, the 

precipitation of intragranular MgZn2 precipitates during the heat 

treatment at 150 °C led to an increase in the corrosion potential of the 

matrix, so that the gap between the corrosion potential of coarse pre­

cipitates and that of the matrix was reduced. This led to a lower sus­

ceptibility of 150/20 samples to pitting corrosion, than for T4 samples. 

Finally, OM observations of cross-sections (Fig. le) also showed that no 

intergranular corrosion occurred for both T4 and 150/20 samples of AA 

7046. This result was consistent with the low copper content of this 

alloy, which led to a relatively low potential gap between the matrix and 

the precipitate free zone (PFZ) surrounding the grain boundaries. 

Moreover, it was of interest to note that the pils were not deeper than a 

few micrometers. 

Fig. 3 shows, for both samples, an increase in the hydrogen content 

with exposure thne to Na Cl, confinning that hydrogen uptake occurs due 

to the corrosion processes. Il could be noticed also that the hydrogen 

amount increased in the first exposure limes for both samples, but 

seemed to stabilise for longer durations, whiciI was in good agreement 

with pitting corrosion kinetics. Indeed, experimental results obtained by 

Blanc et al. suggested that the pit propagation followed a time­

dependent relationship described by a 1113 law [43]. However, what­

ever the immersion lime in NaCl, the hydrogen content of 150/20 

sample was significantly lower than for T4 sample. This result was 

consistent with the lower corrosion susceptibility previously observed 

for the 150/20 sample. Il was also in agreement with our previous work 

about the influence of trapping on the hydrogen diffusion in low-copper 

7xxx aluminium alloy [8]. Indeed, SKPFM investigations had demon­

strated that the hardening incoherent precipitates formed during the 

ageing trealnlent at 150 °C acted as hydrogen trapping sites and thus 

limited the hydrogen diffusion in the alloy. In order to compare the 

behaviour of both 150/20 and T4 samples during !ensile tests in air, it 

was necessary to introduce the same hydrogen amount inside the sam­

ples; therefore, on the basis of the results (Fig. 3), il was decided to 

immerse T4 and 150/20 samples in 0.6 M NaCl during 1 h and 72 h, 

respectively, before the !ensile tests. With such a pre-corrosion duration 

lime, it was possible to have similar hydrogen contents for both samples, 

i.e. 9 wppm (Fig. 3). Moreover, because both T4 and 150/20 samples 

were only susceptible to matrix dissolution or pitting corrosion with 

shallow pils, and not to intergranular corrosion, it was assumed that the 

mechanical behaviour of the hydrogen-preciiarged samples during the 

!ensile tests was mainly affected by hydrogen, and not by the surface 

corrosion defects. 

c) 

L 

Fig. 1. Optical micrographs of AA 7046 at both T4 (a, surface and c, cross-section) and 150/20 (b) metallurgical states after 72 h in 0.6 M NaCl. (Color online only; 

two-colurnns). (For interpretation of the references to colour in this figure legend, the reader is referred to the Web version of this article.) 
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Fig. 2. TEM images of a) T4 and b) 150/20 samples of M 7046. (Color online only; two-columns). 
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Fig. 3. Hydrogen content versus immersion time in 0.6 M NaCl solution for T4 
and 150/20 samples. (Black and white figure; single column). 

3.2. First observations of the hydrogen-dislocation interactions 

Fig. 4a and b shows a comparison of the tensile behaviour in labo­
ratory air under controlled moisture (relative humidity of about 60 %) of 
T4 and 150/20 samples, respectively, at an intermediate strain rate 
no-3 s-1) and a slow strain rate (lo-6 s-1) for as-polished (i.e., without 
hydrogen-precharging) and hydrogen-precharged (9 wppm of 
hydrogen) samples. It is reminded here that ail the tensile curves were 
plotted using the same test frame for a relevant comparison of the re­
sults. At first, it must be noticed that, for as-polished samples, tensile 
curves plotted at 10-3 s-1 logically showed an increase in the yield 
strength (from 365 MPa for T4 to 435 MPa for 150/20) in parallel to a 
decrease in the elongation to failure (from 18 % for T4 to 13.5 % for 
150/20) for 150/20 sample as compared to T4 sample. This behaviour 
was consistent with the literature [ 44,45], and was attributed to the 
overageing of the 150/20 sample. In their work, Albrecht et al. [21] 
studied different metallurgical states for an AA 7075 and gave the same 
conclusions. In particular, the formation of intragranular hardening 
precipitates, i.e. �• and �-MgZn2, limited the dislocation motion, which 
explained the higher yield stress for 150/20 sample, as compared to the 
T4 sample. Moreover, the dislocations pile-ups around these precipitates 
led to a premature failure and thus to a lower elongation to failure for 

the 150/20 sample as compared to the T4 sample. Surprisingly, the work 
hardening (dcr/de) was stronger for the T4 sample than for the 150/20 
sample. This could be explained by solute atom-dislocations interactions 
and the formation of dislocation forests (dislocations threading the glide 
plane) leading to a strong increase in the hardness of the grains [ 45]. In 
the 150/20 sample, the dislocations interacted preferentially with the 
hardening intragranular precipitates, thus limiting the interactions be­
tween dislocations. Moreover, comparison of the curves obtained at 
10-3 s-1 and 10-6 s-1, for two given samples, e.g. two as-polished T4 
samples, showed that there was no significant change in the constitutive 
mechanical laws related to the strain rate, considering a cumulated 
plastic strain lower than 2 %; the major change was a decrease in the 
elongation to failure that could be attributed either to a purely me­
chanical effect (strain rate sensitivity and strain localisation) or to an 
influence of hydrogen from moist air. Indeed, for given samples, the 
exposure time to moist air was longer during a 10-6 s-1 test than during 
a 10-3 s-1 test. 

Therefore, attention was then paid to the comparison between results 
obtained for as-polished samples for one part, and for hydrogen­
precharged samples for the other part. Tensile tests under vacuum will 
be presented in the following to go further in the understanding and 
strengthen the conclusions drawn from the results given hereafter. 
Focusing now on the hydrogen-dislocation interactions, it was relevant 
to think that ail the mechanisms described above, and involving dislo­
cations, could be affected by the presence of hydrogen. This was 
demonstrated by the present results; indeed, Fig. 4 also showed that, at a 
strain rate of 10-3 s-1, for both T4 and 150/20 samples, the elongation 
to failure was decreased for hydrogen-precharged samples as compared 
to as-polished samples. However, for both T4 and 150/20 samples, the 
constitutive mechanical laws of the microstructures were not modified 
by hydrogen and surface corrosion defects. The same observations were 
done for tensile tests performed at 10-6 s-1. Therefore, it could be 
concluded that hydrogen had no effect on crack initiation step on the 
surface of smooth tensile specimen, but it affected the final fracture, in 
agreement with another study about Ni-base alloy [46]. Furtherrnore, 
another interesting result was the decrease in the elongation to failure 
for as-polished T4 and 150-20 specimens when the strain rate decreased 
from 10-3 to 10-6 s-1, as previously mentioned. Two hypotheses could 
be proposed to explain this result: either the decrease in the elongation 
to failure could be explained by a change in the fracture mechanisms 
with modification of the strain rate and related to a modification in 
dislocations motion mechanisms, or it could be due to the fact that the 
laboratory air was not an inert environment, especially for slow strain 
rate, as clearly demonstrated in the literature [5,11,47,48]. Indeed, at 
slow strain rate, by analogy to fatigue behaviour of 2xxx aluminium 
alloys [29-32], hydrogen adsorption from air humidity could occur on 
the metal surface, followed by hydrogen absorption and transport by 



L. Oger et al. 

600 

a) 

500 

-
400 

é 
300 

200 

100 

0 

0 

10-3 s-1 in air, as-polisbed 
10-J s-1 in air, after 
bydrogen-[)l'ecbargiug 
10-6 s-1 in air, as-polisbed 

10-6 s-1 in air, after 
hydrogen-precbarging 

10 15 20 

Strain (%) 

500 

200 

100 

0 

25 0 

b) 

/� 
f -- 10-3 s-1 in air, as-polished 
; - - 10-J s-1 in air, after 

hydrogen-precharging 
-- 10-6 s·1 in air. as-polisbed 

- - - 10-6 s·1 in air. after 
hydrogen-precbarging 

10 15 20 25 

Strain (%) 

Fig. 4. Tensile curves obtained for a) T4 and b) 150/20 samples. Experiments were performed in laboratory air under controlled moisture, for two strain rates, i.e. 
10-3 and 10-0 ,-1, for both as-polished (i.e., without hydrogen-precharging) and hydrogen-precharged sarnples (i.e., after 1 h and 72 h in 0.6 M NaCl for T4 and 150/ 
20 samples, respectively). All tensile tests were performed using the same test frame (frame capacity of 30 kN). (Black and white figure; two-columns). 

dislocations leading to a premature failure due to a modification of 
fracture modes. As noted in the introduction, several works studied the 
effect of the moisture content on the ductility Joss during SCC tests 
performed in laboratory environment for high strength aluminium al­
loys [2,11,36,49]. They highlighted the major role of moisture present 
in the laboratory atrnosphere, and showed that the ductility ratio 
decreased with an increase in relative humidity. For example, the SCC 
behaviour of an underaged M 7010 was tested in glycerin and the re­
sults were compared with those obtained in 3.5% NaCI solution and in 
laboratory air [11]. Results clearly showed that laboratory atrnosphere 
could not be considered as an inert atrnosphere as the alloy underwent 
SCC failure due to hydrogen embrittlement related to the relative hu­
midity of the test environment, which had been also clearly demon­
strated by various authors for a wide range of 7xxx series alloys [21,33, 
36,50]. As an example, Scamans et al. [2] reported that, in the labora­
tory air, the crack growth rate of Al---oZn-3Mg alloy was controlled by a 
continuous interaction between the specimen and the water vapor. 

3. 3. Evaluation of the influence of moist air on the tensile behaviour of T4 

and 150/20 sampi.es 

Previous results showed that no modification of the constitutive 
mechanical laws due to the sole effect of the strain rate was observed for 
cumulated plastic strains lower than 2 % within the range of strain rate 
studied [10-6 ç1 -10-3 s-11 (Fig. 4). This suggested strongly that 
changes in the mechanical behaviour of the sarnples, with a decrease in 
the elongation to failure during tensile tests in laboratory air, in 
particular for slow strain rates, were related to hydrogen ingress. 
Therefore, at first, in order to analyse more precisely the influence of the 
strain rate applied during tensile tests in laboratory air on the elongation 
to failure of the samples, i.e. on the hydrogen-dislocations interactions, 
complementary tensile tests in laboratory air were carried out at 10-4 

and 10-5 s-1 (!ensile curves not shown) for as-polished samples. A strain 
rate susceptibility factor, referred to as lscsf, was defined (Eq. (1)): 

I (JO-'
)
- Et�-,,,.,,oh,d,"""'"(IO-·)-Et�-p,li>h<d,=pl,(I0-3) 

srSf -
Er 11.1 -polished sample (10-3) 

Eq. 1 

where Er (10-x) (respectively 10-3) was the elongation to failure 
measured for a tensile test performed at 10-x s-1 (respectively 10-3 s-1). 
The lsrsf values were assumed to quantify the influence of the strain rate 
on the deleterious effect of hydrogen on mechanical properties. How­
ever, the influence of the strain rate on the constitutive equations and 

deformation modes, independently of hydrogen effect, as shown by 
Holroyd et al. [37], could not be neglected in a first lime, even though, 
as said above, previous results suggested that, for M 7046, within the 
range of strain rate studied, the approximation was relevant. This will be 
checked in the following with tensile tests performed under vacuum. 
Fig. 5 shows the I,rsf factor versus the strain rate for both as-polished T4 
and 150/20 samples. The results showed a significant increase in the lsrsf 
values when the strain rate decreased, as soon as the strain rate was 
lower than 10-4 s-1, for both T4 and 150/20 samples. The results also 
showed a more significant influence of the strain rate on the decrease in 
elongation to failure for the T4 sample, as compared to the 150/20 
sample. Those results suggested that the decrease in elongation to failure 
for both as-polished T4 and 150/20 sarnples, when the strain rate 
applied during the tensile tests in laboratory air decreased, was essen­
tially due to HE; they suggested the existence of a critical strain rate, i.e. 
10·4 s-', for these experimental conditions, for which 
hydrogen-dislocation interactions were efficient. Those results were in 
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Fig. 5. Strain rate susceptibility factor Clsrsr) versus the strain rate for both T4 
and 150/20 samples. Tensile tests performed in laboratory air for as-polished 
samples. (Black and white figure; single column). 
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agreement with the data provided by Holroyd and Scamans who showed 
that, at sufficiently low strain rates, alloys in susceptible tempers 
showed a Joss of ductility in laboratory air (relative humidity of about 
55---60 %, similar to that of the present work), as compared to vacuum 
[ 48]. They showed that the Joss of ductility resulted from intergranular 
crack initiation and growth [ 48]. The difference in HE susceptibility 
between T4 and 150/20 samples could be explained by referring to the 
hardening precipitation in 150/20 sample that reduced the hydrogen 
diffusion into the material, as showed by the previous hydrogen content 
measurements (Fig. 3). Indeed, the trapping effect of hardening pre­
cipitates could decrease the apparent hydrogen diffusion coefficient, as 
shown in other studies [8,24]. Those precipitates could also reduce the 
dislocations mobility and thus the hydrogen transport by 
dislocations-related phenomena. 

Fig. 6 shows the fracture surfaces for both T4 (Fig. 6a) and 150/20 
(Fig. 6e) samples, after tensile tests in laboratory air at 10-6 s-1 for as­
polished samples. For ail fracture surfaces, two areas could be distin­
guished: a ductile zone in the core of the specimen (Fig. 6b and f, bot­
tom) and a brittle zone close to the sample surface exposed to laboratory 
air (Fig. 6c, d and 6f, top). For a description in detail, for T4 samples, a 

ductile intergranular fracture was observed in the core of the specimens 
(Fig. 6b), whereas brittle intergranular fracture close to the surface 
specimen (Fig. 6c) and transgranular fracture (quasi-cleavage) at the 
interface between brittle intergranular and ductile intergranular areas 
(Fig. 6d) were observed. For 150/20 samples, from the surface down to 
the core of the specimens, brittle intergranular, brittle transgranular 
(quasi-cleavage) and ductile transgranular fractures with dimples were 
observed (Fig. 6f). As shown in our previous studies [8,24], the ductile 
intergranular fracture mode for T4 sample and ductile transgranular 
fracture mode for 150-20 sample were the usual fracture modes 
observed for those samples in the absence of hydrogen or for a low 
amount of hydrogen, i.e. in the core of the specimen in this case. Il was 
worth noting here that such a behaviour was unusual for 7xxx series 
alloys; Albrecht et al. showed, for AA 7075, ductile transgranular frac­
ture for solution heat-treated samples and ductile intergranular for aged 
samples due to strain localisation in the PFZ [21]. In the present case, for 
AA 7046, in the absence of hydrogen or for a low amount of hydrogen, 
strain localisation at the grain boundaries was mainly observed for the 
T4 sample. Considering the results provided by Holroyd et al. who 
showed that, for commercial 7xxx series alloys, intergranular cracking 

Fig. 6. SEM micrographs of the fracture surfaces of the as-polished M 7046 after tensile tests at 10-• ,-1 for the T4 (a,b,c,d) and 150/20 (e,f) samples. External areas 
delimited by the white batched lines correspond to brittle fracture mode. Micrograph b) shows the usual ductile intergranular fracture in the core of the T4 spec­
imens. Micrographs c) and d) show brittle intergranular fracture mode close to the surface specimen, and brittle transgranular fracture mode at the interface between 
brittle intergranular and ductile areas, respectively for the T4 sample. Micrograph O shows, from the surface down to the core for the 150/20 sample, brittle 
intergranular, brittle transgranular (quasi-cleavage) and ductile transgranular fracture modes. (Color online only; two-columns). 
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could be only observed when an alloy had been previously pre-exposed 
to an environment known to promote an enhanced susceptibility to 
intergranular cracking [36,48], it was suspected that the ductile inter­
granular fracture mode observed for T4 sample in the core of the spec­
imen had to be related to the presence of a low amount ofhydrogen. The 
brittle intergranular and brittle transgranular (quasi-cleavage) fracture 
areas observed for both T4 and 150/20 samples close to the surface 
exposed to laboratory air confirmed the crucial role of hydrogen 
resulting from moisture in relation with a slow strain rate, i.e. slow 
dislocation motion, on the fracture surfaces. According to Albrecht et al. 
[21], two conditions are required to lead to brittle intergranular fracture 
in a 7xxx aluminium alloy with equiaxed grains, i.e. sufficient normal 
stress applied on the grain boundaries and a high enough hydrogen 
concentration at the grain boundaries in order to lower the intergranular 
cohesion stress. This suggested that, in the present study, dislocations 
had transported hydrogen from moist air up to the grain boundaries. 
Furthermore, three additional observations deserved to be pointed out: 

- At first, it was noticed that the brittle fracture zones for !ensile tests 
performed in laboratory air at 10-6 s-1 for as-polished samples were 
observed ail along the sample surface exposed to air (Fig. 6a and e). 
This suggested that tensile tests performed in laboratory air at 10-6 

.-1 led to a homogenous hydrogen absorption at the sample surface. 
On the contrary, only localised brittle fracture zones were observed 
for hydrogen-precharged samples tested at 10-3 s-1, as shown in 
previous studies [8,24]. This could be easily explained by consid­
ering a very heterogeneous hydrogen distribution when 
hydrogen-precharging resulted from an immersion in NaCI: indeed, 
in this case, hydrogen was produced due to the localised corrosion 
processes, i.e. matrix dissolution around coarse precipitates or pits 
[8,24]. Therefore, the differences in hydrogen distribution between 
samples hydrogen-precharged in NaCI, and as-polished samples 
when mechanically tested at 10-6 s-1, could, at least partially, 
explain that the decrease in elongation to failure between the 
as-polished and the hydrogen-precharged samples for tensile tests at 
10-3 s-1 was lower than the decrease observed between tensile tests 
performed in laboratory air on as-polished samples at 10-3 and 10-6 

s-1. 
- Then, for the 150/20 sample, the depth of the brittle zones was 

shallower ( -10-20 µm, Fig. 6e) than for the T4 sample ( -100--200 
µm) (Fig. 6a), probably due, as previously discussed, to the presence 
of intragranular hardening precipitates for 150/20 sample that led to 
a decrease in the apparent hydrogen diffusion coefficient and also 
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reduced the dislocation mobility and thus hydrogen transport by 
dislocations [24]. 

Therefore, fracture surfaces analyses confirmed the hypothesis of 
hydrogen absorption during !ensile tests performed in laboratory air at 
10-6 s-1. In order to provide another experimental proof of hydrogen 
ingress, hydrogen contents were measured by melting method after 
tensile tests in laboratory air at 10-3, 10-4, 10-5 and 10-6 s-1 for as­
polished samples: the tests were interrupted after 1 % of strain in the 
plastic domain for hydrogen content measurements. The results, sum­
marised in Fig. 7a, showed that a decrease in the strain rate led to an 
increase in the global hydrogen amount measured in the samples, from 
7 ± 1 wppm at 10-3 s-1 to 17 ± 1 wppm at 10-6 s-1 for the T4 sample, 
and from 8 ± 1 wppm at 10-3 s-1 to 16 ± 3 wppm at 10-6 s-1 for the 
150/20 sample. It was interesting to note that the hydrogen amount 
absorbed by an as-polished sample during an interrupted tensile test in 
laboratory air at 10-6 s-1 was larger than the hydrogen content 
measured after a pre-immersion step in NaCI (1 h and 72 h for T4 and 
150/20 samples, respectively), i.e. 9 wppm; this was in agreement with 
previous comments about the fracture surfaces (Fig. 6). Furthermore, it 
was of interest to note that a similar hydrogen content was absorbed for 
both as-polished T4 and 150/20 samples after interrupted tensile tests in 
laboratory air at 10-6 .-', whereas previous observations of the fracture 
surfaces showed that the 150/20 sample was Jess embrittled than the T4 
sample considering the extent of the brittle fracture areas (Fig. 6). This 
confirmed, in agreement with our previous work [8], that the hydrogen 
trapped near hardening �• and �-MgZn2 precipitates in the 150/20 
samples was Jess detrimental that the hydrogen in the lattice and at the 
grain boundaries, considering that, for T4 sample, there was only 
diffusible hydrogen and hydrogen trapped at the grain boundaries. 

To go further in the description of the hydrogen - dislocations in­
teractions, the decrease in elongation to failure evaluated through lscsf 
was analysed as a function of the evolution of the global hydrogen 
amount in the sample (Fig. 7b). It must be reminded here that the global 
hydrogen amount was measured after 1 % of plastic deformation for both 
T4 and 150/20 samples, which might lead to underestimated values as 
compared to the hydrogen amounts introduced inside the samples just 
before the failure. However, a comparative analysis was relevant. Fig. 7b 
showed that I,,.f values varied with the square root of the global 
hydrogen amount, in agreement with literature [51,52]. In particular, 
Wang et al. [51] studied the influence of the hydrogen during SSRT on 
notched AIS! 4135 steel samples. A square root relationship was high­
lighted from experimental results between the hydrogen segregation at 
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Fig. 7. a) Global hydrogen amount versus the strain rate during the tensile test.s performed in laboratory air on as-polished samples of AA 7046 (T4 and 150/20 
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grain boundaries and their cohesive strength at a local scale. This type of 
relationship was supported by other works [53,54]. 

Finally, to strengthen the demonstration of the influence of moist air 
on the tensile behaviour of M 7046 samples at slow strain rates, com­
plementary tensile tests were carried out under vacuum 00-5 mbar) for 
two strain rates, i.e. 10-3 s-1 and 10-6 s-1, on as-polished T4 (Fig. Ba) 
and 150/20 (Fig. 8b) samples. In order to allow a relevant comparison 
with tensile tests performed in laboratory air, a new set of tensile tests 
were performed in laboratory air for as-polished samples using the same 
loading frame as for tests under vacuum. One could note that there was 
no significant difference between the tensile curves plotted in laboratory 
air using the 30 kN loading frame (Fig. 4) and th ose plotted with the 5 
kN loading frame (Fig. 8). Ail these experiments aimed in particular to 
investigate the influence of the sole strain rate on the mechanical 
response of both metallurgical states. The results showed that, under 
vacuum, for both T4 and 150/20 samples, the mechanical responses, i.e. 
the flow mies, were independent of the strain rate. Furthermore, for 
both samples, the tensile curves plotted at 10-3 s-1 in laboratory air 
were similar to those obtained under vacuum. The slight difference in 
elongation to failure between the tensile curves at 10-3 s-1 in laboratory 
air and tensile curves at 10-3 s-1 under vacuum was due to the differ­
ence in precision between the two techniques used to measure the 
sample strain, i.e. by means of a laser extensometer for under-vacuum 
tests and by contact extensometers for tests in laboratory air (as indi­
cated in the experimental part). On the contrary, for both samples, 
significant differences were observed between the tensile curves plotted 
at 10-6 s-1 in air and under vacuum. Therefore, the results confirmed 
the role of hydrogen issued from moist air on the decrease in the elon­
gation to failure previously observed for tensile tests performed at 10-6 

s-1 in laboratory air. 
Moreover, the fracture surfaces led to the same conclusions: indeed, 

brittle fracture areas disappeared under vacuum, for both T4 and 150/ 
20 samples (Fig. 9). Moreover, for the T4 sample, the ductile inter­
granular fracture mode observed in laboratory air in the sample core was 
replaced by a ductile transgranular fracture mode with wide dimples. 
This result might suggest that, even for tests performed at 10-3 s-1 in 
moist air, hydrogen was absorbed inside the T4 samples in agreement 
with previous hydrogen content measurements (Fig. 7), and leading to a 
change in the fracture mode, from ductile transgranular to ductile 
intergranular. However, the ductile intergranular fracture mode might 
also be due to the presence of residual hydrogen trapped at the grain 
boundaries at the end of the elaboration and shaping processes. If this 
last hypothesis was the good one, therefore the results would suggest a 
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desorption of residual hydrogen during under-vacuum tensile tests. 
Whatever the hypothesis, the observation of only ductile transgranular 
fracture mode for T4 sample for tensile tests under vacuum was in 
agreement with Holroyd et al. results [36,48]. For a better explanation, 
hydrogen content measurements were performed for T4 and 150/20 
as-polished samples before and after a desorption treatment under 
vacuum with a duration time equal to the tensile test duration. The re­
sults showed a slight decrease in the hydrogen content from 7 ± 1 to 5 ± 
0.5 wpppm for T4 sample during the desorption treatment, whereas no 
desorption was measured for 150/20 samples. For T4 samples, even if 
the hydrogen Joss was relatively low, the repeatability obtained for 5 
measurements suggested that the decrease could be considered as reli­
able. Therefore, the disappearance of the ductile intergranular fracture 
mode during under-vacuum tensile tests for T4 samples might be due to 
the desorption of residual hydrogen trapped at grain boundaries. 
Furthermore, with such a conclusion, it could be assumed also that the 
amount of residual hydrogen in T4 samples could also contribute to 
explain the slight differences in tensile curves between tensile tests 
performed at 10-3 s-1 in laboratory air and those at 10-3 s-1 ;10-6 s-1 

under vacuum. Finally, hydrogen trapping by strengthening precipitates 
in 150/20 samples could explain that no hydrogen desorption was 
observed for these samples. This result was in good agreement with 
literature that generally proposed for aluminium alloys a lower 
hydrogen trapping binding energy for grain boundaries than for hard­
ening precipitates [12]. 

Considering ail the results previously described, a mechanism could 
be proposed to explain the influence of the environment during tensile 
tests performed in laboratory air at low strain rate, i.e. 10·6 s-1, for both 
T4 and 150/20 M 7046 samples. According to Eq. (2), hydrogen uptake 
should be related with the formation of the native mdde layer or with the 
hydration of the surface [2,19]. 

2A/3+ + 3H2O ➔ A/2O3 (hydrated) + 6H+ (2) 

The properties of the oxide layer formed on the sample surface in 
different environments were discussed by Dey et al. [35]. The authors 
showed that the adherence and consistency of the film depended on the 
environment, so that the oxide film could prevent or not from hydrogen 
embrittlement; the interaction between the oxide film and hydrogen 
depended also on the strain rate. Then, the presence of hydrogen in the 
first atomic layer under the alloy surface should lead to a lattice 
distortion promoting the nucleation of dislocations during the tensile 
tests. Hydrogen atoms could form Cottrell atmospheres around dislo­
cations and could be transported during tensile tests at slow strain rates 
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Fig. 9. SEM micrographs of the fracture surfaces after tensile tests at 10-6 s-1 under vacuum: a) global fracture surface for the as-polished T4 sample. Focus on b) and 
c) ductile fracture areas for the as-polished T4 sample, and d) ductile fracture areas for the as-polished 150/20 sample. (Color online only; two-columns). 

deeper inside the bulk. This could lead to chaoges in the fracture modes. 
Indeed, in the case of T4 sample with a low hydrogen amount (e.g for 
tensile tests performed at a high strain rate), the deformation was 
localised around grain boundaries, leading to ductile intergraoular 
fracture mode [8,24]. But, with a slow strain rate, hydrogen could be 
dragged by dislocations from the surface down to the core of the sam­
ples, aod it could segregate at the grain boundaries leading to bath a 
decrease in the intergraoular cohesion strength [ 4,55], aod an accu­
mulation of dislocations at the grain boundaries due to a decrease in the 
dislocation-dislocation interactions [18]. This would lead to a brittle 
intergraoular fracture mode at the sample surface, where the hydrogen 
amount was high. Far from the surface, the hydrogen amount at the 
grain boundaries would not be high enough to induce brittle inter­
granular fracture mode, but the stress concentration at the crack tip 
would lead to a quasi-cleavage fracture mode. Concerning the 150/20 
samples, during the tensile tests in laboratory air at 10-6 s-1, the slow 
dislocations motion and the continuous production of hydrogen at the 
alloy surface would promote also the hydrogen penetration, leading to 
hydrogen amounts higher than those measured after ao immersion in 
NaCI. However, for the 150/20 sample, the deformation would be 
mainly localised around hardening precipitates, with precipitates - dis­
locations interactions that slowed down the dislocation motion. 
Hydrogen would be mostly trapped at the hardening precipitates and 
would affect the grain boundaries only at the extreme surface. This 
would lead to a hydrogen - affected fracture zone Jess deep than for the 
T4 sample. 

3.4. About the analysis of the results from tensile tests pe,jormed in 

laboratory air on hydrogen-precharged sampi.es 

Previous results showed that it was necessary to consider the influ­
ence of the environment to analyse the tensile tests results obtained for 
hydrogen-precharged samples, the tensile behaviour of those samples 

being likely to be influenced by bath the hydrogen from moist air aod 
the hydrogen from the precharging step (corrosion-induced hydrogen). 
However, going back to the mechanism proposed above, it is true that a 
change in the oxide layer present on the sample surface after exposure to 
the NaCI electrolyte, as compared to as-polished samples, should be 
considered. It might be assumed that the modified oxide layer present on 
hydrogen-precharged samples would not let the hydrogen from moist air 
absorb as easy as for as-polished samples. At the present time, no 
experimental data could be given to assess this hypothesis. However, as 
mentioned previously, data from the literature showed that the structure 
of hydrated oxide films was affected by relative humidity aod by alloy 
composition [35,56,57]. Moreover, it was reported that the ordering of 
adsorbed water changed with relative humidity [ 48,58,59], and it could 
be assumed that the composition of the hydrated oxide would have some 
influence on this phenomenon. For example, on aluminium oxide at 
relative humidity below 10%, water adsorbs to the surface forming a 
hydroxide layer. In the intermediate range between 10 aod 70% relative 
humidity, water adsorbs molecularly in a 3-12 Â raoge thick structured 
over-layer [60]. At high relative humidity, above 70%, a more disor­
dered layer forms, which is consistent with a liquid-like layer [56]. 
Therefore, even though hydrogen from moist air influenced the tensile 
tests results performed on hydrogen-precharged samples, in agreement 
with literature data [33--36], it was difficult to daim that it was exactly 
the same influence as for as-polished samples. Nevertheless, it was 
previously showed that the hydrogen from moist air was more damaging 
than hydrogen introduced from pre-corrosion step (with the 
pre-corrosion conditions used). Furthermore, it could be also argued 
that during the tensile tests, the progressive increase in the stress applied 
should lead to a local breakdown of the modified hydrated oxide layer, 
limiting its barrier effect and thus giving hydrogen from moist air a 
direct access to the surface. As a consequence, the influence ofhydrogen 
from moist air on the tensile behaviour of the hydrogen-precharged 
samples could not be neglected. Therefore, in order to allow the sole 
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Fig. 10. Corrected stress corrosion cracking factor Oscc*) versus the strain rate 
for both T4 and 150/20 samples. Tensile tests were performed under laboratory 
air a:fter hydrogen-precharging corresponding to an exposure to 0.6 M NaCI 
during 1 h and 72 h for T4 and 150/20 samples, respectively. (Black and white 
figure; two-columns). 

influence of hydrogen-precharging on the !ensile behaviour of the 

samples to be evaluated, it was necessary to differentiate the influence of 

hydrogen from moist air and that of hydrogen introduced during the 

precharging step. In that framework, a new corrected stress corrosion 

cracking factor Oscc*) was defined as follows, for hydrogen-precharged 

samples: 

was diffusible hydrogen [8]. As a consequence, hydrogen might be 

dragged by dislocations, which was not highlighted in the present study 

at slow strain rates. Such a result might be explained by considering that 

the dislocations were already saturated by hydrogen from moist air, so 

that no interaction between the dislocations and corrosion-induced 

hydrogen was possible. This was in agreement with previous observa­

tions and conclusions showing that, for these precharging conditions, 

the tensile behaviour of hydrogen-precharged samples was mainly 

influenced by hydrogen from moist air. However, those explanations 

had to be balanced taking into account that the pre-exposure conditions 

could influence the crack growth rate and the depth of hydrogen 

embrittlement [61]. Therefore, to sum up, ail the results described in the 

present study clearly showed that the analysis of SCC results had to be 

conducted carefully: for interrupted SCC tests, to evaluate the residual 

mechanical properties of the pre-corroded samples, i.e. 

hydrogen-precharged samples, by performing tensile tests in laboratory 

air, the influence of moist air had to be taken into account, in agreement 

with literature data previously cited. 

4. Conclusion 

This study focused on the interactions between the hydrogen and the 

dislocations during tensile tests at slow strain rates in the AA 7046 in 

order to help in the analysis of interrupted SCC tests. 

1. At first, results confirmed literature data showing that laboratory air 

could not be considered as an inert environment during tensile tests 

when a sufficiently low strain rate was applied. Global hydrogen 

amount measurements showed an increase in the hydrogen absorbed 

into the alloy during tensile tests in laboratory air when the strain 

rate decreased from 10-3 s-1 to 10-6 s-1. This was attributed to 

hydrogen absorption from air moisture followed by hydrogen 

transport by dislocations. 

2. The influence of moisi air on the !ensile behaviour of AA 7046 

lscc 
* 

(lo-x
) 
= Et as-polished samp/e tested in air(lo-x) - Et hydrogen-precharged samp/e tested in air(Io-x) 

Et u:,·-pulished :,-ample te:,·ted under vacuum (JQ-x) 
(3) 

With this definition, !sec• values reflected the influence on the tensile 

results of hydrogen from the precharging step only. Such an approach 

could be related to that previously developed by Holroyd and Hardie, 

who addressed the same issue using a 'reduction in area' fracture 

parameter [33]. Fig. 10 shows !sec• values as a function of the strain rate 

for both hydrogen-precharged T4 and 150/20 samples. At first, results 

clearly showed that !sec• values were significantly lower than lscsf 
values, which confirmed, for these precharging conditions, the major 

influence of hydrogen from moist air. Then, it could be observed that 

Isec• values were lower for T4 samples than for 150/20 samples, 

whatever the strain rate, and contrary to Isr,f values. Finally, it could be 

noticed that no significant influence of the strain rate on the Isec• values 

could be highlighted for both T4 and 150/20 samples. For the 150/20 

sample, such a result could be explained once more by considering that 

the corrosion-induced hydrogen was trapped by hardening precipitates, 

and therefore it was not likely to internet with dislocations. Such a result 

had already been observed in a previous study: it had been shown that 

the hydrogen diffusion depth was unchanged after three weeks of 

desorption [8], suggesting the irreversible nature of the trapping sites at 

ambient temperature, even though hydrogen uptake might reverse after 

extended recovery limes. However, concerning the T4 samples, the same 

study showed that the major part of the hydrogen introduced in the alloy 

samples depended on the sample microstructure. The mechanism 

proposed suggested that, for T 4 sample, the hydrogen was dragged 

by dislocations, forming Cottrell atmospheres, up to the grain 

boundaries. The high local hydrogen concentrations reached at the 

grain boundaries would contribute to a decrease in the local cohesion 

strength and to a more localised deformation, leading to brittle 

intergranular fracture mode. For the 150/20 sample, for a same 

hydrogen amount, a lower impact of hydrogen from moisi air on the 

tensile behaviour was observed. This was explained by hardening 

precipitates that limited the dislocation motion and also acted as 

strong hydrogen trapping sites. As a consequence, it was estimated 

that a lower amount of hydrogen reached the grain boundaries, 

explaining the Jess extended brittle intergranular fracture areas 

observed on the fracture surfaces for 150/20 samples. 

3. When interrupted SCC tests were performed, i.e. !ensile tests in 

laboratory air on hydrogen-precharged samples, the influence of 

hydrogen from moist air could not be neglected. The coupling effect 

between the hydrogen formed due to the hydration of the oxide film 

in contact with moist air and active deformation could lead to 

erroneous conclusions conceming the influence of hydrogen intro­

duced during the pre-corrosion step. In the present study, only a low 

influence of the hydrogen introduced during the precharging step on 

the tensile behaviour of hydrogen-precharged samples was observed 

due to a strong influence of hydrogen from moisi air that was 
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assumed to saturate the dislocations considered as trapping sites for 

hydrogen. 
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