N
N

N

HAL

open science

Improving hydrogen storage performance of Mg-based alloy
through microstructure optimization

Jing Wen, Patricia de Rango, Nathalie Allain, Laetitia Laversenne, Thierry
Grosdidier

» To cite this version:

Jing Wen, Patricia de Rango, Nathalie Allain, Laetitia Laversenne, Thierry Grosdidier. Improving hydrogen
storage performance of Mg-based alloy through microstructure optimization. Journal of Power Sources, 2020,

4380, pp.228823. {10.1016/j.jpowsour.2020.228823). ¢<hal-03012843)

HAL Id: hal-03012843
https://hal.science/hal-03012843v1

Submitted on 18 Nov 2020

HAL is a multi-disciplinary open access archive
for the deposit and dissemination of scientific re-
search documents, whether they are published or not.
The documents may come from teaching and research
institutions in France or abroad, or from public or pri-
vate research centers.

L’archive ouverte pluridisciplinaire HAL, est des-
tinée au dépot et a la diffusion de documents scien-
tifiques de niveau recherche, publiés ou non, émanant
des établissements d’enseignement et de recherche
francais ou étrangers, des laboratoires publics ou
privés.

Au‘to'flizition
HAL Authorization


https://hal.science/hal-03012843v1
https://about.hal.science/hal-authorisation-v1/
https://about.hal.science/hal-authorisation-v1/
https://hal.archives-ouvertes.fr

Improving hydrogen storage performance of Mg-based alloy through

microstructure optimization

Jing Wen™™*, Patricia de Rango™*, Nathalie Allain™, Laetitia Laversenne®, Thierry Grosdidier™
“Université Grenoble Alpes, CNRS, Institut Néel, 38000 Grenoble, France
®Laboratoire d'Excellence DAMAS, Université de Lorraine, CNRS, 57000 Metz, France

“Laboratoire d'Etude des Microstructures et de Mécanique des Matériaux (LEM3), Université de Lorraine, CNRS,
Arts et Métiers ParisTech, 57000 Metz, France

Abstract

Different fast forging processes are used for microstructure optimization in an attempt to improve
hydrogen storage in Mg-based composites obtained from a mixture of Mg-22 wt.% Ni powders.
First, fast forging is employed at room temperature to change the amount of structural defects,
produce fine grains and modify crystallographic textures. The effects of such microstructure
modifications (including the exact nature of phases) on the H-storage behavior are investigated.
A Mg {0001} basal fiber texture develops upon fast cold forging, which facilitates the initial
activation of hydrogenation while, owing to the high stability of the MgH, hydride, the kinetics
of desorption remains rather slow. Second, to promote hydrogen desorption, forging is conducted
at elevated temperature to form Mg,Ni phase. Interestingly, for this sample, faster desorption is
recorded while slower absorption kinetics is obtained due to the occurrence of dynamic
recrystallization inducing weaker texture and lower amount of structural defects. Third, annealing
followed by cold forging is used to produce a microstructure consisting of fragmented Mg,Ni
lamellae embedded in a textured Mg-matrix. Using this third approach, both hydrogen absorption

and desorption kinetics are found to be markedly improved.
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1. Introduction

Magnesium and its alloys have gained a great interest in the field of hydrogen storage owing to
their light weight, high hydrogen-storage capacity, low-cost and abundance in Earth's crust [1, 2].
In particular, Mg-based metal hydrides are still considered as one of the most promising solid-
state hydrogen-storage media due to their higher energy density and safety advantages over the
gas and liquid storage materials. However, the high thermodynamic stability of MgH, as well as
the slow desorption kinetics limit the application of Mg-based hydride in industry [3, 4]. Efforts
have been devoted to accelerate the absorption/desorption kinetics of Mg-based hydrides while
lowering the temperature of reaction. This can be accomplished to some extent by modifying the
microstructure of Mg-based hydrides. Fast sorption kinetics were achieved with nanosized MgH,
powders produced by High Energy Ball Milling (HEBM) [5, 6]. Hydrogen diffusion is therefore
accelerated owing to the increased density of grain boundaries, the larger reactive surface area
and presumably a large amount of defects, although a recent review paper has outlined the
limited understanding of the scientific community regarding the exact nature of structural defects
and their effect [7]. However, HEBM cannot be applied to large-scale production due to energy,

safety and processing time constraints.

To overcome these drawbacks, Severe Plastic Deformation (SPD) such as Equal Channel
Angular Pressing (ECAP) [8-10], Cold Rolling (CR) [9,11] High Pressure Torsion (HPT) [12, 13]
as well as Surface Mechanical Attrition Treatments (SMAT) [14, 15] have been recently
employed to improve the H-storage properties through microstructure modifications.
Additionally, a preferential texture is developed upon SPD, which has been reported to improve
hydrogen absorption kinetics in AZ31 samples produced by ECAP and CR [10]. Forging is an

alternative SPD route, which has been widely used for centuries in metallurgy. Compared to



ECAP, HPT and CR, forging is a simple, safe and cost-efficient approach to produce heavily
deformed materials. According to the works of J. Huot [11] and A.C. Asselli [16], the hydrogen
sorption kinetics of forged MgH, is similar to that observed in the samples produced by CR or
HPT. However, large amounts of MgO formed as the number of forging passes increased, with a
detrimental effect on the hydrogen absorption kinetics [16]. To avoid the formation of MgO upon
multi-passes forging, single-pass fast forging (high deformation rate forging) under Ar
atmosphere has been developed. Fast forging has also been shown to produce microstructures
containing large amounts of defects as well as a preferential texture [17, 18], both leading to

significantly modified sorption kinetics.

Among Mg-based alloys, Mg, Ni has been considered as one of the most promising hydrogen
storage media owing to its favorable thermodynamics and relatively high hydrogen capacity [19,
20]. Upon hydrogenation at moderate temperature, Mg, Ni transforms into a ternary hydride
Mg, NiH, containing a hydrogen capacity of 3.6 wt.% [20]. In the present work, with the aim of
enhancing the hydrogen storage performance of a Mg-based alloy (Mg-22 wt.% Ni),
microstructure optimization through fast forging was investigated either at room or elevated
temperatures. Moreover, annealing followed by fast cold forging was carried out to produce a
specific microstructure characterized by fragmented Mg, Ni lamellae embedded in a textured Mg-
matrix. The microstructure developed through fast forging was examined in the present work
using a combined analysis of X-ray diffraction (XRD) and field emission scanning electron

microscopy (SEM) coupled with electron backscatter diffraction (EBSD).

2. Experimental
The hypoeutectic composition Mg-22 wt.% Ni (equivalent to 78 wt.% Mg - 22 wt.% Ni) was

selected to produce composites consisting of Mg,Ni domains embedded in a Mg matrix, by



refering to the Mg-Ni phase diagram. This composition is close to the Mg-rich eutectic at Mg-
11.3 at.% Ni, but contains lower amount of Ni to avoid the formation of higher amount of
MgNi, phase. Mg powder (atomized spherical particles of about 5 pm, 99.8% purity from SFM
(Société pour la fabrication du magnésium; Switzerland) and nickel powder (3040 pm, 99.5%
purity from Neyco, France) were used as raw materials. Prior to fast forging, samples were
prepared using the following procedures: firstly, a Mg-Ni mixture was fabricated by manual
grinding of the Mg and Ni powders in a glove box under argon atmosphere; subsequently, the
Mg-Ni pellets were compacted in a die using a 1 T/cm® press; finally, each sample containing 3
pellets (13 mm in diameter) was inserted into a thin cylindrical stainless steel sheath (22 mm in
height) to avoid a burst effect of matter at shock [18]. The compacted powders in the form of

pellets are referred as starting materials in the present work.

Plane-strain fast forging was performed at the laboratory scale using a device initially designed
for hard magnets [17]. A 150 kg hammer is dropped from a height of 1.5 meters at a rate of 4.7
m/s onto a piston. The piston is in direct contact with the sample which is positioned on the anvil
of a specially designed chamber. Three series of samples were prepared under argon atmosphere:
1) forged at room temperature (subsequently referred to as Cold forged, CF); 2) forged at the
temperature of 450°C (referred to as Hot forged, HF); and 3) forged at room temperature after a
preliminary annealing (referred to as Annealed + Cold forged, A + CF). Regarding the
preliminary annealing, three pellets (inserted into a thin cylindrical stainless sheath) were heated
by means of a retractable high frequency coil to 530 °C and maintaining for 30 minutes under Ar
atmosphere. It should be noted that the temperature of the sheath gradually decreased as the
annealing proceeded due to the increase of the electric conductivity of the sample; the final

temperature was recorded as 455 °C. After fast forging, the height of the sample was reduced



from 75 % to 93 % (Table 2) depending on the forging conditions. The sample geometry before

and after fast forging is shown in Fig. 1a.

Following fast forging, pieces were extracted from the center of the samples for microstructure
characterizations, as illustrated in Fig. 1a. The sectioned faces were mechanical polished using
SiC papers with grits from 1000 to 4000 followed by electrolytic polishing in an electrolyte of 62%
phosphoric acid and 38% ethanol at 2V for 3 min, at -15 °C. Phase identifications were
conducted on the horizontal polished surface using X-Ray Diffraction (XRD). The weight
fraction of each phase component and the corresponding lattice strain were determined by
Rietveld refinement using the FullProf suite [21]. Energy-dispersive X-ray (EDX) spectroscopy
was employed to determine the chemical composition of the annealed sample. To collect the
high-quality Kikuchi patterns, the samples were Ar ion polished with a PECS-II GATAN using
3.0 keV beam energy under dual beam condition, with gun angle of 2° and for about 3 hours.
Then EBSD characterization was performed using a JEOL-6500F SEM equipped with the AZtec
acquisition software package at a step size of 0.15-0.30 um. In addition to the EBSD micro-
texture measurements, XRD macro-texture measurements were carried out to have a better
representation of the crystallographic texture of the fast forged samples. Totally, five pole figures

(0002) g, (1Oi0)Mg, (1Oi1)Mg, (1012)1\,[g and (11§O)Mg have been measured and the texture

components were recalculated using the ATEX software [22]. The hydrogen storage properties of
the fast forged samples were examined using a Sievert device from HERA. Hydrogen absorption
and desorption kinetics were measured at temperature of 310 °C under a hydrogen pressure of
20 bars and 1.5 bars, respectively. In total, 12 cycles of absorption/desorption were conducted for

each forged sample.



3. Results and discussion

3.1 Structural and microstructural analysis
3.1.1 Phase analysis

Phase composition was studied by XRD. Fig. 1b shows a comparison of the XRD patterns of the
starting material Mg-22 wt.% Ni collected before and after annealing performed at 530°C under
inert atmosphere for 30 min. A Mg,Ni phase formed by diffusion of Mg and Ni atoms during
annealing. The weight fraction of Mg, Ni is determined to be 41 wt.% by Rietveld refinement, in
agreement with the starting composition. Additionally, some weak diffraction peaks which
correspond to the formation of small amounts of the MgNi, compound are observed. While
Mg, Ni have formed by solid state diffusion of Ni within the Mg particles, the possibility of the
formation of MgNi, by phase separation during local solidification, as previously reported by

Ueda et al. [23], cannot be ruled out.



(a) Schematic illustration of sample geometry (b) XRD pattern prior to fast forging
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Fig. 1. Phase identification using XRD measurement. (a) Schematic of samples geometry and analyzed
surfaces. Comparison of XRD patterns of (b) Starting material before and after annealing, (c¢) Cold forged,
hot forged and annealed + cold forged samples, and (d) Cold forged, hot forged and annealed + cold

forged samples after the first hydrogenation.

XRD patterns recorded on the as-forged samples are shown in Fig. 1c. For the CF sample, only
the initial phases Mg and Ni were detected, indicating that no phase transformation occurs under
the impact loading. Nevertheless, the relative high intensity of the (0002)y, peak reveals that a
basal texture is generated in the Mg phase upon the cold deformation. Regarding the HF sample,
a Mg, Ni phase formed during the forging process. According to the Mg-Ni phase diagram, this
intermetallic compound is expected to form at the eutectic temperature of 506°C. Obviously,

during fast forging, under the impact loading a part of the kinetic energy is converted into heat



which is dissipated in the sample. This stored energy might facilitate the formation of Mg, Ni
below the eutectic temperature through an accelerated metal diffusion at the Mg/Ni interface.
According to numerical simulation performed in Ref. [18], only one shock of forging resulted in
an increase of temperature within the sample of 150-200 °C. Therefore, for the HF sample, with
the assistance of the heat transformed from the kinetic energy, the real temperature of the sample
overpassed the eutectic one, which enabled the formation of Mg,Niat a local scale via fast

alloying. For the A + CF sample, in addition to the relative high intensity of the (0002)y peak,

broadening of the diffraction peaks is observed for both the Mg phase and the Mg,Ni

intermetallic compound due to the generation of lattice strain upon cold forging.

The weight fraction of each phase and the corresponding lattice strain, extracted from Rietveld
refinements are presented in Table 1 and Table 2, respectively. The estimated weight fractions of
Mg and Ni in the CF sample are consistent with the ones we designed. Nevertheless, a higher
extent of lattice strain is generated in the CF samples. For the HF sample, a very low fraction
(~ 2.22 wt. %) of Ni retained in the sample implies that Ni is not completely consumed upon the
formation of Mg, Ni. This could be due to either the inhomogeneous distribution of heat within

the sample or the size effect of the Ni particle [24].

Table 1: Weight fraction of each phase component in annealed and as-forged samples.

Forging Weight fraction (wt. %)
Sample series temperature ) ]
(OC) Mg N1 Mgle
CF 25 78.22+2.07  21.78 +£2.06 -
HF 450 62.36 +1.50 222+0.78  35.42+2.02
Annealed (530°C) - 56.85+2.30 1.50+0.16 41.65+1.95
A +CF 25 57.75+2.89 1.40+0.17 40.85+1.95




Table 2: Thickness reduction ratios and lattice strain of each phase in annealed and as-forged samples.

Sample series Reduction Lattice strain (%)
ratio (%) Mg Ni Mg,Ni
CF 79.0 0.14 +0.01 0.18 £0.01 -
HF 93.0 0.09 +0.01 0.08 £ 0.01 0.05+0.01
Annealed (530°C) - 0.08 £ 0.01 0.05+0.01 0.06 +0.02
A +CF 75.0 0.16 £ 0.01 0.13+0.01 0.08 +0.02

After the first hydrogenation, the forged samples are based on three major phases: MgH,
(tetragonal), Mg,NiH, (monoclinic) and metallic Mg indicating that the hydrogenation is
incomplete (Fig. 1d). Also the observation of Mg, NiH, 5 reveals that some of the hydrogen atoms

are dissolved as a solid solution within the Mg, Ni lattice.

Only a small amount of the Mg,NiH, hydride is observed in the CF sample and most of the
nickel remains as metallic Ni particles. In contrast, the quantity of Mg, NiH, hydride is quite high
for the forged samples containing the Mg, Ni phase (A + CF and HF). Moreover, we noticed that
a peak appears between the doublet of Mg,NiH, in the XRD pattern at about 23-24°. These
reflections can be assigned to stacking faults in Mg,NiH, [25, 26], which can act as quick

pathways for the transportation of hydrogen [27].

3.1.2 Texture development upon fast forging

Since plastic deformation is dominated by magnesium for the powder mixture of Mg-22 wt.% Ni,
the texture development of Mg upon fast forging was examined using XRD, as shown in Fig. 2,

where the recalculated (0002) and (10-10) pole figures are presented. For the CF sample (Fig. 2a),



a fiber texture characterized by a majority of c-axes approximately aligned with the forging
direction is developed under forging. The formation of this {0001} basal fiber texture is related to
the slip systems {0001}< 1120 > operating on the basal planes [28]. Regarding the HF sample
(Fig. 2b), the {0001} texture intensity has been weakened due to the occurrence of dynamic
recrystallization upon hot deformation. With respect to the A + CF sample (Fig. 2c), the texture
intensity is comparatively lower than that for the CF sample. Keeping in mind that the intensity
of texture is proportional to the volume fraction of grains having a preferential crystallographic
orientation, this lower fraction can be explained by differences in the fine scale deformation
mechanisms due to the composite nature of the deformed materials containing hard Mg, Ni

particles.

10
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Fig. 2. Pole figures of (0002) and (10-10) for Mg-phase measured using XRD: (a) CF, (b) HF and (c) A+
CF. (RD: radial direction).
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3.1.3 Microstructure analysis of the cold forged (CF) sample

EBSD technique was used to investigate the microstructure evolution upon cold forging of the
CF sample (Fig. 3). As illustrated in the schematic drawing in Fig. 1a, EBSD measurements have
been carried out on a cross-section along the forging direction (FD). In the inverse pole figure
(IPF) map of Fig. 3a, the Mg grains are colored while the Ni phase remains in white. The
majority red color of the Mg grains indicates that they globally exhibit a preferential orientation
(texture). Indeed, in agreement with the macro-texture determined by XRD (Fig. 2a), the (0002)
pole figure in Fig. 3b, which corresponds to the IPF map, confirms the presence of a fiber texture
with a majority of grains in the CF sample having <0001> directions approximately parallel to the
forging direction.

Fig. 3c shows an IPF map (corresponding to the selected zone in Fig. 3a) of the Mg grains
superimposed with their grain boundaries taken at a smaller step size of 0.10 um, in which the
high and low angle boundaries are outlined by black and grey colors, respectively. According to
Ref. [29], high-angle boundaries (HABs) are identified with a minimum of 15° misorientation
angle across the grain boundaries. Low-angle boundaries (LABs) are defined with misorientation
angle below 15°. Due to the experimental error in evaluating orientations by EBSD [30], grain
boundary misorientations below 2° are excluded from the data analysis. As seen, the grain
boundaries of magnesium are decorated with high angle boundaries, whereas the interior of that
is filled with low angle boundaries. Fig. 3d shows the IPF map of Ni-phase corresponding to the
selected zone in Fig. 3a. The Ni grains, with size less than 1 um, are distributed within the Mg

matrix in the form of agglomerations.

12
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Fig. 3. EBSD characterization taken from the cross-section of CF sample: (a) IPF map of Mg-
phase, Ni indicated by white color, (b) (0002) pole figure, (c) IPF map superimposed with grain
boundary corresponding to the selected zone in (a) taken at a smaller step size and (d) IPF map of
Ni corresponding the selected zone in (a). High and low angle grain boundaries are indicated by

black and grey, respectively.

Grain size distribution as well as grain/sub-grain boundary misorientation distributions obtained
from the analysis of EBSD maps taken on the different samples are shown in Fig. 4. The

LogNormal function, which is often used to describe grain size distribution in polycrystals, has
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been fitted to the grain size distribution (in terms of area fraction). The analysis shows that the
cold forged sample has a rather wide range of Mg grain size lying within the range ~ 1-10um
(Fig. 4a). As for the Mg-phase misorientation angle distribution in the CF sample, the black line
in Fig. 4b indicates the random distribution of misorientation angle expected for hexagonal
structure without any texture [31], often referred as Mackenzie distribution. Because of the
presence of a fiber texture in which many grains have a common crystallographic axis parallel to
the forging direction, the 2D misorientations between adjacent grains are generally of lower
magnitude in the forged samples than the expected ones in a material having a random orientation

of grains (no texture).

For comparison, the grain size distributions for HF and A + CF samples are also given in Fig. 4.
The HF specimen contains mostly fine Mg grains ranging within the 1 to 6 um size range with an
average size of ~2.7 um, as shown in Fig. 4c. The newly formed Mg, Ni intermetallic compound
is composed of fine to coarse grains ranging from ~1 to 10 um in size (Fig. 4d). For the A + CF
sample, because of some grain growth during pre-annealing, there is a more pronounced
heterogeneity in Mg-grain size, as depicted in Fig. 4e. Due to the "fragmentation" of the brittle
Mg, Ni domains upon cold forging, the Mg, Ni grains are slightly finer: 2.6 um for the A + CF

condition (Fig. 4f) compared to 3.7 um for the HF sample (Fig. 4d).

14
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Fig. 4. Grain size distributions of Mg-phase for CF (a), HF (c) and A + CF (e) samples.

Misorientation angle distribution of Mg-phase for CF sample (b). Grain size distributions of

Mg,Ni for HF (d) and A + CF (f) samples.

3.1.4 Microstructure analysis of the hot forged (HF) sample

The microstructure of the HF sample was investigated using SEM-EBSD measurement

performed on cross-section of the sample. Fig. 5a shows an EBSD phase map superimposed with

15



a band contrast, where the Mg, Mg, Ni and Ni phases are revealed in red, blue and yellow colors,
respectively. Figs. 5b, 5¢ and 5d present the IPF map of the Mg, Mg,Ni and Ni phases,
respectively. Absent in the cold forged sample, randomly orientated Mg, Ni grains having a fairly
equiaxed shape have formed in the Mg-matrix during the hot forging process. The enthalpy of
formation of Mg, Ni arises from the external heat as well as the additional heat transformed from
the impact loading. As shown in Fig. 5e, a SEM-SEI image taken at higher magnification
corresponding to the selected area in Fig. 5a, there are Ni particles dispersed close to the newly
formed Mg, Ni grains, which indicates that the initial mixed Mg/Ni powders were not fully
transformed into Mg, Ni. This could result from either the inhomogeneous distribution of heat
within the sample volume or the size effect of the Ni particles [24]. Ni grains with an average size
of 800 nm are retained in the hot forged sample as a result of the short reaction time at high
temperature which does not allow full alloying with Mg. Dynamic recrystallization has occurred
during the thermo-mechanical processing of this hot forging, which affects the evolution of the
microstructure like grain size, texture and stored energy etc. [32-36]. Examples of recrystallized
Mg,Ni and Ni grains are indicated by blue and yellow markings in Fig. 5e. Indeed, primary
recrystallization is a mechanism operating by a nucleation and growth process. While it is well
established that the nuclei are regions that already exist in the deformed microstructure, the
growth stage requires a sufficient misorientation between these nuclei and the deformed grains
that they are consuming to develop [28, 37]. This inevitably generates a weakening of the

deformation texture [37].
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(e) SEM-SEI image corresponding to the selected area in (a).

3.1.5 Microstructure analysis of the annealed and cold forged (A + CF) sample

17



The morphology and chemical analysis of the annealed mixed powder Mg-22 wt.% Ni was
characterized using SEM-EDX analysis prior to forging. Micrographs shown in Fig. 6a and Fig
6¢ (the latter being a magnification of the selected area 3 of the former) reveal that upon
annealing, some Mg particles (initially rounded) have evolved into more angular and faceted Mg
grains, in the form of octahedral truncated shape (see pink arrow in Figs. 6a), whereas some

larger Mg particles remained rounded (see white arrow in Fig. 6c¢).

(b) wm Zone 1
M mm Zone 2
9 mm Zone 3

Spectrum Mg, at. %  Ni, at. %
Zone 1 67.03 3297

Ni
Zone 2 68.30 31.70

Zone 3 66.50 33.50
Ni

i

1 2 3 4 5 6 7 8 9 10
Energy [KeV]

Counts

’ (c) Zone 3_

,'\c. /*
o WY A Initial Mg

_ 4 .
v particle

Mg,Ni
Agglomerates

e

Fig. 6. Microstructure of the annealed Mg-22 wt. % Ni, (a) SEI image; (b) EDX spectrum taken
from three different areas 1, 2 and 3, as indicated by the rectangles in (a); (c) zone 3 at higher
magnification and (d) superimposed map of the elements distribution (Mg and Mg,Ni indicated

by red and blue, respectively.)
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EDX spectrum taken in three different areas, as indicated by the rectangles labeled 1, 2 and 3 in
the SEM-SEI image (Fig. 6a) are displayed in Fig. 6b. The chemical compositions measured in
the three areas are also given in Fig. 6b. The measured atomic ratios of Mg to Ni are nearly equal
to the theoretical values (2:1), which further confirms the formation of Mg, Ni during annealing.
Fig. 6d shows the superimposed map of the elements distribution using Mg-K and Ni-L. As
observed, the newly formed Mg, Ni phase exists as agglomerates in the Mg matrix. This is due to
the fact that in the process of annealing, the Mg and Ni atoms diffuse across the boundaries of the
initial particles, fusing the particles together and creating recrystallized Mg, Ni grains (Fig. 6c).
The grain size of Mg,Ni ranges from hundreds of nanometers to several micrometers.
Additionally, it can be noticed that pores are distributed in the formed Mg, Ni, as indicated by the
black arrow in Fig. 6c¢. Indeed, in the present work, annealing of the mixture powders of Mg-22
wt.% Ni can be considered as a sintering process. Since the material is seeking to lower its
surface energy by moving atoms toward the points of contact between particles, the contact
points become larger and eventually Mg,Ni agglomerates containing small pores are created

during annealing/sintering.

Fig. 7a and Fig. 7b show cross section micrographs of the A + CF sample at different
magnifications. As observed, the equiaxed Mg, Ni grains (Fig. 7c) became fragmented lamellae
after fast cold forging. The thickness of the lamellae ranges from several tens of nanometers to
several micrometers. The fragmentation of Mg, Ni upon fast cold forging is expected since it
cannot accommodate the imposed plastic strain due to the brittle nature of this intermetallic
compound. Obviously, a considerable amount of cracks was generated in the interior of the
Mg, Ni intermetallic compound, as indicated by the black arrows in Fig. 7b. These cracks, can act

as hydrogen diffusion paths.
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Numerous studies have reported that Mg, Ni in the form of lamellae or nanoparticles can enhance
the hydrogen sorption properties owing to the accelerated hydrogen diffusion through the
interface between Mg and Mg, Ni [38-45]. In the present work, Mg/Mg,Ni interfaces result from
the embedding of fragmented Mg,Ni lamellae in the Mg-matrix, as revealed by the
Backscattered-Electron (BSE) image in Fig. 7c. This peculiar microstructure is confirmed by the
chemical analysis obtained from EBSD phase map superimposed with band contrast (Fig. 7d), in
which the Mg and Mg, Ni phases are indicated by red and blue, respectively. The Mg phase
exhibits some extent of a preferential grain orientation with respect to the forging direction with
the classic {0001} fiber texture (see IPF map of the Mg and Mg,Ni phases in Figs. 7e and 7f
respectively), as was confirmed by the XRD macro-texture measurement shown in Fig. 2c. This
is due to the fact that the deformation incompatibility between the Mg-matrix and the hard Mg, Ni
intermetallic compound hinders the reorientation of the Mg-grains with respect to forging
direction. Moreover, this plastic strain incompatibility induces a considerable amount of cracks in
the hard Mg, Ni particles. Subsequently, as will be confirmed hereafter from the H-storage data,

these cracks can act as quick pathways for the hydrogen transportation in the A + CF sample.

3.2 Hydrogen storage performance
3.2.1 Sample activation

Sample activation refers to the first hydrogenations of the material. It usually occurs very slowly
in “standard” micrometric Mg powders. The weak activation rate constitutes an important
limitation on the use of Mg- rich alloys for hydrogen storage. Without a tailored microstructure,
first hydrogenation of Mg powders requires typically 24h at 400°C under 30 bars of hydrogen [3,

46]. In this study, hydrogenation of all samples was carried out at 310°C under a hydrogen
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pressure of 20 bars. A comparison of the hydrogen uptakes recorded for fast forged samples as
well as for compacted powders (starting materials) is shown in Fig. 8a. The beneficial effect of
the peculiar microstructure developed upon cold forging is noticeable with fastest hydrogenations
- without any incubation time - and highest uptakes recorded for both CF and A + CF samples.
The basal fiber texture as well as a considerable amount of cracks induced upon cold forging may
facilitate hydrogen diffusion through the samples leading to faster absorption rates than the one
observed for the starting materials. Our results are in line with the work of Jorge Jr et al. [10],
who showed that the fiber texture is the best orientation for hydrogen absorption. Structural
defects like dislocations, grain boundaries, twins and stacking faults produced by the severe
plastic deformation are likely to create diffusion paths and increase the surface reactivity, thereby
improving hydrogen sorption kinetics of magnesium-based alloys [10-16, 27]. On the other hand,
the hot forged sample exhibited the slowest absorption kinetics and the lowest hydrogen uptake
capacity (~1 wt.% of hydrogen) after 2 hours of hydrogenation due to the weaker basal fiber
texture, the lower amount of structural defects and the absence of any porosity and cracks within
the sample. The compacted powder displays a relatively fast absorption owing to the facile

hydrogen diffusion between the less compacted particles.

Interestingly, a two-stage hydrogen activation is observed for the CF sample: a fast absorption
occurs at the very beginning of the reaction followed by a gradual stabilization and a hydrogen
uptake of about 1.2 wt.%. After 50 minutes the uptake absorption kinetics goes again through a
strong increase leading to an uptake of about 6 wt.% after 6.5 hours (curve not shown). The
apparent limited maximum uptake is due to a deliberate choice to stop the experiment. As it has
been checked also for the A + CF sample, a full hydrogenation of the samples is achieved for

longer time. Regardless of the proportion of Mg alloyed with nickel, the theoretical hydrogen
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gravimetric capacities for the HF, CF and A + CF samples are 5.93 wt.%. Thus no significant
loss of hydrogen capacity is detected. Moreover, the phenomenon of hydrogen trapping by lattice
defects, such as grain/phase boundaries and dislocations [47, 48] cannot be evidenced due to the
experimental resolution. To understand the kinetics mechanism behind this two-stage hydrogen
absorption, two general kinetic models, Jonhson-Mehl-Avrami-Kolomogorov (JMAK) model [49]
and Jander model [50], have been used to fit the isothermal data. However, the obtained data
cannot be fitted with any of these models, even the improved classical nucleation-growth-
impingement mode (C-JMAK) recently proposed by Pang et al. [51]. This means that the kinetic
mechanisms responsible for this two-stage hydrogen absorption cannot be solely determined by
kinetic models. One possible explanation may arise from the phase composition. XRD patterns
(Fig. 1c) have shown that the CF sample is only composed of elemental Mg and Ni while
additional Mg,Ni alloy is visible in the A + CF sample. This difference in phase distribution may
explain the unlike absorption profiles between CF and A + CF samples. In the A + CF sample,
the already formed Mg,Ni contributes to the fast kinetics of the first hydrogenation, while only
interfaces between Mg and Ni particles can be part of the kinetics enhancement in the CF sample.
After completion of the first hydrogenation, Ni is partly alloyed with Mg (as shown in XRD
pattern Fig.1d and the two stage behavior is no more visible (Fig. 8c). The present experimental
observations are in line with previous reports that describe sorption mechanisms in Mg-Ni alloys.
According to Refs [52,53], hydrogenation starts with the dissolution of hydrogen atoms into
Mg,Ni towards the formation of the Mg,NiHp3 solid solution, and, in a second stage, the
magnesium hydride appears. The ternary hydride Mg;NiH, crystallizes as soon as the hydrogen

content in Mg,NiHy 3 reaches saturation.
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Fig. 8. Hydrogen sorption curves for different cycles. Absorption was performed at 310 °C, 20
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second (d) and 12™ (f) desorption steps. Absorption measurements were intentionally stopped

after 80 min, 110 min or 140 min to limit the acquisition duration.
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3.2.2 Role of Mg,Ni on desorption kinetics

Hydrogen release curves that correspond to the first desorption (measured at the temperature of
310 °C under a pressure of 1.5 bars) for the three fast forged samples as well as the starting
material are gathered in Fig. 8b. As anticipated, the compacted powders show a very slow
desorption kinetics (10 hours are needed to achieve full desorption), which is due to the high
stability of the MgH, hydride [5-7, 52] as well as the slow diffusion of hydrogen through the
MgH, hydride phase. Interestingly, a rapid desorption occurred in both HF and A + CF samples
whereas CF sample features a slower dehydrogenation rate. We assign this significant difference
to the phase content. In fact, as determined by Rietveld refinement in section 3.1.1, the HF and A
+ CF samples contain large amount of Mg, Ni —phase, whereas this intermetallic is absent in the
as forged CF sample. The faster desorption kinetics in the samples that contain the Mg, Ni phase
can be directly attributed to the lower/weaker stability of the hydride phase Mg,NiH, that
facilitates the hydrogen release upon desorption. According to Refs. [52, 53], during desorption,
the ternary hydride Mg,NiH, is first decomposed into the Mg,NiH, ; phase due to its higher
hydrogen chemical potential. After that, the stable hydride MgH, starts to decompose into Mg
and hydrogen. Additionally, as mentioned above, stacking faults have formed within the structure
of the monoclinic Mg, NiH, hydride. Similar to grain boundaries and cracks, these stacking faults
can act as fast pathways to transport hydrogen from the interior of samples to the outer surface.
Nevertheless, it is worth to mention that hydrogen was not fully released from the hydrogenated
samples after the first desorption, as revealed in Fig. 8b, which is associated with the remaining

hydrogen atoms present in solid solution Mg, NiH,, ;.

3.2.3 Hydrogen sorption kinetics after activation
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Successive absorption/desorption kinetics were measured under conditions similar to the one
used for activation. Fig. 8c shows the hydrogen absorption kinetics recorded at the second cycle
for the forged samples. Since these samples were partly activated after the first cycle, the second
absorption kinetics was remarkably improved for all the forged samples (Fig. 8c). Nevertheless,
the hot forged sample still displays the slowest absorption kinetics due to the lack of any porosity
and/or cracks for hydrogen penetration. Fig. 8d displays the hydrogen desorption kinetics
recorded at the second cycle. The hydrogen desorption kinetics has improved to some extent for
all the forged samples, despite the CF sample which still exhibits the slowest desorption behavior.
Although the sorption cycles can be treated as annealing processes to homogenize the
microstructure, the sluggish desorption observed in the CF sample reveals that the amount of Ni

alloyed with Mg remains low and Mg, Ni content is poor after two cycles of sorption.

After 11 sorption cycles, all the samples display similar absorption curves, with a markedly fast
kinetics during the first 5 minutes followed by a strong slowdown, as depicted in Fig. 8e. The
observations may indicate that the absorption/desorption cycles - and the associated volume
changes and consequent lattice strain - have modified the initial microstructures to reach a
"normalized" structure rather identical to all the 3 samples. Several modifications can take place
under cycling such as recovery / recrystallization, grain growth, fragmentation of the samples -
associated to the volume changes under hydrogenation - to form fine powder particles, re-
annealing of these powder particles, etc. [9, 12]. This generates a microstructure of cycled
materials that depends less on the initial processing, which is however essential to improve the
first hydrogenation. Whereas the unified microstructure leads to fast hydrogen absorptions for all
three samples, the desorption kinetics of the CF sample remains low compared to the HF and A +

CF samples even after 11 cycles (see Fig. 8f). The dehydrogenation curve of CF sample remains
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quasi identical from the first to the 12 following desorptions suggesting that the catalytic phase
Mg,NiHy is not in sufficient quantity or in adequate distribution in the cold forged sample despite

several cycles.

It is interesting to note that a two-stage hydrogen desorption is even observed for the three
samples as depicted by the insert in Fig. 8f. The fast desorption at the first stage can be attributed
to a rapid decomposition of the Mg, NiH, hydride. The slower desorption kinetics at second stage
can be then ascribed to the slow release of H from the stable MgH, hydride. The further analysis
of the kinetic mechanisms involved in absorption/desorption investigated by in-situ neutron

diffraction is in progress and will be reported later.

Table 3 Comparison of hydrogen sorption properties of Mg-Ni samples obtained in the present

work and from literature [41, 43].

Sample Techniques Sorption Absorption Desorption Max uptake  H retained
temperature pressure pressure after 1% after 1%
(°C) (bars) (bars) absorption  desorption
(wt.%) (wt.%)
Mg-22 wt.% Ni CF 5.8 0.80
(this work) HF 310 20 1.5 2.0 0.25
A +CF 6.0 0.70
Mg75Nips HEBM + HPT 300 10 0.1 3.0 0.45

Mg-45 wt.% Ni
[41]

Mg;sNips HEBM 300 10 - 24 -
Mg-45 wt.% Ni HEBM + ECAP 1.5 -
[43] HEBM + CR 24 -

Table 3 summarizes the H-storage properties of the Mg-Ni powders obtained by fast forging in
the present work and by different SPD routes from the literatures [41, 43]. Regarding the

chemical composition of Mg-Ni powder, a lower amount of Ni contained in the current samples
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(Mg-22 wt.% Ni) leads to a theoretical hydrogen capacity of 5.97 wt. %, as compared to 4.2 wt. %
for the (Mg-45 wt.% Ni) one employed in Refs. [41, 43]. Without considering the effect of
absorption pressure, the hydrogen storage capacity is significantly increased for the sample
prepared by annealing and fast cold forging, as compared to the maximum hydrogen uptake
achieved for the sample prepared by combination of HEBM and HPT, which remains lower than
expected (3.0 wt.% instead of 4.2 wt.%). For the starting material made by HEBM, the maximum
hydrogen uptake is evidently promoted by HPT, whereas it is decreased by 35% through 6 passes
of ECAP or one pass of CR [43]. Interestingly, after 10 passes of CR, the maximum hydrogen
uptake is identical to the initial value (2.4 wt.%) recorded for the HEBM sample. These
differences could result from the distinct extents of shear strain imposed by the different SPD
modes [43]. The multi-passes SPD often generates a preferential texture that promotes hydrogen
absorption, however, the absence of any porosity retards hydrogen penetration from surface into
bulk [8]. The enhanced hydrogen storage performance achieved in this work is due to the co-
existence of a preferential fiber texture and amounts of the cracks, the interfaces and the
structural defects. The primary advantage associated the fast cold forged sample subjected to pre-
annealing is the generation of considerable amounts of cracks accompanied with the
fragmentation of the Mg,Ni lamellae, which act as hydrogen diffusion paths from surface

through bulk.

4. Conclusions

The aim of the present work was to improve our understanding of microstructure modifications
(including nature of phases and structural defects, grain sizes and texture) on the H-storage
behavior in Mg-based composites (Mg -22 wt.% Ni). In terms of activation (i.e. first absorption),

it appears that a stronger {0001} Mg fiber texture formed during cold deformation as well as the

28



presence of structural defects and micro-cracks in the processed samples are beneficial since they
create easier propagation paths for H diffusion within the bulk of the sample. Regarding the
desorption behavior, the best desorption kinetics were obtained in the presence of the Mg,Ni
phase due to the weaker stability of the Mg>NiH, hydride phase which favors the H release upon
desorption. A consequence of these observations in terms of optimal processing to create a
material having both an improved absorption as well as an improved desorption is the A + CF
processing route that generates the formation of a cracked microstructure combining fine grains

of Mg, Ni phase (favorable for desorption) and textured Mg grains (favorable for absorption).
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