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Abstract:

The present study quantitatively evaluated mechanical response of hydrogen-related fracture in the as-

quenched martensitic steel and correlated it to crack propagation behavior analyzed by microstructure

observations. The crack-growth resistance curves revealed that the hydrogen-related intergranular

cracks propagated in a stable manner even when the diffusible hydrogen content was large. Fracture

initiation toughness was decreased significantly by small amounts of diffusible hydrogen. With

further increasing diffusible hydrogen content, however, the fracture initiation toughness did not

change and remained almost constant. On the other hand, tearing modulus, corresponding to crack-

growth resistance, decreased rather gradually with increasing diffusible hydrogen content. The

microstructure observations confirmed that the hydrogen-related crack propagated discontinuously in

a stepwise manner on a microscopic scale. Accordingly, it was proposed that the microscopic

discontinuous crack propagation could be the possible reason for the stable crack propagation.

Keywords: Hydrogen embrittlement; Martensitic steel; Fracture mechanisms; Crack growth resistance

curve; Electron backscattering diffraction



1. Introduction

Hydrogen induces premature fracture in metals and alloys, so-called hydrogen embrittlement,

hydrogen-related fracture or delayed fracture. Several models have been proposed to account for

hydrogen-related fracture, such as high hydrogen pressure bubble or void [1], hydrogen-induced

reduction in surface energy [2, 3], hydrogen-enhanced dislocation ejection from the surface or near

surface region [4], hydrogen-induced reduction in cohesive energy [5-7], hydrogen-enhanced localized

plasticity [8-11], hydrogen-assisted vacancy production [12, 13]. Each model of hydrogen

embrittlement was reviewed in detail by Robertson et al. [14]. Nowadays, it has been recognized that

no single model mentioned above can comprehensively account for all the phenomena associated with

hydrogen embrittlement. Rather, in many cases, a combination of different models is reasonable to

understand hydrogen-related fracture behavior.

It is well known that susceptibility to hydrogen embrittlement increases with increasing strength

of material. In other words, high strength steels are highly sensitive to hydrogen embrittlement.

Because a certain amount of hydrogen is inevitably introduced into steel products during fabrication

process or from environment, hydrogen embrittlement is now becoming one of the major concerns in

steel society. A lath martensite structure, which often appears in most high strength steels, exhibits a

complicated microstructure consisting of several structural units with different length scale: lath, block,

packet and prior austenite grain [15, 16]. For aiming to suppress hydrogen embrittlement of high

strength martensitic steels through microstructure control, many efforts have been conducted to



understand relationship between the complicated microstructure of martensite and hydrogen-related

fracture behavior. In general, two typical fracture modes occur for hydrogen-related fracture in

steels: quasi-cleavage fracture and intergranular fracture. Kim et al. [17, 18] and Nagao et al. [19]

reported that the hydrogen-related quasi-cleavage fracture surfaces were parallel to the lath boundaries.

On the other hand, Shibata et al. [20-23] insisted through precise crystallographic orientation analysis

that the hydrogen-related quasi-cleavage fracture propagated parallel to {011} planes within lath. For

the hydrogen-related intergranular fracture, many studies proposed that the cracks propagated on prior

austenite grain boundaries [24-29].

For developing advanced high strength steels with high resistance to hydrogen embrittlement from

theoretical background, in addition to microstructural analysis, we consider that it is very important to

accurately understand the mechanical response of hydrogen embrittled steels and correlate it to crack

propagation behavior. In general, fracture process can be divided into three stages on a microscopic

view: (i) crack initiation, (ii) start of crack propagation and (iii) stable / unstable crack propagation to

whole specimen (or material) leading to final rupture. Presently, many of the previous works have

evaluated hydrogen embrittlement properties by a simple uniaxial tensile test using smooth specimens.

However, the obtained tensile properties, such as fracture stress or tensile ductility, can be used only

as a relative indicator of susceptibility to hydrogen embrittlement. In addition, it is nearly impossible

to break the obtained tensile properties down into the mechanical response of each microscopic

fracture stage. On the other hand, it is well known that a crack-growth resistance curve obtained by



elastic — plastic fracture mechanics experiments is useful to evaluate fracture toughness properties

corresponding to microscopic fracture stages. The resistance curve technique has been frequently

applied to study micromechanism of ductile fracture [30]. This technique was recently also applied

in several studies to understand hydrogen-related fracture behavior [31-41]. For example, Nagumo

et al. [31] obtained crack-growth resistance curves of ferrite — pearlite steels by three-point bending

tests and confirmed that the crack-growth resistance was decreased by the presence of hydrogen.

They also discussed the reduction of crack-growth resistance from the viewpoint of hydrogen-

enhanced void nucleation. Moreover, Somerday et al. [33, 34, 36-38] studied effect of hydrogen on

crack initiation and crack growth behaviors in several austenitic stainless steels and Cr-Mo / Ni-Cr-

Mo low-alloy pressure vessel steels based on the experimentally measured crack-growth resistance

curves.

The present study utilized the crack-growth resistance curve technique for understanding

hydrogen-related fracture behavior of a high strength martensitic steel. Tests using the unloading

compliance technique were conducted to obtain crack-growth resistance curves (J — da resistance

curves) and evaluate effect of electrochemically introduced hydrogen on fracture initiation toughness

and tearing modulus. The fracture initiation toughness is related to the microscopic fracture stages

(1) and (ii). On the other hand, the tearing modulus represents crack-growth resistance corresponding

to the microscopic fracture stage (iii). Tensile tests on smooth and notched axisymmetric tensile bars

were also carried out to evaluate macroscopic fracture stresses. In addition, we carefully investigated



crack propagation behavior through microstructure observations and discussed the correlation between

fracture toughness properties and crack propagation behavior.

2. Experimental Procedure

An as-quenched low-carbon martensitic steel (8Ni-0.1C steel) was selected in the present study,

because special attentions to type, morphology and size distribution of carbides were not necessary.

Moreover, block and packet sizes of low-carbon martensitic steels are relatively large [42] so that we

can effectively study the relationship between microstructure and crack propagation behavior by using

the as-quenched low carbon martensitic steel. The detailed chemical composition (wt. %) of the steel

is C: 0.116, Si: 0.005, Mn: 0.01, P: 0.001, S: 0.0015, Al: 0.033, Ni: 7.94, Fe: bal. Homogenized steel

plates with a thickness of 15 mm were austenitized at 1000 °C for 30 min followed by ice-brine

quenching and sub-zero cooling in liquid nitrogen. As shown in the optical microscopy image of

Figure 1, the heat-treated specimen exhibited a fully lath martensite structure. Smooth tensile bar

(ST) specimens, notched tensile bar (NT) specimens with a notch radius (R) of 2.4 mm and compact

tension (CT) specimens were cut from the heat-treated plates. All the tensile bar specimens have a

minimum diameter equal to 6 mm. The CT specimens with a thickness (B) of 12.5 mm and a width

(W) of 25 mm were fatigue pre-cracked in order to obtain an initial crack length of approximately 12.5

mm (0.5W), according to ASTM E1820. Then, side grooves were introduced into the pre-cracked

CT specimens so that the thickness at the roots of the side grooves (By) was 10 mm. Figure 2 shows



schematic illustrations of the ST, NT and CT specimens.

The ST, NT and CT specimens were cathodically pre-charged with hydrogen in an aqueous solution
of 3 % NaCl +3 g L' NH4SCN for 259.2 ks (3 days). A platinum wire was used as a counter electrode.
Our preliminary experiments suggested that charging period of 3 days was necessary to make hydrogen
homogenously distributed inside the present specimen geometries. The current density of the
hydrogen charging was changed ranging from 0.625 A m? to 3 A m™ to obtain the specimens with
different hydrogen contents. Only after hydrogen charging at a current density of 3 A m?, tiny and
shallow surface cracks were rarely visible on the specimen surface. However, we could not find that
the surface cracks propagated during the mechanical tests. Figure 3 presents diffusible hydrogen
content (Hp) of the specimens for different hydrogen charging conditions measured by thermal
desorption spectrometry (TDS) analysis. For the TDS analysis, specimens with a dimension of ~
12.5 x 15 x 15 mm® were used. Here, the Hp was defined as the cumulative hydrogen content
desorbed below 400 °C, where the first TDS peak ended. Based on the previous papers [26, 43], we
can consider that the diffusible hydrogen, which was desorbed below 400 °C, involved hydrogen
trapped at lattice defects (dislocation, grain boundary, and so on) as well as hydrogen at interstitial
lattice sites. As shown in Figure 3, we obtained the hydrogen-charged specimens with Hp of 0.28
wt. ppm (0.625 Am™), 0.42 wt. ppm (1.25 Am™), 1.01 wt. ppm (2 A m?) and 4.00 wt. ppm (3 A m™).
It should be noted that diffusible hydrogen was not detected in the TDS analysis for the uncharged

specimen. The TDS measurements and the mechanical tests (slow strain rate tensile tests and



unloading compliance tests described below) were always started 2.4 ks after completion of the
hydrogen charging.

Slow strain rate tensile tests at an initial strain rate (€) of 8.3 x 10° s™! were conducted for the ST
and NT specimens. An extensometer with a gauge length of 27 mm was used to measure
displacement and the test was controlled by the extensometer. Displacement rate (L) of the tensile
test for the NT specimen was determined so as to approximately obtain the same strain rate in the notch
area as: 2 X R x € (this simple rule can be checked using finite element simulations assuming an
elasto-plastic behavior). From the slow strain rate tensile tests, we obtained nominal stress — nominal
strain curves. The nominal stress is F / So, where F is the applied force and So is the initial cross
section area. 'The nominal strain for the ST specimen is AL / Ly and that for the NT specimen is AL /
(2xR). The Lo and AL are the initial gauge length and the gauge length increase, respectively.

Crack growth behavior was investigated using the CT specimen. Unloading compliance tests
based on the single specimen test method were performed to obtain J — Aa resistance curves in
accordance with ASTM E1820. Jis the J-integral value and 4a is the crack extension length. Crack
mouth opening displacement during the unloading compliance test was measured by clip gauge. The
elastic compliance at a certain displacement was determined from unload / reload sequences repeated
three times. Each of the unload / reload sequences was conducted for a displacement interval of 0.025
mm and the crack extension length at each stage was calculated from the elastic compliance according

to ASTM E1820. J was computed from J = Jo + Jp, where Jo was computed from linear elastic



fracture mechanics and J,; was incrementally computed using the plastic area under the load —
displacement curve (ASTM E1820). The unloading compliance tests (except for unload / reload
sequences) were carried out under displacement control. It is difficult to evaluate actual strain rate at
crack tip of the CT specimen during the unloading compliance test. In order to make strain rate
sufficiently slow, the rate of crack mouth opening displacement for the unloading compliance test was
chosen as 2.5 x 10° mm s”'.  The corresponding initial rate of stress intensity factor (K) fora /W =
0.5 was 8.5 x 10° MPa m'? s’!. In order to ensure reproducibility of crack growth behavior, the
unloading compliance test for each charging condition was repeated three times.

Fracture surfaces of the tested ST, NT and CT specimens were observed using scanning electron
microscopy (SEM, LEO: 1450VP, JEOL: JSM-7100F and JEOL: JSM-7800F). To study crack
growth behavior from a microstructural point of view, crystal orientation mappings at the mid-
thickness sections of the tested CT specimens were performed by electron backscattering diffraction
(EBSD) with a step size of 0.1 um using SEM operated at 15 kV. The specimen surfaces for EBSD
measurement were prepared by vibration polishing with a 0.02 pum colloidal silica suspension. The
EBSD measurement and analysis were performed with the TSL OIM Data Collection program and the

TSL OIM Analysis program, respectively.

3. Results

3.1 Uniaxial tensile test results using ST and NT specimens



Figures 4 (a, b) show nominal stress — nominal strain curves of the ST specimens (a) and the NT

specimens (b) with different Hp, respectively. The uncharged ST specimen exhibited large nominal

elongation up to about 10 %. The hydrogen-charged ST specimen with Hp of 0.28 wt. ppm exhibited

some plasticity before fracture. In contrast, the hydrogen-charged ST specimens with Hp more than

0.42 wt. ppm fractured within the elastic strain regime. The elongation of the uncharged NT

specimen was limited compared to the uncharged ST specimen. In addition, the hydrogen-charged

NT specimens did not exhibit macroscopic plastic deformation before fracture. The macroscopic

fracture stresses (nominal stresses) of ST and NT specimens are summarized in Figure 4 (c) as a

function of Hp. In the case of the uncharged ST specimen, the maximum nominal flow stress (tensile

strength) was plotted. For both the ST and NT specimens, the macroscopic fracture stresses

decreased suddenly with small values of Hp around 0.5 wt. ppm and then became constant with further

increasing Hp. The saturation of hydrogen degradation at higher hydrogen content was also reported

in various steels [26, 44, 45].

Secondary electron (SE) images using SEM (SEM / SE images) of Figure S show fracture surfaces

of (a) the uncharged ST specimen, (b) the uncharged NT specimen, (c) the hydrogen-charged ST

specimen (Hp = 4.00 wt. ppm), and (d) the hydrogen-charged NT specimen (Hp = 4.00 wt. ppm). A

fully ductile surface with dimples is observed in the uncharged ST specimen. On the other hand, the

fracture surface of the uncharged NT specimen consists of intergranular surfaces. This is consistent

with the stress — strain curve of the uncharged NT specimen in Figure 4 (b), where the uncharged NT
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specimen had limited elongation. This is the characteristic of the used martensitic steel, that is, even

in the uncharged state, large stress concentration at notch root induced brittle intergranular fracture.

Almost all the areas of the fracture surfaces in the hydrogen-charged ST and NT specimens are covered

with intergranular surfaces, though some dimples and quasi-cleavage facets with serrated markings

can be observed. The positions of typical dimples and quasi-cleavage facets are indicated by white

arrows, and Figures 5 (e, f) show high magnification SEM / SE images of the quasi-cleavage facets

observed in the hydrogen-charged ST and NT specimens (Hp = 4.00 wt. ppm). We also confirmed

that fracture surfaces of the other hydrogen-charged ST and NT specimens (Hp = 0.28 ~ 1.01 wt. ppm)

were quite similar to those of Figures 5 (¢, d) with intergranular surfaces and small amounts of dimples

/ quasi-cleavage facets. Accordingly, we can conclude that the major mode of hydrogen-related

fractures in both the ST and NT specimens was intergranular.

3.2 Unloading compliance test results using CT specimens

Load — crack mouth opening displacement curves of the CT specimens with different Hp are

presented in Figure 6 (a). We can confirm that the maximum load decreased with increasing Hp. It

can be seen that the slopes of unload / reload sequence decreased during the unloading compliance

tests. By analyzing the crack extension length (4da) from the change in compliance during the test

according to ASTM E1820, we obtained J — da resistance curves. The representative J — da

resistance curves for each hydrogen-charged specimen are shown in Figure 6 (b). In order to confirm
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the reliability of crack extension length evaluated by the unloading compliance technique, crack

extension length was also measured using fracture surface image of one uncharged CT specimen.

After the unloading compliance test, the specimen was thermally etched at 300 °C for 30 min in air,

and then fractured in liquid nitrogen. The size of thermally etched region, corresponding to the crack

extension length after completion of the unloading compliance test, was measured at nine equally

spaced points on the fracture surface image according to ASTM E1820. The difference between the

crack extension length evaluated by the unloading compliance technique and that using fracture surface

image was 0.11 mm, indicating that the present unloading compliance technique can evaluate crack

extension length.

As shown in Figure 6 (b), the J — 4a resistance curves of the uncharged CT specimen and the

hydrogen-charged CT specimen with Hp of 0.28 wt. ppm were similar. For the hydrogen-charged

CT specimens with Hp more than 0.42 wt. ppm, cracks started to propagate at significantly low J-

integral values compared with the uncharged CT specimen. However, a positive slope on the J — da

resistance curves can be observed even after the start of crack propagation. This indicates that the

hydrogen-related fracture was not completely unstable premature fracture, but the crack propagated in

a stable manner to some extent even when Hp was large. The work by Kameda and McMahon [46]

also suggested that stable crack propagation could happen in hydrogen-related fracture of the high

strength martensitic steel. Here, we simply defines stable crack growth as the one which requires

increment of J-integral for further growth (i.e., dJ / d4a > 0). Chan [47] considered crack growth
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with finite and positive dJ / d4a as a stable crack growth because strain energy should be supplied by
external load for further crack extension. Instability can also correspond to the case where to a
decrease of the force is triggered for an infinitesimal variation of the applied displacement. This
situation is avoided provided dJ / d4a is large enough and the machine stiffness is high [48]. This
situation was never encountered during testing.

From the J — 4a resistance curves shown in Figure 6 (b), we evaluated fracture initiation toughness
(J1c) and dimensionless tearing modulus (77). The fracture initiation toughness was defined as the J-
integral value at the intersection of the 0.2 mm offset line with the J — Aa resistance curve. According
to ASTM E1820, the slope of 0.2 mm offset line is 2 x 0y, where Oy is the average of 0.2 % offset
yield strength and ultimate tensile strength. Because the hydrogen-charged specimens fractured
within the elastic strain regime, we used gy of 1055 MPa which was derived from the stress — strain
curve of the uncharged ST specimen. We confirmed that all the uncharged and hydrogen-charged CT
specimens satisfied the specimen size criteria for obtaining valid plane-strain J;c according to ASTM
E1820. The tearing modulus, which corresponds to crack-growth resistance, was derived from the
following equation;

E d
TR=_] (1)

ot dla
where E is a Young modulus ( = 200GPa), on is a 0.2% offset yield strength and dJ /d4a is an average

slope of the linear region after intersection of the 0.2 mm offset line in the J — da resistance curve.

Chan [47] proposed that Tk could be used as a parameter of crack-growth resistance even when the
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fracture mode was brittle. Because op of the hydrogen-charged specimens could not be evaluated

from the stress — strain curves of Figure 4(a), we used op of the uncharged ST specimen (920 MPa)

assuming that gy does not depend on Hp very much. Changes in fracture initiation toughness and

tearing modulus with Hp are presented in Figures 7 (a, b), respectively. As shown in Figure 7 (a),

the fracture initiation toughness decreased significantly for relatively small values of Hp, around 0.5

wt. ppm. With further increasing Hp, however, the fracture initiation toughness did not change and

remained almost constant.  As the fracture initiation toughness can be considered to be the toughness

property corresponding to the onset of crack propagation, we found that the hydrogen-related crack

easily started to propagate for small values of Hp. On the other hand, the tearing modulus decreased

rather gradually with increasing Hp (Figure 7 (b)).

3.3 SEM and EBSD analysis for the tested-CT specimens

SEM / SE images showing fracture surfaces of the CT specimens are shown in Figure 8. Left

sides correspond to the fatigue pre-cracks and the cracks propagated from left to right sides in the SEM

/ SE images. As in the case of the tensile-tested NT specimens (Figure 5 (b, d)), the fracture surfaces

of both the uncharged and hydrogen-charged CT specimens comprise mainly intergranular surfaces

and small amounts of dimples / quasi-cleavage facets. The positions of typical dimples and quasi-

cleavage facets are indicated by white arrows.

In order to investigate macroscopic crack propagation behavior, the mid-thickness sections of the

14



tested-CT specimens were observed by SEM / SE as shown in Figure 9.  As in the case with Figure

8, the cracks propagated from left to right sides in the SEM / SE images. It is clear that the

macroscopic crack morphologies are different depending on Hp. For the uncharged CT specimen

(Figure 9 (a)) and the hydrogen-charged CT specimen with small Hp (Hp = 0.28 wt. ppm) (Figure 9

(b)), many un-cracked ligaments can be observed as indicated by white arrows. The existence of

many un-cracked ligaments suggests that discontinuous crack propagation occurred. As shown in

Figures 9 (c) — (e), on the other hand, the cracks propagated rather continuously for the hydrogen-

charged CT specimens with Hp more than 0.42 wt. ppm. Therefore we can conclude that

macroscopic crack propagation tended to be more continuous with increasing Hp.

Figure 10 (a) shows a back-scattering electron (BSE) image using SEM (SEM / BSE image)

around an area about 150 pm ahead of the main crack in the uncharged CT specimen. Micro-cracks

are visible in the SEM / BSE image. An EBSD orientation map corresponding to Figure 10 (a) is

presented in Figure 10 (b). The colors in the EBSD orientation map express the orientations parallel

to the normal direction (ND) of the observed section and the stereographic triangle inserted in the

EBSD orientation map shows the correspondence between color and crystal orientation along ND.

Additionally, the positions of micro-cracks and prior austenite grain boundaries determined by

orientation analysis are indicated by black solid lines and white broken lines, respectively. Although

there are various kinds of high angle boundaries in lath martensite structure, such as block boundary,

packet boundary and prior austenite grain boundary, we can find that the micro-cracks apparently
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propagated along the prior austenite grain boundaries. This is consistent with SEM / SE image of

Figure 8 (a) where the fracture surface comprised mainly intergranular surfaces. Figures 10 (c, d)

show a high magnification SEM / BSE image and an EBSD orientation map whose observed area

correspond to the white rectangle in (a). We can confirm that, even on a microscopic scale, the micro-

crack propagated on the prior austenite grain boundary.

An SEM / BSE image and an EBSD orientation map of an area about 100 pm ahead of the main

crack in the hydrogen-charged CT specimen (Hp =4.00 wt. ppm) are shown in Figures 11 (a, b). The

black and white broken lines represent the positions of micro-cracks and prior austenite grain

boundaries, respectively. As well as the case of the uncharged CT specimen, the hydrogen-related

micro-cracks apparently propagated along the prior austenite grain boundaries. However, the high

magnification SEM / BSE image and the EBSD orientation map of Figures 11 (¢, d) revealed that the

small un-cracked ligaments existed on the prior austenite grain boundary (yellow arrows). Moreover,

the micro-crack partly deviated from the prior austenite grain boundary at the position indicated by red

arrow. Hydrogen-related crack propagations not exactly on but in the vicinity of prior austenite grain

boundaries have been reported previously [20-22]. We confirmed the similar tendency in the other

hydrogen-charged CT specimens (Hp = 0.42 ~ 1.01 wt. ppm). Based on the observation results, we

found that the hydrogen-related micro-cracks propagated discontinuously in a stepwise manner on a

microscopic scale, although the cracks were rather continuous macroscopically.
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4. Discussion

Hydrogen can move even at room temperature due to its high diffusivity. It is a common
understanding that hydrogen diffusion / accumulation during deformation has an important influence
on hydrogen-related fracture. Previous studies proposed that prior austenite grain boundary was a
major trapping site of hydrogen in lath martensite structure [49, 50]. We also reported using hydrogen
microprint technique that hydrogen tended to accumulate around prior austenite grain boundaries
during tensile deformation at a slow strain rate (¢ = 8.3 x 10 s!), but no hydrogen accumulation at
prior austenite grain boundaries was confirmed when the strain rate was fast (¢ = 8.3 x 107! s!) [51].
One can imagine that there was a large residual stress around the tip of fatigue pre-crack in the CT
specimen that was introduced during the fatigue pre-cracking process. Many papers proposed that
hydrogen tended to accumulate in the region with high stress field, particularly high hydrostatic tensile
stress, and large plastic strain [52-55]. Assuming that hydrogen accumulated at prior austenite grain
boundaries in the vicinity of the tip of fatigue pre-crack during the hydrogen pre-charging process, the
cracks easily formed and started to propagate during the fracture mechanics test (unloading compliance
test) even when the global Hp was small. This would lead to the rapid decrease of fracture initiation
toughness with small Hp. On the other hand, there was no specific site with high hydrostatic tensile
stress or large plastic strain inside the ST and NT specimens before the hydrogen pre-charging process.
If the hydrogen accumulation during the hydrogen pre-charging process had a great influence on the

change in fracture initiation toughness with Hp, the macroscopic fracture stresses in the slow strain
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rate tensile tests of the ST and NT specimens should decrease gradually with increasing Hp. As

shown in Figure 4, however, the macroscopic fracture stresses of the ST and NT specimens also

decreased significantly for the small values of Hp. Consequently, we can propose that the rapid

decrease of fracture initiation toughness with small Hp, confirmed in Figure 7 (a), is an intrinsic

characteristic of hydrogen-related intergranular fracture, and cannot be accounted from the pre-

accumulation of hydrogen around the fatigue pre-crack during the hydrogen pre-charging process.

As shown in Figure 4, the macroscopic fracture stresses in the slow strain rate tensile tests of the

ST and NT specimens decreased suddenly with small Hp, and further increasing of Hp did not change

the macroscopic fracture stresses very much. Because this tendency is similar to the change in

fracture initiation toughness with Hp (Figure 7 (a)), we can say that the stage for start of crack

propagation contributed very much to the macroscopic fracture stress in the slow strain rate tensile test.

Figures 6 (b) and 7 (b) demonstrated that the tearing modulus, corresponding to crack-growth

resistance, decreased rather gradually with increasing Hp. Consequently, the increase of Hp affected

the crack propagation stage more than the crack initiation as well as the start of crack propagation

stages. We can assume that a certain amount of hydrogen was necessary to accumulate locally around

the crack tip for further crack propagation. With increasing Hp (global Hp), necessary stress level to

induce the hydrogen accumulation decreased, resulting in the decrease of crack-growth resistance.

The decrease of crack-growth resistance led to the macroscopic continuous crack propagation, that

was observed in the SEM / SE images of Figure 9. Though the fracture properties (fracture initiation
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toughness and tearing modulus) were summarized as a function of global Hp as shown in Figure 7, it

is better to correlate the fracture properties to local hydrogen content at crack initiation site or tip of

propagating crack. Because local hydrogen content can be expressed as a function of hydrostatic

tensile stress and plastic strain [52-55], finite element simulation can evaluate local hydrogen content.

In the next paper, we will discuss the fracture properties quantitatively from the viewpoint of local

hydrogen content at fracture site.

One of the important findings in the present paper is that the stable crack propagations were

confirmed in the hydrogen-related intergranular fracture of the high strength martensitic steel. To

date, stable crack propagations in hydrogen embrittlement have been recognized in austenitic stainless

steels [33, 34, 36, 37], ferrite — pearlite steels [31], and tempered Cr-Mo / Ni-Cr-Mo steels [38], whose

sensitivities to hydrogen embrittlement are not as high.  As shown in Figure 4, sensitivity to hydrogen

embrittlement of the martensitic steel used in the present study was notably high and hydrogen-charged

specimens exhibited premature fracture within the elastic strain regime during the slow strain rate

tensile tests. Nevertheless, we found that the hydrogen-related intergranular cracks propagated in a

stable manner as shown in the J — 4a resistance curves of Figure 6 (b). This leads to an important

suggestion that hydrogen-related intergranular fracture essentially involves a stable crack propagation

process, even though macroscopic premature fracture occurs. The SEM / SE images of Figure 9

indicate that the macroscopic crack propagations were rather continuous when Hp was large. As

shown in the SEM / BSE image and the EBSD orientation map of Figures 11 (c, d), however, there
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were many small un-cracked ligaments on the prior austenite grain boundary and a part of the micro-

crack existed slightly away from the prior austenite grain boundary. The microstructure observation

results indicate that the hydrogen-related crack propagated in a stepwise manner on a microscopic

scale.  In addition to crack blunting by plastic deformation and to sub-cracks formation,

discontinuous crack propagation would result in stable crack propagation with increment of J-integral.

Therefore, we infer that the microscopic discontinuous crack propagation could be the possible reason

for the stable crack propagation in the hydrogen-related intergranular fracture.

5. Conclusions

In the present paper, we quantitatively evaluated the mechanical response of hydrogen-related

fractures in an as-quenched martensitic steel, and correlated it to the crack propagation behavior

analyzed by SEM and EBSD. The following conclusions were reached.

1. The slow strain rate tensile tests revealed that the macroscopic fracture stresses of both the ST and

NT specimens decreased suddenly with small concentrations of diffusible hydrogen (Hp around

0.5 wt. ppm) and that a further increase in Hp did not change the fracture stress very much.

2. We found from the J — 4a resistance curves that the hydrogen-related cracks propagated in a stable

manner even when Hp was large. The fracture initiation toughness decreased significantly for

small values of Hp, around 0.5 wt. ppm. With further increasing Hp, however, the fracture
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initiation toughness did not change and remained almost constant. On the other hand, the tearing

modulus decreased rather gradually with increasing Hp. Accordingly, we can propose that

increase of Hp affected crack propagation stage rather than crack initiation as well as start of crack

propagation stages.

. The microstructure observations confirmed that the hydrogen-related macroscopic cracks

propagated rather continuously when Hp was large. The macroscopic continuous crack

propagation would be originated from the decrease of tearing modulus with increasing Hp. On a

microscopic scale, however, we found that there were many small un-cracked ligaments on the

prior austenite grain boundary, and a part of the micro-crack existed slightly away from the prior

austenite grain boundary. Accordingly, we concluded that the hydrogen-related crack propagated

discontinuously in a stepwise manner on a microscopic scale. The microscopic discontinuous

crack propagation could be the possible reason for the stable crack propagation.
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Figure captions

Figure 1 Optical microscopy image of the heat-treated specimen.

Figure 2 Schematic illustrations of the specimen geometries (unit: mm); (a) smooth tensile bar

specimen, (b) notched tensile bar specimen with a notch radius of 2.4 mm, (c) compact tension

specimen.

Figure 3 Relationship between diffusible hydrogen content and current density in the cathodically pre-

hydrogen charging.

Figure 4 (a, b) Nominal stress — nominal strain curves of the ST specimens (a) and the NT specimens

(b) with different Hp and (c¢) changes in macroscopic fracture stress with Hp (open circles: ST

specimens, solid circles: NT specimens). The Hp corresponds to average value of each charging

condition shown in Figure 3. In the case of the uncharged ST specimen, the maximum nominal flow

stress (tensile strength) was plotted in (c).

Figure 5 SEM / SE images showing fracture surfaces after the slow strain rate tensile tests; (a) the

uncharged ST specimen, (b) the uncharged NT specimen, (c, e) the hydrogen-charged ST specimen

(Hp = 4.00 wt. ppm) and (d, f) the hydrogen-charged NT specimen (Hp = 4.00 wt. ppm). The

29



positions of typical dimples and quasi-cleavage facets are indicated by white arrows.

Figure 6 (a) Load — crack mouth opening displacement curves and (b) crack-growth resistance curves

(J — 4a resistance curves) of the CT specimens with different Hp.

Figure 7 Changes in (a) fracture initiation toughness (Jic) and (b) tearing modulus (7r) with Hp. The

Hp corresponds to average value of each charging condition shown in Figure 3

Figure 8 SEM / SE images showing fracture surfaces after the unloading compliance tests; (a) the

uncharged CT specimen and (b-d) the hydrogen-charged CT specimens ((b) Hp = 0.28 wt. ppm, (c)

Hp = 0.42 wt. ppm, (d) Hp = 4.00 wt. ppm). The positions of typical dimples and quasi-cleavage

facets are indicated by white arrows.

Figure 9 SEM / SE images showing mid-thickness sections of the CT specimens after the unloading

compliance tests; (a) the uncharged CT specimen and (b-e) the hydrogen-charged CT specimens ((b)

Hp=0.28 wt. ppm, (¢) Hp = 0.42 wt. ppm, (d) Hp = 1.01 wt. ppm, (¢) Hp =4.00 wt. ppm). The white

arrows indicate the positions of un-cracked ligaments.

Figure 10 (a, c) SEM / BSE images and (b, d) EBSD orientation maps taken at a region ahead of the
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main crack in the uncharged CT specimen after the unloading compliance test. The observed area of

(c, d) is white rectangle indicated in (a). The black solid lines and white broken lines indicate the

positions of micro-cracks and prior austenite grain boundaries, respectively.

Figure 11 (a, ¢c) SEM / BSE images and (b, d) EBSD orientation maps taken at a region ahead of the

main crack in the hydrogen-charged CT specimen (Hp = 4.00 wt. ppm) after the unloading compliance

test. The observed area of (c, d) is white rectangle indicated in (a). The black solid lines, white

broken lines, red arrow and yellow arrows indicate the positions of micro-cracks, prior austenite grain

boundaries, micro-cracks deviated from the prior austenite grain boundary and small un-cracked

ligaments, respectively.
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