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Abstract

The dependence on thermal history of the plasticity mechanisms occurring in nanocrystalline gold thin films is evidenced
thanks to relaxation tests combined with in-situ synchrotron X-ray diffraction. The two techniques complement one
another. The activation parameters show that the films deform mainly by dislocations and give indications about their
mean free paths, whereas the Bragg peak positions, widths and areas bring invaluable information on residual stress as
well as on some plasticity properties, like dislocation storage inside the grains or grain rotations. For the demonstration,
two sputter-deposited nanocrystalline 50nm-thin films deposited onto stretchable substrates are studied. It is shown
that an as-grown sample (at a homologous temperature of 0.22) presents a stress-assisted annealing, thus decreasing its
initial defect density, whereas if a thermal annealing (three hours at 200°C, corresponding to a homologous temperature
of 0.35) has been applied to the sample before the tensile test, it deforms by conventional plasticity, and the dislocations
are not stored inside the grains. These mechanisms lead to different work-hardening properties. This work shows how a
moderate annealing can have a profound influence on the mechanical behaviour of these thin films.
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1. Introduction

The plastic behaviour of a material subjected to a me-
chanical test results from the synergy between applied
stress and thermal energy. To separate both effects, tran-
sient tests are resorted to: after an initial mechanical per-
turbation, the stress or the strain is kept constant and
the material is let evolve towards a new equilibrium con-
figuration, with only thermal fluctuations assisting plastic
events. It is then convenient to separate the stress ex-
erted on the material in an athermal contribution τµ and
a thermal one τ∗. A. Seeger in 1954 identified the first
with the internal stress that is governed by long range
stresses associated to grain boundaries, precipitates, dislo-
cation walls, etc., and the second with the effective stress
caused by much more localized heterogeneities, like point
defects or isolated dislocations. The dependence on the
effective stress of the activation energy of a plastic event
is monitored with the effective activation volume V ∗:

V ∗ = −∂∆G

∂τ∗

∣∣∣
T

(1)

This volume is associated to the number of atoms partic-
ipating to the plastic events and is thus characteristic of
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the leading plasticity mechanism [1, 2, 3, 4]. There exists
another activation volume, Va, termed the apparent acti-
vation volume. It is measured in practice with the decay
of the stress during the relaxation time as [5, 6]

∆τ(t) = −kT
Va

ln (1 + t/c) (2)

with t the time, k the Boltzmann constant and T the abso-
lute temperature - or by the strain decay during the creep
time, i.e. when the applied stress rate vanishes. The ap-
parent activation volume differs from the effective (also
called physical, or true) activation volume in that the mi-
crostructure may slightly evolve during the relaxation seg-
ment. Hence, Va not only depends on thermal activation,
but also on the small change in internal stress. Though ex-
perimental means exist to extract the effective activation
volume V ∗ from the apparent activation volume Va, e.g.
through repeated relaxation tests done at the same stress
[7, 8], numerous authors use Va as a first guide for identi-
fication of the plasticity mechanisms [9, 10, 11, 12, 13].

Relaxation tests are particularly well adapted for
nanocrystalline materials, for which several mechanisms
are in competition [14, 15]: many studies reveal disloca-
tion nucleations and propagations [16, 17, 18], diffusion
[19, 20, 21], grain boundary sliding, migration, rotation or
growth [22, 23, 24, 25, 26, 27] - these mechanisms often
cooperate and accommodate one another. It is hoped that
the activation volume determination will be a method to
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Figure 1: (a): Picture of the biaxial tensile tester available at the DiffAbs beamline. The substrate arm width and length is 20 and 90mm
respectively, and the diameter of the disk-shaped thin film is 20mm. (b): Two-dimensional diffractogram, with portions of the Debye-Scherrer
rings of the gold (Au) thin film and the powder used as a calibrant (TiO2). Only the indexed peaks are used for the calibration. (c): Peak area
of the {111} pole for the two samples. In all the figures of this paper, black applies to the as-grown (a.g.) sample, red to the post-annealed
(p.a.) one.

characterize macroscopically the leading plasticity mecha-
nism operating in the material [28, 29, 10, 30, 31, 32, 33].
Moreover, the thermodynamic instability of nanocrys-
talline metals being evidenced by the potential grain
growth [34, 23], it is relevant to monitor the relaxation
of a nanocrystalline sample all along a stress-strain curve.
In this paper we are interested in thermal contributions
in the mechanical behaviours of nanocrystalline gold thin
films deposited onto soft substrates (polyimides). First,
one of the films has been annealed after its deposition.
This did not change its grain size but affected its defect
content. Second, relaxations have been imposed on the
films and their responses compared. For these samples,
the macroscopic data do not reflect the stress in the film,
and synchrotron X-Ray Diffraction (XRD) is resorted to.
This provides the elastic strain, of which the residual and
applied stresses can be determined. Simultaneously, the
true strain has been monitored with Digital Image Corre-
lation (DIC). As shown in [35], the evolution of the Bragg
peak shape during the loading-relaxation test brings com-
plementary information on the mechanical response of the
samples. The relevance of XRD data analysis for charac-
terizing the plasticity behaviours of nanocrystalline mate-
rials was already shown in e.g. [36, 37] (Bragg peak width
evolution), [38] (asymmetry), or [39, 40] (texture).

Very recently, the relaxation of nanocrystalline and ul-
trafine grained gold thin films has been the subject of
several studies: Hosseinian et al observed with in-situ
transmission electron microscopy that the relaxation was
first accommodated by dislocation motion, mainly around
triple junctions involving relatively large grains, and then
with grain boundary diffusion mechanisms [13], whereas
Mongkolsuttirat et al show that the relaxation was more
substantial when the temperature or the grain size in-
crease [41]. We show here that the initial microstruc-
ture (defect content and residual stress) has also to be

taken into account. Besides, there has been recently a
marked interest in characterizing through diffraction biax-
ial tests [42, 43, 44]. Biaxial mechanical testing configu-
rations can indeed provide much more information about
the anisotropic stress-strain behaviour than uniaxial stud-
ies. But, in the present manuscript, the biaxial test is
not mandatory because the thin films are transversally
isotropic (due to the fibre texture). The mechanical prop-
erties are thus isotropic in the plane stress state.

2. Experimental

2.1. Sample preparation

Two gold thin films have been simultaneously prepared
by physical vapor deposition on a 125µm-thick polyimide
substrate (Kapton®) at room temperature. The pres-
sure before deposition was 5 10−7mbar and increases to
1.4 10−4mbar during deposition. The 13 minutes depo-
sition resulted in 49.5 ± 0.5nm-thick gold films, as mea-
sured with visible light profilometry and X-ray reflectom-
etry. One of the films has been annealed for 3 hours at
200°C. Both films have columnar grains, with an aver-
age grain diameter of 50− 70nm. Grains are thus almost
equiaxed. The films are {111} fibre-textured, as shown in
the two-dimensional X-ray diffractogram of Fig. 1b and
on the diffracting volumes integrated along the {111} ring
in Fig. 1c. At small scale, i.e. within a field of view of
500× 500nm2, the rms surface roughness was 1.46nm, as
measured with atomic force microscopy.

2.2. Strain measurements

A picture of the specimen (cruciform stretchable sub-
strate and gold thin film) mounted on the biaxial tensile
tester is presented in Fig. 1a. This tensile tester is avail-
able at the DiffAbs beamline of the synchrotron radiation
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Figure 2: (a): Forces applied on the cruciform substrate and the
resulting true strain at the centre of the cruciform shape compos-
ite. After a displacement jump, the force decreases whereas the true
strain remains constant. (b): Ratio between the two principal strain
components.

facility SOLEIL [45]. It comprises four independent mo-
tors and four load sensors, that allow to perform tensile
tests with different (and not necessarily constant) load ra-
tios. Below the machine lies a microscope objective and a
charge-coupled device camera for the true strain measure-
ment with DIC analysis (q4-Correli software [46]). The
grey levels are obtained by applying paint speckles on the
rear surface of the substrate, and this paint contains crys-
tallites of TiO2 in the rutile phase. With X-rays this gives
continuous Debye-Scherrer rings that allow a calibration
of the diffraction parameters during the test.

The in-situ XRD measurements were performed with a
beam energy of 16.00 keV . Images were recorded every 5
seconds with a two-dimensional detector, Fig. 1b, a Mar
165-SX lying 264mm from the sample. The beam width
is approximately 250× 300µm2, vertical times horizontal,
but the incident angle being 9°, the footprint spreads to
1600 × 300µm2. Note that this footprint remains within
the homogeneous strained area at the centre of the cruci-
form substrate [45]. For circular grains with an average

grain diameter of 50nm, about 2.5 108 grains are simulta-
neously illuminated. This insures a high representativity
of these X-ray results.

2.3. Tensile relaxation test

Fig. 2a presents the tensile test of the as-grown sample
from a macroscopic point of view. The test of the post-
annealed sample was very similar. These are displacement-
controlled tests: every ten minutes, an elongation is im-
posed to the Kapton. This leads to a load and a strain
jumps. As already reported in [47] and [35], after a jump,
the force exerted by the composite on the tester decreases
whereas the true strain at the centre of the cruciform
shape composite remains constant, with a standard de-
viation smaller than 7 10−5 (note that this value includes
the noise induced by the DIC algorithm). In other words,
the substrate imposes a constant applied strain to the thin
film as shown in fig. 2a (cf strain plateaus). As also estab-
lished in our previous works, the strain is fully transmitted
through the film-substrate interface [47, 48]. This allows
measuring by X-ray diffraction what happens versus time
in the polycrystalline gold film deposited at the centre of
the cruciform shape substrate while the macroscopic ap-
plied strain is constant: it is therefore a relaxation test.

The displacements imposed to the Kapton are the same
on the two axes. Nevertheless, because of the mechani-
cal anisotropy of the Kapton, the ratio of true strains at
the centre of the cruciform substrate lies between 0.91 and
1.0 for the as-grown sample, 0.74 and 0.83 for the post-
annealed one (except, for the latter, at the very beginning
of the test). Following a von Mises yield surface, the small
difference of loading paths (ratio of ε11/ε22 = 0.95 ± 0.05
versus 0.79 ± 0.05) allows assuming a yield point that is
directly comparable. The deformation tests may be con-
sidered as similar. Before the deformation test per se, an
equibiaxial initial load of 15N was applied. This was prob-
ably insufficient for the post-annealed sample, since the
first two relaxation segments have a strain ratio smaller
than 0.5, see Fig. 2b. As usual, we will term relaxation
segment a plateau of constant true strain, and assign to it
the mean with respect to time of the average of the two
principal true strain components. The relaxation segments
lasted for slightly more than 500 seconds, and the strain
rate from one relaxation segment to the subsequent one
was 3.4 ± 1.2 10−5 s−1. A test up to 178N (resp. 180N)
was uniformly split into 23 (resp. 22) relaxation segments
for the as-grown (resp. post-annealed) sample.

3. Data analysis and Results

3.1. Stress and activation volumes measurements

The direction of a scattering vector q is described with
ψ, the angle between q and the specimen surface nor-
mal, and φ its azimuthal coordinate. The use of a two-
dimensional detector allows to record simultaneously por-
tions of Debye-Scherrer rings for several lattice plane fam-
ilies. Let γ be the angle along the Debye-Scherrer ring of
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Figure 3: (a): εt,111 − sin2 ψ curves for the first point of the relaxation segment with true strains closest to ε = 0.5% and ε = 1.5%. (b):
Total stress deduced from (a) as a function of true strain and time. Because the true strain is constant on a relaxation segment the first point
of each relaxation segment has the abscissa of the true strain, the other points inside the relaxation segment have abscissas that correspond
to time, with 5 s corresponding to 4 10−4% (see two relaxation segments in the inset). We observe that the annealing reduced the residual
stress to zero.

one lattice plane family, as shown in Fig. 1b. As detailed
in [49], ψ and φ depend on γ, the Bragg angle θhkl and the
incidence angle ω. Thanks to the Bragg’s law, one is able
to compute the total (applied plus residual) elastic strain

εt,hklψ,φ =
dhklψ,φ − dhkl0

dhkl0

(3)

with dhkl0 the bulk lattice parameter, d1000 = 0.40782nm
for gold. However, because the test is equibiaxial, and be-
cause a huge number of grains are simultaneously probed
for each scattering direction, a probed strain component is
in fact a mean over the in-plane orientations, so the sub-
script φ is no more specified. Some εt,111 − sin2 ψ curves
are exhibited in Fig. 3a. For each sample, two curves are
highlighted, those corresponding to the first point of the
relaxation segment with true strains as close as possible to
ε = 0.5% and to ε = 1.5%. One notes that for a given true
strain, the out-of-plane elastic strain (at ψ = 0°) of the
post-annealed sample is more compressive than for the as-
grown sample, and the total in-plane stress (proportional
to the slope of the curve) is more tensile. Also, a slight
non-linearity is observed, probably due to anisotropic elas-
tic [50] and plastic grain interactions in such thin films
with columnar grains. From the slope shkl of the linear fit
of the εt,hkl − sin2 ψ curve, one deduces the total in-plane
stress σt‖ := σtψ=90° from

σt‖ =
Ehklshkl

1 + νhkl
(4)

where Ehkl and νhkl are the orientation dependent Young
modulus and Poisson ratio. The evolution of the stress
in the two samples is presented in Fig. 3b, with elastic
constants corresponding to fibre-textured gold thin films:

E111 = 90GPa, ν111 = 0, 53 [51]. It is seen that the
residual stress of the as-grown sample is approximately
−200MPa, and that the annealing reduces this value to
about zero.

The experimental data points showing the stress evolu-
tion shown in Fig. 3b are too scattered for the fit to de-
termine the activation volume within a sufficiently precise
value. This scatter is probably induced both by the non-
linearity of the εt − sin2 ψ plots and the crystallographic
texture of the gold film. Indeed, the intensity of the Bragg
peak is much smaller at ψ = 45° than ψ = 0° (from the
integrated Bragg peak of Fig. 1c there are about 40 more
numerous grains scattering at ψ = 0° than at ψ = 45°).
If only Bragg peaks with a high signal-to-noise ratio are
used, the absolute stress value may contain a significant
error of about 20%, but the relative stress change can be
measured very precisely. So, we propose to use the inter-
cept of the εt,111− sin2 ψ curves, with the hypotheses that
the out-of-plane stress vanishes in these ultra-thin films
and that the tests are equibiaxial. Denoting by εhklψ with-
out the subscript t the applied strain, that is the strain
obtained with Eq. 3 when dhkl0 is replaced by dhklψ taken

at the beginning of the test, Fig. 4a presents ε111⊥ := ε111ψ=0°
as a function of true strain and time. Examples are shown
in Fig. 4b, for a true strain of ε = 0.3%, 0.5% and 1.5%.
The fit of the out-of-plane strain is now very good, at least
once ε & 0.25%; A logarithmic decay is used:

∆εhkl⊥ (t) =
kT

Dhkl
ln
(
1 + t/chkl

)
(5)

with two fitting parameters, the prefactor Dhkl and the
time constant chkl - both depend on the elastic constants
and so on the probed reflection. In appendix, we demon-
strate, with all the underlined hypotheses, that the loga-
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Figure 4: (a): Applied out-of-plane elastic strain ε111⊥ as a function of true strain and time (same abscissa as Fig. 3b). The arrows point to
the curves exemplified in (b). (b): Relaxation of ε111⊥ as a function of time and fit with a logarithmic decay. The match is very satisfying.
(c): Apparent activation volume V 111

a as a function of true strain ε. (d): Apparent activation volume V 111
a as a function of the total stress

at the beginning of the relaxation state σt
‖(t = 0). The effect of the annealing is more clearly exhibited in this subfigure.

rithmic decay applies in the case under study. The max-
imum deviation between the measurement and the fit of
ε111⊥ is 3 10−5. Now the in-plane strain is deduced and the
in-plane stress with Hooke’s law:

σ‖ =
−Ehkl

2νhkl
εhkl⊥ . (6)

Converting the normal stress σ‖ to a shear stress τ with
a Taylor factor M , one arrives at the following expression
for the apparent activation volume:

Va =
2MνhklDhkl

Ehkl
. (7)

At room temperature, and with a Taylor factor midway
between

√
3 [10, 52, 53, 18] and 3 (close to the value corre-

sponding to coarse-grained polycrystals, but also used for
nanocrystals [28, 39]), one obtains the curves of Fig. 4c.
Even if the absolute error may be as large as 25%, the be-
haviour is clear: for both samples the apparent activation
volumes first decrease and stagnate, from ε ≈ 0.7% for the
as-grown sample and from ε ≈ 1.0% for the post-annealed
one. Moreover, at the beginning of the test, the apparent

activation volumes are much larger for the latter than for
the former.

The apparent activation volumes are presented as func-
tions of the total in-plane stress in Fig. 4d. The impor-
tance of taking into consideration the residual stress is
evident from this figure.

3.2. Bragg peak shape evolution

In-situ XRD not only provides the evolution of stress
in a material, but also microstrain and texture evolutions.
The Bragg peaks are correctly fitted with a linear back-
ground and the following asymmetric Pearson VII func-
tion:

PI0,2θB ,w,m,A(2θ) =

= H2θB (2θ)I0

[
1 +

(
2 (2θ − 2θB)

1−A

)2 (21/m − 1
)

w2

]−m

+H−2θB (−2θ)I0

[
1 +

(
2 (2θ − 2θB)

1 +A

)2 (21/m − 1
)

w2

]−m
(8)
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Figure 5: Evolution of the parameters of the peak fit for the pole
(i.e. at ψ = 0°) of the {111} diffracting plane family (a): Full width
at half-maximum. (b): Asymmetry parameter. Same abscissa as
Fig. 3b.

with Hx the Heaviside function with a step at x, 2θB the
Bragg angle, I0 the maximum of the peak intensity, w the
full width at half maximum, A the asymmetry parameter
(which vanishes for a symmetric function) and a parameter
m that controls the kurtosis, i.e. the tail of the peak in our
case. Let θl and θh be such that P (2θl) = P (2θh) = I0/2
and 2θl < 2θB < 2θh - subscripts stand for low and high
parts of the peak. The half widths at half maximum are
vl = 2θB−2θl = w

2 (1+A) and vh = 2θh−2θB = w
2 (1−A)

respectively, so that A = vl−vh
vl+vh

. For further use, the area

under the fitted Bragg peak is [54]∫
R
PI0,2θB ,w,m,A(2θ)d(2θ) =

I0wπ
1/2Γ(m− 1/2)

2Γ(m)
(
21/m − 1

)1/2 (9)

where Γ is the gamma function. We note that the peak
area does not depend on A, and that it is much less noisy
to plot the area of the fitted peak than the area of the
measured peak.

The parameters w111
⊥ and A111

⊥ are shown in Fig. 5.
To ease comparison with other studies, the FWHM is ex-
pressed in nm−1 from the scattering vector expression
q = 2 sin(θ/λ). The first striking remark is the initial

value of the full width at half maximum: the thermal an-
nealing lowered w111

⊥ by 30%, from 0.292° to 0.205°. Cor-
respondingly, the intensity I1110,⊥ is almost twice as large
for the post-annealed than for the as-grown sample (not
shown). Quite interestingly, one also notes that whereas
w111
⊥ decreases along the test for the as-grown sample, it

increases for the post-annealed one. Nevertheless, inside
the relaxation segments, it slightly decreases for the two
samples. This is because plastic events lower intergrain
(type II) and/or intragrain (type III) elastic strain het-
erogeneities. The maximum of the intensity, I1110,⊥ remains
constant (resp. increases) for the post-annealed (resp. as-
grown) sample, but tends to increase inside relaxation seg-
ments for both samples. Finally, for both samples, the
asymmetry increases, even if the values remain small.

4. Discussion

Based on the experimental data from in-situ syn-
chrotron X-ray diffraction experiments, the probable plas-
ticity mechanisms occurring in these two films are now
discussed. Let us remind that X-ray diffraction analysis,
though leading possibly to significant error bars of about
20% in the absolute stress values when the stress is de-
duced from ε111⊥ alone, captures quite nicely the relative
stress changes. Hence, X-ray diffraction brings valuable
complementary information as opposed to conventional re-
laxation tests, namely mechanical macroscopic measure-
ments or inside an electron microscope. Moreover, we note
that when the full εt,111− sin2 ψ curves are considered, we
computed from Fig. 3b the Young modulus and found 90.5
and 88.3GPa for the as-grown and post-annealed samples,
respectively; This matches very well the reference value of
89.7GPa [51]. When the stress is determined with only
ε111⊥ , the error is estimated to lie between 10 and 20 %.

The tests were performed at 293K ≈ 0.22Tm and the
post-annealing corresponded to 473K ≈ 0.35Tm, where
Tm is the melting temperature of gold. However, the
melting point of a crystal depends on the surface orien-
tation, and this is accentuated in thin films, specifically
with columnar grains: according to [55] the {111} surface
orientation (the more stable) lowered from 1337K in bulk
to 1167K for 50nm-thick {111} free-standing gold films.
Finally, note that the estimated glass transition tempera-
ture of Kapton starts at approximately 630K, far enough
from the present annealing.

The consequent decrease of the FWHM w, either by a
mechanical (∆w = 10% for a true strain of ε = 1.5%) or
by a thermal annealing (∆w = 30% for 3 hours at 200°C),
reveals that these nanocrystalline thin films were initially
largely unstable from the thermodynamic point of view.
Indeed, it is well-known that films grown by physical va-
por deposition present an unusually high concentration of
point defects [56, 57]. Moreover, the annealing tempera-
ture may be very critical for nanocrystalline materials, as
is evidenced for electrodeposited nanocrystalline nickels in
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[58]: one hour at 150°C (resp. 200°C) leads to negligi-
ble (resp. substantial) grain growth and an increase (resp.
decrease) by 9.6% (resp. 28%) of the yield strength. In
[10], a slight strength increase was observed after an an-
nealing at 100°C for one hour in nanocrystalline nickel;
this was attributed to dislocation exhaustion. In our case,
because the annealing suppressed the residual stress, the
total stress at a given true strain is always more tensile
for the post-annealed sample. We see here the importance
to know the residual stress of the sample. Another effect
reported in the literature was grain rotation: in [27] an
annealing at 300°C for thirty minutes resulted in serious
grain growth (from 29 to 57nm) and a large increase in
twin boundaries (from 18 to 70% of Σ3 boundaries). We
will discuss it in the following paragraph.

Concerning the microstructure, the two gold thin films
have thus equal thickness, similar grain size but differ-
ent initial defect content and the as-grown sample has a
compressive residual stress of about 200MPa. It is also
possible that the thermal annealing induced a slight de-
twinning: when zooming in Fig. 1c close to ψ ≈ 39°, a
small hump is seen in the as-grown diffracting volume and
not in the post-annealed one. This corresponds to inclined
twins, that is those with twin boundaries not parallel to
the film surface. However, it is associated to a minute
volume (less than 3% of the isotropic texture component
at this angle), and so we consider it as negligible for the
macroscopic response of the material. Moreover, within
experimental precision, this hump remains constant dur-
ing the test. The twins with twin boundaries parallel to
the surface cannot be detected due to the fibre texture.
Finally, according to [59], when looking at the {111} re-
flection, extrinsic (resp. intrinsic) stacking faults induce
a peak centre of mass to shift toward low (resp. high)
angles, that is the asymmetry increases (resp. decreases).
The figure 5b then suggests that the deposition induces in-
trinsic stacking faults that the annealing deletes, whereas
the mechanical test induces extrinsic stacking faults for
both samples. However, a definitive statement is difficult
because the small asymmetry detected here might have
other causes.

Let us now compare their mechanical properties. First,
their different work-hardening behaviours are clearly seen
in Fig. 4a. We estimate the tangent modulus from the
stress-strain curves presented in Fig. 3b (error bars result
from different discrete tangent approximations on these
curves). At an applied strain of ε = 1.5%, the tangent
modulus is 13±2GPa for the as-grown sample, 1±2GPa
for the post-annealed. This is a first indication that plas-
ticity is either easily activated or at least not prevented in
the post-annealed sample. Then, the relaxation of the two
samples is also very different, see Fig. 4b-d. Strikingly,
the relaxation of the post-annealed sample is almost two
times smaller than the one of the as-grown sample for a
true strain of ε = 0.3%, but both coincide at ε = 1.5%. In
terms of total stress, the activation volume is about five
times larger for the annealed sample at σt‖ = 200MPa, but

converges to 20− 25b3 for both samples at the end of the
test. As discussed e.g. in [3], a high activation volume is
associated with localized strain, typically the glide of a rel-
atively long dislocation through the grain; on the contrary,
a small activation volume corresponds to a set of numerous
but small plastic events, like diffusion, grain boundary pro-
cesses and/or glide of short dislocation segments. Finally,
the evolution of the Bragg peak shape presents also large
contrasts: whereas the FWHM of the as-grown sample de-
creases by 10% between ε = 0 and ε = 1.5%, the one of the
post-annealed increases by 5% in the same interval. The
FWHM of a Bragg peak depends on grain size and micro-
strain, but at ψ = 0°, the grain size cannot much increase
because these grains are already columnar after deposition;
thus, it is clear that the as-grown sample shows a stress-
driven annealing, in which some defects are brought out
of the grain, whereas the post-annealed sample presents a
conventional plasticity behaviour, where dislocations are
nucleated and generate localized elastic strain concentra-
tion.

It seems that all the differences observed here in the
mechanical behaviours between the two samples may be
explained with the initial point defect content, that lead
to strong point defect-dislocation interactions in the as-
grown sample but to easy glide of the dislocations after
the thermal annealing. Indeed, in face-centered cubic crys-
tals, dislocations glide on the {111} planes, but in these
{111} fibre-textured films, the Schmid factor vanishes in
the planes parallel to the specimen surfaces. Hence, dislo-
cations glide in the other planes of the {111} family, whose
normal are inclined at arccos(1/3) ≈ 70.5° from the speci-
men surface normal. Moreover, in nanocrystalline metals,
it is well-known that grain boundaries act as dislocation
sources and sinks [60, 61, 62, 63]. It is easily shown for
these 50nm-thick films that as soon as the grain diameter
is larger than 18nm, a dislocation emitted at the interface
between the substrate and a grain boundary glides up to
the free surface and not into the opposite grain boundary.
For dislocations emitted in the thickness of the film (but
still in a grain boundary), the probability that the glide
plane encounters the surface is still higher. Given the grain
diameter in the present thin films (50-70nm), this shows
that most probably dislocations, if not anchored in the
grains, escape the grains and emerge at the free surface or
at the interface with the substrate, or the other way around
(from surfaces to grain boundaries). Note that the gold-
polyimide interface is weak and does not obstruct the glide
of dislocations [64]. This explains the difference in work-
hardening and activation parameters of the two samples:
in the as-grown sample, the defect concentration is high so
that dislocations are most often anchored inside the grains
and the flow stress is governed by point defect-dislocation
and dislocation-dislocation interactions, so that the activa-
tion volumes are small. On the contrary, the annealing has
greatly lowered the defect density of the second sample,
so that dislocations ‘easily’ cross the grains, and the flow
stress is mainly dictated by the one necessary to nucleate
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Figure 6: Bragg peak width for large tilt angles. Same abscissa as
Fig. 3b. The black and red curves correspond to the as-grown and
post-annealed samples, respectively.

new dislocations; the activation volumes remain high up
to a much larger total stress (Fig. 4d), and decrease when
dislocations get little by little trapped inside the grains.

One note of caution is necessary here, because it is
known that when the grain size decreases a transition ex-
ists from perfect dislocation to single partial dislocation
mediated plasticity. Chen et al proposes a model that
quantifies the necessary shear stress to nucleate a perfect
or a partial dislocation, taking the grain size as the source
size [65]. In gold, this gives a transition length of approxi-
mately 40nm, which has been experimentally evidenced in
single crystalline thin films, with the film thickness (pro-
jected on {111} planes) as the source size [64]. Moreover,
these authors observed with in-situ transmission electron
microscopy that the thinner films (40nm) had disloca-
tions with small curvature radius and that were sometimes
jogged, leading to ‘U’ or ‘S’-shape segments; cross-slips
were also abundant and emissions of single partials were
ascertained. All these plasticity behaviours were different
in 160nm thick films [64]. This raises questions about the
Burgers vector we used in activation volume computations:
it was the one of a perfect dislocation (b ≈ 0.288nm).
The volume would be about 5 times larger had we cho-
sen a Burgers vector corresponding to Shockley partials
(bp ≈ 0.166nm). Moreover, the contribution of partial
dislocations to the overall plastic strain probably depends
on the strain, as the asymmetry of the peak may suggest.
This leads to the conclusion that complementary exper-
iments are needed to give a clear physical interpretation
to activation volume values - see [66] for such a discussion
in semiconductors, where the change of dislocation type
associated to the brittle-to-ductile transition temperature
is well established.

Another difficulty arises because a consistent activation
rate theory is still missing when several plasticity mecha-
nisms operate simultaneously. This is obviously the case

here because (i) we are considering nanocrystals, (ii) the
relaxation segments last for 10 minutes, (iii) we probe the
micro- to macro-plasticity limit. Indeed, concerning (i), at
this low strain rate, it is believed that dislocation nucle-
ation controls the plastic strain rate [67]. But in nanocrys-
tals, dislocation nucleation occurs at grain boundaries.
Hence, grain boundary accommodation is necessary, and
the consideration of a unique shear strain component, with
a unique activation energy may be erroneous [68]. Second,
(ii), the relaxation segments are long, inducing evolution in
the microstructure, and thus possibly in the mechanisms.
The apparent activation volumes we deduce are averages
over theses microstructures. However, as evidenced in Fig
4a and 5a, neither the elastic (and so plastic) strain rate
nor the FWHM changes their behaviours during the relax-
ation segments. Hence, change of dominating mechanisms
after stress drops, as observed in [69] or more recently in
[37] are excluded at this time scale (10 minutes) and res-
olution (5 seconds) in this study. Finally, (iii), another
difficulty lies in the presence at the same time of grains
lying in the elastic regime and ones in the plastic regime.
Indeed, the plastic strain considered here is rather low.
One can estimate the number of dislocations crossing each
grain during the whole test. Let us first consider a grain in
the main texture component. For an equibiaxial test, six
slip systems have the same Schmid factor,

√
2/3
√

3 ≈ 0.27
(all other being zero). We suppose that the plastic strain
in an in-plane direction is 1% and that this strain is equally
distributed along the four slip systems that can contribute

to this plastic strain. This implies e.g. ε
(111)[101]
p = 0.5%.

For a grain diameter d of 50nm, this leads to an elonga-

tion ∆L of ε
(111)[101]
p × d = 0.25nm = 0.87 b. We obtain

the same result in the other in-plane direction. As a con-
clusion, we can estimate that the nucleation of 8×0.87 ≈ 7
perfect dislocations is necessary in each grain to induce an
equibiaxial plastic strain of 1%. For a more general grain
orientation, the estimation proposed by [67] gives a num-
ber of 5 dislocations that crossed the grain (with a Taylor
factor of 3). Notwithstanding the probably high dispersion
in these estimations, this shows that a small proportion of
grains is crossed by a dislocation during a strain jump or
during the following relaxation segment, and the average
over grains is thus difficult to interpret.

The FWHM shows that the as-grown sample cannot
deforms only by conventional plasticity, i.e. nucleation
and glide of dislocations. As proposed in [35], it is pos-
sible that dislocations are emitted and travel through the
grain, bringing point defects out of the lattice (because
the FWHM decreases), but, being progressively anchored,
interact with each other (because the activation volumes
decrease, in line with an increasing dislocation density).
Note that the migration of point defects may also be trig-
gered by the stress gradients, due either to the residual
stress, or to the applied stress, considering that the grain
boundaries are softer than grain interiors. However, these
films are columnar, and with respect to [35] the thickness
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of the present film is much smaller, only 50nm, so that
the other plasticity mechanisms mentioned in the intro-
duction are favoured. The FWHM at high ψ probes the
micro-strain and the grain size in tilted directions. Figure
6 presents w111

ψ=56° and w220
ψ=65° (the other reflections were

of no help: the {200} reflection is very close to the {210}
peak of the TiO2, and the {311} has too low intensity at
large ψ). The decrease in peak width due to the ther-
mal annealing is consistent with that observed in Fig. 5a,
being 20% in both cases. The FWHM remains constant,
so that elastic strain heterogeneities (either due to elas-
tic anisotropy or to dislocations stored in the grains) are
compensated possibly by a slight grain growth or by the
ejection of point defects for the as-grown sample. Comple-
mentary transmission electron microscopy could help in
clarifying this point. Note that the post-annealed sample
is more prone to grain growth as its total stress is higher,
and it is known that grain growth is governed by stress,
and not strain [34, 70]. Moreover, diffusion cannot be the
leading plasticity mechanism, due to the value of the acti-
vation volume. It remains grain boundary sliding or grain
boundary migration, and grain rotation. There is no rea-
son here to exclude grain boundary motions because their
signature would be difficult to note with X-ray diffraction.
On the contrary, grain rotation seems to occur, as shown
in Fig. 7, which presents the area of the Bragg peak, for
the two samples and for several tilt angles. We observe
that for the {111} reflection at ψ = 0°, the area increases
by 13% (resp. 5%) for the as-grown sample (resp. for
the post-annealed sample). The area of the peak is pro-
portional to the diffracting volume, and it is clear in this
figure that during the test the area decreases for moder-
ate to high tilt angles but increases at the pole. Caution
is necessary here because a small sample position realign-
ment with the straining axis during the test could lead to
artefacts [71]. However, as for the Bragg peak position,
it was controlled with the calibrant’s Bragg peaks, and
their areas show no evolution. This indicates that grains,
specifically in the as-grown sample, tend to align with their
(111) planes parallel to the specimen surface. Grain rota-
tion in gold thin films with microstructures very similar to
the present ones were evidenced in [72], though at much
larger strains.

5. Conclusion

Two sputtered deposited {111} fibre-textured nanocrys-
talline gold 50nm-thin films have been compared at
room temperature (0.22Tm), one being post-annealed at
0.35Tm. The most relevant points are:

� With synchrotron X-Ray diffraction, we observed that
the Bragg peak width in the pole (ψ = 0°) decreases
either by a mechanical (∆w = 10% for a true strain
of ε = 1.5%) or by a thermal annealing (∆w = 30%
for 3 hours at 200°C). On the contrary, far from the

Figure 7: Normalized integrated intensity for the {111} Bragg peak
for the as-grown (black) and post-annealed (red) samples for different
tilt ψ angles, with the same abscissa as Fig. 3b. The horizontal
blue lines are guides to the eye. Especially for the as-grown sample,
the diffracting volume increases in the pole, at the expense of the
diffracting volumes in the other directions.

pole, the FWHM dropped by 20% due to the ther-
mal annealing, but the mechanical test has no effect.
Given that the grains are columnar, this shows that
these nanocrystalline thin films were largely unstable
from the thermodynamic point of view, that moder-
ate annealings took defects out of the grains, and that
grain growth hardly ever occurs.

� For a given true strain, the out-of-plane applied elastic
strain of the post-annealed sample was less negative
than that of the as-grown sample (Fig. 4a); hence the
in-plane plastic deformation of the former is larger,
leading to the conclusion that the thermal annealing
deleted defects that would have prevented the glide of
dislocations.

� The as-grown sample presents work hardening, con-
trary to the post-annealed sample. This suggests
dislocation-dislocation interactions in the first sam-
ple, but not in the second one.

� The Bragg peak area evolution suggests a slight grain
rotation, stronger in the as-grown sample, but this
must be confirmed.

� The work hardening behaviours are supported with
the relaxation analysis (note that the logarithmic
stress decay allows very good fits despite the duration
of the relaxation segments that most probably leads to
several mechanisms operating simultaneously, thus in-
ducing small changes of the microstructure): The ac-
tivation parameters are strongly different when com-
pared at a given total stress (Fig. 4d, e.g. the activa-
tion volume is about five times larger for the annealed
sample at σt‖ = 200MPa); this agrees with a thermal

9



annealing that much increases the mean free path of
dislocations, and shows that diffusion controlled grain
boundary activities cannot be the leading plasticity
mechanisms.

� The decrease of the activation volume for the as-
grown sample correlates well with an increasing obsta-
cle density. It is nevertheless not fully understood why
the activation volume decreases for the post-annealed
sample. However only apparent activation volumes
are characterized in this work, and the result may be
different with physical activation volumes.

� We thus propose that dislocations mostly escape from
the grains (they emerge at the free surface or at the
substrate-film interface, or are stored in grain bound-
aries) in the post-annealed sample, but in the as-
grown sample, dislocations are easily pinned at point-
defects, and this leads to dislocation-dislocation inter-
actions.
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APPENDIX

We derive here the logarithmic decay of the shear stress
during a relaxation test, and the prefactor that leads to
the apparent activation volume. The following derivation
is largely inspired by [6] but adapted to a case where the
strain is not imposed directly by a tensile machine but by
the substrate, eliminating the elastic interaction with the
machine. Moreover, we made an effort to state as clearly
as possible all the assumptions used.

The displacement of the thin film is supposed constant
after a load jump. Its length l thus satisfies

dl = 0. (A-1)

The evolution of the length is thus equilibrated between
elastic and plastic elongations, dle and dlp, respectively:

dle + dlp = 0. (A-2)

We thus have for any time t

εp(t) :=
dlp(t)

l
= −dle(t)

l
= −Cσ(t) (A-3)

where σ is the total stress and C is a test-dependent com-
bination of the elastic constants. In a polycrystal, the
uniaxial stress (resp. strain) σ (resp. ε) is related to the
shear stress (resp. strain) τ (resp. γ) with a Taylor factor
M :

σ = Mτ (A-4)

γ = Mε. (A-5)

Because uniaxial and equibiaxial tests lead to the same
von Mises stresses, we suppose that these relations apply
for the tests presented in the manuscript. Hence Eq. A-3
can be translated into a shear stress-shear strain relation:

γp(t) = −CM2τ(t). (A-6)

The first hypothesis is that the shear strain is thermally
activated, so there exists an activation energy G such that

γ̇p = ν exp

(
− G

kT

)
(A-7)

where ν depends on the ‘efficiency’ of the plasticity mech-
anisms, the volume density of sites at which thermal ac-
tivation occurs and the atomic frequency. This form of
thermal activation neglects reverse jumps, and this should
be reasonable at the temperature and stress levels consid-
ered here [68]. Combining Eq. A-6 and A-7 gives

τ̇(t) =
−ν
CM2

exp

(
− G

kT

)
. (A-8)

The second hypothesis assumes that the activation en-
ergy during the relaxation regime is an affine function of
the effective stress:

G(T, τ∗) = G∗(T )− V ∗(T )τ∗(T ). (A-9)

This is nothing more than a first order Taylor expansion,
valid for small enough stresses.

The third hypothesis is the law of Cottrell and Stokes
[73], who noticed experimentally that the effective stress
and the total stress are proportional:

τ∗ =
τ

α
. (A-10)

The last three equations lead to

dτ∗(t)

dt
= B exp(Cτ∗) (A-11)

with

B =
−ν

CM2α
exp

(
−G

∗

kT

)
(A-12)

and

C =
V ∗

kT
. (A-13)

The solution of this equation with the initial condition
τ∗(0) = τ∗0 is

τ∗(t) = τ∗0 −
1

C
ln [−CB exp(Cτ∗0 )t+ 1] (A-14)

or

τ∗(t)−τ∗0 = −kT
V ∗

ln

[
V ∗ν

kTCM2α
exp

(
−G∗ + V ∗τ∗0

kT

)
t+ 1

]
(A-15)

showing that the prefactor is inversely proportional to the
activation volume.

Our derivation supposes that the microstructure is con-
stant all over the relaxation segment. Rigorously, this
should not be the case (e.g. due to Orowan equation and
the continuity of the dislocation speed), and this is why
the activation volume V ∗ considered in this appendix is
usually termed the apparent activation volume. To reach
the physical activation volume, defined by Eq. A-9 for
constant internal stress, the methods developed in [7, 8]
are necessary.
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