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Two commercial variants of the cast heat resistant grade HP40Nb (Fe 25Cr 35Ni, Nb modified) were exposed to CO{COi gases at 982 and 1080 •c in order to simulate exposure to the carbon and oxygen potentials realised in steam reformers under normal and overheated conditions. Both alloys developed external chromium rich oxide scales, intradendritic silica precipitates and interdendritic oxide protru sions where primary, interdendritic carbides were oxidised in situ. Surprisingly, the lower silicon content alloy developed a more continuous internai silica layer, thereby slowing external scaling. Intradendritic oxidation was fast in both alloys, and is attributed to interfacial oxygen diffusion. Both alloys underwent rapid internai carburisation, indicating that their oxide scales failed to prevent carbon access to the underlying alloys under these reaction conditions.

Introduction

Centrifugally cast tubes of heat resisting alloys are widely used in reforrners and other high temperature chemical process units. In reformers, the tubes function as heat exchangers, being exposed on their outside to combustion gases and on their inside to process gases. The gases are those in the process CH 4 + H 2 0 CO+ 3H 2 and are both carburising and mildly oxidising. Operating tempera tures are a little below 1000 •c, but excursions up to almost 1100 •c can occur.

The alloys chosen for this service are chromium bearing austen itic steels or nickel base alloys, of dendritic microstructure with chromium rich carbides occupying interdendritic regions and forrning much smaller secondary precipitates. These alloys survive the process environment by forrning a protective chromium rich oxide scale. In purely oxidising conditions [1 3], the alloys form duplex scales of chromia overlaid by manganese rich spinel. A silicon rich sublayer can also develop at the scale alloy interface [ 1 5]. The limited information available [START_REF] Tomas | Proc. Int. Congress Met. Corros[END_REF][START_REF] Mitchell | [END_REF] for the simultaneous attack on these alloys by both carbon and oxygen indicates that similar reaction products are formed.

An alloy grade frequently chosen for service in reforrners is HP40Nb. Its compositional specification is seen in Table 1 to be quite wide, particularly with respect to minority alloy constituents. It is known [8,9] that changing the concentration of manganese and silicon in wrought alloys can alter their oxidation rates consid erably. Commercial alloys conforming to the HP40Nb specification can differ significantly in composition, and the aim of the present work was to deterrnine whether these variations would affect cor rosion resistance under simulated service conditions.

ExperimentaI

Two as cast alloy tubes were obtained from different commer cial suppliers. The materials will be referred to here as Al and A2. Their compositions were measured using energy dispersive analy sis of X rays (EDAX) in a field emission scanning electron micro scope (FESEM). In addition, alloy aluminium and titanium levels were measured by glow discharge mass spectrometry (GDMS1 and both carbon and sulphur concentrations were determined by combustion analysis using a LECO CS 444. Ali results are shown in Table 1. Both alloys were austenitic and had typical cast micro structures, as seen in Fig. 1. Here the carbides have been revealed by stain etching with Murakami's reagent. Identification of the large interdendritic carbides was confirrned by EDAX. In addition, very fine secondary carbides were present within the austenitic dendrites.

Rectangular coupons (10 x 5 x 2 mm) were machined from the tube walls, with their major surfaces parallel to the tube radius. These were prepared for reaction by grinding to a 600 grit finish and ultrasonically cleaning in acetone.

The alloys were exposed to a tlowing gas mixture of CO 4.3% CO 2 , at temperatures of 982 and 1080 •c and a total pressure of approximately 1 atm. These conditions were used to simulate the carbon and oxygen potentials realised in steam reformers under normal and overheated conditions. The total pressure in the labo ratory experiments was much lower than in a reformer (typically 10 40 atm), and the gas mixture was adjusted to yield the desired potentials. Corresponding values of the carbon activity, Oc, and oxygen potential calculated from the equilibria 2CO C0 2 +C C02 CO + 1 /202 are shown in Table 2.

( 1)

Reaction products were analysed on the sample surfaces by X ray diffraction (XRD) using Cu Kci radiation. Reaction morpholo gies and phase constitutions were investigated using conventional metallographic techniques, including transmission electron microscopy (TEM).

Results

Both alloys suffered partial scale spallation during cooling after reaction, the affect being more severe in the case of A2. Obviously, weight change data could not be used to assess the extent of reac tion. Analysis of the surfaces by XRD showed that MCr204 spinel and Cr203 were the externat corrosion products on ail samples. Cross sectional images of the surface regions of reacted samples are shown in Figs. 2 and3, where a two layered external scale is apparent. Analysis by EDAX showed that the dark outer layer was MnCr 2 0 4 and the inner layer Cr 2 0 3 . Scale thicknesses, X, were measured metallographically, taking the maximum values ob served to represent unspalled regions. As seen in Fig. 4, scale thick nesses increased with time at 982 °C according to approximately parabolic kinetics, ( 3 ) where t is time and k p the parabolic rate constant. Alloy Al scaled significantly faster than A2 at this temperature. At 1080 °C, how ever, the scaling kinetics were subparabolic (Fig. 4), and rates were similar for the two alloys. Both the spinel and chromia sublayers thickened with time, the spinel constituting a greater fraction of the scale on alloy Al.

Growth of the chromium rich external scale was accompanied by depletion of chromium and the disappearance of secondary car bides within subsurface regions of the alloys. As seen in Figs. 2 and 3, the depth of carbide dissolution increased with time. The kinet ics of this process (not shown) were approximately parabolic at 982 °C, but subparabolic at 1080 °C.

The internai oxidation zone immediately beneath the alloy sur face is seen in Figs. 2 and3 to con tain both large interdendritic oxi des and, at more shallow depths, smaller precipitates within the austenite. The latter developed into an almost continuous internai layer with increased time and temperature. This morphological evolution was much more pronounced in A2 than in Al. Analysis of the internai oxides by EDAX showed that the interdendritic material was a mixture of chromium oxide (grey) and silicon rich oxide (black) (Fig. 5), and occasionally almost pure Si0 2 (Fig. 6). The intradendritic preàpitates immediately beneath the scale were found to have a composition close to that ofSi0 2 (Fig. 6). This phase was identified by selected area diffraction measurement in the TEM (Fig. 7) as cristobalite. The light grey, almost white preàp itates visible in the SEM images are NbC. The internai oxidation zone was, in fact, more complex, involving also minority amounts of oxides containing aluminium, titanium and niobium, as identi fied by TEM. A more detailed account of these will be published elsewhere.

Estimates of internai oxidation kinetics were attempted by measuring the average depths of intradendritic precipitation, X;. No measurement was possible for samples reacted at 982 °C for 100 h. Data for 1080 °C is shown in Fig. 8, where the kinetics are seen to be approximately parabolic, and considerably faster for alloy A 1. Rates of interdendritic oxidation were assessed by measuring the maximum depth of oxide penetration. The kinetics at 982 °C were roughly parabolic, but at 1080 °C were subparabolic (Fig . 9).

In addition to internai oxidation, subsurface carbide dissolution and internai carburisation were evident. Deep within the alloy, the original interdendritic carbides were still present, but additional fine precipitates had developed within the austenite dendrites. These precipitates had the metallographic appearance of carbide, but were too fine for microanalysis. Bulk chemical analysis was used to confirm that internai carburisation had occurred. The aver age carbon concentration in reacted alloy Al was determined by analysing the entire sample after carefully removing the extemal scale. The results retlected averages of the carburised interiors and the carbide free subsurface regions. Correction for this effect led to the estimates shown in Table 3 for carbon levels in the alloy interior. The carbon content in alloy A 1 is seen to have increased with reaction at both temperatures. The relatively small carbon uptake was confirmed using quantitative image analysis to esti mate the carbide volume fraction, fv, in reacted alloys. As seen in Table 3, the measured value of /v increased with reaction for alloy Al. Similar measurements for alloy A2 showed that fv increased from an initial value of 8.4% to 9.0 and 11.1 % after 1000 h reaction at 982 and 1080 °C, respectively. Carburisation kinetics could not be measured, as the entire sample width appeared in ail cases to contain a uniform volume fraction of carbide.

Discussion

Reaction morphologies developed by the two alloys were very similar. In most respects, the reaction products were the same as those produced by oxidation in non carburising environments [3.10]: an external chromium rich oxide scale, a chromium de pleted alloy subsurface region, interdendritic carbide oxidation and a shallow zone of internally preàpitated oxides within the austenite dendrites. In addition, increased numbers of fine, second ary carbides formed in the interior of both alloys. Oxidation and carburisation processes are discussed separately.

Oxidation

The observed pattern of oxide reaction products is consistent with local equilibrium within the reaction zone: the oxides Cr 2 O 3 , MnCr 2 O 4, SiO 2 and Al 2 O 3 are all stable under the reaction conditions, but the oxygen potentials were too low to form NiO. Furthermore, the sequence of oxides reflected the existence of a gradient in oxygen activity. Thus the least stable spinel was in con tact with the gas, above the more stable chromia. The even more stable silica and alumina were precipitated at the lower oxygen activities prevailing within the alloy. At variance with this descrip tion was the observation of interdendritic chromium oxide at much greater depths than the intradendritic silica. This reflects the very different oxygen potential profile supported by rapid boundary diffusion.

External scaling kinetics were approximately parabolic, indicat ing diffusion control. Values of k p found from the application of Eq. ( 1) were used to calculate equivalent weight uptake rate constants, k w , using the densities of Cr 2 O 3 and MnCr 2 O 4 , weight fractions of oxygen in these compounds and measured sublayer thicknesses. Data obtained at 1080 °C was approximated as parabolic for this purpose. Comparison in Fig. 10 with weight uptake rates for a vari ety of chromia forming alloys [11] shows that both alloys grew scales at rates to be expected of superior chromia formers. Interest ingly, alloy A2 scales significantly slower than does A1 at 982 °C, but no significant difference in rate is apparent at 1080 °C.

The reasons for the superior scaling resistance of these steels are of interest, as well as practical importance. In the same way, reasons for the difference between rates for the steels at 982 °C and their similarity at 1080 °C attract attention. It has long been known [1 3] that heat resisting steels, which invariably contain small but significant amounts of silicon, develop a thin, silicon rich oxide layer beneath their chromia scales. This layer is thought to be important in slowing the rate of chromia scale growth by acting as a partial barrier to diffusion. On this basis, the higher silicon content of alloy A1 would be expected to pro vide a more rapidly formed silica layer, leading to slower scaling kinetics. This benefit was clearly not available at 982 °C, as seen in Fig. 4.

Under the reaction conditions studied in the present work, silica forms as internal precipitates rather than a surface layer. As seen in Fig. 2, alloy A2 forms internal silica more quickly than alloy A1, and develops a more continuous internal layer of silica at 982 °C. The more effective barrier to outward chromium diffusion provided by this layer would account for the slower growth of external chro mia scale on alloy A2. At 1080 °C, the same pattern of internal silica layer development is evident (Fig. 3), but the scale thickness mea surements in Fig. 4 show no apparent benefit to alloy A2. Examination of the scale cross sections in Fig. 3 reveals that the relative thicknesses of the chromia and spinel layers differ be tween the two alloys. The formation of an outer spinel layer is common for such alloys. It results from the rapid diffusion of man ganese through Cr 2 0 3 [12], and the stability of Mn Cr 2 0 4 . The differ ent amounts of spinel formed on the two alloys reflect their relative manganese levels, and the greater amounts formed at the higher temperature result from the faster diffusion of manga nese through the underlying chromia. Growth of the spinel layer is of some benefi t in reducing overall scaling rate. As shown by Douglass and Armijo [8], spinel layer growth is much slower than chromia growth. Thus alloy A 1, with its higher manganese co ntent, reacts to form scale in which a substantial fraction of the chro mium is present in slow growing MnCr20 4 rather than Cr20 3. At 1080 °C, this benefi t offsets the failure of this alloy to develop a continuous silica layer. At 982 °C, howe ver, much Jess spinel forms, and this benefi t is not available.

Alloy subsurface reaction zones were also very similar. Growth of chromium rich oxide scales caused depletion of chromium in the alloy. The lowered chromium co ncentration led to secondary carbide dissolution CrnCi; 23Cr + 6.C (4) and might have caused partial dissolution of the primary, interden dritic carbides. However, large amounts of primary carbide were oxidised in situ ( 5) +--------,.._-----�-----< 6.5 as has been observed before in the oxidation of cast heat resisting steels [ 10,13 ].

As already noted, the depth of interdendritic oxidation was much greater than that of intradendritic silica precipitation. Both reactions followed approximately parabolic kinetics 2k(ilt p [START_REF] Tomas | Proc. Int. Congress Met. Corros[END_REF] where X; is the internai oxidation depth reached in tirne, t, and kg> is the parabolic rate constant. If the in ternai oxidation processes are sustained by volume diffusion of dissolved oxygen through the alloy matrix, then the rate is given by Wagner's theory [ 14,15] as 8) represents this mixed contrai. In both cases, the rate of pen etration is inversely proportional to NM. Values of kgi for the inter dendritic process at 982 °C were about 1. 5 x 10 11 cm 2 s 1 for both alloys. This value is very close to measurements made at 1000 °C on a variety of cast heat resisting alloys [3,10,13]. If Ntl is con trolled by equilibrium with the chromia scale, then it is calculated [10] from Eq. ( 7) that for internai chromium oxidation kgi 6 x 10 18 cm 2 s 1. and from (8) that it is 10 24 cm 2 s 1 . It is clear that inward oxygen transport is very much faster than would be predicted for alloy matrix diffusion. It is therefore concluded, in agreement with earlier work, that the rapid rate of interdendritic oxidation is supported by fast oxygen diffusion along the oxide austenite interfaces , which provide almost continuous pathways between the alloy surface and its interior. This also explains why the rates for these two alloys and others of rather different Ne, Jevel are nonetheless equal: the interfacial diffusion process is largely independent of alloy chemistry. The intradendritic precipitation of silica might be expected to be controlled by alloy matrix diffusion, at Jeast in the case of alloy A 1 where a dispersed precipitate is formed. At 1080 °C, values of k/l were estimated from Fig. 8 as 2 x 10 12 and 3 x 10 1 3 cm 2 s 1 for A 1 and A2, respectively, and these are now compared with the values predicted from Eqs. [START_REF] Mitchell | [END_REF] and (8). The necessary data are not available for austenite of the compositions used here. However, values appropriate to a nickel matrix have been reported by Park and Altstetter [16] for D0 and Ngi, and by Swalin et al. [17 ] for Ds;. According to Sievert's equation Ng> Kpt (9) the value of Ngi varies with Po,, which therefore must be specified.

D o N� l k (il
The value of P o, at the scale alloy interface is controlled in the pres ent case by the equilibrium Cr 2 0 3 2Cr + 1.50 2 (10) and can be calculated from a knowledge of the activity Cler• If Cler in the depleted surface is estimated as 0.15, then a value of P o, 10 19 atm is calculated if unit activity is assumed for Cr 2 0 3 .

The value Ngi 1.1 x 10 8 results. Ta king D 0 = 2.3 x 10 8 cm 2 s 1 and Ds; = 1.6 x 10 10 cm 2 s 1 together with N5; = 2.9 x 10 2 and 1.2 x 10 2 in Al and A2, respectively, it is found that the conditions for Eq. ( 8) are met. On this basis it is expected that internai oxida tion of silicon will be supported by diffusion of both reactants. The obvious enrichment of silicon in the precipitation zone confirms the validity of this description. However, the values of '4l calculated from ( 8) are 3 x 10 19 and 2 x 10 18 cm 2 s 1 for Al and A2. If in stead the highest possible value for the interfacial oxygen activity, that of the ambient atmosphere, is speàfied, then values for kgi of 6 x 10 16 and 4 x 1 O 15 cm 2 s 1 are calculated for the two alloys.

Clearly, inward oxygen diffusion is much faster than predicted from the data for Ds;. D 0 and Ngi in pure nickel. Given the strong interactions between dissolved oxygen and the gradients in metal solutes [18], it is not surprising that the inward oxygen flux,]o, is accelerated according to the multicomponent diffusion description: lo (11) Here the D ij are the diffusion coefficients relating the flux in compo nent i to the gradient in concentration, C j . The thermodynamic inter actions between oxygen and both chromium and silicon are strongly negative, and negative D oj coefficients result. The gradients in chro mium and silicon are both positive, and steeper than that in oxygen, Jeading to large increases in the oxygen flux.

The preceding analysis does not explain the relative rates of internai silicon oxidation in the two alloys. According to the classi cal diffusion theory of internai oxidation, as expressed in Eqs. ( 8) and ( 9), the rate of penetration is decreased as Ns; increases. How ever, alloy A 1 with its higher silicon content, oxidises to greater depths than does the Jow silicon alloy A2. A related problem is the different degree of silicon enrichment evident in the internai oxidation zones of the two alloys.

The enrichment factor, Ot'., is defined as the mole fraction ratio Ot'. Ns ;o, Ns;

It is predicted from the Wagner theory to be Ot'. {h✓nexp(h 2 )erfc(h)} 1

where

✓k� J 4D o ( 14 
)
Using experimentally observed values for k�J and the coeffi dents quoted above for diffusion in nickel, the predictions for Ot'. shown in Table 4 were arrived at. Measured enrichment factors are seen to be in reasonable agreement. They are, moreover, con sistent with the different oxidation rates. Thus the slower oxygen penetration rate in A2 allows more silicon diffusion towards the surface, where it forms an enriched and eventually continuous oxide zone. Unfortunately, the relative rates cannot be predicted from elementary diffusion theory. Clearly, the rate of silicon diffu sion is not determined simply by the gradient in silicon concentra tion and a binary diffusion coefficient, as is assumed in deriving Eq. ( 8). Instead, the silicon flux needs to be evaluated from a multi component diffusion expression for a system of n components. (15) The superior ability of alloy A2 to resist internai attack and de velop a silica sublayer which affords some degree of protection is an advantage. An understanding of this phenomenon cannot be developed without a knowledge of the relevant thermodynamic interactions between alloy solutes, or an empirical evaluation of the Ds;j in (15). Since, furthermore, alloys of this sort frequently contain minority amounts of reactive elements, the contents of which are unknown in the present cases, no further discussion is attempted.

Carburisation

Both alloys underwent internai carburisation, developing metallographically visible chromium rich carbide precipitates. In the case of alloy A 1, chemicaI analysis (Table 3) confirmed that the preàpitates represented carbon uptake by the alloy, and not merely an ageing process. Rates of internai carburisation are con trolled by inward carbon diffusion, and can be calculated from Eq. ( 7), ( 8), using De and Ngi, the diffusion coefficient and solubility of carbon in the metal matrix.

If ail chromium is precipitated from the alloy, the remaining metal matrix can be approximated as an Fe Ni alloy. Values of De [19] and Ngi [20] are available for binary Fe Ni alloys at 1000 °C, close to the experimental temperature of 982 °C Carbon solubility is, of course, dependent also on the carbon activity at the alloy scale interface. The value of this activity depends on the rate at which carbon is transferred through the oxide scale. Ide ally, the scale is impermeable to carbon, and the alloy is protected against carburisation. Although Cr 2 O 3 has negligible solubility for carbon [21 ], Grabke et al. [22] have shown that chromia scales do transmit carbon. Furthermore, it appears from experiments con ducted in mixed gases [23] that the carbon permeability of chro mia scales depends on gas composition. That work showed that chromia scales grown in N 2/CO/CO2 mixtures were permeable to carbon. Accordingly, the present observation that scales produced in CO/CO 2 transmit carbon to the underlying alloy is to be expected.

A maximum carburisation rate can be calculated on the basis that the carbon activity at the alloy surface is the same as in the gas, ac = 0.2. In this case, Ngi 3. 7 x 10 3 and De = 3.2 x 10 7 cm 2 s 1 . Taking Dc, = 72x10 12 cm 2 s 1 [24] and Ne, = 0.29, it is found that the conditions for Eq. ( 7) are met. Calcula tion from (7) using v = 0345 (an average of the values for Cr 7 C 3 and Cr23C 6) yields kgi 1.2 x 10 8 cm 2 s 1 for both alloys. This corresponds to a depth of more than 900 µm after 100 h, and essentially complete carburisation of the 2 mm thick samples, in agreement with observation. It is therefore concluded that the chromium rich oxide scales grown on these alloys do not provide effective barriers to carbon ingress from CO/CO 2 gas. It should be noted, however, that the presence of H 2 O in the gas is likely to reduce the carbon permeability of chromia scales. On this basis, better performance could be expected in reformer environments.

Two commercial variants of the standard HP40Nb grade were found to exhibit significantly different oxidation behaviour in CO/ CO 2 gases. Both alloys are superior chromia formers, but the one with lower manganese and silicon levels scaled more slowly at 982 °C. Despite its lower silicon level, this alloy formed internal sil ica more quickly, and developed a more continuous layer, thereby slowing chromium diffusion and scale growth.

Both alloys oxidised internally, producing interdendritic oxides to great depth, and more shallow zones of intradendritic silica. The interdendritic oxidation process was supported by boundary diffu sion of oxygen at the same rate in these two, and other, heat resist ing alloys. Intradendritic internal oxidation was a slower process, but nonetheless much faster than would be predicted from binary diffusion data for oxygen in nickel. This effect, and the superior performance of the low silicon alloy are suggested to be the results of thermodynamic interactions between interstitial oxygen and substitutional alloy solutes.

Both alloys carburised rapidly, indicating that their oxide scales failed to exclude carbon when exposed to CO/CO 2 gases.
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 910 Fig. 10. Comparison of measured sc.-iling rates with literature data collected by Hindam and Whittle (11 J.

  Here f',,•l is the dissolved oxygen concentration (mole fraction) at the alloy surface, D 0 is the volume diffusion coeffiàent for oxy gen and D M that for the reacting solute metal, M, v is the stoichi ometric coefficient for the preàpitated oxide MO, and N M is the bulk concentration of M. Oxygen diffusion alone is rate controlling if D M N M « Dotl,,•l, and in this limiting case Eq. (7) ho Ids. If both spe cies diffuse into the precipitation zone, NtJ /NM « DM/D o « 1 and Eq. (

Table 1 Chemical analysis of alloys (wt%)

 1 

		Ni	Cr	Nb	Si	Al	Ta	Mo	Mn	w	1i	C	s
	HP40Nb At A2	33-37 32.6 34.9	24-28 25. 5 26.0	1. 0 1.4	2.5 max 1. 5 0.6	82' 560'	02 02	0.5max 0.1 0.1	2.0 max 1.3 0.7	0.4 1.0	340• .14	0.35-0.75 .39 .41	0.04 max .DlO .006

a ppm.

Table 2 Calculated carbon and OxYgen activities for CO+ CX½ gas mixture Gas mixture 95.7% CO+ 4.3%CÛ2 95.7% CO+ 4.3%CÛ2 rrc 982 1080 p/atm ac 020 0.06 Po,/atm 7 X 10 lS 3 X 10 16
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