EXECUTIVE SUMMARY TASK I: Novel Improved Intrinsic Materials for Multijunction Solar Cells

I.1. Novel i-Layers for Solar Cells

Phase diagrams that characterize plasma-enhanced chemical vapor deposition of Si thin films at low substrate temperature (200°C) have been established using real time spectroscopic ellipsometry as a probe of thin film microstructural evolution and optical properties. These deposition phase diagrams describe the regimes over which predominantly amorphous and microcrystalline Si phases are obtained as a function of the accumulated film thickness and the hydrogen-to-silane gas flow ratio R=[H 2 ]/[ SiH 4 ]. The diagrams for different substrate materials demonstrate how general principles can be formulated and verified for the design of optimized multistep i-layer components of amorphous silicon p-i-n and n-i-p solar cells.

I.2. Evaluation of Optoelectronic Properties

Research has continued on improving a-Si:H materials for solar cells, particularly with respect to their stability against light-induced degradation. The diluted and undiluted a-Si:H materials that have been studied and characterized were deposited under a wide range of deposition conditions. They have included a-Si:H films from Penn State and Super Laboratory at ETL, as well as our team partners BP Solarex and Uni-Solar. The similarities and differences in their properties have been evaluated and detailed analysis, required for obtaining reliable gap state parameters for all gap states, has been carried out on several of these materials.

Our characterization and analysis results show that in the annealed state, charged defects can dominate the properties of truly "device quality" a-Si:H materials, materials that have actually proven their quality in high performance solar cells. We found that because of the low densities of neutral dangling bond, D o , states in such materials even small changes in charged defects can result in significant difference in the electron mobility-lifetime (µτ) products and subgap absorption α(hν). If they are interpreted in the simple manner based on D o state dominance, then there are clear inconsistencies between results on subgap absorption and those on µτ products. However the results can be understood when account is taken of the charged defect states. On the other hand, analysis of these charged defects presents a big challenge because their densities cannot be independently measured as in the case of neutral dangling bond defect states, as well as they introduce a large number of new parameters for characterization.

The methodology for the characterization of all the gap states, developed at Penn State has been applied to the analysis of results on a-Si:H in materials in both annealed and 1 sun degraded states.

It should also be pointed out that "operational parameters" are not unique because of the flexibility offered in fitting as a result of having as many as 20 different parameters. Nevertheless the ability to obtain good fits to so many results using such "operational parameters" is in direct contrast to the inability to do so when charged defects are not included. It offers some new insights about the nature of gap states and their contribution to solar cell performance and stability.

TASK II: Insights into Improved Stability in Materials and Solar Cells

II.1. Degradation Studies

The type, nature and densities of different light induced defects in optimized a-Si:H materials have been investigated and characterized. These studies have been carried out on films and corresponding Schottky barrier cell structures with different thicknesses of the intrinsic bulk layers. Taking into account the inadequacy of the approach based on solely "neutral dangling bonds", the characterization was expanded in the attempt to include all of the gap states. We find that light-induced charged defects are as important as the neutral dangling bond defects in determining the properties and stability of a-Si:H materials and solar cells. We also find that unlike previous claims in truly "device quality" materials the degraded steady states do depend on both intensity and temperature (even less than 70 o C). This makes the commonly used arbitrary, accelerated degradation results meaningless unless they are related to 1 sun degraded states. Extensive studies of light induced defects were carried out on diluted (R=10) Schottky barrier solar cell structures and the corresponding films. The measurements on Schottky barrier cell structures, which include forward I-V, light I-V and QE with different i layer thicknesses, are analyzed with results of µτ products and subgap absorption spectra obtained on the corresponding films. The focus of the work here is mainly on the degraded steady state (DSS) obtained with 1 sun illumination at 25°C in films and Schottky barrier cells. All these results were analyzed using a distribution of gap states shown in Fig. 1, where in addition to the neutral dangling bond D 0 states two Gaussian distributions of defect states are introduced above and below midgap. This and the procedure for obtaining "operational" parameters for these states are discussed.

TASK III: Optimization of Solar Cell Performance with Improved Intrinsic Layers

III.1. Optimization of p/i Interfaces

The formation of p/i interfaces in hydrogenated amorphous silicon p-i-n solar cells prepared by plasma-enhanced chemical vapor deposition has been analyzed in detail using real time optics. With this capability, three effects have been successfully separated and quantified:

(i) contaminant layer deposition at the p-layer surface with a sensitivity of ±0.1 Å, (ii) thermal emission of bonded hydrogen from the p-layer with a sensitivity of ±0.1 at.% (± 2 meV in optical gap), and (iii) surface temperature variations with a sensitivity of ±1°C. The separation of these competing effects has yielded a better understanding of p/i interface formation and has led to an optimum process for device fabrication.

III.2. p-Layers for n-i-p Solar Cells

Real time optical analysis (RTSE) has been applied to study the nucleation, coalescence, and growth processes for ~100-200 Å thick microcrystalline silicon (µc-Si:H) p-layers on H 2 plasma-treated amorphous silicon (a-Si:H) i-layers in the substrate/(n-i-p) device configuration.

For such i-layers, p-layer microcrystal nucleation at low plasma power is controlled by the catalytic effects of B-containing radicals at the i-layer surface, irrespective of the dopant source, whereas nucleation at higher plasma power is controlled by the bombardment of the i-layer by Si-containing ions. Under high power plasma conditions using BF 3 , dense single-phase µc-Si:H p-layers can be obtained over a wide range of the dopant gas flow ratio. In contrast, for B 2 H 6 and B(CH 3 ) 3 , such properties are obtained only over narrow flow ratio ranges owing to the relative ease of dissociation of these gases in the plasma. Based on these results, an optimized µc-Si:H p-layer has been developed for application in n-i-p solar cells.

III.3. Protocrystalline Intrinsic Layers

Studies have been carried out on the thickness dependent transition between the amorphous and microcrystalline phases in intrinsic Si:H materials (i-layers) and its effect on p-in solar cell performance. P(a-SiC:H)-i(a-Si:H)-n(µcSi:H) cell structures were deposited with the intrinsic Si:H layer thickness and the flow ratio of hydrogen to silane, R=[H 2 ]/[SiH 4 ], guided by an evolutionary phase diagram obtained from real-time spectroscopic ellipsometry. The thickness range over which the fill factors are controlled by the bulk was established and their characteristics investigated with different protocrystalline i-layer materials (i.e., materials prepared near the amorphous to microcrystalline boundary but on the amorphous side). Insights into the properties of these materials and the effects of the transition to the microcrystalline phase were obtained from the systematic changes in the initial fill factors, their light-induced changes, and their degraded steady states for cells with i-layers of different thickness and H 2 dilution.

TASK IV: Optimization of Multijunction Solar Cells

IV.1. Textured TCO Studies

We have applied a rotating-compensator multichannel ellipsometer to perform real time Stokes vector spectroscopy (also called polarimetry) during the preparation of hydrogenated amorphous silicon (a-Si:H) p-i-n solar cells on Asahi U-type textured tin-oxide (SnO 2 ) surfaces.

With this spectroscopy (1.5 to 4.0 eV), the irradiance I r and polarization parameters {(Q, χ), p} of the specularly reflected beam are obtained with 0.8 s resolution versus time during solar cell preparation. Here Q and χ are the tilt and ellipticity angles of the polarization state and p is the degree of polarization. An analysis of Q and χ that neglects the effects of the texture can provide the time evolution of the thicknesses, microscopic structure, and the optical properties of the component layers of the a-Si:H solar cell. Deviations of the measured reflectance spectra from those predicted on the basis of the (Q, χ) analysis provide the thickness dependence of the scattering and the evolution of the macroscopic structure of the solar cell. The measurement and analysis approach is important because of its potential application for real time monitoring of solar cell production. The analysis results also provide realistic inputs for optical modeling of the effects of texture in light trapping.

IV.2. Optical Modeling

Analytical expressions have been developed that provide close fits to the dielectric functions ε of amorphous (a), nanocrystalline (nc), and microcrystalline (µc) silicon-based films.

These expressions provide the capability of accurate optical modeling of the intrinsic (i) layers used in a-Si:H-based multijunction solar cells. As a result, a set of optical functions representative of high-density a-Si:H and its alloys spanning the full solar spectrum can be generated from the optical gap alone.

IV.3. Tunnel Junction Formation

Tunnel junction formation for applications in amorphous silicon (a-Si:H) based multijunction n-i-p solar cells has been studied using real time optics. The junction structure investigated in detail here consists of a thin (~100 Å) layer of n-type microcrystalline silicon (µc-Si:H) on top of an equally thin p-type µc-Si:H layer, the latter deposited on thick (~2000 Å) intrinsic a-Si:H. Such structures have been optimized to obtain single-phase µc-Si:H with a high crystallite packing density and large grain size for both layers of the tunnel junction. We have determined the conditions under which grain growth is continuous across the p/n junction and the conditions under which renucleation of n-layer grains can be ensured at the junction. One important finding of this study is that the optimum conditions for single-phase, high-density µc-Si:H n-layers are different depending on whether the substrate is a µc-Si:H p-layer or is a H 2plasma treated or untreated a-Si:H i-layer. Thus, the top-most µc-Si:H layer of the tunnel junction must be optimized in the multi-junction device configuration, rather than in single cell configurations on i-layers. These observations are explained using evolutionary phase diagrams for Si film growth. 

TASK I: Novel Improved Intrinsic Materials for Multijunction Solar Cells

I.1. Novel i-Layer Materials for Solar Cells

Motivation and Overview

The benefits of moderate H 2 -dilution of SiH 4 (gas flow ratio R=[H 2 ]/[SiH 4 ]=5-15) in plasma-enhanced chemical vapor deposition (PECVD) of amorphous semiconductors have been noted in several studies. [1][2][3][4][5][6] In amorphous silicon (a-Si:H) deposition, moderate dilution leads to higher stability films having greater resistance to the Staebler-Wronski effect. [7] Recent studies have also explored the benefits of H 2 -dilution in intrinsic (i) layer preparation for higher stability a-Si:H p-i-n and n-i-p solar cells. [4][5][6][8][9][10] Such studies have suggested a guiding principle for fabrication of optimum materials and devices, namely, that the i-layer should be amorphous, yet prepared as close as possible to the boundary between amorphous (a) and microcrystalline (µc) film growth versus the H 2 -dilution ratio. [9][10][11] Operating near the a→µc boundary, however, has its drawbacks because the boundary locations in deposition parameter space --and thus the resulting film properties --are very sensitive to the substrate material and accumulated film thickness, as recognized just recently. [10,12] As a result, optimization of the ilayer process for devices is more complicated than previously recognized.

In this task, we developed deposition phase diagrams for three different substrate materials. These diagrams describe the regimes of bulk layer thickness d b and dilution ratio R within which dominant a-Si:H and µc-Si:H phases are obtained. There are two important outcomes of our real time optical studies. First, the deduced structural evolution and dielectric functions identify the regimes of d b and R within which dominant a-Si:H and µc-Si:H phases are obtained. The resulting deposition phase diagrams can be used to direct the preparation of ilayers on different doped layer surfaces for optimized electronic devices. Second, the dielectric functions of the films can be analyzed to assess the degree of ordering and crystallinity in the amorphous and microcrystalline regimes, respectively. The analysis results in the amorphous regime provide insights into the observed improvements in materials and device performance and stability as R is increased to the a→µc boundary. The analysis results in the microcrystalline regime provide insights into the evolution of crystallinity from nucleation, which leads to a mixed amorphous/microcrystalline phase, through growth which leads to a stable, single-phase microcrystalline structure.

Substrates of relevance for solar cells used in these studies include a-Si:H prepared with R=0, simulating the situation in which the underlying doped layer is amorphous, and µc-Si:H prepared with R=200, simulating the situation in which the underlying doped layer is microcrystalline. Second, the deposition phase diagrams reveal the dangers of correlating materials properties and solar cell performance when different substrates and/or thicknesses are used for the materials and device studies. In this case, an additional substrate of relevance is crystalline silicon (c-Si) with its native oxide intact, which is often used for materials analyses.

Experimental Details

Three substrate materials were used here, including (i) native oxide-covered crystalline Si (c-Si) wafers; (ii) newly-deposited (unoxidized) a-Si:H films prepared to 3000 Å without dilution (R=0); and (iii) newly-deposited p-type µc-Si:H films prepared to 200 Å using gas flow ratios of [SiH 4 ]: [H 2 ]:[BF 3 ] of 1:200:0.05. For the latter, the PECVD process was optimized for singlephase µc-Si:H on a-Si:H. [13] The deposition temperature was 200°C for all substrate and overlying films. For the overlying Si, the SiH 4 pressure was set in the absence of H 2 flow at 0.07 Torr for 0≤R≤40 and 0.04 Torr for 50≤R≤80, and H 2 was introduced to establish the selected flow ratio from 0 to 80. As a result, the total pressure increased from 0.07 Torr at R=0 to 0.9 Torr at R=80. This approach was used to avoid possible enhancement in polysilane radical formation in the plasma with decreasing R at a fixed total pressure. Deposition rates ranged from 1.3 Å/s (R=0) to 0.10 Å/s (R=80).

Real time spectroscopic ellipsometry (RTSE) measurements applied to establish the deposition phase diagrams were performed using rotating polarizer and compensator multichannel ellipsometers with spectral ranges of 1.3-4.3 eV. [14] 

Results and Discussion

As an example of RTSE analysis results, Fig to oxide-covered c-Si and p-type µc-Si:H surfaces on which immediate nucleation occurs for R=40 and 10, respectively. Thus, the a-Si:H substrate suppresses µc-Si:H formation by imposing its structure on the growing film. It is interesting that such substrate-induced structure can propagate for 3000 Å or more when R=15. Under these conditions, it has been suggested that regions of higher ordering develop gradually as the a-Si:H grows, and these serve as sites for microcrystal formation. [9] Another contributing factor to the a→µc transition at d b ~3000 Å may be the buildup of stress in the network. [15] Such stress may be relieved through the development of roughness or void structures that may also induce microcrystal formation.

Although it is generally believed that increased H penetration from the plasma causes the Si-Si bonding network to relax, [16] H-induced stress may build up due to trapped H 2 . Analyses of the bulk dielectric functions deduced versus d b in the amorphous regime (d b <3000 Å) for R=15 depositions on c-Si and R=0 a-Si:H reveal no decreases in the broadening Γ and no significant increases (<3 vol.%) in void fraction. Thus, any regions of higher ordering or voids that lead to microcrystal formation are not readily detectable by RTSE. In the following paragraphs, we discuss in detail the information that can be extracted from inspection and analysis of the dielectric functions of the Si films. increasing R (with high R a-Si:H films being called "protocrystalline"). This trend can account for improved interface characteristics when thin high R layers are incorporated at the p/i interfaces in solar cells. [10] Thus, by utilizing an R=0 a-Si:H substrate film to suppress µc-Si:H formation, one can take advantage of the favorable PECVD conditions at increased R. Favorable conditions may be the result of (i) greater relaxation of the network by diffusing H due to either a reduced deposition rate, [5,19] or an increased concentration of plasma H, [16] (ii) enhanced coverage of the surface by H which reduces the defect density in the final film bulk, [20] and (iii) a reduced concentration of detrimental short lifetime precursors. Next, the evolution of the Si film optical properties will be assessed as the film crosses the a→µc boundary. Si:H film that nucleates immediately at R=200 from a H 2 -plasma treated a-Si:H surface as discussed in Sec. III.2. The much wider gap of 2.2 eV in this case is attributed to stronger confinement effects in the nanocrystals that are evident only when the nc-Si:H film is singlephase and any intergranular a-Si:H is fully etched away under the higher R conditions. As described in Sec. III.2, this etching leaves voids at the boundaries that serve as barriers that increase confinement of electrons within the crystallites.

Next we discuss the implications of the phase diagrams for the optimization of a-Si:H solar cells in the p-i-n and n-i-p configurations. For cells in the glass/(conducting oxide)/p-i-n configuration having amorphous p-layers, the phase boundary for the R=0 a-Si:H substrate in Fig. I.1.2 is relevant for guiding i-layer deposition. In this case, higher cell performance can be obtained by initiating i-layer deposition at the p/i interface with a high R value, and then reducing R for the bulk i-layer to avoid microcrystal development. [10] This places material with the highest overall quality and widest optical gap adjacent to the p/i interface, where it is most effective at enhancing cell performance. For a 4000 Å thick i-layer prepared in two steps of 200 Å and 3800 Å, optimum cell performance in both annealed and fully light-soaked states has been obtained using two-step R values of 40 and 10, respectively. [10] This result is consistent with the concept of maintaining deposition as close as possible to the a→µc boundary, but on the amorphous side versus thickness.

For cells in the p-i-n configuration having microcrystalline p-layers, the phase boundary for the R=200 p-type µc-Si:H substrate in Fig.

I.1.2 is relevant in guiding i-layer fabrication. In this case, a reverse optimization strategy appears necessary, namely, initiating i-layer deposition with a low R value to prevent propagation of microcrystallinity and then increasing R to ensure the highest quality material in the bulk i-layer. Similar considerations apply for solar cell fabrication in the metal/(back reflector)/n-i-p configuration. This configuration has the disadvantage that R must be increased in the second step in order to utilize beneficial i-layer properties near the i/p interface. As a result, any inadvertent microcrystal formation prior to the second step is expected to be highly detrimental. In contrast, the advantage of the n-i-p configuration is that a µc-Si:H p-layer can be incorporated without concern for its effect on the i-layer structure. For either configuration, once microcrystallinity develops in an underlying layer of the device, R must be decreased below the optimum bulk value (R~10) in the overlying layer to arrest its continued development.

Finally, it is important to discuss the implications of the deposition phase diagrams for the correlation of materials properties with solar cell performance. First, the thickness dependence the phase boundary can lead to inconsistencies when correlating materials and device properties. For a 2000 Å thick i-layer of a solar cell, for example, R~15 is expected to yield high performance as this is the maximum value sustainable while remaining below the a→µc transition. If 5000 Å thick R=15 films are prepared on either amorphous layers or c-Si substrates for materials analysis, however, such layers will exhibit a structure varying from a-Si:H in the first ~2500 Å to µc-Si:H in the next ~2500 Å. Second, the substrate dependence of the phase boundary can lead to similar inconsistencies. For a 1000 Å thick i-layer used in a multijunction solar cell, for example, R~18 is expected to yield high performance. If 1000 Å thick R=18 films are prepared on c-Si substrates, however, only the first ~500 Å of the film will be amorphous whereas the remaining 500 Å will be microcrystalline. Thus, the phase diagrams demonstrate that to obtain valid (materials properties)-(device performance) correlations, the material properties must be obtained from depositions on similar substrates with similar thicknesses as those for devices. This fact also demonstrates the need to consider the effects of texturing of the conducting oxide and back reflector used in p-i-n and n-i-p solar cell production.

Because the texture exhibits a large in-plane scale (>1000 Å) and the a-Si:H i-layers appear to conformally cover such surfaces, we expect that the texture has little effect on the deposition phase diagram; however future studies are needed to verify this expectation.

Concluding Remarks

Real time optical studies of Si film growth by PECVD have elucidated deposition phase diagrams that describe regimes of film thickness and H 2 -dilution ratio R=[H 2 ]/[SiH 4 ] over which amorphous and microcrystalline films are obtained. When Si films are deposited at high R (R>15) on a-Si:H (R=0) substrate films, the substrate suppresses microcrystal formation. In this regime, favorable plasma conditions lead to films with a higher degree of order and higher stability. In contrast, when Si films are deposited at intermediate and high R (R>5) on µc-Si:H substrate films, the substrate enhances microcrystal formation. Because of the strong effect of the substrate on the overdeposited material, solar cell optimization is more complicated than previously recognized. In addition, incorrect conclusions can be drawn in materials-device correlations if the materials are not prepared on similar substrates to similar thicknesses as the ilayer in the solar cell. PHOTON ENERGY (eV) Si film on GaAs that spans the transition from a-Si:H (d=50 Å), through nc-Si:H (d=165 Å), to stable µc-Si:H (d=740 Å). The solid lines are fits to the data using a one oscillator expression for a-Si:H and a two oscillator expression for nc-Si:H and µc-Si:H. 

I.2. Evaluation of Optoelectronic Properties

Results and Discussion

Thin films of a-Si:H, prepared by PECVD under different conditions, have been characterized in detail to evaluate the properties related to solar cell performance. This is first done on the annealed state discussed here, as well as after 1 sun light-induced degradation discussed in Section 2 and Appendix I.

A methodology developed at Penn State University was used to reliably characterize the gap states in different a-Si:H films. This is based on transmission and reflection measurements (T&R) to obtain the energy dependence of optical functions for the materials such as refractive index, n, extinction coefficient, k, and optical absorption α. Then, dual beam photoconductivity (DBP) is used to measure the relative absorption in the subgap region (α(hν)) at different carrier generation rates (G), whereby for G≤10 16 cm -3 s -1 the results are equivalent to those from CPM.

Because of the importance of obtaining accurate values of α(hν), a novel method to accurately normalize DBP spectra with T&R spectra was developed at Penn State and is used in these studies [1]. In this method, the optical absorption caused by transitions from tail states to extended states is derived using constant dipole matrix elements. An iterative procedure is used to fit the optical absorption from T&R measurements and at the same time to extend it to exponential region using the slope obtained from DBP spectra. The DBP spectra are then aligned with the calculated α(hν) in exponential region, so minimum error is introduced. The characterization of the gap states consists of measuring the electron µτ products as a function of carrier generation rate, µτ(G), rather than just photoconductivity σ(G), since the changes in µτ(G) are much pronounced and are thus a more accurate representation of the recombination kinetics. This methodology is applied for characterizing both the annealed state as well as the light-induced changes under 1 sun illumination. Detailed results of such a characterization carried out on USSC and PSU hydrogen-diluted a-Si:H films are presented in Appendix 1.

A comparison was made between hydrogen-diluted (R=10) materials from Penn State and "low" dilution materials from BP Solarex and Uni-Solar, where all of these materials have produced high performance solar cells. There are two interesting aspects to the results presented here for the annealed state. The first is the similarity of the three materials deposited under quite different conditions. The other is the difference the three materials exhibit in their relationships between µτ products and α(hν), in spite of the fact that the often misused term "device quality material" is relevant here. here with the commonly held view based on the "omnipotence" of the dangling bond, D o , states in that the BP Solarex material has both µτ products as well as subgap absorption at α(1.2eV) higher than those from PSU material, and for Uni-Solar material both the µτ and α(1.2eV) are lower. Such a presence of higher lifetimes with higher subgap absorption directly contradicts the still widely held view that these characteristics are determined solely by the D o states while ignoring the effects of charged defects. The dependence of a-Si:H material properties on charged defects is also found to dominate the characteristics of thin film materials from the Super Lab at ETL. In Fig. I.2.3, the µτ products are shown as function of generation rate G for one of the Super Lab a-Si:H films deposited at T s =200 o C. Also shown are the results for the PSU diluted R=10, undiluted, R=0, films prepared at T s =200 o C. Significant differences in the recombination kinetics are clearly indicated by the magnitude, and particularly by the shape of µτ(G) curves. It should be remembered that the key claim of the "D o dominated model" is that µτ products are independent of G, i.e. γ is constant and equal to 1 [2]. The presence of charged defects is also evidenced from the more subtle differences in the subgap absorption spectra. Results from The Super Lab for the T s =200 o C, and from PSU for the R=0 and R=10 films of with DBP at a generation rate of 10 15 cm -3 s -1 , which is equivalent to that used in CPM, exhibit distinctly different dependences on photon energy. The differences in the fall off of α(hν) at low photon energies are indicative of the relative contribution from defects located above midgap.

The contributions from these states are further enhanced at higher generation rates when these states become more occupied by electrons.

The results of subgap absorption and photoconductivity measurements (µτ) have been analyzed 

Results and Discussion

The type, nature and densities of different light induced defects in optimized a-Si:H materials have been investigated and characterized. These studies have been carried out on films and corresponding Schottky barrier cell structures with different thicknesses of the intrinsic bulk layers. Taking into account the inadequacy of the approach based solely on "neutral dangling bonds", the characterization was expanded in an attempt to include all gap states. We find that light-induced charged defects are as important as the neutral dangling bond defects in determining the properties and stability of a-Si:H materials and solar cells.

The light induced gap states have been characterized using the methodology described in Another misconception about the creation of light induced defects is that there is only a limited number of sites available in a given a-Si:H material which can be converted into metastable defects. This is based in part on results which claim that there is no dependence of the degraded steady state densities of defects on either the light intensity or temperatures below 70 o C [START_REF] Park | Saturation of the Light-Induced Defect Density in Hydrogenated Amorphous Silicon[END_REF]]. This has in part been responsible for accepting accelerated tests of lightinduced changes with high illumination intensities as being representative of the 1 sun degraded steady states (DSS) and the modeling predictions for end of life efficiencies. Despite the clear indications that this is certainly not true in solar cells [2], because of the very long times needed for undiluted a-Si:H films to reach the 1 sun degraded steady state (DSS), there have not been any independent verifications of such equivalence in films as well as the corresponding solar cells.

As part of the studies here, light-induced degradation with high intensity illuminations were also carried out on diluted films which reach the 1 sun degraded steady state in less than states, an iterative procedure was adopted for the self-consistent fitting of all the results on the thin films and the Schottky barriers using the same values for the parameters. In the process the relative sensitivity of the different results to specific gap state parameters was established and this is illustrated in Table I.

Table I. Parameters with largest effect on respective characteristics. for the different wavelengths. The good fits of both the µτ products and the subgap absorption using the same 'operational' gap state parameters as in the corresponding Schottky barrier solar cell structures clearly support the importance of including charge defects in any realistic characterization of gap state and their effect on cell performance. However the distribution of states chosen to represent charged defects is not unique but rather a possibility, nevertheless, the "operational" parameters such as derived here offer a more realistic and reliable approach for modeling of p-i-n and n-i-p solar cells characteristics in their degraded steady state.

µτ Subgap forward I-V light I-V QE D +* , D 0 , D + (E) D 0 , D + , D - D + (E), D +* (N) D 0 , D +* , VB (tail) 
A better understanding of the contributions that the different gap states make to the degradation will help to further quantify their parameters and to obtain self-consistent fits for all the cell characteristics. To assess the effects of the various gap states on the different film results

and Schottky barrier cell characteristics, sensitivity studies were carried out where the values of the densities, energy positions and electron-hole capture cross-sections were individually changed. The results of these were used in obtaining the self-consistent fits to the Schottky barrier characteristics, presented in Appendix II, as well as the analysis of p-i-n solar cell characteristics discussed in Section 3. 

Experimental Details

For the RTSE studies in which surface contamination dominates, 200 Å a-Si RTSE was performed during a-Si 1-x C x :H p-layer preparation and Ar purging using a rotating-polarizer multichannel ellipsometer with acquisition times for spectra in the ellipsometry angles (ψ, ∆) from 0.8 to 3.2 s and repetition times from 3 to 120 s. [7] The spectral range of the ellipsometer for highest sensitivity is 1.5 to 4.0 eV. Data analysis procedures applied here are described in detail elsewhere. [5,6] Qualitative assessments of p-layer surface and sub-surface effects can be made from an inspection of the (ψ, ∆) trajectories at 2.5 eV, which are discussed and tabulated in the following.

Results and Discussion

First, we discuss processing of an a-Si 1-x C x :H p-layer prepared using B 2 H 6 at 250°C.

During the 50 min Ar purge of the reactor after p-layer PECVD on a c-Si/SnO 2 :F substrate, (ψ, ∆) at 2.5 eV exhibit continuous changes (final -initial) totaling (-0.2°, 1.8°). We attribute the large increase in ∆ to contamination of the p-layer surface by a SiB x alloy film originating from residual species adsorbed on internal reactor walls and fixtures. [5,8] This conclusion is based on two observations. First, the large increase in ∆ is not observed under identical p-layer PECVD and purging conditions when B 2 H 6 is replaced by B(CH 3 ) 3 , which is a more stable doping gas. Second, an even larger increase in |∆| (>2°) characteristic of spontaneous SiB x CVD is observed when the B 2 H 6 containing p-layer gas mixture is not evacuated immediately upon plasma extinction. An analysis of the resulting thick contaminant film yields the dielectric function ε=ε 1 +iε 2 of the SiB x material. The result is typical of an amorphous semiconductor, but with a broader and weaker ε 2 peak and a narrower ε 2 1/2 optical gap than a-Si:H, suggesting high void and dopant contents. Using the correlation between the gap and H-content for as-deposited films, [11] this corresponds to a loss in H-content by ~2 at.%. In an alternative analysis method, we have employed the p-layer ε spectra before and after Ar purging to extract a Kramers-Kronig (K-K) consistent dielectric response [12] associated with the unstable Si-H bonds that are lost upon purging. From this response, the time evolution of the change in volume fraction associated with the unstable Si-H bonds can be determined as shown in Fig.

III.1.2 (circles).

We have fit the results over a 50 min purge to a sum of two emission rates, yielding time constants of 1x10 -2 and 8x10 -4 s -1 . Assuming an attempt frequency in the range 10 12 -10 13 s -1 , the activation energy for the fast process is 1.36±0.05 eV, which is consistent with that of H diffusion in p-type a-Si:H. [13] The H-emission effect upon plasma extinction was detected for a-Si 1-x C x :H p-layers prepared using B(CH 3 ) 3 doping gas but not for undoped a-Si 1-x C x :H. Our results are consistent with earlier studies of a-Si:H p-layers prepared using B 2 H 6 that found (i) Hevolution from the p-layer after deposition when it was maintained at substrate temperature [14] and (ii) a dependence of the p-layer properties on intermission time for intermittent PECVD. [15] Thus, we conclude that H-emission is a general feature of a-Si:H based p-layers. The effect was not detected in the studies of p-layers prepared using B 2 H 6 , owing to the dominant effect of contaminant formation on the RTSE data.

The surface of a fully equilibrated a-Si 1-x C x :H p-layer prepared using B(CH 3 ) 3 doping gas was studied after the 50 min Ar purge. We first evacuated the Ar and reintroduced the p-layer gas without igniting a plasma, then repeated the Ar purge in the absence of the H-emission effect, and finally introduced the i-layer gas (pure SiH 4 ) in an attempt to identify sub-ML contamination. In this experiment, (ψ, ∆) at 2.5 eV changed by (0.04°, -0.04°), upon introduction of the Ar and remained nearly stable thereafter.

Further repetitions of this experiment showed that the changes in the RTSE data were reversible, in contrast to the H-emission effect, and that these changes tracked the substrate surface temperature as read by a thermocouple mounted on the substrate holder.

Thus, the changes in RTSE data were attributed to temperature changes at the nearsurface of the p-layer.

To quantify such changes, we have obtained ε for the a-Si 1-x C x :H p-layer at different stabilized true temperatures T using a c-Si wafer as a calibration standard. [6] A parameterization of the ε spectra has been undertaken using K-K consistent expressions of Ref. [12]. Fitting the five free parameters in these expressions to linear functions of T yields sufficient information to compute ε for any value of T between 50 and 200°C. This Next, we describe the implications of our overall results for solar cell fabrication. It is known that contamination is the origin of p/i interface defects that reduce V oc of the solar cell. [16] Cells in the p-i-n configuration in which the contaminant film thickness has been reduced from 3.9 Å (B 2 H 6 , 250°C) to <0.3 Å [B(CH 3 ) 3 , 200°C] exhibit increased V oc from 0.74 to 0.84 V. [5] It is expected that the H-emission effect is also detrimental to V oc since the a-Si 1-x C x :H p-layer optical gap decreases, and the equilibrated network may exhibit a higher dangling bond density. We find that a H 2 plasma treatment of the p-layer just prior to i-layer deposition is beneficial in reversing these effects. [6] In fact, a 6 min treatment using the same plasma power as the i-layer (50 mW/cm 2 ), when applied to a p-layer from B(CH 3 ) 3 at 200°C, has led to a further increase in V oc to 0.87 V. Higher V oc still results by improving the i-layer side of the interface using protocrystalline layers as described in Sec. I.1. [17] 

Concluding Remarks

In summary, we have applied RTSE for separating the various effects on the apparent optical properties of the near-surface of a-Si 

III.2. p-Layers for n-i-p Solar Cells

Motivation and Overview

An important goal in the development and optimization of hydrogenated amorphous silicon (a-Si:H) substrate/(n-i-p) devices such as solar cells is the deposition of thin (100-200 Å) single-phase microcrystalline silicon (µc-Si:H) p-layers by plasma-enhanced chemical vapor deposition (PECVD) directly on top of a-Si:H i-layers at high nucleation density. [1] This goal is motivated by the fact that µc-Si:H can be doped more efficiently than a-Si:H, and higher conductivities can be achieved. Such an improvement in doping can be exploited in a device, however, only if the crystallites nucleate immediately on the i-layer and coalesce to form a continuous p-layer within a thickness of < 100 Å. Three different dopant source gases, B 2 H 6 , B(CH 3 ) 3 , and BF 3 , can be used in the deposition of µc-Si:H p-layers, yet few detailed studies of the resulting p-layers are available that compare the growth processes and properties for the thin layers in the actual device configuration, i.e., for < 200 Å thick p-layers on a-Si:H substrate films.

The use of B 2 H 6 as a dopant source gas for p-type a-Si:H and µc-Si:H deposition has a number of problems, including (i) contamination of film surfaces and interfaces due to spontaneous chemical vapor deposition (CVD), [2][3][4] (ii) clogging of flowmeters by decomposed gas, leading to controllability problems, (iii) possible incorporation of B-B bonds in the film, [5] and (iv) a narrow range in gas flow for optimum nucleation and growth. [6] Alternative dopant source gases have been employed to avoid these problems. For example, B(CH 3 ) 3 is a more stable gas that has been used often in the preparation of p-type amorphous silicon-carbon alloy (a-Si 1-x C x :H) window layers in substrate/(p-i-n) solar cells. [5,7,8] In this application, the CH n radicals (n=1-3) arising from the dopant source molecule are not detrimental to the growth process. In addition, BF 3 is even more stable and has been used in doping a-Si 1-x C x :H for p-i-n solar cells as well as in situations where C-incorporation may be undesirable, such as in doping µc-Si:H p-layers in n-i-p solar cells. [9][10][11] In this task, we have applied real time spectroscopic ellipsometry (RTSE) in a comparative study of the nucleation, coalescence, and growth processes of intended µc-Si:H players by rf PECVD using B 2 H 6 , B(CH 3 ) 3 , and BF 3 dopant source gases. RTSE is unique in that it can provide signatures that allow one to distinguish µc-Si:H and a-Si:H p-layer deposition even for very thin layers in the n-i-p device configuration, i.e., for p-layers on a-Si:H i-layer substrates. [12] Insights into the deposition processes of the µc-Si:H p-layers on a-Si:H i-layers are obtained here on the basis of the time evolution of the microstructure of the p-layer and the dielectric function ε of the bulk p-layer. We find that dense, single-phase µc-Si:H p-layers can be obtained with any one of the three dopant source gases. BF 3 is unique and offers distinct advantages, however, owing to a combination of characteristics: (i) it avoids C incorporation that slows or suppresses Si crystallite growth when incorporated at sufficiently high levels [e.g., for B(CH 3 ) 3 at high plasma power and high dopant gas flow]; (ii) it has a low decomposition rate in the plasma that leads to a wider flow rate range for dense, single-phase µc-Si:H p-layers; and (iii) as a result, it tolerates a higher plasma power flux that allows high rate µc-Si:H p-layer growth (up to 1 Å/s) without microstructural degradation.

Experimental Procedures

Several test structures each consisting of an intended ~100-200 Å thick µc-Si:H p-layer on top of a 3000 Å a-Si:H i-layer were fabricated on crystal Si wafers by rf PECVD. All thin film deposition and processing were performed at a substrate temperature of 200°C. The i-layers were prepared from pure SiH 4 with a gas flow of 20 stand. cm 3 /min (sccm), a plasma power of 70 mW/cm 2 , and a pressure of 0.17 Torr. Prior to p-layer growth, a H 2 -plasma treatment was performed on the i-layer for 150 s using a H 2 flow of 200 sccm, a plasma power of 700 mW/cm 2 , and a pressure of 0.87 Torr. Under these conditions the bulk i-layer etch rate is 0.4 Å/s. The variable conditions and parameters for p-layer growth include the dopant source gas, which was selected from among B 2 H 6 , B(CH 3 ) 3 , and BF 3 . In addition, the H 2 dilution ratio on the microstructural evolution. First, the stabilized bulk layer deposition rate decreases from 0.43 to 0.29 Å/s as R is increased from 120 to 200. Second, the deposition rate during the initial growth of the bulk layer also decreases from 0.15 to 0.10 Å/s with increasing R, indicating an "induction period" that becomes more pronounced at larger R. It is likely that a pronounced induction period results when growth and etching processes are near equilibrium in the initial growth of µc-Si:H. [14] Under these conditions the amorphous component that would otherwise develop when crystalline nuclei coalesce is suppressed by etching reactions. As the equilibrium is shifted to favor growth over etching (i.e., as R is decreased), the induction behavior is weakened and an amorphous phase develops during coalescence that propagates throughout the growth of the bulk film. Further evidence for this interpretation is presented in the next two parts, as well.

Results and Discussion: Effect of Doping Level on the Nucleation and Growth of µ µ µ µc-Si:H p-Layers

Next, we compare the effects of doping level on the microstructural evolution for p-layers prepared on H 2 -plasma treated i-layers using B(CH 3 ) 3 , BF 3 , and B 2 H 6 doping gases. We have avoided using B 2 H 6 at levels higher than D=0.01 in this study due to the ease with which B 2 H 6 is dissociated in the plasma, as well as the enhanced spontaneous CVD and contamination that occurs at high doping levels. [2] Figures III.2.3 and 4 show the microstructural evolution and dielectric functions for three films prepared using B(CH 3 ) 3 as the dopant source gas with D=0, 0.01, and 0.05. Figures III.2.5 and 6 show the corresponding results for three films prepared using BF 3 as the dopant source gas with D=0, 0.015, and 0.10. For all five depositions, the H 2dilution ratio is R=200 and the plasma power is 230 mW/cm 2 .

For the control film of Figs. III.2.3-6 which is prepared at R=200 and 230 mW/cm 2 without doping (D=0), there is a very long initial induction period lasting ~700 s (100<t<800 s).

This represents a period during which roughness develops on the p-layer surface, but bulk layer growth is extremely slow, ~0.03 Å/s. Such behavior is expected if growth and etching are near equilibrium and proceed simultaneously over different regions of the i-layer surface. This leads to a low nucleation density, a large spacing between nuclei, a broader distribution of nuclei sizes, and thus, weaker coalescence. In fact, because of the strong etching environment, the initial H 2plasma treatment in this case does not have a significant effect on the nucleation of the undoped material. This unique growth behavior for the undoped film is also evident from the dielectric function of the "bulk layer", shown as the control sample (D=0) in both Figs. III.2.4 and 6. This dielectric function exhibits very low peak amplitudes, indicating a high void volume fraction attributable to an incompletely coalesced film. In addition, a stronger low energy tail appears in ε 2 . The tail is attributable in this case, not to an amorphous component, but rather to large defective Si crystallites with strongly broadened, but bulk-like, electronic transitions. Next, we will describe how the additions of B(CH 3 ) 3 , BF 3 , and B 2 H 6 alter the growth characteristics and optical properties. The addition of BF 3 at D=0.10 leads to a decrease in the induction period (from 700 to 300 s), and an enhancement in the bulk layer growth rate (from 0.19 Å/s to 0.31 Å/s), similar to the results obtained using B(CH 3 ) 3 at D=0.01. Finally, we have found that additions of B 2 H 6 at the level of D=0.01, completely eliminate the induction period (not shown). This suggests a much higher sensitivity of the deposition process and film microstructural evolution to doping using The general observations of this section, in which we have found that the use of B(CH 3 ) 3 at D=0.01 or BF 3 at D=0.10 enhances the structural homogeneity and density of the µc-Si:H players when prepared on a H 2 -plasma treated i-layers, appear to be in contradiction with our previous results [15], in which the incorporation of these dopant gases in the plasma suppresses the onset of µc-Si:H p-layer nucleation on untreated i-layers. However, both sets of observations can be interpreted consistently to suggest that the use of the doping gases shifts the growth-etching equilibrium toward the growth direction. For the untreated i-layer, this shift leads to an enhancement in the propagation of the amorphous network that exists at the i-layer surface, whereas for the H 2 -plasma treated i-layer, the shift leads to an enhancement in the growth of the crystalline phase from the crystalline nuclei that exist at the i-layer surface. Thus, a reduction in etching processes for the untreated i-layer surface is detrimental because it prevents microcrystalline p-layer nuclei formation on the i-layer and allows the amorphous network to propagate. A reduction in the etching processes is desirable for the treated i-layer since in this case etching removes existing nucleation sites and reduces the nucleation density; The observations of Figs. III.2.3-6 suggest that B-containing radicals such as BCH 3 , BF 2 , or BH 3 incorporated at the surface of the substrate i-layer in the initial stages of p-layer growth act as catalysts to shift the growth-etching equilibrium toward the growth direction. [16] In fact, the increase in the apparent activity of B from BF 3 →B(CH 3 ) 3 →B 2 H 6 , observed as a decrease in the prominence of the induction behavior for this sequence, matches the trend in bond energies E(B-F) > E(B-C) > E(B-B). [17] As a result of this trend, BF 3 is the most difficult to dissociate in the plasma, whereas B 2 H 6 is the easiest (and even spontaneously decomposes in the absence of the plasma). Thus, for a given set of gas phase conditions, the Bcontaining radical concentration near the i/p interface in the initial stages of p-layer growth is expected to increase in the order BF 3 →B(CH 3 ) 3 →B 2 H 6 . One might expect that the additional increase in the doping level with B(CH 3 ) 3 from D=0.01 to 0.05 would lead to a further improvement in p-layer homogeneity. However, the increase in Si-BCH 3 units in the p-layer may shift the growth-etching equilibrium even further to the growth direction, to the point where the propagation of the crystalline network across the i/p interface is hindered and the amorphous phase develops. In the case of BF 3 at D=0.10 and B 2 H 6 at D=0.01 insufficient doping gas molecules are dissociated to enter the amorphous growth regime. In fact, for p-type doping using these gases, it is possible that a higher concentration of incorporated B is needed to enter the amorphous regime since any Si-BH n or Si-BF n structures trapped in the film would have a less perturbing influence on the network than Si-BCH n structures.

Results and Discussion: Effect of Plasma Power on the Nucleation and Growth of µc-Si:H p-Layers

Lastly, we describe the effects of plasma power on the nucleation and growth of intended µc-Si:H p-layers atop H 2 -plasma treated i-layers. In this section, we focus on undoped layers and p-layers prepared using B(CH 3 ) 3 and BF 3 dopant source gases. Because B 2 H 6 is so easily dissociated in the plasma, we avoid studies of p-layers prepared at high plasma power using B 2 H 6 in order to avoid excessive contamination of the PECVD reactor. Figures III.2 Figure III.2.7 shows the significant effect of plasma power on the microstructural evolution for undoped µc-Si:H growth. First, with the increase in plasma power, the induction period decreases from 700 to 75 s and the bulk layer growth rate increases from 0.19 to 0.67 Å/s. In addition, the roughness layer stabilizes at ~40 Å after 200 s at the higher power setting, lower than the value of ~55 Å obtained after 1000 s at the lower power. The appearances of the induction period and the surface roughening effect suggest that a µc-Si:H film is obtained in the deposition at higher power. This is corroborated by the dielectric function in Fig.

III.2.8, which

shows that a significant densification of the microcrystalline structure occurs when the plasma power is increased. Similar trends are observed for the microstructural evolution of the p-layers in Figs. III.2.9 and 11. In fact for p-layers doped using a low level of BF 3 gas (D=0.015), the effect of power on the growth pattern is similar to that for undoped layers as can be seen by comparing Figs. III.2.7 and 11. The primary difference is the higher deposition rate (0.93 vs.

0.67 Å/s) obtained by adding the dopant gas at the higher power. For p-layers doped using a low level of B(CH 3 ) 3 , the presence of the doping gas has already significantly reduced the induction period and enhanced the bulk layer growth rate as described in the previous section. However, At the higher plasma power, the results in Figs. III.2.7-12 suggest that the nucleation process is no longer controlled by the catalytic effects of B-containing radical incorporation in the i/p interface region. Instead, we propose that nucleation is controlled by the bombardment effects of Si-containing ions. Thus, with increasing plasma power the nucleation density is increased, and enhanced coalescence occurs that generates relatively dense films even without doping (or even at low gas phase levels of doping using BF 3 ). In fact, a comparison of the results in this section and those in the previous subsection demonstrate that the effects of an increase in plasma power are similar to the effects of doping gas additions to the plasma. The to 700 mW/cm 2 . Thus, we conclude that the role of the plasma power increase is also to shift the growth-etching equilibrium toward the growth direction. In the case of B(CH 3 ) 3 at D=0.01, the combined effects of the increased plasma power and doping are to reduce etching processes to the point where no induction period is evident and an amorphous phase develops between coalescing crystallites. In contrast, for BF 3 over the range from D=0.015 to D=0. shows the dielectric functions for an even wider range of doping levels for p-layers prepared using BF 3 at the higher power. Although there is a weak optimum in the crystalline quality and bulk layer density near D=0.05, overall the effect of doping gas level is nearly undetectable at the higher power. Thus, dense, single-phase µc-Si:H p-layers are obtained for a wide range of gas phase doping levels using BF 3 .

For the BF 3 doping source gas, we suggest that at the higher plasma power levels, bulk µc-Si:H layer, namely the abrupt absorption onset near 2.5 eV attributed earlier to quantum confinement in 30 Å crystallites. [12] In summary, Fig. III.2.15 shows the dielectric functions for 120 Å single-phase microcrystalline p-layers obtained using B 2 H 6 , B(CH 3 ) 3 , and BF 3 under conditions optimized to yield dense, single-phase µc-Si:H. The ability to obtain results for B(CH 3 ) 3 , and BF 3 comparable to those for B 2 H 6 provides alternative approaches for p-layers that avoid the undesirable contamination effects associated with B 2 H 6 gas. However, we have found here that p-layer deposition using B(CH 3 ) 3 , and BF 3 require distinctly different strategies. For BF 3 , players are optimized at high plasma power, and under these conditions, the gas phase doping level has little effect on the microstructure and optical properties over a wide range from D=0.01 to 0.20. For B(CH 3 ) 3 , however, p-layers are optimized at lower power, and the doping level has a strong effect on the microstructure. In this case, a well-defined optimum is observed at low doping level below which voids develop and above which an amorphous component develops.

The difference is attributed to the differing roles of F versus CH 3 radicals generated in the plasma upon dissociation of the dopant gas. We conclude that doping using BF 3 can provide advantages for the preparation and optimization of µc-Si:H p-layers in n-i-p devices such as solar cells, not only due to the much broader range in parameter space over which dense, single-phase µc-Si:H can be deposited, but also due to the higher attainable rates. 

III.3. Protocrystalline Intrinsic Layers

Motivation and Overview

Significant progress has been made in improving the performance and stability of a-Si:H based p-i-n and n-i-p solar cells using intrinsic layers prepared with hydrogen dilution of silane [1][2][3][4][5]. It is found that both materials and solar cells prepared with H 2 dilution of SiH 4 exhibit degradation kinetics distinctly different from their undiluted counterparts. They not only exhibit less degradation under AM1.5 illumination (100mW/cm 2 ), but they also reach a degraded steady state within approximately 100 hours [5]. These are distinguishing characteristics of what are called protocrystalline materials-a term used to describe a-Si:H grown close to the microcrystalline phase boundary [1,6,7]. However, there are many unanswered questions not only about the growth of these materials but also about the nature and properties of the amorphous phase, and in particular about the material in the optically deduced transition region between the amorphous and microcrystalline regimes.

The optical properties and microstructural evolution of the transition region can be characterized using real-time spectroscopic ellipsometry (RTSE) which can guide systematic studies on further evaluating the basic material properties as well as their effects on the stabilized performance of solar cells [8]. However, it is very difficult to characterize the basic electronic properties of such a transition region even from quite sophisticated thin film measurements due to the limitations of the experimental techniques with respect to depth profiling [9]. Since the protocrystalline materials by their very nature evolve with thickness, the operation of the coplanar structures used in such thin film measurements is such that the transition material is probed in parallel with the amorphous phase rather than in series. Since in p-i-n (n-i-p) solar cells two such constituent materials are effectively in series, the solar cell can be used to obtain insights not only about the "sharpness" of these transitions but also about changes which are on the order of 10 17 cm -3 and cannot be detected with optical techniques such as RTSE. However, since p-i-n (n-i-p) cell structures are complex, it is very important to establish that the cell characteristics being studied, particularly in the degraded steady state (i.e., "end-of-life"), are determined by the bulk intrinsic layer and not by the p-layer and/or the p/i interface region.

A detailed study was carried out on a variety of a-Si:H p-i-n cells whose structures were guided by an evolutionary phase diagram obtained via RTSE. These cells of different thicknesses were fabricated from two types of p contacts and i-layer materials, in which the ilayers were prepared using H 2 dilution ratios, R=[H 2 ]/[SiH 4 ], ranging from 0 to 20. The effects of protocrystalline material and its phase transition to microcrystallinity in the i-layers of the p-in cell structures were characterized by studying the solar cell characteristics from their annealed states to their AM1.5 degraded steady states.

Experimental Procedures

The a-SiC:H (p)/a-Si:H (i)/µc-Si:H (n) structures were deposited in a Tek-Vak MPS 4000 LS multi-chamber rf PECVD system at T s =200°C on specular SnO n-type µc-Si:H layers, and 1000Å Cr contacts under deposition conditions that have been reported earlier [5].

The light I-V characteristics of the p-i-n solar cells at 25°C were obtained with AM1.5

illumination from an Oriel model 6258 solar simulator. The light-induced degradation kinetics were obtained under illumination by the solar simulator and by ELH tungsten-halogen lamps, with IR and KG2 filters, calibrated for AM1.5. The cells were illuminated until a degraded steady state was reached at 25°C. Similar results were obtained using the solar simulator and the ELH lamps. To assess what improvements in cell performance and stability occur with increasing hydrogen dilution and the corresponding changes in the protocrystalline intrinsic materials, p-i-n cells were studied in which the 3300Å i-layer was deposited with R=0 to R=20. These cells exhibit improved AM1.5 stabilized fill factors as R increases from 0 to 10 and then remain the same up to R=20. This is illustrated in To further assess the nature of protocrystalline materials (i.e., materials prepared just on the amorphous side of the boundary), the onset of the phase transition, and their effects on solar cell characteristics, cells with R ranging from 10 to 20 and i-layer thicknesses ≤ 3300Å were investigated. It is found that as the thickness of the i-layers and hence the contribution from the material in the transition region decreases, the values of the annealed state fill factors of the R=15 and R=20 cells approach the values for the R=10 cells. This is illustrated in indistinguishable. Thus, there appears to be no significant benefit in increasing R from 10 to 15 while remaining in the amorphous regime (thicknesses less than 3300Å). This is consistent with optical studies that have shown that the largest improvement in ordering occurs in the protocrystalline regime of larger R (∼40) and thinner layers (∼200Å) [1].

Results and Discussion

Concluding Remarks

A study has been carried out on p-i-n solar cells with protocrystalline intrinsic materials which was guided by an evolutionary phase diagram obtained from real-time optics. New information was obtained about the nature of the protocrystalline materials and the transitions to the microcrystalline phase. In this study, a range of cell thicknesses was identified for which the fill factors could be directly related to the bulk i-layer material. From results on fill factors in the annealed and AM1.5 degraded steady states, the presence and the effects of the transition region from the amorphous to the microcrystalline phase were evaluated. The results clearly show that the i-layer materials with R=15 and 20 deposited to a thickness that spans the amorphous to microcrystalline transition have inferior properties in the annealed state but exhibit higher stability than materials that remain amorphous throughout the entire thickness. By maintaining the amorphous phase throughout the entire thickness for R=15 intrinsic layers it was found that their contributions to cell performance and stability were indistinguishable from R=10 materials.

Additional studies must be carried out to further characterize the protocrystalline materials and 

TASK IV: Optimization of Multijunction Solar Cells

IV.1 Textured TCO Studies

Motivation and Overview

Studies of the optics of textured surfaces and interfaces in hydrogenated amorphous silicon (a-Si:H) solar cells are important for two reasons. First, analytical descriptions of the processes of specular reflection and transmission, and non-specular scattering at the textured surfaces and interfaces of a-Si:H solar cells are required to develop realistic multilayer optical models that can direct improvements in the optical engineering of the devices used in production. Second, real time optical characterization methods suitable for textured surfaces are in demand because they permit production line monitoring of the processes used in industry.

The roughness associated with textured surfaces and interfaces exists over a range of scales. For the purposes of optical modeling, we define microroughness as having in-plane correlation lengths L smaller than the minimum wavelength λ m of the light of interest for solar cell collection, and macroroughness as having correlations lengths on the same order as the wavelength (λ) range of interest. The effect of microroughness on the incident light beam can be modeled using an effective medium theory (EMT). In this case, the roughness can be simulated as an additional layer of the solar cell whose optical properties are determined from the EMT as a microscopic mixture of the underlying and overlying materials. [1,2] The effect of macroroughness can be modeled using a variety approaches from simple scalar diffraction to first principles theories. [3,4] RTSE studies performed prior to 1998 employed the rotating polarizer multichannel ellipsometer configuration. [5] Such an instrument is unsuitable for characterizing textured surfaces owing to the scattering and non-uniformity that lead to depolarization of the incident polarized beam upon reflection (p<1). A rotating polarizer instrument erroneously interprets a randomly polarized component superimposed on linearly polarized light, for example, as elliptically polarized light. In contrast, the recently developed rotating compensator multichannel ellipsometer allows one to analyze polarized and unpolarized components of the beam separately. [6] Thus, it provides not only (ψ, ∆) versus E and t, which characterize the polarization change induced by the sample, but also the degree of polarization p which characterizes the depolarization. The rotating compensator instrument has also been developed

with the capability of determining the spectroscopic reflectance. [7] As a result, the spectra in (ψ, ∆) can be analyzed to determine the microscopic structure of the film stack at any given time during the growth process, whereas the deviation of the measured reflectance spectrum from that predicted theoretically from the analysis of (ψ, ∆) can be applied to characterize the macroscopic structure at any given time. The overall results provide a better understanding of how the irradiance in the incident beam is partitioned into specular reflection and transmission and nonspecular scattering at interfaces, and thus, possible improved optical engineering of solar cell designs.

Experimental Procedures

The instrument used for real time studies in this task consists of a Xe source, fixed polarizer, sample in the PECVD reactor, rotating-compensator, fixed analyzer, spectrograph, and photodiode array detector [6]. With this instrument, four spectra from 1.4 to 4.0 eV in {(Q, χ), p, R} are collected simultaneously with a total acquisition time of 0.8 s. The repetition time ranges from 3.5 s for the p-layer and early stages of the i-layer, to 50 s in the later stages of i-layer growth. (Q, χ) are the tilt and ellipticity angles of the ellipse of polarization, p is the degree of polarization, and R is the reflectance of the sample for incident light polarized at an angle of P'=45° measured with respect to the plane of incidence.

The a-Si:H p-i-n solar cell studied here was prepared by rf plasma enhanced chemical vapor deposition (PECVD) onto Asahi U-type textured SnO 2 held at 200°C. The a-Si 1-x C x :H:B (x~ 0.05) p-layer was prepared to an estimated thickness of 200 Å using 6:4:0.02:1 flow ratios of SiH 4 :CH 4 :B(CH 3 ) 3 :He. The a-Si:H i-layer was prepared to 5000 Å using 20 sccm of SiH 4 , and microstructure suggest that these conditions do apply for the textured SnO 2 and for overlying a-Si:H solar cell fabrication. In the future, it may also be possible to extend the analysis further by addressing a third aspect of the reflected wave, namely, the degree of polarization p which deviates from unity in part owing to the non-uniformity of the SnO 2 [6]. In principle, analysis of p can provide information on the thickness distribution having correlation lengths larger than the lateral coherence of the beam (L>>λ).

This overall approach can be first demonstrated through the analysis of the Asahi U-type textured SnO 2 on glass which serves as the starting surface for p-i-n cell fabrication. Lorentz [10] and Drude expressions for ε 2 , and a Kramers-Kronig integration for ε 1 . The minimum value of ε 2 near 2.5 eV is 0.02, which corresponds to an absorption coefficient α of ~1x10 3 cm -1 , and a single pass loss of ~5% at normal incidence through the 6180 Å thick bulk layer. This is near the limit of sensitivity for determining α by RTSE.

The microstructure and optical properties from of identically-prepared p-and i-layers on specular SnO 2 . Although the agreement is reasonable in both cases, consistent differences occur. For example, the amplitudes of both parts of the dielectric function are reduced for the textured i-layer. It is not yet clear whether this effect is due to a higher i-layer void content, or to inaccuracies inherent in extracting optical properties in the presence of macroroughness that scatters up to 30% of the power from the specular beam.

In order to assess the validity of the roughness layer thicknesses on the uncoated and over-deposited SnO 2 , these samples were measured ex situ by atomic force microscopy (AFM). 

Concluding Remarks

Real time Stokes vector spectroscopy (also called polarimetry) has been applied to study the effects of textured a-Si:H p-i-n solar cells on incident polarized light. This technique is powerful because it provides spectroscopic information on polarization modification, depolarization, and reflectance of the textured structure throughout solar cell fabrication. We have developed analysis ingredients necessary to model such spectra. These include enhanced microscopic roughness at interfaces, whose optical effects are simulated using interface layers with optical properties determined by an effective medium theory, as well as macroscopic roughness at interfaces, whose optical effects on the specular beam are modeled using modified amplitude reflection coefficients. 

IV.2. Optical Modeling

Motivation and Overview

Analytical expressions that describe the optical functions, i.e., the real and imaginary parts of the dielectric function (or the index of refraction and extinction coefficient) versus wavelength (or photon energy), have important applications in amorphous and microcrystalline semiconductor science and technology [1] 

Experimental Details

In the modeling of the dielectric function spectra ε(E)=ε 1 (E)+iε 2 (E) developed here, we apply expressions of the form ε
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, where E G and Θ designate the lowest energy optical gap and the unit step function, respectively, i.e., Θ(x)=0 for x<0 and Θ(x)=1 for x≥0. In addition, G(E) describes ε 2 (E) for E≈E G , whereas it approaches unity for E>>E G . Finally, L i (E) is a lineshape function associated with the ith above-bandgap transition.

ε 1 can be expressed as ε 1 (E)=ε 1∞ +K{ε 2 (E)}, where ε 1∞ accounts for possible high energy transitions not included in ε 2 (E) (ε 1∞ ≥1) and K designates the Kramers-Kronig (K-K) integral applied to ε 2 .

122 Such an approach has been first developed by Jellison and Modine (JM) to model the dielectric functions of amorphous semiconductors [3]. In the JM approach, one Lorentz oscillator is used to simulate all above-gap transitions so that N=1 and (yielding an envelope of maximum A 1 ). The gap along the abscissa is obtained most accurately in a fit to the linear trend in ε 2 1/2 versus E just above E G . This latter approach for determining the gap yields the same energy within ±0.02 eV as E 03 and as the Tauc approach (the latter with a linear extrapolation range of 3x10 3 <α<3x10 4 cm -1 ) [5]. The solid lines in Fig. as being inversely proportional to the lifetime for interband excitations [2]. This interpretation has been exploited to study the ordering for a-Si:H as a function of R, as described in Sec. I.1

L 1 (E)=A 1 E 1 Γ 1 E/{(E 2 -E 1 

Discussion

The parameterizations presented in Sec. 2 adopt the simplest possible approaches (i.e., with the minimum number of free parameters) while extracting useful physical information.

These approaches have several limitations that can be addressed in future refinements. First, limitations in the optical function database for applications in solar cell modeling arise from the simplification that ε 2 is assumed to vanish below E G . In order to generate absorbance data accurate to better than a few percent in optical simulations, however, an exponential absorption tail for 0<E<E G must be included in the model of ε 2 (E) for the 50-200 nm thick amorphous ilayers of a-Si:H-based multijunction solar cells. Although such a refinement is not needed for the 20 nm doped µc-Si:H layers used in such devices, it is in fact critical --along with a more accurate parameterization in the bandgap region (E≈E G ) --for optical simulations of the very thick (>1 µm) µc-Si:H i-layers used in "micromorph" cells [7]. In this case accurate parameterized models for (n, lnα) rather than (ε 1 , ε 2 ) appear necessary, where n is the index of refraction. Second, limitations arise from the use of Lorentz oscillators to describe all the critical point features in ε for crystalline films. The simple approach is suitable for µc-Si:H, but for polycrystalline Si exhibiting narrower linewidths, additional parameters are needed to simulate the more complicated nature of the critical point transitions [2].

Concluding Remarks

Using simple Kramers-Kronig-consistent analytical expressions, we have fit dielectric functions obtained in ex situ and real time optical studies of amorphous Si and related alloys.

The approach is a useful one since the resulting best fit parameters in the expressions provide insights into the nature of the component materials used in devices and can also support plasma pretreatment of the underlying a-Si:H i-layer was applied, using a H 2 flow rate of 200 sccm, a power of 700 mW/cm 2 , and a pressure of 0.9 Torr. In one case, the p-layer was prepared with R=200, a trimethyl boron doping level of D=[B(CH 3 ) 3 ]/[SiH 4 ]=0.01, a power of 230 mW/cm 2 , and a total pressure of ~0.9 Torr. In the other case, the p-layer was prepared with R=200, a boron trifluoride doping level of D=[BF 3 ]/[SiH 4 ]=0.05, a power of 700 mW/cm 2 , and a pressure of ~0.9 Torr. Both sets of conditions led to immediate nucleation of single-phase nanocrystalline silicon films which coalesced at thicknesses as low as ~25-40 Å [7]. In addition, these p-layers exhibited well-defined absorption onsets near 2.4 eV, characteristic of the presence of nanocrystals, and a low relative void volume fraction. In Sec. III.2, the range of gas phase doping level D for optimum structure was found to be narrow for B(CH 3 ) 3 , but very broad for BF 3 . We present results for these latter films owing to the relative insensitivity to the deposition process.

For the tunnel junctions, two different n-layer conditions using R=50 (at 0.5 Torr pressure) and R=200 (at 0.9 Torr) were explored in this Task. The fixed conditions included a doping level of D=[PH 3 ]/[SiH 4 ]=0.012 and a plasma power of 700 mW/cm 2 . The latter conditions were obtained in optimization studies using H 2 -plasma-treated a-Si:H i-layer substrates as described in the next section. Amorphous n-layers 50 Å thick used at the tunnel junction interface were prepared using R=0, D=0.02, a plasma power of 70 mW/cm 2 , and a pressure of 0.1 Torr. Finally, ultrathin oxides 10 Å thick used at the tunnel junction interface were obtained by exposing the completed p-layer to a pure O 2 plasma for 2 min using a flow rate of 5 sccm, a power of 70 mW/cm 2 , and a pressure of 0.09 Torr.

RTSE measurements were performed using a rotating compensator multichannel ellipsometer [8]. Spectra were collected during p-layer, interface layer (if used), and n-layer growth with acquisition and repetition times of 1 and 5 s, respectively. Realistic multilayer models were employed to analyze the RTSE data that incorporate the effects of substrate modification, substrate surface roughness filling, nucleation, and growth [3].

Results

The initial experiments performed in this study involved optimization of n-layers on a-Si:H i-layers for single-phase, high-density, n-type µc-Si:H. Both H 2 -plasma treated and untreated ilayer substrates were used and n-layers were deposited with a range of R values (50-200), different doping levels (D=0.006, 0.012), and different plasma power levels (P=230, 700 mW/cm 2 ). These characteristics indicate a larger grain size and a higher-density for the R=200 film. To summarize Figs. IV.3.1 and 2, it is suggested that R=200 is optimum for µc-Si:H n-layer growth on an a-Si:H i-layer. Using a similar analysis strategy, the power level of 700 mW/cm 2 was found to be optimum, whereas the other deposition parameters explored here, including substrate treatment and doping level, exert weaker influences on the growth process. Si:H:P n-type interface layer at the tunnel junction, n-layer growth follows a very similar pattern to that on an a-Si:H i-layer; namely, crystallite nucleation is immediate and leads to a singlephase, high-density nanocrystalline n-layer after 100 Å. In contrast for an ultrathin SiO 2 interface layer, nucleation occurs at somewhat lower density and leads to a larger-grained µc-Si:H n-layer with a higher volume fraction of voids. For n-layer deposition directly on the µc-Si:H p-layer without an interface layer, renucleation does not occur and grain growth is continuous across the interface. The resulting larger grain size in this latter case is also accompanied by a larger void volume fraction. Surprisingly, the final microstructure of the nlayer is similar for no interface and for the ultrathin SiO 2 interface layer. This observation is a testament to the ability of ultrathin (10 Å) SiO 2 layers to nucleate large grain-size µc-Si:H immediately.

For the n-layer deposited on the p-layer to form a tunnel junction with no discontinuity at the interface, improved microstructure can be obtained by deviating from the conditions found to be best for growth on a-Si:H i-layers. It is found that when the H 2 -dilution ratio is decreased from R=200 (which is found to be optimum for initial growth on an a-Si:H i-layer) to R=50, µc-Si:H growth from the p to the n-layer remains continuous, but the resulting n-layer shows a large grain size and a dense structure. Presumably this behavior is due to a reduction in the etching that occurs at high R. These results for p/n tunnel junctions in turn suggest a new approach for the deposition of improved single µc-Si:H doped layers on i-layers. In this approach the value of R is reduced after 50 Å has been deposited. In this way, the deposition process is maintained closer to the a-Si:H→µc-Si:H phase boundary, but on the µc side versus thickness, in order to avoid excessive etching that occurs at higher R and to maintain higher deposition rates. As mentioned earlier, the presence of microcrystalline phase in the USSC high dilution film is indicated by both the T&R and subgap absorption results. To investigate if a phase transition occurred during the deposition of this high dilution sample, reactive ion etching (RIE) was used to etch the film to see if any change in the dark conductivity and µτ products could be observed in the remaining bulk. Only slightly drops in conductivity and µτ were found after etching off 2000Å. Removing up to 6000Å showed no further change in dark conductivity, suggesting that no dramatic phase transition occurred after 0.4 µm thickness. AFM studies on the surface topology for both low and high dilution samples were also carried out. The surface of the high dilution sample with an rms of 86Å is much rougher than the surface of the low dilution sample with a rms of 25Å, (similar to the PSU diluted film). The surfaces of µ-Si:H film are generally much rougher than those of a-Si:H films, so the AFM results support the presence of µc-Si:H in the high dilution sample. 
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  . I.1.1 shows the surface roughness layer thickness (d s ) versus bulk layer thickness (d b ) for three Si films prepared onto R=0 a-Si:H substrate films. The d s value at the first monolayer of bulk layer growth (d b =2.5 Å, vertical broken line in Fig. I.1.1) is controlled by the roughness on the underlying R=0 substrate film which varies with deposition history, i.e., the PECVD sequence prior to substrate film preparation. Such substrate film roughness has a large in-plane scale (>100 Å) and exerts no measurable effect on the subsequent variations in d s . In fact, the features of interest in Fig. I.1.1 are the abrupt increases in d s that signify the a→µc transition for the three Si depositions. This transition is also identified by a change in the dielectric function of the accumulating material, and occurs near d b =3000, 300, and 30 Å for R=15, 30 and 80, respectively. This change is characterized by a decrease in the magnitude of ε 2 in the range from 2.5 to 3 eV as the a→µc boundary is crossed due to possible electronic confinement effects in the early stages of crystallite formation and due to the appearance of indirect gap electronic structure as the microcrystals increase in size. Similar analyses to those of Fig. I.1.1 have been performed for the other substrate types.

Figure I. 1 .

 1 Figure I.1.2 depicts superimposed deposition phase diagrams from the RTSE analyses. The three lines are the phase boundaries for the different substrates. These boundaries separate the growth of a-Si:H (left) and µc-Si:H (right). For a-Si:H substrates, the a→µc boundary varies continuously from d b ~3000 Å for R=15 to d b ~30 Å for R=80. In contrast for c-Si wafer substrates, the a→µc boundary varies from d b ~2000 Å for R=15 to d b ~75 Å for R=30; immediate nucleation of µc-Si:H occurs on oxide-covered c-Si for R≥40. Finally, for µc-Si:H player substrates, for d b <50 Å it is more difficult to distinguish the phase owing to the ~50 Å thick roughness on p-type µc-Si:H substrates. However, it is clear that overlying Si films prepared with R≤5 remain amorphous from the phase-sensitivity lower limit of d b ~50 Å throughout deposition to d b ~3000 Å, whereas films prepared with R≥10 are microcrystalline over this range. As a result, the a→µc boundary for this substrate must lie between R=5 and 10

First, Figures I. 1 .

 1 3 and 4 contrast the spectra of films prepared under identical conditions to identical thicknesses, but on different substrate surfaces. The spectra in Fig. I.1.3 for 2300 ÅSi films prepared at R=10 on oxide-covered c-Si and clean R=200 µc-Si:H substrate surfaces are characteristic of amorphous and fine-grained microcrystalline phases, respectively. This figure highlights the disconcerting fact that the phase of the final film is controlled by the substrate rather than by the deposition conditions even for film thicknesses >2000 Å. The spectra in Fig.I.1.4 for 200 ÅSi films prepared at R=40 on a-Si:H (R=0) and c-Si substrate surfaces are characteristic of amorphous and larger-grained microcrystalline phases, respectively. This figure highlights the fact that µc-Si:H nucleates readily on the native oxide of c-Si but not on clean a-Si:H. By oxidizing the underlying a-Si:H surface, one can obtain comparable µc-Si:H nucleation behavior for the two substrates.[17] To assess a-Si:H films obtained at different phase diagram points in greater detail, the dielectric functions ε=ε 1 +iε 2 as determined by RTSE have been fit using the Tauc-Lorentz empirical model.[18] Figure I.1.5 depicts the (a) oscillator width Γ and (b) Tauc optical gap E g at 200°C versus R for films prepared on c-Si and R=0 a-Si:H. With increasing R, films of decreasing thickness are probed in order to remain within the amorphous regime. Analyses of R=0 films of different thicknesses show that the trends in Fig. I.1.5 are meaningful in terms of bulk properties and are attributable to the increase in R. Γ is expected to be inversely proportional to the excited state lifetime for transitions of electrons and holes deep into the bands. In support of this interpretation, the studies of Sec. IV.2. show that Γ is increased by local potential fluctuations and disorder induced by alloying of a-Si:H with Ge or C (see Fig. IV.2.2). Thus, the decrease in Γ in Fig. I.1.5(a) suggests increasing order in the films with

[ 21 ]

 21 Finally, Fig. I.1.6 shows Γ 1 versus the best fit CM optical gap for the a-Si:H films with variable R from Fig. I.1.5, along with results deduced for a-Si 1-x C x :H (0≤x≤0.23) at thicknesses of 200 Å, both at 200°C. These results reveal that for thin wide-gap amorphous films used as p-layers or undoped p/i interface layers in solar cells, greater ordering can be achieved by H 2 -dilution tailoring of the gap.

Figure I. 1 .

 1 7 shows the dielectric functions at different thicknesses obtained from real time SE for a graded Si film deposited under fixed conditions with R=39 on GaAs at 150°C. A GaAs substrate is used to achieve greater optical contrast when the Si film is grown on its surface. The Si film crosses the a→µc boundary versus d at a thickness of ~70 Å, so that the process evolves from predominantly a-Si:H growth (d~0-50 Å), through nanocrystal development within an amorphous matrix (d~50-200 Å), to single-phase µc-Si:H growth (d > 500 Å). For the latter, the grain size increases only weakly with d. This overall growth behavior is characteristic of films that cross the a→µc boundary and has been corroborated by crosssectional transmission electron microscopy. As shown in Fig. I.1.7, ε is fit using a single oscillator in the amorphous regime (d=50 Å), and two oscillators in the nanocrystalline (d=165 Å) and microcrystalline (d=740 Å) regimes. Figure I.1.8 shows the best fit optical gap, E G , and resonance and broadening energies (E 1 , Γ 1 ) versus d. Interestingly the optical gap is in the 1.6 to 1.7 eV range for the a-Si:H and nc-Si:H regimes, but decreases toward the bulk c-Si gap with increasing d in the µc-Si:H regime. The broadening energy, reflecting grain boundary scattering, decreases and then stabilizes with increasing d, an indication of the increase and stabilization in the grain size. To obtain further insights, Fig. I.1.9 shows ε at 200°C and its best fit for a nc-

Figure I. 1 . 1 Figure I. 1 . 2

 1112 Figure I.1.1 Surface roughness layer thickness (d s ) versus bulk layer thickness (d b ) from RTSE data collected during the preparation of Si films with R=[H 2 ]/[SiH 4 ]=15, 30, and 80. The underlying substrate is a-Si:H prepared with R=0.

Figure I. 1 . 3

 13 Figure I.1.3 Dielectric functions ε measured after a thickness of 2300 Å for Si films prepared at R=10 on a native oxide-covered c-Si substrate (open points) and on a µc-Si:H (R=200) substrate film (solid points). The solid lines represent a best fit to the former results using the Tauc-Lorentz expression for an amorphous material, yielding the Tauc gap E g and Lorentzian linewidth Γ.

Figure I. 1 . 4

 14 Figure I.1.4 Dielectric functions for 200 Å thick Si films prepared at R=40 on an a-Si:H (R=0) substrate film (open points) and on a native oxide-covered c-Si substrate (solid points). The solid lines represent best fits to the former results as in Fig. I.1.3.
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 17 Figure I.1.7 Dielectric functions at 150°C deduced from real time SE data for the growth of a
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  Fig. I.2.1 shows the µτ products as a function of generation rate G for the three materials in the annealed state. Compared to PSU diluted material, relatively higher electron µτ products are present in the BP Solarex material and lower electron µτ products in the USSC material. The results of Dual Beam Photoconductivity (DBP) measurements at low generation rate that corresponds to CPM, are shown in Fig. I.2.2. There is a clear discrepancy

  Fig. I.2.3 are shown in Fig. I.2.4, where the symbols are the experimental results. The subgap spectra obtained here

  using an improved Subgap Absorption Model (SAM) with a five Gaussian distribution of gap states. An iterative procedure for fitting of results such as in Fig. I.2.3 and Fig. I.2.4 is used to obtain a single set of "operational parameters" for the densities, distribution and carrier capture cross-sections of different gap states. An example of such self-consistent analysis is shown for the R=0 and R=10 materials in Fig. I.2.3, where the solid lines are fits to the experimental results for µτ versus G. The corresponding fits for α(hν) with identical parameters are shown in Fig. I.2.4. It should also be pointed out here that the parameters used here are also the same as those used to fit the I~V, QE and FF characteristics of corresponding Schottky barrier cell structures discussed in Section 2.

Figure I. 2 . 1 Figure I. 2 . 2 Figure I. 2 . 3 FITSFigure I. 2 . 4

 21222324 Figure I.2.1 Mobility-lifetime products of USSC low dilution, Solarex low dilution and PSU diluted R=10 in annealed state.

  Fig. II.1.1 that under 1 sun illumination at room temperature the diluted materials reach a degraded steady state in less than 100 hours, unlike the greater than 1000 hours for undiluted materials.The importance of taking into account the effects of charged defects is also clearly evident in the detailed evaluation of results in the soaked states. After light-induced degradation and the creation of significant number of dangling bonds, their presence is reflected more strongly in the subgap absorption. Consequently, values such as α(1.2eV) are an indication (not in an absolute terms though) of the densities of D o , but the subgap absorption also depends on the ratio between the densities of the charged defects and the neutral states. This results in subtle but real differences in the shape of the absorption spectra, which can be reconciled with the corresponding difference in µτ products. Results, such as obtained on PSU R=0 and R=10 films after 100 hours of 1 sun illumination, clearly show the similarity of subgap absorption in the two materials with both α(1.2eV) values virtually equal to one. But as seen in Fig.II.1.1, the R=0 materials have µτ products significantly smaller than those of the R=10 material. Detailed selfconsistent analysis indicates that the same densities of D o states have been created after the 100 hours 1 sun illumination in both materials, but that more charged defects are present in the R=0 case. It should be pointed out here also that the densities of dangling bonds deduced from the analysis are in very good agreement with those obtained from ESR measurements, which give densities of 8~10x10 16 cm -3 for the D o states for both materials. It is also important to note that even with these high densities of D o states, in p-i-n solar cells excellent fill factors are obtained with the R=10 material and not with the R=0 material, further showing the significance of the light-induced charged defects in degrading the performance of a-Si:H solar cells.

  100 hours at room temperature. Results on a PSU diluted a-Si:H film are shown in Fig. II.1.3 for the µτ products and for α(hν) in Fig. II.1.4 after 1 sun and 10 sun illumination. Degraded steady states for µτ products and α(hν) are reached with both 1 sun and 10sun illuminations, having clearly different values. In addition we find that the 1 sun light-induced changes, even between 25 o C and 75 o C have distinctly different degradation rates as well as values of the µτ products and α(hν) in their respective DSS. Because such dependence of light-induced changes on both temperature and light intensity, the arbitrarily chosen high intensity tests commonly used are irrelevant unless quantified with 1 sun DSS results. In the studies carried out here, the actual 1 sun DSS is evaluated and the defects are characterized with the detailed measurements and modeling of results on both films and Schottky barrier cell structures. Extensive studies of light induced defects were carried out on diluted (R=10) Schottky barrier solar cell structures and the corresponding films. The measurements on Schottky barrier cell structures, which include forward I-V, light I-V and QE with different i layer thicknesses, are analyzed with results of µτ products and subgap absorption spectra obtained on the corresponding films. The focus of the work here is mainly on the degraded steady state (DSS) obtained with 1 sun illumination at 25°C in films and Schottky barrier cells. All these results were analyzed using the distribution of gap states shown in Fig. II.1.5, where in addition to the neutral dangling bond D 0 states two gaussian distributions of defect states are introduced above and below midgap . Because of the large number of adjustable parameters associated with the energy locations, halfwidths, densities and carrier capture cross-sections of the different gap

  α, D 0 , D +* , VB(tail) E: energy location only N: density only The characteristics of Schottky barrier solar cell structures with different thickness protocrystalline (R=10) i layers, were fitted using the gap state distribution shown in Fig. II.1.5 and the same parameters were used in fitting the results on the thin film materials. This is discussed in detail in Appendix 2 with the I-V characteristic being discussed here. As an example, the forward bias dark current characteristics are shown in Fig. II.1.6, where the symbols are the experimental results for cells with 0.2, 0.5 and 0.7µm thick i-layers in the 1 sun degraded steady state (DSS). Also shown are results for the 0.7µm cell in the annealed state (AS). At low forward bias, the currents are controlled by the Schottky barrier height for electron, φ BN =0.97eV, and have an exponential region before they become limited by the bulk, and thus the thicknesses of the i layers. In addition Fig. II.1.6 shows that the light induced defects have a very large effect whereby in the case of the 0.7µm cell that the far forward bias currents decrease over 5 orders of magnitude. The simulation results of these three cells, using the same "operational" parameters as in Fig. II.1.5, are shown as solid lines in Fig. II.1.6. Very good agreements are obtained for all three cells up to 2V. Corresponding fits to the mobility-lifetime product (µτ) and the subgap absorption with two generation rates for the corresponding R=10 thin film materials are shown in Fig. II.1.7, where the symbols are the experimental results and the lines are the fits using the same gap state parameters as used in Fig. II.1.6. It may be pointed out that the values of the µτ products at each generation rate correspond to an individual result, just as in the case of the quantum efficiencies
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 11131141516 Figure II.1.1 Kinetics of light-induced changes of PSU R=10, 0, Solarex R=10 and ETL R=0 materials.

Figure II. 1 . 7 . 1 .

 171 Figure II.1.7. Subgap absorption characteristics of PSU R=10 materials in the degraded steady state (DSS). Symbols are experimental results and solid lines are fits. Also shown are fit to mobility-lifetime products results in DSS.
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 8 Figure III.1.1 shows contaminant film effective thicknesses d eff versus time asdeduced from analyses of RTSE data collected during Ar purging (circles). Purging is initiated at t=0 after preparation of the a-Si 1-x C x :H p-layers using B 2 H 6 doping gas.These results were obtained from a two-layer model for the contaminant film, consisting of an interface roughness layer of thickness d i =60-80 Å and composition (0.5/f i /0.5-f i ) (player/contaminant/voids) and an overlying surface roughness layer of thickness d s and composition (0.5/0.5) (contaminant/voids).[5] The Bruggeman effective medium theory is used to determine the dielectric functions of the composite layers from ε for the thicker SiB x film. In Fig. III.1.1, d eff =f i d i +0.5d s increases to 3.9±0.1 Å and to 1.7±0.1 Å after 50min purges at T n = 250 and 200°C, respectively. This result shows that although higher quality i-layers can be obtained at 250°C,[9] poorer quality p/i interfaces result owing to greater contamination of p-layers via adsorption of residuals. Figure III.1.1 also shows the evolution of d eff for two cases in which the p-layer gas flow is continued even after extinguishing the p-layer plasma (triangles). A continuous build-up of SiB x occurs at ~0.5 Å/min on a 250°C p-layer when using B 2 H 6 for doping; however, no contamination occurs on a 200°C p-layer when using B(CH 3 ) 3 .To simplify study of the much weaker changes in ∆ (<0.5°) observed during Ar purging after a-Si 1-x C x :H p-layer preparation with B(CH 3 ) 3 doping gas, we used a structure consisting of a 3000 Å p-layer (opaque above 2.4 eV) on c-Si. For this structure, the change in (ψ, ∆) at 2.5 eV during the 50 min Ar purge is (0.2°, -0.2°), whereas for contaminant film formation with d eff =2 Å the change is (0.05°, -1.5°). Thus, we

  allows us to incorporate T as a free parameter in the data analysis. The final results, shown in Fig.III.1.3(a), demonstrate that the 0.04° increase in ψ(2.5 eV) corresponds to an increase in T from 193 to 200°C owing to the addition of Ar at higher pressure, which improves the thermal contact between the sample and its holder. Figure III.1.3(b) shows concurrent temperature data measured by thermocouples at the surface and bulk of the sample holder, with the bulk one yielding T n for temperature control. The validity of the RTSE analysis is confirmed by the excellent agreement between the variations in Figs. III.1.3(a) and (b) in spite of the 12°C difference, which is attributed to poor thermal contact of the surface-mounted thermocouple. The longer term fluctuations of ~1-2°C that appear in Figs. III.1.3(a) and 3(b) originate from the temperature controller. These are detected at the precision limit of RTSE [0.005° in ψ(2.5 eV)]. Finally, since the changes in (ψ, ∆) can be fully accounted for by variations in T, we conclude that the contamination level of the p-layer surface is < 0.1 Å (or 0.05 ML) during the 50 min Ar purge.

Figure III. 1 . 1 Figure III. 1 . 2 Figure III. 1 . 3

 111213 Figure III.1.1 Time evolution of the effective thicknesses of SiB x contaminant layers that form on a-Si 1-x C x :H p-layers prepared by PECVD using B 2 H 6 at T n =200°C (open circles) and 250°C (filled circles). At t=0, the plasma is extinguished and the player gas mixture is replaced by Ar for reactor purging. Also shown are the data collected upon extinguishing the p-layer plasma and continuing the deposition gas flow for the case of B 2 H 6 at 250°C (filled triangles) and B(CH 3 ) 3 at 200°C (open triangles). During purging, the p-layer is maintained at T n in all cases.

  R=[H 2 ]/[SiH 4 ] was varied from 120 to 200, and the dopant source gas ratio D=[X]/[SiH 4 ] was is 230 mW/cm 2 . The results in Fig. III.2.2 show that the three p-layers prepared over the range from R=120 to 200 are all microcrystalline. For the two films of lower R, however, a-Si:H fractions appear to be present in the films as indicated by the larger ε 2 values at lower energies. In addition, the peak heights in ε are reduced for the films of lower R, revealing that the development of the amorphous phase is also accompanied by a larger void fraction in the players. From the overall results in Fig. III.2.2, we conclude that the highest H 2 -dilution ratio of R=200 is most effective in generating high density, single-phase µc-Si:H p-layers. As shown in Fig. III.2.1, the general features of the evolution of d b and d s for all three films are similar and provide evidence for the propagation of p-layer crystallites from nuclei generated in the initial H 2 -plasma treatment. There are two clear effects of the H 2 -dilution level

Figure III. 2 . 4 (

 24 Figure III.2.3 shows that the addition of B(CH 3 ) 3 at the level of D=0.01, leads to a significant decrease in the induction period (from ~700 s to ~250 s), and an enhancement in the bulk layer growth rate (from 0.19 Å/s to 0.29 Å/s). Thus, with the addition of B(CH 3 ) 3 at D=0.01, coalescence occurs to form a high density single-phase µc-Si:H p-layer as shown by the dielectric function in Fig. III.2.4 (solid line). In addition, Fig. III.2.3 shows that the addition of

B 2 H

 2 6 in comparison with B(CH 3 ) 3 . In contrast to the results in Fig. III.2.3(c) for B(CH 3 ) 3 at the level of D=0.05, in which the induction period is eliminated and an amorphous structure is obtained, the results for B 2 H 6 at D=0.01 yield a completely-coalesced microcrystalline p-layer.

[

  see, e.g., Figs. III.2.5(a) and (b)].

.7 and 8 show

 8 the microstructural evolution and dielectric functions for two films prepared without doping (D=0) using plasma powers of 230 and 700 mW/cm 2 . Figures III.2.9 and 10 show the corresponding results using B(CH 3 ) 3 for doping at D=0.01, and Figs. III.2.11 and 12 show the results using BF 3 at D=0.015. For all six depositions of Figs. III.2.7-12, the H 2 -dilution ratio is R=200.

Fig. III. 2 .

 2 Fig. III.2.9 shows that increasing the plasma power to 700 mW/cm 2 completely eliminates the induction period, while retaining a microcrystalline film structure as indicated by the roughening in Fig. III.2.9(b) and by the dielectric function in Fig. III.2.10 (dashed lines). A comparison of the dielectric functions in Fig. III.2.10 for low and high power depositions with B(CH 3 ) 3 shows that the complete suppression of the induction period is accompanied by an increase in the amorphous and void components in the layer.

  similarity can been seen most clearly by considering Figs. III.2.3(a) and (b) for additions of B(CH 3 ) 3 at D=0.01 in comparison with Figs. III.2.7(a) and (b) for an increase in power from 230

  although more B-containing radicals are generated, a more reactive environment exists that can etch the film and also remove F atoms from BF n units bonded to Si at the film surface. A comparison of Figs. III.2.7(b) and 9(b) shows that the addition of B(CH 3 ) 3 at D=0.01 reduces the bulk layer deposition rate in comparison to D=0 by 40%. In contrast, a comparison of Figs. III.2.7(b) and 11(b) shows that the addition of BF 3 at D=0.015 enhances the bulk layer deposition rate by ~40%. We attribute this difference to the differing roles of CH 3 and F radicals in affecting the propagation of the crystalline Si network. We expect that CH n incorporation at the crystallite surface slows the ability of atomic H to promote crystallite propagation. In contrast, F is effective at removing H from the surface of the growing crystallites, thus allowing sites for SiH 3 attachment and more rapid propagation of the crystalline network.
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 212222324225262272822922222222 Figure III.2.1 Evolution of the surface roughness layer thickness d s (open points) and bulk layer thickness d b (closed points) for 115-120 Å (bulk) p-layers prepared on H 2 -plasma treated i-layers using B(CH 3 ) 3 doping gas with D=0.01, a plasma power of 230 mW/cm 2 , and H 2 dilution ratios of (a) R=120; (b) R=160; and (c) R=200.

2 .

 2 Two different a-SiC:H players (p 1 and p 2 ) were deposited from the same feedstock gases [SiH 4 , B(CH 3 ) 3 , CH 4 ], with the only difference being their relative doping ratios. p 1 used a doping ratio of D=[B(CH 3 ) 3 ]/[SiH 4 ]=0.01 and p 2 used a doping ratio D=0.005. Two types of intrinsic layers (i 1 and i 2 ) were incorporated into the structures using the same deposition conditions but with different electrode spacings (1.91 cm and 2.54 cm, respectively) and hence different deposition rates. The majority of the experiments were carried out with the i 2 intrinsic materials deposited at a rate of 0.36Å/s for R=10. The cells were fabricated with 250Å p-type a-SiC:H layers, 350Å

  RTSE was used to investigate the structural evolution of films deposited with different H 2 dilution ratios R on a-Si:H (R=0) substrates and under conditions similar to those used in the fabrication of the p-i-n solar cells. The deduced structural evolution identifies the regimes of film thickness and H 2 -dilution ratio within which the a-Si:H and the µc-Si:H phases are obtained. The resulting deposition phase diagram was then used to guide the fabrication of the ilayers for the different cell structures in this study.

Figure III. 3 .

 3 Figure III.3.1 shows the surface roughness layer thickness (d s ) versus bulk layer thickness (d b ) for three Si films prepared with R=15, 30, and 80 reproduced from the work of Task I. The initial roughness value at the first monolayer of bulk film growth (d b =2.5Å, vertical broken line) is controlled by the roughness of the underlying R=0 a-Si:H substrate film. The key features in Figure III.3.1 are the abrupt increases in surface roughness layer thickness which signify the amorphous to microcrystalline transition for the different R values. These results give rise to the evolutionary phase diagram reproduced in Figure III.3.2. This phase boundary separates the deposition of a-Si:H (left) and µc-Si:H (right) thin films as a function of layer thickness d b andH 2 dilution ratio R on a-Si:H (R=0) substrates. Even though the intrinsic layers of the p-i-n cells used in this study were deposited in a different processing chamber and onto different substrates (p-type a-SiC:H), these results can be used as a guide based on the correlations described later in this section. Although studies reported below suggest that for R≥15 the phase boundary is the same for a-SiC:H p-layers and a-Si:H (R=0) film substrates, additional studies need to be performed at lower R values.The information about the protocrystalline materials and the onset of the phase transition was obtained primarily from the fill factors of the different cell structures. As a result, studies were carried out first to establish the thickness range of the i-layers over which the fill factors in

  Figure III.3.6 where the degradation kinetics are shown from the annealed to the degraded steady states for p 1 -i 1 -n cells with R=5, R=10 and R=20 intrinsic layers. Figure III.3.6 also illustrates that the fill factors in the annealed state are constant below R=10 and then decrease significantly for R>10. The observed decreases in the initial fill factor for R>10 are not related to any degradation of the p/i interface region since the insertion of a 200Å R=20 p/i interface region in a cell with R=10 bulk i-layers leads to improved open circuit voltages in both the initial and degraded steady state [11]. The same trend is also present in the p-i-n cells with i 2 intrinsic layers. Based on the deposition phase diagram, however, such decreases in annealed state fill factors can be attributed to the phase transitions in the i-layers. Specifically, Fig. III.3.2 shows that the phase boundary to microcrystallinity for R=15 and R=20 occurs at thicknesses of about 3000Å and 1000Å, respectively.

Fig. III.3. 7 where

 7 results are shown for cells with 1800Å and 3300Å thick i 2 layers having R=10 and 20. Because the fill factors in cells less than 1800Å are limited by the contacts, the initial and degraded steady state fill factors obtained with 1100Å thick i-layers with R=10 and R=20 were the same. Because of this, the changes that accompany the transition with decreasing thickness across the boundary in Fig. III.3.2 into the amorphous regime could not be evaluated for R=20. Such a transition with decreasing thickness could be studied, however, with R=15 i-layers because a thickness less than 3000Å should be amorphous according to Figure III.3.2. In this case R=10 and 15 cells with 2400Å and 1800Å thick i-layers gave identical fill factors both in the annealed and degraded states and their light induced changes were identical as well. These results clearly demonstrate the absence of deleterious effects on the annealed state of the materials associated with the phase transition range. The results also indicate that in this region of thickness the properties of the protocrystalline materials fabricated with R=10 and R=15 are

Figure III. 3 . 1 .

 31 Figure III.3.1. Surface roughness layer thickness (d s ) versus bulk layer thickness (d b ) obtained from RTSE measurements during the growth of three Si:H films prepared with R=[H 2 ]/[SiH 4 ] of 15, 30, and 80. The underlying substrate is a-Si:H prepared with R=0. The vertical line at d b ∼2.5Å corresponds to a monolayer thickness [11].

Figure III. 3 . 2 .

 32 Figure III.3.2. Evolutionary phase boundary separating the deposition of a-Si:H (left) and µc-Si:H (right) thin films as a function of layer thickness d b and H 2 dilution ratio Ron an a-Si:H (R=0) substrate[11].

Figure III. 3 . 3 .

 33 Figure III.3.3. Annealed and degraded steady state fill factors of R=10 p 2 -i 2 -n cells versus cell thickness.
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 34353637 Figure III.3.4. AM1.5 25°C degradation of the V oc of p 2 -i 2 (R=10)-n cells of different thickness.

  Figure IV.1.2 shows spectra in (ψ, ∆) and the reflectance R for the bare textured SnO 2 . Analysis of the (ψ, ∆) spectra using standard least-squares regression methods [9] yields the SnO 2 film microstructure and optical properties at room temperature before heating as shown in Fig. IV.1.3. The best fit microscopic model of the textured SnO 2 consists of three layers depicted in the inset of Fig. IV.1.3. The first layer simulates a low density region at the interface to the glass; the second layer describes the bulk region; and the third top-most layer describes the microscopically rough surface. The best fit dielectric function of Fig. IV.1.3 uses a sum of Tauc-

  Fig. IV.1.3 yield the fit to the (ψ, ∆) spectra in Fig. IV.1.2 given by the solid lines. An analysis of the reflectance in Fig. IV.1.2 starts with the microscopic optical model of Fig. IV.1.3; however, such a model leads to a reflectance spectrum that exceeds the experimental one by 0.2-0.3, owing to the fact that losses by scattering are not included in the model of Fig. IV.1.3 By adding a macroscopic roughness distribution having a Lorentzian surface profile, an excellent fit (solid line) to the measured reflectance R can be obtained for σ s = 770 Å. Thus, an optical model for the Asahi U-type SnO 2 includes the microscopic structure of Fig. IV.1.3 with a macroscopic modulation of the top two interfaces having a FWHM of 770 Å.

Figure IV. 1 .

 1 Figure IV.1.4 shows the microstructural model (L<<λ m ) a-Si 1-x C x :H:B for p-layer deposition on the textured SnO 2 . To analyze film growth on the SnO 2 surface, three photon energy independent parameters are used: (i) f i (a-Si 1-x C x :H:B) which describes the filling of the microscopic modulations in the SnO 2 surface by depositing p-layer material; (ii) d s (a-Si 1- x C x :H:B) which describes the thickness of the p-layer extending above the SnO 2 modulations; and (iii) f s (a-Si 1-x C x :H:B) which describes the volume fraction of p-layer material within the layer of thickness d s (a-Si 1-x C x :H:B). The dielectric function of the p-layer is obtained simultaneously in the analysis along with these three parameters.

Figure IV. 1 .

 1 Figure IV.1.5 shows the best fit results for the microstructural evolution of the p-layer, including the parameters d s (a-Si 1-x C x :H:B) and f i (a-Si 1-x C x :H:B). The parameter f s (a-Si 1- x C x :H:B) is fixed at 0.35 since this best fit value varies little over time. The parameter d eff (a-Si 1- x C x :H:B) in Fig. IV.1.5 is the effective thickness of the p-layer; i.e., the p-layer thickness that would be obtained for uniform, microscopically-smooth film growth on an ideal substrate such as c-Si. In general for material x, d eff is given by d eff (x)=f i (x)d i (x) +d b (x)+f s (x)d s (x). The deduced effective thickness for the p-layer of 201 Å in Fig. IV.1.5 is remarkably close to the intended thickness of 200 Å. Obtaining the intended d eff requires careful deposition timing using the p-layer rate measured from a c-Si wafer substrate. It is surprising that the effective thickness of the 200 Å p-layer can be determined to better than 1% when growth occurs on a SnO 2 surface with 450 Å of microscopic roughness (which is partially filled in by the p-layer) and an even thicker layer associated with macroscopic roughness (which is conformally covered by the p-layer).

Figure IV. 1 .

 1 Figure IV.1.6 shows the corresponding results for i-layer growth. Here, four parameters are plotted; in addition to d s (a-Si:H) and f i (a-Si:H) as in Fig. IV.1.5, the surface layer material fraction f s (a-Si:H) and the bulk layer thickness d b (a-Si:H) are shown. The bulk i-layer thickness increases above zero in this case once the roughness at the p/i interface is completely filled by i-

Figure IV. 1 .

 1 Figure IV.1.7 shows a comparison between the evolutions of the macroscopic roughness σ s (a-Si:H) as deduced from an analysis of R and the microscopic roughness d s (a-Si:H) deduced from the analysis of (ψ, ∆). Both are plotted as a function of time during i-layer deposition after complete interface filling has occurred. It is interesting to note that although the microscopic roughness decays by more than a factor of four relative to the initial starting value for the SnO 2 , the macroscopic roughness decays by only ~20%. The dielectric functions of the p-and i-layers from the analyses of Figs. IV.1.5 and 6 are shown in Fig. IV.1.8 (solid lines). The result for the p-layer is obtained by fitting dielectric function data obtained by numerical inversion of (ψ, ∆) spectra at d eff =201 Å using the Tauc-Lorentz model. The result of the i-layer is obtained by numerical inversion of the (ψ, ∆) spectra at bulk and surface microroughness layer thicknesses of 1985 and 150 Å, respectively. In both cases the shape of the dielectric function is found to be consistent with the Tauc-Lorentz model [10]. The broken lines in Fig. IV.1.8 show the corresponding best fits to the dielectric functions

Figure IV. 1 .

 1 Figure IV.1.9 shows the distribution of the maximum peak-to-valley vertical distances d p-v for the uncoated textured SnO 2 and the final solar cell on the SnO 2 [7]. Each count plotted on the ordinate in Fig. IV.1.9 was obtained by considering the surface topography within one of a large number of 0.1x0.1 µm 2 boxes excised from 5x5 µm 2 images in order to restrict the analysis to the microscopic roughness. (Note that a correlation with root-mean-square values from AFM would be ambiguous.) Excellent agreement is obtained between the optical measurement of microscopic roughness (d s ) and the AFM measurement (<d p-v >, the average value of d p-v ): 450 versus 430 Å for the uncoated SnO 2 and 100 Å versus 120 Å for the completed solar cell. Figure IV.1.10 shows 5x5 µm 2 images of (a) the uncoated SnO 2 surface and (b) the solar cell surface along with (c) one dimensional Fourier analyses along the diagonal lines indicated on the images. It is clear that upon solar cell deposition on the SnO 2 , the microscopic roughness is suppressed to a greater degree than the macroscopic roughness, as also indicated in Fig. IV.1.7.Further quantitative corroboration of the macroscopic roughness is needed to support the simple diffraction-based optical model used here.

Figure IV. 1 . 1 (Figure

 11 Figure IV.1.1 (a) Schematic physical model for a textured SnO 2 film on glass, along with the decomposition into (b) the microscopic model used in the analysis of (ψ, ∆) and (c) the macroscopic model used in the analysis of the polarized reflectance R.

Figure IV. 1 . 3

 13 Figure IV.1.3 The best fit dielectric function for the bulk layer of Asahi U-type textured SnO 2 at 25°C using Tauc-Lorentz bound electron and Drude free electron contributions. The inset shows the microscopic structural model for the SnO 2 , along with the best fit structural parameters (right).

ambient SnO 2 : 2 Figure IV. 1 . 4

 2214 Figure IV.1.4 Schematic microscopic physical (left) and optical (right) models used in the analysis of (ψ, ∆) spectra for the growth of the a-Si 1-x C x :H p-layer of an a-Si:H solar cell on textured SnO 2 -coated glass. The parameters d s (a-Si 1-x C x :H) and f s (a-Si 1-x C x :H) are the thickness and material volume fraction for the p-type a-Si 1-x C x :H surface roughness layer that extends above the SnO 2 substrate layer; d i (a-Si 1-x C x :H) and f i (a-Si 1-x C x :H) are the thickness and p-layer volume fraction for the interface roughness layer between the SnO 2 and the p-layer; d i (SnO 2 ) and f i (SnO 2 ) are the thickness and material volume fraction for a low density SnO 2 layer at the interface to the glass substrate; d b (SnO 2 ) is the SnO 2 bulk layer thickness. All surface and interface roughness layers are assumed to be microscopic, meaning that the correlation lengths of the structure are less than the wavelength of the light.
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 151618 Figure IV.1.5 Evolution of the microstructural parameters for the growth of an a-Si 1-x C x :H:B p-layer on textured SnO 2 -coated glass. The parameter d s (a-Si 1-x C x :H:B) is the thickness of the p-type a-Si 1-x C x :H surface roughness layer that extends above the SnO 2 substrate layer. In this analysis the p-type a-Si 1-x C x :H:B volume fraction within this surface layer is given by f s (a-Si 1-x C x :H:B)=0.35. The parameter f i (a-Si 1-x C x :H:B) is the p-type a-Si 1-x C x :H volume fraction filling the interface roughness layer between the SnO 2 and the p-layer. The thickness of this layer is given by d i (a-Si 1-x C x :H:B)=d s (SnO 2 )=450 Å as determined in an analysis of the starting SnO 2 substrate film. The parameter d eff (a-Si 1x C x :H) is the effective thickness of the p-layer given by d eff =f i d i +f s d s .
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 21 Figure IV.2.1 Dielectric functions measured ex situ at 25°C (points) for a-Si 1-x Ge x :H, a-Si:H, and a-Si 1-x C x :H along with best fits (lines) to an expression exhibiting near-gap behavior consistent with a constant dipole (CD) matrix element. χ 2 indicates the biased estimator of the mean square deviation between the data and best fit.
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 22 Figure IV.2.2 Free parameters in an expression that provides best fits to the dielectric functions measured ex situ at 25°C for a series of amorphous semiconductor films. These parameters are plotted versus the optical gap deduced assuming a constant dipole (CD) matrix element. The solid lines are fits to the data using the relationships shown.
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  Fig. IV.3.1 with R=50 and 200, measured at thicknesses of 130 Å. Both reveal the characteristics of nanocrystalline Si; however, for R=200 the E 1 and E 2 crystalline Si features near 3.4 eV and 4.2 eV are more strongly developed and the amplitude is significantly larger.

Figure IV. 3 . 3 (

 33 Figure IV.3.3(a) shows the microstructural evolution including d b and d s as a function of time for the growth of the optimum R=200 µc-Si:H n-layer on the H 2 -plasma-treated i-layer from Fig. IV.3.1. Also shown are the results (b-d) for the growth of three n-layers under identical conditions as in (a), but for different tunnel junction interfaces: (b) 50 Å a-Si:H:P n-layer at the junction interface; (c) 10 Å SiO 2 layer at the interface; and (d) no interface layer (i.e., growth directly on the top of the µc-Si:H p-layer). Analyses of the optical properties show that all nlayers in Fig. IV.3.3 grow in the crystalline phase from the start. The results for n-layer growth on the a-Si:H:P interface in the tunnel junction [Fig. IV.3.3(b)] show similarities to those for nlayer growth on the i-layer [Fig. IV.3.3(a)]. This behavior is expected since both substrate films are amorphous Si. For both depositions of Figs. IV.3.3(a-b), nanocrystal nucleation and interface roughness filling occur initially over a period of 2-3 min with d s increasing to 40 Å before nuclei coalescence and surface smoothening occur. In both cases, there is an initial slow bulk layer growth period attributed to simultaneous substrate etching. This effect is larger for the untreated a-Si:H:P interface layer in comparison with the H 2 -plasma treated a-Si:H i-layer. For n-layer growth on the SiO 2 interface layer in Fig. IV.3.3(c), nanocrystal nucleation and interface roughness filling occur over a longer period (4 min) with d s increasing to 50 Å before bulk layer growth. In this case, the bulk layer induction period is absent, indicating that the SiO 2 layer promotes nanocrystal nucleation while arresting substrate etching. For n-layer growth directly on the p-layer without an interface layer in Fig. IV.3.3(d), the structural evolution is characteristic of interface roughness filling without renucleation. This is indicated by the constant value of d s after interface filling (0-1 min), and the very short period before linear bulk film growth occurs (1 min) compared to the two cases (b-c) in which renucleation occurs (3-4 min).
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 3132 Figure IV.3.1 Change in the surface roughness layer thickness versus bulk layer thickness for n-layers prepared on H 2 -plasma treated a-Si:H i-layers at different R values. Other deposition parameters are held constant at the values shown.
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Figure IV. 3 . 4

 34 Figure IV.3.4 Imaginary parts of the dielectric functions at 200°C for the identically-prepared n-layers of Figs. IV.3.3(a) and (d), i.e., the n-layer deposited on the H 2 -plasma treated i-layer (broken line) and the n-layer deposited directly on the µc-Si:H player to form the tunnel junction (solid line). The bulk n-layer thickness for these measurements is 130 Å.
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  photoconductivity were measured to monitor the light induced changes. The µτ products results indicated that the film reaches a steady state in about 120~150 hours. The results for two generation rates for this film as well as a PSU R=10 one are shown in Fig. A.4. The USSC film shows a little slower degradation compared to the PSU film. Subgap absorption spectra were also measured at 40, 150 and 300 hours to monitor the soaking process and are shown in Fig. A.5. The subgap absorption measured after 150hrs and 300hrs show no difference. Both subgap absorption and the µτ product results indicate that film reaches a degraded steady state after about 150 hours of AM1.5 light soaking. Even though the USSC and the PSU films have quite different characteristics in the annealed state, both films reach virtually identical degraded steady state as indicated by results in Fig. A.6 for µτ products and Fig. A.7 for subgap absorption.

Figure A. 1

 1 Figure A.1 Transmission spectra of USSC high and low dilution materials; the inset shows the absorption spectra (α).
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 34567 Figure A.2 Mobility-lifetime products of USSC low dilution, high dilution and PSU R=10 diluted materials in the annealed states.
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  In the same runs, substrates for p-i-n solar cells were included, consisting of ~7500 Å SnO 2 :F layers on glass. Nominal substrate temperatures T n of 250°C and 200°C were explored. A detailed description of the solar cell preparation

	appears elsewhere. [5,6] For RTSE studies of a-Si 1-x C x :H p-layer structural and thermal
	equilibration, 3000 Å p-layers were prepared on c-Si at T n =200°C using trimethylboron
	doping gas and flow ratios of [SiH 4 ]:[CH 4 ]:[B(CH 3 ) 3 ]:[He]=6:4:0.02:0.98 (in sccm). In
	all depositions, the p-layer gas mixture at 0.13 Torr pressure was evacuated from the
	reactor immediately upon extinguishing the plasma, and replaced by a 100 sccm Ar purge
	at 0.69 Torr. The p-layer was maintained at T n during the 50 min Ar purge before i-layer
	deposition.
	1-x C x :H
	p-layers were prepared by PECVD using diborane doping gas and flow ratios of

[SiH 4 ]:[CH 4 ]:[B 2 H 6 ]:[H 2 ] =6:4:0.01:0.99 [in stand. cm 3 /min (sccm)]. Substrates for RTSE consist of 440 Å SnO 2 :F on c-Si wafers, which provide relatively smooth surfaces for p-layer overdeposition. [5]

Table I .

 I 1-x C x :H p-layers, prepared and processed under different conditions for incorporation into p-i-n solar cells. As shown by the data in Table I obtained at a photon energy of 2.5 eV, contamination is the dominant effect at the surfaces of p-layers prepared using B 2 H 6 . This can be avoided with the use of B(CH 3 ) 3 , leading to clean surfaces that allow detection of sub-surface equilibration of Si-Si and Si-H bonding upon terminating the plasma. Once the p-layer network has equilibrated, the remaining optical changes can be attributed to true temperature variations during reactor purging at the level of ±1°C. Thus under best case conditions, an upper limit of 0.1 Å for contaminant formation at the p/i interface can be established. Approximate changes in the ellipsometric parameters (ψ, ∆) measured at 2.5 eV generated by different effects detected during Ar purging immediately after the preparation of opaque a-Si 1-x C x :H p-layers.

	p-Layer Effect	Magnitude	Optical Change
		of Effect	in (ψ, ∆ ψ, ∆ ψ, ∆ ψ, ∆)
	Surface contamination	1 Å in d eff	(0.03°, -1°)
	Hydrogen emission	~1 at. % H	(0.1°, -0.1°)
	Temperature variation	+2°C	(0.01°, -0.01°)

  . First, in materials studies such expressions can be used to analyze optical data by least-squares regression and, in this way, extract useful parameters. The optical data of interest include transmittance, reflectance, and ellipsometric spectra, collected either ex situ or in real time, and the deduced parameters include the optical gap, oscillator, and broadening energies that provide information on composition, ordering,

phase, and grain size

[2]

. This application was described in Sec. I.1. Second, such expressions constitute a database for the optical functions of the individual layer components of multilayer stacks, allowing one to simulate optical properties of complex multilayer devices. In this section, we suggest how the expressions can be used in optical modeling of multijunction solar cells

  )2 /{E P 2 +(E-E G )2 }, where E P ≈E G is a variable demarcation energy. E P separates the regime of E>>E G where G CD (E)≈1, promoting convergence of the K-K integral, and the regime of E≈E G where G CD (E)≈(E-E G )2 , leading to a linear Cody plot based on the assumptions of parabolic bands and a constant dipole (CD) matrix element. Thus, six parameters are needed to fit ε(E) for any amorphous alloy, one more parameter (E P ) than the original approach by JM. Figure IV.2.1 (points) shows dielectric functions obtained ex situ for ~1 µm thick a-Si 1-x Ge x :H, a-Si:H, and a-Si 1-x C x :H films with E 03 values (i.e., the energy at which the absorption coefficient α is 10 3 cm -1 ) of 1.45, 1.72, and 1.88 eV, respectively. These films were prepared by dc plasma-enhanced chemical vapor deposition (PECVD) at Solarex (courtesy of G. Ganguly), for assessment as components of multijunction solar cells. The solid lines in Fig.IV.2.1 show best fits using the expressions ε 2 =ΘG CD L 1 and ε 1 =1+K{ε 2 }. By fixing ε ∞1 =1, each of these fits yields five free parameters. The biased estimator of the mean square deviation designated χ 2 is given in Fig.IV.2.1 for the fits using the five-parameter CD and four-parameter CM approaches.Application of the five-parameter CM approach with ε 1∞ free yields ε 1∞ <0 for the a-Si 1-x Ge x :H, and so is not considered physically valid. The comparisons of χ 2 in Fig.IV.2.1 show that an improvement is provided by the CD approach as would be expected based on previous work by Cody[4]. Figure IV.2.2 shows the four free parameters in the analysis plotted as a function of optical gap for a set of 0.5 to 2 µm thick samples having the largest bond-packing density

	Results										
			2 ) 2 +Γ 1 2 E 2 }, where (A 1 , Γ 1 , E 1 ) are amplitude, broadening, and
	resonance energies. In addition, G(E) is given by G(E)=G CM (E)=(E-E G ) 2 /E 2 , a function that
	approaches unity for E>>E G and leads to a linear Tauc plot for E≈E G , based on the assumptions
	of parabolic bands and a constant momentum (CM) matrix element [4]. We have found that a
	similar	approach	can	be	applied	to	fit	ε(E)	for	nc-Si:H	and
	µc-Si:H, with the exception that two oscillators L i (i=1,2) with parameters (A i , Γ i , E i ) (i=1,2) are
	incorporated, representing the broadened E 1 and E 2 transitions for crystalline Si. Thus, a total of
	eight parameters (including E In this study, dielectric functions measured ex situ at 25°C were obtained by combining
	dual-beam photoconductivity, transmission and reflection spectroscopy, and spectroscopic
	ellipsometry (SE) [5].									
											123

G and ε 1∞ ) are needed to fit ε(E) for nc-Si:H and µc-Si:H films.

Although the original single-oscillator approach applied by JM works reasonably well in fitting ε for the wider gap a-Si:H-based materials generated by H 2 -dilution and C-alloying, it works poorly for the narrow gap materials generated by Ge-alloying. Thus, a different approach must be applied to obtain a single expression for ε(E) applicable for optical modeling of the full range of potential multijunction solar cell components from a-Si 1-x Ge x :H to a-Si 1-x C x :H. As a result, we set G(E)=G CD (E)= (E-E G

  IV.2.2 provide continuous fits to the free parameters that allow the optical functions for high-density amorphous materials to be generated based on a single measure of the optical gap.

	Figure IV.2.2(b) shows a minimum in ε 1 for PECVD a-Si:H when E G ≈1.8 eV. Such
	material is prepared with a maximal H 2 -dilution level of R=[H 2 ]/[SiH 4 ]=10, just prior to the
	onset of µc-Si:H growth for a 0.5 µm thick film [6]. In general, ε 1 increases from this minimum
	if, as in Fig. IV.2.2(b) (i) R is reduced to span the range of gaps from 1.8 to 1.7 eV, (ii) Ge is
	incorporated to span the range from 1.7 to 1.4 eV, or (iii) C is incorporated to span the range

from 1.8 to 2.3 eV. Based on such variations we suggest that ε 1 is affected by disorder induced by strained Si-Si bonds or by alloying, and the results are consistent with the interpretation of ε 1

These two USSC films exhibit dramatically different properties from results of T&R, µτ products, subgap absorption, and AFM. No clear transition in conductivity after removing more than half of the high diluted film, indicating no large changes apparent during the growth of the film.

agency of the United States government. Neither the United States

varied from D=0 to 0.01 for X=B 2 H 6 , from D=0 to 0.05 for X=B(CH 3 ) 3 , and from D=0 to 0.2 for X=BF 3 . For H 2 dilution ratios from R=120 to 200, the H 2 gas flows were varied from 120 to 200 sccm, and the partial pressure of SiH 4 was fixed at 5 mTorr. Thus, the total pressure increased from 0.57 to 0.88 Torr with the increase in R. Two rf plasma power levels, 230 and 700 mW/cm 2 , were also explored for the p-layers.

Electrical measurements of 250 Å p-layers prepared on i-layers under the conditions that yield dense, single-phase µc-Si:H, i.e., p-layers having optimum microstructure and optical properties for devices, suggest that successful p-type doping has been achieved. The activation energies of the conductivity for the optimized 250 Å p-layers are in the range of 0.04 to 0.17 eV, and the 25°C conductivities are in the range of 1-3x10 -3 (Ω-cm) -1 .

During the i-layer treatments and p-layer depositions, RTSE was performed using a rotating polarizer multichannel ellipsometer. [13] Full spectra consisted of ~100 pairs of (Ψ, ∆) values from 1.5 to 4.3 eV. In monitoring the nucleation and growth of intended µc-Si:H p-layers on the i-layer surfaces, the acquisition time for (Ψ, ∆) spectra was 1 s and the repetition time was 8 s. The (Ψ, ∆) spectra were analyzed using three and four layer models as described in detail elsewhere. [12] Insights into the deposition processes for the p-layers are obtained by assessing differences in the time evolution of the surface roughness and bulk layer thicknesses, d s and d b , respectively, as well as differences in the bulk layer dielectric functions.

Results and Discussion:

Effect of H 2 -Dilution on the Nucleation and Growth of µc-Si:H p-Layers

We have explored the effect of H 2 -dilution level R on the microstructural evolution and optical properties of µc-Si:H p-layers prepared on H 2 -plasma treated i-layers using B(CH 3 ) 3 and B 2 H 6 doping gases. Because the results are similar for both gases, we focus here on p-layers prepared using B(CH 3 ) 3 . Figures III.2.1 and 2 provide comparisons of the microstructural evolution and dielectric functions of µc-Si:H p-layers prepared with R=120, 160, and 200. For all three p-layer depositions, the B(CH 3 ) 3 doping gas flow ratio is D=0.01 and the plasma power

Concluding Remarks

Real time spectroscopic ellipsometry (RTSE) has been used to investigate the nucleation, coalescence, and growth of intended microcrystalline silicon (µc-Si:H) p-layers by plasmaenhanced chemical vapor deposition (PECVD) on amorphous silicon (a-Si:H) i-layers for applications in devices in the substrate/(n-i-p) configuration. The microstructural evolution and optical properties of the p-layers have been determined as a function of the preparation procedure and variables. We have studied the effects of (i) the dopant source gas from among B 2 H 6 , B(CH 3 ) 3 , and BF 3 , (ii) hydrogen dilution flow ratio R=[H 2 ]/[SiH 4 ], (iii) dopant gas flow ratio D=[X]/[SiH 4 ] where X is B 2 H 6 , B(CH 3 ) 3 , or BF 3 , and (iv) rf plasma power. The goal of these studies is to understand the effect of these parameters on the microstructure of the p-layer and to identify PECVD strategies that yield single-phase µc-Si:H p-layers of high density on a-Si:H ilayer surfaces even after ~100 Å.

For undoped film growth at low power and a high H 2 -dilution level of R=200 on H 2 -plasma treated substrates, µc-Si:H nucleates but the growth and etching processes are nearly in balance. This leads to a very long induction period, a low nucleation density, and thus an incompletely coalesced film after 120 Å. This behavior suggests that the crystalline nuclei at the surface of the i-layer generated by the initial H 2 -plasma treatment are removed in the strong etching environment. We find that additions of any one of the three doping gases or an increase in plasma power, or a combination of the two effects shift this growth-etching balance in favor of growth. As a result under these conditions, µc-Si:H layers nucleate at high density, and coalesce to form a continuous film well before 120 Å without a long induction period. Thus, the incorporated dopant species act as catalysts that hinder etching and allow the existing network at the i-layer surface to propagate, irrespective of its phase (i.e., amorphous or crystalline). As long as the growth-etching balance is not shifted too far in the growth direction, nuclei coalesce to form a single-phase µc-Si:H without any a-Si:H at the grain boundaries. This accounts for the novel optical properties of the the nature of the phase transitions on the nanoscale and its effects on defect densities less than 10 17 cm -3 .

the a-Si:H:P n-layer was prepared to 300 Å using a 10:0.12 flow ratio of SiH 4 :PH 3 . The plasma power for the three layers was 70 W/cm 2 , and the total gas pressures were in the range 0.1-0.2

Torr.

Results and Discussion

Analysis of the uncoated SnO Second, with the microscopic optical problem solved, the reflectance R that would be predicted for a specular structure is calculated. The differences between the predicted and measured spectra in R are attributed to integrated scattering losses generated by macroscopic roughness with L~λ. The reflectance loss can be modeled using a scalar diffraction theory [3,7] that predicts a dampening of the Fresnel amplitude reflection and transmission coefficients in accordance with c=c 0 exp(-σ s ∆k c /2) (c=r,t) for Lorentzian-distributed macroscopic roughness, i.e., for a surface distribution w(z) given by w(z)=2σ s [π(4z 2 +σ s 2 )] -1 , where z is the height from the average surface plane and σ s is the full-width at half-maximum (FWHM) [see Fig.

is the change in propagation vector normal to the surface.

For this overall analysis approach to be valid, three conditions must apply [7,8]: (i) light scattering from the textured film must be independent of the incident polarization and must be rejected by the high f/# detection system; (ii) the detected beam must be describable as an incoherent superposition of components from different areas of the SnO 2 surface, i.e., from areas that are separated by distances larger than the lateral coherence of the beam, and (iii) the resulting incoherent superposition from areas with different SnO 2 and/or a-Si:H thicknesses must provide polarization information that accurately represents the average thickness and the optical properties. Previous studies [6,7] along with corroborative measurements of the deduced simulations of the optical responses of multilayer stacks that incorporate these components.

Working from this basis, future refinements for greater generality will be possible.

IV.3. Tunnel Junction Formation

Motivation and Overview

The optimization of p/n and n/p tunnel junctions in amorphous silicon (a-Si:H) based n-ip and p-i-n multijunction solar cells poses a considerable challenge when very thin (~100 Å), microcrystalline silicon (µc-Si:H) doped layers are used for high conductivity and reduced optical absorption [1]. There are two key steps in tunnel junction formation. For the case of the 

Experimental Details

In fabricating the µc-Si:H p/n tunnel junctions, the substrate temperature during all processing was 200°C. The underlying a-Si:H i-layer was prepared first using rf plasma- Based on the results in Figs. IV.3.2 and 6, we conclude that optimization studies of µc-Si:H layers for tunnel junction components must be made in the tunnel junction configuration. These results also lead to a general suggestion that although very high R is required for optimum nucleation of nanocrystals on an a-Si:H i-layer, once these nanocrystals form, a much lower R value can be used to propagate a higher-density, larger-grained µc-Si:H structure at higher rates.

Discussion

A key issue raised in this Task is the substrate dependence that must be considered in the optimization of thin layers, particularly when high H 2 -dilution is used. In order to obtain insights into such effects, we consider the evolutionary phase diagram for the growth of a-Si:H and µc-Si:H versus bulk layer thickness d b and H 2 -dilution ratio R. 

Summary

The preparation of fully µc-Si:H p/n tunnel junctions for multijunction n-i-p solar cells has been studied using RTSE. In the initial studies, p and n layer recipes have been used based on optimized depositions with R=[H 2 ]/[SiH 4 ]=200 on a-Si:H i-layer substrates (e.g., those used for single junction n-i-p and p-i-n solar cells). For the µc-Si:H n-layer depositions on µc-Si:H players, the role of different interface layers has been studied. We have found that for a thin a-

APPENDIX I

Two USSC samples were characterized: USSC9762 with low H 2 dilution and USSC9765

with high H 2 dilution. Both were deposited at 300 o C on 7059 glass with 1µm thickness.

Summary of the characterization results is presented below.

T&R measurements were carried out on both samples and results of the transmission spectra are as shown in Photoconductivity and subgap absorption measurements were carried out on both samples. In this characterization, coplanar n + /Cr structures were used to ensure good ohmic contacts. First, the n + layer is deposited on the film, then Cr pads are evaporated on the n + layer using a shadow mask and then reactive ion etching was used to etch off the bare n + layer to delineate the coplanar structure. It is important to note here that the USSC low dilution film has a lower mobility-lifetime product (photoconductivity) even though it also has a lower subgap absorption. The subgap absorption of This summary describes tasks of novel improved intrinsic materials for multijunction solar cells, insights into improved stability in materials and solar cells, optimization of solar cell performance with improved intrinsic layers, and optimization of multijunction solar cells. The report characterizes a "protocrystalline" a-Si:H film growth regime where thin samples retain their amorphous state when their growth time or thickness is limited to small values, even when films are deposited with high hydrogen dilution that results in microcrystalline thick films. The Staebler-Wronski degradation kinetics of films and devices are systematically studied as a function of hydrogen dilution.