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Abstract 

A straightforward strategy for reaching the ultimate strength of crystalline metals is to synthesize 

materials with a scarcity of defects. Bottom-up synthesis of nanostructures is an ideal means of 

approaching this limit, where nucleation of dislocations is a requirement in otherwise perfect 

crystals to facilitate plastic flow and mitigate brittle fracture. In this deformation mechanism 

regime where thermal fluctuations assist in the nucleation process, surface self-diffusion emerges 

as the rate-limiting step needed to promote displacive activity. We conducted tensile experiments 

in situ on pristine Au nanowires in addition to nanowires with thin Al2O3 coatings produced by 

atomic layer deposition. Distributions of yield strengths of nanowires with fully conformal 

coatings show a pronounced reduction in scatter and a measurable shift toward higher values. 

The presence of coatings did not curtail the ability of the nanowires to sustain significant 

amounts of plastic strain.  In all conditions, nucleation of partial dislocations governed incipient 

plasticity. Analyses of the data using a thermal activation model in tandem with Bragg coherent 

X-ray diffraction point to the potent effect of control over the near surface zone in mediating 

diffusion, and thereby dislocation nucleation and the ensuing plastic response of the 

nanostructures. 
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Introduction 

Crystalline nanowires (NWs) are candidates for next generation building blocks in novel 

devices due to their exceptional material properties [1–7]. Mechanical robustness is often a 

requirement in many applications of NWs given the extreme conditions that these materials 

experience during device operation. These NW systems often show a scarcity of defects owing to 

the bottom-up nature of synthesis, which thereby require nucleation of fresh dislocation content 

in order to accommodate plastic deformation [8–10].  In this mechanism regime, the theoretical 

strength can be achieved [11–15]. At the same time, undercoordinated atoms at the copious 

surfaces of these NWs exhibit a different material response compared to those in the interior, and 

can ultimately govern the collective properties [16–20]. These two distinctive features lead to 

unique material behavior in NWs; however, controlling their properties to sufficiently predict 

and tailor the mechanical properties of such materials via control of the dislocation nucleation 

process is still in its relative infancy.  

In most bulk crystalline materials, the onset of plasticity relies on the glide of pre-existing 

dislocations, which are statistically stored inside the material. Various classical strengthening 

techniques were developed to impede this glide mechanism and thus tailor the material’s strength 

[21–23]. However, as the characteristic length of a material approaches that of the intrinsic 

spatial distribution of pre-existing defects, the strength depends less on defect motion and relies 

more on dislocation nucleation to accommodate plasticity [24–26]. Size-dependent strengthening 

has drawn significant attention through experimentation on confined volumes in various crystal 

structure types [8]. While, the intrinsic size effect has to be interpreted carefully due to the role 

of modified material surfaces from focused ion beam (FIB) specimen preparation [25,27,28], 

strong size effects are present when some amount of dislocation content pre-exists in the material. 
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On the other hand, a weak size dependence in strength has been reported from mechanical testing 

of defect free samples, fabricated either through a combination of directional solidification and 

selective etching [27,29] or near equilibrium growth via ultra-high vacuum physical vapor 

deposition approaches [15]. These NWs evidently require the nucleation of dislocations to 

undergo plastic deformation. However, dislocation nucleation is a thermally activated process, 

meaning that the strength is highly temperature dependent [30–34]. As a consequence, material 

strength distributions measured at finite temperatures manifest pronounced scatter due to the 

probabilistic nature of overcoming the nucleation barrier [34]. These two facts lead to an 

important question; how can we profit from the ultra-high strength of nucleation-controlled 

materials while managing the stochastic nature of plasticity in this regime? 

The surface is expected to play a dominant role in mediating dislocation nucleation in 

defect-scarce nanostructures, where the large ratio of surface atoms to interior ones can be non-

negligible [30,35–38]. For instance, near-surface layers influenced by the undercoordinated 

atoms exhibit surface stresses that can influence the state of the bulk [35,39–41]. This effect can 

be significant for critical dimensions below 10 nm, where counter balancing bulk stresses have 

been calculated to reach as high as 1 GPa [42]. In addition to its impact on elastic properties, the 

surface is directly related to the activation of dislocation nucleation [43], whereby embryonic 

dislocation line length is reduced through the heterogeneous nucleation process [42,44,45]. 

Existing continuum models including contributions from dislocation line energy, stress 

dependent generalized stacking fault energy (GSF), image stresses, and surface ledge formation 

energy, predict corners where crystallographic facets meet to be the favorable nucleation site in 

nanowires under uniaxial deformation [46]. Preferential nucleation at corners has also been 

predicted by chain-of-states and free end nudged elastic band methods [31,42,46]. In most face 
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centered cubic (FCC) NWs, Shockley partial dislocations are observed to nucleate from the 

surface as the incipient process and subsequently sweep through the material, leaving a residual 

stable stacking fault [47–49]. Despite the strong theoretical basis for the energetics of surface 

nucleation, a comprehensive physical description of how the dislocation first nucleates from the 

surface has not been fully addressed. Consequentially, robust strategies for controlling the 

properties of such nucleation-controlled materials have yet to be realized. 

Related studies on thermal activation parameters and nucleation strength have been 

intensively carried out to glean insights on the nucleation event [31,33,45,50–53]. The activation 

energy and volume characterize the probabilistic nature of dislocation nucleation owing to 

thermal fluctuations when the applied stress is below the elastic limit (the athermal strength). 

Modeling of indentation on single crystal Pt extracted an activation energy of ~0.3 eV and an 

activation volume similar to ~1b3, where b is the Burgers vector, which is consistent with a 

heterogeneous nucleation event. However, extracting the activation parameters for free standing 

nanostructures has been mainly performed by atomistic simulations, due to the experimental 

challenges in directly observing the deformation mechanism or obtaining sufficient 

measurements for statistical analysis.  

In simulations, the activation energy is often calculated by finding the maxima of the 

minimum energy path from the initial to the final state at high strain rate (~108 s-1). Subsequently, 

the laboratory scale nucleation strength is predicted through implementing transition state theory 

(TST) [31,46,52,54,55]. Despite the accuracy of finding the nucleation site and mechanisms, 

these results rely heavily on the applied atomic potentials or the way the models find the energy 

pathways, and do not account for long range surface diffusion activities, partly due to 

computational cost. However, it has been pointed out that diffusion can compete with displacive 
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mechanisms for plastic deformation of nano-scale materials, even at room temperature [56]. In 

situ bending of ZnO NWs in transmission electron microscopy (TEM) showed anelastic recovery 

within several minutes owing to diffusional activity [36]. Moreover, the importance of surface 

diffusion is reported in several recent mechanical tests on nano-scale materials. Qualitative 

observations from in situ TEM indentation on Ag nanoparticles demonstrated liquid-like 

behavior in addition to pseudoelasticity [37]. Temperature dependent tensile tests on defect-

scarce Pd NWs have extracted an activation energy for dislocation nucleation comparable to the 

surface self-diffusion energy barrier as well as an atomic level activation volume [34]. Surface 

diffusion activated by dislocation slip promoting uniform plastic deformation was directly 

observed during in situ TEM tensile testing of Ag NWs [38]. These results clearly demonstrate 

the interplay between surface diffusional activity and dislocation nucleation as carriers of plastic 

flow. In particular, the latter two works reported the strength of tensile tested NWs to approach 

their ideal strength. Hence, investigating means to control surface diffusion in nanomaterials may 

be a pathway for tailoring and predicting strength at the upper limit. 

In this work, we present a strategy for tailoring the nucleation-controlled strength in metallic 

NWs without compromising tensile ductility. Au NWs were coated with ultra-thin layers of 

Al2O3 via atomic layer deposition (ALD) to alter the surface-mediated nucleation process. The 

coating layer is shown to impede surface diffusion, resulting in an increase of both the 

dislocation nucleation activation energy and activation volume, thereby strengthening the 

material while simultaneously reducing the scatter in the strength distribution. 

   

2. Experimental materials and methods 

2.1. Sample preparation 
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Single-crystalline <110> oriented Au NWs were grown by physical vapor deposition onto 

tungsten substrates using molecular beam epitaxy. The NWs were grown in an ultrahigh vacuum 

chamber in near equilibrium conditions, which lead to high purity crystals possessing atomically 

smooth and faceted surfaces, as described in detail in [15]. The grown wires were then divided 

into three groups for different surface coating conditions: uncoated, 3 nm thick coating, and 10 

nm thick coating. The Al2O3 coatings were deposited using ALD. Bright field (BF) TEM images 

of uncoated and coated Au NWs are shown in Fig. 1a-1d. During the ALD process, the substrate 

temperature was maintained at 115 °C (388.15 K) with a chamber pressure of 12 Pa. Nitrogen 

was used as the transport gas. Trimethylaluminum (TMA) and H2O were used as precursors: 

TMA was pulsed for 60 ms and then purged from the chamber for 10 s, followed by a pulse of 

water for 60 ms and purging for 10 s. The above process describes one cycle.  Instead of 

bubbling the precursors, a “direct draw” method was employed, where N2 flowed through the 

lines, but not through the precursor bubbler, to carry the precursor. Nominal thicknesses of 3 nm 

and 10 nm ALD coatings were achieved by 40 cycles and 200 cycles, respectively (Fig. 1g); we 

use these nominal values throughout the article. ALD is expected to form an amorphous – and 

thus isotropic– layer with negligible misfit strains, which was confirmed by TEM in Fig. 1d and 

is in agreement with the literature [57,58]. Interdiffusion between the Au core and deposited 

Al2O3 was not observed.  

We used a Kleindiek nanomanipulation system in a scanning electron microscope (SEM) to 

transfer individual NWs from the growth substrate to designated tensile stage setups, which are 

described in Section 2.2. A Pt-based gas injection system combined with electron beam induced 

deposition (EBID) served as the glue for harvesting and bonding of NWs onto the stage grips. 

The NWs on the growth substrate were prescreened to find optimum samples with minimal out 
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of plane misorientation relative to the flat tensile stage. For this process, gentle contacts with the 

nanomanipulator tip were made at both the tip and the root of each NW to check the z-height 

difference. During the harvest step, the nanomanipulator tip was glued to the root side of the NW 

and mechanically pulled off of the substrate. In this way, plastic deformation prior to tensile 

testing could be avoided. The in-plane orientation of the harvested NW with respect to the tensile 

axis was adjusted by rotating the SEM stage that held the tensile setup. Finally, Pt-EBID was 

applied at the tensile grips to hold the sample in place. Often the NWs were intentionally 

mounted in a pre-buckled condition by pre-actuating the tensile stage to eliminate pre-strain 

during the clamping process. 

 

2.2. Tensile Testing 

 Quantitative in situ tensile tests in the SEM were conducted using two types of tensile 

testing setups. The first type is a two-tower system consisting of a capacitance based load cell 

mounted on a 6 degree-of-freedom (DOF) positioner on one side and a linear piezo actuator on 

the other side [59,60]. Multiple NWs were harvested and affixed on the finger of a TEM half 

grid in a cantilever geometry during the first step of the transfer process. The TEM grid with the 

NWs was then mounted on the actuator side. After fine alignments by the 6 DOF positioner, the 

cantilevered NWs were gripped with Pt-EBID to the load cell for tensile tests. This configuration 

allows for higher throughput by enabling multiple NW tensile tests in series within one pump 

cycle as well as less transfer time for each NW. In addition, the NWs are readily prepared for 

TEM observations both before and after tensile testing.  

The second set-up is a microelectromechanical system (MEMS) based thermal actuation 

tensile stage [61], which enables us to perform not only in situ tensile test in SEM but also 



M
ANUSCRIP

T

 

ACCEPTE
D

ACCEPTED MANUSCRIPT

8 

 

temperature controlled tensile testing inside a custom built cryostat due to its compact design and 

low thermal mass [62]. In this set-up, the NW is mounted across the actuator grip and the load 

cell grip in a single manipulation step. Actuation is performed by joule heating the actuator-side 

silicon beam structures. The load is calculated from the displacement of the load cell, which has 

a pre-calibrated stiffness determined by resonance frequency measurements of the compound 

beam structure. In cases where Pt-EBID markers could be deposited on the NWs and imaged 

during tensile testing, digital image correlation was employed to measure local strain.  In other 

cases, the relative grip displacements were used to estimate nominal strain, which could 

incorporate the effects of grip compliance.  Unless otherwise indicated (e.g. Section 3.2), we 

refer to strain values as nominal ones. While both setups could be used for room temperature 

tensile testing, the latter was used for temperature controlled tensile testing [62]. Liquid nitrogen 

and a resistive heating block were used for temperature control inside the chamber. These tensile 

tests were performed at nominal strain rates of 10-4 s-1 and below 10-2 Pa of vacuum. 

 

2.3. Bragg Coherent Diffraction for nanowire cross-section 

The cross-sectional shapes of several Au NWs were determined by Bragg coherent X-ray 

diffraction (BCD), which were performed either at the CRISTAL beamline at SOLEIL 

synchrotron or at the ID01 beamline at the European Synchrotron Radiation Facility (ESRF). At 

both beamlines the incident X-ray beam was focused using a Fresnel zone plate (FZP). Whereas 

at the CRISTAL beamline the 8.5 keV incident beam was focused down to 2 µm (V) x 2 µm (H), 

the focal spot of the 8 keV X-ray beam at the ID01 beamline was 200 nm (V) × 500 nm (H). At 

both beamlines, the coherent part of the incident X-ray beam was selected by closing slits 

installed in front of the FZP to match the lateral coherence lengths which amount to 20 µm (H) x 



M
ANUSCRIP

T

 

ACCEPTE
D

ACCEPTED MANUSCRIPT

9 

 

60 µm (V) at the CRISTAL beamline and 60 µm (H) x 200 µm (V) at the ID01 beamline. The 

diffracted X-rays were recorded by a 2D MAXIPIX detector with a pixel size of 55 µm × 55 µm 

installed 1 m downstream from the sample similar to the set-up in Ref. [63]. The three-

dimensional intensity distribution in the vicinity of the Au 111 Bragg peak was recorded by 

rocking the sample by +/- 1° (corresponding to ∆Q = +/- 0.9 nm-1). Subsequently, the electron 

density of the examined NWs was reconstructed from the recorded 3D coherent diffraction 

patterns, thus representing the NW cross-sectional shape [64]. 

 

3. Results and Discussion 

3.1. Tensile response and deformation behavior 

We first describe the tensile behavior of the <011> Au NWs with various surface treatments, 

which is demonstrated by representative stress-strain curves in Fig. 2. The uncoated Au NWs 

provide the baseline response, which includes data from Ref. [65] obtained from NWs 

synthesized under identical growth conditions as those from the current study. All stress-strain 

curves are characterized by a period of elastic loading, followed by a transition to plastic 

deformation noted by relatively smooth flow behavior that extended for several percent of strain.  

The absence of intermittent load drops in the flow regime is consistent with previous reports on 

defect-scarce Au NWs [47], where two categories of plastic response were identified: (i) smooth 

transition from yield to flow and slip traces that are spatially homogenous along the NW length, 

and (ii) large stress drops following yield and localized plasticity associated with twin nucleation 

and growth [47,49,65,66]. The stress-strain response of the 3 nm and 10 nm coated Au NWs are 

reminiscent of the former category, suggesting that plasticity distributes along the length of the 

NW, consistent with our in situ observations in SEM (Supplementary Movies 1 and 2). We note 
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that one of the curves for the uncoated Au NWs in Fig. 2 exhibits an initially low slope due to 

the NW being pulled taught from a pre-buckled condition; thus, these strain values are nominal 

ones as described in Section 2.2. For this particular curve, limited plasticity is observed. 

The presence of 3 nm ALD coatings appears to allow for the NWs to maintain their strength 

and some extent of plastic deformation relative to the uncoated NWs.  The same is true for the 10 

nm coatings once the influence of the thicker coating on load bearing capability is subtracted and 

the intrinsic response of the Au core is plotted (as shown in Fig. 2 and the composite model 

described in Section 3.2). Taken as a whole, the coated Au NWs studied in the present work 

demonstrate high flow stress following yield, and ultimately abrupt fracture without any 

noticeable softening. All NWs exhibited critical resolved yield stresses that ranged from 0.01µ to 

0.04µ, where µ is the shear modulus, consistent with estimates of the theoretical shear strength 

[67]. Fig. 2b-d show representative SEM micrographs of tensile fractured Au NWs. We observe 

very similar postmortem images between the three groups. The absence of a large portion of a 

reoriented configuration of the NW suggests that any nucleated deformation twins had not grown 

substantially along the NWs. As a whole, these deformation morphologies are consistent with the 

interpretation of our stress-strain curve behavior where plastic hardening can prevent a dominant 

twin variant from propagating along the wire, leading to a sudden stress drop. Close inspection 

of the fractured region (inset of Fig. 2b-d) for all three NW types show localized ductile-like 

fracture.  

Post-mortem TEM micrographs displayed evidence of plasticity that was distributed 

spatially along the NWs during testing (Fig. 3). Based on the stress-strain curves presented in Fig. 

2a, extended twins along the wire would not be expected, which was confirmed by the TEM 

micrographs. The uncoated NW (Fig. 3a) showed the appearance of multiple nanotwins 
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separated by slip traces which formed during tension. The angle of the slip traces is consistent 

with {111} planes. Given the <011> Au NW loading in tension, where the Schmid factor for the 

leading partial dislocation is larger (0.471) than the trailing partial dislocation (0.236), as well as 

the short slip distances to traverse the NW, a propensity for the formation of extended stacking 

faults exists, whereby an atomic step is formed on the surface after this partial slip event 

[41,42,68]. This atomic step becomes a facile nucleation site for subsequent nucleation, which 

could be an additional leading partial nucleated on an adjacent slip plane (twinning partial 

dislocation) leading to the nucleation of a Σ{111}<10-1> deformation twin [47,49,66]. Another 

pathway could an additional leading partial dislocation nucleated at a different location; in all 

cases the incipient process is mediated by nucleation of partial dislocations. Close inspection of 

these deformed segments suggests a local reorientation of the crystal, as evidenced by nm-sized 

kinks on the surface owing to twin formation. A single variant was activated, based on the 

consistent angle between the slip traces along the deformed NW. For the 3 nm coated NW (Fig. 

3b), we observed spatially distributed thin parallel slip traces corresponding to a single slip 

system along the wire, with the same projected slip trace angle as that found in the uncoated NW. 

Spatially extended twinned segments were not observed, suggesting either many nanotwin 

domains consisting of a few atomic planes, or extended stacking faults. The deformed 10 nm 

coated NW in Fig. 3c shows that two slip systems were activated along the wire during its tensile 

test, both with slip trace angles identified as equally probable {111} planes. The slip traces were 

found to overlap each other, which may have resulted in dislocation jogs at the junctions. Apart 

from the fractured tip ends, the absence of distinct grain reorientation indicates the formation of 

multiple nanotwins or extended stacking faults along the NW like in the 3 nm coated NW. As a 

whole, all three Au NWs formed distinctive slip traces formed by a single equivalent variant that 
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spatially distribute along the wire length, contributing to stable and sustained plastic deformation. 

The deformation mode in all three groups of <011> Au NWs in tension resides in a category 

reported in previous results [47], where multiple nanotwins are formed along the tensile tested 

Au NWs in contrast to the mode where one dominant twinned grain propagates all the way 

through the nanowire. Therefore, we conclude that (i) the coating does not alter the governing 

mechanism for incipient yielding based on surface nucleation of partial dislocations, and (ii) that 

these observations are consistent with tensile behavior demonstrating sustained plasticity after 

yielding and the suppression of immediate runaway localization. 

Further examination of the slip traces in the 10 nm coated NWs was performed, as shown in 

Fig. 4a-4c for imaging conditions along different zone axes. The red guide lines on the NWs 

delineate a slip trace in the 2D projection. Note that the same NW is presented in Fig. 4a and 4b 

but with different viewing angles, whereas 4c is a different NW. The slip traces are difficult to 

characterize when viewing along the [100] zone axis, whereas it is possible to distinguish two 

systems or variants when viewing along a [1-11] zone axis. Furthermore, the slip traces from [1-

11] suggest that the NW has a truncated rhombic cross-sectional shape. From the [0-11] zone 

axis (Fig. 4c) the contrast of the slip trace becomes weak due to the edge-on view. The 

schematics in Fig. 4d illustrate different views of the most probable {111} slip planes for partial 

dislocation nucleation that can be activated when these NWs are under tension along the <01-1> 

growth axis. We confirmed that the slip traces observed in each TEM zone axis are consistent 

with the respective most probable crystallographic slip planes. Thus, regardless of the coating 

thickness, the presence of slip traces as observed in postmortem TEM (Fig. 3 and Fig. 4) 

suggests that partial dislocation mediated plasticity persists as the dominant deformation 

response via the creation of stacking faults and nanotwins. 
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The locally necked region of the fractured NWs was examined in more detail as shown in 

Fig. 5. The fractured ends of all 3 types of NWs are cone-like in shape, characteristic of a ductile 

response, which also supports the conclusion that the fracture mechanism is independent of the 

presence of an Al2O3 coating. The dark field (DF) image of the circled diffraction spot in the 

inset of Fig. 5c is shown in Fig. 5d. The distinct reorientation of the fractured tip of the 10 nm 

coated NW indicates that deformation twinning via coordinated partial dislocation nucleation on 

adjacent slip planes is still a key mechanism underpinning plasticity in the coated NWs.  

 

3.2. Yield strength of the Au core 

The measured strength of a pristine FCC NW is determined by nucleation of the first partial 

dislocations from the surface as energetically preferred from a corner [31,42,47,66], which is 

captured as the yield strength during tensile testing. In the case of the uncoated Au NWs, this 

strength can be calculated from the applied loads and the measured wire diameters. However, as 

the thickness of the coating increases, the volume fraction of the coating begins to contribute to 

load bearing on the composite system, which must be decoupled to determine the intrinsic 

response of the Au NW. Here, we calculate the Au core strength for coated NWs in order to 

deconvolute composite and surface modification effects. The directly measured NW yield strain 

by digital image correlation (DIC) gives the effective modulus, Eeff, which is the elastic modulus 

of the entire composite from the elastic unloading portion of the stress-strain curves (see Fig. 6).  

From this measurement and using previously measured elastic moduli of Au NWs [65], the 

elastic modulus of the 10 nm thick Al2O3 coating (Ecoat) deposited at 115°C was calculated to be 

122 GPa. Also shown in Fig. 6(b) is the fit to a smaller portion of the unloading curve, which 

gives a value of Ecoat =102 GPa (albeit with a lower fit quality).  While this range of values 
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appears to be lower than reported values of ALD Al2O3 (~180 GPa) for thicker coatings 

deposited at over 150°C in thin film geometries and on non-metallic substrates [69–74], our 

measured values of Ecoat are consistent with previous studies when factoring in the dependencies 

of the deposition temperature and thickness on elastic modulus values of ALD Al2O3. Indeed, 

lower Young’s moduli values in the range of approximately 125 to 150 GPa are reported for 

growth temperatures below 150°C, which is ascribed to lower alumina density and residual 

hydrogen content at lower deposition temperature [75, 76]. In addition, thinner coatings such as 

those employed in our study generally correlate with lower densities [76]. We thus utilize the 

value of Ecoat=122 GPa (corresponding to a more accurate fit in Fig. 6(b)) to deduce the yield 

strains obtained from an isostrain composite model for the remainder of the NWs and for 

subsequent analyses. This yield strain is then used to calculate the yield strength of the Au core, 

assuming the elastic modulus of Au along <011> (EAu). Surface stress effects are known to arise 

at small NW diameters, inducing compressive axial stresses as high as 1 GPa for less than 10 nm 

in diameter. However, this compressive stress quickly diminishes for NWs with diameters such 

as ours (on the order of 100 nm), which exhibit compressive stresses as low as approximately 10 

MPa [42]. Thus, we expect negligible surface stress effects, which also has been experimentally 

shown in Ref. [65]. We also assume minor contributions from non-linear elasticity near the yield 

point in our estimates. The details of this procedure in this section can be found in Appendix A. 

The corrected yield strengths of Au NW cores tested at room temperature as a function of 

the measured NW effective diameter is shown in Fig. 7. For all three groups of NWs, we see a 

large scatter in strength values at room temperature (ranging from 0.9 to 2.1 GPa) and a weak 

size dependence, similar to measurements on defect-scarce Pd NWs [34]. Note that the scatter 

band of the strength data is beyond the experimental uncertainty associated with the 
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measurement. Details on these error calculations can be found in [34], but the two largest 

experimental uncertainties originate from the imaging resolution of diameter measurements 

(<10%) and the assumption of an effective circular-cross sectional shape (between 10% and 21% 

depending on the azimuth viewing angle). Other factors such as the cumulative errors from 

variable strain rates and load-bearing of hydrocarbon-based contamination are calculated to be 

negligible [31,34]. Misalignment of the NW at the tensile stage is measured to be less than 3°, 

which contributes less than 50 Pa of bending stress at the grip end. The key notable result from 

Fig. 7 is that the overall scatter band of yield strengths remains large for the 3 nm coating 

relative to the uncoated data, but decreases for the thicker 10 nm coating. This result is 

insensitive to the choice of Ecoat obtained from our measurements to deduce core strengths for the 

10 nm NWs, as demonstrated in the right panel of Fig. 7. 

 

4. Discussion 

4.1. Room temperature strength distribution 

The key findings from our tensile tests of ALD coated Au NWs can be summarized as 

follows: the ALD Al2O3 coatings influence the distributions of yield strength reflecting incipient 

plasticity, yet maintain high strength and the capacity for measurable plastic deformation, with 

partial dislocation nucleation-mediated plasticity of Au NWs persisting as the governing 

deformation mechanisms irrespective of the presence of the coatings. These results corroborate 

previously studied mechanisms on FCC NWs; namely, corners are the preferential nucleation 

site for partial dislocations, and the strength is determined by the first partial dislocation 

nucleation event [31,42,47]. Moreover, our statistical results on the strength of Au cores show a 
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weak size dependence but a large scatter beyond the experimental uncertainty in the room 

temperature strength distribution, suggesting a thermally activated event governing the 

underlying deformation mechanism. Such a thermally activated nucleation process is described 

by TST, which predicts the probabilistic nucleation stress as a strong function of temperature and 

a weaker dependency on the sample size [31]. One of the most striking results is that the 

presence of 10 nm coatings serves to reduce the scatter band of yield strength distribution while 

shifting it toward large values. In this section, we discuss how the surface coatings serve to alter 

this thermal activation process by first comparing the strength distribution of room temperature 

tensile tests. For the following analysis, we adopt a model developed from TST to fit our 

experimental data and evaluate thermal activation parameters. 

TST describes dislocation nucleation as a kinetic pathway from an initial to a final energy 

state in an energy landscape. The advancement passes through a minimum energy path by 

overcoming an energy barrier with a characteristic activation energy to form a stable dislocation 

loop [31,34,45,51].  While the athermal strength is then the theoretical elastic limit of a material 

in the absence of thermal energy, dislocations can probabilistically nucleate below this limit with 

the aid of thermal fluctuations when tested at finite temperature. At a given temperature and 

stress, the nucleation rate ν can be expressed as, 

                                                                                                               (1) 

where N is the number of equivalent nucleation sites, ν0 is the attempt frequency kb is the 

Boltzmann constant, and ∆Gact is the Gibbs free energy barrier to nucleate a dislocation. Noting 

that the stress can be expressed with Young’s modulus, strain rate (��) and time as σ = ����, an 
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implicit form for the activation parameters can be obtained for a constant temperature (T) and 

strain rate following Zhu et al. [31]:  

                                                                         

(2)  

This form is derived from df/dt=-νf, which expresses the relationship between survival 

probability f and nucleation rate ν [31,77]. The activation volume Ω measures the stress 

sensitivity of the nucleation barrier, Ω (σ, T) = -∂G/∂σ│T. Furthermore, the dependence of ∆Gact 

on stress and temperature can be expressed as, 

                                                                                    

(3) 

where ∆Uact is the energy barrier to nucleate a dislocation in the absence of external energy input, 

Tm is a characteristic temperature, and σath is the athermal strength. The exponent α is a stress 

dependent sensitivity factor, which is assumed to be 1 for constant activation volume [34,50], 

whereas values for α other than unity were deduced based on MD simulations of compression of 

Cu NWs (α = 4.1) [31] and Mo nanoparticles (α = 1.46) [53]. In a statistical analysis on Pd NWs, 

both α = 1 and α = 4 were considered to ascribe a stress dependency that appeared to vary with 

temperature [34]. While the activation volume can be stress dependent, we choose a linear 

dependence (α = 1) for mathematical simplicity and a stress independent activation volume in 

order to compare the influence of the coating on the activation parameters. An expression for the 

cumulative distribution function (CDF), F can be obtained from Eq. (2) and Eq. (3) as in Ref. 

[51], yielding 
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.                                  (4)  

Subsequently, we performed nonlinear regression with Eq. (4) to the experimental cumulative 

probability distributions of NW strengths to obtain the activation parameters ∆Uact, Ω, and Nν0. 

The Levenberg-Marquardt nonlinear least squares algorithm was used for the fitting process with 

a maximum iteration number of 1500 and termination tolerance of 10-8 for the residual sum of 

squares. 

The room temperature nucleation strength data and corresponding fits to the thermal 

activation model are overlaid in Fig. 8, shown as cumulative probability distributions. The 

uncoated data fit well to the model with a slight deviation at the high limit of the strength 

distribution. The ∆Uact value we extract for the uncoated NWs is 0.13 eV, which is significantly 

lower than the value predicted from atomistic simulations (> 1 eV) [31,55] due to possible 

atomic-scale flaws and their associated kinetics on the surface of real NWs. The activation 

volume Ω deduced from the fit is 0.71b3, which compares to 1~10b3 for heterogeneous 

nucleation reported from MD calculations [31]. We estimate a pre-exponential factor (Nν0) of 0.3 

s-1, which is clearly much lower than what would be estimated from a single nucleation site (N=1) 

and with v0 as the Debye frequency, and consistent with similar reports of discrepancies in 

attempt frequencies from other experimental studies [34,51]. 

Notably, our results show that the influence of the ALD coating on the activation parameters 

depends on the coating thickness. The strength distribution for the 3 nm coated NWs is slightly 

broader than that of the uncoated NWs, which is accompanied with a 4% decrease in ∆Uact and a 

44% decrease in Ω with respect to the activation parameters for the uncoated NWs. Interestingly, 

the strength values at the high end of the distribution for the uncoated NWs overlap with the 3 
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nm coated strength fit. In contrast, the 10 nm data shows that the spread of the strength 

distribution markedly decreases, suggesting a strong influence of the coating on the nucleation 

event. Compared to the uncoated NWs, both ∆Uact and Ω increase by 32% and 63% to values of 

0.33 eV and 6.01b3, respectively, and the model is shown to fit the experimental data over the 

entire stress range. The fitted results for the room temperature experiments on all NWs are 

summarized in Table 1. 

All three groups of NWs showed values of ∆Uact ranging from 0.25 to 0.33 eV. These values 

are substantially smaller than the values predicted from atomistic simulations for FCC crystals 

[31,33,46], and which are comparable to the values associated with surface diffusional barriers 

[78]. As further evidence, the activation volumes that we obtain are of the order of several bp
3
 

(corresponding to about 1b3, where bp is the partial Burgers vector of Au). Previous MD 

simulations report 1~10b3 for dislocation nucleation on atomically flat surface [31]. It has been 

shown that surface ledges or terraces can be stress amplifying sites, which may result in small 

activation volumes associated with the nucleation event [34]. The small activation energies and 

volumes that we measure imply a large thermal uncertainty, leading to highly probabilistic 

nucleation strengths, in contrast to the deterministic nature of bulk yield strengths (where Ω is 

100~1000b3 in FCC crystals). Strikingly, the 10 nm coating does serve to substantially narrow 

the nucleation distribution. The change in Nν0 for different coating thickness is relatively large 

among the three parameters; however, this amount of change is considered to be a higher order 

effect since the nucleation stress is only influenced by orders of magnitude changes in Nν0 [31].  

 

 

4.3. Temperature dependent strength of coated nanowires 
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Before discussing the influence of the coating on dislocation nucleation, we further analyze 

the small values of activation energy and volume from the room temperature tests, which can be 

related to single atomic level activity.  The implication of atomic scale nucleation events 

combined with the fact that the NWs have high surface to volume ratio suggests the role of 

surface diffusion as the most probable candidate for rate-limiting dislocation nucleation step at 

finite temperature. Experimental evidence on Ag and Pd NWs corroborate this finding that 

surface diffusion plays a critical role in plastic deformation [34,38]. As explained previously, 

dislocations nucleate with the aid of surrounding thermal energy; thus, the strength is expected to 

be a strong function of temperature. To show further evidence, we investigated the temperature 

dependent strength of 10 nm coated Au NWs to elucidate how the coating can affect dislocation 

nucleation. We performed low temperature tests (91 K ~ 171 K) to quantify the temperature 

dependent nucleation strength distribution, which should collapse in the athermal limit. 

Fig. 9a shows representative stress-strain curves of the 10 nm coated NWs tested at three 

different temperature (91 K, 171 K, and 295 K). We clearly see a strong temperature dependence 

in the measured yield strength, although the shapes of the curves remain self-similar among the 

different test temperatures. Eq. (4) can be rearranged to express the temperature dependent 

behavior of strength as 

 .                               (5) 

Subsequently, Eq. (5) is fit to the temperature-controlled experimental strength including the 

room temperature tests to obtain the athermal strength value (σath = ∆Uact/Ω). Here, we assume a 

stress-independent activation volume (α = 1), resulting in σath = 2.26 GPa, ∆Uact= 0.39 eV and 

Ω= 1.16bp
3. The resulting athermal strength value is comparable with the value of 2.5 GPa 
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estimated from atomistic simulations of a pristine Au NW with a diameter of 100 nm [46]. This 

result suggests that the coating may not affect the nucleation strength at 0 K where there is no 

thermal fluctuation, which is in line with our TEM observations showing a consistent 

deformation mechanism for uncoated and coated NWs (Fig. 3). 

Fig. 9b shows the temperature dependent strength data along with the model predictions of 

the probability distributions of dislocation nucleation. Vertical slices of the contour map 

represent normalized probability distribution functions (PDFs) of the nucleation stress at a given 

temperature, which are obtained from the derivative of the CDF with respect to stress in Eq. (5), 

normalized by the maximum value. The lower and the upper dotted lines represent 5th and 95th 

percentiles of the nucleation stress. For instance, the most probable nucleation stress at room 

temperature (50th percentile at 295 K) for the 10 nm coated NW is 1.28 GPa (0.57σath). The PDF 

shows remarkable agreement with experimental data over the temperature range studied; indeed, 

the majority of the experimental strength data fall within this probability envelope. 

We next estimate ∆Gact = ∆Uact – σcΩ – T∆Sact, giving the finite temperature activation free 

energy evaluated at the most probable nucleation stress (σc). As a first order estimate, we assume 

negligible activation entropy to give ∆Gact ≈ ∆Hact = 0.17 eV. This value is less than ⅓ of the 

bulk vacancy migration energy of 0.71 eV for Au [79] and less than ½ of the vacancy migration 

energy at low index surfaces [80], which is well below the simulated activation energy values for 

dislocation nucleation (over 1 eV) [42]. Similarly, the activation Gibbs free energy calculated 

from temperature dependent tests on Pd NWs was reported to be much lower than the vacancy 

migration energy while being comparable to the activation energy of surface self-diffusion on 

{111} surfaces, which are the most dominant facet of our system [34]. Our tested Au NWs have 

similar geometries as the Pd NWs where {111} is the prevalent facet with <110> as the growth 
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direction. In the case of Au, self-diffusion on {111} was calculated by embedded atom methods 

using two different atomic potentials, giving barriers of 0.021 eV (Adams, Foils, and Wolfer 

function) and 0.038 eV (Voter and Chen function) [78]. In the same study, the surface self-

diffusion on {100} surfaces were calculated to be 0.64 eV (Adams, Foils, and Wolfer function) 

and 0.84 eV (Voter and Chen function), showing a very large dependence on the surface 

crystallography. 

We further refine our experimentally inferred values of ∆Gact by adopting a value of ∆Sact = 

4.17kb based on values extracted from experiments on Pd NWs. This is rationalized by assuming 

a similar partial dislocation nucleation process in FCC <110> NWs and similar faceting with 

{111} and {100} being the major and minor facets, respectively. Furthermore, the non-linearity 

parameter of Pd and Au is shown to be comparable, suggesting similar bond anharmonicity 

[35,81]. We thus estimate ∆Gact = 0.063 eV for the 10 nm coated Au NWs, which is of the order 

of the self-diffusion activation energy on {111}. Thus, the small activation volume that we 

obtain, coupled with low activation free energies implies that surface diffusional activity 

continues to be the rate-limiting step to dislocation nucleation, even in the coated NWs. 

Interestingly, the values we obtain demonstrate that the 10 nm coating serves to increase the 

activation barrier. In turn, diffusional activity is altered resulting in a higher strength at finite 

temperatures and a reduction in the probabilistic nature of yielding, while preserving ductility as 

shown in the previous sections. 

 

4.4. Role of nanowire faceting and coatings on surface diffusion 

The geometry and the crystallography of the NW has been shown in both simulation and 

experiments to be important in determining its mechanical behavior [65]. The strength varies by 
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having distinct nucleation sites and can be rationalized by the dislocation line length difference 

arising from different cross-sectional shapes. For instance, MD simulations of Cu NW 

demonstrated a reduction of 3.5 GPa of the yield strength for square nanowires compared to 

circular ones [68].  

Up to this point, we have led our analysis with an assumed crystallographic shape of the 

NWs partly confirmed by electron microscopy images. In simulation studies, particularly <110> 

oriented NWs, the cross-sectional shapes have been chosen to be square, circular, rhombic, or 

truncated rhombic (quasi-hexagonal) [41,46,47,68]. However, in reality, the shape of <110> 

oriented NWs grown on identical substrates can deviate from a truncated rhombic (hexagonal) to 

a rhombic shape (consisting of {111} facets only), to even various ribbon shapes [49,65,66,82]. 

These experimentally observed shapes were primarily informed by interpreting 2D images, or 

alternatively, viewing the shape from the wire axis; however, the latter method requires 

destructive methods and may not provide the full surface crystallography. On the other hand, 

BCD allows for determining both the nanowire cross-section and crystalline orientation non-

destructively and with a spatial resolution of ~10 nm [63,83,84]. For the following section, we 

review possible surface diffusion mechanisms that can occur on our experimentally determined 

geometry of the NW. Two adjacent facets meet at an edge; however, we use the term corner 

instead to describe the shape as seen from a cross-sectional view along the wire axis. 

Two representative 2D slices of the Au 111 Bragg peaks are presented in Fig. 10a and 10b. 

The streaks originate from the nanowire side facets and, thus the angles between them illustrate 

the crystallographic orientation. Considering the fact that the amplitude of coherently scattered 

X-ray is the Fourier transform of real space, the fringes define the size of the coherently 

illuminated crystal. Among the five Au NWs measured by BCD, two of them showed six streaks 
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in their BCD pattern (Fig. 10a). This six-fold symmetry translates into a quasi-hexagonal shape 

with four {111} and two {100} facets as represented in the reconstructed cross-section presented 

in Fig. 10c. The BCD pattern of the other four NWs showed four streaks (Fig. 10b), which 

translates to a rhombic shape with all four facets determined as {111} as seen in its 

reconstruction in Fig. 10d. The minimum area ratio between the {111} and {100} facets was 

3.47, confirming {111} as the crystallographically dominant facet in our Au NWs. By 

comparison, the corresponding ratio for a sharp Wulff shaped truncated rhombus is calculated to 

be 6.20 using γ{100}/γ{111} [85]. The NWs presented in this work thus deviate from the Wulff 

construction by having rhombic or parallelogram shaped NWs, but tend to agree with the 

predictions assuming {111} as the prevalent facet. With one set of the {111} facets growing 

prevalently, nanoribbons can ultimately form as illustrated in Fig. 10f. These variances in shape 

are in agreement with other BCD results [84] and electron microscopy observations [49,65,82]. 

In this section, we consider surface diffusional activity on our experimentally determined 

surface crystallography as the rate-limiting step for dislocation nucleation by comparing the 

surface self-diffusion barrier (Ed) and our experimentally obtained ∆Gact. Although the activation 

energy for adatom jumps on {111} facets were comparable to our activation Gibbs free energy 

for the 10 nm coated NWs at the most probable nucleation condition, further discussion is 

needed to consider adatom diffusion on a flat surface as the direct cause for dislocation 

nucleation. Indeed, there are multiple surface diffusion mechanisms including exchange 

mechanisms, and more combinations are possible with atomic steps on a given surface [86,87]. 

Indeed, the Ehrlich-Schwoebel (ES) barrier for Au {111} was reported to be the lowest among 

FCC crystals (Ni, Cu, Pd, Ag, Pt) [87] indicating that Au {111} facets tend to flatten well. In fact, 

Au {111} surfaces are reported to be stable enough to remain crystalline even up to TM [88]. 



M
ANUSCRIP

T

 

ACCEPTE
D

ACCEPTED MANUSCRIPT

25 

 

However, the corners of NWs are never atomically sharp, thus making atomic steps necessary to 

reconcile observations of rounded corners [49,65]. These atomic terraces can be a stress 

concentration site as well as one must consider diffusion from one layer to another.  

Several atomistic simulation studies reported that the first partial dislocation nucleates at the 

most obtuse angle. For <110> rhombic Au NWs in tension, atomistic simulations predict obtuse 

corners as the preferential nucleation site [42,46]. Atomistic simulations on <110> Wulff shaped 

Au NWs report that the first leading partial dislocation nucleates at a corner shared by {111} and 

{100} [47]. Thus, we presume that rate-limiting diffusional activity enabling dislocation 

nucleation occurs at the smoothest transition corner, assuming the existence of {111} vicinal 

surfaces with {100} type ledges. For such a Au surface with {111} terraces and {100} ledges, an 

activation energy of 0.316 eV was calculated by action-driven molecular dynamics (ADMD) for 

the parallel hopping along the ledge [87]. An exchange mechanism is preferred over hopping for 

the vertical movement across the step, which is predicted to be 0.694 eV and 0.293 eV for 

ascending and descending, respectively. Thus, hopping vertically up may not be a preferred 

mechanism, but rather the parallel hopping or an adatom descending across the step could trigger 

the dislocation nucleation event. In addition to surface steps, the step itself can contain kinks. 

Thus, rather than having straight terraces along the NW, the terraces themselves can have 

discontinuities. Interestingly, hopping onto a kink shows a large reduction of activation energy 

compared to barriers for straight steps. The activation energy depends on the original position of 

the atom relative to the kink, with a minimum value of 0.056 eV. Thus, among various surface 

diffusion mechanisms, the precursor event for dislocation nucleation involving either atom 

descending across a step or an atom attaching to a kink is most consistent with our results. The 
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ALD coating can kinetically hinder such processes by dragging the adatom movements, thereby 

impeding the nucleation of a dislocation.  

Finally, we describe the role of the ALD coating in the corner of the modified NW surface. 

Due to the difference in surface energies between {111} and {100}, selective adsorption can 

occur in the initial cycles of ALD which can lead to non-conformal coatings. This phenomenon 

was observed in our study by measuring the thickness of the coating with TEM along different 

zone axes (Fig. 3d). We have measured a 3 nm coated nanowire with TEM and the average 

thickness of the coating on {100} and {111} facets were 5.3 nm and 3.5 nm, respectively. The 

higher surface energy of {100} over {111} allows for more facile Al2O3 capture. Irregular 

coatings with insufficient layer thickness or even island formation can lead to stress 

concentrations, which may explain the lower ∆Uact and Ω of the 3 nm coated NWs compared to 

uncoated NWs. A non-monotonic trend in the activation parameters as a function of coating 

thickness (See Table 1) can be attributed to a non-conformal coating layer that arises from the 

physisorption process in the initial stages of the ALD process. In principle, Au atoms and the 

molecules used during the ALD process to form Al2O3 layers are unreactive, unlike with sulfur, 

where AuS is formed that mobilizes the gold surface atoms [89]. Thus, physisorbtion is the most 

probable means of adhesion between the two species by weak Van der Waals forces [90]. It has 

been reported that adhesion of Au {111} and {100} on {0001} sapphire substrates are similarly 

poor, and even poorer for polycrystalline alumina substrates owing to low heats of adhesion, 

suggesting the coating is physisorbed to Au NW surface [91,92]. Since physisorbtion forms 

weak interfaces, the schematic depiction of a self-terminating ALD process is likely not fully 

accurate. In reality, a scenario between Volmer-Weber and Stranski-Krastanov growth modes via 

formation of islands at low cycle numbers may occur [90,93]. During the first 40 ALD cycles to 
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target 3 nm thick coatings, these islands can lead to a non-conformal coating layer, particularly 

on {111} facets as illustrated in Fig. 11a. With such coating morphologies where the diffusional 

length is much smaller than the island spacing (λ), the influence of the coating on surface 

diffusion on {111} predominant facet may be insignificant. In contrast, after sufficient additional 

ALD cycles, the 10 nm coating can become conformal (Fig. 11b), and thus is able to effectively 

retard surface mobility. 

 

4.5. Nucleation site and attempt frequency 

Our attempt frequency from the exponential prefactors (Nν0) with N = 1 is 11 orders of 

magnitude lower than those associated with atomic vibrational frequencies (~1012 s-1), and 

worthy of further discussion. Small numbers of equivalent nucleation sites (N) are plausible 

within the weakest link framework, for example by having a highly susceptible nucleation site 

like a specific kink configuration among along a step leaving with an alternative explanation for 

the main attempt frequency as discussed in [51,94].  

Whereas the attempt frequency for surface dislocation nucleation has been assumed to be of 

the order of the Debye frequency in most MD simulations, experiments on Pd NWs in tension 

revealed that the attempt frequency can be much lower than the atomic vibration frequency, 

which led to the proposal of a collective attempt mechanism for surface nucleation [34]. In 

addition, recent in situ TEM experiments on nano-sized Ag demonstrated copious surface 

diffusion accommodating large amounts of plasticity during deformation, manifest as liquid-like 

pseudoelasticity in Ag nanoparticles and super-elongation in room temperature tension of Ag 

NW [37,38]. In particular, the latter work proposes facile healing of surface ledges created by 

dislocation slip via surface diffusion. While the authors claim that surface diffusion is provided 
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assistance from the surface atomic step formed by the dislocation nucleation, we envisage this 

mechanism occurring at pre-existing surface steps near corners that act as preferred nucleation 

sites. Presumably, the existing surface steps can fluctuate along the NW by adatom diffusion 

until the formation of a spatially extended nucleation site large enough to host a partial 

dislocation loop embryo, which can give much lower time scales for the attempt frequency. The 

emerging hypothesis is that the collective action of individual surface diffusion events serves as 

the rate-limiting step for the nucleation of a dislocation segment, which is reflected in the 

measurements of the nucleation strength. 

 

4.6. Tailoring mechanical response by control of the surface/interface 

By comparing the strength distributions between the uncoated and coated Au NWs, we have 

shown that adhesion of the coating on the surface mediates dislocation nucleation. In the report 

of pseudoelasticity in Ag nanoparticles, indentation loading leads to a relatively large diffusion 

zone [37] whereas tensile tests of Ag NW exhibit only surface diffusion [38]. Although the two 

studies have different sizes and loading modes, one may note that the zone participating in 

diffusion can lead to a completely different mechanical response. These recent findings as well 

as the studies on Pd NWs [34] and our Au NWs leads to the conclusion that in the sub-100 nm 

regime of metal nanostructures, the relative contribution of two deformation mechanisms can be 

tuned as demanded by the specific application.  

Surface mobility is evidently critical for the dynamic healing process underpinning slip-

activated surface diffusion and ultimately superplasticity as shown in Ag NWs in tension [38].  

In the referenced study, surface diffusion of Pt (which has a higher Ed than Ag) was not 

sufficiently rapid to accommodate stable plasticity and reside in a dislocation slip-dominated 
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deformation mode. The study also proposed a critical limit of the diameter (~70 nm for Ag and 

~10 nm for Pt) to maintain the uniform plasticity via diffusion aided healing process. The Ed of 

Au lies in between Pt and Ag [86,87], thus the cross over point for the Au can be reasonably 

estimated to fall between those two limits. Strong interfaces may make the core yield at even 

higher stress, yet potentially lead to stochastic failure due to statistically distributed flaws in 

addition to thermal fluctuations. On the other hand, relatively weak interfaces can dynamically 

heal the surface, thereby narrowing the dislocation nucleation stress distribution owing to larger 

activation volumes. Thus, the bonding at the interface should be optimized to sufficiently 

heighten the energy barrier of the rate-limiting step for dislocation nucleation while still utilizing 

in-plane interfacial diffusion to dynamically heal either the pre-existing surface flaws, or ledges 

formed as a result of previously nucleated dislocation. Taken as a whole, these strategies could 

raise strengths while simultaneously shifting to a more deterministic mechanical response 

without compromising ductility. 

 

5. Conclusion 

In this paper, we compare strength distributions of surface modified Au NWs measured in 

tension to demonstrate that the strength determined by dislocation nucleation from the surface 

can be tailored using ultrathin coatings. We extracted thermal activation parameters from the 

experimental strength data using a model developed from TST to conclude that tailoring surface 

diffusional activity is the key factor in controlling surface dislocation nucleation in these Au 

NWs. The results of over 40 NWs tested in tension were used to draw the following conclusions:  

• The yield strength of PVD grown, defect-scarce <110> Au NWs in tension was measured 

to approach the theoretical strength (over 1 GPa), which is substantially higher than its 
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bulk single-crystalline counterpart and is ascribed to nucleation of partial dislocation 

from the surface. The distinctive slip traces from the postmortem TEM micrographs 

indicate that partial dislocation events occur on {111} planes, which agrees with previous 

simulations and measurements of <110> Au NWs. The strength distribution exhibits a 

weak size dependence in agreement with the characteristics of a thermally activated 

nucleation event as described by TST. 

• The yield strengths of the Au cores in coated NWs remain high, and the nucleation 

mechanism underlying incipient plasticity is consistent with that of the uncoated NWs. 

While the thinner coating causes subtle increases in the scatter of the strength distribution, 

the thicker coatings show a pronounced narrowing of the distribution with a shift toward 

high strength values. Sufficient coverage of the coating can kinetically hinder surface 

mobility as evidenced by increases in both the activation energy and the activation 

volume for dislocation nucleation. 

• The activation Gibbs free energy implies that surface diffusional activity is the rate-

limiting step for the nucleation event at finite temperature. An athermal strength of 2.26 

GPa was derived from temperature controlled tensile tests for 10 nm coated Au NWs, 

suggesting that the coating has minimal effect on the 0 K strength.  

• Tailoring the interfacial shear strength force between the core and the coating may be the 

key optimization parameter for tailoring the ductility and strength in the surface 

dislocation nucleation mediated regime. 

 

Our work outlines a strategy for tailoring dislocation nucleation-controlled strength in 

surface or interface-dominated nanostructures at the extreme upper limit of strength. This 



M
ANUSCRIP

T

 

ACCEPTE
D

ACCEPTED MANUSCRIPT

31 

 

approach appears to mitigate some of the primary obstacles facing the deployment of 

nanostructures that lead to unreliable mechanical stability, including anelastic behavior or 

stochastic failure.  
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Table 1. Activation parameters obtained from room temperature fitting of the room 

temperature yield strength distributions 

 Mean Yield Strength (GPa) ∆Uact (eV) Ω (bp
3
) Nν0 (s

-1
) 

Uncoated 1.098 ± 0.391 0.252  3.69 33.83 
3 nm Coated 1.297 ± 0.484 0.242 2.07 49.30 

10 nm Coated 1.496 ± 0.305 0.332 6.01 18.63 
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Figure caption 

Figure 1. a) BF TEM image of uncoated Au NW   b) HR TEM image of uncoated Au NW   c) 

BF TEM image of Au NW coated with ALD Al2O3   d) HR TEM image of coated Au NW e) 

Schematic of coated NW with a Au NW diameter dcore and coating thickness t   f) Au core 

diameter statistics   g) Coating thickness statistics for 3 nm (40 cycle ALD) and 10 nm (200 

cycle ALD) target thickness. 

 

Figure 2. a) Representative engineering tensile stress-strain curves for each type of NW: 

uncoated (including data from [65]) and coated with two different thicknesses. The load-bearing 

of the coating was subtracted for the 10 nm coated NWs. In cases where Pt-EBID markers could 

be deposited on the NWs and imaged during tensile testing, digital image correlation was 

employed to measure local strain.  In other cases, the relative grip displacements were used to 

estimate nominal strain, which could incorporate the effects of grip compliance; thus, the strain 

values are nominal ones. Representative SEM images of fractured NWs for b) uncoated, c) 3 nm 

coated, and d) 10 nm coated Au NWs. Insets show higher magnification of fractured ends.   

 

Figure 3. BF TEM images of plastically deformed NWs in all three sample configurations 

showing observations of stacking faults from a) an uncoated Au NW   b) an Au NW with 3 nm 

thick Al2O3 coating, and c) an Au NW with 10 nm Al2O3 coating. The scale bar is common for 

all images.  
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Figure 4. Characterization of slip bands in 10 nm coated NWs after tensile deformation, viewed 

from the a) <100>   b) <111>   and c) <110>   zone axes.   d) Schematics of example slip traces 

as viewed from each zone axis. An identical NW is shown for a) and b). 

 

Figure 5. BF TEM images of fractured NW segments for a) an uncoated Au NW, b) a 3 nm 

coated Au NW without twinned grains c) a 10 nm coated Au NW.   Insets show the diffraction 

patterns. d) DF TEM image obtained from the circled diffraction spot in the inset of c), showing 

crystallographic reorientation of fracture tip. 

 

Figure 6.  a) Au NW affixed with Pt-EBID on a stage for tensile testing. Multiple Pt-EBID spot 

markers are placed on the stage and on the NW (marked by blue triangles) along the gauge 

length for local strain measurements. b) Engineering stress-strain curves for the wire in a) using 

two different strain measures. The wire strain corresponds to the local strain measured using DIC 

of the four markers on the wire gauge in a), and the grip strain is measured from the grip markers 

on the tensile stage. A fit to the unloading curve using the wire strain gives the Young’s modulus 

of the composite core-shell structure, Eeff.  Two fits to the unloading curves are shown: one 

(green) to the initial portion of the unloading curve (giving Ecoat = 102 GPa with an R2 value of 

0.73) and another (red) to a larger portion of the unloading curve (giving Ecoat = 122 GPa with an 

R2 value of 0.96). 

 

Figure 7. Tensile yield strength as a function of Au NW diameter. The yield strength values for 

the uncoated Au NWs include data from both the current study and [65]. The values for the 10 
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nm coated NWs were corrected for the Au core to exclude load bearing of the coating. The mean 

values and standard deviation for each group are represented in a box plot on the right side.  In 

the case of the 10 nm coated NWs, we show values for two different Ecoat as labeled on the figure 

and corresponding to the two fits to the unloading curves shown in Figure 6.  Given the higher 

quality of the fit for Ecoat = 122 GPa, we employ these values of the Au core strength for all 

subsequent analyses. 

 

Figure 8. Cumulative probability showing the room temperature yield strength distribution for 

NWs tested in tension in all three configurations. Overlaid is the fit (dotted lines) from Eq. 5 

derived from TST to the experimentally measured yield strengths (symbols). 

 

 

Figure 9. a) Stress-strain curves for 10 nm coated Au NWs tested at different temperatures. b) 

Measured yield (nucleation) stress overlaid on the probability density function model predictions. 

Probability values P (σ, T) are normalized with respect to the maximum probability Pmax (T) at 

each temperature; thus, each vertical slice represents the probability distribution at a given 

temperature, which collapses to a deterministic value in the athermal limit (0 K). The dashed 

contour lines represent the 5th (lower) and 95th (upper) percentile nucleation stresses. 

 

Figure 10. Representative 2D slices of the Au 111 Bragg peaks obtained from BCD two for 

different NWs, demonstrating a) 6 streaks and b) 4 streaks in the pattern.  c) - d) Reconstructed 

electron density maps of the NWs with Bragg peak patterns of a) and b), respectively. e) 
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Reconstructed shape of a typical rhombic NW. All the figures share the same orientation. f) 

Schematic of possible cross-sectional shape of a NW derived from the truncated rhombic 

geometry of <110> crystals. 

 

Fig. 11. Drawing of proposed surface configurations for the a) 3 nm coating (40 cycle ALD) 

where islands of the ALD coating lead to incomplete coverage on {111} facets, separated by a 

distance λ that is larger than the expected diffusion length and b) 10 nm coating (200 cycle ALD) 

which exhibit more conformal coating layer. The surface affected zone (SAZ) is the near-surface 

region of the Au core which is influenced by surface diffusional activity, and ultimately where 

surface dislocation nucleation ensues.  
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