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I. INTRODUCTION

In thin films, strain, which arises from the lattice mismatch at heterointerfaces, can be used as a powerful lever to engineer selected material properties, such as ferroelectricity 1 , magnetic anisotropy 2,3 or superconductivity 4 . There are, however, some limits to this approach: the deposited layers have to be thin enough to avoid lateral strain relaxation via formation of misfit dislocations and the choice of materials with large mismatch values often results in thin films with poor epitaxial quality.

In recent years, the synthesis of vertically assembled nanocomposites (VAN) has been proposed as a new strategy to overcome limitations encountered in planar systems [5][6][7][8][9][10][11][12][13][14][15][16][17][18][19] . VANs are made of two phases that grow epitaxially with each other on a common substrate, resulting in nanowires (NWs) of a given material embedded in a matrix of another material, as sketched in Fig. 1. From a structural perspective, the involved phases in these columnar composites "work synergistically" 5 , resulting in an improved crystallinity 20 . Due to the misfit at the vertical heterointerface, huge vertical strains (ϵ zz ) can be induced in the embedded structure for thicknesses beyond values commonly observed for the critical thickness in planar heterostructures. This has indeed been used in order to tailor the properties of VANs of interest in different fields 5 .

To achieve thorough control over the nanocomposite architecture, an improved understanding of structural coupling and relaxation mechanisms at vertical heterointerfaces is required. Recent studies have for example unraveled peculiar behaviors in embedded nanopillars and wires, exhibiting exotic auxetic-like strain states 18 . The prominent role played by dislocations and possible strategies to achieve maximum ϵ zz values, ultimately linked to the vertical coherent interfacial area, were also addressed recently 19 . However, in contrast to planar systems, strain relaxation mechanisms in vertical epitaxy remain generally less well understood.

Simple considerations on the balance between the interface energy, that scales as the diameter of the pillars and the elastic energy, scaling as the square of the diameter, indicates that ϵ zz should increase as the diameter decreases. It is thus interesting to explore the evolution of the strain state in the NWs as the diameter decreases. In this respect, metal-ceramic VANs 7,[21][22][23][24][25][26][27][28][29][30][31][32] are promising model systems because they offer the possibility to control the diameter of the nanowires in the few nanometers range. In the present paper, we investigate vertical epitaxy and strain states in VANs composed of Ni NWs in SrTiO 3 /SrTiO 3 (001) epilayers. The lattice mismatch between Ni and STO is quite large (about 11% for a Ni =3.524 Å and a STO =3.905 Å) 33 and axial strain up to 3.9% can be achieved in Ni NWs. This naturally raises questions on the mechanisms at play to relax strain partially in the system and on the structure of the NWs in the utrathin limit. We address these issues by a combined x-ray diffraction and x-ray absorption spectroscopy study of the structure of ultrathin Ni NWs.

II. SAMPLE GROWTH AND ANALYSIS

A. Growth

Following procedures established previously to synthesize Co, Ni and Co x Ni 1-x nanowires in CeO 2 /SrTiO 3 and (Sr,Ba)TiO 3 , [21][22][23][24][25][26][27][28][29] Ni nanowires were grown by sequential pulsed laser deposition (PLD) of nickel and SrTiO 3 (STO) on SrTiO 3 (001) substrates, using a quadrupled Nd:YAG laser (wavelength 266 nm) operating at 10 Hz and a fluence in the 1-3 J/cm 2 range.The temperature of the substrate during growth was about 650 • C. Two PLD set-ups were used to obtain a series of 10 samples: (i) one set-up is kept under ultrahigh vacuum conditions and the samples will be labeled 1-U to 5-U hereafter; (ii) the second set-up is under secondary vacuum conditions with a base pressure in the 10 -6 mbar range during growth, samples will be referred to as 6-S to 10-S in what follows.

In both cases, the growth process consists in the repetition of one basic deposition sequence alternating laser shots on STO and NiO targets. Labeling n Ni and n STO the number of laser shots on Ni and STO targets in a basic sequence, the (n Ni , n STO ) sequence is repeated N times. Each basic sequence deposited about 0.05 nm of STO matrix for samples 6-S to 9-S and 0.3 nm for 1-U to 5-U. The amount of Ni deposited in a sequence was about one order of magnitude less than that of STO for both cases. The sequential deposition scheme introduces dead times, corresponding to target movements, during which no deposition occurs. The impact of n Ni , n STO , deposition rate and dead time on the growth has been studied in Ref. 30. Combining experiments and kinetic Monte-Carlo simulations, the influence of the growth parameters on the value of NWs areal density ρ and mean diameter ⟨D⟩ was studied. One salient feature of the sequential deposition scheme used here is that, for a fixed value of n Ni , ⟨D⟩ will vary as (n Ni /n STO ) 1/2 in the density range explored.

Following the sequential deposition step, the samples are capped with a ∼3 nm thick pure STO layer in order to protect them against contamination and avoid NW oxidation.

B. Structural measurements

The structure of the samples was studied using a combination of techniques including transmission electron microscopy (TEM) and scanning transmission electron microscopy (STEM), x-ray diffraction (XRD), and x-ray absorption spectroscopy (XAS). High resolution transmission electron microscopy (HRTEM) data were acquired using a JEOL JEM 2100F equipped with a fieldemission gun operated at 200 kV and a Gatan GIF spectrometer. STEM data were acquired using a Titan Themis 200. Energy-dispersive x-ray spectroscopy (EDX) was used to map the chemical distribution of the elements in the samples in plan-view geometry. XRD data were collected on a laboratory 5-circles diffractometer (Rigaku SmartLab) with Cu K α radiation (wavelength of 1.54 Å) in order to determine the epitaxial relationship in the nanocomposites and the mean axial strain in the Ni wires. In order to gain detailed insight into the strain states of the nanowires, reciprocal space mapping (RSM) was performed at the SixS beamline of synchrotron SOLEIL with 18.4 keV monochromatic radiation (wavelength of 0.674 Å). Throughout this paper, the reciprocal coordinates hkℓ refer to the reciprocal lattice units (r.l.u.) of the cubic STO substrate with a lattice parameter of 0.3905 nm. The growth direction is defined as STO [001]. The nanowire long axis is parallel to this direction.

X-ray absorption near-edge spectroscopy (XANES) data were collected at the Ni K-edge at the SAMBA beamline of Synchrotron SOLEIL. The samples were probed in fluorescence detection mode. The K α fluorescence yield of Ni was monitored by a 36 pixels monolithic Germanium detector (Canberra France). Opting for fluorescence mode detection enabled to probe the Ni content of the whole nanocomposite epilayers. Structural anisotropy in the NWs was assessed by linear dichroism (LD) analysis. Therefore, all XAS measurements were performed in two different configurations L ⊥ and L ∥ , with ϕ = 15 • and ϕ = 75 • , respectively, ϕ representing the angle between the incoming beam and the surface normal of the sample. In the L ⊥ configuration, the x-ray electric field polarization vector thus had its dominant component aligned perpendicularly to the NWs. In turn, the L ∥ configuration allowed to probe the nanowire structure with the x-ray electric field polarization along the nanowire axis. 

III. EPITAXY AND STRAIN OF NI NANOWIRES

A. Diameter, density and chemical composition

We first report on the formation of Ni nanowires and on their general structural features. The sequential deposition scheme leads to the vertical self-assembly of NWs as described schematically in Fig. 1 and already observed previously in other metal/ceramic nanocomposites. Fig. 2(a) shows a low resolution bright-field plan view micrograph of sample 4-U, unveiling the presence of a dense NW assembly. From the statistical analysis of several such images, the diameter distribution is retrieved. It is shown in Fig. 2(b) for sample 4-U, where a unimodal distribution can be seen, with a mean value of the diameter ⟨D⟩=2.2 nm and a full width at half maximum on the order of 25% of the value of ⟨D⟩. Such kind of distribution was observed in every sample with ⟨D⟩ varying in the 1.7-5.3 nm range, depending on the growth sequence used. The areal density ρ of the NWs can also be extracted from such TEM measurements in plan view geometry. Self-correlation of images such as the one displayed in Fig. 2(a) can also be used to extract the average distance between nearest neighbor NWs. Fig. 2(c) shows a profile of the self-correlation with clear 5 nm period oscillations, indicating that the mean distance between NWs is 5 nm in sample 4-U. Results of the measurements of ⟨D⟩ and ρ for the whole set of samples are given in ta-ble I. Finally, cross-sectional TEM analysis shows that the length of the wires is equal to the thickness of the epilayer. In addition to our analysis of nanowire size and density, we scrutinized the chemical composition of the wires by performing STEM-HAADF imaging and EDX-mapping of Sr, Ti, O and Ni. Fig. 2(d-h) shows an exemplary plan-view map of sample 7-S. Ni nanowires can easily be identified in the Z-contrast image and their location correlates with spots of high Ni-concentration. Quantitative analysis of the data shows almost complete absence of Ni in the surrounding SrTiO 3 with c(Ni) < 0.25 at% (c(Ni) + c(Sr) + c(Ti) + c(O) = 1). In contrast, we observe small, albeit non-negligible matrix component concentrations when analyzing single NWs. For example, c(Ti) = 6.7 ± 2.7 at%, c(Sr) = 2.8 ± 2.2 at% and c(O) = 25.8 ± 6.9 at%, is obtained when averaging over the NWs shown in Fig. 2(d). We stress here that large relative errors result from the small volumes probed when restricting the analysis region to single ultrathin NW. Within measurement uncertainty, the aforementioned data are roughly compatible with SrTiO 3 stoichiometry. This shows that Sr, Ti and O contributions to the EDX signal coming from single NWs arise from the presence of the SrTiO 3 capping layer covering the thin film, rather than from incorporation of minute amounts of these elements into the nanowires. The metallic nature of Ni within the NWs is further substantiated by spectroscopic data obtained at the Ni K-edge shown in Part III of this paper. Titanium is known to favor oxygen scavenging at oxide interfaces. 34 In the present case, the NiO reduction is attributed to oxygen scavenging by SrTiO 3 .

To summarize these results, our structural and chemical analysis demonstrates full phase separation between Ni and SrTiO 3 and self-assembly of nanowires with tunable ⟨D⟩ in the 1.7 -5.3 nm range as a function of the growth conditions. This allows us to study the effect of diameter reduction on epitaxy and structure of elemental Ni NWs embedded in SrTiO 3 /SrTiO 3 (001). Furthermore, the comparison of U and S samples with similar diameters but grown under distinct atmospheres allows us to address the impact of the oxygen partial pressure on the structure of the NWs.

B. Vertical epitaxy and average axial strain

The epitaxial character of the samples was examined using HRTEM and XRD measurements. Fig. 3 shows typical measurements obtained for two samples of the series. From data presented in Figs. 3(a) and (b), obtained along the [001] zone axis, a cube-on-cube epitaxy of face-centered cubic Ni in the SrTiO 3 matrix can be deduced. Fig. 3(b) shows a diffraction pattern obtained by applying a Fast Fourier Transform (FFT) to the HRTEM image. The 200 and 020 spots of Ni, highlighted by circles, are aligned with the 200 and 020 spots of the matrix. The cube-on-cube epitaxy is further confirmed by XRD θ-2θ scans, probing the out-of-plane epitaxial alignment. As shown in Fig. 3(c), the 002 reflection of Ni is observed in agreement with the epitaxial relationship deduced from TEM measurements. It should be noted that the out-of-plane lattice parameter of the matrix is slightly larger than that of the substrate, as shown by the peak at ℓ < 2. This is a well-documented consequence of the non-stoichiometry of SrTiO 3 when growth is carried out in an oxygen free atmosphere. [35][36][37] A peculiar feature of the Ni NWs is their strain state. The average axial strain, denoted ⟨ϵ zz ⟩ in what follows, reaches several percent, as reflected by the low ℓ value of the 002 peak position with respect to the value expected for relaxed bulk Ni, see Fig. 3(c). This is a consequence of the epitaxy and the value of ⟨ϵ zz ⟩ reflects the balance between the interface energy and the elastic energy stored in the NWs. Consistently with such balance, we observe a decrease of ⟨ϵ zz ⟩ when the diameter increases, as shown in Fig. 3(d). The strain reaches fairly large values (up to 3.9% at 1.9 nm diameter, see Tab. I) that could be exploited to tailor the magnetic properties through the magneto-elastic anisotropy.

The FFT obtained from plan view TEM images gives patterns that contain information on an assembly of wires. From the large width of the 002 Ni peak, one can suspect that there is some degree of crystalline disorder in Ni. This is indeed confirmed by HRTEM cross-sectional imaging of the nanowires. As shown in Fig. 4, the structure of the wires is not homogeneous. The presence of the embedded NWs, oriented along the growth direction, gives rise to Moiré patterns arising from multiple diffraction events in cross-sectional geometry. Such patterns are seen to vary when moving along the [001] direction. This indeed reflects the fact that there is some misorientation of Ni with respect to the perfect cube-on-cube epitaxy and that the misorientation varies axially. Selected area diffraction patterns, obtained by performing FFTs, are shown in the insets of Fig. 4. These patterns can be indexed by considering a slight rotation by an angle α of [001] N i with respect to the [001] direction of the matrix. The upper pattern corresponds to α=4 • and the lower one to α=0. This indicates that the epitaxial relationship is not as simple as initially deduced from symmetrical θ-2θ scans. Indeed, given the large width of the Ni 002 peak in θ-2θ scans, such an inhomogeneity is not surprising.

C. Strain relaxation mechanisms

In order to characterize the inhomogeneous structure of the Ni nanowires, extensive reciprocal space mapping was carried out using synchrotron x-ray diffraction. These measurements revealed the composite nature of the low index diffraction peaks related to Ni. As an example, Fig. 5(a) gives a sketch of the Ni 002 peak in sample 8-S as deduced from measurements: a central peak at ℓ=2.15 and h = k = 0 is observed, accompanied by 4 tilted spots at ℓ=2.18 and h=±h s with k=0 or k=±h s and h=0, with h s =0.1575. This is demonstrated by slices of the reciprocal space displayed in Figs. 5(b) and (c), where this composite peak is cut by two high symmetry orthogonal planes. In a constant ℓ plane, the central peak and the 4 tilted spots along [100] and [010] can be clearly observed. We underline the fact that we mapped the full region of the reciprocal space, confirming this composite structure of Ni 002. The difference in intensity between the peaks in the ℓ=2.18 plane is simply related to the variation of the x-rays incidence angle during data acquisition, and the consequent variation of the probed volume. The irradiated volume scales as 1/ sin ω, with ω the incidence angle. The Bragg angle θ B for the central peak at h = k = 0 is 10.84 • . The peaks at h=±h s are tilted by α=±4 • . Therefore, the intensity of the peak at h=h s is larger than the intensity at h=-h s by a factor sin(θ B + α)/ sin(θ B -α)=2. 15. Experimentally, we measure a factor 2 for this intensity ratio, in very good agreement. The tilted spots have thus the same intensity and the four-fold symmetry of the system is not broken.

The width of the spot can be determined by fitting line profiles such as the ones displayed in Fig. 6 obtained for one of the fourfold degenerated spots at |h| or |k|=0.1575 in the ℓ=2.18 plane. From the width along k, ∆k=0.1115, Fig. 6 (a), a radial coherence length of 3.5 nm is deduced. This value is quite close to the mean value of the diameter of the NWs in this sample, ⟨D⟩=4.1 nm. The situation is different when considering the coherence along ℓ. From Fig. 6 (b), a width ∆ℓ=0.0311, giving an axial coherence length L coh =12.6 nm, is extracted. This is significantly smaller than the physical length of the wires and should indeed be compared to the typical length observed for the Moiré patterns axial variation in Fig. 4, of the order of 10-20 nm. The central spot at h=k=0 is much broader both along ℓ and in the ℓ=2.15 plane. We do not analyze the profiles for this spot here because it has a composite structure that can be better seen by examining the associated 202 reflection. Fig. 7 shows cuts of the reciprocal space in the vicinity of the 202 Ni reflection. The non-homogeneity of the central spot can be better appreciated from the slice at k=0 displayed in Fig. 7(a). This spot is composed of an elliptical spot with a long axis oriented at 45 • and of a smaller, more symmetric, spot which is less rotated. The counterparts of the four additional spots in the 002 mapping can be identified in the 202 mapping: two spots centered at h=2.05, ℓ=2.37 and h=2.39, ℓ=2.00 (5) the mismatch at the vertical heterointerface between the NWs and the matrix that has an out of plane parameter c=3.944 Å(determined from the fact that the 002 reflection of the matrix has maximal intensity at ℓ=1.98).

Considering the domains that are tilted by |α|=4.15 • , we will restrict the discussion to the variant indicated in dark blue in Fig. 7(c). The same considerations apply for the other variants after 90 • in-plane rotations that reproduce the four-fold in-plane symmetry of the system. The fact that the 202 reflection associated with the tilted domains is located at ℓ=2.00 (5) in reciprocal lattice unit of SrTiO 3 indicates that rotation allows to nearly reach lattice matching of (101) planes along the vertical heterointerface. This is represented schematically in Figure 8. Let ⃗ g ⋆ 202 be the reciprocal vector associated with the 202 reflection. The inter-reticular distance viewed along the direction z of the heterointerface,

d ∥ 202 is equal to 1/⃗ g ⋆ 202 .⃗ e z . Since ⃗ g ⋆ 202 .
⃗ e z =2.00(5), we get d ∥ 202 =1.948 Å, to be compared with d 002 =1.972 Å for the matrix. It is thus obvious that the tilt allows to reduce the mismatch drastically by matching (101) planes as sketched in Figure 8. The mismatch is indeed lowered to 1.2%. It should be noted that simulation of the RSM (see Appendix) indicates that strain relaxation and rotation of the [001] N i axis occur in a correlated manner.

Considering the aligned domains with ⟨ϵ zz ⟩=3.2%, the average lattice parameter along z is equal to 3.637 Å, this correspond to a mismatch of 7.8% that could be ture could be that both matching mechanisms compete and that the energy barrier between these two (meta)stable states can be crossed at the growth temperature. It should be noted that the curved interface between a NW and the matrix in the (001) plane, in absence of fully developed faceting of the NWs, implies that the (101) plane matching cannot be effective on the whole perimeter of the embedded nano-objects. As a result, structural disorder will be generated at the Ni-STO interface and its relative contribution will evidently increase with decreasing NW diameter. In a similar fashion, the coexistence of [001] aligned regions with tilted ones within the NWs implies that a certain volume fraction is occupied by lowangle tilt boundaries. Again, this will be linked to the creation of structurally disordered regions, and the frac-tion of disordered Ni, related to grain boundary (GB) regions, may increase upon diameter reduction. Indeed, we observe a significant evolution of the diffraction patterns upon reduction of ⟨D⟩. As shown in Fig. 9, the diffracted intensity is much weaker for ⟨D⟩=2.2 nm. The composite nature of the diffraction spots is still present and the fact that a sizable portion of the diffracted intensity is located near ℓ=1 for the Ni 111 spot indicates that tilt and associated GBs are still present upon diameter reduction. Figs. 9(d) and (e) give a schematic picture of the sources of crystallographic disorder in the NWs, compatible with the measured diffraction patterns.

D. Grain boundaries, structural disorder and loss of crystallinity

In order to further quantify the average degree of disorder in the wires and gather information on the local structure of Ni-STO interfaces as well as Ni-Ni GB regions on an atomic scale, we deepened our structural analysis by performing extensive x-ray absorption measurements at the Ni K-edge. A detailed description of the experimental conditions and parameters used for data acquisition has already been given in Section II. For data interpretation, raw spectra were first treated with Athena (Ifeffit package) for background removal, deglitching and normalization and Artemis (Ifeffit package) was used for EXAFS analysis and fitting of k 2 -weighted χ(k) data to the standard K-edge EXAFS formula 38 . To achieve maximum consistency, the same analysis procedure was used for all NW samples. First, Ni-Foil measurements were employed to determine the amplitude reduction factor resulting from many-body losses. The obtained value of S 2 0 = 0.80 ± 0.05 (setting the number of next neighbors to N n.n = 12) was then taken for all subsequent fits where N n.n , the edge energy correction ∆E 0 , the next neighbor distance R n.n and EXAFS Debye-Waller factor σ 2 n.n were used as fit parameters. Within measurement uncertainty, deduced ∆E 0 values obtained on nanocomposite samples were all found compatible with ∆E 0 (bulk)= 6.5 ± 0.9 eV. Fourier transformations were performed in the range 3 Å-1 < k < 11 Å-1 using a Hanning window with dk = 1 Å-1 . We restricted all fits to the first coordination shell with 1 Å < R < 3 Å. Finally, theoretical XANES spectra were obtained via full multiple scattering FEFF8.0 calculations using a Ni fcc cluster with diameter 1.14 nm, strained along the [001] direction and contracted in plane to achieve volume conservation.

In the following description of our results, we first focus on the near edge structure (XANES) of the measured spectra, resulting from multiple scattering contributions of 1s electrons, as this allows for a qualitative "fingerprinting" analysis of the embedded NWs. Figure 10 shows a survey of data obtained on samples 10-S, 9-S, 7-S and 6-S. As can clearly be inferred from direct comparison with a Ni-foil reference spectrum, all nanocomposites exhibit a purely metallic signature and the agreement between spectra obtained on the largest nanowires (9-S and 10-S) and bulk data is striking and corroborates EDX results presented in an earlier part of this paper. However, closer analysis of the data reveals small systematic differences between the samples. In fact, with decreasing wire diameter, we observe a progressive flattening of the spectra. Although the overall metallic shape is preserved, a "blurring" of the characteristic peaks B, C and D becomes apparent. This loss of XANES fine structure, resulting from a reduction of multiple scattering events, is a known signature of disordered or amorphous materials and has been reported in various systems, including matrix-embedded Co and Ge nanoparticles 39,40 or sonochemically-prepared amorphous Fe 41 .
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Additional evidence for a reduction of crystalline order in the smallest nanowires scrutinized in the present study was obtained by studying the linear dichroic response of the system. Figure 10(b) shows difference spectra ∆I = I ⊥ -I ∥ obtained by subtraction of XAS data gathered in L ⊥ and L ∥ geometry, respectively. With decreasing NW diameter, a clear trend emerges with gradual appearance of 4 peaks in the energy window 8320 eV < E < 8400 eV. In sample 4-U for example (ϵ zz ≈ 3.6%), these are located at approximately 8342 eV, 8352 eV, 8362 eV and 8391 eV, thus close to predicted values obtained from calculated LD spectra on a strained fcc cluster with ϵ zz = 3.5%, as shown in Fig. 10(c), where the maximum values of the oscillations are found at 8341.9 eV, 8351.0 eV, 8360.4 eV and 8387.9 eV, respectively. In addition, we observe the same trend of amplitude increase with strain in our simulations, although the amplitude of the calculated spectra exceeds that of their experimental counterparts by a factor of roughly three. This discrepancy can be attributed to highly idealized conditions used in our XANES modeling: the clusters present an ideal fcc structure without defects, grain boundaries and interfaces. Furthermore, the strain distribution has not been taken into account. Taken together, the qualitative agreement between our modeling and experimental data confirms that the measured dichroic signal has its origin in a straining of the wires along their axis. Surprisingly, sample 1-U, which exhibits the smallest ⟨D⟩-values scrutinized herein, gets out of line, being characterized by a prominent breakdown of LD. Complete relaxation of the strain appears unlikely, considering the evolution of ⟨ϵ zz ⟩ with diameter in all other samples as well as the aforementioned diffraction results. Absence of dichroism rather has to be interpreted as characteristic signature of a pronounced loss of crystalline order, i.e. amorphization of the Ni NWs going hand in hand with a dramatic lowering of the symmetry of the system.

In fact, EXAFS analysis eventually provides reliable quantitative proof for this hypothesis. Fig. 11 shows selected k 2 -weighted χ(k) values as a function of NW diameter as well as their FT and fits to the first neighbor shell. Table II presents a summary of the parameters derived from these data. The first unambiguous indication for an increase of structural disorder in the NWs is the increase of σ 2 when ⟨D⟩ is successively reduced, which holds true for both configurations scrutinized herein. Indeed, this parameter accounts for the mean square variation in mean path lengths (in a Gaussian approximation to the pair distribution function) [START_REF] Teo | EXAFS: Basic Principles and Data Analysis[END_REF] . As all measurements were performed at room temperature, an increase of structural disorder must be responsible for the augmentation of σ 2 and we highlight that the highest values described herein compare well with those obtained on amorphous, SiO 2 -embedded metallic Co nanoclusters with average diameters ⟨D⟩ < 4 nm 39 . Final and decisive evidence for a complete loss of crystalline order eventually results from an analysis of FT spectra shown in Fig. 11(b) which goes beyond the first coordination shell. While for the Ni-foil, as well as for all samples with ⟨D⟩ > 1.7 nm, the second and third shell contributions can clearly be evidenced, the FT spectrum of sample 1-U flattens almost entirely for R > 3 Å which demonstrates the breakdown of crystallinity in this sam- ple. We stress that a similar solid state amorphization has been observed earlier in layered systems with large lattice mismatch. Indeed, in planar Gd/Fe and Y/Fe het- erostructures, a critical thickness t c = 2.3 ± 0.1 nm was reported, below which the Fe layers lost their crystalline structure 48,49 .

The exact nature of the induced disorder remains unclear though. EXAFS data unveils a strong reduction of the coordination number, which cannot be explained by an increase of the fraction of Ni-atoms located at metaloxide interfaces alone. In fact, it is well known that the Gaussian approximation commonly used in basic EXAFS fitting breaks down for large disorder and induces an artificial reduction of N and R [START_REF] Teo | EXAFS: Basic Principles and Data Analysis[END_REF] . Indeed, in the present study, we are also confronted with a small decrease of R which clearly correlates with the observed changes in coordination number. Cumulant-expansion correction terms, accounting for asymmetric and/or broadened distance distributions can fix the issue in the case of moderate disorder [START_REF] Bunker | Introduction to EXAFS[END_REF] . For large structural disorder however, this approach fails and one has to stick to ad-hoc chosen pair distribution functions g(r) in order to circumvent the aforementioned problems. Over the years, a vari-ety of asymmetric radial distribution functions have been proposed and applied with success to the description of amorphous systems 41,[START_REF] Crozier | [END_REF]45 .

In the present case, we did not achieve any significant improvement of our fits by using additional cumulants (C 3 and C 4 ). Calculated values of the third cumulant on NW samples reach rather large maximum values around 3 • 10 -4 Å-3 , but no systematic evolution of C 3 with ⟨D⟩ could be evidenced. Additionally, only minor corrections of R were achieved and N did not increase significantly. Fits with an additional fourth cumulant chosen as a floating parameter were generally of poor quality. An additional attempt was undertaken to use strongly asymmetric g(r) functions 43 using Viper 46 . While in this approach, increased values of R and N close to bulk values were achieved, the general quality of the fits was not as good as in the simple Gaussian case. This casts doubt on our choice of g(r) and might reflect the difficulty to adequately describe a superposition of contributions from crystalline and disordered parts of the sample.

Finally, alternative mechanisms inducing a lowering of the coordination number might also be conceived. On the one hand, the exact behavior of Ni-atoms located at (or in close vicinity to) the interface is difficult to grasp when relying on the information gathered in the present study. While the formation of NiO bonds appears unlikely considering our EXAFS fits (we do not find evidence for significant intermixing at the Ni-STO interface), the structure of the Ni interface layer might deviate from that of bulk amorphous materials, presenting for example a lower packing density, or even a gaslike random atomic arrangement, as has been proposed in previous work on GB in nanocrystalline materials 47 . On the other hand, it appears clearly that the growth strategy used in our work promotes the creation of vacancies in the composite thin film. The STO matrix is strongly oxygen deficient, which becomes apparent in XRD data, where an out of plane increase of the lattice parameter is observed. During growth, the STO matrix acts as a reducing agent, soaking up oxygen and thereby promoting the formation of metallic Ni. Oxygen atoms incorporated in the wires during growth will thus eventually diffuse into the oxide matrix. In this picture, the nanowires act as point vacancy sinks, an effect which should increase, with increasing oxygen deficiency of the matrix. In fact, this hypothesis is supported by our data: direct comparison of samples 1-U and 6-S or 5-U and 7-S, grown under UHV and HV conditions respectively, reveals pronounced differences in coordination number, although they both display similar average axial strain states ⟨ϵ zz ⟩ and almost identical NW diameters. Averaging the coordination numbers obtained in L ⊥ and L ∥ geometries, listed in Table II, we get a mean coordination number N ≃7 for sample 1-U, to be compared to N ≃9 for sample 6-S with comparable diameter. The same trend is observed when comparing sample 5-U (N ≃8) and sample 7-S (N ≃ 10). We therefore conclude that the gradual loss of crystalline structure of the nanowires when decreasing ⟨D⟩ not only results from the large Ni-STO interfacial lattice mismatch and progressive intrinsic GB creation via domain rotation, but is also significantly promoted by vacancy incorporation, further weakening the stability of the fcc lattice.

IV. CONCLUSION

In the present work, we combined state of the art XRD, HRTEM and XAS measurements to analyze the structure of ultrathin, vertically epitaxied, Ni nanowires embedded in SrTiO 3 /SrTiO 3 (001). Our data show that the nanowires experience large, diameter dependent axial strains and permit to unveil a partial strain relaxation mechanism, which consists of a gradual coherent rotation of domains in order to achieve (110) lattice plane matching between the NWs and the matrix. The classical picture of a straight, monolithic embedded nanopillar thus turns out to be an oversimplification, missing crucial structural details characteristic of vertical epitaxy in systems with large lattice mismatch. In fact, Ni NWs have to be conceived as a sequence of stacked, strained and tilted crystalline building blocks, with a typical length of approximately 10-20 nm. While creation of these smaller entities reduces the elastic energy of the system, it goes hand in hand with the appearance of grain boundaries. This relaxation pathway is thus inherently associated with a decrease of crystalline order. When reducing the size of the NWs, the relative amount of disordered NW atoms increases, which was clearly evidenced via quantitative EXAFS analysis. For the smallest diameters, grain boundary and heterointerface induced disorder becomes dominant and finally results in a complete loss of crystalline order. This shows that vertical epitaxy cannot be understood by simply recycling concepts known from planar epitaxy. In these systems, the presence of free surfaces allows for effective strain relaxation. In Ni-STO nanocolumnar composites, the presence of large heterointerfaces imposes more severe structural constraints.

From an application point of view, this can be exploited to tune specific properties of the embedded nanowires, such as magnetic anisotropy. Indeed, the axial strain will induce an extra magneto-elastic anisotropy contribution, scaling as ⟨ϵ zz ⟩ and proportional to the magnetostriction coefficient. 27,50 As the mean axial strain increases upon diameter reduction, the control of ⟨D⟩ provides a lever to act on the magnetic properties of the nanocomposite. This, however, as demonstrated herein, cannot be extrapolated for too thin diameters where a partial or even complete crystalline to amorphous transition will act as a key limiting factor.

Finally, we emphasize that, although the present study has exclusively focused on Ni-STO composites the strain relaxation mechanism described in this paper may well be ubiquitous in vertically assembled epitaxial metal-oxide nanostructures, particularly for systems with cube-oncube epitaxial relationships. In Ni NWs assemblies in CeO 2 with cube-on-cube epitaxy, a diameter-dependent axial strain, lower than the lattice mismatch, exists 28 and slight crystalline misorientations are frequent. We also have recently observed the same tilted epitaxy in Co x Ni 1-x NWs in SrTiO 3 and (Sr,Ba)TiO 3 matrices, which suggests that our results can be generalized to alloy nanowires. For pure Co nanowires in CeO 2 with hexagonal close packed (hcp) and face-centered cubic (fcc) structures competing, stacking faults and hcp-fcc phase coexistence may contribute to strain relaxation and complicate the crystalline microstructure. To what extent the present findings also apply to bcc metals in vertical epitaxy 7,51 , or even more complex 3D epitaxial architectures 52 is currently under investigation.

APPENDIX: SIMULATION OF THE RECIPROCAL SPACE MAPPINGS

Diffraction intensity from the NWs can be simulated within the framework of the kinematic theory of x-ray diffraction. We performed calculations in order to ensure that the main structural features deduced from the experimental data for sample 8-S are indeed sufficient to reproduce the reciprocal space maps (RSM) satisfactorily. Expected reciprocal space maps were established with assemblies of coherent domains of Ni NWs of 4 nm diameter and 6 or 12 nm length corresponding to the order of the coherence lengths measured. Furthermore, considering specific RSM such as h0ℓ maps involve only xand z-components of the atomic displacements, thereby simplifying the 3D problem to the 2D one. The h0ℓ RSM around 002 and 202 spots were satisfactorily simulated by considering three distinct contributions. The first one is related to highly strained domains with a Gaussian distribution of axial strain (⟨ϵ zz ⟩=3.5%, full width at half maximum 1.2%), with Such relationship between the strain and misorientation in the domains, together with the domain distribution, reproduces well the positions of the diffraction spots. However, the intensities and notably the bending of the diffraction spots are not correctly calculated. This indicates that the model of a uniform strain field inside each coherent domain is too simplistic and suggests the existence of internal distortion inside domains. In a phenomenological way, a random internal distortion with respect to the previous uniform strain field is added inside each coherent domain. Taking the center of one domain as reference, the random atomic displacements δu z and δu x over the spatial coordinates z and x in the domain are parameterized by one random variable δω as follows: δu z = (x + 2zβ zz α/α 2 0 )δω (A.4)

δu x = (2xβ xx α/α 2 0 -z)δω (A.5)
The standard deviation of δω is chosen to be 0.007.

Such an ingredient allows us to reproduce satisfactorily the bending of the diffraction spots related to the portions with α at 0 • and around ±4 • , bending symbolized by dashed and solid red ellipses respectively in Figure 12 (a) and (c).

Finally, the effect of the incidence angle is taken into account for the RSM of 002 which was obtained in the specular geometry. For the RSM of 202, the measurement was made at constant grazing incidence of 0.3 degree. Calculated mappings are shown in Figure 12 (b) and (d).

The agreement with the experimental RSM is quite good, as can be seen by comparison with Figures 5 and7. The intensity asymmetry for the spots with α around ±4 • in the RSM of 002 in Figure 12 (b) is entirely explained by the incidence effect or the irradiated surface of the sample. For the RSM of 202, the intensity asymmetry for the spots with α around ±4 • is mainly determined by the internal distortion.

From these simulations, we extract the characteristics of NWs, namely the values of ⟨ϵ zz ⟩, ⟨ϵ xx ⟩, and ⟨ϵ xz ⟩ for both straight and tilted sections, and we infer the correlation between relaxation of strain and tilt of the lattice. More precisely, the NWs axial tensile strain relaxes when the lattice planes rotate around Ni [100] (or [010]) axis, until achieving a (101) lattice plane match between the NWs and matrix.

FIG. 1 :

 1 FIG. 1: (Color online) Schematics of vertically assembled epitaxial Ni wires embedded in a SrTiO3 matrix, with crystallographic structures of Ni and SrTiO3.

FIG. 2 :

 2 FIG. 2: (Color online) (a) Low resolution plan view TEM image of Ni nanowires embedded in a SrTiO3 matrix (sample 4-U). (b) Diameter distribution of Ni nanowires as extracted from TEM images such as the one displayed in (a). (c) Line profile obtained from the self-correlation of (a), with oscillations enabling to extract the mean distance between wires. (d) STEM-HAADF plan view of Ni nanowires, sample 7-S. (e-h) Chemical maps obtained by EDX in the same region as the one in (d). (e) Ni map, (f) Sr map, (g) Ti map, and (h) O map.

FIG. 3 :

 3 FIG. 3: (Color online) (a) High resolution plan view TEM image of Ni nanowires in SrTiO3 matrix; inset: zoom on a single nanowire (sample 4-U). (b) FFT of image (a) evidencing the in-plane epitaxial relationship between Ni and SrTiO3. (c) θ-2θ scan of sample 8-S. The abscissa is in SrTiO3 reciprocal lattice unit (r.l.u.). The vertical dashed line indicates the position of the 002 peak for unstrained nickel. (d) Mean axial strain, as deduced from θ-2θ scans, for samples with different diameters.

FIG. 4 :

 4 FIG. 4: (Color online) Cross section TEM image of Ni nanowires in SrTiO3 matrix (sample 8-S); insets: FFT of selected areas delimited by light squares. The inset at the top evidences the local misorientation α of the Ni lattice with respect to the SrTiO3 lattice.

FIG. 5 :

 5 FIG. 5: (Color online) RSM of sample 8-S. (a) Sketch of the diffraction diagram in the reciprocal space in the vicinity of the 002 reflections. r.l.u. refers to SrTiO3 reciprocal lattice. The reflection of the SrTiO3 substrate is located at ℓ=2. ℓm: coordinate of the reflection from the matrix. The 002 reflection of Ni is composite, with a spot at h=k=0, ℓ=2.15 and four spots in the ℓ=2.18 plane, at h=± 0.1575 and k =± 0.1575. Planes labelled (b,c,d) correspond to the cuts of the reciprocal space shown in panels (b,c,d) of the figure. (b) Cut of the reciprocal space in the ℓ=2.18 plane. (c) Cut of the reciprocal space in the ℓ=2.15 plane. (d) Cut in the h=0 plane.

FIG. 6 :h

 6 FIG. 6: (Color online) (a) Profile of diffracted intensity along k for h=0 in the ℓ=2.18 plane, obtained from data in Fig 5(b). The component at k=0 (dashed line) originates from the broad peak at ℓ=2.15, see Fig. 5(d). (b) Profile of diffracted intensity along ℓ for k=-0.1575 and h=0, obtained from data in Fig. 5(d).

FIG. 8 :

 8 FIG. 8: (Color online) Sketch of the lattice matching for Ni domains with a 4 • misorientation of the [001] direction with respect to the [001] direction of the matrix.

FIG. 9 :

 9 FIG. 9: (Color online) Vertical-epitaxy-induced disorder in NW composites. (a-b) (111) maps for two different samples with large difference in NW diameter [⟨D⟩=4.1 nm in (a), ⟨D⟩=2.2 nm in (b)] reveals large intensity loss for ⟨D⟩=2.2 nm. (c) θ -2θ scans for the same two samples, evidencing the loss of crystalline order along ℓ. (d-e) Schematic of the Ni-STO interface with tilted Ni domain. (d) Ni crystallite rotation induces creation of low angle GB (marked with arrows), (e) structural disorder might originate at Ni-STO interfaces as well (highlighted in yellow).

FIG. 10 :

 10 FIG. 10: Measured and simulated Ni K-edge XANES data. (a) XANES spectra for various nanocomposites (samples 6-S, 7-S, 9-S, and 10-S) with decreasing average nanowire diameter ⟨D⟩ (top to bottom, all measurements performed in L ∥ configuration) and Ni-Foil reference data. (b) Linear dichroic signal, i.e. ∆I = I ⊥ -I ∥ as a function of ⟨D⟩. (c) Simulated XANES data as a function of applied strain.

FIG. 11 :

 11 FIG. 11: Measured and fitted Ni K-edge EXAFS data. (a) k 2 weighted χ(k) spectra (L ∥ geometry) as a function of average NW size ⟨D⟩ as well as Ni bulk data shown for comparison (samples 10-S, 7-S, and 1-U). (b) Fourier transformed spectra (solid lines) and fits (circles) to the first coordination shell.

FIG. 12 :

 12 FIG. 12: (Color online) (a-b) h0ℓ map of the reciprocal space in the vicinity of the 002 Ni reflection: (a) schematics of the RSM, (b) simulation of the RSM. (c-d) h0ℓ map of the reciprocal space in the vicinity of the 202 Ni reflection: (c) schematics of the RSM, (d) simulation of the RSM.

  [001] Ni ∥ [001] STO . The contribution of such domains in the RSM is indicated by thick black ellipses in Figure12(a) and (c). Their coherence length is estimated to be 6 nm. The two other contributions arise from portions of the wires where [001] Ni is misoriented by an angle α with respect to [001] STO . The distribution of domains as a function of α has a first maximum around 0 • and another one around α 0 =4.15 • , four times degenerated, corresponding to clockwise and anticlockwise rotations around [100] STO and [010] STO . In such domains, the strain is correlated to the misorientation α and can be described in the form:ϵ zz = ϵ 0 zz + β zz (α/α 0 ) 2 (A.1)ϵ xx = ϵ 0 xx + β xx (α/α 0 ) 2 (A.2)ϵ xz = ϵ zx = β xz (α/α 0 ) (A.3)with ϵ 0 zz = +3.0%, ϵ 0 xx = -0.4%, β zz = -1.6%, β xx = +0.2% and β xz = -0.7%. ϵ 0 zz and ϵ 0 xx are the axial tensile and radial compressive strains respectively, for the non-tilted domains. Negative β zz and positive β xx coefficients represent the relaxation rates of the axial and radial strains respectively versus the misorientation α, for the tilted domains. The slight shear component in tilted domains is reflected by the coefficient β xz .

TABLE I

 I 

		: Structural parameters deduced from TEM and
	XRD analysis of the nanocomposites. ⟨D⟩: mean diameter
	of the NWs, ρ: in-plane density of the NWs, t: epilayer thick-
	ness, ⟨ϵzz⟩: mean axial strain.		
	Sample	⟨D⟩ (nm)	ρ (cm -2 )	t (nm)	⟨ϵzz⟩ (%)
	1-U	1.7	3.0 10 12	-	-
	2-U	1.8	4.5 10 12	62	-
	3-U	1.9	5.8 10 12		3.9
	4-U	2.2	4.4 10 12	59	3.6
	5-U	2.5	3.9 10 12	77	3.4
	6-S	1.7	7.8 10 11	-	-
	7-S	2.4	5.9 10 11		3.6
	8-S	4.1	1.8 10 12		3.2
	9-S	4.5	4.2 10 11	74	2.8
	10-S	5.3	4.1 10 11	51	2.3

TABLE II :

 II Ni K-edge EXAFS fit parameters for measurements on Ni-STO nanocomposites (in L ⊥ and L ∥ configuration) as well as bulk Ni reference as a function of NW diameter.

	Sample	⟨D ⟩ (nm)
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