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Memory effect of the molecular topology of lamellar polyethylene
on the strain-induced fibrillar structure

S. Humbert, O. Lame ⇑, J.-M. Chenal, R. Seguela ⇑, G. Vigier

Université de Lyon, Laboratoire MATEIS, INSA de Lyon-CNRS-UMR5510, Bâtiment Blaise Pascal, Campus de la Doua, 69621 Villeurbanne, France

The fibrillar structure that develops upon drawing of semi-crystalline polymers has been investigated at room temperature by means of in 

situ SAXS for a series of ethylene copoly-mers crystallized through various thermal treatments. The long period of the microfibrils for any 

given material proved to be only dependent on the experimental conditions of the drawing. This suggested the occurrence of a destruction 

and reconstruction of the semi-crystalline structure via fragmentation accompanied with melting–recrystallization. However, the 

diameter of the microfibrils proved to keep the memory of the lamellar microstructure via a correlation with the content of interphase at 

the crystal-amorphous boundary. A physical explanation is proposed for these apparently antagonist findings. The memory of the lamellar 

semi-crystalline microstructure is completely erased in the microfibrils owing to the melting–recrystallization process. In contrast, the 

diameter of the fibrils keeps the memory of the chain topology to which a major role is ascribed in the strain-induced fragmentation of the 

crystalline lamellae.

1. Introduction

The deformation at large strains of semi-crystalline
polymers often proceed via a plastic instability or necking
due to the successive occurrence of strain-softening and
strain-hardening [1–4]. At a microscopic level, this phe-
nomenon involves a tremendous metamorphosis of the
semi-crystalline lamellar microstructure known as fibrillar
transformation. Based on plentiful studies regarding poly-
ethylene (PE), this transformation has been described as
a process of fragmentation of the lamellar crystals into
blocks that rearrange into fibrils like strings of pearls via
chain unfolding from the fracture surface of the crystal
blocks [5–13].

The most commonly studied feature of the fibrillar
structure is the long period, Lpf, characteristic of the regular
stacking of crystalline and amorphous phases. Generally,

Lpf is quite different from the crystalline lamella stacking
of the isotropic material, Lp, and essentially depends on
the draw conditions, i.e. the draw rate and the draw tem-
perature, Td. Moreover, the Lpf = f(Td) relationship proved
to be very similar to the dependency of isotropic materials
on the temperature of isothermal crystallization or anneal-
ing [14,15]. This finding led number of authors to conclude
that the fibrillar transformation is accompanied with a
strain-induced melting–recrystallization process. This pro-
cess may result either from the powerful self-heating effect
in relation to the high level of instantaneous plastic work
[16] or from destruction by chain-unfolding of the crystals
[17,18] that recrystallize immediately due to the high
chain mobility and high thermodynamic driving force of
PE above room temperature [19]. In a meticulous study
by transmission electron microscopy of the stretching of
thin PE films, Adams et al. [12] disclosed the concomitant
occurrence of several deformation mechanisms such as
lamellar crystal shear, crystal block slip, lamellar fragmen-
tation and oriented recrystallization of chains unfolded
from the crystal fragments.
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Several descriptive models at a molecular scale have
been proposed for this process. These models assume dif-
ferent scenarios for the mechanism of lamella fragmenta-
tion [6–13] that has never been actually captured due to
its highly unstable character. Moreover, the chain unfold-
ing mechanism also remains mysterious due to impossible
access to direct observation. The mosaic block structure of
the crystalline lamellae of PE has been suggested to play a
role in the initiation of lamellae fragmentation owing to
the presence of crystallographic defects that are likely to
promote localized crystal slip [20–25]. The chain topology
at the surface of the lamellar crystals is also prone to gen-
erate stress concentration contributing to the initiation of
the crystallite fragmentation [26–31]. Moreover, the
molecular architecture of the polymer, including concen-
tration and distribution of co-units and molar weight dis-
tribution as well, and its morphogenesis, namely the way
the semi-crystalline structure was formed during the crys-
tallization stage, are two major factors in the generation of
crystallographic defects and the setting of the chain topol-
ogy in PE. Therefore, both these factors are expected to
influence the completion of the fibrillar transformation be-
yond necking.

A number of authors have reported on the influence of
the chain topology of the initial lamellar structure includ-
ing entanglements and intercrystalline tie molecules on
the natural draw ratio and the post-yield strain-hardening
of PE-based materials [8,32–41]. The fact that these two
macroscopic features of the fibrillar structure of the drawn
material depend on the initial structure of the isotropic
material seems somewhat contradictory with the Lpf
dependence on the draw conditions only. One may there-
fore wonder which characteristic of the fibrillar structure
keeps the memory of the morphogenesis of the isotropic
lamellar polymer?

In a series of papers we reported on the role of thermal
treatment on the molecular topology of ethylene copoly-
mers and the incidence of mechanical properties. The low
strain tensile behavior and yielding [30,41,42] as well as
the trend for strain-induced cavitation [31] were shown
to strongly depend on the density of stress transmitters
such as tie chains and chain entanglements. Investigating
the effect of the chain topology on the fibrillar transforma-
tion that occurs beyond necking appeared as an opportu-
nity to check the robustness of our approach of the
structure–property relationships in semi-crystalline poly-
mers. In this paper we more specifically address the mech-
anism of lamella fragmentation and the occurrence of
melting–recrystallization.

2. Experimental

The materials supplied by Total-Petrochemicals (Feluy,
Belgium) consisted of four ethylene–hexene copolymers
synthesized by means of Philips chromium–oxide catalysis
and having various amounts of hexene co-units. The
molecular and physical characteristics of the four row
materials are given in Table 1. The copolymer pellets were
compression–molded at 170 �C into 500 lm thick sheets
and quenched into water at room temperature (RT). This

molding methods prevents orientation effects that are
likely to bias mechanical data. A part of these sheets was
annealed at a temperature close to the onset of the crystal-
lization exotherm, as indicated through the Tc data in Table
1, for 15 h in a temperature-regulated silicone-oil bath. The
sheets were subsequently cooled down to RT at a cooling
rate of 10�/min. Another part of the sheets was melted
again at 170 �C and submitted to isothermal crystallization
from the melt at the same temperature as the annealing
treatment, for 15 h using the same silicone-oil bath. In or-
der to prevent oil pollution of the samples during both
treatments, the samples were squeezed between alumi-
num plates tightly jointed thanks to a silicone rubber
gasket.

Differential scanning calorimetry (DSC) was carried out
on a Perkin Elmer apparatus at a heating or cooling rates
of 10 �C/min, using samples of 5–7 mg. The temperature
and heat flow scales were calibrated with high purity in-
dium and zinc samples at the same heating rate. The crys-
tallization temperature, Tc, and the melting temperature,
Tm, were measured at the peak of the crystallization exo-
therm and the melting endotherm, respectively. The crys-
tal weight fraction was computed from the ratio,
Xc = DHm/DHm�, where DHm is the melting enthalpy of
the sample and DHm� = 290 J/g that of the perfect ortho-
rhombic polyethylene crystal [43]. The standard deviation
of the Xc data is about 1%. Crystallinity measurements
regarding drawn samples assumed no recrystallization
during the heating scan, as previously discussed in a recent
paper dealing with the same polymers [42].

Density measurements were carried out in a water–
methanol gradient column regulated at 23 �C. Calibration
was performed by means of glass beads of precisely known
density in the range of interest. The sample density, q, was
determined with an accuracy of 5.10�4 g/cm3.

Raman spectroscopy was carried out on a LabRAM Ara-
mis UV–Vis apparatus equipped with a 600 lines/mm grat-
ing, using the 633 nm radiation of a He–Ne source. This
technique was used to assess the weight fraction of crys-
tal-amorphous interphase, Xi, according to Strobl & Haged-
orn method [44]. More details on the experimental
procedure and spectrum analysis are provided elsewhere
[42]. The accuracy of the Xi data was ±1% in absolute value.

Tensile drawing experiments were conducted at room
temperature (RT) on an Instron tensile testing machine.
The dumbbell-shaped tensile specimens having 22 mm in
gauge length, 5 mm in width were cut out from the sheets.
All materials were drawn till propagation of the necking
over the whole sample length. The natural draw ratio, kN,
was measured on the drawn samples immediately after

Table 1

Molecular and physical characteristics of the row materials.

Materials [C6]
a (mol %) Mn (kDa) Mw (kDa) Tc (�C)

PE-A 1.8 14.3 231 114

PE-B 0.8 15.8 187 114

PE-C 0.1 15.4 216 124

PE-D 0.1 15.0 229 124

a [C6] accuracy is ±0.1%.
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unloading. The high reproducibility of the data (standard
deviation � 2%) gives indication of homogeneity of the
sheets and lack of structural defects.

Small-angle X-ray scattering (SAXS) experiments were
performed on the BM2-D2AM beamline of the European
Synchrotron Radiation Facility (ESRF, Grenoble France)
using a wavelength k = 0.154 nm. The 2D-SAXS patterns re-
corded on a CCD camera (Ropper Scientific) were corrected
for geometry and intensity distortions. The Lorentz-cor-
rected intensity profiles of the isotropic samples, Iq2(q)
where q = 4p sinh/k is the scattering vector, were obtained
by azimuthal integration of the 2D patterns. The long per-
iod of the lamellar stacking, Lp, was determined from the
relation,

Lp ¼ 2p=qmax ð1Þ

where qmax is the scattering vector at the apex of the SAXS
correlation peak. The standard deviation of the Lp data does
not exceed 1 nm. In situ SAXS measurements were also car-
ried out upon drawing at the stage of thoroughly propa-
gated neck at RT using a home-made drawing stage
described elsewhere [31]. The intensity profiles along the
meridian were obtained by projection of the 2D-patterns
on the meridian according to Stribeck’s method [45], be-
fore applying the Lorentz-correction factor.

The crystal thickness, Lc, was computed from the fol-
lowing relation:

Lc ¼ LpXcq=qc: ð2Þ

where qc = 1.00 g/cm3 is the density of the crystalline
phase [43]. This relation assumes much larger length and
width of the crystalline lamellae as compared with
thickness.

All the physical data regarding the thermally treated
samples are reported in Table 2.

3. Results

Fig. 1a shows an example of the in situ SAXS pattern re-
corded during drawing the quenched PE-A sample at the
stage of thoroughly propagated neck. Structural data
regarding the microfibril long period were obtained from
the analysis of the Lorentz-corrected radial intensity pro-
file along the meridian whereas the transverse dimension
of the microfibrils was assessed from the Lorentz-corrected
intensity profile transverse to the meridian reflection.
Fig. 1b shows a molecular sketch of the fibrillar structure
together with its characteristic dimensions. Fig. 1a also
shows the appearance of a diffuse equatorial scattering

originating from interfibrillar cavitation in the central part
of the pattern. Except for PE-A, this central scattering was
so intense in the case of annealed and isothermal speci-
mens that it merged onto the meridian scattering, prohib-
iting quantitative analysis of the SAXS pattern.

In Fig. 2 is shown the Lorentz-corrected intensity profile
of the quenched isotropic PE-A sample computed from azi-
muthal integration of the 2D scattering pattern. The inten-
sity profile of the necked sample also reported in Fig. 2 is
obtained by projection of the 2D pattern on the meridian
axis (see Fig. 1a). The strong difference in intensity results
from several factors: the thinning down of the drawn sam-
ple, the loss of stacking regularity due to the much smaller
extent of the lamellar crystals and the shift to higher q va-
lue of the correlation peak. Nevertheless, it is worth notic-
ing that the shape and width of the scattering peak are
rather similar. The same remark applies to the other
polymers.

The long period, Lpf, of the fibrillar samples is reported
in Fig. 3 as a function of the initial long period, Lp, of the
isotropic materials (see Table 2). As already pointed out
in the comment of Fig.1, the intense central scattering aris-
ing from an early interfibrillar cavitation prohibited quan-
titative analysis of the meridian scattering of annealed and
isotherm samples except PE-A. Thereby, data regarding PE-
B, PE-C and PE-D are only for the quenched samples.

Both Lp and Lpf increase along with the crystallinity of
the isotropic materials. However, in account of data accu-
racy, Lpf is systematically lower than Lp of the correspond-
ing isotropic quenched material. Moreover, Lpf is similar for
the three PE-A samples, irrespective of the morphogenesis
of the lamellar microstructure induced by the thermal
treatment in the isotropic state. This corroborates the pre-

Table 2

Structural and physical characteristics of the copolymers with various thermal treatments (Q = quenched; A = annealed; I = isotherm): crystallinity from DSC,

Xc; density, q; interphase content from Raman spectroscopy, Xi; natural draw ratio, kN; average fibril diameter of the necked sample from SAXS, Df.

Material Xc (%) q (g/cm3) Xi (%) Lp (nm) Tm (�C) kN Df (nm)

PE-A Q 49 0.931 13 17 124.5 3.5 2.8

PE-A A 52 0.937 14 23 126.0 4.0 2.0

PE-A I 53 0.940 1 24 128.0 4.7 1.8

PE-B Q 54 0.940 8 19 128.0 4.2 3.1

PE-C Q 65 0.948 5 20 129.5 4.5 4.0

PE-D Q 69 0.951 4 23 131.5 5.0 5.1

Fig. 1. Structural analysis of the fibrillar structure: (a) in situ SAXS pattern

recorded from the center of the neck of quenched PE-A; (b) molecular

model (draw axis vertical).
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viously reported Lpf dependence on the draw conditions
only and vouch in favor of a complete reconstruction of
the periodic structure during the fibrillar transformation,
namely the destruction–reconstruction or melting–recrys-
tallization scheme.

In Table 3 are reported the crystallinity data of the
necked materials. This Table includes the data regarding
the annealed and isotherm samples of polymers PE-B, PE-
C and PE-D that could not be investigated by SAXS. Com-
parison of the data of every necked sample with its isotro-
pic counterpart prior to drawing indicates that the
crystallinity of the fibrillar materials, Xcf, is little if any
dependent of the initial isotropic morphology. It mainly
depends on the polymer nature and the draw conditions:
more particularly, Xcf is roughly intermediate between
the Xc value of the quenched and annealed samples of
the corresponding isotropic material. As a matter of fact,
the actual recrystallization temperature should be some-

what above the draw temperature RT (also the quenching
temperature) owing to the well-known self-heating effect
in the neck shoulder where a great amount of plastic work
is locally transformed into heat [16]. The actual tempera-
ture should be yet not as high as that of annealing.

The Xcf invariance with regard to the initial morphology
is particularly obvious for PE-B and PE-C which display
substantial variations in Xc as a function of crystallization
conditions. PE-A is not much demonstrative on this point
due to the fact that Xc is already very little sensitivity to
thermal treatment. Regarding PE-D, Xcf seems to be some-
what sensitive to the initial morphogenesis. One may sus-
pect in this case that the very large change in crystallinity
of the samples in the order quenched < annealed < iso-
therm entails an increasingly unstable plastic deformation
that should result in more localized self-heating. This
hypothesis is thoroughly supported by the large increase
of natural draw ratio of PE-D from 5 to 7 in the same order
indicating increasing plastic instability. As a result, the lo-
cal temperature in the sample during necking may jump to
higher values in the order quenched < annealed < iso-
therm, involving thus an improved crystallization potenti-
ality. This is an indirect effect of the initial morphology
that could be annihilated under isothermal drawing, i.e.
at very low strain rate.

The above findings regarding both Lpf and Xcf suggest
that there is no direct memory effect of the initial mor-
phology on the fibrillar structure. This is surprising in con-
sideration that the natural draw ratio-which is a
macroscopic manifestation of the fibrillar transformation-
is fairly well correlated with the initial morphology, as
shown in a previous study regarding the same materials
as the present four ones, for the three different thermal
treatments (see Fig.4 in Ref. [41]). This apparent inconsis-
tency between macroscopic and microscopic findings is
analogous to the one previously pointed out in the intro-
duction and suggests that a memory effect of the initial
morphology on the fibrillar structure does exist. One may
therefore reasonably expect the existence of a fingerprint
of the initial microstructure on one of the structural fea-
tures of the microfibrils.

Studies dealing with the characterization of other struc-
tural items than Lpf in the microfibrillar components of
draw polymers are not abundant. Detailed analyses of
the SAXS patterns of fibers have yet been an early issue
in the domain of structure–property relationships of poly-
mers in view of improving their use properties [46–50]. It
is rather conventional to associate the scattering objects to
the individual microfibrils embedded in a medium of lower
electron density consisting of amorphous chains and cavi-
ties. Alternatively, the scattering elements can be identi-
fied as the crystal blocks within the microfibrils. The
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Fig. 3. Lpf fibrillar versus Lp isotropic.

Table 3

Crystallinity data of the thermally treated isotropic samples, Xc, and the corresponding neck-drawn samples, Xcf (Q = quenched; A = annealed; I = isotherm).

Materials PE-A PE-B PE-C PE-D

Thermal treatment Q A I Q A I Q A I Q A I

Xc (%) 51 52.5 53 54 62 65 65 73 75 70 77 79.5

Xcf (%) 51 53.5 53.5 59 59 60 67 64 69 72 75 78.5
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corresponding models consist of either elongated cylinders
or discs, respectively. In both instances, the analysis of the
radial contribution of the scattering factor can be readily
performed via the so-called Guinier’s approximation lead-
ing to an estimation of the radial size of the scattering ele-
ment which proved to be little dependent on the model.

In the case of a scattering cylinder, the Guinier’s
approximation function is [51],

IðqÞ ¼ Ioexpð�q2R2
f =4Þ ð3Þ

where Rf is the diameter of the scattering cylinder. Eq. (3) is
only valid for qRf � 1. This relation is assumed to be valid
in the case of a population of scattering cylinders having a
narrow distribution of diameters and without interfer-
ences. In this case Rf is the weight-average value of the
diameter distribution.

In practice, the Guinier’s analysis should be performed
about the center of the SAXS pattern where qRf � 1 in all
directions. Unfortunately, the presence of cavities generat-
ing an intense equatorial scattering (Fig. 1a) prohibits the
analysis of the microfibril contribution in this region. How-
ever, benefiting from the unidirectional character of the
scattering factor of the highly oriented microfibrils along
the meridian direction, it has been shown that the Gui-
nier’s analysis can be shifted up to the meridian scattering
arising from the periodic stacking of the crystal blocks
(Fig. 1a) [46–50].

An example of Guinier’s plot is shown in Fig. 4 in the
case of the neck-drawn sample of PE-A-quenched. It clearly
appears that Guinier’s approximation only fits at very low
values of the scattering vector. The computed data of the
microfibril diameter, Df = 2Rf, for all samples are reported
in Table 2. The Df standard deviation does not exceed
0.5 nm.

Assuming that the fibrillar transformation results from
the fragmentation of the crystalline lamellae, as it is largely
admitted in literature, one may suspect that the concentra-
tion of stress transmitters, [ST], has a major role in the pro-
cess. In Fig. 5a are plotted the Df data as a function of the
natural draw ratio (see Table 2) which is a macroscopic

representative of [ST]. The monotonic correlation for the
four quenched polymers confirms the incidence on Df of
the chain topology, in relation to the molecular architec-
ture of the polymers. However, regarding the incidence
of thermal treatment, the data of the PE-A samples crystal-
lized under annealing or isothermal treatment strongly
deviate from the previous relationship of the four
quenched polymers (deviation largely exceeds data accu-
racy). This means that the chain topology resulting from
the morphogenesis of the lamellar structure has a complex
incidence on Df.

From amicroscopic standpoint Fig. 5b, shows the Df plot
as a function of Nitta’s topological factor, Lc/[ST]

0.5, where
[ST] borrows from Brown’s model [28]. Worth noticing is
that Nitta’s factor is featuring the average distance be-
tween neighbor stress transmitters (see Eq. (7) in Ref.
[28]). Similar inconsistency appears between the behavior
of the quenched samples and that of the annealed or iso-
therm samples that confirms the complex incidence on Df

of the chain topology. More precisely, one may conclude
that the concentration of stress transmitters is not the un-
ique topological factor to be taken into account for the inci-
dence of the chain topology on the microfibril diameter.

In their approach of the influence of thermal treatments
on the fibrillar transformation of semi-crystalline poly-
mers, Tarin and Thomas [9] suggested that all chain topol-
ogy defects were likely to contribute in the initiation of
crystal fragmentation. A number of previous studies
regarding the structural habits of PE-based materials have
reported on the existence of an interphase or transition re-
gion at the crystal-amorphous boundary [52–57]. The
interphase weight fraction, Xi, was shown to depend on
both the chain architecture and the crystallization condi-
tions: high regularity chains as well as slow crystallization
result in lower Xi values. For this reason, the interphase
was generally assigned to the gathering all kinds of topo-
logical defects arising from the chain-folding crystalliza-
tion, namely chain entanglements, anchoring of tie
molecules on the crystal, segregated co-units, irregular
chain-folds, chain ends, etc.

The Df data have been plotted in Fig. 6 as a function of Xi

as determined from Raman spectroscopy (see Table 2).
Though the correlation is not perfect, the data deviation
from the average curve is much less than in Fig. 5a and b,
and does not exceed the experimental accuracy. It is worth
noticing that using the Xi data computed from the differ-
ence of crystallinity between density and DSC measure-
ments [42] would give a very similar correlation. Indeed,
the two kinds of Xi data display similar dependence on
molecular architecture and thermal treatment, although
being somewhat different. The correlation of Fig.6 suggests
thus that all chain topology defects located in the inter-
phase contribute to the initiation of the crystal fragmenta-
tion events, not just the stress transmitters between
crystallites such as tie chains and chain entanglements.

4. Mechanism of fibril initiation

Stress transmitters can intuitively be assigned a major
role in the mechanism of microcrack initiation upon strain-
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Fig. 4. Guinier’s plot of the meridian scattering of neck-drawn PE-A-
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ing due to the generation of local stress concentration on
the crystalline lamella surface. Then microcrack propaga-
tion will result into lamella fragmentation prior to fibrillar
transformation. Therefore, the higher the concentration of
stress transmitters the smaller the crystal block size, and

consequently the smaller the microfibril diameter. How-
ever the sketch of Fig. 7 inspired from Tarin and Thomas
[9] depicts how non-adjacent chain folds, that are not ac-
tual stress transmitters, can also play a role in the fragmen-
tation of chain-folded lamellae. As a matter of fact,
considering a microcrack or crystal cleavage propagating
in a chain-folded plane, any non-adjacent chain fold such
as the ones displayed in Fig. 7 generates a barrier effect
that is likely to promote bifurcation. This kind of bifurca-
tion will result in secondary microcracks leading to smaller
crystal blocks, and thereby to slender microfibrils. The phe-
nomenon of microcrack or cleavage bifurcation has been a
matter of extensive experimental and theoretical studies
on various kinds of materials such metal alloys [58,59],
ceramics [60] and polymers [61,62] that support the pres-
ent hypothesis.

One cannot discard the eventuality that an obstacle
ahead of a propagating microcrack such as in Fig. 7 may
generate a microcrack blunting effect. This would result
in a mixture of microcracks and plastic shear within the
crystal fragments that is consistent with Peterlin’s and
Takayanagi’s models. This discussion is yet beyond the
purpose of the present paper.

It is worth pointing out that if melting–recrystallization
actually occurs during the course of the fibrillar transfor-
mation the bundles of molten chains or protofibrils result-
ing from the extraction of blocks from the crystalline
lamellae should retain the width of the blocks. This is the
way how the diameter of the final crystalline microfibril
can keep the memory of the initial morphology in spite
of the transitory melting step. In contrast, the long period
of the recrystallized material should be mainly dependent
on the actual temperature of the melt, which strongly de-
pends on the intensity of the self-heating effect.

5. Conclusion

The fibrillar transformation in semi-crystalline poly-
mers, far below the melting point, involves a destruction–
reconstruction of the semi-crystallinemicrostructure, anal-
ogous to actual strain-induced melting–recrystallization
phenomenon, that obliteratesmost of the structural charac-
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Fig. 5. Df versus (a) natural draw ratio and (b) Nitta’s topological factor (same symbols as in Fig.3).
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Fig. 7. Schematic bifurcation of a microcrack or cleavage propagating

along a chain-folded plane in a crystal lamella (the bold bars stand for

chain-folding topological defects; see text for details).
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teristics of the initial lamellarmicrostructure. The change of
long period that only depends on the draw conditions is the
most relevant hint of this metamorphosis.

In contrast, the present data give evidence that, through
its role on the lamella fragmentation process, the inter-
phase at the crystal-amorphous boundary has a direct inci-
dence on the generation of the nascent microfibrils, more
particularly on their diameter. This microfibril structural
parameter proved thus to be more related to topological
factors of the initial lamellar structure than to experimen-
tal conditions. The partly or thoroughly molten bundles of
chains or protofibrils that are extracted from the crystal-
line lamellae and that subsequently recover a periodic
semi-crystalline structure do retain the memory of some
topological features of the lamellar microstructure through
the mechanism of fragmentation. It is suggested that the
chain topology that governs the distribution of the stress
at a local scale on the crystalline lamella surface plays a
major role in the propagation of microcracks from which
are formed the crystal blocks. Not only the direct stress
transmitters that carry the load between adjacent crystal-
lites but also all topological defects gathered in the inter-
phase during the morphogenesis of the lamellar
microstructure contribute to the memory effect.

The fingerprint of the morphogenesis of the isotropic
semi-crystalline material in the fibrillar transformation
thus lies in the width of the microfibrils, that is reminis-
cent of the fragmentation process. This conclusion is con-
sistent with the hypothesis from several authors that the
fibrillation process is connected with the fragmentation
of the mosaic block structure of the crystalline lamellae.
One may reasonably believe that the misfit of the mosaic
blocks is generated by the presence on the chain folding
surface of topological defects that prevent the chain stems
to settle into perfect crystallographic register. Hence, topo-
logical defects are directly connected with both the micro-
crack initiation and its bifurcation.

The obliteration of the initial long period necessarily
means that strain-induced melting does occur upon tensile
drawing. However, the incidence of the chain topology of
the lamellar material on the microfibril width also means
that the melting–recrystallization process occurs subse-
quently to the lamella fragmentation. This is the way the
molten protofibrils may keep the memory effect or finger-
print of the morphogenesis of the isotropic solid.

Work is in progress for supporting the above conclusion
via in situ SAXS experiments during drawing at various
temperatures above RT. The significant reduction of cavita-
tion with increasing draw temperature promotes the
emergence of the meridian scattering and enables a thor-
ough characterization of the fibrillar structure for the var-
ious materials of the present study in relation to thermal
treatment.
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