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Introduction

Ti alloys are widely used by the aerospace, power generation and biomedical industries because of their excellent mechanical (high specific strength) and corrosion properties. In addition, the automotive industry has shown interest in exploiting the advantages of Ti alloys but high manufacturing costs and difficulties in material processing have hindered the development of significant applications [1]. The most common class of Ti alloys are two-phase a + b alloys, of which Ti-6246 is a high-strength alloy used for relatively elevated temperature applications, such as gas turbine compressors [2,[START_REF] Jr | Titanium: a technical guide[END_REF]. Ti-6246 displays a strong microstructure to mechanical properties relationship, with a and b grain size and morphology playing important roles [START_REF] Bridier | [END_REF]. In addition, crystallographic texture and grain orientation are both expected to play an important role in the deformation behaviour of Ti alloys due to the limited number of easy slip planes and directions available in the hexagonal close-packed crystal structure of the a phase. For instance, prismatic and basal slip in the h11À20i direction (hai slip) are by far the easiest slip modes to activate, with prismatic slip generally considered to be the most dominant one. In contrast, hc+ai slip takes place on the pyramidal plane in the h11À23i direction but is at least three times more difficult to activate than hai slip [5][6][7][8][9][START_REF] Lutjering | Titanium; engineering materials and processes[END_REF][START_REF] Schroeder | [END_REF][12][13]. Consequently, fatigue crack initiation and growth are strongly influenced by a whole range of microstructural features. Bin et al. [1] reported that a coarse and inhomogeneous microstructure possesses a weak fatigue resistance. Other studies showed that the colony microstructure in a + b Ti alloys exhibits the slowest crack growth rate while the fastest rates are found in fine-grained equiaxed microstructures [6,7]. Hall [8] stated that a fine microstructure with a short distance between interfaces, with small grains and without a preferred crystallographic macro-or microtexture is desired for fatigue crack nucleation and early growth resistance in a + b Ti alloys. Yet, for applications where damage tolerance is required, producing a fully lamellar microstructure by processing the material above the btransus enhances the fracture toughness [9,[START_REF] Lutjering | Titanium; engineering materials and processes[END_REF]. Here, the rate applied, when cooling from above the b-transus, plays a defining role in terms of lamellar width, colony size and shape, and consequently the effective slip length [9][START_REF] Lutjering | Titanium; engineering materials and processes[END_REF][START_REF] Schroeder | [END_REF].An important aspect of crack initiation is the tendency of a material to display planar slip or to develop intense slip bands when mechanically loaded. The alloy chemistry, microstructure and substructures affect such a tendency [8]. For instance, a fully transformed lamellar microstructure can develop slip bands going across large colonies and displays a lower low cycle fatigue resistance limit than an a + b annealed microstructure, which exhibits a fine duplex or equiaxed microstructure (duplex being superior to a purely equiaxed microstructure) and therefore has a tendency for shorter slip bands [8][9][START_REF] Lutjering | Titanium; engineering materials and processes[END_REF][START_REF] Schroeder | [END_REF][12]. The matter is further complicated by the Burgers orientation relationship between the a and b phases in Ti alloys, which is responsible for the anisotropy in critical resolved shear stress (CRSS) for the three a/ 3h11À20i(1 0 À1 0) prismatic and the three a/ 3h11À20i(0 0 0 1) basal slip systems [14].

In recent years, the initiation of short cracks and the short crack behaviour at notches have been studied to a great extent [15][16][17][18][19][20] as foreign object damage and geometrical discontinuities in components can be responsible for fatigue crack initiation in aircraft structures. It is well known that notches within components can result in local stresses exceeding the yield strength of the material, resulting in plasticity. Under cyclic loading, this localized plasticity has the potential to cause initiation and subsequent propagation of fatigue cracks, leading to failure of the component [15]. It has also been demonstrated that a short crack at a given stress intensity factor propagates faster than a long crack [16][17][18]. According to Hall [8], a crack is considered to be a short crack when the length of the crack is small compared to the microstructure dimension. He related the accelerated crack growth rate of short cracks to the absence of a roughness-induced crack closure effect.

The observation of a crack by conventional techniques, such as optical or scanning microscopy, on a sample surface may be misleading, particularly for short cracks, as the microstructure has a significant effect on the three-dimensional (3-D) crack shape [20][21][START_REF] Karadge | Conference proceedings of Ti-2007[END_REF][START_REF] Cloetens | [END_REF][24]. In order to study the micromechanics of short crack propagation, it is therefore crucial to characterize non-destructively short cracks in three dimensions, which requires the use of X-ray microtomography. Substantial improvements in synchrotron sources and detector technologies over the last decade mean that sub-micron spatial resolution is now readily available at specialized X-ray microtomography beam lines. In addition, the highly coherent beam at a synchrotron source provides phase contrast that increases the capacity to image low contrast systems [21][START_REF] Karadge | Conference proceedings of Ti-2007[END_REF][START_REF] Cloetens | [END_REF]. Deformation modes are conventionally investigated by undertaking transmission electron microscopy (TEM) studies. Although this provides detailed information on the local scale, it is practically impossible to study a large number of grains to identify if observations of certain deformations modes are indeed typical for the entire material [START_REF] Bridier | [END_REF]. For this reason, electron backscatter diffraction (EBSD) has become an important tool when investigating deformation mechanisms in polycrystalline materials as it enables one to investigate large areas and provides a detailed description of the grain orientations and levels of misorientation within grains.

In the present study, short crack propagation in powderprocessed Ti-6246 with fully lamellar and duplex microstructures has been investigated by means of in situ fatigue testing using synchrotron X-ray microtomography combined with post-mortem EBSD characterization. X-ray microtomography was used to study crack propagation non-destructively in three dimensions but without the crystallographic orientation information. The tomograms were mainly used to monitor the crack path, crack shape evolution, crack bifurcation and arrest, and to relate these observations to the 3-D microstructure, particularly prior b grain boundaries. Additional EBSD mapping provided the necessary crystallographic information of the grains along the crack plane in order to relate local crack propagation to crystallographic orientation. In the light of the new findings in the present study, the hypotheses and postulations regarding fatigue crack propagation are critically reviewed.

Experimental procedures

Material

The alloy used in this study was a powder metallurgical (PM) processed Ti-6246 (Ti-6Al-2Sn-4Zr-6Mo), which 2|13 was provided by Rolls-Royce plc in an as-hot isostatically pressed condition. The reason for using PM-Ti-6246 in this work was the small b grain size of less than 50 lm in the fully lamellar condition, which allowed control of the crack growth in samples small enough for the synchrotron X-ray microtomography experiment. Following standard Ti-6246 heat treatment procedures [START_REF] Jr | Titanium: a technical guide[END_REF], three different model microstructures were produced. The procedure for generating these microstructures are summarized in Table 1. In the case of M1, a fully lamellar microstructure was produced with 5 ± 2 lm wide lamellae and a basket-weave morphology (see Fig. 1a). The heat treatment for M2 resulted in an inhomogeneous microstructure, as can be seen in Fig. 1b. In some areas the microstructure consists of coarse acicular a within b matrix and small-sized equiaxed a precipitated on the prior b grain boundary, while in other regions a relatively fine lamellar microstructure was observed. In some cases the small equiaxed a grains had linked up and appeared as a thick a line on prior b grain boundaries. The prior b grain size was about 50 ± 6 lm. The third microstructure (M3) is shown in Fig. 1c. It displays about 55% of near-equiaxed a with an average grain size of 10 ± 3 lm and a large volume fraction (about 30%) of acicular a within the b matrix. M3 has a similar morphology to a duplex microstructure, as described in Refs. [9,[START_REF] Lutjering | Titanium; engineering materials and processes[END_REF], although in the present case this microstructure was obtained without thermomechanically processing the material. It is worth mentioning that, due to the powder-processing route, all samples had a random crystallographic texture. Electrodischarge machining was used to produce specimens for in situ fatigue experiments with the geometry shown in Fig. 2a. In order to grow a crack in a defined position, a triangular notch (2 lm width, 100 lm long and 20 lm deep) was milled from the surface of the gauge centre using a focused ion beam facility.

In situ fatigue experiment using synchrotron X-ray tomography

The X-ray microtomography experiment was carried out on beam line ID19 at the ESRF, Grenoble, France. The experimental set-up for such study is described in detail elsewhere [21,[START_REF] Karadge | Conference proceedings of Ti-2007[END_REF]24]. It is important to note that a tomography scan, which consists of recording 1500 radiographs in the present case, took about an hour while the sample was kept loaded at maximum stress level. Consequently, dwell fatigue conditions were produced during the experiments that are known to deteriorate the performance of some titanium alloys [START_REF] Bache | Proceedings of the 11th world conference on titanium (Ti 2007)[END_REF]. Each set of radiographs was later reconstructed to a 3-D volume using a The fatigue experiments were carried out in situ with a compact fatigue-testing machine set on the beam line rotating stage. The fatigue test was a tension-tension experiment run at 25 Hz and a maximum nominal stress of 410 MPa, with a stress ratio of R = 0.1. The crack propagation was monitored by repeatedly applying 1000 cycles followed by taking a single radiograph of the notched region. If a significant change in the crack appearance was detected in the radiographs, a tomography scan was recorded. This resulted in 13 tomography scans being taken between 7000 and 27,000 fatigue cycles for M1, nine tomography scans between 25,000 and 89,000 for M2 and five tomography scans between 10,000 and 75,000 for M3. The fatigue test was stopped before specimen failure, in order to examine the sample by means of EBSD. The 3-D data were visualized and analysed using image processing software packages ImageJ and Amira. By measuring the crack dimensions from the tomograms, it was possible to record the crack depth (a) and half crack length (c) throughout the experiment.

EBSD analysis of grain orientation-crack path interaction

Following the analysis of the X-ray tomography data, areas of interest within the fatigued sample were indentified for further EBSD studies. All EBSD scans were carried out using a FEI Sirion field emission gun scanning electron microscope. The microscope is fitted with an HKL-EBSD system and the obtained data were analysed using the Channel 5 software package. Since some aspects of the microstructure had already been recorded during the tomography study, it was possible to accurately align the EBSD maps with the tomograms and study, for instance, the impact of the crystallographic orientation of individual grains on local crack propagation.

Results and discussions

3.1. Crack propagation rates recorded during the in situ fatigue experiment Fig. 2b shows a tomogram of the M1 sample after 27,000 cycles, indicating the three principle planes in respect of the crack and loading direction. The crack front shape can be seen on the ND-TD plane, the crack length (2c) on the LD-TD plane and crack depth (a) from the LD-ND plane, where LD, TD and ND are loading, transverse and normal direction, respectively. The tomograms recorded during the in situ fatigue experiment enabled the visualization of the entire crack by first adjusting brightness and contrast levels of the 3-D image to threshold the crack. In this way an isosurface of the crack shape was created that allowed determining crack depth and width throughout the fatigue experiment. Fig. 3a plots the crack depth (a) and half crack length (c) as a function of fatigue cycle number (N) determined from the tomograms, while Fig. 3b displays the calculated a/c ratios from these measurements. It can be seen from Fig. 3a that c and a reached 210 and 256 lm, respectively, at 27,000 cycles for M1, 187 and 182 lm at 89,000 cycles for M2, and 72 and 55 lma t 70,000 cycles for M3. It is evident that the crack propagated fastest in M1, at an average rate of 1.0 Â 10 À8 , followed by M2 at an average crack propagation rate of 2.3 Â 10 À9 and M3 at an average rate of 5.8 Â 10 À10 . The number of cycles before crack propagation commenced was estimated from Fig. 3a. The threshold for M1 was at about 7000 cycles, for M2 at about 25,000 cycles, whilst the crack started to propagate after about 50,000 cycles in M3. Since all three microstructures had the same notch design, the starting point of the a/c ratio was 0.4 in each case, representing a very shallow crack shape. From Fig. 3b, it is clear that the a/c ratio developed quite differently for M1, M2 and M3. While M1 developed a deep crack (a/c > 1) within less than 20,000 cycles, M2 and M3 only reached near semi-elliptical crack shapes, with an a/ c ratio of 0.97 at 89,000 cycles and 0.75 at 70,000 cycles, respectively.

Since the fatigue experiments of M1, M2 and M3 resulted in significantly different crack propagation rates, it is useful to view the crack shape evolution as a function of crack depth (see Fig. 4). It can be seen that while during the early stage of fatigue cycling the three microstructures display similar rapid deepening of the crack, each microstructure seems to develop a different steady-state a/c ratio during the later stage of the fatigue experiments. Due to beam time restrictions, the fatigue experiment of M3 was stopped before a clear trend of the steady-state a/c ratio 
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was recorded. Therefore such a trend could only be estimated using the available data.

Overall, the effect of microstructure on the crack shape evolution is clearly evident, with M1 displaying the deepest steady-state crack shape (a/c > 1) and also the fastest crack propagation compared to M2 and M3 (a/c < 1). Conventionally, the variation in the crack shape development is explained by the tendency of the crack driving force to restore an irregular crack front shape to a smooth one [17,[START_REF] Goswami | [END_REF]27] and is not considered to be dependent on the microstructure. For this reason, analysis of the stress intensity factor and more detailed observations on the microstructural level were needed. In order to understand the 3-D effects on crack propagation, the stress intensity factor range (DK) was calculated in this study using Raju and Newmans's formulas [28]. The application of these formulas for the specific case here is described in more detail in Ref. [24]. Further theoretical background of 3-D calculation along the crack front can be found in Refs. [18,[29][30][31][START_REF] Newman | Fracture mechanics: proceedings of the 14th symposium[END_REF].

With the knowledge of the depth of the crack in addition to the length of the crack, it was possible to calculate the variation in the stress intensity factor along the crack front after different numbers of fatigue cycle. Fig. 5 shows the calculated maximum stress intensity factor (K max )atU =0°(at sample surface) and U =90°(deep inside the sample bulk). In the case of M1, the calculations show that during the early stage of the fatigue experiment (N < 16,000 cycles) only small variations (<10%) of the stress intensity factor along the crack front were observed indicating that there should be little driving force to change the crack shape. As the crack continued to propagate, the calculated stress intensity factor increased faster near the surface (U = 0 and 180°) compared to deep inside the material (U =90°) (see Fig. 5). Very similar observations were found in case of M2, but at higher fatigue cycle numbers. M3 seems to indicate a similar trend, although insufficient data only allow an estimate of the trend. The calculations along the crack front suggest that, at least for M1 and M2, the crack should become increasingly shallow, which is the opposite of what is observed in Fig. 3b. Ferrie et al. [31] postulated that such discrepancy is related to the variation in the plasticity-induced crack closure along the crack front. Due to reduced constraints in the surface region, an increased level of plasticity can be expected in this region, resulting in significant crack closure. Hence, the effective stress intensity factor might be smaller in the surface region compared to the bulk region, explaining the 3-D shape of the observed cracks. Therefore, the calculations along the crack front using equations in Refs. [28,[START_REF] Newman | Fracture mechanics: proceedings of the 14th symposium[END_REF] are not adequate to explain the observed development of the crack front shape. In order to shed light on this, a more detailed characterization of the crack shape and its relationship to the microstructure are presented in the following sections.

Crack shape analysis

Fig. 6 visualizes the complete crack front evolution as recorded by X-ray tomography during the in situ fatigue experiment for M1, M2 and M3. When comparing the crack front to a perfectly elliptical shape, it is apparent that in some cases the crack front deviates from the ideal elliptical shape, which is referred to here as first-order undulation. The white lines in Fig. 6 highlight the differences in crack front advancement in the upper and lower sides of the crack fronts. It is clear from the figure that the crack fronts in M1 and M2 display large first-order undulation, while the lower and upper sides of the crack advanced in a more similar fashion in M3. In addition, a second-order undulation can be observed that seems to be of a similar length scale as the microstructure. This type of undulation appears to be a dominant feature in M1 and M3, but not so much in M2. Close inspections of the second-order undulation also revealed that some segments of the crack front were slightly retarded at a given number of fatigue cycles and that these segments had displayed accelerated crack growth before the next tomography scan was undertaken. Cox and Morries [17,30] have discussed this phenomenon previously. They postulated that a crack front is highly irregular as some segments are blocked by, for example, grain boundaries, while other segments continue to propagate. Since a blocked segment becomes retarded relative to the rest of the crack, the stress intensity factor amplifies there. Once the obstacle is overcome, the crack propaga- 
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tion in this area resumes at an "anomalously" rapid speed. Consequently, focus was placed on identifying the actual microstructural features in each sample responsible for retardation and advancement of some crack segments.

First-order undulation in M1 and M2 -microstructural aspects

As shown earlier, different crack front shape and degrees of undulation are observed in the three microstructures. Therefore, the crack development within each microstructure will be discussed separately in this section. Starting with M1, which is a fully lamellar microstructure as shown in Fig. 1a, the crack seems to have large first-and secondorder undulations (see Fig. 6). As described in Ref. [24],i t was possible to identify the prior b grain boundaries, which are occupied by grain boundary a, from the tomography data. The a lamellar microstructure is more difficult to identify using X-ray tomography and is only clearly revealed in some areas for specific grey level and contrast settings. Consequently, in terms of microstructural description, the tomograms were mainly used to identify the prior b grain boundaries. A detailed description of the crack shape chronology and crack bifurcation at prior b grain boundaries for M1 has been previously presented in Ref. [24]. Crack bifurcation was only observed in the near surface region and was considered to be a crack-shielding mechanism. Consequently, it decelerates the crack locally [START_REF] Newman | Fracture mechanics: proceedings of the 14th symposium[END_REF]33] and explains the development of a deep crack (Figs. 3and4) and different crack propagation rates between the upper and lower parts of the crack (Fig. 6).

It is evident from Fig. 6 that the crack in M2 has advanced more on the lower side than on the upper side of the crack front. Fig. 7 displays 2-D slices taken from the tomograms recorded on M2 that show the crack chronology and propagation mechanism. The prior b grain boundary is recognized from the tomograms, as described earlier, and is highlighted by a dashed white line. For further clarification, dashed red lines highlight the original notch length and crack advancement in the upper and lower sides. As can be seen from Fig. 7, the crack propagated relatively straight up to 50,000 cycles. Beyond that, the crack started to divert, and a secondary crack emanated from the diverted crack tip at 55,000 cycles. The secondary crack propagation slowed down after 65,000 cycles and the diverted primary crack continued to grow at a significantly accelerated rate. Fig. 7 also demonstrates that crack diversion and bifurcation are clearly related to the vicinity of prior b grain boundaries, which is in agreement with previous observations [24,[34][35][36]. A 3-D analysis shown in Fig. 8 further pinpoints the crack diversion and bifurcation to the triple junction of prior b grain boundaries. Following the crack bifurcation, both branched crack tips grew and aligned with prior b grain boundaries. Fig. 8 also highlights that the crack bifurcation is a feature that is only observed near the surface, not deep inside the material, which explains why the a/c ratio becomes relatively large as the fatigue experiment proceeds even though the calculated maximum stress intensity factor (K max )atU =0°and U =90°are relatively similar. The detailed observations reported here for the upper side of the crack in M2 are in excellent agreement with results reported for M1 in Ref. [24]. Crack bifurcation near the surface, initiated by a diversion of the crack going into mode II growth, suggests an increased ability of the material to shear in this region. 
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The lower side of the crack presents a somewhat different picture, with the crack cutting straight across prior b grain boundaries, displaying a transgranular growth mode. The different crack morphology is accompanied by the crack propagating about 25% faster on the upper compared to the lower side. Fig. 9 compares the 2-D slice of a tomogram recorded after 90,000 cycles (Fig. 9a) with the corresponding band contrast map recorded by EBSD (Fig. 9b). While the 2-D tomogram slice enables one to highlight the prior b grain boundaries, the EBSD map provides further information of the a microstructure. It is evident from Fig. 9b that the microstructure around the crack is not homogeneous; while areas 1 and 2 along the crack consist of two large b grains with a predominantly a colony microstructure (similar to microstructure M1), area 3 exhibits several small b grains and a duplex microstructure (similar to microstructure M3). Fig. 9 also shows that the crack is only diverted in areas 1 and 2 while the crack growths straight in area 3.

A further analysis of the upper (areas 1 and 2) and lower (area 3) parts of the crack propagation in M2 is presented in Fig. 10. It demonstrates that the crack propagation in the lamellar microstructure is always ahead of the crack propagation in the duplex microstructure, suggesting generally better crack propagation resistance in the duplex microstructure. However, apart from an early rapid crack growth in the upper part of the crack until the crack reaches the prior b grain boundary, the crack propagation is relatively slow in both microstructures until 70,000 cycles are reached. Beyond this number of cycles the propagation of the upper part of the crack accelerates significantly, as is clearly shown in Fig. 10, coinciding with the primary crack starting to grow along the former b grain boundary (see also Fig. 7). Interestingly, a similar acceleration of crack propagation is also found for the lower part of the crack at this stage, even though no obvious change in crack morphology or in the duplex microstructure can be observed. This suggests that at this stage the lower part of the crack is significantly affected by the rapid crack propagation of the upper part. Fig. 3 demonstrated that the overall crack propagation in microstructure M1 is significantly faster and the crack tends to develop a larger c/a ratio than in microstructure M2. The analysis presented in Figs. 7 and 10 suggests that the duplex microstructure in the lower part of the crack is the main factor for this difference, as it seems to reduce the driving force of the crack in the upper part to overcome regions where the crack has bifurcated. However, once the upper part of the crack has overcome the obstacle, the duplex microstructure cannot avoid the overall acceleration of the crack propagation in order to maintain a degree of regular crack shape.

Second-order undulation in M1 and M2

In order to obtain an improved description of the microstructure along the crack path in M2 as well as crack behaviour within equiaxed a and b matrix (duplex phase) in M3, secondary electron imaging and EBSD were carried out on the fatigued samples. In general, in metals with a hexagonal close-packed crystal structure, transgranular fracture will be greatly affected by the crystallographic orientation of grains with respect to the applied stress axis due to the limited number of easy slip planes, whilst for intergranular failure the orientation of the boundary plane with respect to stress axis and 
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the misorientation between the grains are critical [34,[START_REF] Dieter | Mechanical metallurgy[END_REF][START_REF] Wright | [END_REF][39]. The crack/microstructure interaction in M1 has been previously described in Ref. [24].

EBSD maps in Fig. 12 of Ref. [24] revealed that the majority of the crack propagation was of a translamellar nature, with only a few segments of the crack having grown parallel to the lamellar interface (referred to as interlamellar). Fig. 11a reveals that similar observations are found in the upper part (lamellar microstructure) of M2, where the crack tends to cross lamellar colonies at a nearly 90°angle to the a/b interface (see area 1, for example). It is concluded that, even though macroscopically the crack appears to be a mode I crack, as usually reported in the literature [START_REF] Bridier | [END_REF]5,[39][40][41][42][43][44], microscopically it seems to be more a mode II or mixed-mode crack interacting closely with the lamellar microstructure. Similar observations were reported by Bridier et al. [START_REF] Bridier | [END_REF] and Hu et al. [5]; however, they did not observe that the crack tends to cross lamellae where the interface boundary is close to 90°. Their findings suggest that, apart from the applied stress, the internal stresses within individual colonies resulting from the elastic anisotropy and constraint during loading can play a significant effect on the interlamellar crack growth.

Overall, there is uncertainty in correlating grain/lamellar boundary morphology and orientation to crack propaga-tion, although it seems to be clear that in two-phase titanium alloys the microstructure plays an important role in affecting the crack path. Consequently, it is important to identify the exact crystallographic orientation of the lamellae along the crack path and relate these to the loading direction. In addition, the crack growth might also be determined by grain boundary misorientation, which again requires detailed studies on the microstructural scale using EBSD, as described in the following paragraphs.

First-and second-order undulation in duplex microstructure (M3)

As described earlier, M3 displayed a small first-order but large second-order undulations, as well as the slowest crack propagation rate among all three microstructures investigated in this study (see Figs. 3 and6). As shown in Fig. 1c, M3 exhibits a duplex-type microstructure that consists of equiaxed a and acicular needle a within the b matrix. Fig. 12 shows 2-D tomogram slices of M3, including the crack after 70,000 cycles on the LD-TD plane along the ND direction. It seems that the crack emanated from the notch and immediately encountered the a-hardened b phase, causing the crack to deviate and cut across the a p phase to find a path along which the crack could grow (see the first 
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and second images in Fig. 12). An indication of slight crack bifurcation is observed near the surface (see the dashed white circle on the third image in Fig. 12); however, the secondary crack quickly arrested near the surface when it encountered the a-hardened b phase. The sequence of slices shows crack bridging along the crack front that is highlighted by the dashed red circles. The indication of crack bridging was further investigated by SEM using, for example, the backscatter imaging mode to distinguish between the equiaxed a (dark regions) and the a-hardened b matrix (bright regions) (see Fig. 13a). It is evident that the crack propagates and diverts within equiaxed a, whilst the a-hardened b matrix shows no sign of the crack (see the dashed red circle), indicating crack bridging. This crack bridging seems to be the cause of the significant second-order crack undulation seen in Fig. 6c and also seems to be the obvious explanation for the comparatively slow crack propagation in M3 compared to M1. In addition, M3 did not display any significant crack bifurcation, which one has to assume is due to the absence of the relatively large b grains seen, for instance, in M1. Close inspection of the tomograms and SEM images recorded on M3 revealed that any onset of crack bifurcation is overcome by crack bridging the relatively small a-hardened b regions. The absence of crack bifurcation seems to eliminate a firstorder undulation and possibly the smallest steady-state c/a crack ratio, although a longer fatigue experiment would have been necessary to confirm the trend suggested in Fig. 4.Itis also clear when comparing M3 and area 3 of M2 that the crack interaction in both cases is very similar, as is the microstructure, further confirming that area 2 of M2 slowed down the overall crack propagation in M2.

Previous studies also identified the transformed b phase in a duplex microstructure as the constituent with a high resistance to crack propagation [7][8][9][START_REF] Lutjering | Titanium; engineering materials and processes[END_REF][START_REF] Bache | Proceedings of the 11th world conference on titanium (Ti 2007)[END_REF]35]. The reason for this has been rationalized in different ways. For instance, the increased number of available slip planes in the b phase, as well as the various crystallographic orientations of the fine a lath structure, is expected to reduce the tendency of planar slip [8,[START_REF] Bache | Proceedings of the 11th world conference on titanium (Ti 2007)[END_REF]. This can then lead to small levels of bifurcation and the development of crack bridges around the b-transformed region, as observed in the present study. At the same time, a duplex microstructure, in the absence of any microtexture, provides a shorter slip length than a columnar lamellar microstructure and hence slows down the propagation of short cracks [9,[START_REF] Lutjering | Titanium; engineering materials and processes[END_REF].

Effect of crystallographic orientation of crack path

One of the central findings in Ref. [24] was that the crack in M1 easily crosses the lamellae favourably oriented for hai basal slip while lamellae with a high Schmid factor for hai prismatic slip and pyramidal hc+ai slip tend to deviate the crack, even though similar CRSS values have been reported for Ti alloys [START_REF] Lutjering | Titanium; engineering materials and processes[END_REF]. This type of analysis was also carried out for M2 and revealed the same result for the lamellar part of the microstructure. Fig. 11a-c shows that the crack grew across lamellae in area 1, where the a lamellae are favourably oriented for basal slip and the normal of the basal plane is close to a 90°angle to the crack. In area 2 the a lamellae were favourably oriented for prismatic slip and consequently the crack had grown parallel to the lamellar interface (referred to as interlamellar). An important microstructural difference between M1 and the areas 1 and 2 in M2 is that in the former case the lamellar microstructure displays a basket-weave morphology (see Fig. 1a), while the lamellar grains in M2 (areas 1 and 2) formed a colony structure (see Fig. 11a). The large misorientation between lamellae associated with a basket-weave microstructure resulted in a strong second-order undulation of the crack shape, as demonstrated in Ref. [24] (see also Fig. 6). In contrast, in areas 1 and 2 of M2 the low level of misorientation of a lamellae within the colonies resulted in a smooth crack shape without second-order undulation (see Fig. 6). It is well established that a columnar lamellar microstructure can provide long unrestricted slip paths [45], resulting in poor low fatigue cycle resistance compared to a lamellar microstructure with a basket-weave morphology, which results in a more tortuous crack path and a lower growth rate [43,46]. While the presence of second-order undulation for the basket-weave microstructure and the absence of such undulation in the columnar microstructure agrees well with previous observations of crack morphology, the differences in crack propagation rates are opposite to what one would expect if only considering the microstructure of areas 1 and 2 in M2. This clearly indicates that the duplex microstructure found in area 3 of M2 had a substantial effect in slowing down the overall crack propagation rate. It is important to note that an accumulation of a needles on the prior b grain boundary in M2 (see Fig. 11d ande) also played a role in decelerating the crack growth rate and acted as a barrier for the crack.

As shown in Fig. 13b, the a and b phase distributions play a vital role in the way the crack propagates and bridges certain microstructure features, which can cause crack bifurcation and first-and second-order undulation. To date, the relevance of basal or prismatic slip during fatigue loading is still unclear, with some work suggesting the dominance of basal slip [12,24] and other work identifying prismatic slip [47][48][49][START_REF] Germain | Proceedings of the 11th world conference on titanium (Ti 2007)[END_REF]. Fig. 13d ande shows that the crack in the duplex microstructure tends to go through primary a that is orientated for prismatic slip, which contrasts with the previous observations in lamellar microstructures where the crack had grown across lamellae that were orientated for basal slip. These contradictory observations might be a result of comparing different microstructures.

A fundamental difference between the microstructures studied in the present case is that the lamellar microstructure requires slip transfer across the a/b interface while this is not necessarily the case in a duplex microstructure between two primary a grains. Therefore slip in a lamellar microstructure might not be dominated by the slip system with the lowest CRSS but the plane and slip direction that provides the easiest path across the a/b interface. Due to the Burgers relationship, slip across the a/b interface should be easiest on the basal plane as this plane provides one Burgers vector that is parallel to one of the (1 1 1) Burgers vectors in the b phase. This is not the case for the prismatic plane that is parallel to a different b (1 1 1) plane. Hence, one could assume that basal slip should indeed be the dominant slip mode in a microstructure that requires a/b slip transfer while in the absence of this requirement the slightly lower CRSS of prismatic slip becomes the dominant aspect. However, experimental observations have not supported this line of argument. For instance, tensile loading experiments of single colony structures have suggested that prismatic slip in a lamellar microstructure tends to have a lower CRSS than basal slip [14].

Fig. 13d and e also shows that the crack in primary a tends to divert within the grains, which was not observed in any of the lamellar microstructures studied here. This difference might be related to the higher multiplicity of prismatic planes compared to basal planes within a single crystal. Hence, while during basal slip only the direction but not the plane can change within an individual grain, prismatic slip could happen on three independent planes.

Finally, it should be noted that researchers have found significant environmental affects on both crack initiation and crack growth for some microstructures in Ti-6246 alloy [START_REF] Mendez | [END_REF][52][53][54]. While in the case of a colony microstructure crack propagation in vacuum and air was similar, in a duplex microstructure significantly faster crack propagation rates were observed in air compared to vacuum [52]. These differences have been discussed in terms of absorbed oxygen and hydrogen decreasing the irreversibility of slip at the specimen surface. Since, in the present work, all experiments were carried out in air and at room temperature, it has not been possible to study the effect of environment. However, oxygen and hydrogen absorption is expected to increase CRSS for basal and prismatic slip to a similar degree [55]. Therefore the change in crack mode observed here does not seem to help understanding the different responses to environment of colony and duplex microstructures.

Conclusions

In the present study powder-processed Ti-6246 was heat treated to give three different microstructures. The samples were studied during in situ fatigue loading using X-ray microtomography on beam line ID19 at the ESRF. The tomography data provided a chronological description of the crack propagation in three dimensions and enabled the identification of prior b grain boundaries. In addition, EBSD studies carried out on the fatigued samples confirmed the role of prior b grain boundaries and identified the importance of the morphology and crystallographic orientation of the equiaxed a, acicular a within b matrix and lamellar microstructures. The main findings of this work can be summarized as follows:

1. The c/a ratio of the crack grown during fatigue loading depends on the microstructure. In the case of a lamellar microstructure, significant crack bifurcation at triple points of prior b grain boundaries is observed near the surface of the sample, which causes the crack to grow deep and cause first-order crack undulation. In a duplex microstructure, significant crack bifurcation is not observed and consequently a shallower crack develops. 2. It was found that the transformed b region in a duplex microstructure displays very high crack resistance, causing crack bridging. It is believed that this is the root cause for the slow crack propagation observed in the duplex microstructure 12|13 3. In a lamellar microstructure with basket-weave morphology, the crack diverted with each change in crystallographic orientation of the lamellae, causing large second-order undulation. In contrast, a lamellar microstructure with large colonies of lamellae of similar crystallographic orientation showed no second-order crack undulation, resulting in a smooth crack shape. 4. It was found that, while the crack tends to propagate across lamellae orientated for basal slip in a lamellar microstructure, the crack prefers a route through primary a preferentially orientated for prismatic slip in a duplex microstructure. A possible explanation for such a change in mode might be that, even though prismatic slip is easiest in the a phase, the requirement for a/b slip transfer in a lamellar microstructure promotes basal slip due to the Burgers relationship and hence growth of cracks in lamellae preferentially orientated for basal slip. 5. It is evident that the crack easily diverts within equiaxed primary a, while crack deflection within a lamellae is not observed. This is possibly related to the crack growing along prismatic planes in primary a giving the choice of the different planes, while a crack growing along basal planes in the lamellar microstructure only has one orientation of plane available. The crack deflection in primary a should be expected to further reduce crack propagation rates.

Fig. 1 .

 1 Fig. 1. Ti-6246 microstructure, SEM images of M1 (a), M2 (b) and M3 (c).

Fig. 2 .

 2 Fig. 2. (a) Schematic geometrical representation of the tested fatigue specimen; (b) 3-D tomographic image (M1-after 27,000 cycle) showing crack shape, crack length (2c) and crack depth (a) visualization at different surfaces.3|13

Fig. 3 .

 3 Fig. 3. Fatigue cycle number vs. (a) crack length and depth (b) a/c ratio.

Fig. 4 .

 4 Fig. 4. Crack aspect ratio (a/c) vs. crack depth (a).

Fig. 5 .

 5 Fig. 5. Maximum stress intensity factor (K max ) vs. fatigue cycle numbers (N) considering the 3-D crack shape effect according to Ref. [28] at U =0°( c) and 90°(a), calculated for different microstructures.

Fig. 6 .

 6 Fig. 6. Superimposed crack front images in different colours taken from X-ray tomography at various fatigue cycles for different microstructures (M1, M2, M3).

Fig. 7 .

 7 Fig. 7. X-ray tomograms showing crack propagation mechanism and crack cronology in M2.

Fig. 8 .

 8 Fig. 8. X-ray tomograms showing crack bifurication at prior b grain triple junction in M2. Following crack bifurication, both crack branched tips aligned with the grain boundary.

Fig. 9 .

 9 Fig. 9. (a) X-ray tomogram of M2 at 90,000 cycles; (b) EBSD-derived band contrast map for the same area as in (a) showing detailed microstructural features in M2.

Fig. 10 .Fig. 11 .

 1011 Fig. 10. Fatigue cycle number vs. crack extension distance from the notch graph, showing different crack tip propagation on the upper and lower sides in M2.

Fig. 12 .

 12 Fig. 12. Microstructure 3. 2-D slices of 3-D X-ray tomograms showing the crack at 70,000 cycles on the LD-TD plane along the ND direction.

Fig. 13 .

 13 Fig. 13. Microstructure 3. (a) SEM image divided into three areas (1-3); (b) EBSD-derived phase map; (c) EBSD-derived inverse pole figure map. (d and e) EBSD-derived Schmid factor maps for areas 1 and 2 in (a), the calculation carried out assuming that basal (in d), and prismatic (in e) slip is activated.

Table 1

 1 Heat treatment procedure for generating microstructure M1, M2 and M3 (WQ = water quenched, AC = air cooled, FC = furnace cooled).

	Microstructure Heat	Heat	Heat
		treatment 1	treatment 2	treatment 3
	M1	2 h 935 °C/WQ	1 h 875 °C/FC
	M2	2 h 960 °C/WQ	2 h 915 °C/AC 12 h 595 °C/AC
	M3	2 h 950 °C/1 °C/min	
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