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Abstract

In comparison with the conventional AISI H11 tool steel, which contains approximately 1wt.% silicon, the modified steel AISI H11
(~0.35 wt.% silicon) exhibits improved tensile and fatigue properties at 550 °C — the estimated tool surface temperature during the high-
pressure injection of aluminium alloys. The effect of silicon on the stability of secondary carbides was studied using transmission electron
microscopy and small-angle neutron scattering. Silicon has a considerable influence on the precipitation of secondary carbides. A higher
volume fraction and density of small particles were observed in the low-silicon-grade steel, both after heat treatment and after fatigue testing.
The final discussion focuses on the influence of silicon in the precipitation sequence. It is concluded that silicon has a detrimental effect as it
shifts the secondary hardening peak towards lower tempering temperatures.
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1. Introduction

Martensitic steels containing 5%Cr were originally devel-
oped for the die casting of aluminium alloys. AISTH11 steel
is probably one of the most widely used among all the existing
hot work die steels. Other typical applications include forg-
ing dies, punches, mandrels, extrusion tools, etc. The main
requirements after heat treatment are high strength and tough-
ness to give a superior resistance to mechanical and thermal
shocks and to the erosive action of molten aluminium [1].
Nevertheless, the fatigue resistance is not totally understood,
as there is no clear correlation between fatigue and tensile
properties. In fact, probably due to an unstable complex mi-
crostructure containing a high density of tangled dislocations
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and secondary carbides, the slightest modification of compo-
sition or heat treatment can have a huge impact on mechanical
properties. This latter fact underpins continued research ac-
tivities and offers several ways of improving the mechanical
resistance of tempered martensitic steels. One of the most
well-known way is the modification of the concentration of
alloying elements directly involved in the precipitation of sec-
ondary carbides, which shifts the secondary hardening peak
towards higher temperatures. These alloying elements can be
divided into two different categories depending on their ef-
fect on precipitation: (a) carbide forming elements such as
Mo, V, W, Nb, etc. and (b) elements only modifying the tem-
pering kinetics such as Co, Si, etc. The effect of silicon on
the tempering behaviour of steels has been widely investi-
gated since the outstanding work by Owen [2] 50 years ago.
However, only limited information exists on alloyed steels
tempered above the temperature of the secondary hardening



peak mainly induced by the intense precipitation of secondary
carbides (hot work steels). The aim of the present work is to
provide such information.

2. Experimental
2.1. Materials and heat treatment

The chemical compositions of the standard and the modi-
fied AISTH11 steels are shown in Table 1. The silicon content
of the modified steel (called LS for low silicon) was strongly
reduced in comparison with that of standard steel (called
HS for high silicon). Heat treatment includes austenitising
at 980 °C for 1 h followed by air cooling, a first tempering
at 550°C for 2h and finally a second tempering for 2h at
625 °C for the HS grade and at 623 °C for the LS grade. The
hardness obtained after heat treatment is close to 42HRC for
the two grades.

2.2. Microstructural investigations

The microstructure of the specimens was investigated by
transmission electron microscopy (TEM) and X-ray diffrac-
tion (XRD). Observations were performed using JEOL 2010
and Philips CM12 microscopes. The latter is equipped with
an energy-dispersive X-ray analyser (EDX). Carbides were
extracted from the martensitic matrix using the well-known
replica technique in order to avoid contribution from the
matrix to the chemical analysis. First, specimens were cut
to small parallelepipeds (4 mm x 2mm x 2mm) and one
side was polished with silicon carbide paper down to 2400
grit. The polished surface was lightly etched with 5 vol.%
nital for 8s before the deposition of a carbon coating
of nearly 35nm onto the etched surface. An extraction
replica was then prepared by electrolytic etching in a so-
Iution of 10vol.% hydrochloric acid in ethanol until the
carbon film was detached and, after washing, collected on
grids.

Selected area diffraction and EDX were performed in or-
der to determine crystal structure and chemical composition
of the carbides. The distribution of carbide sizes was ob-
tained from TEM micrographs for nearly 600 particles per
specimen. In order to evaluate the total weight fraction of
carbides, a dissolution technique of the martensitic matrix
was used. Carbides were extracted by an electrolytic method
described in [3]. Crystallographic structure and chemi-
cal composition analyses were performed using a Brucker

Table 1
Chemical composition (wt.%) of the standard and the modified AISI H11
steels

C Mn Si Cr Mo A% Fe

Standard=HS 040 049 092 505 125 047
Modified=LS 036 036 035 506 125 049

Balance
Balance

D5000 diffractometer equipped with a Cu Ka radiation
source and a graphite crystal monochromator and scintillation
counter.

The neutron scattering experiments were performed at
the Laboratoire Léon Brillouin (CEA-CNRS), Saclay, on
the PAXE small-angle instrument. The wavelength A was
0.6 nm and the sample-to-detector distance (D) was 2 m, cov-
ering a scattering vector (g) range from 0.3 to 1.6nm~!
(g=4m sin 6/, where 26 is the scattering angle). Measure-
ments were performed at room temperature, under a satu-
rating magnetic field of H=2T perpendicular to the incident
neutron beam direction, in order to separate the magnetic and
nuclear scattering cross-sections.

The thickness (e) of samples for small-angle neutron scat-
tering (SANS) experiments, pre-cut and mechanically pol-
ished, is reduced between 0.5 and 1 mm. The measured
transmission values (£97% for ¢=0.5 mm and =90% for
e=1mm) showed that multiple scattering corrections were
unnecessary.

The measured intensities were corrected using the stan-
dard computer programs of the Laboratoire Léon Brillouin
for sample transmission, background intensity as well as de-
tector response [4]. The analysis method has been reported
elsewhere [5].

In the case of ferromagnetic materials, the SANS intensity
is the result of two contributions, nuclear and magnetic, which
depend, respectively, on the difference in composition and in
magnetisation between the particles and the matrix. In terms
of cross-section, the SANS intensity can be written as
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where [ is the diffused intensity, V), stands for the particle
volume, d ¥/dS2 the macroscopic differential cross-section,
Jfp the precipitated volume fraction, and F(q, R) the form fac-
tor of the particle. F(g, R) includes a size distribution function
h(R), which is taken here as two symmetric normalised Gaus-
sian distributions. As the majority of small precipitates ob-
served in TEM has a spherical shape (see the Section 3.2.1),
the particle form factor F(q, R) for spherical particles with
a radius R was used. S(g, R) is the structure factor of the
monodisperse hard-sphere model describing the interparticle
interference effect, which is not negligible for a precipitated
fraction larger than 0.01. This is calculated analytically by
Ashcroft and Lekner [6] from the Percus—Yevick equation.
Apnucl,mag are the nuclear and magnetic contrast terms given

by
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where b is the nuclear or magnetic mean scattering length in
.. . . p,m .

the precipitates (p) or in the matrix (m), and v,;  is the mean

atomic volume either of the precipitates or the matrix. o is



the angle between the magnetisation of the sample and the
scattering vector q.

As the magnetic moments lie parallel to the field H, the
magnetic scattered intensity is zero in that direction and max-
imum in the normal direction. Consequently, the nuclear
cross-section can be measured at « =0, while the sum of the
nuclear and the magnetic cross-section is measured at o« = 77/2.
Subsequently, the magnetic contrast can be calculated by a
simple subtraction. Some information about chemical com-
position can be deduced from the ratio between those two
quantities, called A-ratio. For homogeneous particles, the A-
ratio depends on the chemical composition, magnetisation
and atomic density variations between precipitates and the
matrix, and is given by
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The calculated A-ratio values for vanadium carbides (VC
type) and chromium carbides (M7C3 type) in the a-Fe matrix
are, respectively, equal to 2.2 and 3 .4. Scattering lengths nec-
essary to the calculation of the A-ratio were extracted from
Ref. [7].

The relevant parameters obtained from the fitting of the
relation (1) to the experimental data are:

- the factor J in the relation (1) independent of the size dis-
tribution and containing the fraction of particles:

J = fol Mgyt + Aoy “

- the mean size of the particles (radius R);
- the full-width at the half-maximum of the Gaussian distri-
bution.

An example of comparison between calculated and cor-
rected experimental intensities as a function of ¢ is shown
in Fig. 1. In spite of the different hypotheses formulated to

AISI H11, low silicon grade

In (1)

calculate the corrected intensities, the fit of the relation (1)
to the experimental data is reasonable for all the investigated
specimens.

2.3. Isothermal fatigue testing

Total strain-controlled fatigue tests were carried out
on a servohydraulic testing machine equipped with a
resistance furnace. The axial strain was controlled and
measured with a 10 mm gauge length extensometer. The
waveform of the cycle was triangular at a frequency of
1Hz, the mean strain being zero. Fatigue tests were per-
formed at 550 °C, which is the surface tool temperature in
high-pressure die casting operations [8], with total strain
amplitudes lying between 0.7 and 2.0%. The specimen
surface polishing was performed down to 1 um diamond
suspension.

3. Results
3.1. Tensile and fatigue properties

The tensile properties obtained at 550 °C are shown in
Table 2. Lowering the silicon content results in a noticeable
increase in the 0.2% yield strength. This is an important me-
chanical parameter as the stress calculated on the tool surface
is inferior or close to the 0.2% yield strength depending on the
considered zone on the die. The other properties are slightly
improved (see Table 2).

To compare the two steel grades, both fatigue behaviour
and life duration were analysed. Concerning the cyclic load-
ing, martensitic or bainitic steels have typical fatigue be-
haviour: an overall significant softening till rupture [9-20] as
shown in Fig. 2. The stress amplitude versus number of cycles
curve can be divided into two parts. A sharp softening is ob-
served during the first few hundred cycles followed by a more
gradual softening throughout the greater part of the lifetime.
The dramatic decrease in the stress amplitude at the end of life
is due to the propagation of one or several cracks in the speci-
men gauge length. The cyclic softening is first associated with
a strong decrease of the dislocation density generated during
the quench as particularly shown in [20] and a subsequent
modification of the dislocation structure. The second mech-
anism involved in the softening is the coalescence of precip-
itates [21-24] which also modifies the free slip distances of
dislocations.

Table 2
Tensile properties obtained at 550 °C: comparison between the high silicon
and low silicon grades

q (nm-1)

Fig. 1. Corrected intensities as a function of the scattering vector: compari-
son between measured data and the calculated curve according to Eq. (1).

0.2% yield Ultimate Elongation Reduction
strength (MPa) tensile strength at fracture in area (%)
(MPa) (%)
HS 619 845 19.8 78
LS 675 854 22.6 81
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Fig. 2. Evolution of the stress amplitude according to the number of cycles
showing the significant softening of martensitic steels (Ag;=1%).

The softening amplitude, D, is defined by

(Ao) (AU)
D =|— -\ = , (5)
2 SNz 2 Jn=ni)2

where N is the number of cycles, Nf the number of cycles to
failure and Ao/2 the stress amplitude. Fig. 3 shows that there
is no significant difference between the two grades.

Both the Manson-Coffin and Basquin laws rationalise the
fatigue lifetime. When results are plotted in a Manson-Coffin
diagram (see Eq. (6)), fatigue lifetimes of both grades are
similar, as shown in Fig. 4 [21]. However, when the lifetime
increases, the plastic strain amplitude tends to 0 and the mea-
surement is not possible with a conventional extensometer:

Ag .

— = &N, (©)
where Agp/2 is the plastic strain amplitude measured at half-
life, &} the fatigue ductility coefficient and c the fatigue duc-
tility exponent.
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Fig. 3. Total softening amplitudes as a function of Aep/2 measured at N¢/2:
comparison between the two grades.
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Fig. 4. Manson-Coffin plots obtained at 550 °C.

The results of endurance tests are better expressed as a
plot of the stress range measured at half-life:

Ao

- =¢ (Np)P (N
where C and p are, respectively, the coefficient and the expo-
nent of the Basquin law. When results are plotted in a Basquin
diagram (see Fig.5), the exponent p has the same value for the
two grades and Basquin curves are parallel. Therefore, a life-
time ratio LR between the two grades, which is independent
of the stress range, can be estimated by

®)
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Fatigue lifetimes of the LS grade are nearly five times higher
than those of the HS grade. Consequently, lowering the sil-
icon content in the AISI H11 steel results in increasing the
fatigue lifetime at 550 °C.
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Fig. 5. Basquin plots obtained at 550 °C.
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Fig. 6. Bright-field TEM image of the carbides extracted from the martensitic matrix (low silicon grade).

3.2. Secondary carbides

3.2.1. Sequence of precipitation

After heat treatment, four types of carbides were identified
by diffraction patterns and EDX depending on their morphol-
ogy (see Fig. 6). No significant differences were observed
between the two grades:

(i) facetted carbides with a ratio length/width between 1

and 1.5: hexagonal CrFe carbides (M;C3 type),

(ii) large globular carbides (100-300 nm): face-centred cu-
bic CrFe carbides (M23Cq type),

(iii) elongated carbides: orthorhombic FeCr carbides (M3C
type).

(iv) small globular carbides (<40 nm): face-centred cubic V
carbides (MC type).
M stands for metallic elements.

XRD complementary results, only obtained for the LS
grade, allow the determination of the sequence of precipi-
tation. Fig. 7 shows the evolution of carbide compositions
according to the heat treatment. The results can be sum-
marised as follows: as-annealed steel contains M, C (M =Mo
mainly), M3C (M=Fe mainly), M»3C¢ (M=Fe and Cr
mainly) and a small fraction of MC (M =V mainly) car-
bides. After quenching, only the vanadium carbide (MC)
and small quantities of M3C and M»3Cg, probably not
dissolved during the austenitisation were found. After the
first and the second tempering, X-ray analysis has shown
the presence of MC, M3C, M7C3 and traces of M»3Cg
carbides.

The TEM characterisation of carbides prior to, and after
tempering, confirms the precipitation of MC, M3C and M7C3
carbides during tempering in both grades. Therefore, MC
and M7C3 are unambiguously the main carbides involved in
the secondary hardening peak position and intensity visible
on a diagram presenting tensile strength versus tempering
temperature.

3.2.2. Precipitation of secondary carbides after the
second tempering

For both investigated grades, two different populations of
secondary carbides were identified by TEM after tempering:

Austenitization

MC
Second e
tempering e (MN;CC )

First

tempering
Annealing |Quenching‘ | 550°C }—
M,C MC MC
M,C € (M,,C) M,C
M,;Cq £ (M,C) M,C;
MC € (My;Ce)

Fig. 7. Sequence of the precipitation of carbides.



Fig. 8. Bright-field TEM image of the first population of carbides (note that
the large carbide in the bottom left hand corner is a M3Cg carbide not
dissolved during the austenitisation; low silicon grade).

(i) small carbides with an average size close to 6 nm. This
first population shown in Fig. 8 includes mainly vana-
dium carbides and a significantly smaller quantity of
chromium carbides. However, the determination of the
morphology was not possible with high enough accuracy
for precipitates smaller than 5 nm;

(ii) carbides with an average size in the range 20—40 nm as
shown in Fig. 9. This second population includes both
chromium and vanadium carbides and a few iron car-
bides.

Given a spherical shape, the size corresponds to the car-
bide diameter. For facetted or elongated carbides, the size is
estimated by the addition of the apparent length and width
divided by 2 (TEM observations on replicas).

The size distribution shown in Fig. 10 exhibits a bi-modal
aspect. Clearly, the carbide quantity for the first population
(smaller carbides) is significantly lower for the HS grade.
Conversely, for the second population (larger carbides), the
carbide quantity is much higher for the HS grade. In addi-

Table 3

Fig. 9. Bright-field TEM image of the second population of carbides (low
silicon grade).

tion, the average size of carbides including both populations
is nearly 13 nm for the LS grade. This value should be com-
pared with the mean size of 25 mm for the HS grade. The
results obtained using SANS experiments are in good agree-
ment with the main findings listed above (see the Table 3).
The two populations were identified again. Nevertheless, the
average size of the first population falls between 2 and 3 nm
which is two or three times lower than the value obtained by
TEM. This latter result is consistent with the fact that small
carbides are probably not analysed by TEM and the distri-
bution of size shown in Fig. 10 may largely deviate from the
reality for the first three size intervals. In spite of the shape hy-
pothesis (spherical instead of facetted carbides), the average
size calculated by SANS is close to the estimation obtained
by TEM for the second population.

The experimental value of the contrast ratio A as a function
of the scattering vector is shown in Fig. 11. For large scatter-
ing vectors, A is very close to the value of 2.2 which corre-
sponds to the theoretical value for the vanadium carbide VC.
It means that small carbides are mainly vanadium carbides

Comparison of the estimation of the average size of carbides obtained by SANS and by TEM (o is the standard deviation of the Gaussian distribution)

SANS

First population

Second population

TEM

First population Second population

HS 2.6nm/o =0.4nm
LS 2.3nm/c=0.5nm

33.5nm/oc=2.9nm
36.5nm/o =2.8 nm

6.1 nm/o=3.0nm
6.6nm/c =2.7nm

28.8nm/o=7.0 nm
33.1nm/o=5.7nm
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Fig. 10. Size distribution of secondary carbides: comparison between the
high silicon and low silicon grades.

which is also consistent with EDX analysis. Assuming that
the first population contains only the vanadium carbides, the
volume fraction of the first population can be estimated using
the relationship (4). The volume fraction derived for the LS
and HS grades are, respectively,0.58 and 0.31%. These values
should, however, be compared with the total volume fraction
estimated by the dissolution method which is nearly 6.5% for
both grades. The total volume fraction includes the two pop-
ulations, interlath iron carbides and M»3Cg¢ carbides undis-
solved during austenitisation. However, only the first popula-
tion is involved significantly in the strengthening mechanism
as these fine intralath precipitates offer numerous pinning
obstacles for the dislocations generated by quenching, thus
preventing a quick rearrangement of the tangled dislocations.
Consequently, the higher strengthening observed for the LS
grade can be explained by a higher volume fraction of small
intralath precipitates.

3.2.3. Influence of fatigue loading at 550°C
Hot work die steels are generally simultaneously submit-
ted to both elevated temperature and cyclic stress during ser-

Table 4
Estimation of the average size of carbides after a fatigue test at 550 °C

4 * high silicon grade |
, CrC o low silicon grade
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4 \ -
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Fig. 11. Experimental contrast ratio A vs. g: comparison with the theoretical

values calculated for VC and CryCj; carbides.

vice. It is therefore relevant to investigate to what extent mi-
crostructural parameters are influenced by cyclic mechanical
loading. TEM observations and SANS experiments were per-
formed after a cyclic test at 550 °C with a total strain ampli-
tude of 0.8 and 2%. Results are presented in Tables 4 and 5.

As shown in Table 5, an increase of the average size of
carbides after a fatigue test is observed for both grades. As
the duration of a fatigue test is quite short (less than 1 h for
Aeg; =2.0% including the heating time before starting the test)
and as the testing temperature is 70 °C below the tempering
temperature, it can be concluded that coalescence is only
induced by fatigue. Indeed, a third tempering treatment in
the same time and temperature conditions as the fatigue test
has no effect on the mechanical properties. Such dynamic
ageing has already been observed in other tempered marten-
sitic steels [22-25]. Two different mechanisms can explain
the enhanced carbide coalescence during fatigue. The driving
force for the dynamic coalescence of carbides is the mechan-
ical energy that complements the thermal energy, which, on

SANS

TEM

First population

Second population

First population Second population

Ae=0.8% As=2% Ae=0.8% Ae=2% Ae=0.8% Ae=2% Ae=0.8% Ae=2%
Carbide size (nm) ~ HS 1.9(04) 1.8(04) 31.7 (2.6) 31.1(3.1)  Not observed 33.5(8.5) 36.5 (9.6)
LS 2.3(0.6) 2.1(0.6) 30.8 (2.6) 316 (2.7) 8.1 (3.6) 10.7 (3.3) 34.9 (9.1) 33.1(8.2)

o is the standard deviation of the Gaussian distribution and its values are given in parentheses.

Table 5

Influence of a fatigue test performed at 550 °C on the average size of carbides and the volume fraction of the small carbides

As heat-treated

After fatigue Ae;=0.8% After fatigue Ae;=2%

Average size of carbides (nm) HS 25.0
LS 13.0
Volume fraction (%) of the 1st carbides population HS 0.31

LS 0.58

33.5 36.5

21.4 24.1
0.18 0.06
0.36 0.41
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Fig. 12. Carbon and silicon flux during the coarsening of the cementite.

its own, is not sufficient to provide coalescence. The second
mechanism is associated with pipe diffusion along disloca-
tions, which is strongly affected by high-temperature plas-
ticity. This kinetic effect was precisely described by Eggeler
[22] for creep conditions.

The differences between the LC and HC grades after fa-
tigue are summarised as follows:

- TEM observations show an increase in the average size of
small carbides for the LS grade, whereas small carbides are
no more found in the HS grade (see Table 4).

- The fatigue test induces a decrease of the volume fraction
of small carbides estimated by the relation (4). This effect
is stronger for the HS grade (Table 5).

In conclusion, results indicate that secondary carbides co-
alescence is clearly accelerated under fatigue at elevated tem-
perature for both grades. After fatigue, a higher quantity of
small carbides is revealed in the LS grade which is consistent
with a better fatigue resistance.

4. Discussion: influence of silicon on the precipitation

Silicon in normal concentrations is not a carbide-forming
element in tool steels. However, it is already well known
that silicon inhibits the precipitation of cementite. As one of
the mechanism of nucleation of alloy carbides is the in situ
nucleation at pre-existing cementite particles (i.e. the nuclei
are formed on the interfaces between cementite and ferrite
and the carbon is provided by the cementite), the precipitation
of chromium and vanadium carbides is strongly influenced
by the cementite stability during the first tempering.

Considering a cementite platelet in a Widmanstitten array
during the first tempering as shown in Fig. 12, the coarsen-
ing is strongly dependent on carbon diffusion from the su-
persaturated ferrite towards cementite. As silicon has a very
low solubility in cementite, silicon segregates at the inter-
face carbide/supersaturated ferrite. Several authors [26—28]
have performed chemical analysis close to cementite precipi-
tates showing the high concentration of silicon rejected from
the carbide in ferritic, bainitic and martensitic steels. Conse-
quently, there is a silicon flux in the opposite direction to that
of carbon (see Fig. 12).

The silicon and carbon concentrations as a function of the
distance from the interface are shown in Fig. 13. During the
growth of the cementite, the silicon concentration gradient is
negative near the interface as the silicon is rejected from the

=
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=
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=
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0
cementite | ferrite X

Fig. 13. Concentrations of carbon and silicon near the cementite/ferrite in-
terface during the cementite coarsening and dissolution.

cementite. Conversely, the carbon concentration gradient is
positive as the excess of carbon in the supersaturated ferrite
allows the coarsening of the cementite. The kinetics is differ-
ent as carbon (interstitial) diffuses much faster than silicon
(substitutional). If the influences of all the alloying elements
except silicon are neglected (i.e. a ternary alloy Fe—Si—C is
considered), the carbon concentration gradient driving the
growth of cementite is given by Fick’s first law:

ke 0CC ke 0CSs;i
Jo = — 3cFe§ - %sﬁe?’ ©)

where D%‘Sﬁe is the cross-diffusion coefficient [29].

The influence of silicon on the tempering character-
istics of low-alloyed steels has been extensively studied
[2,26-28,30-36]. Even if discussions are still open [37], it is
well established that silicon significantly delays the softening
process of low-alloyed steels during tempering. There is con-
siderable accumulated evidence that silicon reduces the flux
of carbon required for the growth of cementite. This effect
increases the strength of the steel at a fixed temperature since
carbon remains in interstitial solid solution in the martensitic
lattice or enables higher tempering temperatures to be used
without severe loss in tensile strength. Consequently, the re-
pulsive interaction between carbon and silicon in the marten-
site bulk results in a positive cross-diffusion coefficient in
Eq. (9). The situation is therefore similar to that observed in
austenite as originally shown by Darken [38]. The subsequent
mathematical framework for the diffusion in multicompo-
nent metallic solid solution was developed by Kirkaldy [39].
Due to experimental difficulties, thermodynamic data are not
available for supersaturated ferrite. In addition, there is very
little information on the influence of silicon on the tempering
process at higher temperatures in steels containing sufficient
carbide-forming elements to induce a secondary hardening
peak above 500 °C.

Depending on the nucleation mechanism of alloyed car-
bides, the influence of silicon is summarised as follows:

(i) For in situ nucleation at pre-existing cementite parti-
cles, carbon is provided by the adjacent cementite which
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/

/
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Tempering temperature

Fig. 14. Qualitative influence of silicon content on the secondary hardening
peak.

gradually dissolves. Fig. 13 shows the carbon and sil-
icon concentrations as a function of the distance from
the interface during the cementite dissolution. Accord-
ing to Fick’s first law and since Dg'sl?e > 0, the sil-
icon gradient near the interface induces an increase
of the flux of carbon in the x>0 direction acceler-
ating the dissolution of cementite. Subsequent inten-
sive precipitation of alloy carbides occurs and the sec-
ondary hardening peak tends to be shifted towards lower
temperatures.

(ii) For separate nucleation within the martensitic matrix, the
effect of silicon is a delay in the coarsening of Fe3C to
such an extent that more carbon is available to form a
finer carbide dispersion at lower temperatures just as in
the previous case (i).

Consequently, the main benefits of the silicon addition
seen in low-alloyed steels with high tensile strength [30,32]
are obviously no longer observed in hot-work tool steels as
the secondary hardening peak is shifted towards lower tem-
pering temperatures. As the second tempering is generally
performed above the temperature corresponding to the max-
imum hardening peak (see Fig. 14), an over-ageing for the
HS grade may result in a lower tensile and fatigue strength
which is consistent with the near total dissolution of the small
carbides mentioned in the previous part.

5. Summary

The effects of silicon on fatigue resistance as well as car-
bides precipitation and coalescence have been investigated in
two 5% chromium tool steel grades. TEM observations and
SANS experiments were performed in order to analyse the
variation in the average size and volume fraction of carbides
after a double tempering and a fatigue test. The main differ-
ences between the standard AISI H11 steel containing nearly

1 wt.% silicon and the low silicon grade containing 0.35 wt.%
silicon are summarised as follows:

(1) Higher tensile and fatigue properties at 550 °C were ob-
served in the low silicon grade.

(i) These differences are explained by a higher volume frac-
tion of small secondary carbides (mainly vanadium car-
bides) in the low silicon grade.

(iii) As silicon inhibits the coarsening of the cementite and
promotes its dissolution, carbon is available to form al-
loy carbides at lower tempering temperatures for the
high silicon grade. As a consequence, the secondary
hardening peak of the low silicon grade is shifted to-
wards higher temperatures.

(iv) Reducing the silicon content in steels tempered above
the secondary hardening peak results in a possible use
of the tool in higher in-service temperatures (between
20 and 30 °C for the AISI H11 steel).
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