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Influence of Mg and Li content on the microstructure evolution of Al-Cu-Li
alloys during long-term ageing
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11 Abstract
12
ﬁ The evolution of microstructure during long-term ageing (LTA) up to 3000h at 85°C following a T8
15 heat treatment has been characterised in three Al-Cu-Li-Mg alloys of variable Mg and Li content. A
16 combination of transmission electron microscopy, differential scanning calorimetry and small-angle
17 X-ray scattering has been used to evaluate the evolution of the different phases. In the T8 condition
ig all three alloys contain a high density of T, precipitates together with S precipitates along the
20 dislocations introduced by pre-stretching. In addition, the alloy with highest Li contains &’
21 precipitates. During LTA this last alloy experiences a significant complementary precipitation of 8’.
22 The two other alloys experience a much more limited microstructure evolution, which appears to be
;31 linked to the formation and subsequent evolution of metastable phases (GP and GPB zones) in the
5 regions between T, platelets. The evolution of the alloys’ strength is shown to be well correlated to
26 their microstructure.
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28
:2_3[9) 1. Introduction
g é Al-Cu-Li alloys have experienced a strong development in the last 10 years for aerospace
33 applications [1-4]. Following an initial development mostly restricted to spatial applications before
gé 2000 [5], new chemical compositions, particularly reducing the Li level have emerged [6,7] and are
36 now used in civil aircraft [8].
37 The range of alloy compositions currently of interest is still relatively large [9-19], with Cu
38 generally around 3 wt%, Li contents ranging from 0.7 to 1.5 wt%, a wide range of Mg contents, and
39 the addition of other species such as Ag or Zn. The precipitation sequence resulting from the chosen
jg alloy composition can be complex, associating several paths of metastable and stable phases. A
40 high level of Li favours the formation of the metastable &’ phase [6,20,21]. The association of Cu
43 and Li favours the formation of the T, phase [22-24], which however relies on the presence of
44 dislocations [25-30,19] and Mg [31-35], often complemented by Ag and/or Zn for an efficient
45 nucleation. However, precipitates of the AI-Cu sequence (GP zones, 0°° and 0°, usually) are
js frequently present as well [6,20,36,37]. In the presence of Mg, one can also find precipitates of the
48 Al-Cu-Mg sequence (GPB zones, S’/S) [38—41]. Usually, it is considered that the best mechanical
49 properties in these alloys are found when a majority of T, phase is formed [18,27,30]. Although
50 increasing the Li content helps reaching even higher strength, the 6’ phase is subject to shear
gé localization due to its ordered, shearable nature, and therefore its presence is considered to be
53 unfavourable to the alloy toughness and ductility [42].
54 One of the issues that limited the use of the Al-Cu-Li alloys of the first generation is that their
55 microstructure was not stable during long term ageing (LTA) in service following a T8 ageing
o6 treatment. Particularly, high Li alloys were shown to be susceptible to microstructure evolution at
2; temperatures below 100°C, due to the strong dependence of Li solubility as a function of
59 temperature in this range, to the high mobility of Li and homogeneous nucleation of the &’ phase
60 made possible by its coherent interface with the matrix. In the alloy C458, Ortiz and co-workers
Z; [43] showed a loss of fracture toughness of 40% after 955h at 135°C. Noble and Harris [44]
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obtained similar results, namely a loss of toughness of 43% and an increase of yield strength of
10%, for ageing of 1000h at 100°C on a 2.5wt%Li containing Al-Cu alloy. Katsikis and co-workers
[45] confirmed these results and showed that a 1000h ageing at 70°C resulted in a bi-modal
distribution of &’ precipitates, the smaller ones being formed during low temperature ageing.

Until now, the study of the effect of long term ageing on microstructure and properties has been
limited to alloys whose Li content was larger than 1.5 wt%. To our knowledge, there is no study in
the literature of the alloy stability for lower Li content alloys, despite these alloys being the subject
of the majority of the recent developments. Moreover, no study exists either on the effect of other
solute elements, and in particular Mg, on the long-term ageing behaviour. Therefore, the aim of the
present paper is to describe the response to long term ageing (subsequently named LTA, up to
3000h) at 85°C of three alloys, where the Li and Mg content are varied independently. The three
triplets of (Cu,Li,Mg) contents (in wt%) investigated are (2.8,0.7,0.3) (that we will call base alloy),
(2.3,1.4,0.3) (that we will call high Li alloy) and (2.7,0.8,0.6) (that we will call high Mg alloy). The
microstructure of all alloys is first qualitatively described using Transmission Electron Microscopy
(TEM). The quantification of microstructure evolutions is then achieved by combining Differential
Scanning Calorimetry (DSC) and Small-Angle X-ray Scattering (SAXS). The resulting mechanical
properties are evaluated by tensile tests.

2. Materials and experimental methods

The list of alloy compositions is presented in Table 1. In addition to the three main solute elements
Cu, Li and Mg, all three alloys contain a comparable amount of Ag. They differ in terms of other
solute elements (Fe, Si, Zr, Mn), however these elements, of very low diffusivity, control mainly
the distribution of dispersoids and second phase particles, which are not expected to vary during
long term ageing. However, the resulting grain structure of the three alloys is quite different,
namely fully fibrous for the Base alloy, recrystallized for the High Li alloy and mixed for the High
Mg alloy. This difference of grain structure will have some influence on the visualization of the
precipitates in the SAXS images and on the mechanical properties.

Before long term ageing, the three alloys were subjected to a solution heat treatment adapted to
each composition in order to dissolve undesired phases that could have precipitated during hot
rolling and quenched into water at room temperature. A 2% to 3% deformation was then applied by
stretching. Alloys were then aged to a T8 temper. Following this heat treatment, all long term
ageing treatments were made in a single furnace at 85°C, in order to ensure the best reproducibility.
Ageing times of 1000, 2000, and 3000h at 85°C have been investigated.

TEM samples were prepared by standard procedures of mechanical grinding followed by twin-jet
electropolishing in a nitric acid-methanol solution. Different samples were prepared before and after
long-term ageing, and observed using a FTEM Zeiss EM912 apparatus, which is equipped with an
energy filter allowing for inelastically scattered electrons removal in electron diffraction patterns.
DSC samples were prepared after long term ageing experiments as 4mm diameter disks of typical
weight 30-50 mg. Since only small variations in microstructure during long-term ageing are
expected, a specific procedure for maximizing the data quality was adopted. First, the low
temperature events (until 350°C) were evaluated with a TA200 apparatus, which presents a very
stable baseline. Two successive scans were performed from -50°C to 350°C at 20°C/min, separated
by cooling at 50°C/min. It is expected that after stabilisation of the microstructure at 350°C and
cooling, no thermal events should occur during the second scan. This is valid until 250°C, where
the signal deviates from the baseline, as shown in figure la. Thus, the baseline used for the first
scan, was estimated by fitting the second scan until 250°C with a third order polynomial and
extrapolating this polynomial to 350°C. This baseline includes both the instrumental baseline and
the evolution of the sample heat capacity, so that the resulting signal originates from kinetics
reactions only and should be close to zero when no reaction occurs. The resulting DSC
thermograms will be shown in Figure 10 later in the paper.
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In order to also access the higher temperature thermal events, a Perkin Elmer Pyris] apparatus was
used at the same heating rate, in the temperature range 40°C to 550°C. However, for this apparatus
the baseline measurement using a reference sample is not reproducible enough to detect subtle
differences arising during long-term ageing. Above roughly 480°C, the alloys are completely in
solid solution, which provides a first estimate of the baseline. In the temperature range 40°C-250°C,
the baseline was estimated by subtracting to the experimental data, the baseline-corrected data from
the first set of experiments realized on the TA apparatus. The final baseline on the complete
temperature range was then estimated by fitting a polynomial function on the two temperature
ranges (40-250°C and 480-550°C), as shown in Figure 1b. The resulting thermograms will be
shown in Figure 9 later in the paper. Using this procedure, the best baseline correction and highest
data reproducibility was obtained, as will be shown in the results section.

SAXS experiments were performed with a rotating anode using a Cu Ka target. The beam size on
the sample was approximately Imm in diameter. The 2D SAXS patterns were collected at a
distance of 574mm on a Dectris Pilatus 2 300k detector, giving access to scattering vectors ranging
between 0.02 and 0.35 A

Because precipitates in this system are usually non spherical (T, GP zones, 0’ are platelets of high
aspect ratio), the resulting SAXS patterns present characteristic streaks [46,47]. The distribution of
these streaks and their intensity depends critically on the local distribution of grains probed by the
X-ray beam, and of their texture. Therefore, measuring with a good precision the evolution of the
precipitate microstructures during long-term ageing imposed to use a specific procedure to ensure
that exactly the same sample volume would be probed before and after ageing in each sample. The
samples were first prepared in the T8 state by mechanical polishing down to a thickness of
approximately 80 pm. They were then placed in a sample holder and fixed mechanically. The
sample holder was placed in the furnace at 85°C and removed for each set of measurements, before
being placed in the furnace again for the next ageing sequence. The sample holder positioning with
respect to the X-ray beam was estimated to be better than 100 um. In order to ensure maximum data
reproducibility, 900 measurements were made for each alloy and ageing condition, on a
measurement grid with a step of 100 pm (thus totalling a measurement area of 3mm x 3mm). The
2D patterns that will be shown in the result section are selected individual images, and the
integrated profiles are the sum of all collected data.

Mechanical tests were performed on samples following ASTM ES8 standard. The sample thickness
was 2.5 mm for the Base alloy and the high Mg alloy, and 5 mm for the high Li alloy. Tensile tests
were both performed in the rolling direction (R) and in the transverse direction in the rolling plane
(T). Three samples were tested for each condition, and the standard deviation of the measured yield
strength was 2 MPa.

3. TEM analysis
3.1. Microstructure in TS state

The identification of the hardening precipitation in the matrix was achieved with the help of the
diffraction patterns according to three Al zone axes: [100], [110] and [112]. Figure 2 schematizes
the expected diffraction patterns for the main phases that can be encountered during low-
temperature ageing of these alloys (T; (Al,CuLi), 6’(Al,Cu)/GP zones, &’(Al3Li) / B’(AlsZr),
S/S’(Al,CuMg)), whether as diffraction spots or as streaks when very thin and high aspect ratio
precipitates are observed edge-on. Also, the placement of the apertures that will be used for the dark
field micrographs is shown on these diagrams.

Figure 3, 4 and 5 shows the diffraction patterns in the three zone axes for respectively the base
alloy, the high Mg alloy and the high Li alloy. In the T8 condition, all three alloys contain as the
main precipitate the T; phase. Intense streaks are visible in the <110> and <112> axes,
corresponding to edge-on T, particles. Other variants show strong diffraction spots in the three zone
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axes. From the diffraction diagrams, it is also straightforward to identify the presence of the L1,
phases, which could be a combination of B’ and 6’. In the two low-Li alloys, these reflections have
a relatively low intensity. Using electron dispersive X-ray spectroscopy (EDS) in the TEM revealed
that the L1, precipitates in these two alloys were mostly B’. Back-scattered electrons imaging in a
FEG-SEM confirmed that the spherical particles present in these two alloys have a larger average
atomic weight than Al and therefore are B’ precipitates. In the high Li alloy, however, these
reflections are much more intense (typically more intense than that of the T, phase). Since this alloy
contains a similar amount of Zr, thic increased intensity is related to the presence of a significant
fraction of &’.

The presence of precipitates of the Al-Cu family (GPI, GPII or 0°) is best evaluated by the
observation of the streaks along {002} reflections in the <100> or <110> zone axes. Such streaks
are faintly observed in the base and high Mg alloys, but are difficult to detect in the high Li alloy.
Finally, the presence of the S’(S) phase can be detected both as a cross around the {011} forbidden
reflections of the <100> zone axis, and as streaks along {221} reflections in the <112> zone axis.
The diffraction patterns show that S’(S) phases are significantly present in the base and high Mg
alloy, and to a lesser extent in the high Li alloy.

Figure 6, 7 and 8 show dark field images for the three alloys respectively taken in <110> zone axis
with aperture DF1, in <110> zone axis with aperture DF2, and in <001> zone axis with aperture
DF3 (see Figure 2 for placement of apertures). The dark field images made with aperture DF1
(Figure 6) show edge-on one out of the four variants of T;. In all three alloys a dense distribution of
such precipitates is found, with a projected diameter of 100 to 200 nm, showing that these particles
are the main phase present in the T8 conditions in accordance with the diffraction patterns. Dark
field images made with aperture DF2 (figure 7) show both the L1, precipitates and one out of 3
variants of the GP zones / 0’ precipitates seen edge-on. Concerning the L1, precipitates in the base
and high Mg alloy, it is difficult to conclude on the observed density. Zr being a slow-diffusing
peritectic element in Al, its distribution is known to be very heterogeneous [48] so that some places
may have a high density of B’ and others almost none. However, the high Li alloy clearly shows a
higher density of L1, precipitates, which can be attributed to the presence of 6’ precipitates in the
T8 condition, particularly as this alloy has a very low Zr content. In the three alloys in the T8
condition, very few GP zones / 0’ precipitates are observed. However, in these alloys single layer
GP zones can be stabilized in the T8 condition [6,42] and these may be invisible on conventional
dark field micrographs. Finally, dark field micrographs made with aperture DF3 (Figure 8)
enlighten both the L1, phases and the S’/S precipitates. For the latter, it appears to be present in all
three alloys, particularly in the high Mg alloy, as expected for a Mg-containing phase. The S’/S
precipitates delineate curved linear features that are clearly the dislocations introduced by pre-
deformation prior to ageing.

3.2 Evolution during long-term ageing

Figures 3, 4, 5 and 6, 7, 8 show, along with the diffraction patterns / micrographs of the T8
condition, those after long-term ageing (LTA) of 2000h at 85°C.

Although the diffraction patterns cannot give quantitative information on the evolution of the
different precipitate families, because the diffraction spots intensities depend on the local imaging
conditions (sample thickness, tilt), they make it possible to delineate, if present, the significant
changes that have happened due to the LTA.

For the base alloy, the diffraction patterns do not show any change in the phases present. All spots
and streaks that were present in the T8 condition are still present after LTA, and no new reflections
have appeared. The relative intensity of the reflections seems to be unchanged.

In the high Mg alloy, the same situation is observed. However, it seems from the <110> pattern that
GP zones / 0’ are more present after LTA as compared to the T8 condition.
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For the high Li alloy, the evolution is more substantial. The major change is a strong increase of the
L1, reflections, meaning that a complementary precipitation of 8’ has happened. Besides, it seems
that the intensity of the streaks corresponding to S’/S phase in the <112> zone axis has increased;
however this is not accompanied by an increased in the S’/S reflections in the <001> zone axis so
that it is difficult to conclude from diffraction patterns alone. The GP zones / 0’ streaks are not
observed in <110> zone axis, but are visible in the <001> zone axis both before and after ageing, so
that again a more quantitative description of the microstructure is needed to determine finely the
microstructure evolutions.

The observation of the dark field micrographs is consistent with the above-mentioned findings.
Micrographs made with DF1 aperture show that no visible change of the T, precipitate distribution
has occurred. Whether some subtle evolutions have occurred cannot be established by using the
TEM results alone. Additional information requires complementary experimental techniques, which
average on a larger amount of material, such as DSC or SAXS. These results are presented later in
this paper.

Micrographs made with DF2 confirm, for the high Li alloy, that a new population of &’ precipitates
has appeared during LTA. Along this new population, the micrograph suggests that the size of the
pre-existing &’ has grown. A quantification by image analysis confirmed this impression: in the T8
condition the average radius of the 8’ precipitates is equal to 10 nm, after LTA a clear bi-modal
distribution was observed with respective average radii of 4 and 15 nm.

The dark field micrographs made with DF3 aperture do not show a drastic change in the
morphology of the precipitates present at the dislocations. Although it seems that their presence has
significantly progressed in the base alloy, it is not the case in the Li containing alloy, which is
inconsistent with the reflections observed in the diffraction patterns. In fact, for this latter alloy,
owing to the very high volume fraction of 6’ precipitates present after LTA, the S’/S precipitates
may be partly masked.

4. DSC analysis
4.1. T8 condition

Complementary to the TEM analysis, the initial microstructure has been characterised by DSC. The
complete thermograms are shown in Figure 9 along with the thermograms after long-term ageing,
which will be discussed in section 4.2.

The T8 state is a fully precipitated condition. Therefore, upon heating up to the solid solution
temperature, one can expect mostly endothermic events, corresponding to the dissolution of the
precipitates initially present. The magnitude of the dissolution peaks and their temperature of
occurrence is representative of the thermal stability of the phases present in the T8 state [49,50]. Of
course, some complementary precipitation can occur at higher temperature if some supersaturation
is still present. Dorin et al. [51] studied by DSC and SAXS the evolution during continuous heating
of an AA2198 Al-Cu-Li-Mg-Ag alloy in a condition similar to a T8 state (18h of ageing at 155°C),
and found a secondary precipitation peak between 300 and 350°C corresponding to an increase of
the T, precipitate volume fraction due to the activation of platelet thickening. They also found
another secondary precipitation peak between 350 and 400°C corresponding to the precipitation of
the 6’ phase. Of course, these two secondary precipitation peaks were superimposed with a broad
dissolution peak corresponding to the dissolution of the precipitate microstructure (mainly T; phase
in this case).

Such behaviour is very similar to that observed in our Base alloy, as shown in Figure 9. A broad
dissolution peak is present, starting around 160°C and ending around 470°C. On top of this
dissolution one finds two secondary exothermic peaks, whose temperatures correspond to the two
events cited above. It is visible that the broad dissolution peak contains significant events at
relatively low temperatures (160-300°C) and a second, more clearly defined peak between 360 and
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470°C. Based on the literature, the latter can be identified as the main dissolution peak for the T,
phase. The broad low temperature peak is related to less stable phases, thus probably metastable
ones. These may be Cu-containing GP zones, which are known to be present in this ageing state,
and Mg-containing phases such as remaining Cu-Mg clusters [52].

Concerning now the Mg-rich alloy, we can see a first sequence of endothermic events in the
temperature range 150-320°C, and then a two-stage dissolution peak until full dissolution. The first
two peaks can be more clearly observed on the low temperature data shown in Figure 10. From the
comparison with the extensive literature on Al-Cu-Mg alloy, it is likely that one of the two
dissolution peaks (probably the second one) corresponds to the reversion of GPB zones still present
after the T8 treatment [53,54]. Around 310°C, a small exothermic peak is observed which is very
similar to that observed in the Base alloy, which corresponds most likely to the thickening of the T,
precipitates. As for the main dissolution peak (Figure 9), it is striking that it presents a very
different shape as compared to the Base alloy. In the higher temperature region of this peak (above
400°C) where the solute mobility is very high (after the maximum heat flow recorded), the alloy is
expected to be close to equilibrium and therefore the shape of the peak is representative of the shape
of the solvus boundary. Thus, the relatively modest change in Mg concentration results in a large
change of the solvus boundary and therefore in the fraction of equilibrium phases in the alloy.

The Li-rich alloy presents a series of endothermal peaks. A first endothermal peak is observed at
very low temperature (about 100°C), followed by a second peak between 180 and 250°C, and last
the main dissolution peak with the usual complex sub-structure similarly to that found in the base
alloy. The low-temperature endothermic peak has been observed before in Al-Li binary alloys [55—
57]. In-situ X-ray diffraction experiments on {100} forbidden reflections has shown that this peak
is related to a disordering process of the partially ordered Al-Li solid solution. Actually, this
disordering peak can be also observed faintly in the Base and high Mg alloys on the low
temperature data (Figure 10). The second dissolution peak centred on 230°C, clearly represents the
dissolution of the &’ precipitates present in the initial microstructure. Then, the main dissolution
peak at high temperature corresponds to the dissolution of all other phases, mainly T;.

4.2. Evolution during long-term ageing

As shown in figure 9, the DSC thermogram of the base alloy is barely modified by long-term
ageing. The main high temperature dissolution peak is unchanged, so that it can be concluded that
the equilibrium phases present in the T8 state (particularly T, precipitates) are unaffected by long-
term ageing. However, this is not the case for the lower temperature thermal events. Their
behaviour can be better observed in figure 10, which shows the thermograms obtained with a more
precise baseline correction. The broad dissolution peak that we have attributed to the presence of
Cu GP zones and Mg containing phases, shows a non-monotonous evolution with ageing time. It
evolves in a self-similar manner, with a magnitude increase from 0 to 2000h, followed by a
decrease at 3000h. Together with this behaviour, a similar modification is observed in the
secondary exothermic peak at 350°C, which has been attributed to the formation of 6°. Dorin et al.
[51] have shown in a similar alloy that in an ageing condition similar to a T8 state, a significant
supersaturation in Cu was still present in between the main T; precipitating phase, which could be
precipitated during heating of the alloy at higher temperature by the activation of the thickening of
T, platelets. Therefore, they concluded that this Cu supersaturation was due to the specific nature of
the growth of the T, platelets during initial T8 ageing, namely planar growth as single unit cell
precipitates, which cannot give access to the whole solute field present in the microstructure. This
planar growth stops by hard or soft impingement of the T, precipitates, and the remaining Cu in
between the platelets is trapped until it precipitates as other phases or until thickening of the T,
platelets is activated. It has actually been observed that Cu GP zones are present in between T,
precipitates already in the T8 condition [6,42], and the low temperature dissolution peak of the T8
base alloy can be, at least partially, attributed to their presence.
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Lowering the ageing temperature from the T8 ageing temperature (155°C) to the long term ageing
temperature (85°C) actually increases further this Cu supersaturation, which can activate the further
formation of these GP zones. It might then seem surprising that the magnitude of the DSC
dissolution peak decreases at 3000h of ageing. Actually, this can be simply understood if one
hypothesizes that the GP zones progressively transform into more stable phases (mainly 0°) when
given sufficient ageing time at 85°C. Then we can state that the sequence of events during long-
term ageing is likely to be a complementary precipitation of GP zones, followed in a second stage
by their transformation to 0°. Finally, one can notice on figure 10 that the faint disordering peak at
110°C disappears during long-term ageing in the Base alloy. Although it is difficult to draw firm
conclusions from this fact, this may be the sign of a decrease of the Li content in solid solution.
This Li could go to & precipitates or be associated with Cu-rich precipitates forming during ageing,
particularly with 0°, which is well known to become wetted by &’ in these alloys [6,20,40].
Considering now the high Mg alloy, we can see that the evolution during long-term ageing is very
similar to that of the Base alloy. Similarly, the high temperature peaks are not significantly affected
by the ageing time. As for the low temperature peaks, one can observe a strong increase of the first
and second dissolution peaks. However, this increase is non monotonous, similarly to the situation
in the base alloy, indicating that some of the objects formed during 85°C ageing are transformed
into more stable phases for long ageing times. In this alloy too, the disordering peak at 110°C
almost completely disappears (monotonically) during ageing. This behaviour, much more
pronounced than in the Base alloy, is probably the sign of a decrease of the amount of Li in solid
solution.

Finally, the behaviour of the Li-rich alloy presents by far the most spectacular evolution during
ageing. Again, in this alloy the high temperature behaviour is unchanged by ageing (except for the
3000h case, where the baseline correction seems to be imperfect as shown by the thermogram
above the solvus temperature), consistently with the expected fact that the equilibrium phases are
unchanged by low-temperature ageing. At temperatures below 320°C, however, the evolution of the
signal is dramatic, with a strong evolution of the endothermic peaks, which can be better visualized
on the low-temperature data in Figure 10. The endothermic peak corresponding to the dissolution of
&’ precipitates becomes a double peak, with the apparition of a second peak at lower temperature,
together with an increase of the magnitude of the initial peak. The TEM observations have shown
that during ageing this alloy developed a bi-modal &’ distribution, with large ones corresponding to
that formed during T8 ageing and small ones nucleated during 85°C ageing. Since the small
precipitates are thermodynamically less stable than the large ones, their dissolution peak must be at
lower temperature. Therefore, the observed behaviour is good agreement with the formation of a bi-
modal &’ distribution. From our data it is apparent that the initially present 8’ precipitates do change
also during ageing, since the endothermal events between 250 and 320°C strongly evolve also
during 85°C ageing. Finally, the data in Figure 10 also shows a strong decrease of the low
temperature dissolution peak at 110°C, which comes along with the increased fraction of &’. This is
again consistent with the attribution of this peak to the disordering of the Al-Li solid solution.

5. SAXS analysis

Figure 11 shows representative SAXS images of the three alloys, for the initial states until the
3000h of ageing at 85°C. The initial images are typical of the scattering induced by a majority of
thin platelets, whose scattering appears as streaks in the reciprocal space. The distribution of these
streaks is very different from one alloy to the other. Actually, it depends on the orientation of the
grains probed by the X-ray beam with respect to the beam direction [47,58]. The base alloy has a
fully fibrous structure, due to the presence of Zr and to the specific rolling schedule. Such a fibrous
structure results in a texture presenting some well defined streaks, similar to those that have been
observed in AA2198 alloy of similar grain structure before [6,29,30,46,51]. In contrast, the Li rich
alloy shows a higher number of streaks oriented in seemingly random directions, representative of a
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more random texture. This alloy, due to the Mn content in particular, has a recrystallized grain
structure. The high Mg alloy, with its mixed structure, shows images that are intermediate between
the two others.

In addition to the streaks, it is possible to distinguish in the high Li alloy an isotropic halo, which is
absent from the two other alloys, and which seems to evolve with ageing time. This halo is
characteristic of the &’ precipitates. However it is difficult to deconvolute this isotropic scattering
from the streaks.

Scattering curves were obtained for each of these conditions by radial averaging of each image and
then averaging 900 images per alloy and ageing state. Such averaged curves, representing precisely
the same volume of the sample thanks to the procedure followed for the measurement, are shown in
figure 12.

For the base alloy in the T8 condition, the scattering curve is typical of a microstructure dominated
by platelet precipitates, with a low-q (where q is the scattering vector) behaviour as q, and a large-
q behaviour tending towards q*. The transition between the two regimes happens at a scattering
vector of about 1/t where t is the platelet thickness [47], which is consistent with the known
thickness of T, precipitates in the T8 condition of approximately 1 nm. Long-term ageing does not
change much these scattering curves. A small but consistent increase is observed with progressing
ageing time up to 3000h. This increase is well distributed across all the scattering angles, slightly
more at small scattering vectors.

For the high Mg alloy in the T8 condition, the scattering behaviour is close to that of the base alloy,
however with a less pronounced transition between the low- and high-q regimes. This suggests that
the precipitates are still mostly elongated particles, but that the average thickness has values that are
more distributed and not centred on a precise value as it is the case in the base alloy. This is
consistent with the fact that the high Mg alloy has a larger fraction of S’/S precipitates, whose
thickness may be larger than the 1 nm of the T, precipitates. During LTA, the scattering behaviour
evolves almost in a self-consistent manner, suggesting that the phases that form have a similar
shape as the phases initially present.

The Li-rich alloy presents the strongest evolution. The addition of the signal originating from the
spherical 8’ and the platelet-like T, precipitates gives a signal more difficult to interpret in the T8
condition. However, LTA results in a clear increase of the scattering curve, consistently with the
evidence of the formation of new precipitates. We present in Figure 13 a Kratky plot (I.q° vs. q
where | is the scattered intensity) of the difference between the SAXS signal after and before
ageing. Implicitly, this representation is meaningful only if the precipitates initially present do not
evolve during ageing, so that the difference in scattering can be related to the new precipitates
formed. We know that this is not strictly true, due to the coarsening of the pre-existing 6’
precipitates. However, as a first approximation, this representation should still provide a good
estimate of the nature and fraction of 6’ formed. This data shows that a well-defined signal develops
during ageing with a clear peak in 1.q°, consistently with the formation of spherical precipitates. The
average size of the precipitates calculated from this signal [59] is shown in Table 2. It increases
gradually with ageing time, and the radius measured after 2000h (4.5 nm) corresponds particularly
well with that of the small precipitates measured by TEM (mean radius of 4 nm). The integrated
intensity calculated from the Kratky curves of Figure 15 is also given in Table 2. To convert this
intensity in volume fraction, it is necessary to estimate the composition of the &’ precipitates. We
will use the same assumption as in [57], namely a composition of Li of 23.5%. Then the same
equations as in [57] can be used to calculate the precipitate volume fraction formed from the
integrated intensity which provides a volume fraction of secondary 6’ which increases with ageing
time to reach 10% after 3000h of ageing (Table 2).

6. Evolution of yield strength during long-term ageing

Since the three alloys have a different grain structure (linked to the different Zr and Mn contents), it
is desirable to average the texture effects on the evolution of yield strength. Therefore, mechanical
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testing was realised both in the long (L) and long transverse (LT) directions and we will show an
average of the two results.

Figure 14 shows the evolution of this average yield stress with ageing time. In the T8 condition, the
base alloy is the strongest, and the high Li alloy shows the lowest yield strength. After 3000h of
ageing, the base alloy’s yield strength has varied very little, by less than 20 MPa. The high Mg alloy
shows a somewhat larger variation, around 30 MPa. The high Li alloy shows the largest variation of
the order of 60 MPa. In the end condition of 3000h at 85°C, the three alloys have almost the same
yield strength.

7. Discussion

From the combination of transmission electron microscopy, differential scanning calorimetry and
small-angle X-ray scattering, we have at our disposal a thorough characterization of the
microstructure of the three alloys and their variation during the long term ageing heat treatment at
85°C. Before discussing the effect of LTA on microstructure it is worth summarizing the
similarities and differences between the initial T8 microstructures.

Transmission electron microscopy shows that the three alloys present qualitatively the same main
phases, except for the high Li alloy, which includes already &’ precipitates in the T8 condition. In
the three alloys T; platelets are present with a high density, along with a comparatively lower
fraction of S’/S precipitates along the dislocations introduced in the material during pre-
deformation, and a low number density of 0°. Due to the higher Mg content in the high Mg alloy, it
can be expected that this alloy presents a higher fraction of S precipitates. Actually, the high
temperature behaviour in differential scanning calorimetry (above roughly 400°C) shows that the
distribution of equilibrium phases is significantly different in the high Mg and in the base alloys,
confirming that the proportion of S phase is higher.

The yield stresses from the different alloys are related to the strengthening role of the different
phases. In the T8 condition, the base alloy has the highest yield stress. The high Mg alloy has a
lower yield stress despite a similar Cu content, a similar Li content and a higher Mg content (and
thus a higher total solute content). Since the S phase composition is Al,CuMg, the additional Mg
content in this alloy traps some Cu which is not available for the formation of T, (Al,CuLi). From
this it can be inferred that the strengthening capacity of the S phase is much lower than that of the
T, phase. Actually, the S-containing alloys such as AA2024 present a comparatively lower strength
in the artificially aged condition as compared to the Al-Cu-Li alloys [60] and are usually used in a
naturally aged temper. The high Li alloy shows the lowest yield strength out of the three. Compared
to the base alloy, it has a lower Cu content and a higher Li content. We have seen that it contained
in the T8 condition &’ precipitates, but due to the lower Cu content the T, precipitate volume
fraction will be smaller than that of the base alloy. Therefore, the lower yield strength of this alloy
confirms that 8’ precipitates are much less effective strengtheners as compared to T, precipitates.
The DSC analysis of the T8 condition shows that there is more in these alloys than only the main
phases identified by electron microscopy. A series of low-temperature (i.e. 100-300°C) endothermal
events shows that other metastable phases exist in this condition, some of which are not visible in
the conventional dark field micrographs or in the energy-filtered electron diffraction patterns. First,
the three alloys present a small endothermal peak around 100°C, which is most pronounced in the
high Li alloy, smaller in the high Mg alloy and very faint in the base alloy. Based on former work in
Al-Li binary alloys [55,56], this peak can be related to the loss of a partial Li ordering in solid
solution. It can be inferred from its relatively high value in the high Li alloy that a large fraction of
the Li is still available in solid solution after T8 ageing, reflecting the high Li solubility at the
ageing temperature of 155°C [61,62].

More importantly, all three alloys show large endothermic peaks below 300°C. As shown in [51],
T, precipitates are not expected to dissolve until larger temperatures. The small exothermic peak
superimposed on the global endothermic behaviour at 320°C is related to the thickening of T,
phase, and dissolution of this phase occurs yet at higher temperature. Similarly, the dissolution of



O J o U WD

OO U UTUIUTUITOUTOTOTOT S DB DD DD DDA DWWOWWWWWWWWWNNNNMNNONNMNNNNNNERERRRRR R RPREe
R WNFRFOW®O-JdNT D™ WNROWVW®O-JAUDWNROW®OM-JONUBRWNROWOWTNUB®WNREOWOOW-TI0U NS WNR OO

the S phase does not occur before 350°C. In the high Li alloy, this endothermal peak can be safely
ascribed to the dissolution of 6’ precipitates, because of the large solubility variation with
temperature of Li in Al. In the two other alloys, however, these dissolution events must correspond
to other metastable objects. Cu-rich GPI zones are actually expected in the T8 condition of such
alloys. Besides, Cu-Mg clusters are known to form very rapidly in these alloys [63], and may
evolve to GPB zones. Upon heating, these clusters or GPB zones partially revert around 250°C[64],
which corresponds quite well to the temperature range identified in the present DSC scans. The
reason for which low-temperature metastable precipitates may be present in the T8 condition along
with more stable phases has to do with the particular geometry and nucleation mode of the main
precipitates in these alloys. Both S phase and T, phase nucleate on the dislocations. The S phase
does not grow to large sizes, as observed in detail by [65], presumably due to a shortage of Mg
atoms, and therefore remains in the regions immediately around the dislocations (see Figure 8). The
T, phase rapidly grows, but only a platelets of a thickness of a single unit cell at the temperature of
155°C. Therefore, at the end of the T8 artificial ageing treatment, a large proportion of the material
remains out of range for the diffusion field of the limiting species, namely Cu. When the alloy is
cooled down to ambient temperature, these regions supersaturated in Cu can evolve, forming
clusters or GP / GPB zones, together when available with the remaining Mg.

Now we can discuss the evolution of these initial microstructures with ageing at the intermediate
temperature of 85°C.

A global view of the microstructural evolutions can be obtained from the DSC data. This data
shows that the equilibrium phase distribution, represented by the high temperature dissolution peak
before full solutionizing, are very little modified during long term ageing. Since the equilibrium
volume fraction is dominated by the dense distribution of T; precipitates, as shown by the TEM
images, this stability is not surprising. Actually, it is now well established that at moderate
temperatures in pre-deformed Al-Cu-Li alloys forming T, precipitates, these particles form quickly
at constant thickness [6,30] until their growth is limited by soft and hard impingement, reaching a
stable microstructure state. The remaining supersaturation in between the grown T; platelets can
serve to form other metastable clusters or phases (see previous paragraph), but becomes accessible
to T, precipitates only is temperature is above a critical value necessary for nucleating the extra
ledge necessary for T; thickening. This T, thickness increase is extremely slow at 155°C (several
hundred hours) [30], so that it is expected to be negligible during long term ageing at 85°C.

The less stable phases present in the microstructure, are represented by the low-temperature
dissolution events in the DSC data. These phases evolve significantly with long-term ageing, to a
limited extent for the base alloy, moderately for the high Mg alloy and strongly for the high Li
alloy. In addition, the low-temperature dissolution evolution of the DSC scans is non-monotonous
with ageing time for the two first alloys, whereas it increases monotonically for the high Li alloy.
The effect of LTA on this last alloy is quite simple to understand as it is very clear from the TEM
images, namely it is dominated by the formation of additional &’ precipitates on top of the ones pre-
existing in the T8 condition. The remaining supersaturation left in Li after the T8 treatment can be
simply understood from the evolution of Li solubility between 155°C and 85°C. According to
Garland and Sanchez [61] and Noble and Bray [62] the solubility difference between these two
temperatures in a binary Al-Li alloy is of the order of 2 at%, corresponding to a possibility to form
an extra volume fraction of 8.5% if we consider a constant Li concentration of 23.5% in the
precipitates. Although the situation will certainly be somewhat different in a complex Al-Cu-Li
alloy, this is close from the 10% extra precipitates measured in the present work by SAXS.
Interestingly, the supersaturation appears to be sufficient to nucleate new &’ precipitates in between
the pre-existing ones, while these coarsen at the same time. The resulting strengthening increment is
significant, of the order of 50 MPa. In parallel to this formation of & during LTA, other precipitate
evolutions may happen, however they could not be resolved by TEM and appear to be hidden by
the aforementioned precipitation reaction.



O J o U WD

OO U UTUIUTUITOUTOTOTOT S DB DD DD DDA DWWOWWWWWWWWWNNNNMNNONNMNNNNNNERERRRRR R RPREe
R WNFRFOW®O-JdNT D™ WNROWVW®O-JAUDWNROW®OM-JONUBRWNROWOWTNUB®WNREOWOOW-TI0U NS WNR OO

The effect of LTA on the two other alloys is very different, both quantitatively and qualitatively.
First it is much smaller in magnitude: the microstructure evolution can only be detected by very
sensitive measurements. In the TEM no evolution is observed, either by imaging or by diffraction.
Only with the specific baseline correction of the DSC was it possible to observe a consistent
evolution of the signal, and the SAXS data evolution required very careful measurements, ensuring
that exactly the same sample area was measured for each ageing condition, and making the average
between 900 images for each condition. In parallel, only 10 MPa (base alloy) and 20 MPa (high Mg
alloy) strength evolution are observed, confirming the good stability of these alloys when subjected
to LTA at 85°C. However, small changes occur in the low-temperature regions of the DSC scan,
consistently with the evolution of the SAXS signal, which is distributed widely in terms of
scattering vectors. This last feature corresponds well to additional features of high aspect ratio such
as rods or platelets. Knowing that some degree of supersaturation of the species limiting T,
precipitation, namely Cu, remains in between the platelets, it can be expected to precipitate as
metastable phases during LTA. Depending on the level of Mg in the alloy, a significant level of this
species may also be present in the microstructure, since it precipitates along with Cu in T.
Therefore, a combination of Cu (GPI, GPII zones) and Cu-Mg (clusters, GPB zones) can be
expected to form during LTA in the two alloys, with a higher proportion of the latter in the high Mg
alloy. The fact that the low-temperature dissolution effect in DSC is non-monotonous, whereas the
increase of SAXS intensity or strength is monotonous suggests that during the course of LTA,
metastable phases form first and then start to transform to more stable phases (like 0’ or S).

8. Conclusion

Using a combination of systematic transmission electron microscopy along with more global
techniques (SAXS, DSC and yield strength measurements), the microstructural evolution and
related strength evolution has been characterised during long-term ageing (LTA) up to 3000h at
85°C in three alloys of the Al-Cu-Li-Mg family with different combinations of Cu, Li and Mg.

In the T8 condition, the microstructure of the three alloys is dominated by the presence of the T,
phase. Along with these platelets, the S phase is present along the dislocations introduced by pre-
deformation. In addition, the high Li alloy contains an initial distribution of 6’ precipitates.
Depending on the alloy composition, the microstructure shows a very different level of stability
during LTA. The high Li alloy precipitates an additional fraction of 8’ precipitates of the order of
10%, whereas the two other alloy only form a limited amount of metastable phases in the volumes
in between the T, precipitates. This reflects in the strength evolution, which is largest in the high Li
alloy. However, the base alloy has in the T8 condition the highest strength due to the high
strengthening capacity of the T, phase, so that after 3000h at 85°C the three alloys show a
comparable level of strength.
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Figure(s)

Alloy Cu|Li |[Mg|Ag|Mn |Zr
Base 2.810.7]103 ]0.2]|<0.01|0.14
HighMg | 2.7 0.8 0.6 | 0.3 |<0.01 | 0.14
HighLi [23]14]03 0303 <0.01

Table 1: Composition of investigated alloys (in weight%)

Ageing time | Precipitate radius Integrated intensity | Volume fraction
(nm) (A*) (%)

1000h 3.7 0.0146 5.6

2000h 4.5 0.0205 7.8

3000h 4.9 0.028 10.3

Table 2: Characteristics of the precipitates formed during LTA in the high Li alloy obtained from
the SAXS data
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Figure 1: Differential scanning calorimetry baseline correction method (a) for the low temperature
data and (b) for the full temperature scan
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Figure 2 : Scheme of the spots and streaks expected from the main precipitate phases in the three
main zone axes.
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Figure 3 : Diffraction patterns in the T8 and T8+LTA conditions in the three zone axes for the base
alloy.
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Figure 4 : Diffraction patterns in the T8 and T8+LTA conditions in the three zone axes for the high
Mg alloy.
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Figure 5 : Diffraction patterns in the T8 and T8+LTA conditions in the three zone axes for the high
Li alloy.
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Figure 6 : Dark field transmission electron micrographs in <110> zone axis with the aperture in the
DF1 position described in Figure 2.
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Figure 7 : Dark field transmission electron micrographs in <110> zone axis with the aperture in the
DF2 position described in Figure 2.
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Figure 8: Dark field transmission electron micrographs in <100> zone axis with the aperture in the
DF3 position described in Figure 2.
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Figure 9 : DSC patterns for all alloy and ageing states (complete temperature scan)
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Figure 10 : DSC patterns for all alloys and ageing states (low temperature region)
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Figure 11 : SAXS images for all alloys and ageing states
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Figure 12: Radially averaged SAXS curves for all alloys and ageing states
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Figure 13: Kratky plot of the difference in SAXS intensity between the aged and initial T8
conditions for the high Li alloy
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Figure 14: Evolution of the average of the yield stress between the L and LT loading directions for
the three alloys as a function of the LTA time.



