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In this work, the effect of material dissimilarity on the impingement behavior of a dislocation on
the interface of a bi-crystal is investigated. To this end, impingement of a single edge dislocation
on a Ni-Al interface is studied using molecular dynamics simulations. A dislocation is inserted in
either aluminum or nickel and forced to impinge on the interface by an applied compressive load on
the bi-crystal. We observe that the contact contains defects due to the lattice mismatch between
the materials and hence, the dislocation may impinge on an interface defect or between two defects.
Our results show that the dislocation is directly absorbed by the contact only if it impinges on an
interface defect. Furthermore, it is demonstrated that dislocation transmission occurs only when it
is initially in the Ni crystal. This is explained by looking at the energy of the core of a dislocation.
Moreover, the importance of atomic vibrations is emphasized by performing the simulations at two
temperatures 100 mK and 10 K.
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I. INTRODUCTION

Plastic deformation of metals is dominantly due to
glide of dislocations carrying plastic flow with an intrin-
sic length scale, the Burgers vector. When dislocations
impinge on interfaces, like grain boundaries or contacts,
several phenomena/mechanisms can occur, e.g. stagna-
tion resulting in pile-up, absorption, transmission or re-
nucleation [1–3]. Due to the large variety of variables
involved, e.g. loading, temperature, crystal structure,
dislocation type, relative crystal orientations, etc., it is
rather difficult to predict which physical variable is dom-
inant and which mechanism will prevail. However, both
experimental [4] and computational [5–11] studies have
shown that a critical role in the impingement behavior is
played by the atomic structure of the interface.

A recent study has introduced a characterization of
contacts, the atomic scale contact roughness [12]. This
contact roughness depends simply on the ratio of the to-
tal number of interface atoms, i.e. atoms with different
structure than atoms in the bulk, and the number of
contact atoms (interface atoms which are in compressive
mode) [13]. Interestingly, a clear correlation between the
normal stress at which a dislocation nucleates from the
interface and the contact roughness is found for different
Al bi-crystals and disordered interfaces, while there is
for instance no universal correlation between nucleation
stress and interface energy [12, 14]. Moreover, in Ref. [12]
dislocation impingement on interfaces of Al bi-crystals is
extensively studied and it is concluded that atomic scale
contact roughness is pivotal in the impingement behav-
ior.
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In this work, the aim is to determine how the difference
in material characteristics, i.e. two dissimilar metals, af-
fects the impingement behavior of edge dislocations on
interfaces. To this end, a dislocation is inserted in either
aluminum or nickel, and forced to impinge on a Ni-Al in-
terface by an applied compressive load on the bi-crystal.

This article is organized as follows. In Section II the
computational approach is described. In Section III the
results for impingement from both sides of a Ni-Al inter-
face are presented. Section IV summarizes the conclu-
sions of this study.

II. COMPUTATIONAL APPROACH AND
PROBLEM FORMULATION

The simulations are performed with LAMMPS [15] us-
ing an EAM-potential [16] for nickel and aluminum that
gives accurate surface and stacking fault energies, making
it especially suitable to study the mechanical behavior of
interfaces and dislocations [17]. Aluminum and nickel are
very different in their mechanical properties. The Burg-
ers vectors are 2.49 Å and 2.86 Å and the shear moduli
are 76 GPa and 26 GPa for nickel and aluminum, respec-
tively.

The materials studied in this work, nickel and alu-
minum, are chosen based on their relatively large stacking
fault energy. The length of the stacking fault ribbon dSF
that separates the partial dislocations of a dislocation in
a FCC metal with shear modulus G and Burgers vector
magnitude b is approximately proportional to the inverse
of the stacking fault energy γ:

dSF ≈
Gb2

4πγ
. (1)

Therefore, the larger the stacking fault energy, the
smaller the stacking fault ribbon length. This limits the



2

required dimensions of the system that is modeled, which
is computationally beneficial.

FIG. 1. Schematic representation of the system.

The system is periodic in the x- and y-direction (see
Fig. 1). Both the nickel and aluminum crystals have
the same crystal orientation, as shown in Fig. 1. The
crystal orientation is chosen such that the system has
symmetric slip systems with the (dislocation) slip line
along the short periodic y-axis. The angle of the slip
planes of the two slip systems with the x-axis is ±54.7o.
The y-direction, the direction parallel to the dislocation
line, is taken short (Ly = 2 nm), to model a pure edge
dislocation which does not bow out. Hence, spurious
image forces due to line bowing are avoided [18]. The
simulation box dimensions are Lx = 32 nm, Ly = 2 nm
and Lz = 64 nm.

A dislocation is inserted, in either Ni or Al, through
a prescribed displacement to atoms in the dark grey
(hatched) region in Fig. 2. The value of displacement is b
where the dislocation is inserted and zero at the bottom.
This creates a surface step at the bottom of the crystal.
Upon relaxation, a dislocation emerges that splits into
two partial dislocations.

The dislocation is forced to move towards the interface
by applying a compressive load to the bi-crystal. Eight
atomic (x,y) planes at the top of the bi-crystal are dis-
placed in the negative z-direction, while keeping eight
atomic (x,y) planes at the bottom of the bi-crystal fixed
in the z-direction. The loading is uniformly applied with
a strain rate of 5 × 107 s−1. The velocity of the load
is about three orders of magnitude lower than the speed
of sound in aluminum, so that setting off shock waves is
avoided.

The pressure on the periodic boundaries is kept zero
and the full system is thermalized to 100 mK (un-
less otherwise specified) using a Nosé-Hoover thermostat
through a NPT ensemble in LAMMPS.

FIG. 2. Schematic representation of the dislocation insertion
in either nickel or aluminum.

III. RESULTS

Because of the mismatch of the lattice parameter in
aluminum and nickel the contact contains interface de-
fects as shown in Fig. 3. The spacing of these defects
is approximately five times the lattice parameter of alu-
minum. A dislocation can either impinge on an interface
defect, or between two interface defects where the inter-
face has a perfect FCC environment.

FIG. 3. The contact between Al and Ni showing interface
defects.

Figure 4 shows the distance of the leading partial dis-
location to the contact as a function of strain for both
impingement on and in between defects, when the dislo-
cation comes from the Al side of the contact. It is found
that when the dislocation impinges on the defect, the
distance to the contact becomes zero, indicating that the
dislocation is absorbed by the contact. However, when
the dislocation impinges in between defects, the dislo-
cation stops at approximately 11 Å from the contact.
Hence, only in the first case a step of size b emerges in
the contact. Consequently, the additional step in the con-
tact can have a large impact on the frictional behavior
when the bi-crystal is sheared [19].

The number of atoms with HCP structure is a mea-
sure of dislocation in the crystal, since the atoms in the
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FIG. 4. Distance of the dislocation from the contact for the
impingement of a dislocation coming from the Al side of the
contact on and in between interface defects (Al → Ni).

stacking fault ribbon are of HCP structure. In Fig. 5,
the evolution of the number of HCP atoms as a function
of strain, when the dislocation impinges on the contact
from the Al side, is shown for both impingement on and
in between interface defects. When the dislocation im-

FIG. 5. The number of HCP atoms for the impingement of a
dislocation coming from the Al side of the contact on and in
between interface defects (Al → Ni).

pinges on a defect, the stacking fault ribbon increases
right before impingement, indicating an attractive inter-
action, and then decreases fast once it gets absorbed by
the contact. On the other hand, when the dislocation
impinges between defects, the sudden increase in num-
ber of HCP atoms is not found and as the dislocation

impinges on the contact, the number of HCP atoms stays
approximately constant. Eventually, the number of HCP
atoms increases fast for both cases. This is due to the
fact that dislocation nucleation occurs from other inter-
face defects, at a normal stress of 3.4 GPa. A compressive
test simulation without dislocation initially present in the
bi-crystal shows that the nucleation stress for the same
system without impingement is 3.5 GPa, only slightly
higher than for the case with impingement. Hence, the
nucleation stress is only minorly affected by the impinge-
ment of a single dislocation. This is in line with the
observation for relatively rough contacts in Ref. [12].

The difference in the behavior of impingement on or in
between defects can be explained by looking at the local
normal stress σzz, as shown in Fig. 6 and 7. When a
dislocation impinges on an interface defect, the normal
stress field of the dislocation and the defect partially can-
cel each other. Inversely, when a dislocation impinges
between defects the normal stress fields augment each
other, which is not favorable.

FIG. 6. The normal stress σzz contour right before impinge-
ment on an interface defect.

FIG. 7. The normal stress σzz contour right before impinge-
ment in between defects.

A different behavior is found when looking at the im-
pingement behavior of a dislocation coming from the Ni
side. Figures 8 and 9 show the distance of the leading
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partial to the contact and the number of HCP atoms,
respectively. The results show that when the dislocation
impinges on or in between defects the leading partial dis-
location is directly nucleated into the aluminum (red and
blue curve). However, once the leading partial is nucle-
ated, the dislocation is pinned by the contact. Only for
the case in which the dislocation impinges on a defect,
the dislocation is eventually depinned and moves away in
the Al from the contact. To assess how realistic this is,
we increase the temperature to 10 K. It is observed that
the full extended dislocation is directly transmitted into
the aluminum [20]. This emphasizes the importance of
atomic vibrations for plasticity and also shows that quan-
tum effects, like zero point fluctuations, are expected to
be important for plasticity at low temperatures as shown
in Ref. [21]. Proville et al. [21] show that for approxi-
mately T < 0.5TD, where TD is the Debye temperature,
quantum corrections have to be applied to classical calcu-
lations to account for zero point fluctuations. This means
that results of classical molecular dynamics at low tem-
perature in the context of plasticity have to be treated
with care.

FIG. 8. Distance of the dislocation from the contact for the
impingement of a dislocation coming from the Ni side of the
contact on and in between interface defects (Ni → Al).

In conclusion, it is observed that if a dislocation im-
pinges on the contact coming from the aluminum crys-
tal, the Burgers vector is not transmitted into the nickel
crystal. However, if the dislocation impinges on the con-
tact coming from the nickel crystal, the Burgers vector is
transmitted into the aluminum crystal. Since the Burg-
ers vector of nickel is smaller than the Burgers vector
of aluminum, there is a residual Burgers vector in the
contact of 13 % of the Burgers vector in aluminum. In
general, the residual Burgers vector should be small in
order to have slip transmission [1]. However, a residual
Burgers vector of 0.13bAl is significant and still slip trans-

FIG. 9. The number of HCP atoms for the impingement of a
dislocation coming from the Ni side of the contact on and in
between interface defects (Ni → Al).

mission is observed. This can be explained by looking at
the energetics of a dislocation. The energy of the core
of a dislocation is proportional to the shear modulus and
the Burgers vector squared,

Ed ∝ Gb2. (2)

Substituting the values for shear modulus and Burgers
vector in Eq. 2 shows that the energy of a dislocation is
more than 2 times higher in nickel compared to aluminum
and thus the total energy of the system is lower when the
dislocation is in the Al crystal instead of the Ni crystal.

IV. CONCLUSION

This work provides additional insight into the impinge-
ment behavior of a dislocation on interfaces between dis-
similar metals. Specifically, the impingement behavior of
a single edge dislocation on a Ni-Al interface is studied
using molecular dynamics simulations. Due to the lattice
mismatch between the two materials, two cases arise, one
where a dislocation impinges on an interface defect and
one where a dislocation impinges between interface de-
fects.

Dislocation transmission is only observed when the dis-
location is initially in the material with higher elastic
moduli, Ni in our case. The elastic strain energy de-
creases when the dislocation enters the material with
lower elastic moduli, which makes the transmission en-
ergetically favorable. At realistic temperatures, a dislo-
cation is always expected to be transmitted if the elastic
moduli of the second body are lower and there is an ap-
propriate slip system available. On the other hand, when
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the dislocation impinges while coming from the material
with lower elastic moduli, transmission does not occur
and the dislocation is directly absorbed if it impinges on
an interface defect. However, if it impinges between de-
fects, it is observed that the augmentation of the stress
fields of the interface and the dislocation prevents direct
absorption. The absorption of the impinged dislocation

is expected to have a large impact on the frictional be-
havior of the contact in a subsequent sliding process.

Although this work gives a fundamental idea about
dislocation impingement behavior on interface between
dissimilar metals, a full and comprehensive study involv-
ing multiple materials, crystal orientations and temper-
atures is essential for further development and design of
high-end material systems.
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