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Abstract: A model enabling the determination of the intrinsic mechanical constitutive 

equations of uniaxially stretched polymers is presented. This model takes into account the 

cavitation-induced volume strain which can occur during the deformation of such materials. 

In particular, the true intrinsic axial stress and strain depends on the overall volume strain and 

a form factor depicting the evolution of the voids shape. Based on our model, the true intrinsic 

behaviour of high-density polyethylene (HDPE), polypropylene / ethylene-propylene rubber 

(PP/EPR), and polyethylene terephtalate (PET) was assessed in tension. Compared to the 

overall true behaviour, the intrinsic true behaviour of the materials did not exhibit anomalies 

at large strain levels with changing experimental parameters (strain rate and temperature), and 

can be accurately predicted by means of  phenomenological constitutive equations as the one 

proposed by G’sell and Jonas (1979). 

Key words: amorphous polymer, semi-crystalline polymer, toughened blend, uniaxial tension 

test, volume damage, cavities shape, corrective form factor, intrinsic true mechanical 

behaviour. 

1. Introduction: 

Thermoplastic polymers are currently representing a great issue for various actors of the 

industry to manufacture irregular shaped pieces requiring advanced mechanical properties. 

This is particularly the case for the automotive industry where the demand in thermoplastics 

increases due to their high toughness, coupled with their low density that enables to address 

environmental specifications (Ponçot, 2009). Depending on its formulation (homo-polymer, 

copolymer, branching, use of reinforcing agents…) and on its microstructure (amorphous, 

semi-crystalline...), a given thermoplastic can exhibit a wide range of end-use mechanical 

properties. Accordingly, it is of high interest to identify, analyse, and predict with precision 

the thermo-mechanical behaviour of thermoplastics.  

The deformation mechanisms of polymers depend on their initial microstructures which 

are mainly induced by the formulation and the conformation processes. As a result, 

mechanical behaviour presents significant differences if the polymer matrix is amorphous 

(Boyce and Arruda, 1990; Bartczak et al., 1996; Steenbrink et al., 1997; Vigny et al., 1999; 

Ponçot et al., 2011), semi-crystalline (G’sell et al,. 1997; Amornsakchai et al., 2000; G’sell et 

al., 2002; Addiego et al., 2006; Séguela, 2007; Galeski and Rozanski, 2010; Ponçot et al., 

2009) or filled with rubber particles (Bucknall et al., 1972; Pukansky et al., 1994; Plummer et 

al., 1996; van der Wal and Gaymans, 1999; Nitta et al., 2008; Mae et al., 2008; Ponçot, 
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2009). Chain orientation, shear banding, and damage are the main involved deformation 

micromechanisms whatever the initial microstructure of the considered material. The 

prevalence of one mechanism regarding the others induces such kind of mechanical properties 

differences. 

Although the micromechanisms of deformation of polymers are currently well described 

as a function of the microstructure, a quantitative inelastic modelling is still lacking. Such 

predictive model would facilitate the understanding of the relationship between macroscopic 

behaviour and micromechanisms of deformation. Over the past three decades, several 

constitutive models were proposed to assess the elastic-viscoplastic deformation behaviour of 

solid polymers: 

i) Phenomenologically-based models: Due to the difficulty to implement the elementary 

deformation mechanisms in the constitutive equations, some authors relied on purely 

phenomenological models (G’sell and Jonas, 1979; G’sell and Dahoun, 1995; Chaboche, 

1995; G’sell et al., 1997 and 1999; Khan and Zhang, 2001; Khan et al., 2006; Zaïri et al., 

2007; Regrain et al., 2009). These last authors fitted the nonlinear behaviour of semi-

crystalline polymers by specific mathematical functions taking into account external 

factors as strain rate and temperature.  

ii) Physically-based models: As an alternative, the physical approach was recently illustrated 

by Boyce et al. (2000) describing the elastic-viscoplastic behaviour of amorphous 

polyethylene terephthalate above its glass transition and integrating the strain rate 

dependence. This model was then extended by Azhi et al. (2003) and Richeton et al. 

(2007), taking into account the strain-induced crystallization. Other macroscopic inelastic 

constitutive models for various semi-crystalline polymers were recently proposed by 

Nikolov et al. (2006) and Ayoub et al. (2010 and 2011). In their representation, the 

material was considered as an aggregate of two-phase layered composite inclusions which 

are randomly oriented. These models simulated the macromolecular chains orientation but 

did not consider the volume damage. 

However, as it has been expressed first by Gurson (1977) then by Tveergaard (1981) and 

Lemaitre (1996), the determination and the introduction of the volume deformation in the 

expression of the true stress and strain are essential to provide efficient mechanical 

constitutive equations. Detrez et al. (2011) used a model based on the damage mechanics 

framework introducing a macroscopic damage variable and not the void volume fraction as 

indicator of damage. Investigations based on the Gurson-type description of porous materials 

provided mechanical behaviours caption first limited to spherical voids (Steenbrink et al., 

1997; Laiarinandrasana et al., 2009; Zaïri et al., 2005 and 2008). Recently Zaïri et al. (2011) 

developed a model considering the evolution of voids shape. In particular, voids were first 

supposed spherical at the onset of cavitation, and then with increasing strain level voids 

evolved into ellipsoids with major axis oriented along tensile direction. The gradual 

orientation of the macromolecular chains, the voids shape evolution and the overall volume 

variation were successfully implemented in the mathematical formulation of the constitutive 

model. Therefore, it is of high importance to accurately describe the anisotropic growth of 

voids, using physically realistic damage models such as the one proposed by Gologanu et al. 

(1997).  

This paper focuses on the achievement of the true intrinsic expressions of stress and strain 

during the tensile deformation based on the evolution of void fraction and shape developing in 

the materials. To this end, three thermoplastics presenting different microstructures were 

studied: amorphous polyethylene terephthalate (PET), semi-crystalline high-density 
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polyethylene (HDPE) and isotactic polypropylene filled with ethylene-propylene rubber 

particles (PP/EPR). Void fraction (or volume damage) was calculated in situ during the 

stretching procedure, while the voids shape evolution was determined from post mortem 

microscopic observations. The influence of strain rate and temperature on the intrinsic true 

mechanical behaviour of these three polymers was also investigated. The intrinsic behaviour 

of the materials was compared to that obtained by simulation using the phenomenologically-

based model introduced by G’sell and Jonas (1979). A comparison between the equivalent 

true intrinsic mechanical behaviours deduced from different deformation paths using the Von 

Mises plastic criterion was proposed.  
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2. Experimental section: 

2.1. Materials 

Polyethylene terephtalate 

As amorphous thermoplastics, we selected a grade of polyethylene terephtalate (PET) that 

was supplied by Eastman (Voridian PET 9921). Its average molecular weight is wM  = 51 000 

g.mol
-1

, while its polydispersity is 2 (Ponçot et al., 2011). It was processed by extrusion into 5 

mm-thick plates. Differential scanning calorimetry results, at a standard heating rate of 10 

°C.min
-1

, show
 
a

 
 glass transition temperature of about 75 °C, a melting temperature of 240 °C 

and a cold crystallization temperature of 155 °C. The initial amount of crystallinity of PET is 

equal to 0 since the enthalpies of cold crystallization and fusion compensate one each other. 

Wide-angle X-ray scattering (WAXS) analysis confirms that these PET plates have an 

amorphous microstructure and an isotropic distribution of the chains whatever the spatial 

direction. 

High density polyethylene 

As semi-crystalline thermoplastic polymer, a grade of high-density polyethylene (HDPE) 

manufactured by DuPont Canada (ref.  Sclair 2907) was chosen. Its number and weight 

average macromolecular weights, determined by previous authors (e.g. Amornsakchai et al., 

2000) are equal to nM = 16,800 g.mol
-1 

and wM  = 93,600 g.mol
-1

. Solid cylinders, 110 mm in 

diameter, were extruded by the Plastifab Company (Montréal, Canada). In this process, the 

material is slowly cooled in air after getting out of the die in order to minimize internal 

stresses and favour homogeneous microstructure. 7 mm-thick plates are cut out of the core 

region of the cylinders along planes parallel to the extrusion axis. Differential scanning 

calorimetry results, at the standard heating rate of 10 °C.min
-1

, show
 
a glass transition 

temperature close to - 120 °C, a melting temperature of 135 °C. The weight index of 

crystallinity is found to be equal to 78 wt. % (hydrostatic weighting and differential scanning 

calorimetry) or 76 vol. %. The crystalline morphology is characterized by spherulites of about 

50 µm in diameter composed with regularly twisted lamellae. The long period of the semi-

crystalline stacks, as determined by small-angle X-ray scattering, is equal to 27.3 nm that 

gives, in conjunction with the crystallinity ratio, an average lamella thickness of 20.7 nm. The 

high crystallinity and coarse microstructure of this HDPE, already investigated by previous 

authors (Wunderlich, 1973; Addiego, 2006), are due to its very low content in catalytic 

residues and the absence of nucleating agents. 

Polypropylene / ethylene-propylene rubber 

As engineering thermoplastic, we selected a polypropylene / ethylene-propylene rubber 

(PP/EPR) that was supplied by Total Petrochemicals (ref. PPC 3650). The samples were 

processed by injection moulding into 4 mm-thick plates. The amount of EPR mixed with the 

PP matrix is 17 wt. %. The final blend presents the following average molecular weights: nM  

= 69,000 g.mol
-1

 and wM  = 599,000 g.mol
-1

 (Ponçot, 2009). Differential scanning 

calorimetry analysis, at standard heating rate of 10 °C.min
-1

, reveals two melting peaks. The 

first one at 115 °C corresponds to the melting of polyethylene crystals. The second one at 167 

°C is attributed to the fusion of PP crystals of the -crystalline phase. The polyethylene 

lamellae are identified and localized inside the EPR nodules. It means that these particles have 

a core-shell shape. This characteristic has been previously demonstrated by scanning and 

transmission electron microscopy (Ponçot, 2009). The glass transition temperature of the PP 

matrix is close to 10 °C. The elastomeric phase shows a glass transition at - 40 °C. Typical 
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diameter of these nodules is about 10 µm. Furthermore, additional analyses by wide-angle X-

ray scattering inform that the average crystallinity index of PP matrix is 45 vol. %. The long 

period of the semi-crystalline PP stacks, as determined by small-angle X-ray scattering 

(SAXS), is equal to 19.1 nm that gives, in conjunction with the volume index of crystallinity, 

an average lamella thickness of 8.6 nm. 

2.2. Measurements  

Mechanical testing 

The video-controlled mechanical testing method used in this paper, VidéoTraction


, gives 

access to the true mechanical behaviour of polymers for different deformation paths from 

video measurements performed locally in the middle of the sample. As a result, the 

development of necking is taken into account in the measured mechanical behaviour. To 

ensure the localization of the plastic deformation (necking) at the centre of the sample, a 

slight geometrical defect is machined out in the middle of the gauge length of the dumbbell-

shaped specimen (reduction of 6 % of the specimen width). This specific analysed region is 

called Representative Volume Element (RVE). The axial true strain in the RVE, ε33, is 

obtained by a polynomial interpolation of partial strains measured from the displacement of 

axial markers using Lagrange Transform and following Hencky’s definition. For uniaxial 

tensile testing, the transverse strains in the RVE, ε11 and ε22, are equal if the strain field is 

transversally isotropic in the centre of the neck (Bucknall et al., 1972; Naqui and Robinson, 

1993; Pukansky et al., 1994; G’sell et al., 2002; Addiego et al., 2006; Ponçot, 2009). Lastly, 

the volume strain in the RVE, εv, is simply computed from the trace of the true strain tensor: 

  εv = ε11 + ε22 + ε33 (1) 

The volume strain can be positive, null or negative. In particular, when it is superior to zero 

we call it volume damage (since the “reversible” elastic part keeps weak and can be 

neglected), and in the opposite case (when it is negative) we consider that a compaction 

mechanism is active. 

The axial true stress (Cauchy stress) is determined in the same RVE as the load per unit 

actual cross-section:  

 )2εexp(
S

F
σ 11

0

33  , (2) 

where S0 is the initial cross-section of the tensile specimen.  

More details about the used methodology can be found in previous papers (G’sell et al., 1992; 

G’sell et al., 2002; Addiego et al., 2006; Ponçot, 2009, Ponçot et al., 2011). Note that 

VidéoTraction methodology enables to perform tensile testing at constant axial strain rate.  

All the mechanical tests are performed at 30 °C in case of PP/EPR in order to study the 

influence of the true strain rate (10
-2

 s
-1

, 5.10
-3

 s
-1 

and 5.10
-4

 s
-1

). For HDPE, tests are done at 

three different temperatures (25 °C, 40 °C and 45 °C) at a constant strain rate (10
-3

 s
-1

). For 

PET, the selected temperature is 50 °C to stretch samples in the glassy state at three different 

strain rates (5.10
-3

 s
-1

, 5.10
-4

 s
-1

 and 5.10
-5

 s
-1

). The deformation rates were chosen in such a 

way to ensure a good regulation of the testing machine actuator and to avoid any self-heating 

of the material during the mechanical testing. 
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Scanning electron microscopy 

Scanning electron microscopy (SEM) is used to observe the microstructure of the 

materials, and hence, to identify the strain-induced deformation micro-mechanisms. To this 

end, Post Mortem micrographies are recorded using an environmental Quanta FEG 600 

electron microscope from FEI Company. The advantage of this equipment is its ability to 

work under a wide range of saturated vapour pressures. Accordingly, no more sample 

metallization is necessary to avoid charging effect at the surface of insulating material. The 

selected microscope parameters are: water vapour pressure of 100 Pa and acceleration voltage 

of 5 kV. Most of the images were recorded with the secondary electrons detection mode 

(large field detector). Prior observations, all the samples were submitted at their core to a 

chemical etching in order to reveal their microstructure. This treatment consists in eliminating 

heterogeneous layer induced by the cutting procedure and all other artefacts (Olley et al., 

1982). The chosen solution is a mixture of sulphuric acid, orthophosphoric acid and potassium 

permanganate powder. Polymer samples were soaked during 5 hours using a magnetic stirrer. 

Then, they were rinsed successively in hydrogen peroxide, distilled water and pure ethanol.  

Optical microscopy  

In transmission mode, this technique is used to observe the volume damage in case of a 

translucent material such as amorphous PET. Post mortem observations are conducted after 

recovery of the stretched sample and are performed on 20 µm-thick slices cut using a 

microtome. These samples are taken of the center of the neck where the RVE is localized. 
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3. Experimental results: 

3.1. True mechanical behaviours of PP/EPR and PET as a function of true strain rates 

This study is conducted on the two polymers PP/EPR and PET. Figure 1 shows the true 

mechanical curves of these two materials obtained by the VideoTraction
™

 system in tension 

for three different true strain rates. For both materials, an increase of stress is observed up to 

moderate strain levels with increasing the stretching rate. The yield point is higher in the case 

of PET than in the case of PP/EPR whatever the studied strain rate. After the yield point, 

different amplitudes of softening appear between these two polymers, since PP/EPR is semi-

crystalline and stretched at a temperature higher than its glass temperatures (Tg PP = 10 °C and 

Tg EPR = - 45 °C) and PET is amorphous and stretched in its glassy state (Tg = 75 °C). Then, 

plasticity stage is characterized by a quite large plateau. Finally, strain-hardening takes place 

up to large strain level. However, during the strain-hardening stage, the stress-strain curves 

are not parallel anymore for the two materials, as indicated in figure 1. This phenomenon does 

not enable to predict the tensile behaviour at large strain level using phenomenological 

constitutive equations as the one proposed by G’sell and Jonas (1979). 

3.2. True mechanical behaviours of HDPE as a function of temperature 

HDPE specimens are uniaxially stretched at three different temperatures (25°C, 40°C and 

45°C) in the rubber state since its glass temperature is of about -120°C. Results are presented 

in figure 2. It is to be noted that the tensile curves of HDPE are similar to that of PP/EPR and 

includes a weak softening stage. As expected, stress increases with decreasing temperature up 

to moderate strain level. However, as noted for PET and PP/EPR, for high strain level, true 

stress-strain curves obtained for the different temperatures cross each other, which does not 

permit their simulation.  

3.3. Damage mechanisms: volume strain and voids shape 

By means of a 2D video extensometer, the volume strain is evaluated in situ at the 

macroscopic scale using equation 1. Figures 3 and 4 present the curves collected for PP/EPR, 

PET and HDPE. The influence of strain rate and temperature is quite similar on the 

development of volume damage for the three different materials (figures 3 and 4). In 

particular, the volume deformation increases with strain rate and decreases with temperature. 

In figure 3, for PP/EPR and PET, curves present the same evolution with the axial true strain 

whatever the strain rate. This means that similar voids in terms of shape develop inside each 

material. Polymers stretched in the glassy state, such as the amorphous PET, show the highest 

amount of voids. At very large strain values, we can note differences between the volume 

strain behaviours of PP/EPR and PET. In the first case (figure 3 a)), we observe a plateau 

followed by a slight decrease. For PET (figure 3 b)), linearity keeps constant until failure of 

the tensile specimen.  

In the case of HDPE (figure 4), the volume strain is lower than that of the two previous 

materials whatever the strain level. This is due to the fact that HDPE is stretched in a highly 

viscoelastic state (TgHDPE = - 120 °C). As previously exposed by Addiego et al. (2006), a 

slight compaction is observed during the first step of plasticity at the highest temperature (45 

°C). This unusual phenomenon of compaction is mainly caused by the strain-induced chain 

orientation of amorphous phase that is facilitated with increasing temperature, while 

cavitation mechanisms are hindered (Addiego et al., 2006). 
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To identify the morphology of the cavities developing within the materials during the 

plastic deformation by stretching, post mortem microscopic observations were made after the 

viscoelastic recovery. Figure 5 shows the RVE microstructure of PP/EPR after stretching 

procedure at 30 °C and 5.10
-3

 s
-1 

up to the axial true strains of 0.3, 0.5 and 1.4.  

These SEM micrographies exhibit quite large cavities induced by the tensile test. It appears 

that volume damage mostly takes place inside the EPR nodules due to their core-shell 

microstructure (Mae et al., 2008; Ponçot, 2009). Indeed, stresses concentration localized 

around the particles are transferred to the extremities of their internal rigid part made of 

independent PE crystalline lamellae. Voids show an evolution of their shape from a spherical 

state (micrographies a) and b) of figure 5) to an ellipsoidal state similar to cigars 

(micrography c) of the figure 5) because it was previously shown that the EPR nodules align 

along the stretching direction (van der Wal and Gaymans, 1999). Close to the sample 

breaking, the PP/EPR microstructure is highly fibrillar. 

In the case of glassy PET, an important dilatation is recorded (Figure 3 b)) and is 

correlated with the development of crazes as shown in figure 6 and previously enlightened by 

the past (Vigny et al., 1999; G’sell et al., 2002). The nucleation of this kind of damage begins 

once the yield stress is reached. Figure 6 presents two optical micrographies of the RVE of 

PET specimens stretched at 50 °C and 5.10
-5

 s
-1

 up to the axial true strain values of 0.45 and 

1.2. Crazes oriented perpendicular to the stretching direction are observed. At 45 degrees of 

the mechanical solicitation direction, we can notice the presence of shear bands which link the 

extremities of crazes. Note that crazes formed during the test do not show a significant 

opening until the rupture of the sample. A gradual multiplication and coalescence of the 

crazes occur until the sample breaking (Ponçot et al., 2011). For this material, we consider 

that voids have a constant shape whatever the strain level. Voids can be modeled by discs 

(penny-shaped voids). 

Figure 7 is a set of SEM micrographies of HDPE specimens stretched at 25 °C and 10
-3

 s
-1

 

up to true strain values of 0.29, 0.48 and 1.3. Due to the specific morphology of spherulites 

encountered in HDPE (twisted lamellae), the process of cavitation is quickly characterized by 

a very important amount of spherical voids which finally do not much elongate themselves 

until the rupture of the sample. So, figure 7 reveals mainly bubble-shaped voids (Addiego, 

2006; Addiego et al., 2006 and 2011). 

From these numerous micrographies reported in the figures 5, 6 and 7, it is possible to 

express additional comments on the evolution of the slope of the curves v = f (33) of figures 

3 and 4. In the case of HDPE (once the compaction phenomenon is over) and PET, the quasi 

constant and positive slope value means that cavities shape does not significantly evolve 

during the deformation. Voids keep a spherical shape in the case of HDPE and a penny shape 

in case of PET whatever the temperature and the strain rate, respectively. On the contrary, in 

case of PP/EPR, a decrease of this slope is observed for high strain levels. Elongated cavities 

continue to grow with the deformation but essentially in one direction: the stretching 

direction. As a consequence, this phenomenon induces a slight closure of the width of the 

cigars. It is attributed to a highly fibrillar microstructure of the stretched polymer.  
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4. Discussion: 

Our results show the influence of the true strain rate and temperature on the true 

mechanical behaviour and volume strain of PP/EPR, PET and HDPE. Many authors reported 

the strong competition between two main micro-mechanisms of plastic deformation which are 

the orientation of the macromolecular chains and the volume damage in the case of 

amorphous and semi-crystalline polymers stretched in tension (Ward, 1971; Samuels, 1971 

and 1974; Plummer et al., 1996; Dahoun, 2004; Ponçot, 2009, Ponçot et al., 2011; Martin et 

al., 2011). For the three studied materials of this paper, true mechanical behaviours curves are 

well stackable (using a constant shift factor to the stress values) until the plastic plateau. Then, 

crosses between curves appear which means that one micro-mechanism of plastic deformation 

prevails over the other one depending on the mechanical test parameters (strain rate and/or 

temperature). Raw data collected by the VideoTraction
™

 system (figures 1 and 2) does not 

take into account the microstructure evolution induced by the mechanical solicitation. But, the 

simultaneous observation of the true stress – strain curve and volume strain – true strain 

curves leads to discuss about the influence of the mechanical test parameters on the involved 

micro-mechanisms of deformation. Intersections between the curves are due to an increase of 

the true stress values in the case of the lowest true strain rate and highest test temperature 

(Figures 1 and 2) at the onset of strain-hardening. Regarding figures 3 and 4, this hardening 

stage is induced by an important orientation of the macromolecular chains along the tension 

direction when the amount of volume damage is the lowest. Consequently, curves of figures 1 

and 2 inform us about the true mechanical behaviour of a new material which can be 

assimilated to a composite: a polymer matrix “filled” with voids. In order to exclusively 

characterize the mechanical properties of the polymer matrix alone, it is determinant to take 

into account the volume deformation in the calculation of the true strain and the true stress 

variables since specimen section changes during the test. Therefore, the determination of the 

true intrinsic mechanical behaviours presents a great interest and constitutes the rest of this 

paper. The influence of the stress triaxiality effect (mechanical concept of necked specimens 

introduced by Bridgman in 1952 and Beremin in 1980 on metals) is neglected in this work 

since it is maximal at small strain values close to the yield point and the structural softening of 

the material, while the volume strain is weak at the same time. A few measurements of this 

triaxiality phenomenon were obtained on the three studied materials on the basis of the 

Bridgman hypothesizes. They have shown weak deviations between the true stress and the 

true effective stress of about 5 %. In this work, we focus our attention on the correction of the 

curves at large strains once necking is activated and where the volume strain is high. An 

extension to large strain and damage based model was discussed in a very recent paper of 

Boisot et al, (2011), where comparison of the experimental results with finite element 

computations was carried out. It was shown that the triaxiality ratio gradually decreases from 

the yield point (onset of necking) to strain-hardening stage (end of necking). 

4.1. Equations of the true intrinsic stress and strain 

As the damage always occurs simultaneously with elastic and plastic strains, their 

classical variables must be taken into consideration. The strain tensor can be defined as 

follows: 

 ]ε[]ε[]ε[ plel   (3) 

where [el] and [pl] denote the elastic and the plastic strain tensors, respectively. 

Each part of this relationship shows a contribution of the volume variation which is important 

to quantify (Lemaître, 1996): 
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 ]ε[]ε[]ε[]ε[]ε[ v
pl

i
pl

v
el

i
el   (4) 

where [
v
el] and [

v
pl] denote the elastic and the plastic volume strain tensors, respectively. 

Depending on the situation, a constant volume deformation is called “isochoric deformation”, 

“conservative deformation”, “deviatoric deformation” or “intrinsic deformation”. The 

remainder is named “volume deformation” and it can be either isotropic or anisotropic. It is 

useful to write: 

   0εεε]ε[Tr d
el33

d
el22

d
el11

i
el   (5) 

   0εεεε]ε[Tr v
el

v
el33

v
el22

v
el11

v
el   (6) 

and 

   0εεε]ε[Tr d
pl33

d
pl22

d
pl11

i
pl   (7) 

   0εεεε]ε[Tr v
pl

v
pl33

v
pl22

v
pl11

v
pl   (8) 

Elastic volume strain: 

Volume deformation in the elastic zone is due to the material compressibility (dilatation 

and contraction of the macromolecular chain bonds). There is not cavity created during this 

first stage of deformation. In tension, the elastic volume deformation is expressed by: 

 
K3

σ

K

σ
ε 33h

el
v    (9) 

where K is the consistency of the material and h the hydrostatic stress. 

The initial part of the curve v - 33 is linked to the Poisson’s coefficient, , by: 

 el33el
v ε)ν21(ε 

 
(10) 

Finally, a spherical tensor is obtained since the hydrostatic stress is isotropic and our polymer 

materials all present a Poisson ratio close to 0.35: 

 










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











E/3σν)2(100

0E/3σν)2(10

00E/3σν)2(1

]ε[

33

33

33

el
v

 (11) 

where E is the Young’s modulus of the material. 

Plastic volume strain: 

It is considered that the plastically deformed and damaged material is a composite system 

characterized by two distinct phases: matrix and cavities (figure 8). Then, true stress and 

strain can be expressed as follows in the particular case of this composite (Lemaître, 1996): 

 ]σ[.f]σ[.)f(1]σ[ vviv    (12) 

 ]ε[.f]ε[.)f(1]ε[ vviv    (13) 
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where f
v
 is the cavity fraction created inside the material, 

i
 and 

i
 are the intrinsic true stress 

and strain (of the polymer matrix without voids), respectively. 

The evolution of 33
i
 as a function of 33

i
 represents the true intrinsic mechanical 

behaviour of the solid polymer without cavities. Their expressions, based on the volume 

deformation and the voids shape, are presented hereafter. 

4.2. Introduction of a -factor taking into account the cavities shape developing during 

plastic strain. 

It is relevant to introduce a shape factor, , linked to the cavity geometry present inside 

the polymer matrix based on the relation: v33
i
33 γεεε 

 
where 

1  2β

1
  γ


  and  = C3/C1.  

Ci =1, 2, 3 represents the geometrical dimensions of a cavity in the three directions of space 

taking the axis 3 as the tensile direction. Since during a tension test, the hypothesis of 

transversal isotropy is always verified, the equality of the parameters C1 and C2 characterising 

the cavities dimensions in the two transversal directions is systematically verified. 

Three main cavities morphologies can be considered as illustrated in figure 9: 

- Crazes which are developed perpendicularly to the stretching direction (0), 

- Spherical bubbles (1), 

- Tubes elongated in the tension test direction (). 

In the case of the formation of crazes, the specimen was only stretched in the tension 

direction without transversal contraction. The volume deformation tensor presents an only 

non-null component such as: v

v

33

v

22

v

11 εε;0εε  . The intrinsic true strain is hence equal 

to: v33
i
33 εεε  . The section of the specimen which endures the load remains unchanged and 

the intrinsic true stress is expressed by: 33
i
33 σσ  . 

In case of spherical cavities, the deformation is isotropic and volume strain tensor is 

composed with: 
3

ε
εεε vv

33

v

22

v

11  . The intrinsic true strain is 
3

ε
εε v

33
i
33  . The axial 

component of the intrinsic true stress is written: )ε
3

2
(expσ

S

S
σ

S

F
σ v33i33i

i
33  where S 

and 
iS
 
are the areas of the unstretched and stretched material section, respectively, and F is 

the applied load.  

The last remarkable shape of cavities is tube-like shape. These elongated voids in the 

tension direction show a large length C3 in comparison with their lateral dimensions. It is 

considered that they do not endure transversal contraction. In this case components of the 

volume deformation tensor can be written: 0ε;
2

ε
εε v

33
vv

22
v
11  .  The intrinsic true 

strain in the axial direction is: 33
i
33 εε  . The expression of the intrinsic true stress is given 

by: )(εexpσ
S

S
σ

S

F
σ v33i33i

i
33  . 

These relations show that depending on the value of the volume damage, the intrinsic 

behaviour of the material is more or less different from the overall one. In the case of a 
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positive volume deformation, the polymer has an intrinsic true strain inferior to the global 

strain and an intrinsic true stress superior to the macroscopic stress. 

Figure 10 a) illustrates the influences of the different remarkable values of the  factor on 

the final intrinsic true mechanical behaviour of the HDPE stretched at three different 

temperatures. The introduction of the cavities shape in the correction of the true stress and 

strain should bring a higher accuracy in the assessment of intrinsic behaviour of the material.  

It appears that whatever the chosen  factor, cavities shape does not significantly 

influence the mechanical behaviour until the beginning of the plasticity. It is mainly due to the 

low values of the volume deformation until this stage (figure 4 a)). So, the first stage of the 

cavitation process (crazing), when it occurs, can always be neglected. Then, all the curves 

converge again at the highest true strain values what means that the progressive elongation of 

the voids in the tensile axis does not affect a lot the final intrinsic mechanical behaviour of 

HDPE. The most important effect of the cavities shape on the true mechanical behaviour 

occurs during the plastic plateau and the initiation of the strain-hardening (0.35 < 33 < 1.2). 

In the previous work of Addiego (2006) which deals with tension tests of HDPE, a 

relation of the beta factor as a  function of the volume strain was given (figure 10 b)): 

 = exp(4v - 1). We notice that the voids shape evolves with stretching as previously 

discussed since beta value changes from 0.4 to 1.4. This result indicates a weak elongation of 

the voids along tensile direction during the plastic deformation and confirms the fact that 

taking a constant value of the beta factor to determine the intrinsic mechanical quantities is an 

acceptable hypothesis.  

From these last results dealing with the specific influence of the evolution of the beta 

factor with stretching in the case of HDPE, we now consider a constant value of the beta 

factor during the stretching procedure for our three polymer matrices.  

4.3. Determination of the true intrinsic mechanical behaviours 

The microscopic observations of damage after stretching of PP/EPR, PET (Figures 5 and 

6) and HDPE (Figure 7) enable the choice of the most suitable  factor in the determination of 

the intrinsic true behaviour. In the case of PP/EPR, a  factor tending toward infinity is used 

due to the presence of cigar-like voids. For HDPE, a  factor of 1 is retained because of the 

development of bubble-like voids. For PET, the chosen  factor is 0 due to the presence of 

crazes having a penny shape. Using the equations described previously, the intrinsic true 

mechanical behaviours of each polymer are presented in figure 11.  

These corrections eliminate the anomalies observed in the case of the overall true 

behaviours directly obtained by means of the VideoTraction
™

 system. The curves calculated 

either at three different true strain rates (PP/EPR and PET) or three different temperatures 

(HDPE) are finally really stackable. The use of the phenomenological law of G’sell and Jonas 

(1979) is now suitable for simulation and prediction of the mechanical properties of these 

thermoplastics because no more curves intersection exists (Ponçot et al., 2009; Ponçot, 2009). 

4.4. Comparison of the equivalent true intrinsic mechanical behaviours between various 

deformation paths using the Von Mises plastic criterion: 

In order to compare the mechanical behaviours of the materials in uniaxial tension, plane 

tension and simple shear, we applied the plastic criterion of Von Mises taking the 
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conventional uniaxial tensile test as reference. The deduced expressions of the true intrinsic 

stress and strain are: 

 For plane tensile test: 
i

33

i

equ 33
ε

3

2
ε   and 

i

33

i

equ 33
σ

2

3
σ  , 

 For simple shear test: 
3

γ
equ   and 3τ.σequ  . 

Figure 12 presents the differences between the true mechanical behaviours (a) and the 

equivalent true intrinsic mechanical behaviours (b) in the case of PP/EPR material deformed 

based on these three deformation paths. The integration of the volume strain taking into 

account the cavities shape gives results which are in good agreement with the previous 

simulations (Hervé et al., 1993 and 1995) and experiments brought by G’sell et al. (1994, 

1997, 1999) in the case of HDPE. The behaviours in uniaxial tension and simple shear are the 

two extreme ones in terms of stress since all the other simple or complex mechanical paths 

behaviours are encountered between pure tension and pure shear (Dahoun, 1992; G’sell et al., 

1997 and 1999). This means that damage is maximum in tension and minimum in shear. The 

behaviour in plane tension is below the one of tension since the hydrostatic pressure remains 

weak for the kind of sample geometry used to perform the tests. We notice that the curves are 

similar until the beginning of the strain-hardening. It informs us that the micromechanisms of 

deformation involved at this early stage of deformation are comparable whatever the 

mechanical path. It confirms the fact that the real influence of the volume damage on the 

mechanical behaviour happens during the plastic deformation of the material. Before, 

deformation of polymer is essentially governed by interlamellar and interchains shearing 

inducing creation of shear bands (Baltá-Calleja et al., 1970; Kaufman et al., 1973) localized 

in the amorphous phase. Similar results in the case of PET and HDPE were provided (G’sell 

et al., 1999; Addiego, 2006; Ponçot et al., 2011). 
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5. Conclusion: 

In this paper, we develop a methodology which enables the determination of the true 

intrinsic mechanical behaviour of thermoplastic polymers from the overall behaviour, volume 

strain and voids shape factor. To this end, we selected two semi-crystalline polymers 

(polypropylene/ethylene-propylene rubber, PP/EPR and high-density polyethylene, HDPE) 

and one amorphous polymer (polyethylene terephtalate, PET). The VidéoTraction
™

 system 

was used in tension to determine the overall behaviour of the materials, i.e. the true stress – 

true strain curves and the volume strain – true strain curves. Attention was also focused on the 

impact of strain rate and temperature on the tensile behaviour of the materials. The void shape 

of the materials was examined at the post mortem state by scanning electron microscopy and 

optical microscopy. At high strain rate, volume damage is the most important microstructural 

modification since polymer chains do not have enough time to accommodate to the 

macroscopic strain by an orientation process. The higher the temperature (compared to the 

glass temperature of the material), the more important is the orientation of the 

macromolecular chains along the stretching direction. Actually, this is due to an increase of 

chain mobility since the material is in its viscoelastic state. In these last conditions, volume 

damage is relatively weak. Consequently, there is a strong competition between orientation of 

the macromolecular chains and damage characterized by the creation of voids inside the 

polymer. It results that raw tensile curves )f(εσ 3333  recorded by means of the optical 

system are not stackable for large true strain values when strain-hardening occurs. It means 

that the modification of one test parameter does not affect the true mechanical behaviour in 

the same manner from the elastic to the plastic regions. Intersections between true stress-

strain curves are observed and make impossible the simulation of these curves using 

phenomenological constitutive equations. Microstructure observations reveal that cavities do 

not develop in the same manner for all the investigated materials. PP/EPR presents cigars or 

tubes oriented in the stretching direction, HDPE shows bubbles characteristic of an isotropic 

volume damage and PET is damaged by crazes perpendicular to the tension direction. Thus, 

based on our observations, a form factor called  was introduced in the determination of the 

true intrinsic mechanical behaviours of polymers )f(εσ i
33

i
33  . The calculated intrinsic tensile 

curves exhibit no irregularity (stackable curves), and hence, can be easily fitted by a 

phenomenological model such as the G’sell and Jonas law (G’sell and Jonas, 1979; Ponçot, 

2009). The determination of the true intrinsic mechanical behaviours enables the comparison 

of different deformation paths based on the plastic criterion of Von Mises used to determine 

the equivalent behaviours. Thus, we calculated the equivalent true intrinsic simple shear and 

plane tension behaviours based on the true intrinsic tensile behaviour. These three behaviours 

are similar prior up to yield point. Similarities of the micromechanisms of deformation 

involved during solicitation of amorphous and semi-crystalline polymers before plasticity of 

the material are enlightened. 
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Figure captions: 

Figure 1: True tensile behaviors as a function of the true strain rate in the case of a) PP/EPR 

and b) PET (tensile anomalies are indicated by an ellipsoid). 

Figure 2: True tensile behaviors as a function of temperature in the case of HDPE (tensile 

anomalies are indicated by an ellipsoid).  

Figure 3: Evolution of the volume strain as a function of the true strain rate in case of a) 

PP/EPR and b) PET. 

Figure 4: Evolution of the volume strain in function of the temperature in case of stretched 

HDPE. 

Figure 5: SEM micrographies of the RVE of PP/EPR tensile specimens uniaxially stretched at 

30 °C and  = 5.10
-3

 s
-1

 (the stretching direction is vertical). 

Figure 6: Optical micrographies taken on 20 µm-thick slices of the RVE of PET specimens 

uniaxially stretched at 50°C and 5.10
-5

 s
-1 

(the stretching direction is vertical). 

Figure 7: SEM micrographies of the RVE of HDPE probes uniaxially stretched at 25 °C and 
10

-3
 s

-1
 (the stretching direction is vertical) (Addiego et al., 2006). 

Figure 8: Damaged polymers are considered as a two-phase system. 

Figure 9: Remarkable values of the  factor linked with current cavities shapes observed in 

uniaxially stretched polymers. 

Figure 10: a) Impact of the three different remarkable values of the  factor on the final 

intrinsic true mechanical behavior of HDPE and, b) experimental evolution of the beta factor 

as a function of the volume strain.  

Figure 11: True intrinsic mechanical behaviors in uniaxial tension of a) PP/EPR, b) PET and 

c) HDPE taking into account volume strain and voids shape ( form factor). 

Figure 12: a) Equivalent true mechanical behaviors and b) Equivalent true intrinsic 

mechanical behaviors of PP/EPR using the plastic criterion of Von Mises. Comparison of 

three deformation paths: uniaxial tension, plane tension and simple shear. 
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