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Preparation of H-bar cross-sectional specimen for in situ TEM straining experiments: a FIB-based method applied to a nitrided Ti-6Al-4V alloy
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The in situ tensile straining of cross-sectional specimens inside a TEM is intrinsically very difficult to perform despite its obvious interest to study interfaces of surface treated materials.

We have combined a FIB-based method to produce H-bar specimens of a nitrided Ti-6Al-4V alloy and in situ TEM straining stage, to successfully study the plastic deformation mechanisms that are activated close to the nitrided surface in the Ti-based alloy.

Introduction

In situ transmission electron microscopy (TEM) straining experiments give original data on the dislocation motion and the mechanisms controlling the plasticity of materials at the nanoscale [1]. Despite the difficulties to carry out such experiments, particularly regarding the 2 critical specimen preparation, fundamental results are now commonly obtained for bulk and complex materials. In situ tensile straining experiments on specimens where a brittle and a ductile material are bonded is however almost impossible to achieve: the rapid failure of the brittle part (usually a ceramic) precludes any plasticity in the ductile remaining material. In the case of a metal film on silicon or ceramic, for instance, the metal part can be strained by taking advantage of the difference between the coefficients of thermal expansion of each component [2][3][4]. But, to the authors' knowledge, reports on successful in situ TEM straining experiments on cross-sectional specimen are extremely rare. Nevertheless, such experiments would be a powerful technique to study the deformation mechanisms in layered materials and surface treated materials with metal/ceramic interfaces. In cases where the ceramic compound is a small fraction of the material (coated metal for instance), tensile testing should be able to reach the plastic domain of the metal part before the ceramic breaks off. Dislocations mechanisms may then be followed in the metal, at the interface with the ceramic which remains in the elastic domain. The total deformation is governed by the elastic limit of the ceramic. Common cross-sectional specimen preparation is however not appropriate as the outer surface has to remain both free from any protective coating and topologically connected to both ends of the specimen.

The H-bar method is a fairly new method of preparation that combines mechanical polishing and final Focused Ion Beam (FIB) milling [START_REF] Saka | Galvatech'95 Conference Proceedings[END_REF][START_REF] Phaneuf | [END_REF][7][8][9][10][11][12][13]. It has already been applied to coated metals [START_REF] Saka | Galvatech'95 Conference Proceedings[END_REF], but never for in situ straining TEM. Recent advances in the field of in situ TEM have been obtained using original specimen preparation, especially using FIB-based method: for example, the motion of dislocations was studied in plane-view aluminium or gold films deposited on polyimide and thinned by FIB [14][15][16]. Another interesting FIB-based method was described to produce location-specific in situ TEM specimens [17]. Concerning crosssectional specimens, in situ straining experiments were carried out only on multilayered materials [18,19], but the preparation route used is only valid for bulk multilayered materials with several tens of layers and is not appropriate to surface treated or monolayered materials.

An in situ study of the fracture of Al 2 O 3 /Nb sandwich specimens was also carried out [20], but the thinning technique, although appropriated to this specific material, is not easily adaptable to those with sub-micronic layers.

The present paper describes a general and versatile FIB-based method for the preparation of H-bar cross-sectional thin foils dedicated to in situ TEM straining experiments. Such specimens were successfully tested to investigate the deformation mechanisms in a surfacenitrided Ti-6Al-4V titanium alloy. This class of titanium alloys is commonly used in a wide range of areas as aerospace, aeronautics or biomedical implants because of their low density, high relative strength and good resistance to corrosion. To increase their poor resistance to mechanical wear, nitridation treatments are often used to create a hard protective layer at the surface of these alloys [21][22][23]. A precise knowledge of the deformation mechanisms at the nitridation-modified interface is then crucial to understand the damaging of the surfacetreated alloy. Indeed, the plastic deformation of the metal underneath the nitride coating can cause a loss of adhesion [24] or to the brittle failure of the coating [25], leading to a critical loss of the wear properties.

Materials and experimental procedure

The substrate is an industrial Ti-6Al-4V alloy with a duplex microstructure consisting of primary alpha nodules P and lamellar colonies (with secondary S and plates) with similar volume fractions [26,27]. The phase ( P and S ) has a hcp structure while the phase is bcc. The nitridation of the surface has been performed at 600°C during 6 hours in a plasma-base ion implantation system described in previous papers [28,29]. The final microstructure is illustrated with the TEM cross-sectional micrograph in Fig. 1: a compound layer (noted N) consisting of nano-sized grains of titanium nitride lies at the surface, above a diffusion layer (noted D) consisting of a solid solution of nitrogen in -titanium with the same microstructure as the initial substrate; the entire zone noted D in Fig. 1 is occupied by one P nodule (the high density of dislocations is due to tensile testing of the material before TEM observations).

The compound layer is about 500 nm thick and the diffusion layer a few micrometers thick (the penetration of nitrogen depends on the crystallographic orientation of -titanium grains [29]). Note that an additional layer of amorphous Si 3 N 4 lies above the compound layer.

[ FIGURE 1] TEM specimens were first machined using a diamond wire saw in the form of 0.5 x 1 x 3 mm rectangles. The nitrided layer lies on one of the 3 mm length side of the rectangle. Samples were then thinned down to a thickness of about 10-12 m with SiC abrasive papers before being glued to a copper support grid adapted to the TEM straining specimen holder.

Final thinning of the cross-section was then performed with Ga ions in a dual-beam FIB (Zeiss 1540 equipped with an Orsay Physics multiple source ionic column), operating at an acceleration voltage of 30 kV. The H-bar design of the specimen is sketched in Fig. 2: an electron transparent window is machined by ion milling in the middle of the top of the specimen. Fig. 3 shows a scanning electron microscopy (SEM) view of the part of the specimen containing the electron transparent area machined by FIB. Its dimensions are 12 m in width and about 5 m in depth to allow observations of the entire nitrided zone (both compound and diffusion layers). Its thickness is about 500 nm, sufficient to obtain electron transparency with this material (Ti-based alloy and nitride). The H-bar specimens were milled using a 150 pA ion beam current, followed by a 10 pA beam current polishing step. Note in Fig. 3 that the top surface of the thinned part has been slightly damaged during ion milling, but only the Si 3 N 4 layer is partially removed and the nitrided surface remains damage-free.

The usual deposition of a Pt coating on the surface of the specimen was unnecessary here as the Si 3 N 4 layer protected the nitrided surface from the ion milling. The principle of this method could be easily extended to other materials providing an adaptation of the thickness of the pre-FIB foil and the final electron transparent window.

TEM in situ straining experiments were performed at 200 kV in a JEOL 2010 TEM equipped with a video-rate Soft Imaging System CCD camera and using a Gatan straining holder.

[FIGURE 2] A second slip system was then activated: a-dislocations having the same Burgers vector

[FIGURE 3]

Results and discussion

(1 3 112 0 ) than the previous slip system were observed to glide in first-order pyramidal planes 1 0 1 1 { }. These dislocations did not cross-slip from the previous slip system. Their slip traces are very close to that of the previous slip system and correspond also to the traces denoted A in Fig. 4 (b): nevertheless, the two set of planes have a different angle with respect to the surface of the thin foil and dislocations have thus a different shape depending on their slip plane. The two slip systems can so be distinguished unambiguously and non-occurrence of cross slip established. Fig. 5 shows an example of dislocations of this second slip system with two dislocation loops (numbered 1 and 2) expanding in first-order pyramidal planes.

These dislocation loops are elongated along their screw direction. In these slip planes, dislocations have clearly individual motion and no pile-ups were observed.

[FIGURE 5]

After a large activity of the two first slip systems, a third one with different a-dislocations was observed. Dislocations glide in another set of 1 1 0 0 { } prismatic planes and form planar pile- ups as exemplified in Fig. 6: three dislocations, numbered 1, 2 and 3, are gliding together in the same plane. Some dislocations have already slipped in this same plane. Slip traces of this system are the traces denoted B in Fig. 4 (b).

The two first slip systems observed have Schmid factors (SFs) equal to 0.5 for the prismatic system and equal to 0.46 to the pyramidal one. The third slip system activated has a SF equal to 0.22. Note that no basal 0001 ( ) slip systems were observed according to their very low SF (<0.1) in this grain. Activation of these three slip systems is in agreement with previous observations in the same alloy (without surface treatment): the first activated slip systems are those with a-type dislocations gliding in prismatic or basal planes with the highest SF and pyramidal slip systems can be activated if their SF is superior to about 0.46 [26,30]; in addition, prismatic slip systems with really lower SF can sometimes be activated in already deformed grains [30]. As the deformation modes are unaffected in comparison to the macroscopic deformation of the material, one can conclude that:

-deformation modes are not modified by the specimen design and the preparation process;

-deformation modes in the diffusion layer are not modified by the nitridation surface treatment.

Moreover, present results show that screw segments of dislocations have a lower mobility than non-screw segments in the diffusion layer. Thus, the deformation rate is governed by the low mobility of screw dislocations as in the untreated bulk alloy [26,27]. Deformation micromechanisms are then not drastically modified by nitridation in the diffusion layer. The only difference between the deformation of the bulk alloy and the deformation of the diffusion layer is that deformation seems more localized in this last one: deformation (in prismatic planes) occurs in less numerous planes but with several dislocations in the same plane. This could be due to a change of the chemical ordering in P nodules of the diffusion layer during the nitridation treatment [31]. Nevertheless, the hard compound layer is, as expected, acting as a barrier to the propagation of dislocations. All these results have been confirmed by post mortem TEM observations of previously deformed specimens and will be discussed in a further work.

[ FIGURE 6] During the test, no evidence of plastic deformation in the compound layer was observed:

dislocations from the nodule below stopped at the interface between the two layers and did not induce deformation in the compound layer. This confirms that this layer is much harder than the alloy and can serve as an effective protective surface layer. Also, the absence of crack nucleation during the experiment proved that the specimen design is appropriated to the study of plastic deformation even in the presence of a fragile compound. Indeed, crack initiation is often caused by surface damages in brittle materials. Those damages (micro scratches, irregular shapes), which are hard to avoid in other methods such as standard low angle ion milling for example [18,19] can be eluded with the precision of the focused ion beam. Moreover, a protective layer (Pt, W) can be added in the FIB by ion-assisted deposition.

From the total number of dislocations observed in the grain after the test, the local total elongation and strain rate were also estimated respectively at 0.4% and 6.10 -5 s -1 . At this amount of plastic deformation, dislocations in the metallic material piled up against the brittle material, but in insufficient quantity to provoke cracking or void formation. One can expect to determine in situ the amount of plastic deformation in the metal layer necessary to cause the nitride failure by piling up dislocations at the interface. We did not pursue the experiment to that point.

Conclusions

A FIB-based method for the preparation of H-bar cross-sectional specimen for new in situ TEM straining experiments was described and applied to a surface-nitrided titanium alloy.

The first in situ observations of dislocation motion in a metal/ceramic material were performed to show the feasibility of the preparation route. This method proved time efficient and robust to perform. It is applicable to a wide variety of materials and milling parameters, dimensions and thickness of the electron-transparent window can be easily adapted to a specific material. Others advantages include:

-Surface preservation and interface integrity. This point is crucial to prevent artificial crack formation.

-Preservation of the metal properties and structure. This is favoured by the perpendicular exposure to FIB damages that are blocked by the ceramic-type surface.

This was validated by the fact that the intrinsic deformation mechanisms in the Ti-6Al-4V alloy were not modified by the design of specimen.

-Specific site inspection. As for most of FIB-based techniques, it is possible to choose a specific observation site prior to final milling.

Regarding the nitrided Ti-6Al-4V alloy behaviour: 
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 44 Fig.4(a) shows a low magnification TEM view of the electron-transparent zone of the FIB-
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 1 Fig.1. Cross-sectional TEM view of the nitrided Ti-6Al-4V alloy showing the compound layer (noted N) and a part of the diffusion layer (noted D). The amorphous Si 3 N 4 deposit lying on the nitrided surface is also observable. This sample was thinned with a standard ion milling procedure using a Gatan PIPS.
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-The deformation mechanisms in the diffusion layer are almost the same than in the bulk alloy, i.e. same dislocation type, same slip planes and a lower mobility of screw segments.

-The compound layer remains undeformed and acts as a barrier to the propagation of dislocations coming from the diffusion layer. This confirms the better resistance to deformation (and thus wear) of the compound layer compared to the bare Ti alloy.