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Ternary Fe-Cu-Ni many-body potential to model reactor pressure vessel

experiments, in support of the surveillance programmes of existing nuclear power plants (NPPs) [START_REF] Massoud | Prediction of irradiation damage effects on reactor components (PERFECT)[END_REF]. The development of physical models of this type is considered particularly important in view of the extension of the service lifetime of NPPs, as for this purpose the available database from surveillance specimens is not sufficient and solid models suitable to be extrapolated are therefore required in order to prove the capability of the materials to perform their duty for a time twice as long than foreseen.

RPV steels used in Western-type light water reactor NPPs are low-alloyed bainitic steels, containing as main alloying elements nickel, manganese and often molybdenum, as well as consistent traces of silicon, copper and, to a lesser extent, chromium, sulphur and phosphorus. The low solubility of copper in iron leads to radiation-enhanced formation of ultrafine copper-rich precipitates during operation at 290°C, which atom probe studies have revealed to contain nickel, manganese, silicon, and sometimes phosphorus as well [START_REF] Pareige | [END_REF][3][4]. Even in low-copper steels, precipitates rich in manganese and nickel are detected, while phosphorus atoms have in all cases the tendency to distribute in a heterogeneous manner, associated or not with other precipitates [4][5][6]. The formation of these different types of precipitates may be at least partly radiation-induced, but no consensus exists about their actual origin, nature and mechanism of formation. There is, however, consensus about the fact that the interaction of these nano-defects with dislocations is the main cause of hardening and embrittlement of these steels [7][8][9][10][11][12][13][14][15][16]. In this framework, large scale atomistic simulations in multi-component alloys are of fundamental importance with a view to cast some light on the mechanisms leading to the formation of the mentioned different classes of precipitates, as well as in order to study in detail their interaction with dislocations as source of hardening.

In the literature a few works studying precipitation in multi-component alloys representing RPV steels exist. For example, in the works of Liu et al. [17] and Odette and Wirth [18], precipitation in the Fe-Cu-Ni-Mn-Si model alloy is studied by means of rigid lattice exchange Monte Carlo (MC). Therein the atomic interactions were parameterized by approximate pair bond potentials derived from thermodynamic data. However, simple pair potentials are inadequate to treat diffusion and cannot correctly describe defect configurations (see [19,20] and references therein). Therefore they are inadequate to trace the microstructural evolution of the alloy in real time and offer limited transferability to off-lattice atomistic methods, for example molecular dynamics (MD). Other works include the ones by Vincent et al. [21,22], where rigid lattice kinetic MC was performed on the same model alloy. In those works the interatomic interactions were parameterized by pair interactions based on density functional theory (DFT) calculations. Also here the interatomic interactions From these works it is clear that more realistic and extendable simulations (including offlattice approaches, allowing for example also dislocation-precipitate interaction studies) require the development of reliable multi-component many-body interatomic potentials.

In this framework we present a many-body interatomic potential for a ternary alloy, namely Fe-Cu-Ni, developed in such a way that both the alloy's thermodynamic properties and the interaction between solute atoms and point-defects is properly reproduced, as compared to, respectively, the experimental phase diagram and density functional theory (DFT) calculations. The choice of the Fe-Cu-Ni alloy as first step towards the development of potentials for multi-component systems was dictated by the fact that these two alloying elements are phenomenologically considered to be the main responsibles for RPV steel hardening and embrittlement [13,[START_REF]Predicting Radiation-Induced Transition Temperature Shift in Reactor Vessel Materials, E706 (IIF)[END_REF].

As a first validation of our potential, we carried out an atomistic study regarding precipitation in Fe-Cu and Fe-Cu-Ni alloys, to determine the effect of Ni on Cu precipitate formation. For this purpose, we used molecular static (MS) calculations to characterize Cuprecipitate/Ni interaction and atomistic kinetic Monte Carlo (AKMC) to trace the microchemical evolutions of the alloy.

Methodology

Energy formalism

The atomic interactions are described using the embedded atom method (EAM) [START_REF] Daw | [END_REF], which is widely used to describe metals and their alloys. In addition to pair interactions, V, this approach includes an embedding energy, F, dependent on the local electron density, ρ. The latter contribution approximates the many-body contribution of all nearby atoms. The total energy within EAM is given as, ,
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Here N represents the total number of atoms in the system, r ij is the distance between atoms i and j, and t i denotes the atom-type (Fe, Cu or Ni in our case). The local electron density around atom i, contributed from its neighbours is given as, 
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where ρ denotes the electron density function of the considered element. Thus, for the Fe-Cu-Ni ternary system twelve functions need to be defined: ϕ Fe , ϕ Cu , ϕ Ni , F Fe , F Cu , F Ni , V FeFe ,

V CuCu , V NiNi , V FeCu , V FeNi and V CuNi .
The pure species functions are taken from the literature, choosing the most suitable among those currently available. For Fe we choose 'potential 2' developed by Mendelev et al. [25], for Cu we choose 'EAM 1' developed by Mishin et al. [26] and for Ni we adopted the potential developed by Voter and Chen [27]. Within EAM, however, the forms of V, F and ϕ

are not uniquely determined. Two transformations [19,28,29], 1 T and 2 T , exist that leave the total energy invariant,
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with C and S arbitrary constants. Therefore the units of the electron density are arbitrary for the pure species, but contribute to each others' embedding energy in the alloy case. To assure a priori an equal contribution to the electron density from all elements, we use transformations 1 T and 2 T with C=-F'(ρ eq ) and S=1/ρ eq to transform the pure potentials to their "effective gauge" form [19], where F'(ρ eq )=0 and ρ eq =1 on the bcc equilibrium lattice.

Following this, the three cross interactions V FeCu , V FeNi and V CuNi and the relative weight between the electron densities ρ Fe /ρ Cu , ρ Fe /ρ Ni need to be determined. The cross pair potentials V FeCu , V FeNi and relative weights between the electron densities ρ Fe /ρ Cu , ρ Fe /ρ Ni are taken from the works by Pasianot and Malerba [30] and Bonny et al. [31], respectively. Therefore, our fitting effort is focussed on V CuNi . In all cases the cross pair potentials are parameterized by the cubic spline expansion, 

F
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where N p denotes the number of knots, a k are the fitting parameters and H denotes the Heaviside unit step function.

Interatomic potential fitting strategy

For the study of radiation damage production and evolution, a potential must reproduce the alloy's thermodynamics, kinetics and defect interactions reasonably well. The kinetics of the alloy transformation is largely defined by point-defect migration barriers for particular configurations of solute atoms around the defect in the host matrix. The defect interactions are characterized by the binding energies between solute complexes and solute point-defect complexes.

The Fe potential used in this work has been widely used, tested and has demonstrated so far to be the one that succeeds at best in reproducing the properties of iron that are of interest for radiation damage studies [START_REF] Malerba | Comparison of empirical interatomic potentials for iron applied to radiation damage studies[END_REF], including dislocation properties [33]. The Cu and Ni potentials, though not specifically developed to model radiation damage, represent state-ofthe-art potentials that are suitable for our purposes. The Fe-Cu and Fe-Ni interactions were fitted using the experimental phase diagram as direct reference, while using DFT indications to fit the point-defect/solute-atom interaction and vacancy migration barriers, as described in [30,31,[START_REF] Bonny | Fitting interatomic potentials consistent with thermodynamics: Fe, Cu, Ni and their alloys[END_REF].

The Cu-Ni interaction is here fitted to a Calphad parameterized mixing enthalpy [35].

Since the Cu-Ni system consists of a simple miscibility gap of two fcc phases [35][36][37][38], a fit to the randomly disordered mixing enthalpy proved sufficient for a reasonable reproduction of the Calphad parameterized miscibility gap [START_REF] Bonny | Fitting interatomic potentials consistent with thermodynamics: Fe, Cu, Ni and their alloys[END_REF]. Information about point defects was included by fitting to the interaction energy of Ni-Cu pairs and the Ni-Cu 〈110〉 dumbbell, all obtained via DFT calculations in the bcc Fe matrix [21][22]. Note that no defect properties were fitted in the fcc Ni-Cu binary alloy and their proper description can therefore a priori not be guaranteed. Taking into account the above described thermodynamic properties for the Cu-Ni binary and defect interactions in the Fe-Cu-Ni ternary, the spline coefficients in Eq. ( 5) are optimized. The parameters for all cross potentials are given in Appendix A. 

Atomistic kinetic Monte Carlo simulations

The thermal annealing of binary Fe-Cu and ternary Fe-Cu-Ni alloys was modelled using a rigid lattice AKMC technique [39]. Initially, the Cu and Ni atoms are randomly distributed in a bcc Fe matrix. The evolution of the system leading to the atomic redistribution is driven by single vacancy diffusion. The diffusion jump frequency of the vacancy, Γ, is evaluated as a thermally activated process,
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where ν 0 is an attempt frequency chosen to be constant and equal to 6×10 12 s -1 , E m is the local atomic environment (LAE)-dependent migration energy, k B is Boltzmann's constant and T is the absolute temperature. Note that a priori the attempt frequency ν 0 is both temperature and LAE-dependent through magnetic and vibrational entropy; however, variations of Γ due to the LAE-dependence of E m are numerically of significantly more importance [40]. Thus, a proper estimation of E m is essential for a correct description of the micro-chemical evolution of the alloy.

In the literature, many approximations to describe E m in terms of the LAE exist; for example, the Kang-Weinberg decomposition [41] based on total energy differences and broken-bond counting [42]. However, as shown in [40, 43], E m estimated in such a way may be very approximate as compared to a proper barrier estimation, for example by using drag [START_REF] Henkelman | Methods for Finding Saddle Points and Minimum Energy Paths[END_REF] or nudged elastic band (NEB) methods [START_REF] Jonsson | Nudged Elastic Band Method for Finding Minimum Energy Paths of Transitions[END_REF]. Recently, a regression method based on artificial neural networks (ANNs) was developed that closely reproduces NEB obtained values of E m at the same computational cost as the Kang-Weinberg decomposition [START_REF] Castin | Prediction of point defect migration energy barriers in alloys using artificial intelligence for atomistic kinetic Monte Carlo applications[END_REF][START_REF] Castin | [END_REF][START_REF] Castin | Artificial Intelligence regression of the vacancy migration energy to introduce relaxation effects in rigid lattice atomistic kinetic Monte Carlo simulations[END_REF]. In this work, the latter method was chosen and applied to compute E m during the AKMC simulations.

In short, the method works as follows. First, an adequate amount (~10 In a bcc lattice, there are eight possible first nearest neighbour sites whereto a single vacancy can jump (exchanges with farther neighbours require much higher migration energies). In the model adopted here, each vacancy jump corresponds to a Monte Carlo step.

The jump to be performed is chosen based on its probability, evaluated in terms of jump frequency. The time between two jumps is calculated according to a mean residence time algorithm, i.e. the inverse of the sum of the eight possible jump frequencies [39].

Finally, for the purpose of validating our potential, we performed AKMC simulations on the Fe-1.13Cu and Fe-1.13Cu-1.36Ni alloys at 823 K, for which experimental data are available in the literature [START_REF] Buswell | An analysis of Small Clusters Formed in Thermally Aged and Irradiated FeCu and FeCuNi Model Alloys[END_REF]. The AKMC simulations were performed in cubic boxes containing 128,000 atoms until coarsening regime was reached, which amounts to a MC time, t MC , of ~0.3 s. As further discussed in Section 4, the MC time in a thermal ageing simulation cannot be directly compared to real time: the corresponding real time is much longer and to estimate it an appropriate way time renormalization must be applied [START_REF] Vincent | [END_REF].

Results

Static properties

The binding energies (positive sign indicating attractive interaction) of the ternary defect complexes, calculated by molecular statics (MS) with our potential, are compared with the corresponding DFT values [21][22] in Table 1. The latter data suggest a negligible interaction between isolated Cu and Ni atoms in the bcc Fe matrix and the instability of the mixed 〈110〉 dumbbell, for both solutes. Both effects are reasonably well reproduced by our potential and suggest a reasonable defect behaviour description.

Regarding the thermodynamic behaviour of our potential, the mixing enthalpy obtained by MS in random alloys is compared to the most recent ones from the Calphad database [35,38], in Fig. 1. Clearly, the agreement with the parameterization by Srikanth et al. (the target curve) is very good. The miscibility gap calculated with our potential is compared with the two existing ones built from the Calphad database [35,38] in Fig. 2. The miscibility gap based on our potential was calculated using MC simulations in the semi-grand canonical (transmutation) ensemble, as explained in more detail in [START_REF] Bonny | Fitting interatomic potentials consistent with thermodynamics: Fe, Cu, Ni and their alloys[END_REF]. Given the limited degree of freedom for fitting (due to the already predetermined electronic density weights ρ Fe /ρ Cu and ρ Fe /ρ Ni ), and the large variation in the miscibility gap built from the Calphad database, the agreement between potential and database can be considered reasonable. Prior to the simulated thermal annealing, we performed static calculations to study the stability range of coherent Cu precipitates in the bcc Fe-matrix and its interaction with Ni.

Firstly, pure coherent Cu precipitates of different sizes were relaxed by means of MS calculations. During the relaxation, the coordination number of the atoms inside the Cu precipitate was monitored to reveal possible crystallographic transformations. From these calculations it was found that Cu precipitates with a size up to 2.5 nm remain stable. Above this size, the precipitate tries to change its bulk crystal structure. Experimentally, Cu precipitates were observed to be coherent with the bcc Fe-matrix up to an average size of 4-5 nm, after which they transform into a 9R and eventually into a fcc structure [50][51][52]. We thus conclude that the stability range of coherent bcc Cu precipitates predicted by our potential is in the correct range, though perhaps somewhat underestimated.

Secondly, we performed MS calculations to examine the interaction between a Cu precipitate and a Ni atom in the bcc Fe-matrix. To do so, the binding energy between a Ni atom and a Cu precipitate (of size 1, 2 and 2.5 nm) was calculated as a function of the distance between the Ni atom and centre of the Cu precipitate. To increase statistics, the Ni atom was moved along different crystallographic directions (〈100〉, 〈110〉, 〈111〉 and 〈112〉).

The results of these calculations are presented in Fig. 3, where the abscissa is the distance from the Cu precipitate centre in reduced units (with R p the precipitate radius). The figure clearly shows strong attractive interaction between the Ni atom and the surface of the Cu precipitate. This attractive interaction decreases fast with increasing distance between atom and precipitate. For a Ni atom inside the Cu precipitate, the interaction is always repulsive.

The curves presented in Fig. 3 are in agreement with the experimental observations of Nienrichment at the surface of Cu precipitates [3,4,[START_REF] Buswell | An analysis of Small Clusters Formed in Thermally Aged and Irradiated FeCu and FeCuNi Model Alloys[END_REF]. In addition, it is important to note that the binding energy curves for the unrelaxed configurations are almost coincident with the binding energy curves for the relaxed configurations presented in Fig. 3. This observation suggests that the binding of Ni on a Cu precipitate surface is a chemical effect, rather than an effect due to the strain field around the (oversized) Cu precipitate. This finding partially justifies the application of a rigid lattice MC technique to simulate the thermal annealing of Fe-Cu-Ni alloys.

Simulated thermal ageing

Visual inspection of the configurations obtained during the simulations show that for both studied alloys Cu-rich precipitates are formed. The Ni distribution in the ternary alloy appears As already mentioned, the Ni atoms in the matrix remain randomly distributed during the whole simulation. At the nucleation stage, however, they act as nucleation centres for Cu precipitates. This clearly follows from Fig. 4, where the peak density for the Fe-Cu-Ni alloy is ~29% higher than for the Fe-Cu alloy. This is in agreement with experimental observations by Buswell et al. [START_REF] Buswell | An analysis of Small Clusters Formed in Thermally Aged and Irradiated FeCu and FeCuNi Model Alloys[END_REF], where a density increase of ~34% was observed due to the addition of Ni.

This observation is further supported by the observation that x Ni in the matrix decreases during the nucleation stage and then immediately saturates to its equilibrium value. Since x Ni remains constant during growth and coarsening stage, Ni does not migrate from the matrix to the Cu precipitate surface. Instead, the Ni enclosed in the Cu precipitates due to nucleation and growth is expelled to the precipitate surface. This is also consistent with the static calculations presented in Section 3.1, and rigid lattice MC simulations in the Refs. [17,18,21]. In Fig. 5, we also observe that d p is lower, due to the addition of Ni, which is also in qualitative agreement with experimental observations by Buswell et al. [START_REF] Buswell | An analysis of Small Clusters Formed in Thermally Aged and Irradiated FeCu and FeCuNi Model Alloys[END_REF]. Near the end of our simulation, however, both N p and d p , with and without Ni, converge to a common value, which is also observed in the latter experiment.

An example for a typical size distribution of the Cu-rich precipitates during the late growth/early coarsening is plotted in Fig. 7, which shows a multi-modal distribution of the precipitate size (each mode corresponds to a Cu-rich precipitate). With increasing t MC , the mean size of the clusters increases (as shown in Fig. 4) and the maximum density in the first mode decreases (due to the depletion of the matrix and dissolution of small clusters).

However, the distribution of small clusters (<10 atoms) remains non-zero during the whole are below the critical size for nucleation. Therefore, the maximum cluster size for which this distribution is non-zero gives an estimate for the critical cluster size for nucleation. Above this size, the nuclei are stable and spontaneously grow into Cu-rich precipitates, which are part of the second mode of the distribution. Following this logic, we estimate the critical cluster size to be ±5-8 atoms, which is well below the resolution of any experimental technique.

Discussion

Prior to discussing the AKMC results, we discuss the quality of the migration barriers estimated by our ANN. The quality of the agreement between the ANN predictions and NEB calculated barriers defines how good the ANN represents our potential. In Fig. 8 the barriers calculated using NEB and our potential are compared to the ANN predicted ones for the Fe-V, Cu-V and Ni-V exchanges for randomly chosen LAEs, as described in Section 2.3. From the data in the figure we calculated that the average error for Fe-V exchange is 3.7%, for Cu-V exchange it is 3.5% and for Ni-V exchange it is 4.3% . As a comparison, a more heuristic estimation of E m , for example by the Kang-Weinberg decomposition [40], provides average errors amounting to 52.0% . Therefore we believe that, at present, the ANN provides the best compromise between accuracy and computation time to estimate the LAE dependent E m . A more detailed discussion on this subject can be found in Refs [START_REF] Castin | Prediction of point defect migration energy barriers in alloys using artificial intelligence for atomistic kinetic Monte Carlo applications[END_REF][START_REF] Castin | Artificial Intelligence regression of the vacancy migration energy to introduce relaxation effects in rigid lattice atomistic kinetic Monte Carlo simulations[END_REF].

In our AKMC simulations, the vacancy concentration is 1/N and is imposed by the box size, N being the number of atoms in the box. This concentration is typically a large overestimation of the physical equilibrium vacancy concentration in an alloy. To account for this, t MC must be rescaled to obtain the real physical annealing time, t real . Here, we use a method described in Refs. [41,53] and briefly describe the procedure below. During the simulations, the vacancy concentration in the matrix, ( )

MC V M C
, defined as the concentration on sites without Cu atoms among their first and second nearest neighbours, is computed as, ( ) V f is the fraction of time spent by the vacancy in the matrix and X M is the atomic fraction of the matrix main element (X M ≈1 in dilute alloys as those considered here). The true vacancy equilibrium concentration in the matrix material, ( )
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, is given as,
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V f E being the formation energy of a vacancy in the matrix, thereby neglecting the entropic contributions. As a result, t real is related to t MC via the equation, ( ) ( )

MC V real MC eq V M M C t t C = . (9) 
This scheme of time renormalization guarantees a diffusion coefficient of the solutes in the matrix that remains constant during the precipitation process. Following this procedure, we find a conversion factor of ~23 for the Fe-Cu binary alloy, where we took V f E =1.71 eV and M V f =10 -4 as calculated in our simulations. The maximum obtained t MC , on the other hand, is of the order of 1 s; therefore the maximum t real obtained in our simulations is of the order of 23 s. This time is at least an order of magnitude shorter than typical (short) experimental annealing times that are of the order of hours. Therefore, direct quantitative comparison with thermal ageing experiments is impossible and only a qualitative comparison was presented above.

The short physical annealing time is also the reason for small precipitate size, d p ~1 nm, and large precipitate density, N p ~10 25 m -3 , obtained during our simulations. In experiments, typical values for precipitate size and density are d p ~ 4 nm and N p ~10 23 m -3 , respectively, for an ageing time of 2 h at the same temperature as our simulations [START_REF] Buswell | An analysis of Small Clusters Formed in Thermally Aged and Irradiated FeCu and FeCuNi Model Alloys[END_REF]. Furthermore, the limited box size used for our simulations is also a restrictive factor. If we assume that all the Cu in our simulation box forms one spherical precipitate, its size would be 3.2 nm at most and the corresponding density would be 6.7×10 23 m -3 , which gives an upper and lower limit for d p and N p , respectively. For a proper comparison to experiments, we should thus also increase the simulation box by at least an order of magnitude. Noting that the physical simulation time shows a quadratic increase with box size [54], it is clear that our AKMC tool in its current implementation is not adequate for direct comparison with experiments. To achieve the latter, the AKMC method must be accelerated by a few orders of magnitude. Because in our simulations the vacancy is trapped inside the precipitate by more than 99% of the computation time ( M V f =10 -4 ), a lot of computation time is spent which does not contribute to precipitate growth. Currently, schemes where M V f is significantly reduced by slightly adapting the AKMC algorithm while keeping the correct physical time evolution of the system are under investigation. Such a scheme in combination with parallelisation of the code would speed up our simulations by an order of magnitude. Other schemes that are under consideration, specifically in the pure coarsening stage, are first passage acceleration methods [55].

Despite the limitations of the AKMC simulations, good qualitative agreement with experiments was found. We stress the fact that the combination of a ternary many-body interatomic potential and the ANN based AKMC is able to produce very accurate time dependent simulations. Due to the many-body character of our potential, the results are directly transferrable to MD or other schemes that can account for relaxations. This is impossible to accomplish for the case of simple pair bonding potentials or DFT parameterizations used in other works [21,22,41,[START_REF] Vincent | [END_REF]53].

Summary and conclusions

A many-body interatomic potential for the ternary Fe-Cu-Ni alloy was developed for the purpose of modelling radiation damage in reactor pressure vessel steels. For this purpose, we used previously developed, state-of-the-art Fe-Cu and Fe-Ni potentials, expressedly aimed at modelling radiation damage. The Cu-Ni cross potential was fitted to the experimental phase diagram and the DFT calculated interaction energies of Cu-Ni defect complexes in the bcc Fe matrix, so that a truly ternary potential was obtained.

The potential was validated by computing the Cu-Ni phase diagram, the interactions between Cu precipitates and Ni, and a simulated thermal annealing of the Fe-1.13Cu and Fe- Figure 5 -The mean precipitate diameter as a function of t MC .

Figure 6 -The solute concentration in the matrix as a function of t MC . Table 1 -Defect binding energies in the bcc Fe matrix (eV).

Table A1 -The fit parameters in Eq. ( 3) defining the cross pair interactions.

Table A2 -Transformation constants for the pure potentials. x Cu Fe-1.13Cu-1.36Ni
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  under the present thermal ageing conditions. From the analysis of the extracted configurations, the precipitate density, N p , mean diameter, d p , and solute concentration in the matrix, x S , were computed as a function of t MC . These results for both alloys are shown in Figs.4,5 and 6, respectively. From these figures, supported by visual inspection, the precipitation process appears to occur by the nucleation, growth and coarsening. The steep increase in N p during the first fractions (~5 ms) of the simulation denotes the nucleation process. At the maximum density, N p remains approximately constant and d p steadily increases. This, combined with a steep decrease of x Cu in the matrix, indicates a stage of dominant growth in the interval ~5-25 ms. Beyond 25 ms, N p decreases with t MC while d p keeps increasing, which indicates the coarsening stage, where large precipitates grow at the cost of the dissolution or coalescence of smaller ones. However, the simultaneous decrease of x Cu , even beyond 25 ms, indicates that the precipitation occurs by a mixture of growth and coarsening.
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 8 Figure 8 -Comparison of migration barriers obtained by NEB calculations and ANN predictions.
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  Cu precipitates were found to be enriched by Ni on the precipitate surface. The latter effect was determined to be the consequence of the explusion of Ni from inside fully grown precipitates, rather than of transport of Ni atoms from the matrix to the surface of the precipitate. Quantitative comparison with experiments, however, could not be established, due to the inherent limitations of the used simulation techniques.To conclude, we emphasize that, to the best of our knowledge, our Fe-Cu-Ni potential represents the first example of a ternary many-body potential developed to study radiation damage. Due to the many-body character of the potential, results obtained by different atomistic techniques are easily transferable, in contrast to the models currently available in the literature. and S are constants given in TableA2. Tabulations of all the binary potentials can be found on-line following the link: http://www.ctcms.nist.gov/potentials/.
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Appendix A: Parameterization of the cross potentials

The knots and fitting coefficients used in the cubic spline expansion (3) describing the mixed pair interactions are given in Table A1 for the Fe-Cu, Fe-Ni and Cu-Ni systems. The potentials used to describe the pure species, Fe, Cu, Ni, are given in the works by Mendelev et al. [25], Mishin et al. [26] and Voter and Chen [27], respectively. As mentioned in Section 2 all pure potentials must be transformed to the effective potential gauge to be compatible with the cross potentials derived here. With the superscript 'eff' denoting the pure potential functions, the needed transformation T is,