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20
21 Plastic deformation of polycrystalline materials is largely controlled by the interaction be-
22 tween lattice dislocations and grain boundaries. The atomistic details of these interactions are
however difficult to discern even by advanced high-resolution electron microscopy methods.
23 In this paper we study several interactions of screw and edge dislocations with two symmetric
24 tilt grain boundaries in the body-centred cubic metal tungsten by atomistic simulations. Two
25 distinct models of interatomic interactions are applied - an empirical Finnis-Sinclair (FS) po-
26 tential and a bond-order potential (BOP), which is based on quantum mechanical principles
within the tight-binding electronic-structure theory. Our study shows that the outcome of the
27 interactions is sensitive to the employed interatomic potential. Origins of the deviating be-
28 havior can be traced to differences in the description of atomic bonding by the two potentials.
29 Independent of the employed interatomic potential, the simulations reveal that simple empir-
ical criteria for dislocation transmission, which are based on geometry and stress arguments
30 only, do not apply in general. Instead, in most cases processes occuring at the atomic level play
31 a decisive role in determination of the underlying mechanisms of dislocations/grain-boundary
32 interactions.
33
34
35 1. Introduction
36
37 When a polycrystalline metal undergoes plastic deformation, a large number of
38 lattice dislocations impinge on grain boundaries (GBs) and interact with them. It
39 has been observed experimentally that the interactions can result in impediment,
40 transmission, absorption and reemission, or even reflection of dislocations [1, 2]|.
41 b p ) b
42 Unfortunately, little information is available about details of these processes at the
43 atomic scale and only simple empirical criteria based on elementary geometry and
a4 stress factors have been proposed to predict the outcome of the dislocation/grain-
boundary (DGB) interactions [3, 4]. While these criteria apply in some cases, a
45 Yy ) pply )
number of experimental [5-11] and theoretical [12-27] studies have shown that
46 p
47 they are not valid in general and that the mechanisms of the DGB interactions are
48 influenced by processes occuring at the atomic level.
49 In this work we investigate several DGB interactions in the bce transition metal
50 tungsten by atomistic simulations. Tungsten was chosen as our model material
g; because of its peculiar mechanical behavior, which is controlled to a great extent by
53 the structure and properties of extended defects, namely dislocation cores and grain
54 boundaries. Depending on external conditions such as temperature, strain rate, or
55 load orientation this transition metal can deform plastically by slip or deformation
56 twinning or it can fracture by predominantly intergranular cleavage [28]. Properties
57
58
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of dislocations, GBs, and details of mutual interactions between these extended
defects are therefore of great interest since they may provide valuable information
about conditions under which the competing deformation mechanisms take place.

The most important precursor of all atomistic simulations is a reliable descrip-
tion of interatomic interactions. Calculations of complex phenomena such as the
DGB interactions require large simulation blocks and careful handling of boundary
conditions. These stringent computational demands necessitate employment of em-
pirical interatomic potentials instead of accurate first-principles electronic structure
methods. To our knowledge almost all previous DGB simulations were performed
with simple empirical potentials of the embedded-atom-method or Finnis-Sinclair
(FS) type [12-17, 2027, 29-32] with the exception of a recent work of Katzarov
et al. on TiAl [33].

In the present paper we perform the simulations with two distinct models of
interatomic interactions — an empirical Finnis-Sinclair potential [34, 35] and a
recently developed bond-order potential (BOP) [36]. The FS potential is a many-
body central-force scheme which has been used extensively in atomistic studies of
extended defects in metals because of its simplicity and computational efficiency.
Nevertheless, it is unable to describe properly the directional covalent bonds that
are primarily responsible for structural and cohesive properties of bce transition
metals [36-41]. In order to validate FS results we therefore repeated the simulations
with the BOP model, which is based on the real-space parameterized tight-binding
(TB) method and provides implicitly a correct description of the angular charac-
ter of bonding originating from d-electrons. An important advantage of the BOP
scheme for simulations of extended defects and their interactions is that unlike
classical TB models it scales linearly with the size of system since the diagonaliza-
tion of the Hamiltonian matrix is replaced by direct calculation of the bond order
in real space [42—-44].

The main goals of the present work are twofold. First, we investigate the atomic-
level mechanisms associated with the DGB interaction processes and compare the
simulation results with predictions of the empirical criteria for dislocation trans-
mission. Second, we examine if the outcome of the interactions depends on the
interatomic potential employed and analyze underlying causes of eventual differ-
ences.

2. Simulation methodology

The DGB interactions were investigated for two symmetric tilt grain boundaries
with a common [110] tilt axis, namely, 33(112) and 33(111). These GBs were
chosen as model systems since extensive plastic deformation of bce metals (e.g.
during wire drawing) leads to a strong preferential (110) texture [45, 46]. Both
GBs are high-angle GBs with a high density of coincidence sites and well defined
equilibrium atomic structures. Their energies are however largely different (see
below) and they can be therefore considered as representative cases of low and
high energy GBs.

Configurations investigated in this work present rather special cases among pos-
sible DGB interactions in which the cross slip should encounter only a small resis-
tance. In all our simulations the dislocation line lies parallel to the GB plane while
the glide plane, i.e. the maximum resolved shear stress (MRSS) plane on which the
dislocation is forced to glide, is always perpendicular to the GB plane. Because of
the mirror-symmetrical structure of both GBs the glide plane continues through
the GB into the other grain and the slip systems in both grains are therefore com-
pletely equivalent. Based on geometry considerations, the GBs in this case should
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Table 1. Main characterictics of the four DGB configurations investigated
in this work (see also figure 1).

Case GB Dislocation type  Slip systems in the grains
A $3(112) screw [111](110) / [111](110)
B 3(111) edge [111](110) / [111](110)
D »3(111) edge (111)(112)pw / [111](112) ATw

not act as obstacles to slip propagation because no residual GB dislocations are
necessary to compensate for a change of the slip system.

For the chosen GBs there exist four such cases of DGB interactions, in which
the 1/2(111) dislocation of either pure screw or pure edge type impinges in parallel
orientation on the GB. The four possibilities are described in table 1. In case A,
a 1/2[111] screw dislocation gliding on a (110) plane interacts with the %3(112)
GB. In the remaining three cases an edge dislocation with the same Burgers vector
gliding on either (110) or (112) planes interacts with the ¥3(111) GB. For the
{112} glide planes it is necessary to distinguish between the twinning (TW) and
antitwinning (ATW) directions. Since the (112) plane is not a mirror plane the
shearing of the crystal as well as the dislocation glide in opposite 1/2[111] directions
are not equivalent. Furthermore, even though the (112) plane continues through
the GB the sense of shear is reversed, i.e. the TW sense in the left bicrystal changes
to the ATW sense in the right bicrystal and vice versa. These two possibilities need
to be treated separately and correspond to cases C and D.

The computational procedure was the same in all simulations. Initially, the GBs
were created in the centre of the simulation cell and they were fully relaxed to their
equilibrium configurations. After the static relaxation of the GB atomic structure
either a perfect screw or edge dislocation with the 1/2(111) Burgers vector was
introduced in the middle of one of the grains. At this distance no attractive or
repulsive forces were detected between the dislocation and the GB in any of the
investigated systems.

With the dislocations present, the blocks were again fully relaxed. During the
relaxation the positions of the dislocation cores remained at their initial elastic
centers. It should be noted that tungsten is almost elastically isotropic and that
incompatibily stresses at GBs are therefore negligible. Consequently, there are no
long-range elastic forces on the dislocations near the GBs.

In the final step, a homogeneous shear strain was imposed on the simulation
block, corresponding to a shear stress as prescribed by anisotropic elasticity theory.
The shear stress was applied in the direction of the Burgers vector in such a way
that the dislocation was forced to move towards the GB. The shear strain was
gradually increased in small increments and the block was fully relaxed after each
step so that the simulations were done effectively at 0 K.

The simulation setup with the sense of shear for both dislocation types is shown
schematically in figure 1. The size of the simulation box was typically 15nm X
10 nm in the = and y directions and the number of atoms ranged between 5 and 10
thousand. We carried out additional simulations with larger blocks using only the
FS potential but did not find any size effect. Periodic boundary conditions were
imposed along the z direction parallel to the dislocation line while fixed boundary
conditions were used in the perpendicular x and y directions. The block in the
x and y directions then consisted of an active region, in which all the atoms are
fully relaxed, and an fixed region where the atoms are permanently displaced in
accordance with the anisotropic elastic field of the dislocation. In order to allow
the GB dislocations to move freely along the GB, simulations with free top and
bottom surfaces were also tested. Again, the results were qualitatively the same as
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Figure 1. A schematic diagram of the simulation setup for the DGB interactions with edge and screw
dislocations; the sense of applied shear is marked by arrows.

those with fixed boundaries.

3. Results

3.1. Properties of the grain boundaries

Since the atomic structure and energetics of the GBs may influence the outcome of
the DGB interactions we computed first several characteristic properties of the two
GBs using both FS and BOP schemes and compared them to results of benchmark
first-principles density-functional theory (DFT) calculations [36, 47]. Here, we focus
mainly on the ¥3(112) GB since, as will be discussed later, the differences in the
description of this boundary by the two interatomic potentials are likely to be
linked to differences in the observed DGB interactions.

The ¥3(112) GB is associated with deformation twins in bee metals and is there-
fore frequently present in materials deformed at low temperatures or high strain
rates [6]. Due to its regular atomic structure and bulk-like atomic density it is
the lowest energy boundary among the [110] symmetric tilt GBs in bee transition
metals. The structure and energetics of this GB have been investigated extensively
in the past for various bee metals, both theoretically and experimentally (see, e.g.,
Refs. [37, 47-51] and references therein). A general result of all previous studies is
that there exist two possible equilibrium configurations of this boundary, whose en-
ergies are nearly degenerate. The first configuration is a mirror symmetric structure
corresponding to the coincidence site lattice interface [2]. The second configuration
is obtained from the first one by displacing the upper grain with respect to the
lower grain parallel to the boundary plane by the vector t = 1/12[111]. The two
structures are known as “reflection” and “isosceles” GBs [49], respectively, and are
shown in figure 2.

The [111] lateral grain translation not only distinguishes the two low-energy GB
structures but is of primary interest because it coincides with the direction of the
twinning shear during deformation twinning. The computed energy profiles asso-
ciated with the lateral translation of the two grains in the [111] direction over the
whole GB period are plotted in figure 2. The curves in the figure represent the vari-
ation of the energy for rigid relative displacements of the grains without any atomic
relaxation. The full symbols mark the energies of three high-symmetry translation
states with all atomic positions relaxed. Figure 2 shows that except of the two
low-energy configurations there exists another symmetry-dictated metastable con-
figuration of this boundary, which can be obtained from the isosceles structure by a
translation t = 1/4[111]. This transition structure corresponds to an energy maxi-
mum and is therefore a hypothetical configuration which is unlikely to be present
in the real material. This configuration may be however encountered as a transition
state during shearing of the crystal.
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Figure 2. Energy of the ¥3(112) GB as a function of lateral displacement the grains along the [111]
direction. The curves correspond to rigid relative displacements of the grains without any relaxation and the
full symbols to fully relaxed symmetry structures. The corresponding atomic structures of the metastable
GBs along the tilt axis are depicted next to the graph. Atoms with different radii lie in different (110)
planes; symbols R, I, and T denote reflection, isosceles, and transition structures, respectively.

Table 2. Comparison of GB energies for the ¥3(112)
and ¥3(111) boundaries calculated by different meth-
ods. For the 23(112) GB energies of the reflection (R),
isosceles (I), transition (T) structures, and the differ-
ence between T and R structures are listed separately.
All values are in mJ/m?

GB DFT BOP FS
>3(112)

R)eflection 703 780 395
(
(I)soscelles 743 762 462
(T)ransition 1310 1375 778
Ar_pgr 607 595 383
»3(111)

3D PBCs (12 atom cell) 2274 2195 1401
3D PBCs (24 atom cell) 2350 2409 2337
2D PBCs = 2398 2364

Since the calculations can be carried out also with accurate first-principles meth-
ods, they serve as a valuable benchmark case for validation of the employed inter-
atomic potentials (cf. Refs [38, 47]). The comparison in figure 2 shows that for rigid
displacements the BOP results follow closely those of DFT both qualitatively and
quantitatively. The F'S potential mimics correctly the shape of the energy profile
but the absolute values are underestimated by almost factor of two. After relax-
ation the DFT calculations yield the reflection structure to be the most stable.
According to the BOP calculations, both the isosceles and reflection structures are
metastable with the isosceles structure favored by 18 mJ/m? over the reflection
structure (see table 2). Hence, in the prediction of the ground state structure DFT
and BOP give contradictory results, although the energy difference is very small
and represents only about 2% of the GB energy. The FS potential gives correctly
the order of the three GB structures but significantly underestimates their abso-
lute energies. Additionally, the energy barrier related to the shear strength of the
GB along the [111] direction, i.e., the energy difference between the transition and
reflection structures, is also predicted to be about 40% lower than in DFT and
BOP calculations (see table 1). The reason for these strong underestimations is
the central-force character of the FS potential. In the ¥3(112) boundary the sep-
aration of the first and second neighbours is the same as in the ideal crystal and
thus only the third and more distant neighbours contribute to the GB energy.

In contrast to the ¥3(112) GB, the atomic structure of the ¥3(111) deviates
markedly from the bulk bcc environment and its energy is therefore significantly
higher than that of the former boundary (see table 2). We found that all three
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Figure 3. Initial (a), intermediate (b), and final (c) simulation snapshots from the DGB interaction be-
tween the 1/2[111] screw dislocation gliding on the (110) plane and the ¥3(112) GB (BOP simulations).
The pictures are (111) views with the (110) glide plane lying horizontally. The arrows were obtained using
the standard method of differential displacements [48] and correspond to atomic displacements in the (111)
direction. The nonplanar structure of the dislocation core and position of the GB plane are highlited.

computational methods agree very well in predicting the GB energy as well as the
atomic structure provided that the boundary is well isolated (does not interact
with itself). In DFT calculations, periodic supercells containing two identical GBs
are necessary and the cells must be large enough to avoid mutual interactions
between the boundaries. For the ¥3(111) GB a supercells with 12 atoms does not
satisfy this requirement since the GBs are separated by only three {111} planes
and start to interact. This interaction leads to a reduction of the GB energy. The
decrease is only marginal in DFT and BOP calculations, but in the case of FS
potential it leads to unphysical changes in the structure of the bulk region between
the GBs and a significant drop in the energy. This behavior is again likely to be
caused by insufficient transferability of the F'S potential to considerably distorted
environments. Table 2 shows that for the 24 atom supercell, in which the distance
beween periodic images of the GBs is sufficiently large, the agreement between
all three methods is excellent. For BOP and FS potentials these results are also
consistent with calculations done using 2D periodic boundary conditions (PBCs)
parallel to the interface in which the GB is effectively embedded in two infinite
bulk halferystals.

3.2. Case A: Interaction between screw dislocation gliding on {110} plane
and ¥£3(112) GB

The first DGB interaction is the only one among the four investigated cases where a
screw dislocation appears. It has been known for long time that properties of screw
dislocations in bce materials differ markedly from those of edge dislocations [52].
Characteristic features of the screw dislocations, such as low mobility, high intrin-
sic lattice friction (Peierls stress), and thermally activated motion via formation of
kinks, have their origin in a three-dimensional non-planar structure of the disloca-
tion core (for review see e.g. Refs. [40, 41, 52] and article by Vitek in this special
issue).

Since the two employed interatomic potentials predict qualitatively different core
structures of the 1/2[111] screw dislocation [36, 40] it may be expected that this
difference will be also reflected in the DGB interaction process. Our calculations
however reveal that the interaction between the 1/2[111] screw dislocation gliding
on the (110) plane and the ¥3(112) GB proceeds identically for both potentials.
Figure 3 depicts initial, intermediate, and final configurations of the simulations
using the standard method of differential displacements [48]. The screw dislocation
starts moving towards the boundary [figure 3(a)] at the same critical stress as in
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Figure 4. Structure of the £3(112) GB after interaction with one (a) and eight (b) 1/2[111] screw dislo-
cations (FS simulation).

the bulk crystal, which confirms that the GB does not influence the Peierls barrier
of the dislocation. When the dislocation reaches the GB [figure 3(b)] it is absorbed
and immediately dissociates into three partial dislocations, each with the Burgers
vector of 1/6[111]. These dislocations, also known as twinning dislocations which
propagate deformation twins [1, 6], are geometrically admissible defects at this
interface and can move conservatively along the GB plane. After the dissociation,
a mutual repulsion forces two of the twinning dislocations to glide in opposite
directions on neighboring (112) GB planes. As a result of this process the GB
above and below the absorption site migrates in opposite directions and an embryo
of a new GB, which contains the remaining twinning dislocation, forms at the
interaction site [figure 3(c)].

While BOP calculations are computationally demanding, the efficiency of the F'S
potential enables us to study a more realistic case of DGB interaction with multiple
incoming dislocations. Using free top and bottom surfaces of the simulation block so
that the GB dislocations can leave the block we gradually inserted eight dislocations
in the vicinity of the boundary. The simulations show that also the subsequent
interactions proceed in a similiar way as with a single dislocation, i.e., by absorption
and dissociation of the incoming lattice dislocations. Figures 4(a) and 4(b) depict
the snapshots of the simulation block after absorption of one and eight dislocations,
respectively, using the local von Mises shear strain invariant [53]. Remains of the
original straight boundary plane can be seen only in the top and bottom regions of
figure 4(b) with a newly formed GB in between. The new GB is inclined by about
60 degress to the original GB and is therefore itself an imperfect £3{112} twin GB.

3.3. Case B: Interaction between edge dislocation gliding on {110} plane
and ¥3(111) GB

Unlike the 1/2[111] screw dislocations, the edge dislocations have planar cores and,
consequently, their mobility is several orders of magnitude higher than the mobility
of the screws [1]. Both BOP and FS potentials give a planar core structure for the
1/2[111] edge dislocation spread on the (110) plane and differ only in the extension
of the core.

Surprisingly, despite the similar dislocation cores structures the BOP and FS po-
tentials give qualitatively different results for the interaction between the 1/2[111]
edge dislocation gliding on the (110) plane and the ¥3(111) GB. The initial and
final snapshots of the simulation box from both simulations are shown in figure 5.
In the BOP simulation the dislocation is again blocked by the GB and stays em-
bedded in the boundary even when the shear stress is increased up to 6% of the
shear elastic modulus Cy4. The same GB in the FS simulations presents a much
weaker obstacle for the dislocation. Initially, the dislocation is also absorbed at

http://mc.manuscriptcentral.com/pm-pml
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BOP simulation

Figure 5. Initial, (a) and (c), and final, (b) and (d), simulation snapshots from the DGB interaction
between the 1/2[111] edge dislocation gliding on the (110) plane and the ¥3(111) GB calculated using
BOP and FS potentials, respectively.

the GB but at the applied stress of about 3% of Cy4 it detaches from the GB
and starts to glide into the neighboring grain. As shown in figure 5(d), the outgo-
ing edge dislocation triggers a wave of local changes in the crystal, which follow
the moving dislocation and effectively destroy the original GB. The disintegration
of the GB is caused by ongoing transformations of the ABCBAC stacking of the
(111) planes across the GB to the ideal ABCABC stacking of the bulk bcce lattice.
The transformation can be achieved by translating atoms on neighboring (110)
planes in opposite directions by the vector +£1/6[111]. This atomic shuffling, which
is schematically shown in figure 6, is associated with an energy barrier. Calculated
profiles of this barrier in the ideal bce structure are shown also in figure 6. We can
see that while the magnitude of the barrier is around 4 eV according to DFT and
BOP calculations, with the FS potential it reaches only 1.5 eV. The presence of
the absorbed dislocation and the effect of the applied stress probably decrease the
barrier even further and lead thus to initiation of the transformation.

3.4. Cases C and D: Interaction between edge dislocation gliding on {211}
plane and ¥3(111) GB

It was shown already more than thirty years ago by Yamaguchi and Vitek [54, 55]
that the core of the 1/2(111) edge dislocation lying on a {112} plane is also planar.
Since the core is predominantly confined to a single plane it can be described as a
continuous distribution of the Burgers vector [26]. This distribution is asymmetric
due to the well known twinning-antitwinning asymmetry of shear on {112} planes
and may be interpreted as a dissociation into two fractional dislocations with the
Burgers vectors 1/6(111) and 1/3(111) [52]. The dislocation therefore behaves dif-
ferently when gliding in opposite (111) directions and the two cases need to be
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Figure 6. Calculated energy barriers associated with shuffling of atoms along the [111] direction on neigh-
boring {110} planes. The atomic configuration corresponding to the initial, transition, and final states are
shown schematically on the right.

treated separately.

Similarly as in case B, BOP and F'S simulations give qualitatively different results
even though the dislocation core structures from the two potentials are very similar.
In BOP simulations, the result of the DGB interaction is independent of the sense
of shearing. The dislocation is always trapped at the GB and does not propagate
to the neighboring grain. A sequence of simulation snapshots from cases C and D
are shown in figures 7 and 8, respectively.

In contrast, the outcome of the interaction in FS simulations depends on the
crystal orientation. In case C, which corresponds to the ATW/TW orientation of
the grains, the dislocation starts moving in the right grain in the antitwinning
direction while the sense of shear in the neighboring grain is reversed to the twin-
ning direction. Figure 7(e) shows that when the dislocation approaches the GB
the compressive stress field above its glide plane initiates the same lattice trans-
formation as observed in the previous case (see figure 6). The process leads again
to a local reversal of stacking of the (111) planes and disintegration of the original
GB. The boundary plane in the vicinity of the interaction site decomposes into two
short segments which are inclined by 90 and 45 degrees to the original boundary
plane [see figure7(e)]. The horizontal segment, which coincides with the dislocation
glide plane, is a $3(112). The other segment is a general boundary which joins
the dislocation core with the original GB. The Burgers vector of the dislocation
is distributed along both segments and the whole configuration can be considered
as a transformed dislocation core. Due to the complex atomic structure of this
arrangement it is however difficult to obtain more detailed information about this
spreading. Upon further increase of the applied stress the configuration gradually
traverses across the GB and starts to extend further into the neighboring grain
[figure 7(c)]. The origins of this behavior can be again traced to the low barrier
for the shuffling of atoms along the [111] direction and the underestimation of the
¥:3(112) GB energy.

In case D, the orientation of the grains for the applied shear stress is in the
TW/ATW sense. The dislocation therefore arrives at the boundary with its low
stress side first [26, 54]. In this case no lattice transformation takes place and the
dislocation is transmitted through the GB leaving it basically intact. The trans-
mission is however not a continuous process. Upon reaching the GB the edge dis-
location is first blocked and does not move further [figure 8(f)]. With additional
increase of the applied stress the dislocation gradually penetrates the GB but re-
mains attached to it [figure 8(g)]. Only after reaching a critical stress level the
dislocation detaches from the GB and glides away [figure 8(h)].
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BOP simulation FS simulation

LU

Figure 7. DGB interaction between the 1/2[111] edge dislocation gliding on a (112) plane in the ATW
direction and the ¥3(111) GB.

4. Discussion and conclusions

The atomistic simulations performed in this work raise two main questions. The
first concerns the reliability of the calculations as the obtained results depend sen-
sitively on the employed interatomic potential. The second pertains to the present
understanding of the DGB interactions — the investigated twin GBs present effec-
tive barriers to the motion of slip dislocations even though according to geometrical
and stress criteria they should be transparent for the dislocations in the configu-
rations studied here.

The problem of reliability and transferability lies in the heart of all theoretical
descriptions of interatomic interactions. While it is expected that a model will pro-
vide reliable results if it is applied in environments not too dissimilar from those
used for its fitting, with increasing complexity of the investigated problem the relia-
bility becomes uncertain. The borderline between reliable and uncertain simulation
outcome is however often difficult to locate. In the case of bee transition metals
the central-force character of the FS potential does not correspond to the physical
reality of the chemical bonding. Nevertheless, the potential has been successfully
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Figure 8. DGB interaction between the 1/2[111] edge dislocation gliding on a (112) plane in the TW
direction and the ¥3(111) GB.

grororg b
WNPFE OO

applied in a number of studies [26, 32, 56, 57] and its reliability deteriorates only
in complex situations such as DGB interactions. It is important to emphasize that
also for the BOP scheme there is no a priori guarantee that it is fully transferable to
other configurations since the model is also fitted to a finite set of ab initio and/or
experimental data. However, since it is based on quantum mechanical principles
we anticipate that the BOP scheme is robust and reliable. This was confirmed not
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only in the present but also in a number of previous studies [36, 38, 39]

From our analyses it is obvious that the origins of the different behavior of the two
models can be traced back to relatively simple features, which can be validated us-
ing first-principles methods. This is an optimistic message for future developments.
With the knowledge of their limitations the simple empirical potentials remain to
be a useful tool. Due to their simplicity and computational efficiency they can be
applied in sampling or test studies. Recent advances in development of new hybrid
schemes provide additional promising ways to overcome the inherent limitations of
simple empirical potentials by merging them with more sophisticated methods [58].

As was found in several recent studies [21, 23, 26], DGB interactions appear to
be more complicated than previously thought. Even in the ideal cases studied here,
where the dislocation line lies parallel to the GB plane and the glide plane continues
through the boundary, the interactions are strongly influenced by processes occur-
ring at the atomic level. In contrary to the existing empirical criteria, all our BOP
simulations predict the GBs to be impenetrable obstacles for moving dislocations.
In the case of the 1/2[111] screw dislocation and the ¥3(112) GB the dislocation
immediately dissociates upon entering the GB. While the screw dislocation cannot
split into partial dislocation in the bulk crystal, the dissociation is possible at the
GB since the partial dislocations are admissible defects at the boundary. The disso-
ciation is driven by a significant reduction of the elastic energy. Subsequent glide of
the twinning dislocations along the boundary plane is associated with a formation
of a step in the GB plane with magnitude of two {112} interplanar spacings. In the
remaining DGB cases involving edge dislocations local atomic interactions within
the boundary are responsible for strong pinning of the dislocations making them
sessile.

FS simulations show that a large variety of scenarios is possible in the DGB
interactions. In case A the absorbed screw dislocation dissociates in agreement
with the BOP simulation. It may be surprising that both FS and BOP results
are consistent even though the core structure of the screw dislocation and the GB
energy are not reproduced correctly by FS. The agreement is in this case therefore
likely to be attributed to the energy balance rather than to atomistic effects. In the
remaining cases the dislocation is at first blocked by the GB but with increasing
applied stress it penetrates the boundary and continues its glide. The transmission
process in cases B and C triggers a nucleation of other events which cause the
original GB to disintegrate and effectively lead to a GB migration. Finally, in
case D the dislocation is transmitted through the GB leaving it essentially intact
in agreement with the empirical criteria. Even though the outcome of the DGB
interactions in the last three cases is influenced by artefacts of the F'S potential the
information that different outcomes are possible is valuable. It is possible that the
interatomic interactions in other materials resemble more those described by the
employed FS potential leading to similar interaction mechanisms as those observed
here.

In summary, our atomistic simulations show that the empirical criteria for dis-
location transmission, which consider mainly the geometrical relationship between
slip planes in neighboring grains, are not generally valid and the atomic level mech-
anisms play an important role in DGB interactions. The outcome of the reaction
depends sensitively on the atomic rearrangements in the vicinity of the absorption
site, which are determined by the properties of the atomic interactions through the
interatomic potential. A correct description of interatomic interaction is therefore
crucial for a reliable prediction of DGB interactions.
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20
21 Plastic deformation of polycrystalline materials is largely controlled by the interaction be-
tween lattice dislocations and grain boundaries. The atomistic details of these interactions are
22
however difficult to discern even by advanced high-resolution electron microscopy methods.
23 In this paper we study several interactions of screw and edge dislocations with two symmetric
24 tilt grain boundaries in the body-centred cubic metal tungsten by atomistic simulations. Two
25 distinct models of interatomic interactions are applied - an empirical Finnis-Sinclair (FS) po-
26 tential and a bond-order potential (BOP), which is based on quantum mechanical principles
within the tight-binding electronic-structure theory. Our study shows that the outcome of the
27 interactions is sensitive to the employed interatomic potential. Origins of the deviating be-
28 havior can be traced to differences in the description of atomic bonding by the two potentials.
29 Independent of the employed interatomic potential, the simulations reveal that simple empir-
ical criteria for dislocation transmission, which are based on geometry and stress arguments
30 only, do not apply in general. Instead, in most cases processes occuring at the atomic level play
31 a decisive role in determination of the underlying mechanisms of dislocations/grain-boundary
32 interactions.
33
34 .
35 1. Introduction
36
37 When a polycrystalline metal undergoes plastic deformation, a large number of
38 lattice dislocations impinge on grain boundaries (GBs) and interact with them. It
39 has been observed experimentally that the interactions can result in impediment,
40 transmission, absorption and reemission, or even reflection of dislocations [1, 2.
j; Unfortunately, little information is available about details of these processes at the
43 atomic scale and only simple empirical criteria based on elementary geometry and
a4 stress factors have been proposed to predict the outcome of the dislocation/grain-
45 boundary (DGB) interactions [3, 4]. While these criteria apply in some cases, a
46 number of experimental [5-11] and theoretical [12-27] studies have shown that
47 they are not valid in general and that the mechanisms of the DGB interactions are
48 influenced by processes occuring at the atomic level.
49 In this work we investigate several DGB interactions in the bcc transition metal
50 tungsten by atomistic simulations. Tungsten was chosen as our model material
g; because of its peculiar mechanical behavior, which is controlled to a great extent by
53 the structure and properties of extended defects, namely dislocation cores and grain
54 boundaries. Depending on external conditions such as temperature, strain rate, or
55 load orientation this transition metal can deform plastically by slip or deformation
56 twinning or it can fracture by predominantly intergranular cleavage [28]. Properties
57
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of dislocations, GBs, and details of mutual interactions between these extended
defects are therefore of great interest since they may provide valuable information
about conditions under which the competing deformation mechanisms take place.

The most important precursor of all atomistic simulations is a reliable descrip-
tion of interatomic interactions. Calculations of complex phenomena such as the
DGB interactions require large simulation blocks and careful handling of boundary
conditions. These stringent computational demands necessitate employment of em-
pirical interatomic potentials instead of accurate first-principles electronic structure
methods. To our knowledge almost all previous DGB simulations were performed
with simple empirical potentials of the embedded-atom-method or Finnis-Sinclair
(FS) type [12-17, 20-27, 29-32] with the exception of a recent work of Katzarov
et al. on TiAl [33].

In the present paper we perform the simulations with two distinct models of
interatomic interactions — an empirical Finnis-Sinclair potential [34, 35] and a
recently developed bond-order potential (BOP) [36]. The FS potential is a many-
body central-force scheme which has been used extensively in atomistic studies of
extended defects in metals because of its simplicity and computational efficiency.
Nevertheless, it is unable to describe properly the directional covalent bonds that
are primarily responsible for structural and cohesive properties of bcc transition
metals [36-41]. In order to validate F'S results we therefore repeated the simulations
with the BOP model, which is based on the real-space parameterized tight-binding
(TB) method and provides implicitly a correct description of the angular charac-
ter of bonding originating from d-electrons. An important advantage of the BOP
scheme for simulations of extended defects and their interactions is that unlike
classical TB models it scales linearly with the size of system since the diagonaliza-
tion of the Hamiltonian matrix is replaced by direct calculation of the bond order
in real space [42—44].

The main goals of the present work are twofold. First, we investigate the atomic-
level mechanisms associated with the DGB interaction processes and compare the
simulation results with predictions of the empirical criteria for dislocation trans-
mission. Second, we examine if the outcome of the interactions depends on the
interatomic potential employed and analyze underlying causes of eventual differ-
ences.

2. Simulation methodology

The DGB interactions were investigated for two symmetric tilt grain boundaries
with a common [110] tilt axis, namely, ¥3(112) and X3(111). These GBs were
chosen as model systems since extensive plastic deformation of bcc metals (e.g.
during wire drawing) leads to a strong preferential (110) texture [45, 46]. Both
GBs are high-angle GBs with a high density of coincidence sites and well defined
equilibrium atomic structures. Their energies are however largely different (see
below) and they can be therefore considered as representative cases of low and
high energy GBs.

Configurations investigated in this work present rather special cases among pos-
sible DGB interactions in which the cross slip should encounter only a small resis-
tance. In all our simulations the dislocation line lies parallel to the GB plane while
the glide plane, i.e. the maximum resolved shear stress (MRSS) plane on which the
dislocation is forced to glide, is always perpendicular to the GB plane. Because of
the mirror-symmetrical structure of both GBs the glide plane continues through
the GB into the other grain and the slip systems in both grains are therefore com-
pletely equivalent. Based on geometry considerations, the GBs in this case should
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Table 1. Main characterictics of the four DGB configurations investigated
in this work (see also figure 1).

Case GB Dislocation type  Slip systems in the grains
A X3(112) screw [111](110) / [11T](110)
B ¥3(111) edge [111)(110) / [111](110)
C  Z3(111) edge [TT1](112) arw / [111](112) 7w
D x3(111) edge (111](112)pw / [111](112) ATw

not act as obstacles to slip propagation because no residual GB dislocations are
necessary to compensate for a change of the slip system.

For the chosen GBs there exist four such cases of DGB interactions, in which
the 1/2(111) dislocation of either pure screw or pure edge type impinges in parallel
orientation on the GB. The four possibilities are described in table 1. In case A,
a 1/2[111] screw dislocation gliding on a (110) plane interacts with the $3(112)
GB. In the remaining three cases an edge dislocation with the same Burgers vector
gliding on either (110) or (112) planes interacts with the ¥3(111) GB. For the
{112} glide planes it is necessary to distinguish between the twinning (TW) and
antitwinning (ATW) directions. Since the (112) plane is not a mirror plane the
shearing of the crystal as well as the dislocation glide in opposite 1/2[111] directions
are not equivalent. Furthermore, even though the (112) plane continues through
the GB the sense of shear is reversed, i.e. the TW sense in the left bicrystal changes
to the ATW sense in the right bicrystal and vice versa. These two possibilities need
to be treated separately and correspond to cases C and D.

The computational procedure was the same in all simulations. Initially, the GBs
were created in the centre of the simulation cell and they were fully relaxed to their
equilibrium configurations. After the static relaxation of the GB atomic structure
either a perfect screw or edge dislocation with the 1/2(111) Burgers vector was
introduced in the middle of one of the grains. At this distance no attractive or
repulsive forces were detected between the dislocation and the GB in any of the
investigated systems.

With the dislocations present, the blocks were again fully relaxed. During the
relaxation the positions of the dislocation cores remained at their initial elastic
centers. It should be noted that tungsten is almost elastically isotropic and that
incompatibily stresses at GBs are therefore negligible. Consequently, there are no
long-range elastic forces on the dislocations near the GBs.

In the final step, a homogeneous shear strain was imposed on the simulation
block, corresponding to a shear stress as prescribed by anisotropic elasticity theory.
The shear stress was applied in the direction of the Burgers vector in such a way
that the dislocation was forced to move towards the GB. The shear strain was
gradually increased in small increments and the block was fully relaxed after each
step so that the simulations were done effectively at 0 K.

The simulation setup with the sense of shear for both dislocation types is shown
schematically in figure 1. The size of the simulation box was typically 15nm X
10nm in the z and y directions and the number of atoms ranged between 5 and 10
thousand. We carried out additional simulations with larger blocks using only the
FS potential but did not find any size effect. Periodic boundary conditions were
imposed along the z direction parallel to the dislocation line while fixed boundary
conditions were used in the perpendicular z and y directions. The block in the
x and y directions then consisted of an active region, in which all the atoms are
fully relaxed, and an fixed region where the atoms are permanently displaced in
accordance with the anisotropic elastic field of the dislocation. In order to allow
the GB dislocations to move freely along the GB, simulations with free top and
bottom surfaces were also tested. Again, the results were qualitatively the same as
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Figure 1. A schematic diagram of the simulation setup for the DGB interactions with edge and screw
dislocations; the sense of applied shear is marked by arrows.

those with fixed boundaries.

3. Results

3.1. Properties of the grain boundaries

Since the atomic structure and energetics of the GBs may influence the outcome of
the DGB interactions we computed first several characteristic properties of the two
GBs using both FS and BOP schemes and compared them to results of benchmark
first-principles density-functional theory (DFT) calculations [36, 47]. Here, we focus
mainly on the ¥3(112) GB since, as will be discussed later, the differences in the
description of this boundary by the two interatomic potentials are likely to be
linked to differences in the observed DGB interactions.

The ¥3(112) GB is associated with deformation twins in bee metals and is there-
fore frequently present in materials deformed at low temperatures or high strain
rates [6]. Due to its regular atomic structure and bulk-like atomic density it is
the lowest energy boundary among the [110] symmetric tilt GBs in bee transition
metals. The structure and energetics of this GB have been investigated extensively
in the past for various bee metals, both theoretically and experimentally (see, e.g.,
Refs. [37, 47-51] and references therein). A general result of all previous studies is
that there exist two possible equilibrium configurations of this boundary, whose en-
ergies are nearly degenerate. The first configuration is a mirror symmetric structure
corresponding to the coincidence site lattice interface [2]. The second configuration
is obtained from the first one by displacing the upper grain with respect to the
lower grain parallel to the boundary plane by the vector t = 1/12[111]. The two
structures are known as “reflection” and “isosceles” GBs [49], respectively, and are
shown in figure 2.

The [111] lateral grain translation not only distinguishes the two low-energy GB
structures but is of primary interest because it coincides with the direction of the
twinning shear during deformation twinning. The computed energy profiles asso-
ciated with the lateral translation of the two grains in the [111] direction over the
whole GB period are plotted in figure 2. The curves in the figure represent the vari-
ation of the energy for rigid relative displacements of the grains without any atomic
relaxation. The full symbols mark the energies of three high-symmetry translation
states with all atomic positions relaxed. Figure 2 shows that except of the two
low-energy configurations there exists another symmetry-dictated metastable con-
figuration of this boundary, which can be obtained from the isosceles structure by a
translation t = 1/4[111]. This transition structure corresponds to an energy maxi-
mum and is therefore a hypothetical configuration which is unlikely to be present
in the real material. This configuration may be however encountered as a transition
state during shearing of the crystal.
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Figure 2. Energy of the X3(112) GB as a function of lateral displacement the grains along the [111]
direction. The curves correspond to rigid relative displacements of the grains without any relaxation and the
full symbols to fully relaxed symmetry structures. The corresponding atomic structures of the metastable
GBs along the tilt axis are depicted next to the graph. Atoms with different radii lie in different (110)
planes; symbols R, I, and T denote reflection, isosceles, and transition structures, respectively.

Table 2. Comparison of GB energies for the 33(112)
and ¥3(111) boundaries calculated by different meth-
ods. For the £3(112) GB energies of the reflection (R),
isosceles (I), transition (T) structures, and the differ-
ence between T and R structures are listed separately.
All values are in mJ/m?

GB DFT BOP FS
»3(112)
eflection
(R)eflecti 703 780 395
(I)soscelles 743 762 462
(T)ransition 1310 1375 778
Ar_p 607 595 383
»3(111)

3D PBCs (12 atom cell) 2274 2195 1401
3D PBCs (24 atom cell) 2350 2409 2337
2D PBCs = 2398 2364

Since the calculations can be carried out also with accurate first-principles meth-
ods, they serve as a valuable benchmark case for validation of the employed inter-
atomic potentials (cf. Refs [38, 47]). The comparison in figure 2 shows that for rigid
displacements the BOP results follow closely those of DF'T both qualitatively and
quantitatively. The F'S potential mimics correctly the shape of the energy profile
but the absolute values are underestimated by almost factor of two. After relax-
ation the DFT calculations yield the reflection structure to be the most stable.
According to the BOP calculations, both the isosceles and reflection structures are
metastable with the isosceles structure favored by 18 mJ/m? over the reflection
structure (see table 2). Hence, in the prediction of the ground state structure DF'T
and BOP give contradictory results, although the energy difference is very small
and represents only about 2% of the GB energy. The FS potential gives correctly
the order of the three GB structures but significantly underestimates their abso-
lute energies. Additionally, the energy barrier related to the shear strength of the
GB along the [111] direction, i.e., the energy difference between the transition and
reflection structures, is also predicted to be about 40% lower than in DFT and
BOP calculations (see table 1). The reason for these strong underestimations is
the central-force character of the FS potential. In the ¥3(112) boundary the sep-
aration of the first and second neighbours is the same as in the ideal crystal and
thus only the third and more distant neighbours contribute to the GB energy.

In contrast to the ¥3(112) GB, the atomic structure of the ¥3(111) deviates
markedly from the bulk bce environment and its energy is therefore significantly
higher than that of the former boundary (see table 2). We found that all three
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Figure 3. Initial (a), intermediate (b), and final (¢) simulation snapshots from the DGB interaction be-
tween the 1/2[111] screw dislocation gliding on the (110) plane and the ¥3(112) GB (BOP simulations).
The pictures are (111) views with the (110) glide plane lying horizontally. The arrows were obtained using
the standard method of differential displacements [48] and correspond to atomic displacements in the (111)
direction. The nonplanar structure of the dislocation core and position of the GB plane are highlited.

computational methods agree very well in predicting the GB energy as well as the
atomic structure provided that the boundary is well isolated (does not interact
with itself). In DFT calculations, periodic supercells containing two identical GBs
are necessary and the cells must be large enough to avoid mutual interactions
between the boundaries. For the 33(111) GB a supercells with 12 atoms does not
satisfy this requirement since the GBs are separated by only three {111} planes
and start to interact. This interaction leads to a reduction of the GB energy. The
decrease is only marginal in DFT and BOP calculations, but in the case of FS
potential it leads to unphysical changes in the structure of the bulk region between
the GBs and a significant drop in the energy. This behavior is again likely to be
caused by insufficient transferability of the F'S potential to considerably distorted
environments. Table 2 shows that for the 24 atom supercell, in which the distance
beween periodic images of the GBs is sufficiently large, the agreement between
all three methods is excellent. For BOP and FS potentials these results are also
consistent with calculations done using 2D periodic boundary conditions (PBCs)
parallel to the interface in which the GB is effectively embedded in two infinite
bulk halfcrystals.

3.2. Case A: Interaction between screw dislocation gliding on {110} plane
and ¥£3(112) GB

The first DGB interaction is the only one among the four investigated cases where a
screw dislocation appears. It has been known for long time that properties of screw
dislocations in bce materials differ markedly from those of edge dislocations [52].
Characteristic features of the screw dislocations, such as low mobility, high intrin-
sic lattice friction (Peierls stress), and thermally activated motion via formation of
kinks, have their origin in a three-dimensional non-planar structure of the disloca-
tion core (for review see e.g. Refs. [40, 41, 52] and article by Vitek in this special
issue).

Since the two employed interatomic potentials predict qualitatively different core
structures of the 1/2[111] screw dislocation [36, 40] it may be expected that this
difference will be also reflected in the DGB interaction process. Our calculations
however reveal that the interaction between the 1/2[111] screw dislocation gliding
on the (110) plane and the ¥3(112) GB proceeds identically for both potentials.
Figure 3 depicts initial, intermediate, and final configurations of the simulations
using the standard method of differential displacements [48]. The screw dislocation
starts moving towards the boundary [figure 3(a)] at the same critical stress as in
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Figure 4. Structure of the 33(112) GB after interaction with one (a) and eight (b) 1/2[111] screw dislo-
cations (FS simulation).

the bulk crystal, which confirms that the GB does not influence the Peierls barrier
of the dislocation. When the dislocation reaches the GB [figure 3(b)] it is absorbed
and immediately dissociates into three partial dislocations, each with the Burgers
vector of 1/6[111]. These dislocations, also known as twinning dislocations which
propagate deformation twins [1, 6], are geometrically admissible defects at this
interface and can move conservatively along the GB plane. After the dissociation,
a mutual repulsion forces two of the twinning dislocations to glide in opposite
directions on neighboring (112) GB planes. As a result of this process the GB
above and below the absorption site migrates in opposite directions and an embryo
of a new GB, which contains the remaining twinning dislocation, forms at the
interaction site [figure 3(c)].

While BOP calculations are computationally demanding, the efficiency of the F'S
potential enables us to study a more realistic case of DGB interaction with multiple
incoming dislocations. Using free top and bottom surfaces of the simulation block so
that the GB dislocations can leave the block we gradually inserted eight dislocations
in the vicinity of the boundary. The simulations show that also the subsequent
interactions proceed in a similiar way as with a single dislocation, i.e., by absorption
and dissociation of the incoming lattice dislocations. Figures 4(a) and 4(b) depict
the snapshots of the simulation block after absorption of one and eight dislocations,
respectively, using the local von Mises shear strain invariant [53]. Remains of the
original straight boundary plane can be seen only in the top and bottom regions of
figure 4(b) with a newly formed GB in between. The new GB is inclined by about
60 degress to the original GB and is therefore itself an imperfect £3{112} twin GB.

3.3. Case B: Interaction between edge dislocation gliding on {110} plane
and ¥3(111) GB

Unlike the 1/2[111] screw dislocations, the edge dislocations have planar cores and,
consequently, their mobility is several orders of magnitude higher than the mobility
of the screws [1]. Both BOP and FS potentials give a planar core structure for the
1/2[111] edge dislocation spread on the (110) plane and differ only in the extension
of the core.

Surprisingly, despite the similar dislocation cores structures the BOP and FS po-
tentials give qualitatively different results for the interaction between the 1/2[111]
edge dislocation gliding on the (110) plane and the ¥3(111) GB. The initial and
final snapshots of the simulation box from both simulations are shown in figure 5.
In the BOP simulation the dislocation is again blocked by the GB and stays em-
bedded in the boundary even when the shear stress is increased up to 6% of the
shear elastic modulus Cy4. The same GB in the FS simulations presents a much
weaker obstacle for the dislocation. Initially, the dislocation is also absorbed at
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BOP simulation

FS simulation

Figure 5. Initial, (a) and (c), and final, (b) and (d), simulation snapshots from the DGB interaction
between the 1/2[111] edge dislocation gliding on the (110) plane and the ¥3(111) GB calculated using
BOP and FS potentials, respectively.

the GB but at the applied stress of about 3% of Cy it detaches from the GB
and starts to glide into the neighboring grain. As shown in figure 5(d), the outgo-
ing edge dislocation triggers a wave of local changes in the crystal, which follow
the moving dislocation and effectively destroy the original GB. The disintegration
of the GB is caused by ongoing transformations of the ABCBAC stacking of the
(111) planes across the GB to the ideal ABCABC stacking of the bulk bcc lattice.
The transformation can be achieved by translating atoms on neighboring (110)
planes in opposite directions by the vector £1/6[111]. This atomic shuffling, which
is schematically shown in figure 6, is associated with an energy barrier. Calculated
profiles of this barrier in the ideal bce structure are shown also in figure 6. We can
see that while the magnitude of the barrier is around 4 eV according to DFT and
BOP calculations, with the F'S potential it reaches only 1.5 eV. The presence of
the absorbed dislocation and the effect of the applied stress probably decrease the
barrier even further and lead thus to initiation of the transformation.

3.4. Cases C and D: Interaction between edge dislocation gliding on {211}
plane and ¥3(111) GB

It was shown already more than thirty years ago by Yamaguchi and Vitek [54, 55]
that the core of the 1/2(111) edge dislocation lying on a {112} plane is also planar.
Since the core is predominantly confined to a single plane it can be described as a
continuous distribution of the Burgers vector [26]. This distribution is asymmetric
due to the well known twinning-antitwinning asymmetry of shear on {112} planes
and may be interpreted as a dissociation into two fractional dislocations with the
Burgers vectors 1/6(111) and 1/3(111) [52]. The dislocation therefore behaves dif-
ferently when gliding in opposite (111) directions and the two cases need to be
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Figure 6. Calculated energy barriers associated with shuffling of atoms along the [111] direction on neigh-
boring {110} planes. The atomic configuration corresponding to the initial, transition, and final states are
shown schematically on the right.

treated separately.

Similarly as in case B, BOP and F'S simulations give qualitatively different results
even though the dislocation core structures from the two potentials are very similar.
In BOP simulations, the result of the DGB interaction is independent of the sense
of shearing. The dislocation is always trapped at the GB and does not propagate
to the neighboring grain. A sequence of simulation snapshots from cases C and D
are shown in figures 7 and 8, respectively.

In contrast, the outcome of the interaction in FS simulations depends on the
crystal orientation. In case C, which corresponds to the ATW/TW orientation of
the grains, the dislocation starts moving in the right grain in the antitwinning
direction while the sense of shear in the neighboring grain is reversed to the twin-
ning direction. Figure 7(e) shows that when the dislocation approaches the GB
the compressive stress field above its glide plane initiates the same lattice trans-
formation as observed in the previous case (see figure 6). The process leads again
to a local reversal of stacking of the (111) planes and disintegration of the original
GB. The boundary plane in the vicinity of the interaction site decomposes into two
short segments which are inclined by 90 and 45 degrees to the original boundary
plane [see figure7(e)]. The horizontal segment, which coincides with the dislocation
glide plane, is a ¥3(112). The other segment is a general boundary which joins
the dislocation core with the original GB. The Burgers vector of the dislocation
is distributed along both segments and the whole configuration can be considered
as a transformed dislocation core. Due to the complex atomic structure of this
arrangement it is however difficult to obtain more detailed information about this
spreading. Upon further increase of the applied stress the configuration gradually
traverses across the GB and starts to extend further into the neighboring grain
[figure 7(c)]. The origins of this behavior can be again traced to the low barrier
for the shuffling of atoms along the [111] direction and the underestimation of the
¥3(112) GB energy.

In case D, the orientation of the grains for the applied shear stress is in the
TW/ATW sense. The dislocation therefore arrives at the boundary with its low
stress side first [26, 54]. In this case no lattice transformation takes place and the
dislocation is transmitted through the GB leaving it basically intact. The trans-
mission is however not a continuous process. Upon reaching the GB the edge dis-
location is first blocked and does not move further [figure 8(f)]. With additional
increase of the applied stress the dislocation gradually penetrates the GB but re-
mains attached to it [figure 8(g)]. Only after reaching a critical stress level the
dislocation detaches from the GB and glides away [figure 8(h)].

http://mc.manuscriptcentral.com/pm-pml



©CoO~NOUTA,WNPE

Philosophical Magazine & Philosophical Magazine Letters
10
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XY

Figure 7. DGB interaction between the 1/2[111] edge dislocation gliding on a (112) plane in the ATW
direction and the 33(111) GB.

4. Discussion and conclusions

The atomistic simulations performed in this work raise two main questions. The
first concerns the reliability of the calculations as the obtained results depend sen-
sitively on the employed interatomic potential. The second pertains to the present
understanding of the DGB interactions — the investigated twin GBs present effec-
tive barriers to the motion of slip dislocations even though according to geometrical
and stress criteria they should be transparent for the dislocations in the configu-
rations studied here.

The problem of reliability and transferability lies in the heart of all theoretical
descriptions of interatomic interactions. While it is expected that a model will pro-
vide reliable results if it is applied in environments not too dissimilar from those
used for its fitting, with increasing complexity of the investigated problem the relia-
bility becomes uncertain. The borderline between reliable and uncertain simulation
outcome is however often difficult to locate. In the case of bcc transition metals
the central-force character of the F'S potential does not correspond to the physical
reality of the chemical bonding. Nevertheless, the potential has been successfully
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applied in a number of studies [26, 32, 56, 57] and its reliability deteriorates only
in complex situations such as DGB interactions. It is important to emphasize that
also for the BOP scheme there is no a priori guarantee that it is fully transferable to
other configurations since the model is also fitted to a finite set of ab initio and/or
experimental data. However, since it is based on quantum mechanical principles
we anticipate that the BOP scheme is robust and reliable. This was confirmed not
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only in the present but also in a number of previous studies [36, 38, 39|

From our analyses it is obvious that the origins of the different behavior of the two
models can be traced back to relatively simple features, which can be validated us-
ing first-principles methods. This is an optimistic message for future developments.
With the knowledge of their limitations the simple empirical potentials remain to
be a useful tool. Due to their simplicity and computational efficiency they can be
applied in sampling or test studies. Recent advances in development of new hybrid
schemes provide additional promising ways to overcome the inherent limitations of
simple empirical potentials by merging them with more sophisticated methods [58].

As was found in several recent studies [21, 23, 26], DGB interactions appear to
be more complicated than previously thought. Even in the ideal cases studied here,
where the dislocation line lies parallel to the GB plane and the glide plane continues
through the boundary, the interactions are strongly influenced by processes occur-
ring at the atomic level. In contrary to the existing empirical criteria, all our BOP
simulations predict the GBs to be impenetrable obstacles for moving dislocations.
In the case of the 1/2[111] screw dislocation and the ¥3(112) GB the dislocation
immediately dissociates upon entering the GB. While the screw dislocation cannot
split into partial dislocation in the bulk crystal, the dissociation is possible at the
GB since the partial dislocations are admissible defects at the boundary. The disso-
ciation is driven by a significant reduction of the elastic energy. Subsequent glide of
the twinning dislocations along the boundary plane is associated with a formation
of a step in the GB plane with magnitude of two {112} interplanar spacings. In the
remaining DGB cases involving edge dislocations local atomic interactions within
the boundary are responsible for strong pinning of the dislocations making them
sessile.

FS simulations show that a large variety of scenarios is possible in the DGB
interactions. In case A the absorbed screw dislocation dissociates in agreement
with the BOP simulation. It may be surprising that both FS and BOP results
are consistent even though the core structure of the screw dislocation and the GB
energy are not reproduced correctly by FS. The agreement is in this case therefore
likely to be attributed to the energy balance rather than to atomistic effects. In the
remaining cases the dislocation is at first blocked by the GB but with increasing
applied stress it penetrates the boundary and continues its glide. The transmission
process in cases B and C triggers a nucleation of other events which cause the
original GB to disintegrate and effectively lead to a GB migration. Finally, in
case D the dislocation is transmitted through the GB leaving it essentially intact
in agreement with the empirical criteria. Even though the outcome of the DGB
interactions in the last three cases is influenced by artefacts of the FS potential the
information that different outcomes are possible is valuable. It is possible that the
interatomic interactions in other materials resemble more those described by the
employed F'S potential leading to similar interaction mechanisms as those observed
here.

In summary, our atomistic simulations show that the empirical criteria for dis-
location transmission, which consider mainly the geometrical relationship between
slip planes in neighboring grains, are not generally valid and the atomic level mech-
anisms play an important role in DGB interactions. The outcome of the reaction
depends sensitively on the atomic rearrangements in the vicinity of the absorption
site, which are determined by the properties of the atomic interactions through the
interatomic potential. A correct description of interatomic interaction is therefore
crucial for a reliable prediction of DGB interactions.
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